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HK )R purposes of record and for the benefit of members who were 
not in attendance at the Thirty-fifth Annual Convention of the 
Society, held in Cleveland, October 19 to 23, 1953, the Programs 
of the Technical Papers and Educational Lectures together with the 
Reports of Officers for 1953 are herewith published in full. 


ASM Seminar on Relation of Properties to Microstructure 


Saturday, October 17 
Ballroom, Statler Hotel, 9 = 30 A.M. 
Chairman: Bruce Chalmers, Harvard University 
Structure and Structure-Sensitive Properties, by J. H. Hollomon, Manager, 
Metallurgy Research Department, General Electric Laboratory, Schenec- 
tady, New York. 
Discussion 
The Effect of Grain Boundaries on Mechanical Properties 
Professor of Metallurgical Engineering, School of Mines 
sity, New York City. 


, by M. Gensamer, 
, Columbia Univer- 


Discussion 
Intermission 
Principles of Solution Hardening, by E. R. Parker, Professor of Metallurgy, 
University of California, Berkeley, California, and T. Hazlett, Research 
Engineer, University of California. 
Discussion 


Ballroom, Statler Hotel, 2:00 P.M. 
Chairman: Morris Cohen, Massachusetts Institute of Technology 
Effect of Dispersion on Mechanical Properties, by 
Physical Metallurgy, and C. D. Starr, Research 
California, Berkeley, California. 


Z E. Dorn, Professor, 
Engineer, University of 
Discussion 
Theory of Dispersion Hardening, by E. W. Hart, Research Associate, General 
Electric Research Laboratory, Schenectady, New York. 

Discussion 
Intermission 


Structure and Alloy Design, by A. D. Schwope, Research Supervisor, Metallur- 
gical Engineering, Battelle Memorial Institute, Columbus, Ohio. 


Discussion 
1 
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ASM Seminar Program—Continued 
Ballroom, Statler Hotel, 8:00 P.M. 
Chairman: John C. Fisher, General Electric Co. . 

The Interaction of Dislocations With Solute Atoms, by A. H. Cottrell, Pro- 
fessor of Physical Metallurgy, The University of Birmingham, Birming- 
ham, England. 

Discussion 


Sunday, October 18 
Ballroom, Statler Hotel, 9:30 A.M. 
Chairman: Oscar T. Marzke, Naval Research Laboratory 
The Relation of Fracture to Microstructure, by J. R. Low, Research Associate, 
General Electric Research Laboratory, Schenectady, New York. 
Discussion 
The Strength of Glass Reinforced Structures, by G. Slayter, Vice-President, 
Research and Development, Owens-Corning Fiberglas Corp., Newark, Ohio. 
Discussion 


Intermission 


The Relation of Corrosion to Microstructure, by H. H. Uhlig, Professor of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 
Discussion 


Ballroom, Statler Hotel, 2:00 P.M. 
Chairman: Paul A. Beck, University of Illinois 
Theory of the Relation of Magnetic Properties to Microstructure, by L. J. 
Dijkstra, Research Laboratories, Westinghouse Electric Corp., East Pitts- 
burgh, Pa. 
Discussion 
Structure and Coercivity, by J. Libsch, Associate Professor of Metallurgy, 
Lehigh University, Bethlehem, Pennsylvania, and G. Conrad, Assistant 
Director of Magnetic Materials Laboratory, Lehigh University, Bethlehem, 
Pennsylvania. 
Discussion 


Technical Program of the American Society for Metals 


Monday, October 19 
Ballroom, Statler Hotel, 9:30 A.M. 
Titanium and Molybdenum 


Co-Chairmen: R. I. Jaffee, Battelle Memorial Institute 
D. J. McPherson, Armour Research Foundation 

Determination of Oxygen in Titanium and Zirconium by the Isotopic Method, 
by A. D. Kirshenbaum, R. A. Mossman and A. V. Grosse, Research Insti- 
tute of Temple University, Philadelphia. 

Vacuum-Fusion Analysis of Molybdenum, by M. W. Mallett, Assistant Super- 
visor, Thermal Chemistry Group, and C. B. Griffith, Battelle Memorial 
Institute, Columbus, Ohio. 

Coffee Recess—-Compliments of ASM 

Nitriding of Titanium With Ammonia, by J. L. Wyatt, Assistant to Technical 
Manager, Horizons, Inc., Cleveland, and N. J. Grant, Associate Professor 
of Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

Heat Treatment of High-Strength, Titanium-Base Alloys, by W. M. Parris, 
Engineer, P. D. Frost, Assistant Supervisor, and J. H. Jackson, Supervisor, 
Battelle Memorial Institute, Columbus, Ohio. 
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Monday, October 19 
Ballroom, Public Auditorium, 2:00 P.M. 
Titanium 


Co-Chairmen: W. L. Finlay, Rem-Cru Titanium, Inc. 
T. W. Lippert, Titanium Metals Corp. of America 

Transformation Kinetics and Mechanical Properties of Titanium-Aluminum- 
Molybdenum Alloys, by H. D. Kessler, Supervisor, Nonferrous Metals 
Research, and M. Hansen, Chairman, Metals Research, Armour Research 
Foundation, Chicago. 

Transformation Kinetics and Mechanical Properties of Titanium-Aluminum- 
Chromium Alloys, by H. D. Kessler, Supervisor, Nonferrous Metals Re- 
search, and M. Hansen, Chairman, Metals Research, Armour Research 
Foundation, Chicago. 

Isothermal Transformation of Titanium-Manganese Alloys, by P. D. Frost, 
Assistant Supervisor, W. M. Parris and L. L. Hirsch, Research Engineers, 
Nonferrous Metallurgy, J. R. Doig, Research Engineer, and C. M. 
Schwartz, Supervisor, Physics Division, Battelle Memorial Institute, 
Columbus, Ohio. 

Correlation Between Heat Treatment, Microstructure and Mechanical Proper- 
ties of Titanium-Molybdenum Alloys, by D. J. DeLazaro, Assistant Metal- 
lurgist, and W. Rostoker, Senior Metallurgist, Metals Research Depart- 
ment, Armour Research Foundation, Chicago. 


Coffee Recess—Compliments of ASM 


Tuesday, October 20 
Ballroom, Statler Hotel, 9:30 A.M. 
Mechanical 


Co-Chairmen: W. T. Lankford, United States Steel Corp. 
A. R. Troiano, Case Institute of Technology 
Transverse Mechanical Properties of Slack-Quenched and Tempered Wrought 
Steel, by John Vajda and Paul E. Busby, Carnegie Institute of Technology, 
Pittsburgh. 
A Time-Temperature Relationship for Recrystallisation and Grain Growth, by 
F. R. Larson and J. Salmas, Physical Metallurgists, Watertown Arsenal 


Laboratory, Watertown, Mass. 
Coffee Recess—Compliments of ASM 


Effect of Nonmartensite Decomposition Products on the Properties of Quenched 
and Tempered Steels, by E. F. Bailey, Metallurgist, Naval Research Labo- 
ratory, Washington, D. C. 

The Effect of Inclusions on the Fatigue Strength of SAE 4340 Steels, by J. T. 
Ransom, Research Project Engineer, E. I. du Pont de Nemours & Co., 
Wilmington, Del. 


Ohio Room, Statler Hotel, 9:30 A.M. 
Nonferrous 


Co-Chairmen: D. W. Lillie, Atomic Energy Commission 
R. M. Parke, General Electric Co. 

The System Zirconium-Aluminum, by D. J. McPherson, Supervisor, Physical 
Metallurgical Research, and M. Hansen, Chairman, Metals Research De- 
partment, Armour Research Foundation, Chicago. 

Observations on the Behavior of Hydrogen in Zirconium, by C. M. Schwartz 
and M. W. Mallett, Battelle Memorial Institute, Columbus, Ohio. 


Coffee Recess—Compliments of ASM 


Recrystallization Applied to Control of the Mechanical Properties of Molyb- 
denum, by J. H. Bechtold, Westinghouse Electric Corp., E. Pittsburgh, Pa. 
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Tuesday, October 20 
Ballroom, Public Auditorium, 2:00 P.M. 
Physical Metallurgy 


Co-Chairmen: C. H. Samans, Standard Oil Co. 
J. W. Spretnak, Ohio State University 

Supercooling and Dendritic Freezing in Alloys, by W. C. Winegard, University 
of Toronto, Toronto, Canada, and B. Chalmers, Harvard University, Cam- 
bridge, Mass. 

Another Look at Quenchants, Cooling Rates and Hardenability, by D. J. Car- 
ney, United States Steel Corp., South Works, Chicago. 

The Effect of Pearlite Spacing on Transition Temperature of Steel at Four 
Carbon Levels, by J. A. Rinebolt, Metallurgist, Naval Research Labora- 
tory, Washington, D. C. 

Elevation of Critical Temperatures in Steel by High Heating Rates, by W. J. 
Feuerstein, Metallurgist, and W. K. Smith, Head, Metallurgical Section of 
Materials Evaluation Branch, U. S. Naval Ordnance Test Station, China 
Lake, Calif. 


Coffee Recess—Compliments of ASM 


Wednesday, October 21 
Ballroom, Statler Hotel, 9:00 A.M. 
ASM Annual Meeting 


Edward de Mille Campbell Memorial Lecture, by Donald S. Clark, Professor 
of Mechanical Engineering, California Institute of Technology, Pasadena, 
Calif., entitled The Behavior of Metals Under Dynamic Loading. 

Chairman: Herbert J. French 


Ballroom, Public Auditorium, 2:00 P.M. 
Boron 


Co-Chairmen: M. E. Nicholson, Institute for the Study of Metals 
Porter R. Wray, United States Steel Corp. 

A Hypothesis for the Boron Hardenability Mechanism, by J. W. Spretnak and 
Rudolph Speiser, Associate Professors, Department of Metallurgy, Ohio 
State University, Columbus, Ohio. 

The Effect of Boron on Notch Toughness and Temper Embrittlement, by A. E. 
Powers and R. G. Carlson, Turbine Division, General Electric Co., Sche- 
nectady, N. Y. 

A Study of the Fe-Fe.B System, by C. C. McBride, E. I. du Pont Co., Savan- 
nah River Plant, Augusta, Ga., and J. W. Spretnak and Rudolph Speiser, 
Associate Professors, Department of Metallurgy, Ohio State University, 
Columbus, Ohio. 

The Carbonitriding of Boron Steels, by G. W. Powell, M. B. Bever and C. F. 
Floe, Massachusetts Institute of Technology, Cambridge, Mass. 

Coffee Recess—Compliments of ASM 


Thursday, October 22 
Ballroom, Public Auditorium, 9:30 A.M. 
Tempering 
Co-Chairmen: R. D. Chapman, Chrysler Corp. 
J. M. Hodge, United States Steel Corp. 
The Effect of Silicon on the Kinetics of Tempering, by W. S. Owen, Univer- 
sity of Liverpool, Liverpool, England. 
Microstructural Changes on Tempering Iron-Carbon Alloys, by B. S. Lement, 


B. L. Averbach and M. Cohen, Massachusetts Institute of Technology, De- 
partment of Metallurgy, Cambridge, Mass. 
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ASM Technical Program—Continued 


Effect of Chemical Composition on Susceptibility of Steels to Temper Brittle- 
ness, by Ralph Hultgren, Professor of Metallurgy, and John Chuan Chang, 
University of California, Berkeley, Calif. 

The Embrittlement of Alloy Steel at High Strength Levels, by L. J. Klingler, 
W. J. Barnett, R. P. Frohmberg and A. R. Troiano, Department of Metal- 
lurgical Engineering, Case Institute of Technology, Cleveland. 


Club Room B, Public Auditorium, 9:30 A.M. 
Constitution 


Co-Chairmen: H. R. Ogden, Battelle Memorial Institute 
A. U. Seybolt, General Electric Co. 

Equilibrium Structures in Fe-Cr-Mo Alloys, by J. G. McMullin, S. F. Reiter 
and D. G. Ebeling, Research Laboratory, General Electric Co., Schenec- 
tady, N. Y. 

A Survey of Vanadium Binary Systems, by W. Rostoker, Senior Metallurgist, 
and A. Yamamoto, Associate Metallurgist, Armour Research Foundation, 
Chicago. 

Gamma Loop Studies in the Iron-Vanadium and the Iron-V anadium-Titanium 
Systems, by W. R. Lucas, Graduate Student, and W. P. Fishel, Professor 
of Metallurgy, Vanderbilt University, Nashville, Tenn. 


Ballroom, Public Auditorium, 2:00 P.M. 
Stainless and High Speed Steel 


Co-Chairmen: W. O. Binder, Union Carbide & Carbon Research Labs. 
M. F. Judkins, Firth Sterling Steel Co. 

High Temperature Transformations in Ferritic Stainless Steels Containing 17 
to 25% Chromium, by A. E. Nehrenberg, Supervisor, Research Laboratory, 
and Peter Lillys, Research Metallurgist, Crucible Steel Co. of America, 
Harrison, N. J. 

Intergranular Corrosion of Ferritic Stainless Steels, by R. A. Lula, A. J. Lena 
and G. C. Kiefer, Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

Discontinuous Grain Growth in High Speed Steel, by A. H. Grobe, Research 
Metallurgist, G. A. Roberts, Chief Metallurgist, and D. S. Chambers, 
Vanadium-Alloys Steel Co., Latrobe, Pa. 

Grain Growth in High Speed Steel, by Eric Kula and Morris Cohen, Depart- 
ment of Metallurgy, Massachusetts Institute of Technology, Cambridge, 
Mass. 


Friday, October 23 
Club Room B, Public Auditorium, 9:30 A.M. 
Mechanical 


Co-Chairmen: J. C. Fisher, General Electric Co. 
V. H. Patterson, Climax Molybdenum Co. 

Strain Aging Behavior of Rheotropically Embrittled Steel, by E. J. Ripling, 
Assistant Professor, Case Institute of Technology, Department of Metal- 
lurgy, Cleveland, Ohio. 

Flow and Fracture of Single Crystals of High Purity Ferrite, by R. P. Steijn, 
Metallurgist, Research Division, Franklin Institute, Philadelphia, and R. M. 
Brick, Professor of Metallurgy, University of Pennsylvania, Philadelphia. 

Notched-Bar Tensile Properties of Various Materials and Their Relation to the 
Unnotch Flow Curve and Notch Sharpness, by Harry Schwartzbart, Alloy 
Engineering and Casting Co., Champaign, Ill., and W. F. Brown, Jr., 
Research Metallurgist, National Advisory Committee for Aeronautics, 
Cleveland. 

Effect of Some Solid Solution Alloying Elements on the Creep Parameters of 
Nickel, by Thomas Hazlett, Research Engineer, and Earl R. Parker, Pro- 
fessor of Metallurgy, University of California, Berkeley, Calif. 
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ASM Educational Lectures 


All Sessions in Ballroom, Public Auditorium 
Monday, October 19 
Surface Protection Against Wear 
Chairman: Howard S. Avery, American Brake Shoe Co. 
4:30 P.M. 
Techniques Selection, by Howard S. Avery, Research Metallurgist, American 
_ Brake Shoe Co., Mahwah, N. J. 
Electroplates and Anodizing, by J. M. Hosdowich, United Chromium, Inc., New 
York City. S 
Case Hardening, Diffusion Coatings, and Selective Heat Treatment, by Michael 
B. Bever, Massachusetts Institute of Technology, Cambridge, Mass. 
Metal Spraying, by Howard Vanderpool, Metallizing Engineering Co., Inc., 
long Island City. 
8:00 P.M. 
Hard Facing and Abrasion Resistant Alloys, by Howard S. Avery, Research 
Metallurgist, American Brake Shoe Co., Mahwah, N. J. 
Practical Examples of Surface Protection, by Theodore Gaynor, Bethlehem 
Steel Co., Bethlehem, Pa. 
Summary and Discussion, by Howard S. Avery. 


Tuesday, October 20 
Surface Protection Against Corrosion 
Chairman: M. G. Fontana, Ohio State University 


4:30 P.M. 
Economic Factors of Atmospheric Corrosion Versus Protection, by Clarence 
C. Harvey, Ethyl Corp., Baton Rouge, La. 
Surface Preparation and Pre-Treatment, by A. J. Liebman, Assistant Director, 
Research & Development Department, Dravo Corp., Pittsburgh. 
Organic Coatings for Normal Service, by Arnold J. Eickhoff, National Lead 
Co., Brooklyn, N. Y. 
Organic Coatings for Severe Service, by Kenneth Tator, Kenneth Tator Asso- 4 
ciates, Coraopolis, Pa. 
8:00 P.M. 
Specifications for Painting of Metals, by Joseph Bigos, Director of Research, 
Steel Structures Painting Council, Pittsburgh. 
Cathodic Protection and Galvanizing, by H. A. Robinson, Chief, Chemical Sec- 
tion, Metallurgical Laboratories, Dow Chemical Co., Midland, Mich. 
Metallising, by H. S. Ingham, Metallizing Engineering Co., Inc., Long Island 


City. 
Electrodeposited Coatings, by Fielding Ogburn, Chemist, National Bureau of 
Standards, Electrodeposition Section, Division of Chemistry, Washington, ' 
mh 
Wednesday, October 2 
Fatigue 
Chairman: F. G. Tatnall, Baldwin Locomotive Works 
4:30 P.M. 


Basic Concepts of Fatigue Damage in Metals, by T. J. Dolan, Research Pro- 
fessor of Theoretical and Applied Mechanics, University of Illinois, Urbana, 
Ill. 

Fatigue Failure Under Resonant Vibration Conditions, by B. J. Lazan, Director 
of Engineering Experiment Station, University of Minnesota, Minneapolis, 
Minn. 


8:00 P.M. 
Fatigue Characteristics of Large Sections, by O. J. Horger, Chief Engineer, 
Railway Division, Timken Roller Bearing Co., Canton, Ohio. 





1954 PRESIDENT’S ADDRESS 7 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 
Cleveland, Wednesday, October 21, 1953—9:00 A.M. 
The annual meeting was called to order by President Ralph L. 
Wilson. The order of business was: 
President's address 
Report of the Treasurer 
Report of the Secretary 
Presentation of ASM Teaching Awards to: 
William M. Armstrong, University of British Columbia 
Albert W. Schlecten, University of Missouri, School of 
Mines and Metallurgy 
Otto Zmeskal, [Illinois Institute of Technology 
5. First Annual Report of ASM Foundation for Education and 
Research 
6. Election of officers 
Campbell Lecture 
The report of the election of officers appears on page 26. 
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ANNUAL ADDRESS OF THE PRESIDENT 
RaLpH L. Witson, President 
Thirty-fifth Annual Meeting, Cleveland, October 21, 1953 
OUR Society has enjoyed another successful year in all respects. 
The main objectives in the field of education and in chapter 
activities remain unchanged and splendid accomplishments can be 
reported. 

Before proceeding to outline the principal happenings during the 
past year, I should like to acknowledge the excellent assistance and 
support I have received from chapter officers and Fellow-Trustees. 
It was very gratifying to attend the lively meetings and find the genu- 
ine hospitality that marked my visits to the chapters. I am sorry that 
it was not possible to accept more of these invitations, but I am sure 
the same spirit prevails in ASM chapters everywhere. I also want to 
tell my colleagues on the Board of Trustees how much I have appre- 
ciated the unfailing interest and the thoughtful approach they have 
brought to the affairs of the Society. 

The Officers and Trustees of your Society have had an unusually 
busy year. There were four meetings of the Board of Trustees: 
November 6 in 1952, March 24, August 27 and 28, and October 20, 
in 1953. Your President has given talks before thirty-one chapters, 
took part in four regional meetings, attended the Western Metal 
Congress, and presented an address at the close of the Intersession 
Course in Metals Technology at the State Teachers College in 
Oswego, New York. 
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Every member of the Board of Trustees has accepted speaking 
assignments before our local chapters. Aside from the visits made 
by your President, the other Trustees gave the high total of twenty- 
nine talks with only a few duplications among the chapters. While 
the strength of our Society resides in the energy with which activities 
are carried on at the local chapter level, it is good to know that such 
a close relationship exists between the National Office and the various 
chapters. In the course of the year charters were granted to three 
new chapters—New Orleans, The Carolinas, and Jacksonville. A 
petition is also pending from a group in the Savannah River Region 
in Georgia. 

Ralph L. Dowdell, Treasurer, and J. B. Johnson, Trustee, are 
retiring from the Board of Trustees at the end of this Convention. 
They have carried out their responsibilities with competence. I am 
glad to convey to them the gratitude of the Society for their faithful 
services. 

The Western Metal Congress was held in Los Angeles March 
23 to 27, 1953. This was easily the largest and best Metal Show 
ever staged on the West Coast. For that matter, it was the biggest 
industrial show of any kind to be held in that region. Registrations 
and attendance were at record-breaking highs. The attractive exhib- 
its were on the same scale of display as in the National Exposition. 
For the first time the ASM technical sessions offered programs of 
papers that had been arranged by the Publications Committee of the 
Society. Participation by local sections and chapters of other tech- 
nical societies helped to make the Congress a great success. 

Last Spring Secretary Eisenman represented the American Soci- 
ety for Metals at a meeting in London with representatives of a 
number of European Technical Societies to discuss the possibility of 
holding a Metallurgical Congress in Europe. The plan has been 
developed further and the ASM has just been officially invited to take 
part in a Joint Technical Societies Meeting in June 1955. The Board 
of Trustees of the Society has already accepted this invitation. The 
program will be quite broad, covering tentatively the following eleven 
subjects : 

Iron and Steel—(1) Iron making and raw materials (including 
coke and ore preparation, but excluding mining) ; (2) Steelmaking ; 
(3) Mechanical working (including hot and cold rolling, forging, 
and wire drawing); (4) Surface treatment (including metallic coat- 
ings); (5) Steel properties and quality control (including heat 
treatment ). 

General—(6) Education and Training; (7) Research and 
Development. 


Nonferrous—(8) Light metals; (9) Low melting point metals ; 
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(10) Copper and copper alloys; (11) Precious metals and metals 
melting at high temperatures. 

Technical meetings, interspersed with plant visits, would occupy 
perhaps one week in each of the cities London, Dusseldorf, and Paris. 
Such a trip would take three weeks to a month, depending upon trav- 
eling to Europe by air or by sea. The American Society for Metals 
appreciates very greatly this opportunity to participate in a European 
meeting and will take immediate steps to prepare for it. 

It is with sadness that we record the loss of one of our illustrious 
-ast-Presidents. Dr. Charles H. Herty, Jr., died in Bethlehem, Pa., 
on January 17, 1953. He was President of the Society in 1946 and 
had received many honors for his contributions to metallurgy. We 
shall all miss his friendliness and enthusiasm. 

Continuing the recent practice of having regional conferences 
with the newly-elected Chairmen and Vice-Chairmen, the following 
chapter groups met with the National Secretary, and in some instances 
another member of the Board of Trustees, in an all-day session to dis- 
cuss local and national activities of the Society: 

SoutTH CENTRAL 
Columbus, Cincinnati, Dayton, Louisville 

SOUTHERN 
Georgia, Birmingham, Chattanooga, New Orleans, Oak Ridge, 
Jacksonville, Carolinas 

INDIANA 
Indianapolis, Notre Dame, Purdue, Terre Haute, Muncie, Ft. 
Wayne 
Lower LAKES 
Rochester, Buffalo, Eastern New York, Ontario, Rome, Southern 
Tier, Syracuse, Western Ontario 

Mip-WEstT 
Kansas City, North Texas, Rocky Mountain (Denver and Pueblo), 
St. Louis, Texas, Tulsa, Wichita 

CENTRAL 
Calumet, Cedar Rapids, Chicago, Des Moines, Milwaukee, Min- 
nesota, Peoria, Rockford, Tri-City 


These conferences have proven to be very helpful in leading to 
exchanges of experiences in handling chapter affairs, in scheduling 
meetings and in obtaining speakers. 

You will be interested to learn of the fine progress in the publi- 
cation of Acta Metallurgica, the new International Journal of Metal 
Science, for which.the American Society for Metals is still the only 
financial sponsor. Beginning with the January 1953 issue, the journal 
has been distributed regularly every two months and the paid sub- 
scriptions have now reached about 2100. Good papers are coming in 
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at the rate of 15 to 20 per month, many being from outside the United 
States. This is more than enough material to maintain the present 
schedule of publication. There are now 19 cooperating societies in 
all parts of the world. While these organizations do not make finan- 
cial contributions, they perform valuable work in collecting papers 
and enlisting subscribers. 

The ASM Visiting Lectureships were established a year ago to 
provide speakers for seminars at the colleges. Since then applications 
have been filed and arrangements completed at eight schools for lec- 
turers of their own choice. The expenses, including an honorarium, 
were borne by the Society. In the opinion of your Trustees, the serv- 
ice rendered to higher education by these lectureships justified the 
renewal of the appropriation. However, a proviso was included that 
the seminars should be at least two-day meetings. Under this plan, 
Dr. Alan H. Cottrell, the distinguished professor at the University 
of Birmingham in England, has been brought to America to take part 
in the ASM Seminar of the National Metal Congress and to lecture 
at nine colleges during his stay in this country. 

Recently the grant from the National Office to three or more 
chapters holding a regional meeting was raised from $200 to $300 to 
cover the higher present cost of organizing and publicizing such gath- 
erings. In order to stimulate interest in more varied programs, your 
Trustees have approved a grant of $500 to any group of chapters 
planning to have two-day or longer meetings. This has been an excep- 
tionally good year for regional meetings both from the standpoint of 
originality and attendance. Tri-City Chapter at Davenport, lowa, 
and Birmingham both held two-day meetings with four neighboring 
chapters, and Rochester was host to six other chapters in a three-day 
meeting. These longer gatherings offered technical papers, featured 
speakers, plant visits, and social events. Certainly, they fill a definite 
need in the activities of the Society and should be encouraged accord- 
ingly. 

Your National Committee for Vocational Education under the 
chairmanship of William F. Collins has done outstanding work in 
arranging for the Intersession Course in Metals Technology spon- 
sored by the ASM at the State Teachers College, Oswego, New York. 
Drawing upon previous experiences at Fitchburg State Teachers Col- 
lege in Massachusetts and in the vocational schools of New Jersey, 
a course of study was planned to encourage Vocational and Technical 
High School Teachers to become interested in teaching metals tech- 
nology. Twenty-four teachers enrolled in the course at Oswego and 
the lectures and demonstrations were taken from an existing manual 
that had previously been used as an aid for teachers. Three of the 
teachers who attended the Oswego course are now in the process of 
writing a textbook intended for students in the vocational and techni- 
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cal high schools. <A similar course for teachers sponsored by the 
Society was conducted at Fitchburg State Teachers College last sum- 
mer with equally satisfactory results. It was hoped that other states 
would ‘emulate these examples and we are pleased to announce that 
the Bureau of Industrial Education, State of California, will sponsor 
in cooperation with the ASM a series of lectures at the Pasadena City 
College starting on November 2 of this year. 

It has become traditional that the President should record in his 
report the outstanding events of the previous National Metal Con- 
gress. In Philadelphia in 1952, the President’s Medal was awarded 
to Walter E. Jominy, and the Henry Marion Howe Medal to E. M. 
Mahla and N. A. Nielsen of the E. I. duPont de Nemours & Com- 
pany. The Campbell Memorial Lecture was given by Cyril Stanley 
Smith, Director of the Institute for the Study of Metals at the Uni- 
versity of Chicago. Honorary Membership was conferred upon Dr. 
Cecil Henry Desch of England. The Sauveur Achievement Award 
was presented to John Chipman. The ASM Medal for the Advance- 
ment of Research was awarded to Cleo F. Craig, President of the 
American Telephone and Telegraph Company, and the Gold Medal 
of the Society to Robert F. Mehl, Head of the Department of Metal- 
lurgical Engineering and Director of the Metals Research Laboratory 
at the Carnegie Institute of Technology. 

On behalf of the American Society for Metals, I want to thank 
the cooperating societies for the part they have taken in making this 
National Metal Congress a success. The American Institute of Min- 
ing and Metallurgical Engineers (Institute of Metals Division), The 
American Welding Society, and The Society for Nondestructive Test- 
ing have increased the breadth of interest immeasurably by their 
programs. 

No President’s report would be complete without the sincere 
words of praise that are always earned by our Secretary, Bill Eisen- 
man, who has devoted himself so unselfishly to the welfare of our 
Society and its members. As an able and efficient manager he has 
brought the ASM to a strong and enviable position. To Bill, his 
associates, and the entire staff at the National Headquarters, I want 
to express my appreciation for their splendid support on so many 
occasions. 


TREASURER’S REPORT 
RAcpeH L. DowpDeELL, 7 reasurer 


This report on your Society covers the fiscal year ending August 
31, 1953. This was again a year of efficient operation. 
On closing the year, August 31, 1953, the carrying value of all 








12 TRANSACTIONS OF THE ASM Vol. 46 


securities including interest accrued was $1,643,017.48 which is an 
increase over last year of $218,806.52. 

The approximate market value of securities, including accrued 
interest on bonds, was $1,793,205.94 on August 31, 1953, which rep- 
resents an appreciation in dollar value of about $150,188.46. 

The cash account was decreased $15,629.12 from last year, so 
that more funds could be invested. 

There has been no fundamental change in investment policy for 
the portfolio over the past year. 

Dividends and interest earned amounted to $62,400.43 or about 
3.82% based on the carrying value of the total securities as compared 
to about 3.98% for the preceding year. With a lower proportion of 
corporate stocks, the yield has been slightly lowered. 

Corporate stocks constitute about 28.4% of the total investments, 
while last year they constituted about 30% of the total holdings. 

Total income and expense for the year ending August 31, 1953, 
are given in Table I. 





Table I 


Income and Expense—Fiscal Year Ended August 31, 1953 
SECC EEE “Cee iee cokes URSA bee eea dae eres bbe CRE WEG oN ables ated $1,749,225.26 
ONE 4 4d bilo a chen Cn aks Labs oie ik oetian oh > aa 1,486,357.66 
NE I i ig opioid Be atten 2 eid eee </eeites Ward he $ 262,867.60 
Appropriated for Educational Purposes ..............++eeeee: $ 137,867.60 
Appropriated for Building Site and Building ................ 125,000.00 
eles. MO ios ood 50 Bhd sc eek Oba badd da chews $ 262,867.60 


Ce CUEGEE EE REND: oo ons 0.0 0 0 b's Web Rede 60ee. ei wns $0,000,000.00 


Table Il 
ASM Income and Its Disposition—Fiscal Year Ended August 31, 1953 


Disposition 

Income of Income 

Per Cent Per Cent 
ee NS. dled s dd o cide k wns bb ohne ob aaa ica eet ee 38 35 
Es ES ig a a wk bie igen AUK G0 i+ pee Rie Kaede eS 34 20 
ET 8 io tia 6 icib'a 2d eh Sic. kb As slaw ia weve etaeds 14 - 
i i i on ss keane k © 5:0 6 0:0 20.9 6.6.50: sei 3 6 
i RIA Sas wo Wes Wie s's bbw Nee ee bd os cbse ees aN 3 
a ead. a ask tae ole 0 aid o.8s0 bie 4 4 
ee SS ris 6 b's boa Ne 6 oe es s Dube Oe aan 3 “> 
2 hale as aes pla ain Beka ooh gale Sere este aimee ete e 2 2 
heart oe las erg as oa ew Waleed i oe auld Meds s Eeeweeee bee 2 3 
Neen ee a 6 a Oe a ae 1 bs 
TE so. an Se eb te a PR OOS sO he eaeG eke bh beh ee ewes 1 3 
ee i a ius 0 calgw. eine. bare ew ae Bin A ois 9 
ee ky ee eae es b os bp a-s5-dee an ee bs pews ae 7 
ee eet er See GE ONE 6 vin asics vc cndvesueey uaeswubiume a 7 
i tL eae e OSE e HOO eas 6540 00 bORDEE (NERD RMEES 1 1 
100 100 





The gross income from dues was $256,895.55 of which 
$106,700.80 was returned to local chapters. After accounting for our 
membership expense we have a net income from dues of $95,552.04. 
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A high source of income was from interest earned on investments 


and was $62,400.43. 

Both TRANSACTIONS and METALS REVIEw are not self-support- 
ing and were distributed to the membership at a net cost to the Society 
of about $35,759.86 and $22,420.73 respectively. 

The large disposition item for Educational Projects is shown in 


Table ITT. 


Table III 
Appropriations for Educational Projects 


1953 


ASM Foundation for Education and Research ................-- $ 1,846.10 

cnn ag wih baie bale we.0 eel ab 7,500.00 
I i sa. wns ow wie 2 WRIA om  oielee 4 epine-s 15,000.00 
secomd Worm mectermreical Comgrees .... icc cccccccccccccsesces 50,000.00 
Program with National Science Teachers’ Association ........... 15,000.00 
A I 6 vgs: cbnaes 06s bee SRKe oOo ebb 0b Kaban 8,000.00 
i a ob ws cian bos #0 OMA SE 6 SKS 75,000.00 
re, a oa gh Kao seb 0 6a 0b e OORCE SERS Deedee eet 50,000.00 
ee eS oS nbs de bewle e'eeeb oud ene kee 30,000.00 
eT EE. I ba a die i d.s cal PEW eK VRS RG sb Neekeateeee 10,521.50 


$262,867.60 


The present net assets of the American Society for Metals are 
approximately $2,390,283.05 which is an increase of $285,646.90 over 
last year. 

The combined assets of the 85 local chapters have risen to about 
$272,000, which is an increase of about $24,000 over the previous year. 

This year the success of the Society is again reflected in the good 
management of Secretary Eisenman. Your Treasurer also acknowl- 
edges the kind assistance of Secretary William Eisenman and Assist- 
ant Treasurer A. A. Hess, Trust Officers A. W. Marten and W. W. 
Horner of the Cleveland Trust Company, the members of the Finance 
Committee and the members of the Board of Trustees of the Ameri- 
can Society for Metals. 
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AUDITED BALANCE SHEET 





AMERICAN SOCIETY FOR METALS—August 31, 1953 
ASSETS 
CS wi i's 8 8 oN OSs > oe aba socio eee 
SECURITIES (approximate market or redemption 
prices aggregate $1,783,719.63) 
Bonds, stocks, and land trust certificates— 
Oe We a bee eau sa 5 ; $1 ,633,531.17 
Accrued interest........ 9 486.31 
CASH SURRENDER VALUE OF LIFE INSURANCE 
NOTE AND ACCOUNTS RECEIVABLE 
Note receivable. $ 6,000.00 
Accounts receivable: 
Advertising accounts..... . » <a wae ae 
National Metal Exposition 
Cleveland—October, 1953 . 34,627.00 
Miscellaneous. ... F i 17,168.92 109,712.15 $ 115,712.15 
Less allowance for doubtful accounts. . 2,000 .00 
INVENTORIES—at cost or lower 
Bound and unbound publications, books, paper stock, etc.. $ 155,668.51 
Less allowance for obsolescence. ... 6 ,000 .00 
OTHER ASSETS 
Officers, employees, and sundry accounts and deposits....... 
REAL ESTATE (at cost less allowances for depreciation)... .. 
OFFICE FURNITURE, FIXTURES, AND EQUIPMENT 
(at cost less allowances for depreciation)....... 
DEFERRED CHARGES 
Prepaid exposition expenses: 
National Metal Exposition—Cleveland—October, 1953... §$ 86,671.72 
Prepaid sundry expenses. ... ea 11,802.22 
Prepaid insurance 42 


4,172. 


LIABILITIES, RESERVES, AND SURPLUS 


LIABILITIES 
Accounts payable: 
For purchases, expenses, etc. $ 
Payroll taxes and taxes withheld from employees. . 
For apportionment of dues to local chapters. 


INCOME APPROPRIATED FOR 
EDUCATIONAL PURPOSES. 


INCOME APPROPRIATED FOR BUILDING 
SITE AND BUILDING 
RESERVES 
For METALS HANDBOOK $ 


F or joes paid in adv ance. 
Campbell Memorial lecture fund 
H. M. Howe medal fund........ 
Sauveur achievement award 


DEFERRED INCOME 
National Metal Exposition—Cleveland—October, 1953...... 


SURPLUS 
Balance at September 1, 1952, and peaune st 31, 1953 
(no change during the year). 


109 ,650. 
60 ,000. 
50,000. 
15,000. 
5,000. 


5,000 


»92 
.07 


| S8ssey 





$ 


1 


$1 


$2, 


Vol. 


141,809.: 


,643 ,O17 


78,780 


113,712 


149 668 .! 


25 , 384 


47,590.20 


87,673 


102 ,646.. 


$2 , 390 , 283. 


$ 80,301. 


176,353 


150 ,000 


244,650.7 


436 ,369.5 


, 302 ,608.: 


390 , 283. 





46 


.48 


84 


19 


— 
wn 


00 


a a ee 


1954 TREASURER’S REPORI 15 


STATEMENT OF INCOME AND EXPENSES 


AMERICAN SOCIETY FOR METALS—Year ended August 31, 1953 
INCOME 


Metat ProGress—monthly publication 


Sh 3 > 710,013.33 
| Ee ae Se ie ee te akers 625,741.74 
DORON ig oc & wre we a eae he gOS: an hale koe’ o a tem ae 150,850.85 
eS Ne ge oie sag tas ct 66,265.47 
Dividends and interest earned ........ i F 62,400.43 
ASM Merats HANDBOOK sales ........ ope atane be 38,221.00 
Metats Review—monthly publication .. Te 38,192.41 
Net gain on sale of securities ....... hare ; 14,444.81 


TRCEOUES. BONDE. oak 6 ost 6 be 0 000 ; ; , ; 10,941.00 


Reem CRONE ona so 3b Soe see's 2 eee 9,749.92 
UII SOUND ne cis kw aibth 7,735.34 
Acta Metallurgica sales ............. 7,427.00 
Se I QL Ce. ae oe ee aw MD eRe Ow Oe O88 4,767.76 


Increment in cash value and dividends on life insurance 2,066.99 
/ tes 
Sale of purchased BOGMB 6 cccicc sce we san a a 407.21 


TOTAL INCOME 


EXPENSES 
MetaL ProGrRess—monthly publication 


Uses ga sresa a at $1,749,225.26 


ie a ahah ee een $ 645,356.42 
National Metal Exposition—Philadelphia—October, 1952 . a 253,164.08 
Western Metal Show—-Los Angeles—March, 1953 ..... 117,232.21 
er a) re era re re ae ee ; 80,733.13 
ee ee Se ee ae Ss) 74,723.06 
MetTats REVIEW monthly publication ..... eae aha , 60,613.14 
Expenditures from appropriations ...... , ae 59,401.99 
UEONGNNNOME oS. . +d 5 0 te weal a Sati Sean ct eienck 54,642.71 
TRAMEACTIONS © 42 cass: mh de oe ee rachis oss 46,700.86 
Secretary's OffCe  «...06855> EA es SRE es ee oa 39 619.90 
ASE BERTALS EUAMBOOON, Cao uc <- kc ow vlc o'e ees gant 31,898.77 
pee a ee re ee ere A ees eo ee as 22,652.76 
Headquarters eke tees © : Sites alah ta eet 3 — idle 21,756.28 


Warehouse ...... 
President’s office .......... 
National committees 


Sate ari Re sw a 2, 10,234.58 
ea Sina 6,895.10 
ie Ree oe —* ae o ° or i 5,548.88 


ES Soar st ace er a ee aie ae ; ie tai » es Mere rad 3,791.94 
Ree tl NS os c wea < w 6 5! aie a bn ee ohalae : 3,787.83 
Miscellaneous merchandise ........-. 26.2202... aes e to 2,280.26 
Medals, awards and lectures ..... ; «dot RE Sas ate 1,913.90 
eee ND oo SA os tes Ves OS 0k > OR oe ee a ae 894.07 
RI hte Sots Gley sti en lee a, eoteta roe be i eee i a pes aes Sarracenia 736.58 
Research and educational contributions . See a 600.00 
Ole: ROUMRINEES |. 6 cdicine came oon ees re po 581.20 
TR ts ee «hr bra Se hws hos ewe wes «» «69 3,545,759.65 
DO i 3 203,465.61 
Income appropriated as authorized by the Board of Trustees: 
For educational purposes ($137,867.60) less expenditures 
oe Ge WORE Tee Rk AONE Caso bvdewesdevwer eS 764683 
Pon erent Sree Oe I he, bass cute wcrsawcshewee ss 125,000.00 203,465.61 
UNAPPROPRIATED NET INCOME $ 0 


Board of Trustees, 
American Society for Metals, Cleveland, Ohio. 


We have examined the balance sheet of American Society for Metals as of 
August 31, 1953, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with gen- 
erally accepted auditing standards, and accordingly included such tests of the 
accounting records and such other auditing procedures as we considered necessary 
in the circumstances. 

In our opinion, the accompanying balance sheet and statement of income 
and expenses present fairly the financial position of American Society for Metals 
at August 31, 1953, and the results of its operations for the year then ended, in 


conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 


September 29, 1953 


ERNST & ERNST 
Certified Public Accountants 
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ANNUAL REPORT OF THE SECRETARY 
W. H. EtsenMan, Secretary 


The American Society for Metals on October 1, 1953, had a 
total membership of 23,011, a gain of 6.5% since last October. 

Of this number 19,721 are regular members, 1090 are junior 
members, and 2102 are sustaining members. 

There are 51 honorary and life members and 47 are in the armed 
rorces. 


PUBLICATIONS COM MITTEE 


Seventeen persons constitute the membership of the Publications 
Committee for 1953, under the chairmanship of W. E. Mahin, Tech- 
nical Director, Vanadium Corporation of America, Cambridge, Ohio. 
The members of the Committee and their Chapter affiliation are: 
W. W. Austin, Jr., Birmingham; B. L. Averbach, Boston; W. E. 
sancroft, Hartford; J. A. Berger, Pittsburgh; W. O. Binder, Buffalo; 
Rk. D. Chapman, Detroit; C. L. Clark, Canton- Massillon; A. H. Geis- 
ler, Eastern New York; J. L. Gregg, Southern Tier; E. M. Mahla, 
Philadelphia ; F. T. McGuire, Tri-City ; P. Payson, New York; C. H. 
Samans, Calumet; G. V. Smith, New Jersey; J. W. Spretnak, Colum- 
bus; and Ray T. Bayless, Secretary, Cleveland. 

During the year the Committee has reviewed 82 papers. Of this 
number 59 papers were approved for publication in TRANSACTIONS, 
38 of which were selected for presentation at the October National 
Metal Congress, 16 for presentation at the Midwinter Meeting to be 
held in Boston in March 1954 (these papers were preprinted) and 
the balance of 5 for publication in TRANSACTIONS only. Eight papers 
were not approved in their present form but sent back to the authors 
for revision and resubmission to the Committee. Fourteen papers 
were not approved for publication and returned to authors. Six 
papers are now in the process of review. 

The Publications Committee held one formal meeting on June 
23 and 24, 1953, at which time the final arrangements for the techni- 
cal program at this Convention were made. 


EDUCATIONAL COMMITTEE 


The Educational Committee for the year 1953 was composed of 
the following personnel: M. J. Day, Chicago, Chairman; A. M. 
Sounds, Philadelphia; W. J. Buechling, Warren; J. M. Edge, Bir- 
mingham; N. C. Jessen, Akron; C. H. Lorig, Columbus; F. G. Tat- 
nall, Philadelphia; R. F. Thomson, Detroit ; Otto Zmeskal, Chicago ; 
and Ray T. Bayless, Secretary, Cleveland. 

This Committee held one formal meeting on December 19, 1952, 
at which time the educational lectures for this Convention were dis- 
cussed and the status of the manuscripts reported. The lectures for 
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the 1954 Convention were also arranged. ‘These lectures are: 


1953 


1. “Surface Protection Against Wear”’ 


Howard S. Avery, American Brake Shoe Co. 

J. M. Hosdowich, United Chromium, Inc. 

Michael B. Bever, Massachusetts Institute of Technology 
Howard Vanderpool, Metallizing Engineering Co., Inc. 
Theodore Gaynor, Bethlehem Steel Co. 


bo 


“Surface Protection Against Corrosion” 
Clarence C. Harvey, Ethyl Corp. 
A. J. Liebman, Dravo Corp. 
Arnold J. Eickhoff, National Lead Co. 
Kenneth Tator, Kenneth Tator Associates 
Joseph Bigos, Steel Structures Painting Council 
H. A. Robinson, Dow Chemical Co. 
H. S. Ingham, Metallizing Engineering Co. 
Fielding Ogburn, National Bureau of Standards 
3. “Fatigue” 
T. J. Dolan, University of Illinois 
B. J. Lazan, University of Minnesota 
O. J. Horger, Timken Roller Bearing Co. 


1954 
“Furnace Atmospheres” 
“Temperature Measurement’”’ 
“Simplified Plastic Flow and Fracture” 
‘“Embrittlement Phenomenon’—This subject will not be used 
in 1954 if the above three subjects materialize for 1954, 
and this subject will be held over for 1955. 


& Ww hd — 


A report was made by Professor J. O. Lord as to the status of 
the motion picture film entitled “Heat Treatment of Steel” which is 
being sponsored by the Committee and being produced by the photo- 
graphic department of Ohio State University under the supervision 
of Professor Lord. He reported that considerable footage has already 
heen made and that the film will be completed early in December 1953. 


METALS HANDBOOK COMMITTEE 


Active work is underway on the Metats Hanppoox. In order 
to publish new and revised information as soon as possible, the 
HANpDBooK Committee is preparing first a 1954 Supplement to the 
present edition. Twenty-six author committees have been appointed 
to write the various sections of the HANDBooK Supplement. . Most of 
these committees have held meetings during September and October. 

secause of the wide use of the HANDBOOK among engineers of 
ail kinds, particular attention is being given to making the 1954 Sup- 
plement a volume of outstanding usefulness to mechanical and design 
engineers, as well as to metallurgists. 

The organization has been strengthened by appointment of Carl 
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H. Gerlach as ASM Staff Engineer assigned to the Metats HAnp- 
BooK Committee. 

A steady demand continues for the 1948 edition, now in its third 
printing. 

Subjects under preparation by the committees include the follow- 
ing: Alloy steel, stainless steel, tool steel, heat resisting alloys, ductile 
iron, aluminum, copper, magnesium, titanium, molybdenum, heat 
treating, machining, welding, powder metallurgy, forming of sheet 
steel, cleaning and finishing, steel production, nondestructive inspec- 
tion, mechanical testing, metallography, design of castings, design of 
brazed joints, stress concentration, shot peening, engine wear, and 
physical constants. 


SPECIAL LIBRARIES ASSOCIATION 


For the past three years members of the Special Libraries Asso- 
ciation who are interested in metals have been assembling for a na- 
tional meeting during the Metal Congress. Largely as a result of this 
active interest in their subject field, these members have now formed 
a full-fledged “Metals Division” of the Association. The Metals 
Division is meeting this year in conjunction with the Metals Section 
of the Science Technology Division. 

The meetings will be held on Thursday and Friday, October 22 
and 23. They will be centered primarily on the subject of literature 
sources for the newer metals and modern fabrication techniques. 

Through the courtesy of the American Society for Metals the 
Association is also sponsoring a booth at the National Metal Exposi- 
tion designed as a miniature working library and reference service. 
and manned by librarians and information specialists who are trained 
in metallurgy and related engineering sciences. 


TRANSACTIONS 


Since the last National Metal Congress, Vol. 45 and Vol. 45A 
of the TRANSACTIONS were published and distributed to the member- 
ship in March 1953. Vol. 45 totals 1122 pages and constitutes 49 
articles with their discussions. It contains all of the papers presented 
at the October 1952 Convention held in Philadelphia, together with 
some of the papers presented at the Eighth Western Metal Congress 
held in Los Angeles, March 1953, and also the interim papers received 
during the year. The president, secretary and treasurer’s reports for 
1952 and other current items of record were included in Vol. 45, 
together with a report of the Convention. 

Vol. 45A contains 14 papers (325 pages) presented at the Sem- 
inar on “Modern Research Techniques in Physical Metallurgy” held 
on Saturday and Sunday, October 18 and 19, 1952, during the Na- 
tional Metal Congress and Exposition, Philadelphia. This seminar 
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was sponsored by the American Society for Metals, the subject being 
selected by a committee appointed by the Board of Trustees. The 
personnel of this committee was: R. M. Brick, Chairman; H. Brooks, 
B. Chalmers, M. Cohen, L. K. Jetter, C. T. Marzke, E. R. Parker, 

D. Schwope, F. Seitz, R. Smoluchowski and D. Turnbull. The 
preparation and coordination of the series of subjects and solicitation 
of speakers were carried on by Morris Cohen. 


PREPRINTS 


Thirty-eight papers were prepared in preprint form for presenta- 
tion at this Convention and 15 for the Midwinter meeting to be held 
in Boston in March 1954. These preprints were distributed to those 
members of the Society who requested them. The total number of 
pages is 1033 and a total of 45,000 preprint copies was distributed 
free to the membership. 


METAL PROGRESS ANNUAL REPORT 


The number of editorial pages published during the 12 months 
completed in August 1953 reached an all-time hig 26% 
increase over the preceding 12 months. This expanded editorial cov- 
erage has been made possible by an accompanying increase in adver- 
tising pages of 17.8% for the same period. Much of this additional 
editorial space has been absorbed by the publication of “digests’’ of 
important articles published elsewhere. These digests serve a useful 
purpose by presenting in convenient form a survey of current metal- 
lurgical literature. 

A significant event during the year was the establishment of 
an annual “International Issue’ reviewing metallurgical progress 
throughout the civilized world. The first such collection of world- 
wide metallurgy appeared in January 1953, and consisted of a series 
of fourteen articles written by prominent engineers in the countries 
of Europe, England, and even Japan and Australia, each writing 
about postwar developments in his field of competence. To insure a 
continuing flow of authoritative material of this type in subsequent 
New Year issues, the editor spent two months in Europe during the 
past summer interviewing prospective authors and mapping out areas 
of information to be surveyed. 

On the physical side, steps have been taken to maintain the pl: ce 
METAL Procress has occupied through the years as an example of 
typographical superiority and attractive appearance. To keep the 
magazine thoroughly up-to-date in these respects an entirely new and 
modern series of type faces has been introduced and color has ap- 
peared in the editorial pages for the first time. Another change in 
the mechanical work of getting out the magazine has been a change of 
printer from Tower Press in Cleveland, which has produced Meta 
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ProGREss from the first, to Kable Printing Company in Mt. Morris, 
Illinois. This change to a large “magazine house” from a “job shop”’ 
was necessitated by the increase in circulation and size of the maga- 
zine. The first two issues from the new printer indicate that the 
printing quality which Tower Press has established and maintained 
throughout the years will be continued. 

Special commendation was accorded by MeTaL Procress read- 
ers to two series of articles—a group on metallurgy of zirconium 
appearing in May, and several articles on cold extrusion of steel in 
the August issue. So much new material has also been contributed 
on the subject of boron steels that a new edition of the ASM pamphlet 
by that title has been issued in revised and greatly expanded form. 

To aid the editor in planning for the future, the R. O. Eastman 
organization has been engaged to survey and measure “readership” 
of all articles in METAL PROGREss at quarterly intervals. 


METALS REVIEW 


During the 12 months from October 1952 through September 
1953, Metats Review published a total of 600 pages—100 less than 
the preceding 12 months. Of the 600 pages, 56% were devoted to 
news of chapter activities, doings of members, and headquarters ac- 
tions; 44% were devoted to ASM Review of Metal Literature. 

Material from chapter reporters increased somewhat over the 
previous year, due in part to efforts of headquarters to stimulate 
interest of chapter officers in seeing that all meetings were reported. 

Space devoted to the Review of Metal Literature decreased due 
to the fact that articles which had previously been annotated from the 
original were not repeated. 

The Society published for the third time the biographies and 
photographs of the junior members to assist them in obtaining em- 
ployment during the coming year. 180 of these biographies were 
printed in the February issue. 

Material usually contained in the Metal Show Section, heretofore 
published in the September issue, was published this year in the 
MetaL SHOWMAN. A new feature, “Meet Your Chapter Chairman”, 
in which informal biographies and photographs of the various chapter 
chairmen were published, was inaugurated this year and will continue 
during the next year. 

The 9th volume of the ASM Review of Metal Literature, con- 
taining 977 pages and 9438 annotations, was published. 


Booxks 


During the past year, a total of 25,790 books published by the 


— 
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Society was sold to members and others. This figure includes 1836 
copies of the 1948 Mretats HANDBOOK. 
During this period 9 titles were added to the publication list. 
These are: 
TRANSACTIONS of the ASM, Vol. 45 
Cast Bronze—By H. J. Roast 
Modern Research Techniques in Physical Metallurgy— 
Seminar by 16 authors 
Behavior of Metals at Low Temperatures—By 3 authors 
Gases in Metals—By 4 authors 
Structure and Properties of Mild Steel—By C. A. Edwards 
Zirconium and Zirconium Alloys—By 32 authors 
Review of Metal Literature—Vol. 9 
Revision of “Principles of Heat Treatment”—By M. A. Grossmann 
The following title is now in preparation: 
Revision of “Engineering Alloys’—By N. E. Woldman 


SEMINAR ON RELATION OF PROPERTIES TO MICROSTRUCTURE 


The Seminar on Relation of Properties to Microstructure this 
year was an outstanding success. It was divided into five important 
and interesting sessions with the meeting room filled to capacity. 
This interest is a great compliment to the Committee and the seminar 
speakers and assures a continuance of this important annual event. 

The Committee on arrangements consisted of the following per- 
sonnel: Morris Cohen, Chairman, Boston; P. A. Beck, Peoria; 
Harvey Brooks, Cambridge; Bruce Chalmers, Boston; L. K. Jetter, 
Oak Ridge; E. S. Machlin, New York; O. T. Marzke, Washington; 
E. R. Parker, Golden Gate; A. D. Schwope, Columbus; Frederick 
Seitz, Urbana; Roman Smoluchowski, Pittsburgh; and David Turn- 
bull, Schenectady, Coordinator of the Seminar. 


SERVICE TO JUNIOR MEMBERS 


Again this year as in the past, the junior members of the Society 
have received special attention. They have had the opportunity 
to purchase many of the books published by the Society at greatly 
reduced rates. 

They were notified of the availability of 2068 openings for sum- 
mer employment. This service was given to all schools having engi- 
neering departments. 

The February edition of the Metats Review carried a photo- 
graph and biography of all the graduating ASM junior members, and 
this information was distributed to thousands of employers of engi- 
neering talent. There was, of course, no charge involved to either 
the junior member or to the prospective employer. 


ASM Science ACHIEVEMENT AWARDS 


These awards are sponsored by the ASM and conducted by the 
National Science Teachers Association, a division of the National 
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Education Association. The second year of operation has just been 
completed with the filing, at the national office, of the name and 
address of the 214 winners of awards totaling $6000. 

The purpose of the program is to recognize and in a measure 
reward students whose abilities and interests are developed through 
the guidance and encouragement of creative science teaching proce- 
dures. 

The goal of the ASM complements the goals of the classroom ; 
namely, better general education in science for all students having 
unusual potential for success in science. Evidence of attainment of 
these goals may be found in project work consistent with individual 
or group interest, creative thinking appropriate to the maturity level 
of the student, and follow-through and reporting indicative of sys- 
tematic planning. 

lt is hoped that the interest thus created in the science classes 
in both junior and senior high schools in the United States and Can- 
ada, public, parochial and private, will lead to increased enrollment 
in engineering institutions. 

The awards are in three groups: first, grades 7 and 8; another, 
grades 9 and 10; and then 11 and 12. The first two groups may 
submit projects on any science subject, while grades 11 and 12 must 
confine their projects to metals and metallurgy. 

The chairmen of ASM chapters in which award winners are 
located join with a representative of NSTA when these awards are 
presented at a school assembly. The ASM representative is in this 
manner able to present the opportunities in engineering and metal- 
lurgy. 

Announcements giving the details of the third annual ASM 
Science Achievement Awards have now been distributed. 

In addition to the activities of ASM in science achievement 
awards, the Society has distributed to high school principals, student 
counsellors and others, through chapters and institutions teaching 
metallurgy, approximately 30,000 copies of a 100-page booklet, “Your 
Career in Metallurgy”, and also distributes annually over 100,000 
copies of the leaflet, “Does Engineering Appeal To You?”. 


METAL CONGRESS 


The National Metal Congress now in session gives every indica- 
tion of establishing a new record, both for attendance and for quality. 
The first session of the ASM Seminar on Relation of Properties to 
Microstructure opened in the ballroom of Hotel Statler to standing- 
room-only audiences. The sessions so far held—both the seminar 
and other technical programs—have attracted the largest audiences 
in history. 

The same successful attendance that is being enjoyed by the 
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ASM is also being experienced by the four other national societies 
cooperating in this Congress. They are the American Institute of 
Mining and Metallurgical Engineers (Institute of Metals Division) ; 
American Welding Society; Society for Nondestructive Testing, and 
the Metals Division of the Special Libraries Association. 


YOUNG ENGINEERS DAy 


Following the practice initiated at Philadelphia last year, the 
ASM has again instituted a Young Engineers’ Day at the National 
Metal Exposition. Friday of this week, October 23, has been desig- 
nated for this activity and the educational institutions having depart- 
ments of engineering have been invited to be the guests of the Society 
on that day. The institutions in this vicinity have been visited and 
the ASM representative has been most cordially received and the 
response most gratifying. 

We have had the fullest cooperation of the presidents of the 
institutions, the deans of engineering and the heads of the various 
departments in encouraging the faculty and engineering students to 
spend Friday at the Exposition because all recognize that the metals 
industry is the largest employer of engineering talent of all kinds and 
that at least 50% of all graduating engineers will find their lifework 
in the metals industry. 

A special train will come from Columbus with 817 Ohio State 
faculty and students, another special from Pittsburgh with 557 Uni- 
versity of Pittsburgh students, and 137 from Carnegie Tech. The 
other schools making up 2124 young engineers who have already 
registered for the day will come from: Case Institute of Technology, 
134; Ohio Northern University, 107 ; Toledo University, 83; Youngs- 
town College, 84; Fenn College, 70; Akron University, 45; College 
of Steubenville, 42; Grove City College, 48. 

The ASM will again absorb the entire expense of railroad and 
bus transportation, and the young engineers will be the guests of the 
Society at a buffet luncheon served at the Public Auditorium. 


NATIONAL METAL EXPOSITION 


The National Metal Exposition continues on its climbing ways. 
[t is beyond my words of description. Years ago I delighted in using 
descriptive adjectives like big, large, gross, gigantic, terrific, stu- 
pendous, colossal, and finally ended with mastadonic. 

The Big Metal Show has, “just like Topsy”, grown up. Many 
of us here have watched and marveled at its steady growth through 
the last 35 years’and have, with a feeling of some satisfaction, now 
observed that the Metal Exposition can grow no more, inasmuch as 


it now completely fills all exposition buildings that can serve as its 
home. 





24 TRANSACTIONS OF THE ASM Vol. 46 


The 53 Show is 15,000 square feet larger than any other show 
that has ever occupied the Public Auditorium. 

The Show never would or couid have reached its present state 
of maturity if it had not served its exhibitors well and presented to 
them an interesting and appreciative audience year after year. 

The growth of the Exposition has paralleled the growth of the 
ASM, not only in size but in scope. In the early days it was purely 
a heat treat show and now it has become a metal-working show. That 
is correct. 

The present make-up of the ASM is 100% in metal working. 
The breakdown is as follows: 31% are in metallurgy (heat treating) ; 
17% are corporate officials; 15% in engineering and design; 11% 
in sales and purchasing; and 9% are in education and government. 

So it is only natural that with the growth of the Society in func- 
tion to its members and the increasing importance of metallurgical 
problems in industry, the Show has become large and varied to fit the 
needs of the membership. 


CONCLUSION 


This great convention and exposition is now three-fifths com- 
pleted, and the portents of a successful gathering seem well to be 
realized. 

When the ASM gathers, whether on the first day or the last one, 
the air is continually surcharged with life and a spirit of enthusiasm 
that defies a parallel. It is you, Mr. Member, who produces that 
electrifying and stimulating atmosphere—an atmosphere that encour- 
ages and inspires a constant and continuing striving to greater 
accomplishments. 

It is my prayer and my sincere belief that your sparks that have 
kindled and lighted the ways of progress of the ASM will continue 
to show the paths to more and greater achievements. 





American Society for Metals 
Foundation for Education and Research 
Annual Report of President—John Chipman 


This report covers the period of time from the inception of the 
Foundation in July 1952 to August 31, 1953. The first four months 
of this period, under the leadership of the Foundation’s first president, 
Walter Jominy, were devoted to matters of organization and finance. 
The rousing vote with which the members of the Parent Society 
unanimously approved the plans of its Board of Trustees on October 
22, 1952, provided the mandate under which the Foundation has 
proceeded. 

The financial affairs of the Foundation are administered by the 
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Cleveland Trust Company under an agency agreement similar to that 
of the Society. The portfolio of securities is also similar to that of 
the Society. 

While the charter of the Foundation provides for its participa- 
tion in both education and research, the trustees have resolved to 


confine their efforts, at least during the first two years, to educational 
programs. 


The following is a brief summary (unaudited) of the Founda- 
tion’s financial position as of August 31, 1953. 


TREASURER WILSON’S INTERIM REPORT 
ASSETS 
Cash and Equivalent ..... 


BE ee, See ae so é bade eee 8 eek $ 4,750.31 
Securities and Accrued Interest .......... s Fike ios 650,018.33 


TPR, SE cc cc esas Fs ek . .$654,768.64 
LIABILITIES 

Accounts Payable ee ee ciate i ean i ae 19.57 

PsiGowueek  FCMEIOE ns ok cabin cnt ecece peers Se 650,000.00 


Unappropriated and Unexpended Income 


TOTAL LIABILITIES 


INCOME AND EXPENSES—July 


4,749.07 


$654,768.64 


15, 1952—August 31, 1953 


[INCOME 
ROUOONE: LAO! itis ww vleres 6 c% 5 tree coe eae 4'6.4406 mince aoa gh eee 
Gain on Disposal of Securities .................. 49.75 $23,599.61 
EXPENSE ; 
Committee on Scholarships ..... YESS RS Sealed fy $ 314.15 
Ee oes in ai te oa ne 0s a6 MMOH pert 233.07 
Be RE PO ES Pere plea es 3 636.18 
Fiscal Agent’s Fees and Expense ............ es es 1,201.63 
SL a Cr oa a a sae a kom yo te ba AS Weal eel 65.50 2,450.53 
SUR, RE Se Se a els Cain Gh wi: g bieieun oe sense ece eS 31,149.07 
Schein eeiee a ek ek baer etckn especies oa hes ae 16,400.00 
UNAPPROPRIATED AND UNEXPENDED INCOME . ey: $ 4,749.07 


Recognizing the acute shortage of scientists and engineers, par- 
ticularly in the metals field, a careful study has-been made of plans 
for encouraging enrollment of high-grade students in metallurgical 
engineering in the various colleges in the United States and Canada 
which have curricula in this subject. It was decided to make an 
award of $400 to each college having an accredited curriculum in this 
field, the grant to be used for an undergraduate scholarship. This 
plan has been favorably received by the colleges and “American 
Society for Metals Scholarships” have been set up in 35 colleges in 
the United States and 6 in Canada. At a recent meeting the Trus- 
tees decided to continue this plan for a second year (1954-55) and 
to extend the list of participating colleges. 

The Trustees wish to express their thanks to Professors M. F. 
Hawkes, J. F. Libsch, H. S. Jerabek and W. O. Philbrook and to 
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Dr. Paul Elicker for their careful study and recommendations regard- 
ing a scholarship program. 

The Trustees ot the Foundation express their thanks to the 
Parent Society for permission to present a report at the annual meet- 
ing and to publish it in ASM TRANSACTIONS. 

John Chipman, President, ASMFER 
Walter Jominy 

Arthur Focke 

Harold K. Work 


Ralph L. Wilson, Treasurer 


ELECTION OF OFFICERS 


PRESIDENT WILson: We will now proceed with the election of 
officers. Complying with the Constitution, I appointed in March 
1953 the following nominating committee, selected from the list of 
candidates suggested by the eligible chapters prior to March 1, 1953: 

Chairman: W. M. Baldwin, Jr.—Cleveland Chapter 
W. B. Billingsley—Montreal Chapter Henry L. Burghoff—New Haven 


Frank F. Ford—Georgia Chapter Chapter 
J. H. Garrison—Tulsa Chapter John A. Grodrian—Notre Dame 
Gilbert L. Cox—Rochester Chapter Chapter 
Earl T. Hayes—Oregon Chapter E. H. Stilwill—Detroit Chapter 


The Nominating Committee met in New York on May 19, 1953, 
and made the following nominations : 


For PRESIDENT 
James B. Austin, Director 
Research Laboratories, United States Steel Corp., Kearny, N. J., for 1 year. 


For VicrE-PRESIDENT 
George A. Roberts, Chief Metallurgist 
Vanadium-Alloys Steel Co., Latrobe, Pa., for 1 year. 


For TREASURER 
W. A. Pennington, Chief Chemist and Metallurgist 
The Carrier Corp., Syracuse, N. Y., for 2 years. 
For TRUSTEE 
Robert Raudebaugh, Professor of Metallurgical Engineering 
Georgia Institute of Technology, Atlanta, for 2 years. 
G. M. Young, Chief Metallurgist 
Aluminum Co. of Canada, Ltd., Montreal, for 2 years. 


I have been informed by the Secretary that no additional nomi- \ 
nations have been received prior to July 15, 1953, for any of the 
vacancies appearing on the Board of Trustees ; consequently, the nom- 
inations were closed. I now call upon the Secretary to carry out the 
provisions of the Constitution in respect to the election of officers. 

SECRETARY EISENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
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| hereby cast the unanimous vote of the members for the election of 
the aforenamed candidates who were nominated May 19, 1953. 

The President then introduced the newly elected officers. The 
President-elect, James B. Austin, then said a few words of acceptance. 

PRESIDENT WILSON: Has anyone present anything to bring be- 
fore the meeting for the good of the Society? If not, then a motion 
to adjourn is in order. Motion made and carried. 

At 10:30 A. M. President Wilson called to order the meeting of 
the Campbell Memorial Lecture and introduced the chairman of the 
session, Past-President Herbert J. French, who in turn introduced 
the twenty-eighth Campbell Memorial Lecturer, Dr. Donald S. Clark, 
professor of mechanical engineering, California Institute of Technol- 
ogy, who presented his lecture entitled “The Behavior of Metals 
Under Dynamic Loading”. This is published in full in this volume 
of TRANSACTIONS (page 34). 


ASM ANNUAL DINNER 
CLEVELA ND—October 22, 1953 


On Thursday evening, October 22, members and guests assem- 
bled in the Ballrom of the Hotel Statler for the Annual Dinner of 
the Society. The attendance was in excess of 600. 

Those persons seated at the speakers’ table were: J. M. Kiefer, 
American Steel & Wire Co.—Chairman, Cleveland Chapter, ASM ; 
Otto Zmeskal, Illinois Institute of Technology—Recipient of ASM 
Teaching Award for 1953; Albert W. Schlecten, University of Mis- 
souri, School of Mines and Metallurgy—Recipient of ASM Teaching 
Award for 1953; William M. Armstrong, University of British 
Columbia—Recipient of ASM Teaching Award for 1953; Harry B. 
Knowlton, International Harvester Co.—Trustee, ASM; William 
A. Pennington, The Carrier Corp.—Treasurer-Elect, ASM; Irwin 
H. Such, Editor—Steel; Ralph L. Dowdell, University of Minnesota 

~Treasurer, ASM; Allan H. Cottrell, Professor of Physical Metal- 
lurgy, University of Birmingham (England)—ASM Visiting Lec- 
turer for 1953 and a contributor to the Seminar ; George Sachs, Syra- 
cuse University—Recipient of 1953 ASM Gold Medal; Harold K. 
Work, New York University—Past-President, ASM; Herbert J. 
French, International Nickel Co.—Past-President, ASM; Hiland G. 
Batcheller, Allegheny Ludlum Steel Corp.—Recipient of 1953 ASM 
Medal for Advancement of Research; John Chipman, Massachusetts 
Institute of Technology—Past-President—Trustee, ASM; Louis J. 
Alber, Author, Lecturer, World Traveler—Principal Speaker ; Ralph 
LL. Wilson, Timken Roller Bearing Co.—President, ASM; Kent R. 
Van Horn, Aluminum Co. of America—Past-President, ASM; Wil- 
liam T. Ennor, Aluminum Co. of America—Recipient of 1953 
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Sauveur Achievement Award; James B. Austin, United States Steel 
Corp., Kearny, N. J.—Vice-President and President-Elect, ASM ; 
Alexander H. d’Arcambal, Pratt & Whitney Co.—Past-President, 
ASM; George A. Roberts, Vanadium-Alloys Steel Co.—Trustee and 
Vice-President-Elect of ASM; Van H. Leichliter, American Steel 
& Wire Co.; Adolph O. Schaefer, Midvale Co.—Trustee, ASM ; 
Donald S$. Clark, California Institute of Technology—1953 Edward 
de Mille Campbell Memorial Lecturer; George Sullivan, The Jron 
Age; Philip C. Rosenthal, University of Wisconsin—Recipient of 
1953 Henry Marion Howe Medal; Lew F. Porter, University of 
Wisconsin—Recipient of 1953 Henry Marion Howe Medal; John B. 
Johnson, Chief, Wright Air Development Center—Trustee, ASM ; 
George M. Young, Aluminum Co. of Canada—Trustee-Elect, ASM ; 
Robert J. Raudebaugh, Georgia Institute of Technology—Trustee- 
IKlect, ASM; William H. Eisenman—Secretary and a Founder Mem- 
ber, ASM. 


Presentation of President's Medal 


The annual presentation of the President's Medal was made by 
Ralph L. Wilson to John Chipman, the thirty-second president, who 
served the Society so ably in 1952. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scientist, 
often called the dean of American metallurgists, the Board of Trus- 
tees in 1922 established the first of its medals. The rules governing 
the award of this medal make the provision that it be awarded to the 
author or authors of the paper judged of highest merit, presented 
before the ASM and published during any one year in the TRANSAC- 
rions of the Society. 

The 1953 award was made to the authors of the paper entitled 
“Gas Evolution From Gray Cast Iron During Enameling”’ which was 
published in Vol. 44 of TRANSACTIONS, 1952, page 310. The authors 
who were honored are Lew F. Porter and Philip C. Rosenthal. They 
were each presented with a certificate and a gold medal. 


Edward deMille Campbell Memorial Lecture 


In 1926 the Society established the Edward deMille Campbell 
Memorial Lecture and each year since that time has invited a dis- 
tinguished scientist to present this lecture. The 1953 lecturer was 
Dr: Donald S. Clark, Professor of Mechanical Engineering, Califor- 
nia Institute of Technology, Pasadena, and to commemorate this lec- 
ture a scroll certifying to that event was presented to Dr. Clark. 
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Honorary Membership 


Honorary membership in the Society was conferred on Professor 
A. E. White, first President and Founder Member of the Society. 
In conferring this membership, Past-President A. H. d’Arcambal 
read the following citation: 

A distinguished honor rarely awarded by our Society is 
that of Honorary Membership. Professor Albert Easton White, 
whom I am about to present for this award, is a graduate of 
Brown University and the recipient of the Honorary Degree of 
Doctor of Science from his Alma Mater in 1925. Dr. White 
joined the faculty of the Chemical Engineering Department of 
the University of Michigan in 1911. Our country called him 
for service in the Army Ordnance Department during World 
War I, Colonel White returning to the University in 1918 as a 
full Professor and soon thereafter was appointed Director of 
the newly formed Department of Engineering Research. The 
healthy growth of this important department at Michigan, now 
known as the Engineering Research Institute, and its notable 
accomplishments over the years stand as an everlasting tribute 
to Professor White’s administrative ability and fine research 
mind. 

Prior to 1920 there were in existence two Societies pri- 
marily interested in the heat treatment of steel—namely, the 
American Steel Treaters Society and the Steel Treating Re- 
search Society. Professor White, recognizing the futility of 
these divided efforts, brought together the officers of these two 
societies and was successful in accomplishing the merger in 1920, 
resulting in the formation of our present Society. Professor 
White was elected the first President of the newly formed so- 
ciety, the American Society for Steel Treating. The remarkable 
growth of the ASM and the great service it renders to our 
Government, Educational Institutions and Industrial Plants, 
and to its more than 23,000 members, must be of real satis- 
faction to A. E. White, a founder member of our Society. 
Professor White is a recognized authority on the high temper- 
ature properties of metals for power plant service, acting as a 
consultant for power companies. On July Ist of this year 
Professor White began his terminal leave from the University 
of Michigan after serving 33 years as Director of the Depart- 
ment of Engineering Research, but will continue his consulting 
work. 

A distinguished teacher, an efficient administrator, a wise 
counselor, our Society is itself honored in now having as one 
of its distinguished Honorary Members, Dr. A. E. White. 

Mr. President, it is a distinct pleasure and privilege to 
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present to you for Honorary Membership in our Society my 

valued friend for more than 40 years, Albert E. White. 

In the absence of Dr. White, President Wilson presented the 
certificate of Honorary Membership to Mr. d’Arcambal to deliver 
personally to Dr. White. 


Albert Sauveur Achievement Award 


In 1934 the Board of Trustees established an award consisting 
of a metal plaque and certificate in honor of Dr. Albert Sauveur, dis- 
tinguished metallurgist and for many years an honorary member of 
the ASM. The purpose of this award is to recognize a metallurgical 
achievement which has stood the test of time and stimulated others 
along similar lines to the extent that a marked basic advance has been 
made in the metal arts and sciences. The 1953 candidate was William 
T. Ennor, Assistant Director of Research, Aluminum Company of 
America. In presenting Mr. Ennor, Past-President Van Horn read 
the citation of Mr. Ennor’s accomplishments. President Wilson then 
conferred the award. The citation is: 

The increasing demand for large extrusions, forgings, plates 
and structural shapes, especially in high strength aluminum 
alloys, could not be met by the known casting technique in 1933, 
as applied to the production of consistently sound, large ingots 
and billets for subsequent working. Some of the large ingots 
then available exhibited excessive cracking during working. The 
existing processes limited the dimensions or size range of high 
quality large products and the alloy compositions that could be 
pre duced. 

In answer to this urgent demand, William T. Ennor 
invented a method that would produce ingot of the desired 
dimensions, of improved metallurgical quality, so that larger 
blooms, forgings, extrusions, and plate could be commercially 
fabricated. The D. C. (Direct Chill) method for casting ingots 
of any metal involves continuously pouring molten metal into a 
downwardly open mold shell and withdrawing part of the heat 
from the mold shell, and part of the heat from the solid metal 
below the shell, by means of a coolant. The improvement per- 
mits the forming and moving downwardly in the mold shell of 
an embryo ingot, by adjusting and maintaining the withdrawal 
of heat through the shell and subsequently controlling the com- 
pletion of solidification after emergence from the mold shell, to 
produce a sharp temperature gradient between the sides of the 
ingot and the freezing metal. 

Although the main objective was to produce more satis- 
factory ingots of large cross section, the process also offered the 
advantage of semicontinuous or continuous operation; that is, 
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an uninterrupted flow of metal hour after hour. In fact, the 
process was the first successful semicontinuous or continuous 
process in the world for casting fabricating ingot of aluminum 
or magnesium. 

The Ennor process resulted in the casting of fine-grained, 
fine constituent size, sound ingots of large dimensions with 
excellent working qualities. Segregation difficulties were also 
minimized. In 1934, only one-tenth of 1% of Alcoa’s fabri- 
cating ingot was produced by this process. In 1943, 87% of 
such production was by the D. C. process, while in 1951 the 
proportion reached 93%. Now, all of the aluminum producers 
in the United States use the Ennor process for ingots. The 
success of the Ennor process has encouraged the extension of 
semicontinuous and continuous casting processes to other 
metals, such as magnesium, copper and steel, for the production 
of high-quality, low-cost ingot, tubing or bar. 


Conjerring of the ASM Medal for the Advancement of Research 


The 1953 ASM Medal for the Advancement of Research was 
awarded to Hiland G. Batcheller, Chairman of the Board, Allegheny 
Ludlum Steel Corporation, in recognition of his consistent sponsor- 
ship, foresight, and influence in financing and prosecuting metallur- 
gical research, which have helped substantially to advance the arts 
and sciences relating to metals. 

In presenting Mr. Batcheller, Past-President H. J. French read 
the citation engrossed on the scroll which accompanies the medal. 
President Wilson then conferred the award. The citation is: 

For more than 40 years Hiland Garfield Batcheller, Chair- 
man of the Board, Allegheny Ludlum Steel Corporation, has 
been a friend and consistent supporter of metallurgical research. 
His recognition of the worth of new scientific discoveries has 
been supplemented by unusual skill in having the products of 
research applied to industrial practice. 

Mr. Batcheller’s faith in research and his foresight were 
exemplified early in his career when, soon after World War I, 
he instituted research at the former Ludlum Steel Company 
laboratories which gave industry the chromium-silicon valve 
steels. These have long been almost universally used in inter- 
nal combustion engine exhaust valves. They are said to have 
been emploved in over 95% of the American planes flying in 
World War II and are still in widespread use in the automotive 
industry. 

Under Mr. Batcheller’s direction his company was among 
the first to initiate a vast amount of research work which con- 
tributed to the commercial development of the stainless steels 
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in the United States. The first American commercial heat was 
made under his direction in the summer of 1919 and was fol- 
lowed by the application of stainless alloys to railway cars, mo- 
tor trailers, aircraft and as a structural and ornamental building 
material. Other metallurgical research accomplishments include 
the development of specialized alloys for use in the electrical 
and television industries; the introduction of nitrided steels. to 
America following a visit to France in 1926 and notable recent 
achievements in the production of titanium metal and alloys. 
With the advent of gas turbine engines, Allegheny Ludlum was 
prepared with a series of forgeable heat and corrosion resisting 
alloys which have been widely used in jet engines. 

Truly a research-minded industrial executive, Mr. Batch- 
eller has encouraged new manufacturing methods typified by 
his sponsorship of the continuous casting of steels and the de- 
velopment of the commercial use of oxygen for the decarburi- 
zation of steel. 

Throughout his long career in the steel industry, and when 
on loan to the United States Government in emergency periods, 
Mr. Batcheller has been a central figure at all times in encour- 
aging research and translation of its products into commercial 
practice. 

In addition to expanding his company’s research labora- 
tories steadily, he has encouraged the use of university and 
independent research laboratory facilities. He also fostered 
numerous industrial cooperative research projects. One of 
these which dates back to 1911 is the oldest producer-consumer 
joint research committee in existence. 

For his encouragement of successful research in basic and 
applied metallurgy and for the development of new products 
and processes over a long period of time, Hiland Garfield 
Batcheller is nominated for the award of the ASM Medal for 
the Advancement of Research. 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, eStablished in 1943, recognizes the 
recipient for outstanding metallurgical knowledge and great versa- 
tility in the application of science to the metal industry, as well as 
exceptional ability in the diagnosis and solution of diversified met- 
allurgical problems. The 1953 ASM Gold Medal was awarded to 
George Sachs, Director of Metallurgical Research, Syracuse Univer- 
sity. 


In presenting Dr. Sachs, Past-President H. K. Work read 


the citation engrossed on the scroll which accompanies the medal. 


President Wilson then conferred the award. The citation is: 
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Dr. Sachs’ contributions in apparatus and methods have 
made a permanent and penetrating imprint in the field of metal- 
lurgy. The Boring-Out Method of measuring residual stress 
in rod and tubing, developed and widely applied by Sachs, is 
recognized as the only complete and accurate procedure. The 
Sachs Back-Reflection Method and Camera for X-Ray Diffrac- 
tion Analysis is standard in most laboratories. His improve- 
ments in the notch-bar tensile tests of steels and in low-cycle 
fatigue methods have promoted a better basic understanding 
of notch effects and failures, resulting in more extensive appli- 
cations of these tests. 

Sachs’ contributions to theoretical physical metallurgy are 
numerous and apply to different metals. He proposed the ele- 
mentary theory of plastic flow for wire drawing, analyzed the 
stresses and strains caused by bending, deep drawing, wire and 
tube drawing. He discovered the crystallographic relationship 
between austenite and martensite, thereby assisting in the clari- 
fication of the mechanism of the martensite reaction, and pre- 
sented an early mathematical and experimental treatment of 
nucleation and growth of crystals on recrystallization. 

In light metal technology, Sachs invented silumin gamma, 
a high strength casting alloy used extensively in Europe for 
large intricate castings. Sachs was among the first to apply 
surface rolling and shot peening to large structures such as 
magnesium alloy airplane propellers, for improving the service 
or fatigue life. 


Address of the Evening 


President Wilson then presented Louis J. Alber, Author, Lec- 
turer and World Traveler, who was the main speaker of the evening. 
The title of his talk was “The Kremlin Walls Are Crumbling”. 








THE BEHAVIOR OF METALS UNDER DYNAMIC LOADING 
(1953 Edward deMille Campbell Memorial Lecture) 


3y DonaALpD S. CLARK 


INTRODUCTION 


W * ARE gathered today to honor the name of Edward de Mille 
Campbell, for whom this memorial lecture was established 
by the American Society for Metals in 1925. It is, indeed, a great 
privilege for one in the academic profession to have the opportunity 
of paying tribute to Professor Campbell, who devoted his entire pro- 
fessional life to working with students in the developing science of 
metallurgy. Those of us who believe that we are contributing to the 
advance of knowledge in this great field by working with the young 
minds of our students in the classroom and in the research laboratory 
are impressed by the contributions of Professor Campbell (1)', based 
upon research done under a terrific handicap of blindness for the last 
thirty-three years of his life. It is apparent from statements by those 
who knew Professor Campbell (2, 3) that he was particularly recog- 
nized for the personal relation with his students. It is clear that 
Professor Campbell possessed a philosophy of life that was bound to 
stimulate real thinking by those who came in contact with him. His 
imagination was a definite stimulus to the advancement of fundamen- 
tals in the field of metallurgy. Edward deMille Campbell was a truly 
great man. The American Society for Metals elected him an Honor- 
ary Member of the Society in 1921 (4) and recognized his all-around 
greatness by the establishment of this memorial in 1925 (5). The 
Society each year sets aside this hour for the presentation of a lecture 
which it is hoped will emulate the spirit of Edward deMille Campbell. 

While Professor Campbell was concerned primarily with chem- 
ical metallurgy, he devoted some attention to subjects in physical 
metallurgy. During his time, some of the metallurgical problems 
were beginning to receive the attention of scientists. Since then there 
has been a great increase in the cooperation between metallurgist, 
physicist, chemist, and engineer. In fact, it is sometimes difficult to 
know to which of these fields a man engaged in the study of metals 
belongs. Therefore, it seems appropriate to present to you one aspect 
of physical metallurgy which has been a problem to the met: illurgist 





‘The figures appearing in parentheses pertain to the references appended to this lecture. 


This is the Twenty-eighth Edward deMille Campbell Memorial Lecture, 
presented by Donald S. Clark, professor of mechanical engineering, California 
Institute of Technology, Pasadena, Calif. The lecture was presented October 
21, 1953, during the Thirty-fifth Annual Convention of the Society, held in 
Cleveland. 
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and the engineer for many years and which has aroused the interest 
ot the physicist. What is known about the behavior of metals under 
dynamic loading ? 

This discussion of the behavior of metals under dynamic loading 
will be limited to the manner in which metals respond to stresses 
imposed in a short period of time as compared with the relatively long 
time that is involved in what is commonly referred to as static loading. 
The problems associated with fatigue will not be considered. The 
discussion will be further restricted to two types of dynamic loading : 
namely, longitudinal impact and rapid loading. A distinction be- 
tween impact and rapid loading is important. In an impact type of 
loading, the inertia of the metal itself strongly influences the mode 
of deformation, while in rapid loading the load is applied more gradu- 
ally, so that the inertia is not important. The problems in this field 
of investigation are manifold, and it is possible to cover only certain 
aspects, which will include the behavior of metals under impact with 
attendant strain propagation; the dynamic stress-strain relations ; 
strain rate effects; delay of the initiation of plastic deformation: 
mechanism of plastic deformation as related to dynamic behavior. 

It is not possible to establish exactly when a difference in the 
behavior of metals under static and dynamic loading was first recog- 
nized. It is known that the problem was recognized by 1800, since 
items then began to appear in the literature which discussed dynamic 
behavior. With the growth of railroads, the importance of the resist- 
ance of metals to dynamic loads became more apparent. During the 
past 150 years, engineers have been devising tests which might pro- 
vide adequate comparisons to guide them in the selection of metals 
for application in installations subject to dynamic loading. During 
this period there has been much discussion on the meaning of these 
tests and how the results could be utilized in design. Most investi- 
gations of this character have not provided information of a suffi- 
ciently fundamental nature to permit an understanding of basic con- 
cepts concerning the behavior of metals under dynamic loading. In 
order that one may understand the mechanism by which metals de- 
form under dynamic conditions, the experiments must be made as 
simple and as direct as possible without the complication of adding 
more variables. After the metal behavior is understood, the effect of 
such factors as shape, dimensions, stress concentration, etc., may be 
studied more intelligently. 


IMPACT AND STRAIN PROPAGATION 


In accordance with the general concept of impact, one considers 
the case in which-the particles of metal at some point on the surface 
of a body are instantaneously set in motion. Now if one considers 
a very long rod of metal which is struck at one end, the particles of 
metal at the struck end are set in motion at some velocity v3. 
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In 1804, Thomas Young (6) stated that an elastic deformation 
of a bar is transmitted at a velocity corresponding to the velocity of 
sound in the bar. This velocity is a function of the modulus of 
elasticity and the mass density of the metal, and for long, thin bars 
is given by the relation 


The longitudinal strain e produced in the bar is given by the relation 


ea 
Co 

For many years, it was not clear what would happen if the impact 
velocity were great enough to produce a strain in excess of the pro- 
portional limit of the metal. As a matter of fact, in the 1800's there 
was considerable uncertainty about the elastic limit and proportional 
limit (7, 8). However, in the later 1800’s, evidence was obtained to 
show that the total elongation could be greater when a metal was 
subjected to impact under certain conditions than when it was loaded 
statically. 

In 1930, Donnell (9) indicated that plastic strains would propa- 
gate in a bar at velocities less than the velocity of propagation of the 
elastic strain. He devised a graphical method of determining the 
strain distribution in a bar as a function of time from the static 
stress-strain relation. In 1941, von Karman (10, 11) and Taylor 
(12) each independently established the theory of plastic strain propa- 
gation in metals by considering the equation of motion of particles 
in the metal in relation to the stress-strain diagram. According to 
this concept, the velocity of propagation can be expressed by the 
relation 


wii? ia Se Oa/de 
Cte) = } — 
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where 06/0¢e is the slope of the engineering stress-strain relation at 
any given value of strain. Thus, the velocity of propagation, c, is a 
function of strain in the general case in which plastic as well as elastic 
strains are produced. The relation between impact velocity and the 
maximum strain produced is given by 


£1 
V:= cde. 


This relation indicates that an impact velocity, V;, will produce a 
maximum strain, €;, which will propagate at a lower velocity than 
smaller strains. On this basis, one may determine the strain distri- 
bution in a bar of metal at any given instant. To illustrate this effect, 
consider a very long bar which is struck at one end by a mass travel- 
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a.- Distribution at time =t, 


b.- Distribution at time = t, 
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Fig. 1—Strain Distribution in a Rod Produced by Impact. co= 
velocity of propagation of elastic waves; c (#1) = velocity of propagation 
of plastic strain increment at a total strain of €1. 
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Fig. 2—Strain Distribution for Annealed Copper in Ten 
sion. Impact velocity 92.5 feet per second. 


ing at velocity V,;. At some instant, t,, after impact, the strain dis- 
tribution will be as shown at a in Fig. 1. At some-instant, te, later, 
the distribution will be as shown at b in Fig. 1. 

The validity of this analysis was proved by Duwez (13) in 1942 
by experiments on long wires. Typical strain distributions obtained 
in a series of tests on annealed copper wire for a constant impact 
velocity are shown in Fig. 2. In these tests, one end of the long wire 
is suddenly set in motion with velocity V,;. This velocity is main- 
tained at the end of the wire for a specified length of time. At the 
end of this time, the force acting on the end of the wire is suddenly 
removed. Since at this instant the wire has some kinetic energy, fur- 
ther plastic deformation takes place as the wire comes to rest. This 
additional deformation and the deformation associated with the re- 
flection from the fixed end of the wire may be taken into account in 
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calculating the theoretical distribution of permanent strain after the 
wire comes to rest. 

If the strain distribution is computed and compared with the ex- 
perimental results, the agreement is quite satisfactory, as shown in 
Fig. 3. The agreement is not perfect ; but in making the calculations, 
it is assumed that the static stress-strain relations prevail during the 
dynamic loading. One might expect, although it had not been quan- 
titatively established in 1942, that the dynamic stress-strain relation 
would be different from the static relation. Indirect evidence indi- 
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Fig. 3—Comparison of Experimental and Theoretical Strain Distri 
bution for Annealed Cepper in Tension. Impact velocity 62.5 feet pe 
second: duration of impact 1.3 milliseconds. 


cated that the stress-strain relation was higher under dynamic con- 
ditions than under static conditions. A higher stress-strain relation 
would account for the difference between the calculated and the ex- 
perimental strain distribution. 


DYNAMIC STRESS-STRAIN RELATIONS 


The most fundamental indication of the resistance of a metal to 
deformation is a stress-strain relation. But how does one obtain a 
stress-strain relation during impact? Attempts have been made by 
many investigators to secure data that would permit the establishment 
of this relation. Until recently, all of these attempts have produced 
questionable results. Such results are disqualified because consider- 
ation was not given to the propagation phenomenon which prevails 
during impact. The tests have been made by measuring the force 
acting at one end of a specimen and the corresponding strain over 
some specified length of the specimen. In view of what has been said 
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here about the propagation of strain, it should now be clear that the 
results of impact tests in which propagation effects are not taken into 
account will provide only average values and will not allow the 
establishment of the true relationship between stress and strain during 
the impact test (14). 

Taylor and Wiffen (15) have made tests with small cylindrical 
specimens shot against heavy plates. In these experiments they took 
account of the inertia of the specimen in an approximate manner and 
found that the yield stress was increased above static values. J. D. 
Campbell (16) has reported data secured in special impact tests that 
lead to an evaluation of the dynamic stress-strain relation for alumi- 
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Fig. 4—Static and Dynamic Stress-Strain Relations for 
\luminum. (J. D. Campbell.) 


num for strains of the order of 0.006 inch per inch. His results are 
shown in Fig. 4. These tests were made by subjecting long rods to 
compression impact. In analyzing the results, the wave propagation 
phenomenon was taken into account. One observes a definite increase 
of the stress-strain curve by about 15 or 20% to higher values of 
stress for a given strain in the plastic region. 

In 1952, Johnson (17) made a series of tests with aluminum in 
which a rod was accelerated to different velocities and then stopped 
by an anvil in the form of a long rod of tobin-bronze. This anvil 
rod was sufficiently long to permit the stress in the aluminum rod to 
propagate from the struck end to the free end and return before the 
stress wave in the anvil rod returned from its fixed end. By meas- 
uring the plastic strain distribution in the aluminum rod after impact, 
the impact velocity, and the stress produced in the anvil rod by the 
impact, it was possible to establish a stress-strain relation. From 
the values of maximum plastic strain and the stress acting on the rod, 
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one stress-strain relation was deduced; and from calculations based 
on stress versus impact velocity data, another relation was obtained 
which lies above the first. These two relations are not markedly 
different, but both are considerably above the static stress-strain rela- 
tion as shown in Fig. 5. It is clear that the stress-strain relation for 
aluminum is higher under dynamic conditions than under static con 
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Fig. 5—Static and Dynamic Stress-Strain 
Relations for Aluminum 


ditions, as found independently by J. D. Campbell. However, the 
difference between the two dynamic curves obtained by Johnson re 
quires an explanation. 

The stress-strain curve based on the measurements of stress and 
impact velocity is obtained by means of the theory of plastic strain 
propagation, while the curve based on stress and maximum plastic 
strain is obtained from the direct measurements. The difference be- 
tween the two curves is such that it cannot be explained by experi- 
inental errors or errors associated with the construction of the curves. 
In this investigation, it was shown that the difference between these 
two curves cannot be attributed primarily to strain relaxation in 
which the strain at a given point along the specimen continues to 
increase with time after the initial strain wave has passed that point. 
The difference might be explained by the existence of a family of 
stress-strain curves which depend upon the impact velocity or the 
final strain attained in impact. 
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it is possible for a stress-strain relation to exist, indicated as a 
dashed curve in Fig. 6, such that the impact stress, maximum impact 
strain, and particle velocity correspond to the experimentally deter- 
mined values. The form of the relation expressed by the dashed 
curve is arbitrarily chosen to represent a family of stress-strain curves. 
This is not a unique curve, since only the end conditions and the 
particle velocity are known, but the basis of the selection of the curve 
seems to be logical and a close approximation. The curves for three 
terminal plastic strains in aluminum are shown in Fig. 7. It is 
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Strain €, 


Fig. 6—Three Possible Dynamic Stress 
Strain Curves for Aluminum. 


probable that the behavior of a metal when subjected to impact cannot 
be described exactly by a single stress-strain relation for all impact 
velocities. However, it appears from these studies that a good ap- 
proximation can be obtained by means of a single dynamic stress 
strain relation representing an average of the family of curves dis- 
cussed above. 

Some interesting work has been done by W. R. Campbell (18) 
in an attempt to determine the stress-strain relation under conditions 
of tension impact. His method consists of measuring the time re- 
quired for different strains to travel a known distance along a test 
bar when subjected to longitudinal impact, thus providing the velocity 
ot propagation of strains of different magnitudes. By using the theory 
of propagation of. strain, the slope of the stress-strain relation is cal- 
culated for each strain. The stress corresponding to each strain is 
then obtained by numerically integrating the relation between slope, 
or tangent modulus, and strain. This procedure requires high reso- 
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lution of time which was lacking in W. R. Campbell’s first measure- 
ments. However, with improved equipment, interesting information 
should be obtained which will be of significance for a comparison 
with the other methods of determining the dynamic stress-strain 
relation. 
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Fig. 7—-Postulated Dynamic Stress-Strain 
Relations for Aluminum Compared With 
Curves Obtained From Measurements. 


A complete description of the wave propagation effects under 
impact loading in a material exhibiting time-dependent mechanical 
properties must be based upon a complete stress-strain-time relation 
for that material. One attempt at such a treatment has been made 
by Malvern (19). Unfortunately, the particular form of the time 
dependence of the stress-strain properties assumed by Malvern does 
not seem to be capable of predicting behavior consistent with the 
results of experiments. 


TENSION IMPACT PROPERTIES 


There are some significant dynamic properties of metals that 
may be obtained by means of the tensile impact test. For example, 
tests (20) have shown that the maximum stress to which a metal 
may be subjected before failure occurs is greater under dynamic con- 
ditions than under static conditions. This is illustrated in Table I. 
In tests on cold-rolled, low carbon steel, the ultimate strength is 
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Table I 
Static and Dynamic Tensile Properties 








Ultimate Strength Elong. in 8 In. Critical Velocity 
- psi = To— ~ ft/sec 
Material Static Dynamic Static Dynamic* Exp. Theoret. 
Ingot [ron Annealed 37,100 57,400 20.4 16.2 100 , 
SAE 1015 Annealed 50,600 63,500 28.0 30.0 100 + 
SAE 1022 Cold-Rolled 84,000 105,000 6.0 15.0 100 95 
SAE 1040 Annealed 78,050 91,800 20.4 20.7 > 200 t 
SAE 1045 Quenched and Temp. 142,900 169,000 5.7 9.2 190 88 
SAE 2345 Quenched and Temp. 145,250 175,250 8.4 14.1 > 200 161 
SAE 4140 Quenched and Temp. 134,250 151,000 8.5 14.7 175 132 
SAE 5150 Quenched and Temp. 139,000 148,100 8.5 13.3 170 159 
ype 302 Stainless Steel 93,300 110,800 58.5 46.6 > 200 490 
Copper Annealed 29,900 36,700 32.7 43.8 > 200 231 
(opper Cold-Rolled 45,000 60,000 2.5 10.7 50 42 
2S Aluminum Annealed 11,600 15,400 23.0 30.0 > 200 176 
2S Aluminum % H 17,200 22,100 4.6 7.0 110 36 
24S-T Aluminum Alloy 65,150 68.600 11.3 13.5 > 200 290 
Magnesium Alloy (Dow J) 43,750 51,360 9.6 10.9 > 200 303 


*Maximum percentage elongation up to the critical velocity. 
*+Existence of a yield point prevents computation of critical velocity. 


84,000 psi statically and 105,000 psi at impact velocities greater than 
about 25 feet per second. This is evidence of a higher stress-strain 
relation. Furthermore, most metals exhibit greater total elongation 
to failure under impact up to a certain impact velocity than under 
static loading, as illustrated in Table I. 

A characteristic which may be of importance in some applications 
is the existence of a critical impact velocity of a metal. Referring to 
the expression given by von Karman relating impact velocity to the 
unplitude of the strain wave e;, 

©) 
V.= cde, 
it is clear that there must be a maximum impact velocity correspond- 
ing to a tensile strain ¢,, at which the slope of the engineering stress- 
strain curve is zero; i.e., the strain at the ultimate tensile strength. 
Chus, the velocity of propagation of an increment of strain at e, is 
zero according to the relation 


| do/de 

oe or 

[i an impact velocity greater than that corresponding to €, is applied 
to a rod in tension, the large plastic strains cannot propagate as fast 
as the end of the rod is being pulled. Therefore, according to the 
theory, fracture of the rod will occur immediately at the moving end, 
and no energy will be absorbed by the rod. Actually, the necking 
associated with tensile failures of ductile metals, which is not taken 
into account in the theory of wave propagation, cccurs very near the 
impact end. Very little strain is propagated beyond the neck. Thus, 
the total elongation and energy absorption of the rod drop below the 
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values obtained at lower impact velocities, although the failure is not 
completely brittle. The velocity at which this behavior occurs is called 
the critical impact velocity. An example of the effect of impact 
velocity on the total elongation of an SAE 1020 cold-rolled steel rod 
is shown in Fig. 8. The critical velocity of 100 feet per second is 
clearly indicated. Some experimental determinations (17) of critical 
velocity have been made on several metals and checked with the 
values calculated from the static stress-strain diagram. Some of these 
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Fig. 8—Effect of Impact Velocity on Percentage Elongation of 
SAE 1020 Steel, Cold-Rolled. 


values are shown in Table I. Again, the correlation is good, but not 
precise; the correlation would be better if a raised dynamic stress- 
strain relation were assumed rather than the static relation. 


STRAIN RATE EFFECTS 


Over a period of years, there has been much in the literature to 
indicate the concern of many investigators about the effect of strain 
rate upon the properties of metals. The view has been expressed that 
a determination should be made of the effect of increasing the rate of 
deformation on the stress-strain relations. Information can be secured 
on this problem in the range of speeds attainable with the usual test- 
ing machines. But when the speed of deformation becomes too high, 
then the effect of wave propagation must be taken into account. This 
takes place under conditions such that an appreciable change of stress 
occurs during the time required for a small increment of strain to 
propagate throughout the bar. Then the problem becomes too com- 
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plex to permit the procurement of data regarding strain rate effects. 
Many investigators have incorrectly reported the effect of different 
strain rates determined by means of impact tests. It is not possible 
to obtain information of this character in any test in which plastic 
strain propagation is significant. 

As an illustration of the difficulty of determining strain rate 
effects by impact tests, consider an annealed copper rod subjected to 
a tension impact at a velocity of 100 feet per second. The strain rate 
may be computed as a function of time for any position in the rod 
from the theory of plastic strain propagation. Let us look at the 
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Fig. 9—Strain Rate Versus Time for Annealed Copper Speci 
men 8 Inches Long at Three Positions Subjected to Tension Im 
pact Velocity of 100 Feet per Second. 


situation at the fixed end, the center, and the moving or struck end 
of a rod 8 inches long. Strain rate as a function of time for these 
three positions is shown in Fig. 9. At the moving end, the strain 
rate attains an extremely high value and drops again to zero, all 
within an extremely short time. This behavior cannot be shown on 
the figure. Later on, a reflection from the fixed end of the rod re- 
turns to the moving end, and a finite varying rate of strain occurs 
thereafter. A similar situation is observed at the middle and fixed 
end of the rod only displaced in time, and the first peak of strain rate 
is spread out more in time and reduced in magnitude to 870 inches 
per inch per second. Hence, the strain rate along the bar is not uni- 
form at any time and varies from a value of approximately 870 inches 
per inch per second to zero at any position except the impacted end, 
while the average strain rate is 150 inches per inch per second. It 
should, therefore, be clear that one cannot use the impact test as a 
means of studying the influence of strain rate on the properties of 
metals. Any measurements of the strain over some gage length as a 
function of time will only yield an average strain rate which is mean- 
ingless for use in exploring the fundamental behavior of the metal. 

The influence of strain rate on the properties of a metal can be 
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determined if propagation effects are eliminated from the test. These 
effects are not present in tests made with the usual testing machines 
and specimen dimensions because the rate of head motidn is low 
enough so that the total elongation does not change appreciably during 
the time required for an infinitesimal strain increment to propagate 
through the specimen. Such considerations indicate that, for many 
metals, tests at average strain rates of the order of 10 inches per inch 
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Fig. 10—Effect of Strain Rate on the Proportional Limit and 
Ultimate Strength of a 0.22% Carbon Steel. 


per second or less are not influenced appreciably by wave propagation 
effects when the specimen is a few inches long. A more complete 
discussion of this problem has been given by Lee and Wolfe (21). 

The presence of propagation effects makes it difficult to study 
the true effect of strain rate on the properties of metals. However, 
a method has been used in which an indication of the effect of strain 
rates as high as 200 inches per inch per second can be obtained (22). 
The method consists of using a hollow cylindrical specimen to which 
a circumferential stress is applied by means of mercury which is sub- 
jected to a rapidly increasing pressure. Longitudinal loading of the 
specimen is prevented by an appropriate close-fitting sliding plug. 
The ultimate strength for different rates of strain is determined from 
stress-time records. In the lower range of strain rates, an approxi- 
mate evaluation of the proportional limit may be obtained. The 
results of this test may be open to some question because of the non- 
uniform stress distribution along the length of the specimen at any 
given instant. This nonuniformity is associated with propagation of 
pressure through the mercury. However, the results seem to be a 
fair indication of the strain rate effect. 
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Fig. 11—Delay Time for the Initiation of Yielding at Rapidly Applied 
Stresses in a 0.19% Carbon Steel at Room Temperature. 


upper yield point can be applied in a short time without causing 
yielding. A more complete study of the delay of yielding in low 
carbon steel was made in 1949 (30). In this investigation, rapid- 
loading equipment was devised by which a predetermined stress 
could be applied to a specimen in a time as short as about 6 milli- 
seconds and maintained constant for as long as desired. The time 
of 6 milliseconds to attain the desired load is large, compared with 
the wave propagation times; therefore, propagation effects are not 
involved in studies with this equipment. Very careful determinations 
of stress and strain relations were made under static conditions to 
establish the static upper yield point of a low carbon steel. Tests 
were then made in the rapid-loading equipment by impressing stresses 
in excess of the static upper yield point. It was observed that stresses 
above but near the static upper yield point could be maintained for a 
reasonably long time before the specimen yielded. The interval 
during which the stress was maintained constant before yielding has 
been called the delay time. By increasing the stress, the delay time 
before yielding decreased. These results are shown in Fig. 11. This 
observation means that a stress may be applied rapidly and main- 
tained constant for a certain length of time and then released without 
causing appreciable plastic strain. The higher the stress, the shorter 
the time the stress can be maintained without yielding. 

The first studies on delay phenomenon were made at a temper- 
ature of about 70°F. The work was extended to include tests at 
both higher and lower temperatures. These results are shown in Fig. 
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Fig. 12—Delay Time for the Initiation of Yielding at Rapidly 
Applied Stresses in a 0.17% Carbon Steel. 


12 (31, 32). Here one observes that the delay time increases with 
decreasing temperature for a given stress. The lower limiting stresses 
represented by the horizontal portion of the curves for the higher 
temperatures in Fig. 12 coincide with the upper yield stress as de- 
termined by tests in which the load was applied very slowly. One 
would expect this behavior to be related to a thermal activation proc- 
ess, but so far such a relationship has not been established. Tests 
inade at a temperature of —320°F (—196°C) by Wood (32) 
indicate that there is an upper limiting stress at which the delay time 
rapidly tends toward zero with increasing stress. In low carbon 
steel, this limiting stress is of the order of 126,000 psi. Some of the 
specimens that were tested at this low temperature failed in a com- 
pletely brittle manner. One might suspect that there is some relation 
between the maximum limiting stress and brittle fracture. However, 
completely brittle fractures were not exhibited by all specimens tested 
at the limiting stress, and some of the specimens tested at slightly 
lower stresses did fail in a brittle manner. 

One may suppose that the advent of brittle fracture is associated 
with a change in the mechanism of the initiation of plastic deformation 
which is related to the maximum limiting stress. At present, this 
change in mechanism has not been explained, although some possi- 
bilities have been proposed. This maximum limiting stress may well 
be related to the observation of the transition temperature in notched- 
bar impact tests. In tests of this type, very high stresses are attained 
very rapidly at the root of the notch. The maximum limiting: stress 
may, therefore, be attained in this test, as evidenced by the decrease 
of energy absorption. Rapid-loading tests at temperatures higher 
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Fig. 13—-Time to Produce Permanent Strain at Rapidly 
Applied Stresses for Type 302 Stainless Steel. 


than —320°F (—196°C) would probably also exhibit an upper 
limiting stress but at much shorter delay times. Then, since in a 
notched-bar impact test the rise time of the stress at the base of the 
notch is extremely short, the upper limiting stress can be reached 
before yielding has time to occur even at higher temperatures. 

This discussion has been concerned with delay phenomena in a 
metal which exhibits a distinct yield point. What about the behavior 
of a metal for which the static stress-strain curve does not possess a 
discontinuity ? Rapid-load tests have been made on such metals (30), 
including 18% chromium, 8% nickel stainless steel, normalized AISI 
4130 steel, quenched and tempered AISI 4130 steel, 24S-T aluminum 
alloy and 75S-T aluminum alloy. The tests on these metals showed 
that plastic deformation occurs during the loading period and that a 
distinct delay time does not exist. However, in the case of the stain- 
less steel subjected to a rapidly applied constant stress, the rates of 
strain are such that an appreciable time is required for the plastic 
strain to reach its equilibrium value as given by the static stress- 
strain curve. This effect is illustrated in Fig. 13. In a static test, 
a stress of about 42,000 psi is required to produce a deformation of 
0.4%. In a test in which the stress is rapidly raised to this same 
value and held constant, a strain of 0.4% is not attained until a time 
of something greater than 1 second has elapsed. This time effect was 
rather small in the other metals that were tested. 

Kramer and Maddin (33) in 1952 made tests on single crystals 
of alpha and beta brass and aluminum with a technique somewhat 
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different from that used by Wood. By the use of a pendulum system, 
the specimen was subjected to a rapid increase of stress to some con- 
stant stress determined by the velocity of impact. The strain in the 
specimen was measured as a function of time, and a means was pro- 
vided by which any permanent strain could be detected. The results 
for beta brass are shown in Fig. 14, plotted on a logarithmic scale 
of time. The observations are similar to those presented for low 
carbon steel. However, one notices that the delay is not observed 
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Fig. 14—Delay Time for Initiation of Plas- 
tic Deformation at Rapidly Applied Stresses for 
Beta-Brass Singie Crystals. (Kramer and Mad- 
din.) 


at room temperature but at lower temperatures. Kramer's results 
on single crystals of alpha brass and aluminum indicate that there is 
no delay in the initiation of plastic strain in these metals. 

A significant result of Kramer’s investigation lies in the absence 
of delay in the two face-centered cubic metals, alpha brass and 
aluminum, and the presence of a delay in the body-centered cubic 
beta brass. There is some evidence, then, that one would not expect 
face-centered cubic metals to exhibit a time delay for the initiation 
of plastic deformation. However, an effect is observed in 18% 
chromium, 8% nickel stainless steel in which there is an increase of 
stress to produce a given strain when the material is rapidly loaded. 
This condition, indicated in Fig. 13, is somewhat different from the 
delay phenomenon. The stainless steel has a face-centered cubic 
structure and apparently does not exhibit the delay phenomenon. 

Kramer has indicated that there may be a relation between the 
delay phenomenon and the brittle transition in metals. His point of 
view is illustrated by Fig. 15. The curve ABC represents the 
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loading applied to a specimen as a function of time. The other curves 
represent the delay time curves at different temperatures. If the 
stress reaches the delay time curve for the test temperature, then 
plastic deformation occurs. However, if the loading curve reaches 
the fracture stress before intersecting the appropriate delay time 
curve, fracture occurs without appreciable plastic deformation. This 
concept may have a sound basis. The results obtained by Wood (32) 
indicate that the most probable delay time curves for different tem- 
peratures are of the type visualized by Kramer in Fig. 15. Further 


Stress 


A 


Stress vs. Time 
for Loading 





Log Time 


Fig. 15—-Schematic Diagram of_ Load- 
ing Curve in Relation to Delay Time Curves. 
(Kramer and Maddin.) 


work must be done to establish this behavior definitely. The obser- 
vation of a brittle transition temperature and a delay time in the 
body-centered cubic metals and not in the face-centered cubic metals 
would seem to give some indication of the existence of a possible 
relationship. 


PREYIELD MICROSTRAIN 


In 1952, Vreeland (34) conducted some rapid-load tests in 
which measurements were made of-the microstrain which occurred 
during the period of delay before yielding. By using a differential 
strain-gage system, he was able to determine the very small plastic 
strain that occurred prior to yielding. The variation of this micro- 
strain with time is shown in Fig. 16 for different constant stresses. 
The rate of strain is greatest at the beginning of constant load and 
decreases until a microstrain of about 30 & 10° inch per inch at 
stresses greater than approximately 40,000 psi is present. After the 
strain has reached a value of this order of magnitude, yielding occurs. 
Similar amounts of preyield microstrain have been observed by 
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Roberts, Carruthers and Averbach (34). This strain is of consid- 
erable importance in establishing a probable mechanism of the delay 
phenomenon which will be discussed later. 

Before the probable mechanism of time delay in yielding is dis- 
cussed, the results of some other investigations that are pertinent to 
this study should be examined. The work of Low and Gensamer 
(36), Holden and Hollomon (37), and Schwartzbart and Low (38) 
has shown that the presence of a yield point in the stress-strain 


diagram of iron or low carbon steel is attributable to the presence 


a= 43,500 psi 
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Fig. 16—Microstrain Versus Time at Different Rapidly Applied 
Constant Stresses for a 0.12% Carbon Steel. 


f carbon and nitrogen. Some investigators have shown that the 


yield point is eliminated by the removal of practically all carbon and 
nitrogen. Tests (39) have been made on specimens that were treated 
in wet hydrogen to decrease markedly the carbon and nitrogen con- 
tent. These specimens were then subjected to rapid-load tests to 
determine the existence of any delay phenomenon. While the static 
stress-strain diagram did not exhibit a distinct yield point, the rapid- 
load tests did show a delay time and a distinct yielding. This be- 
havior may be ascribed to the presence of a very small residual 
amount of carbon and nitrogen. 


RECOVERY BY AGING 


An interesting series of tests was made to determine if the rapid 
loading of a low carbon steel at a stress above the static upper yield 
point for a period of less than the delay time at that stress will affect 
the time required for initiating yielding on a second application of 
the same stress. The tests were made by rapidly loading a specimen 
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of low carbon steel to a stress in excess of the static yield point. The 
stress was maintained for a period of approximately 3/5 of the normal 
delay time, so that yielding did not occur. The same specimen was 
again loaded rapidly to the same stress and the delay time measured. 
In all cases, the specimens yielded on the second application of load 
in a time which made the total time at stress about equal to the delay 
time that would be required with only one application of load. Other 
tests were made in which the specimens were aged for different times 
at different temperatures during the period between stress applica- 
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Fig. 17—Effect of Aging Temperature and Time on the Time to 
Initiate Yielding at Constant Stress for a 0.12% Carbon Steel. 


tions. These results are shown in Fig. 17. Specimens that were 
aged for at least 100 minutes at a temperature of 150 °F after each 
loading could be subjected successively to the rapidly applied stress 
without yielding, provided the time at load for each application was 
approximately 3/5 of the normal delay time. Aging at a temperature 
of 200 °F for at least 12 minutes accomplished the same result. In 
other words, aging for the proper length of time at these temperatures 
apparently erased the effect of prior applications of stresses in excess 
of the static yield point. This means that some readjustment occurred 
in the structure during the aging treatment. From the two pairs of 
values of critical time and temperature of aging which were found 
to eliminate the effect of a previous stress pulse, an activation energy 
for the process may be determined. The value obtained is about 19 
K-cal/mol, which is just the activation energy for thermal diffusion 
of carbon and nitrogen in iron, within the accuracy of the data. Thus, 
the recovery of the material from the effects of short duration stress 
pulses represents another aspect of the yield phenomenon which is 
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intimately related to the presence of carbon and/or nitrogen in the 
steel. 

The question, “What is the mechanism by which a low carbon 
steel can be subjected to a stress above the static yield point for a 
certain length of time without yielding?” may now be discussed. To 
answer this question requires an examination of the mechanism of 
plastic deformation. 


MECHANISM OF PLASTIC DEFORMATION 


For many years it was a general belief that deformation in a 
crystalline substance occurs by the relative motion of rows of atoms 
on certain planes, thus producing a block movement. By this con- 
cept, an entire row of atoms moves with respect to an adjacent row, 
as shown in Fig. 18. However, when attempts were made to relate 





Fig. 18—-Deformation by Block Slip. 
(Lower rows cf atoms move as a unit.) 


the shear stress for slip to interatomic forces estimated from known 
elastic constants, it was shown that the stress which would be re- 
quired to produce block slip is far greater than that which is observed 
experimentally. In the case of zinc it is estimated from the appro- 
priate elastic constants that the stress required to produce an ex- 
tremely small permanent deformation or small displacement of all 
atoms in one rew with respect to the adjacent row is of the order 
of 500,000 psi. This stress is approximately 1000 times the stress 
determined by experiment, and the discrepancy is too large to be 
explained by the approximations made in the calculation. It was 
considerations of this type that ruled out the block slip mechanism 
of plastic deformation. The observation of slip lines in plastically 
deformed metals indicated that apparently relative movement of rows 
of atoms takes place ; but the question arises, if not by block slip, then 
what ? 
DISLOCATIONS AND YIELDING 


In 1934, Taylor (40), Orowan (41), and Polanyi (42) each pro- 
posed that the difficulty of explaining slip in crystals could be removed 
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if the atoms in the structure were considered as being elastically 
coupled to each other and subject to thermal vibration. In this state, 
the atoms would exist in a nonuniform force field, so that it would not 
be necessary for all atoms in a row to move as a rigid assembly. How 
ever, this situation alone would not allow a permanent displacement 





Before Slip After Slip 


Fig, 19-—Edge Dislocation 


of a row of atoms. Hence, it was proposed that if there was a defect 
in the lattice structure, such that there was one more atom in all 
planes above the slip plane than in the plane below, as shown in Fig. 
19, then a permanent displacement along the slip plane could be 
accomplished by a step-by-step procedure. This defect of extended 
length in a direction perpendicular to the plane of the figure, called 
an edge dislocation, could then move along the plane, producing a 
final permanent displacement of the upper half of the crystal with 
respect to the lower half. ‘There seems to be reasonable indirect evi 
dence of the existence of dislocations; and for the present, at least, 
this concept appears to be the most satisfactory mechanism by which 
the plastic behavior of metals can be explained. 

A theoretical explanation of the yield point in low carbon steel 
in terms of dislocations and their interactions with interstitial atoms 
of carbon and nitrogen has been in process of development over the 
past several years. The phenomenon of delayed yielding, the micro 
strain which precedes yielding, and the recovery by low temperature 
aging from the effects of stress pulses may be correlated with the 
theoretical developments, at least qualitatively. The theory depends 
upon three principal concepts. ‘The first, due to Cottrell (43), is that 
foreign atoms in solid solution form ‘‘atmospheres’”’ around disloca- 
tions, and that such atmospheres tend to anchor the dislocations so 
that they are more difficult to move. The application of this concept 
to the effects of carbon in iron has been discussed in more detail by 
Nabarro (44). <A detailed theory of the manner in which dislocations ) 
may be released from atmospheres of foreign atoms under the com- | 
bined action of an applied stress and thermal fluctuations has been . 
presented by Cottrell and Bilby (45). This theory shows that the 
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thermal activation energy required for the release of a dislocation 
from an atmosphere decreases as the stress is increased. Thus, accord- 
ing to this theory, anchored dislocations will not begin to move imme- 
diately when a stress is applied but must wait for thermal fluctuations 
of sufficient magnitude before they can be released from their atmos- 
pheres of foreign atoms. It is clear that the mean time for such release 
decreases with increasing stress and with increasing temperature. It 
should be pointed out here, for reasons which will become apparent 
later, that the stress which is of importance is the local resolved shear 
stress in the slip plane and in the slip direction. This local stress may 
contain a contribution from other neighboring dislocations as well as 
the stress due to an externally applied load. 

The second concept of importance to the present theory of the 
yield point in polycrystalline iron and low carbon steel is that grain 
boundaries constitute relatively strong obstacles to the motion of dis- 
locations previously released from anchoring atmospheres. That is, 
a considerably higher local stress is required to release a dislocation 
from a grain boundary or.to cause a free dislocation to pass through a 
boundary than is required to release an isolated dislocation from an 
anchoring atmosphere. This concept was first put forward by Cottrell 
(46) in 1950. According to this view, when a load is applied to a 
specimen of annealed low carbon steel, dislocations which are released 
from carbon and nitrogen atmospheres within the grains move freely 
to positions near the grain boundaries and are stopped there. As time 
goes on with the external load maintained, more and more disloca- 
tions are released within the grains and pile up against the bound- 
aries. If at some point near a grain boundary enough dislocations 
accumulate, the resulting high local stress at the boundary reaches a 
critical value at which dislocations may be released from or pass 
through the grain boundary. This point in the process represents the 
initiation of macroscopic yielding. 

The third concept of importance for the present dislocation mech- 
anism of the yield point is the Frank-Read (47) dislocation multipli- 
cation mechanism. This is a specific mechanism for the generation 
of many dislocations, all lying in a single slip plane, as shown in Fig. 
20. A segment BC of a dislocation loop ABC lies in the active slip 
plane DEFG. The end points B and C of the segment are effectively 
hxed. When a shear stress of proper magnitude is applied, the seg- 
ment BC will curve and generate new dislocation loops as indicated. 
When a new dislocation loop is formed, the original segment BC is 
re-formed. 

A combination of these three concepts provides a dislocation 
model of an individual yield nucleus in annealed low carbon steel. 
This model consists of a Frank-Read dislocation source with a satu- 
rated Cottrell atmosphere of carbon and/or nitrogen atoms which lies 
in a slip plane at some distance from a grain boundary or other ob- 
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stacle to dislocation motion, such as a patch of cementite. The dis- 
tance from the source to the obstacle is considered to be large, com- 
pared with the length of the Frank-Read source. 

The behavior of such a yield nucleus under the influence of a 
rapidly applied constant resolved shear stress due to externally applied 
loads may be described qualitatively as follows: New dislocation loops 
are generated at the Frank-Read source and move rapidly out in the 





Fig. 20—-Frank-Read Dislocation Source. 


slip plane until they come to rest at positions in which they are in 
equilibrium under the combined action of the externally applied stress, 
the stress due to the obstacle, and the stresses produced by dislocation 
loops previously generated by the same source. As the number of 
dislocation loops accumulated in this way increases, the local stress 
at the obstacle increases, and the local stress at the Frank-Read source 
decreases. This effect follows from the nature of the stress fields of 
dislocation. Since the rate of generation of new dislocation loops is 
an increasing function of the local stress at the Frank-Read source, 
this rate of generation decreases with time, following the application 
of the externally applied stress. If the applied stress is below the 
static upper yield stress, so that the obstacle does not break down as 
the dislocations accumulate, the generation of new dislocations even- 
tually stops. However, if the stress is above the static upper yield 
stress, a sufficient number of dislocations will be formed to break 
through the obstruction, resulting in yielding. 

The preyield inelastic microstrains measured by Vreeland (34) 
may be identified with the generation and motion of dislocations which 
accumulate in the yield nuclei prior to the onset of macroscopic yield- 
ing. It is evident from Fig. 16 that these preyield microstrains occur 
in a manner which is in good qualitative agreement with the disloca- 
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tion model. The behavior of a material containing yield nuclei of the 
type postulated is also consistent with the measurements of the delay 
time for yielding and its dependence upon applied stress and tempera- 
ture, as shown in Fig. 12. Finally, the mechanism explains the be- 
havior of the material where it is subjected to short duration stress 
pulses above the static upper yield stress and the recovery from the 
effects of such stress pulses by appropriate time-temperature aging 
treatments. The latter effect is due to the diffusion of carbon and/or 
nitrogen atoms to the dislocations generated during the previous stress 
pulse and the resulting stabilization of the array of dislocations. 


CONCLUSIONS 


The quantitative details of these theories (48) are far more com- 
plicated than has been indicated here, but this discussion should be 
sufficient to indicate the progress that has been made in trying to 
explain certain phases of the dynamic behavior of metals. As in 
most cases of fundamental studies, these ideas have been developed 
by many individuals; they are not the result of the effort of only one 
person. There have been many arguments about these matters, and 
arguments will continue because the whole story has not been told. 
Such argument is a healthy situation; only by the proposals of the 
theorists as proved or disproved by the careful experimentalists will 
our knowledge of the behavior of metals advance. With the unfolding 
of the truth, a working basis will be provided for the practicing engi- 
neer who must take the responsibility of designing and constructing 
equipment. 

Thus, some insight into how metals behave under dynamic con- 
ditions is being attained. It is only through basic experimental studies 
guided by the wise counsel of the theoreticians that it will be possible 
to secure a complete understanding of how metals behave when dy- 
namically loaded. It is apparent that it will probably be a long time 
before the picture will be completely clarified. During this period of 
learning, many more questions will arise which require answers in 
order to make the next step. These fundamental studies allow a step- 
by-step approach, which is the only sensible manner in which to secure 
a proper understanding of the subject. 

While studies of this character are in progress, the metallurgist 
and the engineer are still left each to his own devices in utilizing his 
ingenuity in the development of practical tests that will permit him to 
make some evaluation of the properties of a metal for possible use in 
practice (49, 50). While many of these practical tests do not yield 
basic information that will lead to an explanation of the mechanisms 
in operation, they are of importance and must be continued. How- 
ever, let us not permit the use of these practical tests to overshadow 
and confuse the more fundamental investigations which must be made 
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in order to progress to a thorough understanding of the basic princi- 
ples. It is only on the basis of these principles that a sound under- 
standing of the behavior of metals can be established. There are many 
cases in which compromises have been made in the evaluation of mate- 
rials because of the absence of a fundamental understanding. With 
continued effort by the research investigators, it has been possible to 
secure basic information that permitted greater progress than would 
otherwise have been possible through everyday, practical testing and 
experience. 

As this 28th Edward deMille Campbell Memorial Lecture comes 
to a close, let us again give thought to the memory of the man for 
whom this memorial was created. It is only through the cooperation 
of scientists and engineers that problems in the field of metallurgy 
can eventually be solved and that a better understanding of the be- 
havior of metals can be secured. Development will depend upon the 
young men now in training, and the future will depend upon how well 
those in the academic field do that training. We could all well aspire 
to emulate Edward deMille Campbell in his characteristics of imagi- 
nation and patient experimentation, and above all in his ability to 
inspire those with whom he came in contact with a desire to do crea- 
tive research. 
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A STATISTICAL STUDY OF THE STRESS- 
RUPTURE TEST 


sy C. W. PHILLIPS AND M. J. SINNOTT 


Abstract 


A large number of replicate stress-rupture tests have 
been made on 2S aluminum at 900 °F. The variation in 
fracture time and reduction in area at a given stress may 
be represented by a logarithmic-normal distribution, while 
the elongation distribution is normal. The standard devia- 
tions in tog fracture time, log reduction of area, and elon- 
gation have been determined and found to be considerably 
larger than 1s generally recognized. The linearity of the 
log stress—log time plot in the vicinity of the break in 
the rupture curve 1s uncertain. The break in the rupture 


curve cannot be explained by the simple hypothesis of 
recrystalization. Aluminum during testing deforms and 
recovers by a process of subgrain formation. 


HE stress-rupture test, in conjunction with the creep test, has 

Ft become a standard method of evaluating the high temperature 
properties of materials. An excellent description of this method of 
testing and its importance has been presented recently by Grant (1)? 
Many data have been published to show the effects of such factors as 
inalysis variations, grain size, atmospheres, hot working and cold 
vorking, on the stress-rupture properties. Critical consideration of 
many of the conclusions drawn from these data indicates that the 
respective authors are unaware of the variability of their material 
and the test method, or at least feel that this variability is unimpor- 
tant in relation to the factors they are attempting to evaluate. Be- 
cause of the time and expense of obtaining reliable and quantitative 
estimates of such variability, little information on this phase of stress- 
rupture testing is available. Also, apparently because of the scales 
imposed on the users of commercially available log-log graph paper, 
published stress-rupture curves are grossly distorted by compression 
of the stress scale, thereby greatly minimizing the apparent variance 
on the time scale. In fact, the use of such scales has become so in- 
grained that the author of a recent publication, presenting a log stress 
curve ranging from 2000 to 40,000 psi in about the same linear dis- 
'The figures appearing in parentheses pertain to the references appended to this paper. 


Of the authors, °C. W. Phillips is instructor, and M. J. Sinnott is associate 
protessor, Department of Chemical and Metallurgical Engineering, University 
of Michigan, Ann Arbor, Mich. Manuscript received April 14, 1953. 
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tance as five log time cycles, felt that the stress axis was highly 
expanded ! 

The principal objective of the present work was to determine the 
variance exhibited by a material tested in stress-rupture and to show 
the relationship of this variance to curves plotted in the usual manner 
from the usual number of experimental points. In addition, it was 
desired to add another voice to those advocating the increased use of 
statistical methods in experimental metallurgical work in order to 
arrive at conclusions less liable to bias on the part of the observer. 

The initial impetus for the use of statistical methods occurred 
with the extensive application of quality control techniques to pro- 
duction problems during the early years of the last decade. This type 
of work is well exemplified by a series of papers describing investi- 
gations on gun tube quality by the personnel of Carnegie Institute of 
Technology. One of these papers presents most of the statistical 
methods which might be utilized in metallurgical investigations (2). 
More recently, the application of statistics to metallurgy has been ex- 
tended to experimental procedures such as impact and endurance test- 
ing, particularly the latter (3, 4). It should be obvious that the use 
of statistical methods for the design and execution of experiments 
becomes increasingly important with the increased cost in time and 
money of the test method, particularly if appreciable variance exists. 
The basic text in the field is, of course, that of Fisher (5). A num- 
ber of other excellent texts are also available (6, 7, 8). The math- 
ematical procedures used in the present paper are all described in 
these standard texts. 

An attempt is made to explain in abbreviated form the various 
statistical terms and operations employed in order to make it un- 
necessary for the reader who may not be thoroughly familiar with 
the methods to refer continually to other texts. This treatment is 
by no means exhaustive. 

It should be emphasized that the usual methods and precautions 
involved in stress-rupture testing were applied; in other words, the 
fact that the results were to be analyzed statistically in no way affected 
the testing procedure. No tests were eliminated except when they 
were obviously in error as a result of faulty procedure. 


MATERIAL AND [TREATMENT 


Eight 12-foot bars of 34-inch round, as-extruded 2S aluminum 
were obtained through commercial channels. It is unknown whether 
the bars were from the same heat or extrusion run. The bars were 
numbered from 1 to 8 and cut into lengths suitable for 0.505-inch 
diameter test specimens. The test specimen samples were numbered 
froin 1 to 25 consecutively in each bar. The test specimens were 
annealed for 6 hours at 1050°F (565°C) in a recirculating air 
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furnace in order to produce a stable structure for subsequent testing 
at a temperature of 900 °F (480°C). The grain size and structure 
obtained are shown in Fig. 1. 


Test PROCEDURES AND EQUIPMENT 


The recommended practice of ASTM E-21-43 for short-time 
elevated temperature tension tests was followed. The test specimens 
were standard 0.505-inch diameter, 2.5-inch reduced section, threaded- 
end bars. 

A hydraulic tensile machine was used to obtain the rupture data 
for fracture times up to 2 hours. This unit was equipped with a 





Fig. 1—Annealed Structure of 2S Aluminum Alloy, Polarized Light, Electro- 
lytically Polished, Anodized. X 100. 


tubular electric resistance furnace automatically controlled so that the 
variation between any two of the three thermocouples attached to the 
reduced section did not exceed 10°F. Specimen diameters were 
checked, 2-inch gage marks were applied, and the samples were fitted 
with shielded thermocouples and placed in the furnace, previously 
heated to 900 °F (480°C). Approximately 1 hour prior to loading 
Was spent in adjusting the furnace shunts to obtain the required test 
temperature and distribution. The specimens were then rapidly 
loaded to the test stress and the fracture time recorded. These tests, 
as well as those made in rupture machines, were performed under 
conditions of constant load and not constant stress. 

For tests extending longer than 2 hours, the specimens were 
placed in either of two previously calibrated rupture machines equipped 
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with furnaces similar to that used with the hydraulic machine. The 
test procedure was the same as that previously described. 

Twenty specimens were tested at each of six stress levels. One 
to four test specimens (usually two to three) from each of the original 
eight bars were chosen for testing at a given stress. The samples 
tested at a given stress had random positions in the original long bar. 

Samples for metallographic examination were prepared by sec- 
tioning longitudinally at the fracture, polishing electrolytically with 
an alcohol — butyl cellosolve — perchloric acid solution, and anodizing 
with a fluoboric acid solution (9). Polarized light was used to reveal 
subgrain structure. Keller’s etch was used for the regular light mi- 
croscopy. Unetched micrographs were made on samples given a 
final polish with diamond powder. X-ray diffraction patterns for 
revealing recrystallization, or subgrain formation, were made by 
utilizing a stationary sample, flat film, back-reflection method with 
copper radiation. 


IX PERIMENTAL RESULTS 


Table I is a complete summary of the raw test data. This table 
gives the location of each individual test specimen with respect to bar 
number and location within the bar. The data listed at each location 
are the applied stress, the percentage elongation in 2 inches, the 
fracture time in minutes, and the per cent reduction of area. The 
reduction of area at the three higher stress levels is essentially 100%, 
and therefore the slight variations recorded are unreliable for quan- 
titative treatment. All fracture times are plotted in the conventional 
fashion in Fig. 2. 





IO io? lO lO 
Time, minutes 


Fig. 2—-Conventional Stress-Rupture Plot of All Data. 


The analysis of these data falls into two categories. The first is 
the verification of the uniformity of the material so that reliance can 
be placed on the conclusions that may be drawn. This is an impor- 
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tant step, since conclusions cannot be validly drawn unless one is sure 
that all of the test materials are the same. Statistically this is known 
as testing to see if the samples are from the same universe. The 
second category is the application of mathematical operations and 
tests which will yield the maximum information obtainable from the 
data. These will be taken up in the order mentioned. 


Uniformity of Material 


A measured characteristic of any material or system exhibits 
chance variations. Valid comparison of the results of measurements 
on samples taken from supposedly identical groups requires that a 
suitable test be made to assume that the groups are indeed similar in 
respect to the extent of this property variation. 

In the present case the history of the eight bars may have been 
different, necessitating an analysis of variance to reveal the effect of 
such differences on the properties measured. Variance, V, is de- 
fined as: 


where x = Arithmetic mean 
x — Individual measurement 
N = Total number of measurements. 


The denominator, (N — 1), is the number of degrees of freedom of 
the set of measurements. The square root of the variance is the well- 
known o, the standard deviation of a set of measurements. 

The analysis of variance consists of determining the variance of 
samples within bars and between bars, and determining whether the 
ratios of these values, F = V;/Ve, where V,; > Vo, differ by amounts 
greater than may be expected by chance alone. If they do not, then 
it may be reasonably assumed that the samples from the various bars 
are homogeneous and belong to the same universe insofar as the 
property measured is concerned. For convenience, tables of F-values 
for various degrees of freedom and significance levels are presented 
in statistics texts. 

The decision as to what is a significant difference, more than 
may be reasonably expected by chance alone, is somewhat arbitrary. 
The usually accepted value of probability is 0.05, one chance in 
twenty. If greater assurance that a difference exists is required, the 
limit may be reduced to 0.01 or even 0.001. Probabilities of 0.1 or 
more are considered not significant. 

An analysis of variance of the logarithm of the fracture time, 
logarithm of the reduction of area, and of the elongation was made. 
The logarithms of the fracture time and the reduction of area were 
used, since this transformation results in a distribution which appears 
normal, as will be explained later. Only the three lower stress levels 
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were involved in the reduction of area results for the reasons pre- 
viously stated. 

In all cases the variance ratios were within the 10% limits for 
12 and 7 degrees of freedom, as shown in Table II, leading to the 
conclusion that all samples may be considered as originating from the 
same universe. 


Table II 
F-Ratios From Analysis of Variance 


Stress, psi: 450 520 588 725 800 1100 
ee: Sn er 1.16* 1.047 1.727 1.687 1.37" 1.96% 
ee errr 1.45* 2.207f i343" 1.727 ‘52° 1.16* 
Log % Reduction of Area.. 1.527 1.907 1.537 


*Larger to smaller ratio corresponding to 12 and 7 degrees of freedom respectively 


re 10%, F = 2.67. 
{Larger to smaller ratio corresponding to 7 and 12 degrees of freedom respectively 
or P 10%, F = 2.28. 


The possibility of the presence of a trend of properties along 
the bars was tested, even though this did not appear likely from the 
results of the previous analysis of variance, since in no case was the 

ariance within bars significantly greater than between bars. The 
positive and negative deviations from the average value of time and 
elongation in each bar at a given stress level were obtained, and a 
2 by 2 contingency table was constructed utilizing these deviations 
and the two halves of the bar as cells. Again no evidence for suspect- 
ing a lack of homogeneity resulted. A contingency table is a table 
of frequency data whose rows and columns are subtotaled for com- 
parison with the grand total of all the cells [Davies (6), p. 190]. 


Statistical Treatment 


The term normal distribution involves an important concept in 
statistics. A normal distribution of data is a plot of the value of the 
function as the ordinate and the frequency as the abscissa, which 
produces a bell-shaped curve that is symmetrical about a mean value 
and falls off asymptotically to the ordinate axis in both directions. 
The ideal curve conforms to an explicit mathematical expression. 
The standard deviation, o, previously mentioned, is a measure of the 
dispersion of this distribution, the scatter in the data. The interval! 
+o encloses 68.3% of the area under the curve symmetrically about 
the mean, +20 an area of 95.5%. Thus, in a series of measurements 
conforming to a normal system approximately 68 out of every 100 
observations will occur within the lo limits or 95 out of 100 within 
the 26 limits. In practice, most of the distributions found in experi- 
mental work are of the normal or nearly normal type and since a 
considerable portion of statistical theory is based on the normal dis- 
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Log Fracture Time 
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Fig. 3—Proportional Cumulative Frequency Plot, Log Fracture Time. 


tribution, if a nonnormal distribution is found, an attempt is usually 
made to transform it to a normal one in order that it may be analyzed 
by the usual statistical methods. This is the procedure that was used 
on the analysis of the fracture times and the reductions of area in the 
present study. Plotting log fracture time and log reduction of area 
resulted in distribution curves more closely approximating the normal 
form. 

A convenient method of plotting frequency distribution curves 
is to use arithmetic probability paper. The scale of the abscissa of 
this paper, the proportional cumulative frequency, Pm, is so arranged 
that plotting P,, versus increasing values of the variable results in a 
straight line if the data distribution is normal. The abscissa P,, is 
defined as 


; m 
Pa = 
n+ 1 
Pm = proportional cumulative frequency corresponding to the m’th value. 
m = 1,2,3,---m. 
n = total number of samples, in this case 20. 


This type or probability plot for fracture time, reduction of area, and 
per cent elongation from the data of the present investigation is shown 
in Figs. 3, 4, 5, and 6. The straight lines drawn through the points 
can be analytically determined from the analysis of variance, since 
the mean value is at the P,, = 50% point and +o lies at the 16 and 
84% points. In general, the plotted points conform weil to the nor- 
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Fig. 4—Proportional Cumulative Frequency Plot, 
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Fig. 5—Proportional Cumulative Frequency Plot, 


mal distribution. A few are skewed, and 
toward kurtosis, flat- or peak-toppedness of 
latter is indicated by a sigmoid shape on 
metrical about the mean. 
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Table III 
Mean Values and Deviations 
Stress, Log Fracture Elongation, % Log % Reduction 
psi Time, minutes 20 in 2 inches 20 of Area 20 
450 3.569 0.272 20.3 18.2 1.533 0.185 
520 3.316 0.331 21.6 10.3 1.559 0.181 
588 3.020 0.460 24.9 13.2 1.608 0.110* 
725 1.670 0.290 77.9 26.2 
800 1.508 0.304 66.2 20.4 
1100 0.3642 0.250 75.8 26.0 
Grand 2¢ 0.318 
Grand 2¢e 0.292 (Without 588-psi Data) 


*High % R.A. values omitted. 


The summary of the values of the means and deviations for 
fracture time, per cent elongation, and per cent reduction of area is 
given in Table III. 

Two items should be mentioned. First, the large variance for 
the fracture time, and second, the discontinuity of the reduction of 
area curve at the 588-psi stress level. 

It has often been noted in the literature that the results of stress- 
rupture testing are best presented graphically on double logarithmic 
paper, since straight lines usually result. The mean values of log 
stress versus log time are so plotted in Fig. 7. It is obvious that two 
distinct branches exist, each of which may be represented by a 
straight line. It is possible to append to the means the values of +o 
or some multiple, usually +26, to represent the scatter which would 
he expected. 

A more accurate estimate of 6 may be made by combining the 
variances found at all stresses if it can be concluded that the variances 
come from the same universe. This may be checked by the use of 
the Bartlett Test. The object of this test is to determine whether the 
individual 20 deviations for each stress level can be replaced with 
negligible error by a grand 20. If so, then parallel lines may be 
drawn on the stress-rupture plot enclosing the 26 limits [Davies (6), 
page 113]. In this case, there is some evidence of lack of homo- 
geneity because the y* value is such that the probability of occurrence 
of as much or more variance lies between the 5 and 10% level of 
significance. The cause of this is immediately seen to be the 588-psi 
variance. An indication that there is something amiss in these data 
is supported by the discontinuity observed in the reduction of area 
cumulative probability curve (Fig. 6). It was thought that the cause 
of the wide variance was the concurrent existence of two universes 
of slightly different means which could be separated. Recalculating 
the means and variances of the separate groups showed that they had 
essentially the same variances, of the order of the combined variance. 
A t-test of the same means revealed some possibility that they were 
significantly different, with the value of t at the 5 to 10% level. A 
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Fig. 6—Proportional Cumulative Frequency Plot, Log Per Cent Reduction of Area 
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Fig. 7—Log Stress Versus Log Fracture Time, Means and Standard Deviation. 


t-test [Davies (6), page 57] is a procedure applied to ascertain 

whether two series of observations come from the same universe. 
Since the homogeneity of the variances is in doubt, the combined 

variance is calculated both with and without the results of the 588-psi 
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Fig. 8—Fracture Time Versus Per Cent Elongation. 


series ; the 20 limits are given in Table III. The 26 limits calculated 
without the 588-psi series is represented in Fig. 7 by the dashed lines 
enveloping the regression lines, the lines of best fit. 

The regression lines were determined by the method of least 
squares, assuming liability of error is limited to the dependent variable, 
log time. These regression lines may be expressed by the following 
equations : 


Log t = 23.1 — 7.47 Log s (High Stress Branch) 


Log t = 14.7 — 4.21 Log s (Low Stress Branch) 


A test for significance between regression coefficients, the inter- 
cepts and slopes of the regression lines, was made and, as would be 
expected, the probability that they would differ as much as they do 
by chance alone is extremely small, of the order of one in several 
hundred thousand. This merely corroborates what has long been 
known, that breaks in the curves do exist. 

What is of far more importance in the present instance is the 
lack of conformity of the curves to the usually accepted configuration. 
Their intersection occurs at a stress considerably less than those at 
which fracture times conform to the lower branch of the curve. This 
will be discussed later. 

There is no continuous variation of elongation or reduction of 
area with stress within either of the branches of the curves, although 
high elongation and reduction of area are associated with the upper 
branch, and vice versa. Corresponding times for fracture and elon- 
gations at two stresses are presented in Fig. 8. The distribution of 
the 1100-psi data shows some weak correlation. None of the others 
exhibited any relationship. 
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Fig. 9—Photomicrograph of Voids. Unetched, diamond polish. 1100-psi test 
specimen. X 100. 


Fig. 10—Photomicrograph of Voids. Unetched, diamond polish. 725-psi test 
specimen. x 100. 

Fig. 11—Photomicrograph of Voids. Unetched, diamond polish. 450-psi test 
specimen. X 100. 
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Fig. 12—-Fracture Area, Electrolytically Polished, Etched With Keller’s Etch 
1100 psi, 4.51 min. fracture time. X 100. 


Fig. 13—-Fracture Area, Polarized Light, Electrolytically Polished, Anodized 
1100 psi, 4.51 min. fracture time. X 100. 


An extensive metallographic examination of many of the frac- 
tured specimens at all stress levels brought out the following obser- 
vations: Voids exist in the fracture area. They are numerous and 
equiaxed in specimens with long fracture times and are smaller in 
number and size and more elongated in the shorter fracture-time 
specimens. Figs. 9 to 11 show typical examples of these voids. 
Fig. 9 is a section from a short-time test, Fig. 10 a section from an 
intermediate fracture time, and Fig. 11 from a long fracture-time test. 
‘he voids occur in conjunction with one of the intermetallic phases 
present. 

Further examination of fracture specimens from all stress levels 
showed that recrystallization had occurred in all samples, although 
this is not recrystallization in the classical sense that the structure 
is formed by the growth of strain-free grains from a strained matrix 
by a process of nucleation and growth. No evidence could be found 
for this process. What is observed is what has been variously termed 
polygonized grains, cell structure, or subgrains (18, 19, 20). This 
structure is formed by progressive disorientation of adjacent portions 
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_ Fig. 14—X-Ray Back-Reflection Diffraction Pattern From 1100-Psi, 4.51-Minute 
Fracture-Time Specimen. 35% reduction of area. Sample-to-film distance 4.0 cm. 
Ni filter on film, Cu radiation, 45 KV, 18 ma., 10 minutes. 

_ Fig. 15—X-Ray’ Back-Reflection Diffraction Pattern From Annealed Stock. 
Sample-to-film distance 4.0 cm. Ni filter on film, Cu radiation, 45 KV, 18 ma., 
10 minutes. 
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Fig. 16—Fracture Area, Polarized 
5 psi, 118 min. fracture time. X 100. 
Fig. 17—X-Ray Back-Reflection Diffraction Pattern From 725-psi, 
Fracture-Time Specimen. 35% reduction of area. 
Ni filter on film, Cu radiation, 45 KV, 


Light, Electrolytically Polished, Anodized. 
? 


7 
118-min. 


Sample-to-film distance 4.0 cm 
18 ma., 10 minutes. 


of the original grains under the influence of deformation. In a sense 
this is recrystallization without nucleation and growth. 

The subgrain structure is not apparent in aluminum under reg- 
ular light microscopy but is very strikingly brought out in polarized 
light micrography if the surface of the aluminum is anodized. 


Fig. 
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12 shows the fracture area of an 1100-psi specimen using ordinary 
light microscopy. Fig. 13 is the same specimen anodized and taken 
in polarized light. What appear to be long single grains in this pic- 
ture are actually elongated clusters of subgrains. X-ray diffraction 
back-reflection pictures were taken of the fracture area of Figs. 12 
and 13 at points corresponding to 35 and 75% reduction of area. 
The picture shown in Fig. 14 is for the 35% reduction of area. The 
unstrained structure is shown in Fig. 15. It is apparent from these 
that either recrystallization or subgrain formation has occurred. This 
s not too surprising when it is realized that the aluminum in a time 
nterval of a few minutes has been drastically reduced in area while 
it an elevated temperature. This is to all intents and purposes hot 
orking, which is known to break up the original grain structure. 
These indications are in agreement with the results of the original 
rk on subgrain formation (19), namely, that the lower the strain 
ite the larger is the subgrain structure. These data also suggest 
at the process of formation and growth of the subgrain structure 
a continuous one and is not interrupted at the break in the stress- 
ipture curve by the onset of recrystallization. In the broad sense 
recrystallization is evidenced by the absence of the original 
ined grains, one can say that all of the samples have recrystal- 
1. More explicitly what has happened is that subgrains have 
ormed whose sizes are a function of strain rate. The sizes decrease 
h increasing strain rate. These subgrains behave similarly to 
rmal recrystallized grains and are probably more free to grow, 
ce they differ from adjacent grains in orientation less than grains 
ich have been formed by the nucleation and growth mechanism. 
Fig. 16 is the fracture area of a specimen tested at a lower stress 
el, 725 psi, and Fig. 17 shows the diffraction patterns obtained 
m this specimen. These pictures give evidence of a coarser sub- 
ain structure than the 1100-psi structures. The longest and short- 
t fracture-time structures at the 588-psi level are shown in Figs. 18 
rough 21. Note again the coarsening of the subgrain structure. 


DISCUSSION 


[n order to demonstrate graphically the impossibility of accurately 
determining the position and shape of the stress-rupture curve de- 
rived from a few points, five sets of fracture times, Table IV, have 
been selected from all of the test results utilizing a table of random 
numbers. Note the discrepancies that exist in the data at any given 
stress. Three of these sets of data are plotted in Fig. 22 in the 
conventional manner. The high stress branches of the curves so 
plotted look reasonably good but this is illusory because of the com- 
pression of the stress scale. These same points, if plotted on the 
scale of Fig. 7, do not present as comforting a picture. The lower 
branches of the curves do not show too much similarity. 
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Fig. 1 
588 psi, 38 


8—Fracture Area, Polarized Light, Electrolytically Polished, Anodized. 
7 min. fracture time. X 100. 

Fig. 19—X-Ray Back-Reflection Diffraction Pattern From 588-Psi, 387-Min. 
Fracture-Time Specimen. 35% reduction of area. Sample-to-film distance 4.0 cm. 
Ni filter on film, Cu radiation, 45 KV, 18 ma., 10 minutes. 


The first reaction on seeing the large deviations that are reported 
will be one of disbelief since, as has been stated, a great deal of con- 
fidence has been built up in the stress-rupture plots. Anticipating 
this, the following reasons are offered as to why such a large devia- 
tion has not been previously acknowledged. First, it should be recog- 
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Fig. 20—Fracture Area, Polarized Light, Electrolytically Polished, Anodized. 
588 psi, 2225 min. fracture time. X 100. 
Fig. 21—X-Ray Back-Reflection Diffraction Pattern From 588-Psi, 2225-Min. 


Fracture-Time Specimen. 35% reduction of area. Ni filter on film, Cu radiation, 
45 KV, 18 ma., 10 minutes. 


nized that there is a greater probability that values close to the mean 
will be obtained in any one test. Second, the method of plotting is 
such as to mask any deviations that do occur. Third, when a widely 
deviating point is obtained there is usually a strong suspicion that 
something was wrong in the testing procedure; the temperature was 
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Table IV 
Random Choices of Sets of Rupture Data 


Fracture Times, minutes 



































—o OO Strlss, psi - 
Group 450 520 588 25 800 1100 
I 2345 3240 470 53 60.3 2.6 
If 3735 1601 616 49 30.3 4.3 
III 2730 1480 960 78 23.5 3.1 
IV 5765 1684 1740 73 59.0 2.2 
V 2280 1970 1474 38 22.6 4.5 
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Fig. 22—-Conventional Stress-Rupture Plots, Points Chosen at Random. 


high or low, the loads were incorrect, the specimens were nonhomo- 
geneous, etc. The test is often repeated and because of the operation 
of the first factor it appears to be corrected and the original data dis- 
carded as being invalid. All of these possibilities were eliminated in 
the present investigation. Sufficient samples were tested at each 
stress to state with considerable confidence that about 19 out of 20 
specimens would fall within the limits given. The method of plotting 
was adjusted to show the true deviation and no data were discarded 
as invalid unless there was positive evidence that some unusual acci- 
dent occurred during the testing process. 

A number of investigators have presented data showing that 
large deviations exist in other materials, but, in general, have not 
commented on this phenomenon (10, 11, 12). Only one reference 
has been found in which such variations are clearly discussed (13). 

It must be concluded that to define the stress-rupture curve 
with reasonable accuracy, or to detect significant stress-rupture differ- 
ences between alloys or treatments of the same alloy, it is necessary 
to test appreciably more samples than is usually the case. It would 


wg 


1954 THE STRESS-RUPTURE TEST 83 


also appear, because of the linear nature of the curves, that multiple 
testing at fewer stress levels, as is recommended in the case of 
endurance testing, would be more suitable than using the same num- 
ber of samples, one at each stress level. Obviously, the number of 
replicate tests would be a function of the variance of the material and 
the magnitude of the effect sought. 

Many attempts have been made to relate elongation and reduction 
of area to stress, sometimes with success, but usually with only me- 
diocre results. It is generally concluded that these variables decrease 
with decreasing stress. The present results easily explain the diver- 
gent conclusions. These properties show large variances, as much as 
+25% (26) for elongation. The upper branch of the stress-rupture 
curve corresponds to large elongations and reductions of area, and 
the lower branch exhibits lower elongations and reductions of area. 
In neither part of the curve is there a significant variation of mean 
elongation or reduction of area with stress. Under these conditions 
the determination of properties from a few test specimens could result 
in the points having a wide random scatter, leading the investigator 
to conclude that no correlation exists, or, by chance, in the points 
showing what appears to be a definite trend. Because of the lower 
properties with longer fracture times, the trend mentioned above is 
isually observed. 

Although the presence of breaks in the stress-rupture curve has 
long been known and the nature of the curve shapes in this region 
has been briefly discussed (14), the present study offers the first 
opportunity to observe the configuration of this break based on 
extensive experimental results. Assuming that different deformation 
mechanisms are contributing to the different branches of the curve, 
the configuration in the transition region would depend on the 
relative persistence of these mechanisms. The various possibilities 
are represented schematically in Fig. 23. If one or the other mech- 
anism persists beyond the intersection, the result is as in Fig. 23b, 
which conforms to the presently reported work, or as in Fig. 23c, 
tor which there is some fragmentary evidence in the literature (15). 
The shape as usually conceived results when each mechanism is in- 
operative beyond the intersection, as in Fig. 23a. Finally the two 
branches may not be linear, and both types of fracture may be en- 
countered over a limited stress range (Fig. 23d). The tests at 588 
psi give some indication of this behavior. There is also the analogy 
to the impact test, in which both high and low impact values may 
result at one temperature in the transition range. 


Many investigators have concluded that the break in the stress- 
rupture curve is due to a structural or surface instability which de- 
velops during the testing process. Servi and Grant (16) claim that 
the break in the aluminum stress-rupture curve is due to the onset 
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of recrystallization which causes the fracture to transform from a 
ductile transcrystalline failure to the less ductile intercrystalline type 
of failure. The metallographic and X-ray results herein reported 
show that this is not so, for all test specimens undergo subgrain 
formation. It is true, however, that different types of fractures are 
obtained. The samples tested at the three higher stresses all yielded 
a ductile type of failure with a high reduction of area, while the 
failure of the lowest stressed specimens was less ductile with a much 
lower reduction of area. 


Log Stress 





Log Time 


Fig. 23—Schematic Stress-Rupture Plots. 


Since it is apparent that recrystallization is not the cause of the 
break in the rupture curve, a suitable explanation of this effect must 
be sought. The examination of the microstructures in the vicinity 
of the fracture region showed that in all specimens voids or holes 
were generated. These voids became more numerous the lower the 
stress or the longer the fracture time. Their growth would be logi- 
cally explained by the diffusion of lattice vacancies to grain bound- 
aries, the vacancies being generated by dislocation flow (17). At 
high stresses and fast flow rates the volume of voids formed is too 
low to interfere with deformation, and failure proceeds by necking. 
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At lower stresses the deformation rate is low, allowing a greater 
volume of voids to form and enlarge, thus decreasing the cross section 
sufficiently to raise the unit stress until failure occurs. The point 
where the growth of voids becomes important would correspond to 
the break in the stress-rupture curve. Subgrain formation and pos- 
sibly subgrain size are probably contributing but not controlling fac- 
tors, while recrystallization in the classical sense does not enter the 
picture. In the transition region, the type of failure obtained in a 
particular specimen would be statistically determined by the magni- 
tudes of the important variables. 


SUMMARY 


The means and standard deviations of the log of the fracture 
time, log per cent reduction of area, and elongation of a large number 
of replicate stress-rupture tests on 2S aluminum at 900 °F (480 °C) 
have been determined. 

The deviation of fracture time and reduction of area have been 
found to be of a log normal type of distribution, while the deviation 
in per cent elongation is normal. 

There is no apparent correlation between per cent elongation 
and fracture time at any given stress level. The tests run at high 
stresses, however, have more ductility as measured by per cent elon- 
gation than those tested under lower stresses. 

The log stress versus log rupture time plot is composed of two 
linear segments: one is associated with a ductile type of fracture; 
the other, at lower stresses, is associated with a less ductile type of 


Iracture, 

The break in the rupture curve is not due to recrystallization, 
since in a strict sense no recrystallization has occurred. In a broader 
sense, however, a type of recrystallization, polygonization or subgrain 
formation, occurs in both branches of the rupture curves. 

The difference in the types of failure is attributed to the number 
and distribution of voids generated during the flow process and this 
is a function of the strain rate. 
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A STUDY OF FACTORS CONTROLLING STRENGTH 
IN THE TORSION TEST 


By R. D. OLLEMAN, E. T. WESSEL AND F. C. HULL 


Abstract 


The factors determining strength in the static torsion 
test have been studied over a wide range of tempered hard- 
nesses in a 1.0% carbon, 5.0% chromium, 1.0% molybde- 
num, 0.2% vanadium tool steel. Conclusions are based on 
correlation of measured mechanical properties with the 
appearance of the fracture surfaces. It was found that 
failure at low hardnesses is controlled by shear fracture 
strength and at high hardnesses by tensile fracture 
strength. Tensile fracture strength is determined by 
stress-raising wmperfections and by the sensitivity of the 
steel to these stress raisers. The sensitivity factor 1s 
strongly related to the presence of retained austenite. 
The weakening effect of the retained austenite may be 
reduced by plastic deformation which causes transforma 
tion of the austenite. 


INTRODUCTION 


RITTLE fracture is a major engineering problem, and a better 

understanding of its nature and the conditions which produce it 
is badly needed. Many factors can influence brittle fracture, includ- 
ing: geometric factors, such as size and shape of the stressed part; 
mechanical factors, such as speed and frequency of loading; and 
metallurgical factors. Metallurgical factors are the least well- 
identified and understood of all. One general observation that has 
been made, however, is that the sensitivity of an alloy to brittle 
fracture as a result of the design of the part or conditions of loading 
increases as the ductility of the alloy decreases. The recent interest 
in brittle fracture has been stimulated by the increased possibility of 
such fractures resulting from the use of the new, high strength and 
heat-resistant alloys in which ductility has been traded for other 
properties. 

The authors have felt that fracture would be better understood 
if studied under several stress systems in a material of variable 
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ductility. This paper covers the study of fracture in the static torsion 
test. Work is in progress on the plain tensile and notched tensile 
tests. 

The stress system in:the torsion test has several important char- 
acteristics that influence the hardness at which brittle fracture occurs 
and that in some cases permit distinction between ductilities of ma- 
terials that are completely brittle in a tensile test. There are two 
families of planes in which maximum shear stresses act, one parallel 
to and the other perpendicular to the axis of the specimen. There 
are also two families of planes on which maximum normal stresses 
act. These planes lie at 45 degrees to the axis of the specimen and 
the two families are perpendicular to each other. Maximum tensile 
stresses act on one family of planes and maximum compressive 
stresses act on the other. The magnitudes of all the maximum 
stresses, shear, tensile and compressive, are equal, in contrast with 
the case of simple tension where the normal stress is twice the shear 
stress. The planes of maximum stress are planes of simple stress, 
that is, no normal stresses act on planes of maximum shear stress and 
no shear stresses act on planes of maximum normal stress. The 
torsion stress system is inhomogeneous, rather than uniform over the 
cross section, with the maximum stress at the surface of the specimen 
and zero stress at the axis. 

Among the outstanding examples of materials of widely variable 
ductility are the tool steels, in which the ductility of a given steel may 
be varied by controlling the tempered hardness. Torsion tests of tool 
steels tempered over a wide range of hardnesses have been made by 
Emmons (1)* and by Greene and Stout (2). The extensive work 
of these authors demonstrates the effect of such variables as austeni- 
tizing and tempering temperatures on strength and ductility, but it 
reveals little of the mechanism of fracture or the factors which con- 
trol it. The objective of the work herein reported has been a better 
understanding of the factors controlling fracture by correlating the 
appearance of the fracture surfaces with the observed mechanical 
properties. 


EXPERIMENTAL 


The material used throughout this study was a 1.0% carbon, 
5.0% chromium, 1.0% molybdenum, 0.2% vanadium, air hardening 
die steel. This steel may be hardened in controlled atmosphere 
furnaces without fear of decarburization and without dimensional 
changes. Because of these two characteristics, the specimens may be 
heat treated after having been ground to finished dimensions, and the 
possibility of grinding cracks is thereby minimized (3). 

The specimen used for the torsion tests is shown in Fig. 1. The 
specimens were first machined to finished dimensions from 7%-inch 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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diameter, annealed bar stock. They were then hardened by austeni- 
tizing for 45 minutes at 940 + 5 °C (1725 + 10°F) in a hydrogen 
atmosphere of —40 °C (—40 °F) or lower dew point and chamber 
cooling. The desired hardnesses were produced by tempering the 
hardened specimens for approximately 30 minutes in a hydrogen 
atmosphere. 

Testing was done in an Amsler torsion machine following two 
testing procedures with two lots of material. The first group of tests, 
comprising specimens T1 to T16 inclusive, was run at about 30 de- 
crees of head twist per minute with torque readings taken at each 


|_0.876 | 
0.874 





Fig. 1—Torsion Specimen 
for Hardened Tool Steel. 


degree of twist. The second group, comprising specimens T17 to 
128 inclusive, was tested at about 80 degrees of head twist per minute, 
and torque and angular deflection were plotted autographically. 
Unfortunately, there was a tendency for the grips of the testing ma- 
chine to tighten during the tests and when this happened an erroneous 
indication of strain resulted. No data involving the measurement of 
strain are reported in any test beyond the point at which such slip 
was noted. The remaining data are sufficient, however, to permit 
plotting of the curves of interest. Torque at fracture is not a function 
of deformation measurement and this value is reported for all 
specimens. 


RESULTS 


The test results are tabulated in Table I and plotted in Fig. 2. 
Torque values have not been converted to maximum stresses because 
of the dependence of such conversions on the measurement of the 
slope, dM/d@, of the torque versus angular deflection curves, and the 
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Table I 


Torsion Tests of Die Steel 
1. Tae Carbon, 5. ‘am Chromium, 1 1.0% Molybdenum, 0. .2% | Vanadium 


Torque at 
1.2 Degrees Plastic Shear Stress on 
Hard- Strain, Torque at Twist at Strain at Plane of 
Specimen ness, y = 0.0035, Fracture, Fracture, Fracture, Fracture 
No. DPH ft-lb. ft-lb. Degrees ¥ Origin 
T27 313 204 292 443 1.30 Shear 
T26 338 206 296 453 1.33 Shear 
T25 385 257 325 284 0.84 Shear 
T24 449 304 367 os > Shear 
T23 494 333 397 ° - Shear 
T16 522 325 419 95 0.28 Shear 
T22 547 375 437 83 0.24 Shear 
T2 582 375 464 . . Shear 
Tl 583 373 467 " . Shear 
T21 586 408 473 85 0.25 Shear 
T28 600 412 490 42 0.12 Shear 
T15 606 395 497 . Sheat 
T20 644 ® 517 . » Shear 
T4 656 ° 576 ® . Shear 
T3 680 ® 573 ° S Shear 
T17 686 442 575 38 0.11 Shear 
T18 707 457 604 33 0.10 Shear 
T19 714 . 576 " ° Shear 
TS 726 . 508 ° ° Tensile 
T6 728 433 495 5 0.02 Tensile 
T7 770 440 454 2 0.01 Tensile 
T8 772 433 475 4 0.01 Tensile 
T10 798 435 450 3 0.01 Tensile 
r9 802 435 466 3 0.01 Tensile 
T12 862 A 369 0 0.00 Tensile 
T1l1 868 083 378 ] 0.00 Tensile 
Za3 882 etl 353 0 0.00 Tensile 
T14 898 cae 304 0 0.00 Tensile 


*Slip in grips. 


difficulty of measuring these slopes accurately at small angular de- 
flections. The torque values themselves describe smooth curves which 
indicate the trend of the yield and fracture strength properties and 
provide a sound basis for the discussion in this paper. An indication 
of the magnitude of the maximum nominal stress at fracture is given 
by applying the following formula (4) to the strongest of the speci- 


mens, T18: 
l dM 
= | O - 3M 
a do ) 


In this formula t is the shearing stress, which is equal to the normal 
stresses, r is the radius of the specimen, @ is the angle of twist at 
maximum torque in degrees, dM/d6@ is the slope of the torque versus 
angle of twist curve at maximum torque, and M is the maximum 
torque. The nominal value of maximum stress in specimen T18, as 
found by this formula, is 224,000 psi. 

Maximum shear strain, the strain at the surface of the specimen, 
has been computed as the ratio of the displacement of parallel planes 
to their separation (5) according to the following formula: 


360 oe 


a net (Contecs piesa tis a) ({Pecimen dia Specimen amet) 
gage length 
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An indication of the relative magnitudes of plastic twist and shear 
strain, y, is obtained by substituting the dimensions of the specimen 
in the above formula and solving for the degrees of plastic twist at 
y=1. The value obtained is 340 degrees. Torque values were 
measured at 1.2 degrees of plastic twist, y = 0.0035, as an indication 
of torque at yielding. This particular strain was selected because the 
strain hardening produced by this amount of shear in the torsion test 
should be nearly equal to that produced by 0.2% elongation in ten- 





Round Points - First Tests 
Square Points - Second Tests 
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Fig. 2—Torsion Properties of an Air Hardening 


Die Steel, 1.0% Carbon, 5.0% Chromium, 1.0% Molyb- 
denum, 0.2% Vanadium. 


sion, and this is the strain at which yield strengths are commonly 
measured in tension testing. The equivalence of a shear strain of 
y = 0.0035 to a tensile strain of e = 0.002, as regards strain harden- 
ing, is shown by their mutual relationship to octahedral shear strain 
(6). A simplification of the relationship between y and e which is 
quite accurate for small strains is: 


= V3e 


All data are plotted against hardness as the independent variable 
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because it is the property measured for control purposes during the 
heat treatment of the specimens, and because it is the only mechan- 
ical property which is a smooth, reproducible, and continuous function 
of tempering temperature and can be measured accurately throughout 
the entire range of treatments. 

The plot of torque at fracture in Fig. 2 indicates that strength 
increases with hardness up to about 720 DPH and then suffers a 
sudden, discontinuous decrease followed by continuously decreasing 
strength as hardness increases beyond this point. The data for torque 
at 1.2 degrees strain describe two distinct curves, one for each set of 





Fig. 3—Fractures in Group IA, 313 DPH to 583 DPH. Upper) Specimen 
T27, 313 DPH; (Lower) Specimen Tl, 583 DPH. 


tests. The reason for this is not certain, but is probably due in large 
measure to the different speeds of testing and possibly to actual dif- 
ferences in the two lots of material. A further peculiarity of these 
curves is their departure from a linear relationship with hardness at 
about 625 DPH. The curve of shear strain at fracture decreases 
continuously with increasing hardness up to about 720 DPH when it 
suddenly drops to almost zero. 

The correspondence of the discontinuities in the strength and 
ductility curves suggests a possible change in fracture mechanism 
which is confirmed by a study of the fractures. The fractures can be 
divided into two principal groups. In Group I, fracture starts on 
planes parallel with or perpendicular to the axis of the specimen, 
while in Group II fracture starts on planes at 45 degrees to the axis 
of the specimen. Group I may be further subdivided into Type A, 
simple fractures, and Type B, multiple fractures. 

Group IA covers the soft end of the hardness range up to about 


ee 
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Fig. 4—Fractures in Group IB, 585 to 720 DPH. (Upper) Specimen T20, 644 
DPH; (Lower) Specimen T3, 680 DPH. 


585 DPH. All specimens in this group sheared cleanly into two 
pieces on a flat plane perpendicular to the axis of the specimen. 
Examples of this type of fracture are shown in Fig. 3 by specimen 
T27, which is the softest specimen in the group, 313 DPH, and by 
specimen Tl which is the hardest specimen in the group, 583 DPH. 
All significant detail on the fracture surfaces was destroyed when 
they rubbed together following fracture. 

Group IB covers the hardness range from 585 to 720 DPH. In 
this group all specimens shattered into many pieces along irregular 
fracture surfaces having the dull appearance of a Shepherd grain size 
standard of about No. 8. Closer examination discloses, however, that 
flat shear surfaces lying on planes either perpendicular to, or parallel 
with, the axis of the specimen are also present in all specimens. 
Specimens T20, 644 DPH, and T3, 680 DPH, shown in Fig. 4 are 
typical examples of this group. A more detailed study of the shear 
fracture in specimen T19, 714 DPH, the last specimen in this group, 
is shown in Fig. 5. It is immediately apparent that fracture here 
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Fig. 5—Fracture of Torsion Specimen T19, 714 DPH. (Upper) Origin of Frac 


ture, X 5; (Lower) Top views showing fracture origin to be on plane parallel with 
specimen axis, X 25. 


began on a plane parallel with the axis of the specimen, and the 
striations in the remainder of the fracture surface point to this flat 
fracture plane as the origin of fracture. 

Group II covers the hardness range from 720 DPH on up. All 
specimens in this group shattered into many pieces along irregular 
tracture surfaces having the same dull appearance as noted in Group 
IB. Specimens T5, 726 DPH, and T13, 882 DPH, shown in Fig. 6 
are typical of this group. Examination of the fragments always re- 
veals a fracture origin as shown in the fractures of Fig. 7. In most 
of the fractures there is a small circular spot or “fish eye’, of which 
specimen T12 is a pronounced example, while in others the fracture 
origin seems flat and without particular detail. Another interesting 
feature is the variable depth of the fracture origin below the surface. 
Fig. 8 contains enlarged views of the fracture origin in specimen T5, 
726 DPH. This is the first specimen in Group II and makes a 
striking comparison with specimen T19, 714 DPH, which is shown 
in Fig. 5 and is the last specimen in Group IB. These two specimens 
indicate the nature of the change in fracture mechanics at the dis- 
continuity in the torque at fracture and shear strain at fracture curves 


shown in Fig. 2. 
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Fig. 6—Fractures in Group II, 726 to 898 DPH. (Upper) Specimen T5, 726 
DPH; (Lower) Specimen T1i3, 882 DPH. 


DISCUSSION 


It is apparent from the fact that fracture originates on planes 
parallel or perpendicular to the axis of the specimen in the entire 
range from 313 DPH to 720 DPH that fracture in Groups IA and 
[B is controlled by shear fracture strength. These are the planes of 
maximum shear stress in the torsion test and no normal stresses act 
upon these planes. In Group IB, 585 to 720 DPH, fracture starts as 
a shear crack. However, the stress concentration, and probable 
modification of the ratio of maximum shear to maximum tensile 
stress resulting from this crack, causes the fracture to change to 
normal stress fracture before going to completion. This is shown in 
Fig. 5. In some cases the normal stress fracture was probably the 
result of elastic reaction after the specimen had fractured completely 
by shear. This appears to be the case in specimen T3, shown in Fig. 
4, and in specimens T4 and T18. 

At hardnesses above 720 DPH it is apparent that fracture in the 
torsion test is controlled by tensile fracture strength, for the fracture 
origin always lies on a plane at 45 degrees to the axis of the specimen. 
Such planes are planes of maximum normal stress, and since fracture 
on a plane of maximum compressive. stress is not possible, the only 
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Fig. 7—Fracture Origins in Group II, 726 to 898 DPH, «2.5. (a) Specimen 
T7, 770 DPH; (b) Specimen T8, 772 DPH; (c) Specimen T12, 862 DPH; (d) 
Specimen T14, 898 DPH. 


remaining possibility must be that these were planes of maximum 
tensile stress. In the picture of the fracture origin in specimen T5, 
shown at the top of Fig. 8, a crack is visible which suggests the 
possibility that fracture here originated by shear stresses. Exami- 
nation of the top surface of this fragment, as shown in the bottom 
portion of Fig. 8, shows that this crack also starts on a plane at 45 
degrees to the axis. Since this is a plane of maximum compressive 
stress, and fracture cannot originate on a plane of maximum com- 
pressive stress, this crack must have formed during shattering of the 
specimen after fracture had started. Furthermore, such cracks are 
missing at the fracture origin in most specimens of Group II (see 
Fig. 7), so they cannot be an essential requirement of the fracture 
mechanism in Group II. 

Examination of the torque at fracture curves in Fig. 2 indicates 
that by extrapolating the torque at fracture curve of Group II to its 
point of intersection with the torque at fracture curve of Groups IA 
and IB, as shown by the dashed line, a point of strength equality is 
found at about 660 DPH. Since fracture continues to result from 
shear stresses at hardnesses well above this point, even though the 
predicted values of tensile fracture strength are exceeded, a logical 
conclusion is that a sensitivity factor is involved in tensile fracture 
strength, and that the importance of this factor in causing fracture 


aR i A EE 
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Fig. 8—Fracture Origin in Specimen T5, 726 DPH. (Upper) Origin of frac- 
ture on plane at 45 degrees to specimen axis, X 5; (Lower) Top view showing crack 
starting in plane at 45 degrees to specimen axis, X 25. 


has been greatly reduced by the plastic deformation which precedes 
fracture at hardnesses below 720 DPH. Yielding is controlled pri- 
marily by shear stresses and, since the ratio of shear to tensile stresses 
is relatively large in the torsion test, plastic deformation of consider- 
able magnitude occurs at relatively low values of tensile stress. Be- 
tween 660 and 720 DPH this deformation is sufficient to increase 
tensile fracture strength above the values predicted by the extension 
of the torque at fracture curve of Group II and also above the values 
of shear strength predicted by the rapidly rising torque at fracture 
curve of Groups IA and IB. The total increase in tensile fracture 
strength resulting from plastic deformation is unknown. The sen- 
sitivity factor seems to be controlled by the presence and condition 
of retained austenite. It is sufficient to note here that the lower the 
tempering temperature and the higher the resulting hardness the less 
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stable will be the retained austenite (7) and the greater will be the 
internal, microscopic stresses in the matrix of the alloy. Under these 
conditions it would be expected that the fracture sensitivity factor 
would increase with increasing hardness. 

Tensile fracture strength in the torsion test does not seem to be 
controlled entirely by this sensitivity factor, however, for tensile 
fracture does not always originate at the point of predicted maximum 
stress, the surface of the specimen. This is shown in Figs. 7 and 8. 
It is apparent that defects such as inclusions, porosity, or internal 
cracks determine the point where fracture will originate by tensile 
stresses. Tensile fracture strength seems, then, to be controlled by 
two factors. Minute defects in the material produce points of stress 
concentration and the sensitivity of the material to these stress con- 
centrations is controlled by a sensitivity factor strongly related to the 
presence of retained austenite. In the absence of retained austenite 
a sensitivity factor based on available ductility and controlled by hard- 
ness would probably become apparent at some hardness above 720 
DPH. 

The reason for the departure from a straight line of the torque 
at 1.2-degree strain curve is probably stress-induced transformation 
of the retained austenite. Retained austenite in hardened tool steels 
is well known (8) and has been proven susceptible to transformation 
under applied stress (7, 9). The stress transformation characteris- 
tics of this steel will be discussed at greater length in a subsequent 
paper dealing with tensile tests, for the stress dependence of the 
transformation is then clearly shown. 


SUMMARY 


1. In the air hardening tool steel used in this study of the torsion 
test, it was found that fracture starts on planes of simple stress. At 
hardnesses up to 720 DPH, shear stresses only are responsible for 
starting fracture; above 720 DPH, tensile stresses are responsible 
for starting fracture. 

2. Shear fracture strength increases with increasing hardness up 
to 720 DPH and probably beyond. 

3. The apparent tensile fracture strength increases with de- 
creasing hardness down to 720 DPH and probably below. 

4. The observed maximum in the torque at fracture curves as 
hardness increases is the result of transition from fracture initiation 
governed by shear fracture strength, which is increasing, to fracture 
initiation governed by tensile fracture strength, which is decreasing. 

5. The apparent tensile fracture strength is primarily a function 
of stress-raising discontinuities and the sensitivity of the material to 
these stress raisers. The actual tensile fracture strength of the homo- 
geneous matrix material is probably well above the average stress at 
the surface of a specimen at the time of failure. 
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6. The steel studied contains retained austenite, as hardened and 

tempered to hardnesses above about 625 DPH, and this austenite is 
sensitive to transformation under torsion stresses. 
7. The sensitivity factor in tensile strength is largely a function 
of the retained austenite, and the damaging effect of the retained 
austenite can be greatly reduced by plastic deformation which causes 
transformation of the austenite. 
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SOME METALLURGICAL VARIABLES AFFECTING 
QUENCH CRACKING SUSCEPTIBILITY OF 
HOLLOW ALLOY STEEL CYLINDERS 


By C. F. SAWYER AND C. C. BusBy 


Abstract 


The evaluation of various metallurgical factors which 
may affect quench cracking of hollow cylinders has been 
carried out, using the test for quench cracking susceptibility 
developed at the Carnegie Institute of Technology. For 
most of the variables considered, it has been possible to 
compare the results of the laboratory test with results ob- 
tained in production heat treatment. In all instances the 
laboratory test disks duplicated the experience of produc- 
tion heat treatment of the hollow cylinders. 

The effects of austenitizing temperature, normalizing 
prior to heat treatment, temperature to which quenched, 
cracking susceptibility of the material at different positions 
in a forged ingot, and the chemical composition of the steel 
upon quench cracking of hollow cylinders are considered. 


HIS paper is the fourth of a series (1, 2, 3)! dealing with the 

studies of the problems of quench cracking in the heat treatment 
of hollow cylinders of steel subsequently converted into gun tubes. 
The second paper (2) of the series summarized the results of an 
engineering analysis of the problem as it existed in the field. This 
paper gives the results of the laboratory cracking susceptibility test 
(1) developed at the Metals Research Laboratory of the Carnegie 
Institute of Technology and shows the correlation existing between 
data obtained in the laboratory and in the field, when field data are 
available. 

Although few new conclusions can be drawn from the results of 
the laboratory test, the excellent correlation which is shown to exist 
between the laboratory and field data demonstrates that the variables 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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affecting quench cracking susceptibility as it occurs in practice can 
be examined quantitatively under controlled conditions in the labo- 
ratory. As a result, it is believed that this test can be successfully 
used should the need for future study of quench cracking arise. This 
is important because quite frequently too few data are available to 
determine the causes and remedies by means of a statistical study of 
field data. 

Since the laboratory test permits careful control of variables, the 
volume of data (and, of course, amount of steel tested) required to 
establish the effect of a given variable on quench cracking suscepti- 
bility is relatively small. In fact, single heats or even single tubes 
can be readily studied by means of this rapid and economical proce- 
dure, and the results obtained may be utilized to predict, with a fair 
legree of certainty, whether quench cracking will or will not occur 
in commercial practice. 

Since completing the work which is presented in this paper, the 
test has been used to determine the cracking susceptibility of three 
heats from one steel producer. The geometry of the test piece was 
not the same as that of the product made from the steel. Two of the 
heats had very low cracking susceptibility, as determined in the test, 
and quench cracking of the product was not encountered; the other 
heat had very high cracking susceptibility and quench cracking of the 
product did occur during heat treatment. 


EXPERIMENTAL WorK 


Unless otherwise noted, the data contained in this paper have 
resulted from the quenching of notched disks of standard dimensions 
6% inches OD by 2% inches ID by ™ inch thick in the laboratory 
quenching jig. 

The cracking susceptibility index is defined as the minimum 
depth of notch needed to cause a quench crack. A detailed descrip- 
tion of the precision, reproducibility, and operation of the test has 
been given previously (1). The development of the test permits a 
systematic study of the effect of various metallurgical factors on the 
index of cracking susceptibility of hollow cylinders. 


EFFECT OF AUSTENITIZING TEMPERATURE ON THE INDEX 
oF CRACKING SUSCEPTIBILITY 


The steels used in this investigation were melted in the basic 
open-hearth furnace and had the following compositions : 








Heat paeeyitpeeenetnemmniiil 
Company Designation C Mn Pp S oe Gr. a ae 
14 24 0.36 0.85 0.013 0.030 0.26 0.85 1.16 0.30 
23 0.39 0.88 0.017 0.035 0.26 0.83 1.16 0.27 
22 0.38 0.91 0.016 0.034 0.25 0.85 1.04 0.27 
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The steel was rolled into rounds and hot-pierced into tubes. Studies 
were made on both green” and normalized® tubes. 

Disks of standard dimensions from different tubes of the above 
three heats were suitably notched on the ID (inside diameter) and 
immersion-quenched in the laboratory jig. The disks were austeni- 
tized at 1525, 1575, 1625, or 1680°F (830, 855, 885, or 915 °C) 
for 1 hour before quenching. They were examined for cracks imme- 
diately after the quench. These results are shown in Table I. 


Table 


Effect of Normalizing and Austenitizing Temperature 
on the Index of Cracking Susceptibility 


Green Tubes 
Index of Cracking Susceptibility 


Company Heat Austenitizing Temperature, °F 
1525 1680 
14 24 % in. 3/16 in. 
23 3/16 3/16 
22 3/16, % Vy 
Normalized Tubes 
1525 1575 1625 1680 
14 24 5/16, % in. 4 in. 14, 3/16 in. pet 
23 14, 3/16 3/16 3/16 3/16 in. 
a 22 5/16, 4 3/16 3/16 3/16 
Note: The cracking susceptibility index was determined on several tubes from _ each 
heat. Two index values at any one austenitizing temperature means a difference of index 


between tubes. One value indicates that all tubes tested had the same index. 


It appears that increasing the austenitizing temperature from 
1525 to 1680°F (830 to 915°C) slightly increases the cracking 
susceptibility (lower index) for both the green and normalized tubes. 
In all cases except the green tubes of Heat 23, there is a decrease of 
index value with increasing temperature. However, despite the fact 
that the cracking susceptibility index for this heat is the same at both 
1525 and 1680 °F (830 and 915 °C), the frequency of occurrence of 
cracking is greater at the latter temperature : 9 cracked of 21 quenched 
from 1525 (43%), and 9 cracked of 12 quenched from 1680 °F 
(75%). 

EFFECT OF NORMALIZING ON THE INDEX 
OF CRACKING SUSCEPTIBILITY 


For the one size of tube processed at Company 14 (7.5 inches 
OD by 2.5 inches ID by 110 inches long—Type C cylinders), nor- 
malizing before austenitizing was always employed before quenching. 
For another size of tube (5.5 inches OD by 1.5 inches ID by 90 
inches long—Type B cylinders) processed by the same company, 
normalizing was eliminated. When an epidemic of cracking occurred, 
it was reintroduced, but also the time in the water during quenching 
was decreased from 3.5 to 2.5 minutes. Thus no conclusion as to 


2As-pierced. 
8Pierced tubes normalized at 1700 °F (925 °C). 


o—_- 


oth ae a it 
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the effect of only normalizing on cracking susceptibility could be 
drawn from field data. In the field, periods of both high and low 
cracking frequency occurred in the time interval in which no normal- 
izing was done, but no normalized heat showed a particularly high 
frequency of cracking. The few data presented in Table I show a 
slight beneficial effect of normalizing*. Since the quench cracking 
of tubes, even in a continuous, automatically-controlled practice such 
as that of Company 14, is epidemic in nature (2) and due to inherent 
differences in cracking susceptibility from heat to heat, the effect of 
normalizing alone would not eliminate the cracking losses. Should 
cracking become serious, the use of a normalizing treatment may 
decrease and, on the average, will not increase the probability of 
‘racking. 
EFFECT OF WALL THICKNESS ON THE INDEX 
OF CRACKING SUSCEPTIBILITY 


Changing the wall thickness of the disk by varying the ID and 
<eeping the OD constant or by varying the OD and keeping the ID 
‘onstant undoubtedly changes the stress pattern set up in the disk 
during quenching. Because of this, the cracking susceptibility index 
value could be expected to vary, even though other factors remain 
constant. Disks of standard size from tubes from Heats 24 and 23 
of Company 14 were determined to have an index of cracking suscep- 
tibility of 4% and ;% inch, respectively. When the ID of disks from 
tubes of the same two heats (same OD) was increased to 3 and 3% 
inches, the determined indices of cracking susceptibility were the same 
as for the standard disk: % and ;%; inch. Therefore, the decrease of 
4 inch in wall thickness does not significantly affect the cracking 
susceptibility index of disks 6%4 inches OD and ™% inch thick when 
severely quenched in the laboratory jig. Other disks from the same 
two heats were machined to 4,% inches OD by 234 inches ID by % 
inch thick (standard ID, reduced OD) and ID notched to a maximum 
depth of # inch. For this geometry the tubes from Heat 24 had an 
index greater than ;°s inch (,°s-inch notches did not crack) and those 
trom Heat 23 had an index of 39; and %4 inch. Two indices for Heat 
23 are reported, since a 44-inch notch in disks from one tube and a 
ig-inch notch in disks from another tube were necessary to induce 
cracking. These data indicate that the decrease in OD from 6% to 
4;% inches decreased the cracking susceptibility. 


EFFECT ON THE INDEX OF CRACKING SUSCEPTIBILITY OF 
TEMPERATURE TO WHICH CYLINDER Was QUENCHED 


It was demonstrated by the field data (2) that for the two types 
of large cylinders investigated the effect of interrupting the quench 
‘It should be pointed out that the disks used in this determination were water-quenched 


to room temperature. This is contrary to normal gun tube practice in which the tube is 
quenched to some elevated temperature and immediately transferred to the tempering furnace. 
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Table II 


Effect of Elapsed Time Between Beginning and End of Quenching Operation 
on the Index of Cracking Susceptibility of Tubes From Company 14 


; Quenched 
-——Quenched 3 Minutes——.. _-Quenched 70 Seconds—, 50 Seconds 
Heat Tube ————_————_Numbber of Disks Cracked* at Notch Depths of —————____, 
No. No. Yin. 3/16in. 4 in. 5/16in. 3/16in. 4 in. 5/16in. Y% in. 5/16 in. 
Green Tubes 
24 4 0 0 3 — 0 0 3 2 2 
3 0 1 2 —- 0 2 1 
5 0 0 2 _- 0 0 3 
7 0 0 1 ~= 0 0 3 
10 0 0 2 —- 0 1 3 
6 0 0 2 — 0 2 
11 0 3 3 -- 2 3 -— 3 3 
1 0 0 3 —- 0 3 
2 0 0 3 — l 2 
23 2 0 3 3 — 0 3 — 
3 0 2 3 — 0 3 0 3 
5 0 l l - 0 2 
] 0 1 3 — 2 3 - 
+ l l 3 — 0 3 3 a 
8 0 0 1 — 0 3 0 1 
22 2 0 — 0 1 
Normalized Tubes 
24 «12 . 0 0 2 0 3 3 0 3 
13 : 0 1 3 2 3 son 1 1 
23 14 0 l l -— 0 3 3 3 3 
15 U U 2 -- 0 3 3 0 2 
22 16 0 0 l 3 0 3 3 2 3 
17 0 0 0 2 3 3 0 3 


*3 disks per tube at each notch depth. 


at higher temperatures and transferring the warm cylinder promptly 
to the tempering furnace was to decrease the likelihood of cracking. 

In the laboratory, disks of standard size from tubes of Company 
14 were austenitized for 1 hour at 1525°F (830°C), immersion- 
quenched in the jig for times of 3 minutes, 70 seconds, and 50 seconds, 
and examined for cracks immediately after the quench. Following the 
water quench, the disks were allowed to cool in air to room temper- 
ature. In every instance if a crack was not present immediately after 
the quench, there were none when the disk was examined the follow- 
ing day. The temperatures of the disks as obtained by Tempilstik°® 
immediately after the quench were as follows: 


3-minute quench—less than 60°F (15.6 °C) 

70-second quench—350 to 400 °F (177 to 204°C) 

50-second quench—500 °F (260°C) 
The results of these studies are given in Table II. | 

It is evident from these data that quenching to the two higher 

temperatures has on the average increased the cracking susceptibility 
index of the tubes by approximately 7; inch. Normal procedure in 
the determination of the cracking susceptibility index is to decrease 
the notch depth in ;4-inch intervals until cracking is 0%. This 
method was followed throughout the determination of the data but 
does not appear so in certain instances; for example, the 50 and 70- 
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Table III 


Chemical Analyses and Cracking Indices of Seven Ingots From a Special Basic 
Electric Heat Produced by Company 22 








Index oe  — % 2 
Ingot (inches) Cc Mn P S Si Ni cr Mo V B 

1 >yY 0.32 0.77 0.013 0.018 0.31 0.79 0.68 0.50 0.10 
2 >y% 0.37 0.78 0.013 0.018 0.31 0.80 0.67 0.50 0.10 
3 7/16 0.43 0.77 0.013 0.019 0.31 0.78 0.68 0.50 0.10 
4 >yY 6.51 @.77 Geis O816 6.31 078 0.66 6.50 6.10 ..... 
5 >y% 0.32 0.75 0.013 0.018 0.31 0.78 0.66 0.50 0.10 0.001 
6 > 0.37 0.78 0.013 0.018 0.31 0.79 0.67 0.50 0.10 0.001 
7 0.39 0.77 0.013 0.018 0.31 0.79 


> 0.66 0.50 0.10 0.001 








second data of Tube 11. Actually, disks were quenched at notch 
depths 4g inch shallower than shown, and cracking was 0%. For 
this experiment, data obtained from the cracking susceptibility test 


are in good agreement with field data. 


EFFEct oF Disk THICKNESS ON THE INDEX OF CRACKING 
SUSCEPTIBILITY 


In the first paper of this series (1) it was demonstrated how one 
could arrange, in order of increasing cracking susceptibility, materials 
for which determined index values (standard test) were > inch. 
This could be done simply by a modified test, i.e., increasing the disk 
thickness to 3 inches, since the increased stress condition in a thicker 
disk would cause disks containing notches of ™% inch (or less) to 
crack. This procedure was necessary in the study of the cracking 
susceptibility of seven ingots from Experimental Heat 1, since the 
index of six of the seven ingots as determined from the standard test 
was >¥ inch. The indices and chemical composition of the seven 
ingots are given in Table III. The heat, a 15-ton basic electric type, 
was made by Company 22. Ingot 1 was poured as the base compo- 
sition and carbon and/or boron (Grainal No. 79) were added to the 
other ingots during teeming. The ingots were rolled into 7-inch 

| rounds and standard disks were machined from these rounds. 

‘ Table IV gives the results of quenching both the % and 3-inch 

: thick disks (standard OD and ID) in the jig. It is quite evident that 
the increased disk thickness has caused a decrease in the cracking 
susceptibility index. It appears that for the tubes from Companies 14 
and 12 (one composition—SAE 4335) the increase in disk thickness 
has decreased the index by % or ;3; inch and by as much as #5 inch 
for the steels from Company 22. 

Consider the case of Heat 23 in Table IV. Seven tubes of thirty- 
six cracked in production quenching. The determined standard index 
value is 33; inch, but an unnotched 3-inch thick disk cracked. Thus 
it appears that for this heat and composition, the 3-inch disk quenched 
in the jig is quite comparable to a full-length tube quenched in pro- 
duction. This leads to the possibility that by varying the length of 
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Table IV 
Data Showing Effect of Disk Thickness on the Index of Cracking Susceptibility 
Standard Index —————3-Inch Thick Disks 
(inches) Notch 
: Heat (%-In. Thick Depth Possible Index 
Company No. Disks) (inches) Remarks (inches) 
12 13 4 IZ Cc ¥% or less 
2 5/16 iZ c lg or less 
15 3/16 1/16 Z. 1/16 or less 
6 7/32 3/32 & 3/32 or less 
14 24 4 1/16 c; 1/16 
None NC 
23 3/16 None _ 0 
22 1 >Y% 5/16 C % or less 
YA C 
2 >Yy 5/16 Cc 4 or less 
4 Cc 
3 7/16 A Cc l~ or less 
3/16 c 
Ve Cc 
4 > 4 NC 5/16 or more 
5 >yY 5/16 C 5/16 
4 NC 
% NC 
6 > V4 NC 5/16 or more 
% NC 
7 >¥ 7 Cc VA 
4 C 
3/16 NC 
3/16 NC 
3/16 NC 


C = Cracked. 
NC = Not cracked. 
Heat Numbers 1 to 7 from Company 22 are actually Ingots 1 to 7 from Experimental 
Heat 1. 


the test disk, depending upon composition and heat characteristics, 
an accurate prediction of quench cracking behavior can be made. 
This information would allow the producer to heat treat in a normal 
manner if cracking is not expected, or to modify his practice in such 
a way as to lessen the possibility of cracking if it is expected. 


EFFeEctT oF INGoT POSITION ON THE INDEX OF CRACKING 
SUSCEPTIBILITY 


Field studies showed that, as a result of quench cracks, more 
basic open-hearth Type C cylinders were lost among tubes coming 
from bottom thirds of ingots than from middle and top thirds (2). 
The position of the cracks in the tubes from the bottom third of the 
ingot was studied further, and the results indicated that cracking was 
most prevalent near the apex of the cone of solidification. In order 
to determine whether this behavior could be reproduced in basic 
electric steel by the laboratory quenching jig, the variation of crack- 
ing susceptibility along the tube for each of two Type C cylinders 
was determined. Both cylinders were forgings from Company 12, 
one cylinder per ingot (Heats 2+ C and 14, Table V). 

The rough forgings were turned to uniform hollow cylinders 6% 
inches OD by 234 inches ID, and were then cut into ™%-inch disks. 


By ae 





1954 QUENCH CRACKING OF ALLOY STEELS 107 








Table V 


Data neat Effect of Carbon on the Index of Cracking Susceptibility 
Heats Were Basic Electric Steel From Company 12) 


Index Lr rrrrnamne Bp 
Heat (inches) C Mn P S Si Ni Cr Mo V 

5 >y%* 0.31 0.64 0.012 0.011 0.27 2.36 0.96 0.41 0.09 

7 > 0.31 0.62 0.011 0.011 0.18 2.30 0.94 0.40 0.08 

8 > 0.32 0.70 0.016 0.020 0.13 1.20 1.72 0.32 0.05 

9 >%y% 0.32 0.67 0.013 0.010 0.17 2.35 0.96 0.40 0.08 
10 > 0.33 0.69 0.011 0.014 0.26 2.32 0.90 0.39 0.09 
4 VY 0.33 0.64 0.012 0.016 0.20 2.35 0.89 0.41 0.09 

3 ¥% 0.32 0.67 0.012 0.010 0.28 2.37 0.92 0.39 0.08 

2 5/16 0.32 0.63 0.013 0.010 0.30 2.26 0.90 0.40 0.08 
11 % 0.32 0.71 0.030 0.006 0.27 2.37 0.98 0.34 0.08 
1 4 0.33 0.71 0.011 0.013 0.24 1.10 2.11 0.36 0.04 
12 V4 0.34 0.74 0.010 0.020 0.27 1.22 2.10 0.34 0.08 
13 VA 0.39 0.70 0.010 0.010 0.32 1.15 1.92 0.32 0.08 
6 7/32 0.37 0.60 0.010 0.012 0.19 2.40 0.90 0.40 0.09 
2+ Ct 7/32 0.365 0.63 0.013 0.010 0.30 2.26 0.90 0.40 0.08 
14 3/16 0.40 0.63 0.012 0.010 0.22 2.41 0.98 0.43 0.09 
15 3/16 0.44 0.73 0.013 0.010 0.25 2.36 1.00 0.40 0.08 


*The maximum notch depth was arbitrarily selected at % inch for the standard disk. 
+Graphite added to one ingot of Heat 2 to increase the carbon content. 


They were numbered in sequence along the tube and were finally 
notched on the ID. All disks were given an immersion quench in 
the laboratory jig. 

The results for these two tubes are plotted in Fig. 1. In the top 
curve for the tube from Heat No. 14, each group number represents 
nine consecutive disks with three disks not quenched between each 
group of nine. Preliminary work indicated that a ;%-inch notch 
would give a variation in the per cent of disks cracked if there was a 
difference in cracking susceptibility of the material along the tube. 
That there is such a difference is clearly evident from the smooth 
curve drawn through the plotted points. The percentage cracked is 
higher for disks cut from the muzzle than from the breech end of the 
tube—the muzzle comes from the bottom of the ingot. 

In the lower half of Fig. 1, the plot for the tube from Heat 2 + C 
is given. Preliminary work showed that a 35-inch deep notch indi- 
cated differences of cracking susceptibility in the tube. The percent- 
age of disks cracked for the groups of nine (odd-numbered groups ) 
is plotted as a band. The band shows the variation of cracking sus- 
ceptibility along the tube and indicates that a higher percentage of 
muzzle end than breech end disks cracked per each group of nine. 

Since the 35-inch notch seemed to be too sensitive to small 
changes of cracking susceptibility, the groups of three disks which 
had been left out between the groups of nine were notched with a 
js-inch deep notch and immersion-quenched. These groups are the 
even-numbered groups. The dotted curve shows the variation in 
cracking susceptibility along the tube and emphasizes the difference 


between the breech (top of the ingot) and the muzzle (bottom of the 
ingot) end. 
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A comparison of the upper and lower curves of Fig. 1 is inter- 
esting. A greater length of tube was used in determining the lower 
curves, and this greater length was all on the breech end. Thus, 
groups 11 and 12 in the top curve correspond quite closely to groups 
25 and 27 in the lower curves. This puts the region of maximum 
cracking susceptibility in each of the two tubes at the same relative 
position in each of the original ingots. 


Company !2 -Heat No.|4 


2 Notches (9 Disks per Group) 

















% of Disks Cracked per Group 








Muzzle 
Group Numbers 


Breech 
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. 3" Notches (3 Disks per Group) 
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Fig. 1—Variation in Cracking Susceptibility in Two 76-Millimeter Tubes. 


In the field work (2), the position of the maximum occurrence 
of quench cracks along the length ‘of the cylinder (25 to 36 inches 
from the bottom of the bottom cut) was calculated to its original 
position in the ingot, taking into consideration the amount of reduc- 
tion by working and the bottom crop. This position was approxi- 
mately 5 inches above the bottom crop in these 21-inch fluted round 
ingots and corresponded quite closely to the apex of the cone of 
solidification. Similarly, for the basic electric steel which was cast 
into 15%4-inch fluted round ingots, the apex of the cone of solidifica- 
tion is approximately 10.5 inches above the bottom crop in the ingot 
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or 28 inches from the muzzle end of the cylinder. This distance of 
28 inches from the muzzle corresponds quite closely to group numbers 
11 in the upper plot and 25 in the lower plot of Fig. 1 where cracking 


susceptibility is a maximum. 


EFFECT OF CARBON ON THE INDEX OF CRACKING SUSCEPTIBILITY 


It was known that carbon more than any of the other common 
elements present in steel had the most potent effect on the suscepti- 
bility to quench cracking. In the analysis of cracking data of pro- 
ducers of gun tubes (2), it was determined that for tubes ranging in 
OD from 7.5 to 11 inches the lower safe limit of carbon content below 
which the danger of cracking is at a minimum is approximately 
0.26%. In the laboratory study, surplus material removed from the 
breech ends of basic electric gun steel forgings before heat treatment 
was received from Company 12. Each section came from a com- 
parable position in the top portion of the ingot and thus the like- 
lihood of having a variation of cracking susceptibility index due to 
ingot position was eliminated. Disks of standard size were machined 
from these sections, austenitized for 1 hour at 1600°F (870°C), 
and immersion-quenched in the laboratory jig. The cracking suscep- 
tibility index values and chemical compositions of these heats are 


given in Table V. 


The heats in Table V are arranged in order of decreasing index 
or increasing cracking susceptibility. As the carbon content increases, 
the cracking susceptibility increases. Heats 2 and 2+ C (actually 


5 


2 ingots from the same heat with graphite added to the latter ingot 


during teeming) show a difference in cracking susceptibility index of 
¥5 inch which is undoubtedly due to carbon. It is interesting to note 
that four heats (8, 1, 12, 13) had the nickel and chromium contents 
essentially reversed. This reversal appears to have had no effect on 
the cracking susceptibility. Statistical analysis of 1310 commercially- 
quenched tubes showed that variation in carbon content had consid- 
erably more effect on cracking susceptibility than variation in the 
content of alloying elements from heat to heat for a given grade of 
steel (2). A good example of just how great an effect carbon has 
on cracking susceptibility is shown by Heat 14. The original chem- 
ical analysis of the heat listed the carbon content as 0.31% and the 


cracking susceptibility index was determined to be ;%5 inch. 


Because 


of this anomalous behavior, check carbon analyses were run on this 
heat. These analyses showed that the carbon content was actually 
0.40% instead of 0.31%. Check analyses on the other fifteen heats 
indicated that the carbon content originally reported was correct. 
Some interesting information on the effect of carbon on the 
cracking susceptibility was obtained from Experimental Heat 1 of 


Company 22. As shown by determined indices of cracking suscep- 
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tibility (Table IV), these compositions have a high resistance to 
cracking. It is quite surprising that Ingot 3 which has 0.43% carbon 
should crack more easily than Ingot 4 which has 0.51% carbon. The 
same result was obtained when disks 6% inches OD by 2% inches 
[D by 3 inches thick were immersion-quenched in the jig. A disk 
from Ingot 4 did not crack a %-inch notch, while disks from Ingot 3 
cracked %, 7%, and %-inch notches. The limited supply of disks 
precluded the possibility of quenching disks from Ingot 4 containing 
1 


a ;s-inch notch and disks from Ingot 3 containing a ;g-inch notch. 


As shown in the data of Table IV on 3-inch thick disks, the index 
of Ingot 4 (0.51% carbon) is higher than that of Ingot 1 (0.32% 
carbon), both ingots being from the same heat. 

Neither disks of the proper carbon contents nor time for the 
necessary quenching tests were available to pursue the interesting 
possibilities revealed by the quenching tests above. Perhaps further 
tests might show a range or ranges of carbon content where, for each 
nominal composition, quench cracking susceptibility may be at a 
minimum. 


EFFECT OF BORON ON THE INDEX OF CRACKING SUSCEPTIBILITY 


Three of the ingots from Experimental Heat 1 had both carbon 
and boron (Grainal No. 79) added to the mold. The index of crack- 
ing susceptibility resulting from the quenching of standard disks from 
each of these ingots is >% inch. However, the limited results on 
3-inch thick disks (Table IV) indicate that boron may slightly de- 
crease the ID cracking susceptibility. Ingots 1 and 5 and Ingots 2 
and 6 have essentially the same compositions except for the boron in 
Ingots 5 and 6 and these latter two ingots have the higher cracking 
index value. It was demonstrated in the third paper of this series 
(3) that a pre-bore quench® would eliminate ID cracking but at the 
same time institute cracking on the OD surface. Consequently, disks 
6% inches OD by 2% inches ID by % inch thick (standard disk) 
from the seven ingots were given various timed pre-bore quenches. 
Using ™%-inch OD notches, disks from Ingots 1, 2, 3, and 5 could 
not be cracked at any of the bore lead times investigated. However, 
disks from Ingots 4, 6, and 7 exhibited the following: 


Bore 
No Lead Time in Seconds No 


Ingot % C % B Cracking Cracking Cracking Cracking 
4 0.51 0.000 40 45 90 95 
6 0.37 0.001 50 55 75 80 
7 0.39 0.001 35 40 80 85 


It appears that 0.001% boron has an effect in initiating OD 
cracking, provided the carbon content is 0.37% or higher. Disks 





5Also referred to as a bore lead quench. 
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from Ingot 6 crack on the OD at bore lead times of 55 to 75 seconds, 
but disks from Ingot 2 (same carbon content as Ingot 6 but without 
boron) cannot be cracked at any bore lead time up to 100 seconds. 

This small amount of data also gives a little information on the 
effect of carbon on the OD cracking susceptibility. That carbon has 
considerable effect on the range of bore lead times at which OD 
cracking occurs is suggested by the facts that Ingot 7 which contains 
0.02% more carbon than Ingot 6 and an equal amount of boron has 
a bore lead range of cracking twice as large as that of Ingot 6; 
Ingot 4 (0.51% carbon) will crack at bore lead times of 45 to 90 
seconds, while Ingot 3 (0.43% carbon) will not crack on the OD at 
iny bore lead time up to 100 seconds. 


SUMMARY 


Metallurgical variables which may affect quench cracking of 
ollow cylinders have been studied by use of the laboratory test 
volving quenching disks in a special jig. Data obtained in pro- 
luction heat treatment of hollow cylinders were accumulated and 
ompared with the laboratory results. In all cases where a compari- 
in was possible, the laboratory data and the production data indi- 
ited the same result. 

Raising the austenitizing temperature tends to increase the 
uench cracking susceptibility (a lower index). 

Normalizing before austenitizing has a minor influence toward 
ecreasing the quench cracking susceptibility. 

Removing disks or the hollow cylinders from the quenching media 
t temperatures of 350 to 500°F (175 to 260°C) decreases the 
tendency for quench cracking. 

The material from the bottom third of the ingot seems to be more 
susceptible to quench cracking than the material in the remainder 
of the ingot. 

The higher the carbon (in the compositions studied) the greater 
the tendency toward quench cracking up to some 0.45% carbon. 

If there is an effect of boron, it is suspected that it increases the 
cracking susceptibility. However, this effect is probably unimportant. 
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CORRELATIONS OF RUPTURE DATA FOR METALS 
AT ELEVATED TEMPERATURES 


By Raymonp L. Orr, OLEG D. SHERBY AND JOHN E. Dorn 


Abstract 


Stress-rupture data for pure metals and high strength 
alloys at elevated temperatures are correlatable by means 
of the equation 

tg ame/B* = f(a), 

where o 1s the applied stress, T is the absolute temperature, 
t, is the time to rupture, R is the gas constant, and AH, 
is the activation energy for rupture. These correlations 
are successfully applied to data for aluminum, beryllium, 
titanium, nickel, niobium, molybdenum, and several repre- 
sentative high strength commercial alloys. AH, is found 
to be a constant for a given metal, and for relatively pure 
metals is believed to be equal to the activation energy for 
creep and self-diffusion. 


INTRODUCTION 


NUMBER of attempts (1-3)! have been made to correlate 

stress-rupture data for metals and alloys at elevated tempera- 
tures by relating the time to rupture with the applied stress and 
temperature of testing. Among the more recent correlations of this 
type, developed primarily for the purpose of predicting long-time 
strength characteristics from short-time tests, are those presented by 
Larson and Miller (2) and by Manson and Haferd (3). Each group 
of authors has proposed the use of a different empirical parameter 
relating rupture time with the variables of stress and temperature, 
and each has obtained good correlations of rupture data for a large 
number of alloys. The empirical relationships derived by these in- 
vestigators, however, do not indicate the possible nature of the proc- 
esses leading to rupture and are not directly related to any of the 
fundamental properties of the materials considered. 

Recent investigations (4-7) have shown that creep data for 
relatively pure metals and simple alloys at temperatures of rapid 
recovery are correlatable by means of the fundamental relation 





_'The figures appearing in parentheses pertain to the references appended to this paper. 
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e— F(6,c) Equation 1 
where € = total creep strain 
¢ = initial stress in a constant load test or the constant true stress in 
a constant stress test* 
6 = temperature-compensated time = te~*"«/®* 
for a constant temperature test 
t — time to reach the strain e 
T = temperature of test in absolute degrees 
R = gas constant in calories per degree per mole 
AH. = experimental activation energy for creep in calories per mole 


Through the application of Equation 1 and other derived rela- 
tionships to all appropriate creep data which were available, good 
correlations were obtained for high temperature creep of several pure 
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Fig. 1—Correlation of Creep Strain-— Time Data for Aluminum and Dilute 
Aluminum Alloys by Means of the Relation e—f(@) for a Stress of 4000 Psi. 
[Data of Sherby and Dorn (4, 5) and Giedt, Sherby and Dorn (6).] 


metals and dilute alloys representing a wide range of conditions and 
creep strength characteristics (7). The activation energy for creep, 
AH,, was found to be a constant for a given material, independent of 
temperature, creep stress, creep strain, grain size, substructures de- 
veloped during creep, and small alloying additions. For the relatively 
pure metals investigated, the values of AH, were shown to be ap- 
proximately equal to the known values of the activation energy for 
self-diffusion, suggesting that the rate-controlling process for high 
temperature creep might be similar to the rate-controlling process for 
self-diffusion. Furthermore, the activation energy for creep was 
found to be a periodic function of atomic number and was shown to 
correlate quite well with the melting temperature. 

For a given stress, 6, Equation 1 prescribes that © is a function 
of @ alone for all temperatures above the minimum temperature of 


*Equation 1 is valid for either constant stress or constant load tests; but the total creep 
curve is different (i.e., the function, F, is different) for each test. 
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rapid recovery for the material considered. This is illustrated in 
Fig. 1 in which are shown the e — @ curves for high purity aluminum 
and three dilute aluminum alloys under a stress of 4000 psi applied 
at various temperatures. The final point on each curve is the stress- 
rupture datum. Consequently Equation 1 appears to be reasonably 
valid up to and including the point of stress-rupture. This implies 
that the processes involved in the formation and growth of micro- 
cracks that eventually result in stress-rupture are dependent on the 
processes involved in creep. Assuming that such strain damage de- 
pends on the applied stress and the creep strain, the strain at rupture 
following high temperature creep should depend only on the applied 
stress. Therefore, upon considering Equation 1, 
er — O(c) Equation 2 


or 
6, = f(c) Equation 3 


where the subscript “r’” refers to the rupture conditions and 6, = 
t, e-AHr/RT, 

Usually the strains to rupture, €,, vary appreciably from speci- 
men to specimen, even under conditions where extreme care is exer- 
cised to obtain uniform sampling. On the other hand, such sampling 
variations exhibit only minor effects on the time to rupture, since 
the creep rate becomes very rapid during the final stages of tertiary 
creep. Consequently the validity of the strain-damage hypothesis for 
creep can best be evaluated by testing the validity of Equation 3. 

The activation energy for stress-rupture AH, is easily obtained 
from Equation 3. Since the same 6, value is prescribed under the 
same creep stress, independent of the temperature, the following 
equality must hold for two stress-rupture tests at the same stress, 
-4H./RT, 


t.. e e 


-SH,/RT, _ + 
r 


where t,;, is the time to rupture at temperature T, and t,. is the time 
to rupture at temperature Ty. From this equality AH, for the metal 
in question can be obtained: 


R log. t/t, 
Riis ok. 


AH, = Equation 4 


It is the purpose of this report to test the general validity of the 
concepts leading to Equation 3 when applied to all available high 
temperature stress-rupture data for relatively pure metals and dilute 
alloys already reported in the literature, and, secondly, to attempt the 
application of Equation 3 to representative data for more complex 
commercial alloys. If the strain-damage hypothesis for stress-rupture 
is valid the following results should mature: 
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Relatively Pure Metals and Dilute Alloys Investigated 
Melting 
Atomic Metal Temp. Crystal Chemical 
No. or Alloy i Structure Composition Source of Data 
13 Al 933 ri; 99.987% Al Sherby and Dorn (4, 5) 
99.995% Al Servi and Grant (8) 
Al-Mg solid High purity Al Sherby and Dorn (4, 5) 
solution alloy rx plus 1.6 At. % Mg 
Al-Cu solid High purity Al Sherby and Dorn (4, 5) 
solution alloy F.C.¢ plus 0.1 At. % 
Al-Cu disper- High purity Al Giedt, Sherby 
sion alloy in 8 Wks plus 1.1 At. % Cu and Dorn (6) 
4 Be 1553 C.P.H 99.7% Be Kaufmann, Gordon 
and Lillie (9) 
22 Ti (75A) 2005 C.P.H. 99.6% Ti Cuff and Grant (10) 
Ti (D9) ie 2 C.P.H. 95.7% Ti (1% Mn, Thomson Laboratory, 
% Fe, 1% Al, General Electric 
1% Cu, 0.3% O) Company (12) 
28 Ni 1728 rf. 99.50% Ni Battelle Memorial 
Institute (13) 
41 Nb 2688 Bak. 99.8% Nb Grassi, Bainbridge and 
Harman (14) 
Orr and Bainbridge (15) 
42 Mo 2900 B.C.C. oa Parke (16) 
Mo-Nb alloy Bold B.C.C Mo plus 0.34% Nb Semchyshen and 
Mo-V alloy <scel B.C.¢ Hostetter (17) 


Mo plus 0.87% V 


1. The time to rupture should be related to the test temperature 
and stress according to the functional relationship given by Equation 3. 

2. The activation energy for stress-rupture, AH,, should be 
equal to the activation energy for creep, AH., and also to the acti- 
vation energy for self-diffusion, AHg. 

3. All observations relative to the insensitivity of the activation 
energy for creep, AH,, to grain size, cold work, subgrain structure, 
minor alloying additions, etc., should also apply to the activation 
energy for stress-rupture, AH,. 


RELATIVELY PuRE METALS AND DILUTE ALLOYS 
Materials Investigated 


Extensive investigations of stress-rupture properties have been 
performed for commercial alloys, only comparatively few data being 
reported for relatively pure metals or dilute alloys. Those relatively 
pure materials for which the available high temperature rupture data 
have been analyzed in this report are listed in Table I, together with 
the atomic number, melting temperature, crystal structure, purity 
(if known) and source of data. Since the correlations of creep data 
by means of Equation 1 were found to be valid only at temperatures 
above those of rapid recovery for the materials studied, an attempt 
has been made to limit the present analyses to the high temperature 
range of reported test data. 
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Fig. 2—Correlation of Rupture Data for Aluminum 
and Dilute Aluminum Alloys by Means of the Relation 
4, =f(o). [Data of Sherby and Dorn (4, 5) and Giedt, 
Sherby and Dorn (6).] 


Results 


Aluminum (Atomic No. 13 )—Extensive investigations (4, 5, 6, 
8) have been reported covering the effects of grain size (8), dilute 
solid solution alloying (4, 5), and dispersions (6) on the creep and 
rupture properties of aluminum over wide ranges of stress and 
temperature. These data are thus ideally suited for the preliminary 
attempt to test the general validity of Equation 3, to determine the 
effect of the metallurgical variables studied upon the activation energy 
for rupture, AH,, as well as to compare the resulting correlations 
with those previously obtained for the creep of these same materials 
(7). The rupture data for these metals at temperatures of rapid 
recovery (above about 420°K for aluminum) were analyzed by 
means of Equation 3, yielding the correlations shown in Figs. 2 and 3. 
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Fig. 3—Correlation of Rupture Data for Coarse and 
Fine-Grained High Purity Aluminum by Means of the 
Relation @r —f(c). [Data of Servi and Grant (8).] 


Fig. 2 reveals the results obtained for 99.987% aluminum, high purity 
Al-Mg and Al-Cu solid solution alloys, and an alloy consisting of a 
dispersion of CuAly in a saturated solution of copper in aluminum, 
while Fig. 3 shows the correlations found for coarse and fine-grained 
99,995% aluminum. 

From the correlations obtained, it is seen that the same activation 
energy for rupture, AH, = 36,000 calories per mole, was found to 
correlate the data for the solid solution and dispersion alloys as well 
as those for the high purity aluminum. This would suggest that AH, 
is relatively insensitive to minor differences in purity, small alloying 
additions, dispersions, or grain size. Furthermore, the value obtained 
for AH, is the same as the previously evaluated activation energy, 
AH,, for the high temperature creep of these same materials. It 
should be noted that although the dilute alloys possess the same 
activation energy for rupture as pure aluminum, alloying does increase 
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_ Fig. 4—Correlation of Rupture Data for 99.7% Beryl- 
lium by Means of the Relation 6r =f(¢). [Data of Kauf- 
mann, Gordon and Lillie (9).] 


the rupture strength, as illustrated by the relative positions of the 
curves shown in Fig. 2. This increase in strength must be due to 
changes in other factors due to alloying which do not affect the 
activation energy. 

Beryllium (Atomic No. 4)—Rupture data for vacuum-cast, ex- 
truded 99.7% beryllium in the temperature range 773 to 1367 °K 
were reported by Kaufmann, Gordon and Lillie (9). These investi- 
gators also studied the variation with temperature of the ultimate 
tensile strength of cast-extruded beryllium and found that it begins 
to decrease quite rapidly with increasing temperature at about 773 
‘K, indicating this to be about the temperature at which rapid re- 
covery becomes important. The rupture data obtained throughout 
the range of test temperature correlate quite well by means of the 
relation 0, —=f(o6) as shown in Fig. 4, yielding 65,000 calories per 
mole as the value of the activation energy for rupture of beryllium. 

Titanium (Atomic No. 22)—Extensive rupture data for com- 
mercially pure, 99.6% titanium (Titanium 75A), preannealed at 
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Fig. 5—Correlation of Rupture Data_for Commer 
cially Pure, 99.6% Titanium (75A) by Means of the 
Relation 6r—f(o). [Data of Cuff and Grant (10).] 


1122 °K, were reported by Cuff and Grant (10) in the temperature 
range 644 to 1033 °K. Tensile data for this material (11) show that 
both the ultimate tensile strength and the yield strength begin to 
decrease rapidly with increasing temperature at about 700 °K, indi- 
cating the onset of rapid recovery at this temperature. Thus only 
data at 700 °K and above were used in the present analysis. The 
correlation achieved by the application of Equation 3 to these data, 
as shown in Fig. 5, is seen to be excellent, wherein the activation 
energy, AH,, was found to be 60,000 calories per mole. 
Stress-rupture data were also obtained for Titanium D9 alloy 
containing 95.7% titanium from the Thomson Laboratory, General 
Electric Company (12). Here again only the data above 700 °K 
were used, and the resulting correlation shown in Fig. 6 is quite 
good; however, a higher activation energy of 80,000 calories per 
mole was required to correlate these data. Considering the much 
higher purity of the 99.6% titanium, the activation energy for rupture 
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oratory, General Electric Company (12).] 


evaluated from the very extensive data for that material, namely 
60,000 calories per mole, is believed to more closely represent the 
value of AH, for the element titanium. 

Nickel (Atomic No. 28)—Stress-rupture data for Type “L” 
99.50% nickel in the temperature range 700 to 922 °K, obtained 
from Battelle Memorial Institute (13), were analyzed by means of 
Equation 3, resulting in the good correlation shown in Fig. 7. The 
activation energy for rupture, AH,, was found to be 65,000 calories 
per mole, which is the same value obtained previously for the activa- 
tion energy, AH,, for the high temperature creep of 98.7% nickel (7). 

Niobium (Atomic No. 41)—Rupture data for 99.8% niobium in 
a helium atmosphere have been reported at 1255 °K by Grassi, Bain- 
bridge and Harman (14), and at 1144°K by Orr and Bainbridge 
(15). The lattér investigators have analyzed these data by means 
of the relation 6,—{(o6), obtaining the correlation reproduced in 
Fig. 8. While limited in extent, these data serve to yield a pre- 
liminary evaluation of AH, for niobium, 75,000 calories per mole. 
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Molybdenum (Atomic No. 42)—Parke (16) has reported stress- 
rupture data for recrystallized molybdenum of unreported composition 
from two different sources at temperatures of 1255 and 1366 °K. 
The data for each source of material correlate quite well, as shown in 








ao, Stress, |OO0 psi 





-65000 
6,-=t-e “RT (t- in hrs., T in °K) 


Fig. 7—Correlation of Rupture Data for 
99.50% Nickel by Means of the Relation 
6r = f(c). [Data from Battelle Memorial 
Institute (13).] 


Fig. 9, yielding an activation energy of 120,000 calories per mole. 
Fig. 10 reveals the application of Equation 3 to rupture data for a 
dilute Mo-Nb alloy and a dilute Mo-V alloy at 1255 and 1366 °K 
as reported by Semchyshen and Hostetter (17). The correlations 
obtained for these data also suggest the activation energy for the 
rupture of molybdenum to be 120,000 calories per mole. As dis- 
cussed previously for the aluminum alloys, the relative positions of 
the o — 6, curves for the various molybdenum alloys illustrate the 
differences in rupture strength due to factors other than AH,. 


CoMMERCIAL ALLOYS 
Materials Investigated and Results 


Since the applications of the relationship expressed by Equation 
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Fig. 9—Correlation of Rupture Data for Molybdenum 
From Two Different Sources by Means of the Relation 
6r=f(o). [Data reported by Parke (16).] 


3 to rupture data for relatively pure metals and dilute alloys proved 
to be so successful, it was decided to attempt similar analyses of rup- 
ture data for the more complex high strength commercial alloys. If 
successful, such analyses would present an accurate means for the 
correlation and concise representation of rupture data for commer- 
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Fig. 10—Correlation of Rupture Data for Two Dilute 
Molybdenum Alloys by Means of Relation 6#r=f(c). 
[Data reported by Semchyshen and Hostetter (17).] 
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cially important alloys and would permit the prediction of rupture 
strength characteristics over wide ranges of conditions from a limited 
number of tests. 

Rupture data for twenty-four commercial alloys, most of which 
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Table II 
Composition and Activation Energy of Commercial Alloys Investigated 





Alloy 
(Source of Chee mical Composition, % —————— ace AH;y 
Data Indicated) C Mn Si Mo Cr Ni Co Fe Others cal./mole 
Timken Steels 
(Ref. 18) ; 
Killed Carbon O25. O26. O26....,. aoe ea 90,000 
Carbon-Molybdenum ae ee Ce ER ys Cee “eats OREO * oe 90,000 
DM-2 0.10 0.36 0.25 0.55 ND, Site ia 4: Agha ie tO OB alba wale ae 110,000 
Silmo 0.11 0.30 1.35 0.50 Pacme a aia salad by et rs oe 90,000 
DM 0.07 0.42 0.72 0.54 * US ree See ee eee ae 120,000 
~ Cr-Mo 0.11 0.45 0.42 0.50 ae. «sks se is ek RR ae |e as 90,000 
Sicromo-2 0.09 0.41 1.32 0.33 ee ae obi nea Sea aS 90,000 
.% Cr — 1.0% Mo 0.15 0.39 0.33 0.90 A er 2 ree 90,000 
icromo-3 0.12 0.43 1.40 0.50 OO  sascee Beli SR ihe 90,000 
to 6% Cr-Mo 0.10 0.45 0.18 0.55 BS click. © sccm ee. Nie ee 90,000 
to 6% Cr-Mo + Ti 0.10 0.44 0.38 0.50 ae jek ion Ti, 0.51 100,000 
romo 5S 0.10 0.38 1.55 0.5 EE > 5 65ch es ci. als ah es cern items 90,000 
romo 5MS 0.10 0.3 1.37 0.90 BS ong a ee ft oe 110,000 
romo 7 0.11 0.43 0.92 0.59 TEE oeeak  kihce Eee oe a keer 90,000 
romo 9M 0.12 0.44 0.67 0.95 Re a a Greig of 90,000 
8 Stainless 0.06 0.50 0.61 ere. * O28 ws. aa Ts Se 90,000 
8 + Nb Stainless 0.08 1.72 0.58 ee A> Se Nb, 0.88 90,000 
13-3 Stainless 0.08 1.40 0.45 2.81 Meee tee sed. See). 2 elas bee 90,000 
12 Stainless 0.06 1.55 0.42 SR tod I gg ar 90,000 
5 Stainless 0.04 0.59 1.00 16.0 Becee hi: SSS ES Speen 90,000 
20 Stainless 0.11 0.58 0.75 SOO AGS iki SRS adh aes 90,000 
10 (Ref. 1) 0.37 1.37 GS 3.79 20.84 19.62 19.24 Bal. Nb, 4.2; W,4 105,000 
ynes Stellite 34 
Ref. 12) as Os. Of. $8 FP 2.5 ee Se ere 100,000 
el Metal (Ref. 19) 0.15 1 a 67. eotee ee ae Cu, 30 94,900 


were iron-base alloys, covering wide ranges of composition and rup- 
ture strength, were analyzed by means of Equation 3, yielding good 
correlations for all of the alloys studied. The results of these analyses 
are shown in Table II, which lists the source of data, chemical com- 
position, and the activation energy for rupture found to correlate the 
data for each of these alloys. Examination of Table II reveals that 
of the twenty-four alloys studied, the majority were found to possess 
an activation energy for rupture of 90,000 calories per mole, while 
the activation energies of the remainder were only slightly higher 
than this value. Considering the broad range of composition and 
strength represented by these alloys, this striking result is most 
difficult to interpret and certainly would not have been anticipated. 

Fig. 11 shows the correlations obtained by means of Equation 3 
for four of the iron-base alloys listed in Table II which possess an 
activation energy for rupture of 90,000 calories per mole, and which 
well represent the range of composition and strength of the iron-base 
alloys studied. Here, again, the differences in rupture strength due 
to factors other than AH, are illustrated by the relative positions of 
the curves of Fig. 11. 


DiscussION OF RESULTS 
The many successful analyses of rupture data just described con- 


firm the general validity of Equation 3 when applied to high temper- 
ature rupture data for relatively pure metals and dilute alloys as well 








126 TRANSACTIONS OF THE ASM 


end 4th Period i 
Period 
© Creep Data 
4& Rupture Data 


3rd 
Period 
ta + Self-Diffusion Data 


Activation Energy (kcal./mole) 








Atomic Number 
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as for complex commercial alloys. It has been shown that the 
activation energy for rupture is a constant for a given material, 
independent of stress and temperature (within the high temperature 
range of validity for each material), and rather insensitive to minor 
differences in purity and structure. Furthermore, in the cases of the 
two metals for which both creep and rupture data have been analyzed, 
namely aluminum and nickel, the activation energy for rupture has 
been found to be equal to the previously evaluated activation energy 
for high temperature creep, suggesting that for relatively pure metals 
the processes of creep and rupture possess the same energy of 
activation. 

As mentioned previously, it has recently been proposed (7) that 
the rate-controlling process for the high temperature creep of pure 
metals and dilute alloys is similar to that for self-diffusion, leading 
to the suggestion that creep appears to occur due to the removal of 
barriers to the motion of stressed dislocations by some diffusion 
process. Since the processes leading to rupture appear to follow the 
same law and possess the same activation energy as high temperature 
creep, it might be thought that the rate-controlling process for rup- 
ture is likewise diffusion-dependent. It might be supposed that the 
rate of formation and growth of microcracks leading to rupture is 
dependent upon the motion of dislocations toward the cracks, which 
in turn depends upon the rate at which barriers are removed from 
the path of the stressed dislocations. Thus the process controlling 
the rate at which rupture is approached, and therefore the time to 
rupture, would be the same as that suggested for creep, namely the 
diffusion of barriers from the dislocation path. It would then be ex- 
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pected that the activation energies for the processes of creep, rupture 
and self-diffusion of relatively pure metals should be equal. 

If the foregoing suggestion is valid, it would be anticipated that 
the presently obtained values of AH, for relatively pure metals, which 
should approach those of the elements, should fall into the periodic 
relationship already shown to exist between the activation energy for 
creep (or self-diffusion) of the elements and atomic number (7). 
Fig. 12 shows all the known values of the activation energy evaluated 
from creep, rupture and self-diffusion data for the elements plotted 
against atomic number. Although the data are yet quite incomplete, 
the additional values obtained from rupture data appear to support 
the previously made observation that the intermediate elements within 
each period appear to exhibit the highest activation energies for the 
processes of creep and self-diffusion, and now also for rupture. It 
should be remembered, however, that a large value of the activation 
energy is not sufficient to insure a high rupture strength or high creep 
resistance for a given material, due to the influence of other factors 
not affecting the activation energy. This is well illustrated by several 
of the commercial alloys studied in this report which possess the 
same activation energy for rupture but differ greatly in rupture 
strength. CONCLUSIONS 

1. Stress-rupture data for pure metals and high strength alloys 
at elevated temperature can be correlated by means of the simple 


relation: 6, =e) 


where o = applied stress 
6, = tre “"r/®™ where t, is the time to rupture, T is the absolute 
temperature, R is the gas constant, and AH; is the experimental 
energy of activation for rupture in calories per mole. 


2. AH, was found to be a constant for a given metal independent 


of stress, temperature, grain size, subgrain structures, minor alloying 
additions, and dispersions of intermediate phases. Available data 
indicate that for relatively pure metals, the processes of creep and 
rupture exhibit the same energy of activation and that the rate- 
controlling process for both creep and rupture might be similar to 
the rate-controlling process for self-diffusion. 

3. For the elements investigated the activation energy for rup- 
ture was found to fall into the periodic relationship previously found 
for the activation energies of creep and self-diffusion. 
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EFFECT OF COMPOSITION ON TRANSVERSE 
MECHANICAL PROPERTIES OF STEEL 


By C. WELLs, J. V. RussELt anp S. W. PooLe 


Abstract 


Eleven basic electric furnace production heats, vary- 
ing from 15 to 70 tons weight, representing a series of 
alloy steel base compositions were utilized for this investi- 
gation. The composition of a series of ingots from each 
of these heats was modified by ingot mold additions of 
carbon, silicon, nickel, chromium, molybdenum, boron and 
rare earths, the latter as metals or oxides. The hot-rolled 

r forged ingot product was quenched and tempered to 
various tensile strength levels generally in the form of 
1-inch thick sections cut from a 7-inch diameter round in 
order to evaluate (a) the effect of carbon; (b) the effects 
of silicon, nickel, chromium and molybdenum; (c) the 
effects of boron added as Grainal No. 1, No. 79 and ferro-. 
boron; (d) the effects of rare earths added as metals or 
oxides; and (e) the effect of combinations of boron, rare 
earths and silicon on transverse tensile strength, trans- 
verse reduction of area (RAT) and transverse impact 
quality. The results of this preliminary investigation are 
presented as a comparison of these properties as they 
would be expected to be at identical strengths in the range 


of 150,000 to 185,000 psi. 


INTRODUCTION 


Ro many years a rather extensive program of research has been 
under way in the Metals Research Laboratory of the Carnegie 
[Institute of Technology which involves studies of steelmaking and 
heat treating variables affecting ductility and toughness in heat treated 
wrought steel products. Among variables considered are included 
deoxidation practice, nonmetallic inclusions, composition, size of ingot, 
forging reduction, hardenability, cooling rate, and section size. As a 
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result of this work, papers have already appeared on the subjects of 
(a) Transverse Mechanical Properties in Heat Treated Wrought 
Steel Products (1, 2, 3)', (b) Factors Affecting Steel Ingot Quality 
(4 to 8, inclusive), and (c) Causes and Remedies for Quench Crack- 
ing in Heat Treated Wrought Steel Products (9, 10,11). The pres- 
ent paper fits logically in the series covering the subject “Transverse 
Mechanical Properties in Heat Treated Wrought Steel Products”. 
Herein the results of an investigation of the effects of changes of 
composition on tensile strength, transverse reduction of area, and 
transverse impact quality of certain normalized, quenched, and tem- 
pered steels are presented and discussed. 


STEEL INVESTIGATED 


A list of the steels investigated is given in Table I. The ladle 
analyses of the eleven basic electric furnace production heats utilized 
for this investigation are given, together with the composition changes 
resulting from additions to ingots. Modification of composition from 
ingot to ingot within a single heat excluded the heat variable. Ingots 
within a heat are in general essentially alike and when similarly proc- 
essed and heat treated have similar transverse properties and there- 
fore the ingot unit to which additions are made to change composition 
is a suitable one to use. The ingot is of course much smaller than 
the heat unit ; obviously the smaller the basic unit of steel which can 
be used to give the desired information the lower the cost. A dis- 
advantage is that some metallurgists do not have quite as much con- 
fidence in results based on the smaller unit and would prefer, if pos- 
sible, to work with split heats ; however, spot checks using either split 
heats or many individual heats may be made when thought advisable. 

Powdered graphite obtained from electric furnace electrodes was 
used to increase the carbon contents of ingots, while suitably sized 
and preheated ferromolybdenum, ferrochrome, ferrosilicon, and nickel 
chips were used to increase molybdenum, chromium, silicon, and 
nickel, respectively. The source of boron in most boron-treated steels 
was Grainal No. 79 (titanium-rich) ; in some it was Grainal No. 1 
(vanadium-rich) ; and in others, ferroboron. Mixed rare earth ele- 
ments were used in making some, and mixed rare earth oxides in 
making other rare earth treated steels. 


Segregation 


Since increasing alloy content by direct introduction of alloying 
elements into ingots is very unusual, it was thought that the degree 
of segregation of alloying elements introduced in this way should be 
determined. This was done and results showed the variation of carbon 


1The figures appearing in parentheses pertain to the references appended to this paper. 











1954 TRANSVERSE PROPERTIES OF STEEL 131 


and alloying elements to be approximately equal to that observed in 
comparable steels made in the normal manner. 


Heat Treatment 


Transverse disk sections 1 inch thick taken from 7-inch diameter 
bars were normalized, quenched and tempered. The product of 
Heats 10 and 11, however, because of hardenability considerations, 
was quenched in 14-inch square sections representing transverse 
test sections of suitable length for tensile and impact test bars re- 
spectively. All quenching was done in water with the exception that 
steel from Heat 2 was oil-quenched. Austenitizing and tempering 
temperatures and times were varied, depending on composition and 
objective. Details of the heat treatments involved for all heats studied 
are shown in Table II. 


Hardenability 


Results in Table III show that some steels (listed in Table I) 
have and others do not have sufficient hardenability to justify the 
belief that quenched l-inch thick “disks’’ from 7-inch rounds? were 
quenched essentially to martensite before the temper. It is estimated 
for this test that the “critical” Jominy distance is ;°; inch from the 
quenched end. Differences of hardenability (caused by differences 
of composition) no doubt are responsible for many of the quenched 
and tempered 1-inch slices from the lower hardenability 7-inch rounds 
having poorer mechanical properties. 


INTERPRETATION OF TENSILE AND IMPACT DATA 


The effect of changes of composition on transverse reduction of 
area and transverse impact properties could be more quantitatively 
described if available reduction of area and impact values for speci- 
mens from quenched steels tempered to different tensile strength 
levels could be modified so as to be equivalent to data which would 
be obtained if all specimens had come from quenched steels tempered 
to one tensile strength. Before such data can be modified as desired, 
one must know the relation (a) between tensile strength and trans- 
verse reduction of area and (b) between tensile strength and trans- 
verse impact. Results reported by Wells and Mehl (1) suggest that 
on the average transverse reduction of area is decreased by about 3% 
and room temperature transverse impact by about 6 ft-lb when 
tensile strength is increased by 10,000 psi, providing the steels are 
quenched essentially to martensite and tempered to a tensile strength 
in the range 100,000 to 200,000 psi. The relation between tensile 


strength and transverse reduction of area has been more quantita- 


2Unless specifically stated to the contrary it should be assumed that (a) whenever 
“disks” are referred to in this paper they have these dimensions, and (b) the quenching 
medium is water. 
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Table II 
Heat Treatment of 1-Inch Thick by 7-Inch Diameter Disk Sections 
From 7-Inch Diameter Bar Product 





Normalizing Quenching 


Heat Temp. (a) Temp. (a) Tempering Treatments 
1 1600 °F 1550°F 1. 950 °F—3hrs.; retemper 950 °F—3 hrs. 
(%% Ni-Cr-Mo-V) (water) 2. 1100 °F—3 hrs.; retemper 1100 °F—3 hrs. 
3. 1125/1150 °F; retemper 1125/1150 °F 
2 1650 °F 1550°F 1. 1000/1100 °F range for time sufficient to 
(2% % Ni-Cr-Mo-V) (oil) develop 400 BHN hardness level for all 
compositions 
3 1700 °F 1600 °F 1. 1000 °F—3 hrs. 
(2% % Ni-Cr-Mo-V) (water) 
4 1600 °F 1550°F 1. 900 °F—3 hrs. 
(AISI 8740) (water) 900 °F—3 hrs.; retemper 1200 °F—3 hrs. 
5 1700 °F 1700 °F 1. 900 °F—3 hrs. 
(AISI 4320 Mod.) (water) 2. 1225 °F—3 hrs. 
6 1600 °F 1550°F 1. 900 °F—=3 hrs. 
(AISI 8740) (water) 2. 1225 °F—3 hrs. 
7 (1) 1700°F 1550°F 1. 850 °F—6 hrs. 
(AISI 8630) (water) 2. 1090 °F—6 hrs. 
3. 1225 °F—6 hrs. 
(2) 1700 °F 1700 °F 1. 900 °F—3 hrs. 
(water) 2. 1225 °F—3 hrs. 
8 1700 °F 1550°F 1. 900 °F—6 hrs. 
(AISI 8627) (water) 2. 1100 °F—46 hrs. 
3. 1225 °F—6 hrs. 
9 ee 1600 °F 1. 1050 °F—4 hrs. 
(AISI TS 8645) (water) 
10 (b) at 1600 °F 1. 900 °F—4 hrs. 
(AISI TS 8142) (water) 2. 1050 °F—4 hrs. 
11 (b) os 1600 °F 1. 900 °F—4 hrs. 
(AISI TS 8142) (water) 2. 1050 °F—4 hrs. 


(a) Austenitizing time at temperature for both normalizing and quenching treatments 
was 1 to 1% hours. 


(b) Specimens for tensile tests for Heats No. 10 and 11 were treated as 1 by 1 by 6 
inch coupons cut transverse to 74-inch diameter forgings at half radius. Specimens for 
impact tests were treated as % by %-inch coupons cut transverse to 7%-inch diameter 
forgings at half radius. This was done to avoid slack-quenched condition anticipated upon 
quenching 7-inch diameter disks of the lower hardenability TS 8142 analysis. 


tively established than that between tensile strength and room tem- 
perature transverse impact. At temperatures below room tengperature 
and especially at temperatures lower than —50 °F, the relation be- 
tween tensile strength and transverse impact is not at all well known 
or predictable. For these reasons the present authors have used the 
tensile strength —transverse reduction of area relation much more 
confidently and have used the tensile strength—transverse impact 
relation only very sparingly and cautiously. In general, they have 
very conservatively assumed that an increase of 10,000 psi will lower 
transverse impact by only 4 ft-lb so as to avoid over-correction ; 
they have then applied this relation for making estimates of trans- 
verse impact values for specimens if broken at a desired tensile 
strength when the determined values are for specimens broken at a 
tensile strength usually not more and frequently much less than 
10,000 psi from the desired tensile strength level. Occasionally the 
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Table III 





ASTM End-Quench Hardenability Test Data 
Heat Ingot Distance from Quenched End Heat Ingot Distance from Quenched End 
No. No. ‘ (Sixteenths )———, No. No. m—(Sixteenths )——\, 
0 4 Ss: £6.29. 30 0 4 - we we cee 
1 1 S24: 32 31 46 42. 37 6 1 Sf. 34° °30:.. 23. 36 35 
2 54 53 32 Si 49° 46 2 S57. (36 $3 SO: 42:45 
3 7, oe sae ae om Be 3 oe 6 BS oe 4. 34 SG 
4 62 60 60 59 58 58 7 1 53 47 32 31 30 25 
5 52 51 51 51 50 48 2 53 51 41 30 28 25 
6 a4. S32: Ba 32. 52 50 3 a 84 646 3a 33: Sn 
7 56 55 54 54 54 53 4 55 52 47 39 36 35 
2 1 52 51 50 50 49 48 5 54 54 54 47 43 40 
- 61 60 59 58 358 38 8 1 47 42 31 25 23 21 
3 52 350 49 48 48 48 2 48 46 34 27 24 23 
4 4) we 2s ek ek oD 3 47) ma 29 25° 22 «23 
5 53° Sa. Sa Oe CUS 4 49 @ 8@.-42 -38- 36 
3 ] 47 45 45 45 44 42 5 - 46 39-35: 323 
2 49 48 47 47 47 46 9 ] 2 2 Se. Se ae. 24 
3 42 42 42 41 39 36 2 an oe 5S 42 37 34 
+ 46 45 45 45 45 45 3 om SF 38 55 31 
5 51 49 49 49 49 49 4 60 59 58 56 52 46 
SA 48 47 46 46 46 45 5 61 60 59 57 S51 44 
4 I S735 «at. HS 32 6 60 60 59 59 57 54 
2 57 56 54 7 Sa at 7 So 39 SB 37 5S2 4 
3 + wS- oe. om ee s ol @ we @ 45 4 
5 l 46 46 45 42 39 37 10 1 58. 56 4 29 28 27 
2 46 45 45 44 44 44 2 SS SS S2 22 2e 26 
3 46 46 45 42 38 37 3 oS 33° 36 ' 2 22° 2 
1] 1 se. 34 37508. 26. 27 
2 Ss. 36.52 ay ds we 
3 ss SF St oe ee 4 


| 
1] 
| 


| 


relation has been used to estimate what the transverse impact values 
would be for specimens having a desired tensile strength level when 
the determined values are for these specimens having tensile strengths 
of as much as 20,000 psi above or below that desired. Where esti- 
mated transverse impact data based on the relation discussed differ 
from determined data by a relatively large amount, both original and 
estimated values are reported. 

For consistent interpretation of data, a difference between two 
sets of comparable results is accepted as being statistically significant 
if the computed probability is less than 0.05 that a difference as large 
or larger than the one observed should be expected due to sampling 
error ; this usually means that an observed difference not accepted as 
statistically significant is unimportant from an engineering point of 
view; of course, a significant difference may be also unimportant 
engineering wise. 


Carbon 


Tensile Strength—Results suggest that with equal tempering 
temperatures within each carbon range (0.33 to 0.51%, Fig. 1; 0.29 
to 0.46%, Heat 2—Table IV, and 0.14 to 0.28%, Heat 3—Table IV) 
tensile strengths increased almost linearly with carbon content. Max- 
imum over-all tensile strength increases observed within ranges were 
(a) 20,750 psi for 0.14 to 0.28% carbon with final tempering tem- 
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perature 1000 °F (Heat 3, Table IV), (b) 21,000 psi for 0.29 to 
0.46% carbon with final tempering temperature 1100°F (Heat 2, 
Table IV), (c) 20,500 psi for 0.33 to 0.51% carbon with final tem- 
pering temperature 950 °F (Heat 1, Fig. 1) and, (d) 16,000 psi for 
0.33 to 0.51% carbon with final tempering temperature 1100 °F 
(Heat 1, Fig. 1). This smaller difference, namely 16,000 psi, sup- 
ports the point of view that the effect of carbon on the tensile 


© -No Boron 
e -Boron Co eatiien 
| 950°F 3 Hrs. 
S<—2 Values 
8 


210 









8 


Temper 
NOO°F 3 Hrs: 





(OOO psi) 





190 


Transverse Tensile Strength 


e<-2 Values 


180 


0.30 0.40 0.50 
Carbon % 


Fig. 1—The Above Data for Heat 1 Show: (a) 
Tensile Strength to Increase With Carbon Content at Each 
of Two Different Tempering Temperatures; (b) the 
Increase to Be Slightly Higher at the Lower Tempering 
Temperature; and (c) a Tendency for the Tensile Strength 
to Be Slightly Lower in the Boron-Treated Than in the 
Nonboron Steel, Provided Carbon Content and Tempering 
Treatment Are Not Varied. 


strengths of the fully-hardened and tempered steels is less pronounced 
at the lower tensile strength level (higher tempering temperature). 

Transverse Reduction of Area—Increases of carbon from 0.33 to 
0.51% (Fig. 2), from 0.29 to 0.46% (Table IV, Heat 2), and from 
0.14 to 0.28% (Table IV, Heat 3) caused on the average a slight 
but statistically insignificant lowering of transverse ductility for the 
same tensile strength level (185,000 psi). Increasing carbon over 
the range 0.33 to 0.51% (Fig. 2) lowered the transverse reduction 
of area by about 1.5% for each 0.1% carbon. 

Transverse Impact—For the same range of carbon content, the 
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Tensile Strength, 185000 psi 
O-No Boron 
@-Boron 


34 





In Per Cent 
a 





Transverse Reduction Of Area 

















Carbon % 


Fig. 2—Grainal No. 79 (Boron) and Carbon Additions to Base Analysis (Heat 
1) Lowered Average Transverse Ductility. (The center of each circle represents an 
average of six transverse reduction of area values. Upper and lower limits between 


which individual values fall are represented by upper and lower limits of vertical 
lines. ) 










ee Tensile Strength 172000 psi eet 
Pediisien EL ab doh ch te oh | 
Di shsdeiel 
Pee et 
aan Oe ee 
Be a ee 
ede 
el 





Transverse Keyhole - Notch Charpy 
Ft—Lb 











Carbon % 


Fig. 3—Carbon Added to Base Analysis (Heat 1) Decreased Transverse Impact 
Values; This Decreasé Appears to Be Higher at a Testing Temperature of 70 °F 
(21°C) Than at Either —32 °F (—35 °C) or —150°F (—101°C). (The center 
of each circle represents an average of two impact values; the limits of vertical 
lines represent the limit of individual values.) 
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transverse keyhole-notch Charpy impact at a tensile strength of 
172,000 psi was lowered about 2.5 ft-lb per 0.1% carbon at 70 °F; 
at lower testing temperatures, the effect of carbon was less pro- 


nounced (Fig. 3). 
Boron 


As is well known, the effect of boron on hardenability is phe- 
nomenal. Data in Table III show that, of the ingots from Heat 4, 
Ingot 3, treated with Grainal No. 79 to give 0.0014% boron, had 
higher hardenability than Ingot 2 to which about 1% of nickel was 
added. 

Tensile Strength—Steels of the same composition, some boron- 
treated, some not, have practically the same tensile strength when 
subjected to the same heat treatment, providing the quenching rate 
and hardenability of the nonboron steels are sufficiently high (Fig. 
1; Table IV, Heat 4, Ingots 1, 3; Heat 5, Ingots 1, 2; Table V, 
Heat 9, Ingots 1, 3; same heat, Ingots 1, 7). In those instances 
where hardenability was inadequate (Table III, Heat 7, Ingot 1) in 
nonboron and more adequate in the comparable boron-treated steels 
(Heat 7, Ingot 2), tensile strengths of the boron steels quenched and 
tempered at 850°F were significantly higher (Table VI, Heat 7, 
Ingot 1—no boron, tensile strength 145,000 psi; Ingot 2—hboron, 
tensile strength 167,800 psi). When tempered at 1225 °F the tensile 
strengths were 105,000 psi (no boron) and 110,700 psi (boron). 
The tensile strength difference between the base (no boron) and the 
comparable boron-treated steel was obviously much larger at the 
higher tensile strength level. 

Transverse Reduction of Area—With one exception, each of the 
boron-containing intensifiers added to fully-hardened and tempered 
steels of compositions used in the present investigations appears to 
have had only a minor effect on transverse ductility ; these intensifiers 
include Grainal No. 79, Grainal No. 1 and ferroboron. In one in- 
stance, Grainal No. 79 added to a modified AISI 4320 steel increased 
transverse ductility very considerably (Table IV, Heat 5, Ingots 1 
and 2). Estimated averages, based on four transverse reduction of 
area values per average, are 7.8% for specimens from the quenched 
and tempered base material and 36.9% for comparable specimens 
having the same tensile strength of about 185,000 psi but coming 
from the boron-treated steel. These exceptional results have not been 
satisfactorily explained. The average of 7.8% is unusually low for 
high quality wrought steel quenched to martensite and tempered to 
185,000 psi; the average of 36.9%, while somewhat higher than gen- 
erally expected, is not considered exceptionally high. There appears 
to be nothing unusual about Heat 5 as revealed by macro and micro- 
structure studies. Deep acid etch tests gave evidence of a sound ma- 
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terial and a good macrostructure ; nonmetallic inclusion studies indi- 
cate a relatively clean product containing those types of inclusions 
present in heats having high transverse ductility after being rolled (or 
forged) and adequately heat treated. 

Of the data which may be used to illustrate the general effect of 
boron on transverse ductility in high quality heat treated wrought 
steel products, more were obtained from Heat 1 than from any other. 
Estimated averages, based on eighteen. transverse reduction of area 
values per average, are 32.1% for quenched specimens tempered to 
185,000 psi (Heat 1, Ingots 1, 2, 3) and 30.2% for comparable 
specimens from the steel to which Grainal No. 79 was added (Heat 1, 


Tensile Strength 172,000 psi 
°-No B(043%C 
039% C 


Transverse Keyhole - Notch Charpy 
Values in Ft-Lb 





“60 -80 °F O 80 -60 -80 °F oO 80 


Testing Temperature 


Fig. 4—-The Above Data on Grainal No. 79 (Boron) Additions Show Low 
ered Transverse Impact Quality at the Carbon Content Levels Noted in Com 
parison With the Nonboron Modifications (Heat 1). Data are also presented for 
impact behavior of the 0.51% carbon modification. 


Ingots 5, 6, and 7). These estimates suggest a small and probably 
unimportant lowering of transverse ductility as a result of adding 
Grainal No. 79 to the steel; the difference of 1.9% is statistically not 
significant. 

If the exceptional transverse reduction of area results for speci- 
mens from Heat 5 are discarded, all available data for base analyses 
and boron-treated steels indicate that transverse ductility is lowered 
by some 2.0%. 

Transverse Impact—Results given in Fig. 4 show that Grainal 
No. 79 (titanium-rich) added to each of three Heat No. 1 ingots, 
0.33% C, 0.37% C, and 0.39% C, respectively, lowered the trans- 
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verse impact quality of these rolled products when quenched essen- 
tially to martensite and tempered to a tensile strength of 172,000 psi. 
The difference between two averages (an average of forty-two impact 
values for specimens from each of the boron and untreated steels) 1s 
3 ft-lb. This difference is statistically significant. A decrease of 2 
or 3 ft-lb at a low level of impact quality, say 10 ft-lb, may some- 
times be important engineeringwise; at a higher level (20 ft-lb or 
more) such a decrease would be, of course, much less important. 
Grainal No. 79 added to Heat 4 (AISI 8740) also lowered the 


transverse toughness of the fully-hardened rolled steel product when 


50L - 184 -129 -73 -18 38 93 


A,B,C- Temper I200°F (T.S.- 137,000 psi) 
D,E,F- Temper 9OO°F (T.S.- 179,000 psi) 


40 


28 © - Base (AIS! 8740 
30 x-Ni Added 
@-Boron Treated 


Values In Ft-Lb 





Transverse V-Notch Charpy Impact 





-300 -200 -100 @) 100 200 
Testing Temperature °F 


Fig. 5—The Above Data (Heat 4) Show That Added Nickel Had 
Little Effect on Transverse Impact Quality of Fully-Hardened and Tem- 
pered Test Specimens; Added Grainal No. 79 (Boron) Definitely Lowered 
Transverse Impact Quality at Both Tensile Strength Levels Investigated. 
(All values about 3 ft-lb at —321 °F (—196 °C) boiling liquid nitrogen.) 


tempered to two tensile strength levels, 137,000 and 179,000 psi, re- 
spectively (Fig. 5). The effect was less pronounced in the higher 
tensile strength material. Grainal No. 79 by increasing hardenability 
may have slightly improved transverse impact quality of Ingot 3, 
Heat 9 (Table V). Whether Grainal No. 1 (vanadium-rich) actu- 
ally raised or lowered impact quality of Ingot 5 is open to question. 
Ferroboron probably slightly lowered the impact quality of Ingot 7. 

Grainal No. 79 in a steel containing 40% bainite (formed at 
650 °F) and martefisite tempered at 1200 °F to a tensile strength of 
about 115,000 psi lowered transverse impact values for specimens 
broken at the higher temperatures but had little, if any, effect on the 
values for specimens broken at the lower temperatures (Curves B 
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Fig. 6—Nickel Improved Impact Quality in Slack-Quenched Steel 


Containing 40% Bainite (Heat 4). Above 20 °F (—29 
No. 79 (boron) treated steel had lower impact values than the 


C) the Grainal 
base 


analysis for Heat 4. (All values about 3 ft-lb at 321 °F (—196 °C) 


boiling liquid nitrogen.) 
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Fig. 7—Grainal No. 79 (Boron) and Rare Earth Metal Additions 
Improved Impact Quality of Specimens Having a Tensile Strength of 
175,000 Psi Broken at Any Temperature; the Boron-Treated Modifica- 
tion of the Base Analysis Tempered at 1225 °F (662°C) Showed Im- 
proved Quality at and Above —80°F (—62°C). (AIl values about 
3 ft-lb at —321 °F (—196 °C) boiling liquid nitrogen.) 
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and C, Fig. 6). The base and boron-treated steels referred to in 
Fig. 6 were rolled into 7-inch diameter rounds from Ingots 1 and 3, 
Heat 4. Ingot 3 was treated with Grainal No. 79. 

If results in Figs. 4, 5 and 7 are considered together, one ob- 
serves that (a) the Grainal No. 79 treated material, quenched essen- 
tially to martensite and tempered to about 175,000 psi and containing 
carbon in the range 0.33 to 0.40%, has a lower transverse impact 
quality than the comparable base material (Figs. 4 and 5) and (b) 
the Grainal No. 79 treated material also quenched and tempered to 
175,000 psi and containing 0.20% carbon has a higher transverse 
impact quality than the comparable base material (Fig. 7). These 
observations suggest that any decrease of transverse impact quality 
resulting from Grainal No. 79 treatments is likely to be of smaller 
magnitude the lower the carbon. 

The transverse impact quality of quenched and tempered boron- 
treated steels is sometimes better due to enhanced hardenability than 
that of similarly quenched and tempered base material having the 
same composition but not boron-treated. Curves A and B in Fig. 8A 
show the transverse impact quality of quenched and tempered disks 
of boron-treated wrought steel from Ingot 2 (Heat 8) to be higher 
than that of similarly quenched and tempered disks of steel from the 
same heat (Ingot 1) but not boron-treated. Improvement in this case 
resulted from increased hardenability ; as a result of increased hard- 
enability the percentage of martensite was increased in the quenched 
disks from the boron-treated steel. Results in Fig. 8 (C and E) like 
those of Fig. 8A show also that added ferroboron raised the V-notch 
Charpy impact values of specimens broken at the lower temperatures. 

In Fig. 9 (C and D) may be observed the effect of ferroboron 
on the transverse impact quality of a steel to which ferrosilicon and 
mixed rare earth metals were added; the ferroboron seems to have 
lowered the higher temperature (70°F) and raised the lower tem- 
perature (—40 °F) impact values slightly but insignificantly for the 
specimens tempered to the lower tensile strengths. 


Molybdenum, Chromium, and Nickel 


Tensile strengths of disks which had been quenched from 1550 
°F in oil and tempered at 1100°F were raised from 175,000 to 
200,000 psi, to 177,000, and to 185,000 psi as a result of molybdenum 
being increased by 0.42% (0.52 to 0.94), chromium by 0.66% (1.05 
to 1.71), and nickel by 0.85% (2.48 to 3.33) respectively (Table IV, 
Heat 2, Ingots 1, 3, 4, and-5). These results as they relate to the 
effect of molybdenum and chromium on tensile strength are consistent 
with those reported by other investigators (12, 13) but are incon- 
sistent as they relate to the effect of nickel on tensile strength. The 
larger increase of tensile strength than expected due to added nickel 
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Fig. 8—The Above Impact Data Indicate the Effect on Transverse Impact 
Quality of Additions of (a) Rare Earth Oxides and (b) Ferroboron in Comparison 
With the Base Analysis—Heat 8 (AISI 8627) as Shown in (A), (C) and (E) for 
Three Different Tensile Strength Levels. Also the effect of changing from added 
(a) ferroboron + ferrosilicon (1% Si increase) + rare earth metals to (b) ferro- 
boron + ferrosilicon (1% Si increase) + rare earth oxides on transverse impact 
quality at three different tensile strength levels is indicated in (B), (D) and (F). 


may be caused by vanadium; vanadium carbides were probably more 
completely broken up and the vanadium and carbon from these car- 
bides dissolved in the austenite at 1550 °F in the case of nickel steel 
—this would increase tensile strength because of the potent effect of 
vanadium on temperability. Addition of 1.05% nickel to an ingot 








146 TRANSACTIONS OF THE ASM Vol. 46 


©-Base (Quench I550° F) 
__@ - Base+FeB (Quench 550° F 
x-Base (Quench 1700° F) 

+ - Base+FeB (Quench 700° F) 









——-—Base+FeB (Quench I550°F ) 
o - Base+FeB+R.E. Oxides 
e- ‘Mie R.E. Oxides 
«| —— 70°F (21°C) 
ee 








0 - ‘aie I550°F . 
@ - Quench I700°F 












o-Base + FeSi + R.E. Metal 
®-Base + FeSi + R.E. Metal+FeB 
Quench I700°F 
—— 70°F (21°C) 

--- 40°F (40°C) | 


Quench IS50°F 
— 70°F (21°C) 
----40°F (40°C) 





Transverse V- Notch Charpy Impact 
Values In Ft-Lb 








100 125 I50 175 200 125 150 175 200 
Tensile Strength 1000 psi 


Fig. 9—The Above Data Show the Effect on Transverse Impact Properties at a 
Number of Tensile Strength Levels of Various Additions to Ingots of Heat 7, AISI 
8630 base composition. 


of AISI 8740 did not increase the tensile strength of quenched disks 
tempered at 900 and 1200 °F respectively ; tensile strength averages, 
each an average of four, are 180,400 and 136,750 psi for base material 
and 178,500 and 136,500 psi for material to which the 1.04% of nickel 
was added; these results are in good agreement with those of the 
other investigators referred to above. 

Data given in Table IV (Heat 2) indicate that increased molyb- 
denum, chromium, and nickel probably affected transverse ductility 
of the quenched and tempered steels to only a minor degree. Differ- 
ences among estimated transverse reduction of area averages for 
specimens from the quenched disks tempered to a tensile strength of 
185,000 psi are not statistically significant. The difference between 
the maximum and minimum value is 7.9%. The estimated trans- 
verse reduction of area averages referred to above are based on (a) 
the known relation between tensile strength and transverse reduction 
of area and (b) tensile strength data for specimens from quenched 
disks tempered to tensile strengths other than 185,000 psi. 

Averages of data given in Table IV (Heat 3) for carbon, chro- 
mium, tensile strength, and transverse reduction of area for the lower 
chromium steels are 0.22% carbon, 1.08% chromium, 180,000 psi, 
and 34.0%, and for the higher chromium steels they are 0.20% car- 
bon, 1.82% chromium, 180,000 psi, and 35.2%; the apparent im- 


ae 








TRANSVERSE PROPERTIES OF STEEL 


-!73° -l01° -46° 10° 


i) 
oO 


‘i % 
2.48 (Base) oe 


0.94 | 1.05 | 2.48 °° . 
0.52) L71 |2.48 O° 
0.52| LO5 o 











Tensile Strength 
190,000 psi 


+ 


-250° -150° -50° §0° 
Testing Temperature °F 


Impact Values In Ft-Lb 





Transverse Keyhole- Notch Charpy 





Fig. 10—These Data Suggest That the Effect of Each Added Element 
Mo, Cr, and Ni, on the Transverse Toughness of These Heat Treated 
Steels Is Small—Probably Less Than Combined Experimental and Sampling 
Errors. The curve represents the relation between testing temperatures and 
transverse impact averages for specimens from the base material. Each 
datum point represents an average of values for four specimens broken at 
the temperature indicated. 


provement of transverse ductility due to increase of chromium, even 
if real, is not important. 

Results plotted in Fig. 10 show that additional molybdenum, 
chromium, and nickel did not appreciably affect transverse toughness 
of the quenched and tempered steels. Differences among the plotted 
transverse impact averages for specimens broken at each of several 
testing temperatures are not statistically significant; these specimens 
are from quenched disks tempered to a tensile strength of 190,000 psi. 
The curve in Fig. 10 represents the relation between testing temper- 
ature and transverse impact average for specimens from the base ma- 
terial; data for all the steels fall rather randomly above and below 
this curve. 


Effect of Nickel in “Slack”-Quenched Steels 


When the percentage of austenite decomposition products which 
form above the M, temperature during quenching is sufficiently high, 
the steel containing them is said to be slack-quenched. 

While there may be some question as to the advantage of using 
nickel in steels quenched to martensite and subsequently tempered, 
there is no doubt regarding the beneficial effect of nickel on toughness 
in slack-quenched steels. Curves A, B, D, and E (Fig. 5) and 
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Curves A and B (Fig. 6) considered together show that a 1% 
increase of nickel had practically no effect on the transverse impact 
quality of disks quenched to martensite and tempered to about 137,000 
and 179,000 psi, respectively, but raised transverse impact quality in 
a steel containing 40% bainite (formed at 650°F) and martensite 
tempered at 1200 °F. 


Silicon 


Results given in Table IV (Heat 6, Ingots 1 and 2) show that 
the increase of silicon from 0.27% to 1.26% lowered transverse duc- 
tility ; the estimated transverse reduction of area average for speci- 
mens from quenched low silicon steel disks tempered to a tensile 
strength of 185,000 psi is 18.8% and for specimens from the quenched 
high silicon steel disks tempered to the same tensile strength, the 
estimated average is 10.6%. The difference, 8.2%, is statistically 
significant. Curves B, C, E, and F in Fig. 11 indicate that the ad- 
dition of 1% silicon to Ingot 2 of Heat 6 (a) lowered the impact 
values for specimens having a tensile strength of 125,000 psi and 
broken in the range roughly between 0 and —150°F where trans- 
verse impact values fall off rapidly with decreasing testing tempera- 
tures, and (b) had practically no effect on the transverse impact 
quality of specimens having a tensile strength of 185,000 psi. 


Vanadium 


Grainal No. 1 (vanadium-rich) added to ingots of Heat 9 intro- 
duced about 0.07% of vanadium into the steel. This vanadium is 
responsible for the higher tensile strength obtained in quenched disks 
tempered at 1050°F. For disks of base material (AISI TS 8645) 
the tensile strength was 152,900 psi, and for disks from the Grainal 
No. 1 treated ingot, the tensile strength was 170,900 psi. Any effect 
the vanadium had on the transverse ductility or the transverse tough- 
ness of the quenched and tempered disks was probably quite small. 


Rare Earth Treated Steels 


Some thirty years ago, Gillett and Mack (14) reported and dis- 
cussed the effect of rare earths on the properties of steels to which 
they were added. Those authors concluded that rare earths in many 
instances lowered sulphur, changed the appearance of nonmetallic 
inclusions, made many of their steels quite dirty, and generally low- 
ered the mechanical properties. More recently Lillieqvist (15) as 
well as Knapp and Bolkcom (16) have reported results which show 
that many properties, including ductility and toughness, of quenched 
and tempered castings have been remarkably improved as a result 
of adding a rare earth metal alloy to them. Knapp and Bolkcom 
also claim that not only do rare earths improve castings but also 
have a similar effect on forgings. 
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Results presented in this section of the present paper substan- 
tiate in part some of the claims made by Knapp and Bolkcom but 
show, in addition, that rare earths probably do not improve quality 
significantly (if at all) with respect to ductility and toughness beyond 
that normally found in highest quality wrought steel products. Com- 
parable tensile and V-notch Charpy impact test data for quenched and 
tempered castings and forgings, treated, and untreated, with rare 
earths are given in Table VII. 

It is assumed that the transverse properties of the forgings are 
no better than they would be for the ingot (casting) if quenched to 


Table VII 


Comparable Tensile and V-Notch Charpy Impact Test Data for Water-Quenched 
and Tempered Castings and Forgings, Treated and Untreated With Rare Earths 


Castings ; 
————().25% C-Cr-Ni-Mo Composition T ype——__—_—_ 
—V-Notch Charpy Impact———— 





Tensile (ft-lb) 
Strength Untreated Treated 
(1 unit Reduction of Area, % Room Room 
BHN 1000 psi) Untreated Treated Temp. —40 °F Temp. —40 °F 
240 118 53 60.5 51 49 73 71 
g0) 138 47 54.0 42 40 62 60 
320 160 41 49 32 29 47 45 
60 180 32 43 22 20 31 29 
400 202 27 38 17 15 22 20 
440 223 19 29 12 19 17 


Forgings 
——().37% C-Cr-Ni-Mo-V Composition Type 





lensile a V-Notch Charpy————— 
Strength Impact (ft-lb) 

(1 unit = RAT RAL Transverse Longitudinal 
1000 psi) % % 70 °F —40 °F 70°F —40 °F 
122.3 56.2 66.9 73.9 70.0 93.9 84.8 
136.0 52.0 64.0 61.1 59.0 79.3 75.5 
159.3 46.0 60.4 44.1 43.4 57.4 53.0 
174.9 42.3 57.6 33.5 28.3 44.3 32.3 


martensite and tempered; this assumption appears justified in view 
of results previously published (1) which show the relation between 
the transverse properties of forgings and unworked ingots (castings). 
It may be observed that the transverse properties of the forgings not 
treated with rare earths are about as good as those of the castings 
treated with rare earths. Furthermore, it may be noted that the im- 
pact averages are 93.9 (70°F) and 84.8 (—40 °F) for longitudinal 
specimens taken from the forgings and having an average tensile 
strength of 122,300 psi; these averages are about equal to those ob- 
tained by Knapp and Bolkcom on a forged material quenched and 
tempered to 250 BHN which had been treated with rare earth metals. 

Tensile Strength—lIn general, adding rare earth metals to Ingot 3 
of Heat 5, and to Ingot 2 of Heat 9, had little effect on the tensile 
strengths of quenched and tempered disks (Tables IV and V); on 
the average, tensile strength appears to be about 2000 psi higher in 
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the rare earth treated material but this increase is not believed to be 
real because of sampling and experimental errors. Disks from the 
rare earth treated ingot of Heat 8 (rare earth oxides added) appear 
to have on the average a somewhat lower tensile strength, averaging 
lower by about 3500 psi (Table VI, Heat 8, Ingots 1 and 3); these 
disks were slack-quenched before being tempered because of inade- 
quate hardenability. As a result of this, tensile strength data are more 
variable than would otherwise be the case, and determined averages 
are therefore also more variable. For this reason a lowering of ten- 
sile strength average by 3500 psi is considered insignificant in this 
instance. 

Transverse Reduction of Area—Two sets of data have been ob- 
tained which indicate a considerable improvement of transverse duc- 
tility due to the addition of rare earth metals to ingots. Grainal No. 
79 added to one ingot and rare earth metals to another from Heat 5 
raised transverse ductility considerably (Table [V, Heat 5, Ingots 1, 
2 and 3) ; in Heat 9 Grainal No. 79 did not but the rare earth metals 
did improve transverse ductility very markedly (Table V, Ingots 1, 
2 and 3). These results suggest that the cause of low transverse 
ductility varies and the remedy to improve such ductility varies, too. 

The addition of rare earth oxides to an ingot from Heat 8 prob- 
ably decreased average transverse ductility but by an amount which 
is not statistically significant (Table VI, Heat 8, Ingots 1 and 3). 

Transverse Impact—Results given in Fig. 7 (Curves B, C, E 
and F) and in Table V (Heat 9, Ingots 1 and 2) show that (a) 
rare earth metals added to an ingot from Heat 5 and (b) rare earth 
metals added to an ingot from Heat 9 increased transverse impact 
quality. Estimated averages, two impact values per average, are 18.2 
ft-lb (80°F) and 10.2 ft-lb (—40 °F) for specimens from base ma- 
terial (Heat 9) quenched and tempered to 150,000 psi, and 34.4 ft-lb 
(80 °F) and 23.4 ft-lb (—40 °F) for quenched specimens tempered 
also to 150,000 psi and coming from rare earth treated material. 

Adding rare earth oxides to an ingot from Heat 8 (a) slightly 
lowered transverse impact quality of specimens from disks quenched 
and tempered to a tensile strength of 145,000 psi (Fig. 8A), (b) had 
little or no effect on the quality of specimens tempered to 122,000 psi 
(Fig. 8C) and (c) slightly raised the quality of specimens tempered 
to 105,000 psi (Fig. 8E). These effects of rare earth oxides on 
transverse impact quality are statistically not significant. 


Rare Earth Plus Boron-Treated Steels 


Rare earth metals plus boron addition agents were added to 
ingots in the hope that as a result hardenability would be increased 
and mechanical properties, especially ductility and toughness, would 
be improved. : o 
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Results presented in Table III show that (a) Grainal No. 79 
added to Ingot 3, Heat 4, raised hardenability considerably as ex- 
pected (Ingot 1, base*), (b) rare earth metals added to Ingot 3, 
Heat 5, did not affect hardenability, and (c) Grainal No. 79 plus 
rare earth metals added to Ingot 3, Heat 6, increased hardenability 
by an amount usually expected when such a steel is treated with 
Grainal No. 79. Within the limits of experimental and sampling 
errors, results in Table III for test pieces from Heat 9 show a similar 
lack of influence of rare earth metals on hardenability gained from 
Grainal No. 79 (Ingots 3 and 4), Grainal No. 1 (Ingots 5 and 6), 
and ferroboron (Ingots 7 and 8). It is concluded, therefore, that in 
these ingots the rare earths did not appreciably add to nor detract 
from the increase of hardenability normally contributed by boron. 

Addition of Grainal No. 79 to the AISI 8740 steel (Heat 4) had 
practically no effect on transverse ductility (Table IV, Ingots 1 and 
3), but lowered transverse impact quality (Fig. 5, Curves A, C and 
D, F); rare earth metals added to an AISI TS 8645 steel (Heat 9) 
considerably improved both transverse ductility and transverse tough- 
ness (Table V, Ingots 1 and 2); while Grainal No. 79 plus rare 
earth metals added to the 8740 steel (Heat 6) had little effect on 
transverse ductility (Table IV, Ingots 1 and 3) but (a) apparently 
increased the impact averages for specimens having tensile strengths 
of 125,000 psi and broken at some temperatures and lowered those 
for comparable specimens broken at other temperatures and (b) im- 
proved transverse impact quality of specimens having tensile strengths 
of 185,000 psi (Fig. 11, Curves A, C, D, F). 

From these results it appears that the over-all effect of adding 
both Grainal No. 79 and rare earth metals to the steels investigated 
was a net gain with respect to hardenability and mechanical properties 
—hardenability was increased, transverse ductility was practically 
unaffected, and transverse toughness, at least at the higher tensile 
strength level, was improved. Further evidence that rare earth metals 
plus boron addition agents slightly improved transverse toughness is 
given in the last two columns of Table V: (a) Grainal No. 79 plus 
rare earth metals (Ingot 4), (b) Grainal No. 1 plus rare earth metals 
(Ingot 6), and (c) ferroboron plus rare earth metals (Ingot 8) added 
to ingots of Heat 9 all appear to have raised transverse impact quality 
over that of the base (Ingot 1). 

When the rare earth oxides were added to a boron-treated steel, 
transverse impact quality was impaired somewhat (Fig. 9B). The 
difference between the two impact curves based on 70 and —40 °F 
data was small and little affected by the rare earth oxide addition. 

Results given in Fig. 8 (B, D and F) show that better impact 
averages were consistently obtained for the steel (AISI 8627) to 


*Unless stated to the contrary, assume Ingot 1 as base of comparison. 
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which ferroboron, ferrosilicon and rare earth metals were added than 
for the steel to which ferroboron, ferrosilicon and rare earth oxides 
were added. Both steels had about the same transverse ductility 
(Table VI, Heat 8, Ingots 4 and 5, last column). 

Two heats, 10 and 11, of AISI TS 8142 steel were made and the 
addition agent (rare earth oxides) was added to the ladle of Heat 10 
during tapping but not to Heat 11. Ingots 1, 2 and 3 for each heat 
represent base analysis, base plus ferroboron and base plus Grainal 


°C -184 -l29 “73 -18 38 93 


A,B,C -TS. 125,000 psi 
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Fig. 11—The Above Impact Data for Composition Modifications of 
Heat 6 Show, at Two Tensile Strength Levels, the Effect of (a) Added 
Silicon as Well as (b) Added Grainal No. 79 (Boron) and Rare Earth 
Metals Together on Impact Quality. 


No. 79 respectively. Hardenability data given in Table III, Heats 
10 and 11, show that the addition agent containing rare earth oxides 
(a) markedly decreased the effectiveness of boron in a Grainal No. 
79 steel, and (b) decreased the effectiveness of boron only slightly, 
if at all, in a ferroboron-treated steel. 

Rare earth oxides in a Grainal No. 79 treated steel lowered 
transverse toughness considerably ; estimated transverse impact aver- 
ages listed in Table V for specimens having a tensile strength of 
150,000 psi and broken at 80 and —40 °F, respectively, are (a) 26.1 
and 25.1 ft-lb for specimens coming from the Grainal No. 79 treated 
steel (Ingot 3, Heat 11) and (b) 14.5 and 13.0 ft-lb for those coming 
from the rare earth oxides plus Grainal No. 79 treated steel (Ingot 3, 
Heat 10). 
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SUMMARY 


1. The method of investigation of composition effects using mold 
additions of alloys proved to be satisfactory, giving useful and con- 
sistent data over a wide range of composition variation. No unusual 
segregation effects of alloys were found when suitable additions were 
made to ingots weighing from 5000 to 12,000 pounds. 

2. Increases in carbon over the range 0.1 to 0.5% resulted in a 
roughly linear increase of tensile strength in the quenched and tem- 
pered steels for a given tempering temperature with the increase 
somewhat less for higher tempering temperatures; for every 0.1% 
of carbon added, tensile strength in the range 170,000 to 210,000 psi 
was increased on the average by about 12,000 psi. For the same 
tensile strength level (185,000 psi) increasing carbon over the range 
0.33 to 0.51% lowered the transverse reduction of area by about 1.5% 
for each 0.1% carbon. For the same range of carbon content, the 
transverse impact quality at 172,000 psi was lowered about 2.5 ft-lb 
per 0.1% carbon at 70°F; at lower testing temperatures the effect 
of carbon was less pronounced. 

3. Additions of chromium, molybdenum, vanadium and silicon 
provided greater strength at a given tempering temperature due to 
increases in tempering resistance; added nickel had practically no 
effect on tempering resistance. Increase of chromium, molybdenum, 
vanadium and nickel had no significant effect on the transverse re- 
duction of area quality or transverse impact quality of the steels when 
fully hardened and tempered. Increased silicon lowered transverse 
ductility but did not significantly affect transversé toughness except 
in steels tempered at a high tempering temperature. A special effect 
of nickel in increasing transverse impact quality when the steel was 
slack-quenched was demonstrated; nickel raised impact quality pri- 
marily by lowering the transition temperature range. 

4. Additions of boron increased the tensile strength of the steels 
to which they were added only when the steel without boron had 
insufficient hardenability for the section treated. Otherwise there 
was no effect on strength. Boron additions usually had a slightly 
detrimental effect on transverse reduction of area quality except when 
the base material had insufficient hardenability and the boron addition 
then improved all properties by increasing the percentage of tempered 
martensite after heat treatment. When hardenability was adequate, 
boron treatment generally lowered somewhat the transverse impact 
quality ; this effect diminished at higher strength levels. 

5. In one instance adding Grainal No. 79 to a steel of seemingly 
adequate hardenability improved both the transverse reduction of area 
and transverse impact quality of this steel when quenched and tem- 
pered to a relatively high tensile strength (175,000 psi). The mag- 
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nitude of this improvement, especially with respect to transverse duc- 
tility, was quite unexpected and is believed to be unusual. 

6. Addition of rare earth metals per se did not affect harden- 
ability or tensile strength. Where transverse ductility and transverse 
toughness of the base material were below that expected for best 
quality, additions of rare earth metals generally improved them to 
the usually expected high quality level. Where quality was already 
high, the rare earth metals did not appreciably change these properties. 

7. Rare earth metals in boron-treated steels did not appreciably 
add to nor detract from the increase of hardenability contributed by 
the boron. 

8. The over-all effect of adding boron and rare earth metals to 
the steels investigated was probably a net gain with respect to hard- 
enability and mechanical properties; hardenability was increased, 
transverse ductility scarcely affected (perhaps slightly decreased on 
the average) while transverse toughness was in general improved a 
little. 

9. The addition agent containing rare earth oxides (a) in a 
Grainal No. 79 treated steel markedly decreased the effectiveness of 
the boron as it affects hardenability and (b) in a ferroboron-treated 
steel decreased the effectiveness of the boron only slightly, if at all. 

10. Rare earth oxides in boron-treated steels lowered both trans- 
verse ductility and transverse toughness ; the effect on toughness was 
especially marked in a steel treated with Grainal No. 79. 

11. Rare earth oxides in steels other than those treated with 
boron did not affect hardenability, tensile strength, transverse duc- 
tility, or transverse toughness significantly. 
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RESISTANCE OF CAST Fe-Ni-Cr ALLOYS TO CORROSION 
IN MOLTEN NEUTRAL HEAT TREATING SALTS 


By J. H. JAckson anp M. H. LACHANCE 


Abstract 


The purpose of this research was to determine factors 
which affect the resistance of cast Fe-Ni-Cr alloys to cor- 
rosion in molten neutral heat treating salts, and the possi- 
ble development of alloys which might have superior re- 
sistance to the corrosive attack. The resistance of 65 cast 
Fe-Ni-Cr alloys of different composition to corrosion in 
five commercial heat treating salt baths was investigated. 
Determinations were made of the effects of (a) high and 
low alkaline-oxide content of the salt bath, (b) the addi- 
tion of five different general types of salt-bath rectifiers, 
(c) sodium fluoride additions to the salt bath, (d) sludge 
collecting in the bottom of the heat treating pot, (e) alter- 
nate and partial immersion of the alloy specimens, ({) vari- 
ations in grain size of the alloys, and (g) pretreatment 
of alloys in a cyaniding bath before exposure to the neutral 
bath. 

In general, intergranular or interdendritic corrosion 
along carbide networks was far more severe than metal 
loss by solution. Commercial alloys of the HT (15% Cr- 
35% Ni) and the HW (12% Cr—60% Ni) types and 
straight 17% and 26% chromium alloys showed a marked 
reduction in penetration attack when their carbon content 
was reduced from the normal level of 0.45 to 0.50% to 
about 0.08%. However, consideration must be given to 
the fact that these lower carbon alloys do not have the 
load-carrying ability nor the good foundry characteristics 
of the higher carbon materials. 


HE USE of salt baths for heat treating operations has found 
increasing favor in recent years. The advantages of salt bath 
heating are numerous, but perhaps of greatest value to the heat treater 
are the following: (a) Reduction of initial thermal shock by the insu- 
lating layer of frozen salt, (b) uniform and rapid heat transfer, and 
(c) protection of the work from scaling. This effective combination 
of properties results in higher production rates and reduced costs. 
A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, J. H. Jackson 


is supervising metallurgist and M. H. LaChance is principal metallurgist, Bat- 
telle Memorial Institute, Columbus, Ohio. Manuscript received July 14, 1952. 
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For use at temperatures up to 1400 °F (760 °C), the operators 
of gas-fired pot furnaces have long disagreed over the advantages of 
inexpensive cast, pressed, or welded steel pots as compared with the 
advantages of the more expensive cast high alloy pots. However, for 
use in the 1400 to 1800°F (760 to 980°C) range, the heat and 
oxidation-resistant properties of the latter make them vastly superior 
to steel pots. In recent years, concern over the life of metal salt pots 
at the higher temperatures has resulted in a noticeable trend toward 
refractory-lined, electrically heated units. These have the disadvan- 
tage of high initial cost coupled with the high cost of electric power 
in certain industrial areas. However, for operation at temperatures 
above 1800 °F (980 °C), ceramic-lined containers are considered best. 

The resistance of the high alloy pots to flue-gas attack on their 
external surfaces permitted them to last long enough so that attack 
by the salt bath became a problem. It is of. interest that salt baths 
designed to protect certain metals from oxidation during heat treat- 
ment would, in turn, corrode a high alloy pot. The reason lies in the 
fact that corrosion of the high alloy pot proceeds at a very slow rate 
and involves solution of the metal and also penetrates into the grain 
boundaries of the alloys. The latter mechanism, termed intergranular 
corrosion, is of far greater concern than solution—high alloy pots 
usually fail by leaking of the molten salt out through porous areas 
generated by this type of attack. 

Within the high alloy producing industry, there has been con- 
siderable variation in opinion as to the merits of various alloy types 
in withstanding attack by salt baths. This was further complicated 
by the fact that there were many different heat treating salts on the 
market which seemed to vary in corrosive nature. To add to the 
confusion, numerous rectifiers could be added to the salt baths to pre- 
vent decarburization of the work but which could conceivably result 
in increasing the corrosion of the pots. 

The Alloy Casting Institute, recognizing the problem facing heat 
treaters, salt bath producers, and high alloy foundries, authorized a 
research program on the subject at Battelle Memorial Institute in 
1949. This program has now been completed, and field trials of the 
results are under way. 

Briefly, the objective of this research program was (a) to clas- 
sify the cast-stainless alloys according to their corrosion resistance to 
neutral salt baths and, if possible, to modify the composition of the 
alloys to obtain increased corrosion resistance, and (b) to evaluate 
the various salt mixtures, rectifying additions, and operating variables 
according to their corrosive effects on the cast alloys. 


EXPERIMENTAL WorRK 


In the laboratory work, five salt bath compositions were investi- 
gated. They included: 
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(a) The 50% KCl-—50% NaCl type used for heating steel for 
normalizing and hardening operations; for preheating high 
speed tool steels; and for brazing steel and copper-base 
alloys. 

(b) The 50% NazCO;-— 50% KCl type used for bright anneal- 
ing low carbon and low alloy steels and most nonferrous 
alloys. 

(c) The 20% NaCl—25% KCl-—55% BaCle type used for tem- 
pering hardened steel; for heating steel for normalizing and 
hardening operations; for cycle or process annealing of 
steel; for solution heat treatment of nonferrous metals; for 
preheating high speed tool steels; for hot quenching high 
speed tool steels; for bright annealing austenitic stainless 
and nickel steels ; and for brazing steel and copper alloys. 

(d) The 75% BaCl—25% NaCl type used for heating for nor- 
malizing or hardening ; for preheating high speed tool steels ; 
and for brazing operations on steel and copper-base alloys. 

(e) The 20% NaCl—50% CaClo—30% BaCle type used for 
tempering hardened steels; for solution heat treatment of 
nonferrous metals ; as a hot quenching bath; and for temper- 
ing high speed tool steels. 

Samples from 65 alloys of different composition were used in the 
research. For the most part, they covered alloys in the iron-nickel- 
chromium system, although one sample of mild steel was included for 
comparison purposes. Most of the alloys investigated contained the 
nominal amounts of carbon, silicon, manganese, and nitrogen; impuri- 
ties were within the specified maximums. Several special alloys were 
tested. These latter included alloys in which the carbon level was 
reduced to a relatively low value and to which carbide-stabilizing ad- 
ditions had been made. Specific analyses of the test alloys are shown 
in Table I. 

The laboratory tests were conducted in a special alloy container 
which was electrically heated. The details of the apparatus are shown 
in Fig. 1. The salts were compounded specially for these tests from 
pure ingredients, without any additives. 

In most of the tests, the specimens were immersed in the bath 
for 50 hours at a temperature of 1600 °F (870°C). The effect of 
various types of salt bath rectifiers was studied; in each instance, the 
rectifier was used according to the directions supplied by the manu- 
facturers. 

A number of different investigations, conducted for the express 
purpose of determining how some variable of salt bath operation 
affected pot life,;are described in the following sections. In each in- 
stance, the experiment was planned to permit statistical evaluation of 
the data, where necessary. In all of the tests, a range of alloys was 








Alloy 


No. Cc 

C69 0.2 

C71 0.45 
C73 0.45 
12A 0.43 
13A 0.40 
14A 0.40 
15C 0.40 
TW 0.50 
10C 0.43 
C78 0.46 
12C 0.43 
AAT 0.44 
C15 0.45 
TX 0.44 
C81 0.43 
C83 0.47 
21A 0.43 
C34 0.47 
D18 0.44 
25A 0.40 
26A 0.40 
20C 0.43 
20E 0.42 
C26 0.44 
C8s 0.47 
22A 0.44 
C42 0.47 
C45 0.49 
25B 0.39 
C91 0.44 
C93 0.44 
C51 0.43 
C54 0.44 
C56 0.48 
35A 0.40 


4 


“Alloys contained 1.2 to 1.5% 
tACI designation. 


selected for investigation, so that the individual effects of 
variables could be observed for various alloy compositions. 
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3.0 
12.0 
20.12 (HL)T 
31.28 
40.25 
50.0 


Mn, and 0.05 to 0.1% N. 


operating 
The re- 


Effect of Bath Chemistry and Rectifiers 


The chemistry of neutral salt bath operation is such that alkaline 
oxides are formed unless proper rectifying procedure is followed. 
These oxides were known to be decarburizing with respect to steel 
and it was desired to evaluate their effect on cast alloy equipment. 
When both barium and sodium chlorides are present, the oxide con- 
tent of a bath is calculated as barium oxide, since it alone increases 
with bath use. On the other hand, the concentration of sodium oxide 
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Table I—(Continued) 
Composition of Test Alloys 
Alloy ——_————Chemical Composition, %*————- 
No. Cc Cr Ni Others 
36% Chromium Alloys 
30A 0.47 35.5 0.22 
31B 0.42 34.82 9.87 
32A 0.41 35.9 24.1 
C65 0.45 35.40 36.18 
34A 0.43 37.69 41.25 
Special Alloys of thee HW Type 
LJ 0.03 12. 60.0 
AAC 0.06 12.0 60.0 fy 
LA. 0.05 12.0 60.0 0.43 Cb 
LA 0.06 12.0 60.0 0.40 Cb + 0.30 Ta 
LB 0.06 12.0 60.0 0.70 Cb + 0.74 Ta 
LH 0.07 12.0 60.0 0.20 Ti 
LI 0.05 12.0 60.0 1.0 Ti 
Special Alloys of the HT Type 
IA 0.03 16.0 35.0 
AAE 0.08 16.0 35.0 
JU 0.08 16.0 35.0 0.45 Cb 
TV 0.08 16.0 35.0 0.80 Cb 
JT 0.06 16.0 35.0 0.70 Cbh+ 0.75 Ta 
JZ 0.06 16.0 35.0 0.22 Ti 
TX 0.06 16.0 35.0 0.25 Zr 
Special Alloys of the HK Type 
NI 0.05 25.0 20.0 
NC 0.08 25.0 20.0 0.37 Cb 
ND 0.07 25.0 20.0 0.78 Cb 
NB 0.07 25.0 20.0 0.62 Cb + 0.68 Ta 
NH 0.08 25.0 20.0 0.16 Ti 
NF 0.06 25.0 20.0 0.04 Zr 
Other Special Alloys 
AAA 0.09 27.6 3.1 
AAB 0.09 19.8 38.5 
AAC 0.08 11.8 58.8 
AAD 0.08 17.7 65.0 
AAE 0.08 16.5 34.4 


*Alloys contained 1.2 to 1.5% Si, 0.7 to 0.8% Mn, and 0.05 to 0.1% N. 
fACI designation. 





remains fairly constant and at a low level (<0.05 weight per cent). 
In this work, barium oxide was intentionally added to simulate care- 
less rectifying procedure and to exaggerate the effect on cast alloys. 

Four commercial additions and graphite were selected for study 
of salt bath rectification. Each was different from the others in its 
rectifying action. Each was used according to the manufacturer’s or 
a salt bath producer’s recommendation. 

The data obtained in the various tests have been plotted in Figs. 
2 and 3 to show the effects of variations in nickel and chromium con- 
tent on the metal loss from surface corrosion and on the intergranular 
penetration of the corrosion. 

In Fig. 2, it is shown that metal loss generally increases with 
chromium content. This increase is very marked from 20 to 30% 
chromium. It is further revealed that for 11 and 31% chromium 
alloys, the metal loss decreases with nickel content up to about 20% 
and then holds more or less constant to about 50% nickel. In general, 
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Fig. 1—Cross Sectional Diagram of Salt Bath Corrosicn Apparatus. 


there appears to be little effect of nickel variations on metal loss when 
the alloys contain about 21% chromium. 

As shown in Fig. 3, increasing chromium content, in general, 
results in greater severity of intergranular corrosion. However, 
when the bath contained a large quantity of alkaline oxide, the 30% 
chromium alloys were not penetrated much more deeply than were 
the 20% chromium alloys. The over-all effect of nickel on inter- 
granular corrosion, as shown in the average curves for all seven tests, 
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Fig. 2—Effect of Chromium and Nickel Content on Metal Loss of Cast Alloys 


From Corrosion in Salt Baths Under Different Conditions of Rectification. 
bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F, 
mersed.) 


suggests that for the higher nickel alloys, containing 11 to 219 
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mium, the optimum nickel concentration is 30 to 40%. For the 11% 
chromium alloys, there is greater severity of attack at 50% nickel 
followed by improvement at 60% nickel. For years, the favorite al- 
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Fig. 3—Effect of Chromium and Nickel Content on Intergranular Corrosion of 
25% KCl, 20% NaCl; bath at 1600 


Cast Alloys in Salt Baths Under Different Conditions of Rectification. 


—55% BaCle, 
Samples of cast alloys, representing four popular commercial 


compositions, were included in this series of tests, 
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are reported in Figs. 4 and 5. A comparison of Fig. 2 with Fig. 4 





loys for resisting salt bath corrosion have been the 15% 
(HT type) and the 12% Cr—60% Ni alloys (HW type). 


164 






wee a 









Fe-Ni-Cr ALLOYS 
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HW HT HK HH HW HT HK HH HW HT HK HH HW HT HK HH 


Alloy Composition 
HW: 12%Cr-60%Ni-0.50%C 
= 15%Cr-35%Ni-0.45% C 
HK =25%Cr-20%Ni- 0.45% C 
HH =25%Cr- |2%Ni- 0.45% C 
Fig. 4—Metal Loss of Four Commercial-Type Cast Alloys From Corrosion in 


Salt Baths Under Different Conditions of Rectification. (Salt bath—55% BaCle, 
KCl, 20% NaCl; bath at 1600 °F; specimens totally immersed.) 


shows about the same trends for the effects of chromium and nickel 
on corrosion of both the commercial and the series of experimental 
alloys. The optimum resistance to metal loss is shown by the HW 
alloy (12% Cr-—60% Ni), which has the lowest chromium and the 
highest nickel. The HT alloy (15% Cr—35% Ni), with somewhat 
higher chromium and lower Fickel content, has the next best resist- 
ance, followed in turn by the HK (26% Cr-—20% Ni) and the HH 
(26% Cr-—12% Ni) alloys, which have higher chromium contents 
and progressively lower nickel content. 

A similar comparison may be made between Fig. 3 and Fig. 5. 
The best resistance to intergranular corrosion is offered by the HW 
alloy, which has the lowest chromium content and the highest nickel 
content, followed by the HT alloy. The next best resistance to inter- 
granular corrosion is offered by the HH alloy, and, in general, the 
HK alloy has the poorest performance. This relatively superior per- 
formance of the HH over the HK alloy may be explained by its some- 
what lower nickel content; as shown in Fig. 3, alloys having 12% 
nickel and 11 to 21% chromium might be expected to have better 
resistance to intergranular penetration than those containing 20% 
nickel. 

An examination of the foregoing figures reveals that intergranu- 
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HH= 25%Cr-!2%Ni-0.45%C 


Fig. 5—Intergranular Corrosion of Four Commercial-Type Cast Alloys in Salt 
Baths Under Different Conditions of Rectification. (salt bath—55% BaCle, 25% KCl, 
20% NaCl; bath at 1600 °F; specimens totally immersed.) 


lar corrosion is far more serious than is metal loss under ordinary 
operating conditions. Consequently, commercial cast alloy salt bath 
equipment might be expected to fail because of unsoundness resulting 
from intergranular attack and should eventually leak, as would a 
sieve, rather than to develop holes through solution of the metal. This 
intergranular attack causes most failures in these types of materials 
under normal commercial operating conditions. Since this finding is 
so well established and since intergranular-corrosion rates are, in 
general, at least ten times as great as rates of metal loss, most of the 
future discussion will be limited to studies of effects of variables on 
intergranular penetration only. In all of the experimental work, the 
metal-loss data were recorded and are available. 

As shown in Table I, a series of special alloys was tested in ad- 
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Intergranular Corrosion of Special Modifications of the HW Alloy 
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dition to those alloys of standard composition with varying chromium 
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These special alloys were based on the chromium 
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Fig. 7—Intergranular Corrosion of Special Modifications of the HT Alloy 

(15% Cr-—35% Ni) in Salt Baths Under Different Conditions of Rectification. 


(Salt bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F; specimens totally 
immersed. ) 


HT (15% Cr —35% Ni), and HK (25% Cr—20% Ni) types. Since 
it was observed in the metallographic examination of the specimens 
that intergranular corrosion took place along the carbide networks, it 
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Fig. 8—Intergranular Corrosion of Special Modifications of the HK Alloy 
(25% Cr—20% Ni) in Salt Baths Under Different Conditions of Rectification. 
(Salt bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F; specimens totally 
immersed. ) 





was decided that the carbon content of these alloys should be reduced 
to a fairly low level. It will be noted in Table I that, for these special 





alloys, the carbon contents were reduced to 0.08% or less. The 
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compositions were further modified in that an addition of a strong 
carbide-stabilizing element was made. 

The effects of these modifications on the intergranular corrosion 
are shown in Figs. 6, 7, and 8. In general, the addition of colum- 
bium and tantalum, combined with the low carbon content, was quite 
effective in reducing intergranular attack in all three alloy types. 
However, since this improvement would, in general, result in a life 
only about twice as great as that of the untreated alloy, it is unlikely 
that the use of these particular stabilizing additions could be justified. 
The benefits obtained by the use of titanium additions were somewhat 
erratic. It is generally believed that the effect of titanium in stabi- 
lizing the carbon in iron—nickel-chromium-base cast alloys is too un- 
predictable for use. If columbium or tantalum should become readily 
available at any time in the future, a detailed examination of the 
effects of these elements should be made. Meanwhile, it does not ap- 
pear that the serious intergranular corrosion of salt bath equipment 
can be effectively reduced by these particular modifications. 


Effect of Operating Variables 


In the early stages of this research, it was considered possible 
that variation in certain operating conditions might affect the corro- 
sion rates of the alloys in neutral salt baths. A number of investiga- 
tions along this line were conducted as described in the following 
sections. 

Sodium Fluoride Additions to the Salt Bath—A test to deter- 
mine the effect of small quantities of sodium fluoride in neutral salt 
baths was conducted in view of a general disagreement concerning 
its presence in harmful amounts in industrial baths. The complete 
series of alloys was tested in the 55% barium chloride, 25% potassium 
chloride, and 20% sodium chloride neutral bath to which an addition 
of 0.25% of sodium fluoride had been made. The addition had no 
serious effect on the intergranular corrosion or on the metal loss of 
the alloys of variable nickel and chromium content. 

The effect of adding sodium fluoride to the salt bath on the 
specially modified HW, HT, and HK alloys is shown in Fig. 9. Here, 
too, it is evident that the fluoride addition has had no significant effect 
on intergranular corrosion. Fig. 9 is especially interesting because 
it includes data obtained on low carbon stabilized alloys (0.05 to 
0.08% carbon) and unstabilized alloys of the extra low carbon type 
(0.03% carbon). These lower carbon alloys had resistance to inter- 
granular penetration comparable with the other low carbon alloys to 
which columbium and tantalum had been added. From these data, it 
would appear that similar benefits could be obtained from reducing 
the carbon content to the lowest possible level without the necessity 
for adding special stabilizing additions such as columbium or tantalum. 
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Fig. 9--Intergranular Corrosion of Special Modifications of the HW, HT and 
HK-Type Alloys in a Neutral Salt Bath Treated With 0.25% Sodium. Fluoride. 
(Salt bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F; specimens totally 
' immersed.) 


Effect of Sludge—In many salt bath heating operations, it is 
known that a heavy sludge collects in the bottom of the pot. It can 
readily be appreciated that this sludge could be detrimental, if, through 
its insulating effect, it caused higher temperatures in the lower sec- 
tions of the pot. Thus, for this reason alone, every effort should be 
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25% KCl, 20% NaCl; bath at 1600 °F; specimens totally immersed in salt bath 
above and below sludge level as indicated.) 


made to keep sludge from building up in the salt pot. On the other 
hand, there is a question as to whether the sludge itself might cause 
serious corrosion, even where overheating does not occur. For this 
reason, a series of specimens was immersed in the salt bath in such a 
way that certain specimens would be wholly immersed in sludge, while 
duplicates would not be in contact with the sludge. The data obtained 
from this test are plotted in Fig. 10. It is apparent that the inter- 
granular penetration of specimens in the sludge was about the same 
as it was when tested under sludge-free conditions. The metal loss 
from corrosion was almost twice as great when the specimens were 
immersed in the sludge as when they were protected from the sludge. 
On the other hand, even these increased rates of metal loss were con- 
siderably below the rates of intergranular corrosion. 

The effect of sludge on special modifications of the HW, HT, 
and HK alloys is shown graphically in Fig. 11. It will be immedi- 
ately evident, upon observation of this figure, that the reduction in 
carbon content, from the standard level of about 0.45% to a level of 
0.06 to 0.08%, resulted in a threefold improvement in the resistance 
of the HW- and HT-type alloys to intergranular corrosion when they 
were immersed in the sludge. The addition of 0.7% columbium plus 
0.74% tantalum to a HW alloy with only 0.06% carbon and to a HT 
alloy with only 0.06% carbon has also resulted in marked improve- 
ment in resistance to intergranular corrosion. This effect of the 
columbium-tantalum addition coupled with low carbon in such alloys 
has been noted in a number of tests. However, it is believed to be of 
little interest at this time because of the scarcity of these metals. The 
addition of 0.2 to 0.22% titanium seemed to be of little benefit. There 
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is a possibility that if an addition of titanium about ten times that of 
the carbon content had been made, there might have been some bene- 
fit. On the other hand, such a large addition of titanium makes the 
alloys difficult to cast free from defects. 

The HK alloy was not improved to the same extent as were the 
HT and HW alloys by the reduction of carbon content and the addi- 
tion of columbium and tantalum. The effect of reducing the carbon 
content of other alloys is also shown in Fig. 11; however, these com- 
positions were not so resistant as the HT or HW alloys. On the 
other hand, the 28.5% chromium — 3% nickel — 0.08% carbon alloy 
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Fig. 11—Effect of Sludge on Intergranular Corrosion of Special Modi- 


fications of the HW, HT and HK Alloys in a Neutral Salt Bath. (Salt 
bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F.) 


might be expected to give improved service should nickel be relatively 
unavailable. 

Alternate Immersion—In normal heat treating operations, as salt 
is displaced by the work or depleted, certain sections of the pot may 
be alternately above and below the bath surface. Also of interest is 
the effect of alternate immersion in cast alloy hangers and electrodes 
—such equipment may be introduced or removed from the bath at 
periodic intervals. To simulate this condition, a series of specimens 
was alternately immersed in the bath for 3 hours at 1600 °F (870 °C), 
then removed and air-cooled for 15 minutes. This cycle was repeated 
for a total test period of 50 hours. In general, there appeared to be 
little effect of alternate immersion on intergranular corrosion or metal 
loss of any of the alloy types. 

Partial _Immersion—It was desired to determine the corrosive 
effects of a constant bath level on cast alloys. To evaluate this con- 
dition, a series of specimens was partially immersed in the 55% 
barium chloride, 25% potassium chloride, 20% sodium chloride salt 
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Fig. 12—Effect of Partial Versus Total Immersion on Cor- 
rosion of 16% Chromium Alloys in a Neutral Salt Bath. (Salt 
bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F.) 


bath at a test temperature of 1600°F (870°C). for a period of 50 
hours. Results of the examination of these specimens are shown in 
Figs. 12, 13, and 14. 

On the whole, there is no serious increase in intergranular cor- 
rosion at the bath line shown from these tests. On the other hand, as 
shown in these three figures, the metal loss from corrosion is always 
greater at the bath line than it is for specimens wholly immersed. In 
some instances, the increase is many fold. This increase is not seri- 
ous, since the thickness of the metal layer lost was almost always less 
than one-fifth the depth of the attack resulting from intergranular pen- 
etration. On the other hand, it is probable that intergranular corro- 
sion combined with this increased metal loss accounts for the fact that 
failure is sometimes first noted at the bath line. An increase in life 
of the order of 25 to 50% could be expected for equipment failing in 
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Fig. 13—-Effect of Partial Versus Total Immersion on Cor- 
rosion of 26% Chromium Alloys in a Neutral Salt Bath. (Salt 
bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F.) 


this way, if precautions were taken to reduce or eliminate attack at 
the bath level. 

It would appear, in general, that if the low carbon type of HT 
or HW alloy could be used, fairly good resistance to bath line attack 
would be obtained. Optimum resistance to bath line corrosion was 
shown by the alloys stabilized by additions of columbium and tanta- 
lum. However, as pointed out earlier, it is unlikely that these stabi- 
lizers could be used for a solution to the problem at this time. 


Effect of Salt Bath Composition 


The five neutral salt bath compositions most commonly used for 
heat treating operations are listed below, in the approximate order 
of decreasing tonnages consumed as of March 1950. 


1. 50% NaCi-50% KCl 
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Fig. 14—Effect of Partial Versus Total Immersion on Cor 
rosion of 36% Chromium Alloys in a Neutral Salt Bath. (Salt 
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bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 °F.) 


20% NaCl — 25% KC1-55% BaCl- 
25% NaCl—75% BaCl. 
21% NaCl—31% BaClh— 48% CaCl. 


un te W IQ 


It will be appreciated, of course, that the foregoing mixtures include 
only those used for relatively high temperature operation, because 
serious cast alloy corrosion problems are encountered principally at 
such temperatures. 

The intergranular corrosion and metal losses resulting from ex- 
posure to the five different salt mixtures are shown in Figs. 15 and 
16. It will be noted that these are average curves showing over-all 
effects of the element in question. Thus, in preparing the curves 
showing the over-all effect of chromium, the results of all of the alloys 
containing one particular chromium content were averaged together, 
regardless of their nickel content. Likewise, in determining the effect 
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Fig. 15—Effect of Nickel and Chromium Content on Metal Loss of Cast Alloys 
Immersed in Five Different Types of Salt Baths. (Salt bath at 1600 °F; specimens 


totally immersed.) 


of nickel, data from all of the alloys having one particular nickel con- 
tent were averaged together, regardless of their chromium content. 
[t was possible to do this because a balanced selection of alloy compo- 
sitions was tested. This experimental technique, termed the factorial- 
design method, has been described by Barnett?. 

In general, the metal loss from corrosion is reasonably similar 
for all types of alloys when exposed to the four neutral baths contain- 
ing only chloride compounds. One exception is that of the metal loss 
data for alloys containing 12% nickel and 26 to 36% chromium which 
differ quite markedly when tested in the 50% sodium carbonate 
50% potassium chloride salt bath, as shown in Fig. 15. Over- 
shadowing the effect of the chloride-carbonate bath on metal loss are 
the low rates of intergranular penetration observed (Fig. 16). Thus, 
it would appear that salt pots of commercial alloys designed for this 
particular service would hold up very well if care was taken to avoid 
the HH type of alloy containing 25% chromium and 12% nickel. 
The HK alloy (25% Cr—20% Ni) appeared to perform very well in 
this service, as did the HT and HW alloys with their lower chromium 
contents and high nickel contents. 

In general, intergranular corrosion in the 50% sodium chloride — 
50% potassium chloride, in the 25% sodium chloride — 75% barium 

e 1M. K. Barnett, ““The Factorial Experiment in Engineering Research’, 7 ransactions, 


American Institute of Mining and Metallurgical Engineers, Iron and Steel Division, Vol. 
172, 1947. 
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; Fig. 16—Effect of Nickel and Chromium Content on Intergranular Corrosion 
of Cast Alloys Immersed in Five Different Types of Salt Baths. (Salt bath at 
1600 °F; specimens totally immersed.) 


chloride, and in the 21% sodium chloride —- 31% barium chloride — 
48% calcium chloride baths was quite similar to that encountered in 
the 20% sodium chloride- 25% potassium chloride—55% barium 
chloride bath used in most of this research. Increasing the nickel con- 
tent played a very important part in improving the resistance to inter- 
granular attack where the alloys were exposed to the 21% sodium 
chloride — 31% barium chloride — 48% calcium chloride bath. Increas- 
ing the nickel content of the alloy was also of some minor benefit for 
resistance to attack in the other baths. On the other hand, increasing 
chromium content, in general, had the effect of seriously increasing 
intergranular attack, an effect which was well defined throughout the 
investigation. 

In these tests, three straight chromium-iron alloys of interest 
were tested. Intergranular corrosion rates for these alloys are com- 
pared with those for the nominal HT and HW alloys in Fig. 17. The 
17% chromium alloy was at least equivalent to the normal HT and 
HW alloys in all salt baths except the potassium chloride — sodium 
carbonate type. The 28% chromium alloy was equivalent to the nor- 
mal HT and HW alloys only when the carbon content was reduced 
to 0.09%. It is believed that the optimum straight chromium alloy 
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would be one with 17%, or slightly higher, chromium content and 
with a carbon content as low as possible without resulting in inferior 
foundry characteristics. However, this type of alloy would not have 


in design. In times when nickel is in short supply, the low carbon 
straight chromium-iron alloys might prove of great value. 
Effect of Cast Alloy Grain Size on Corrosion 


In the course of this research, it was observed that intergranular 
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Grain Sizes in Fe-Ni-Cr Cast Alloys. 
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corrosion consistently took place along networks of intergranular car- 
bides. Therefore, it was thought that, if the carbon content was re- 
duced to a low level and if the grain size of the alloy was varied, an 
interesting effect on the depth of intergranular attack might be noted. 
Heats of the HT and HW alloys, containing as low carbon as feasible 


(<0.1% ), were cast in the special mold illustrated in Fig. 18. 


This 


design permitted a range of grain sizes to be obtained in the casting. 
Specimens removed from this casting were tested for 50 hours in the 
55% BaCle— 25% KCI— 20% NaCl neutral salt bath operating at 


1600 °F (870°C) for 50 hours. 


The results of this test are shown 


in Fig. 19. A marked reduction in the depth of intergranular attack 
was effected by the reduction in the grain size of these particular 
alloys. Other tests, however, indicated that not much benefit was 
derived by reducing the grain size of alloys having higher carbon lev- 


els (0.4 to 0.5%). 
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Fig. 19—The Effect of Grain Size on the 
Depth of Intergranular Corrosion Attack of Low 
Carnon HT- and HW-Type Alloys. 


Effect of Pretreatment 


It had been reported by many operators that increased pot life 
in neutral salt bath, heat treating operations was obtained if the salt 
pot had been previously used for cyaniding salt bath service. This 
would suggest that a cyaniding type of pretreatment for salt pots 
might have a beneficial effect on their resistance to corrosion. There 
was some belief that this beneficial effect might be a nitriding rather 
than a cyaniding effect. For that reason, a series of alloys was pre- 
treated by either cyaniding or nitriding before testing in the 55% 
barium chloride — 25% potassium chloride — 20% sodium chloride bath. 

Two types of cyanide pretreatment were employed. In the first 
type of treatment, the specimens were immersed in a neutral, ternary- 
chloride bath, to which 2% sodium cyanide was added every 12 hours. 
In the second type of treatment, the specimens were pretreated com- 
mercially for 50 hours at 1600 °F (870°C) in a cyaniding bath con- 
taining approximately 12% sodium cyanide. 

Nitriding was accomplished by pretreating the specimens for 50 
hours at 970 °F (520°C) in a commercial nitriding atmosphere ob- 
tained by the decomposition of ammonia. 

Fig. 20 suggests that, in general, pretreatment was only of slight 
benefit, and then it was only beneficial for the more highly alloyed 
materials. However, the effect of pretreatment was especially inter- 
esting in the case of the HT alloy in that it reduced the intergranular 
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Fig. 20—Effect of Nickel and Chromium on the Inter- 
granular Corrosion of Cast Alloys Pretreated by Cyaniding 
or Nitriding and Then Immersed in a Neutral Salt Bath. 
(Salt bath—55% BaCle, 25% KCl, 20% NaCl; bath at 1600 
°F; specimens totally immersed.) 


corrosion rate to about half of its normal value and, in the case of 
the sodium cyanide pretreatments, it eliminated metal loss. 

It would appear that pretreatment of the cyaniding type on the 
HT alloy would be beneficial if it were convenient to use the pot for 
a cyaniding operation before using it for neutral bath service. In fact, 
it might even be desirable to alternate pots between neutral and cya- 
niding baths as often as could be economically justified. 

Whereas this treatment appeared to be of some benefit with the 
HT alloy, it had no pronounced beneficial effect on other commercial 
alloys. Since the beneficial effects of cyaniding and nitriding were 
of such minor nature, it was difficult to tell if the two types of pre- 
treatment were similar in their action. 


SUMMARY 


It would appear from this research that improvements can be 
made in presently available high alloy materials used in salt bath heat 
treating service. Such improvements will be modest, but they should 
result in an increase in life of the cast alloy pot, or other pieces of 
equipment, of the order of 1.5 to 5 times. The degree of improvement 
will depend upon the service encountered and the alloys used. 
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The resistance of the HT (15% Cr—35% Ni) and the HW 
(12% Cr —60% Ni) alloys to corrosive attack and, particularly, inter- 
granular attack can be increased by reducing the carbon content to 
about 0.08%. Normally, the carbon content is about 0.45 to 0.50%. 
A 17% chromium alloy, with little or no nickel, will perform as well 
as, or better than, some of the higher alloys in all the chloride-type 
baths which do not contain sizable quantities of carbonate. 

To utilize the lower carbon or straight chromium alloys, some 
modification in design of the equipment may be required where 
strength is a critical factor. Furthermore, the lower carbon alloys are 
more difficult to cast and the foundry may need to modify the design 
to avoid casting defects. This matter of alloy selection should be care- 
fully considered by the heat treater and discussed with the producer 
of the cast alloys before making changes to the modified materials. 

Ordinary factors in the utilization of high alloys in salt bath 
operations do not seriously increase the rate of corrosive attack. This 
is particularly true because these materials eventually fail by inter- 
granular penetration of corrosion, and not by the solution or outright 
loss of metal. For example, variations in types of salt bath rectifiers 
used, exposure to alternate immersion or partial immersion (bath line 
attack ), and inclusion of sodium fluoride in the bath composition were 
found to effect over-all alloy corrosion by less than 25%. On the 
other hand, collection of sludge in the bottom of an alloy pot appears 
to be bad for two reasons: 

(a) At constant temperature, the presence of sludge increased 
rates of intergranular attack to about 25% for many alloys 
and nearly doubled the rate of attack for a few. 

(b) In commercial operation, the presence of appreciable quan- 
tities of sludge would tend to cause localized overheating, 
thereby resulting in greater rates of corrosion. 
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STRAIN AGING BEHAVIOR OF RHEOTROPICALLY 
EMBRITTLED STEEL 


By E. J. RIpLinc 


Abstract 


The rheotropic recovery produced in a Steel heat 
treated to a high hardness level is shown to persist 
through a second tempering (or aging) treatment up to 
temperatures at least as high as the initial tempering tem- 
perature. 

The rate at which the ductility of rheotropically re- 
covered metal is lost at low aging temperatures and recov- 
ered again at higher temperatures is far in excess of that 
found in the same metal under conditions in which the 
recovery 1s not necessary. 


INTRODUCTION 


OLD deformation of a nonface-centered cubic metal under duc- 
? tile conditions has been shown to partially alleviate the brittle- 
ness normally exhibited by these metals at low temperatures, high 
strain rates or under superimposed hydrostatic tensile stresses 
(1-5)'. The strain-curable portion of the brittleness which these 
metals show under severe service conditions has been labeled ‘‘rheo- 
tropic brittleness”. The rheotropic behavior exhibited by a typical 
nonface-centered cubic metal is shown schematically by the three- 
dimensional model in Fig. 1. Curve A in Fig. 1 represents the duc- 
tility of the metal as a function of some embrittling variable, while 
Curve B indicates the fashion by which the initial low ductility, e,, 
is overcome by prestraining under a ductile condition. The shaded 
portion immediately above Curve B represents the rheotropic brittle- 
ness under one set of embrittling variables. The magnitude of the 
rheotropic brittleness at zero prestrain is given by the difference be- 
tween the experimentally determined ductility value, e,, and that 
obtained by extrapolating the ductile branch of Curve A to this same 
testing condition, eg (2). Prestraining under the ductile condition 
eliminates the brittleness as shown by Curve B, the ductility increas- 
1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is based upon a portion of a research program conducted in the Metals 
Research Laboratory, Department of Metallurgical | Engineering, Case Institute of Tech- 
nology, Cleveland, Ohio, in cooperation with the Office of Naval Research, U. S. Navy. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, E. J. Ripling, is assist- 
ant professor, Department of Metallurgical Engineering, Case Institute of Tech- 
nology, Cleveland. Manuscript received March 6, 1953. 
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ing from e, to €g (maximum). The magnitude of the prestrain 


necessary to completely overcome the rheotropic brittleness is labeled 
es in Fig. 1. 

Since rheotropic recovery inherently involves a deformation 
process, the metal on which the rheotropic recovery is being effected 
has an opportunity to strain age during and subsequent to the pre- 
straining operation. Consequently, a number of questions about the 
part played by strain aging effects in rheotropic behaviors arise. 
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Fig. 1—Schematic Relationship Be 
tween Ductility, Testing Conditions and 
Prestrain. 


First, from a practical standpoint, how much ductility is being sacri- 
ficed to strain aging in developing a rheotropic improvement, and if 
there is ductility loss, can this be lessened? Further, how stable is 
the rheotropic improvement? Presumably, heating a recovered metal 
above the recrystallization temperature will remove the benefits, but 
what will be the effect of reasonably low temperatures? Then, from 
a more fundamental viewpoint, it appears that these phenomena must 
be somehow related, since strain aging behaviors are known to 
affect the transition temperature (in a notched impact test, at least ; 
see for example Ref. 6) and rheotropic effects are dependent on the 
transition temperature. 

In all the previous investigations on rheotropy, strain aging was 
eliminated as a variable by using a constant time and temperature 
interval between ,prestraining and testing. In the present investiga- 
tion, the prestrained specimens were aged over a range of tempera- 
tures before the final test in order to evaluate the influence of this 
important factor. 
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This differs somewhat from the heat treatment previously used on SAE 1340 in that 
the specimens were water-quenched from the temper in the earlier investigations (4, 7). 
A few tests at room temperature and at one subtransition temperature indicated that iden- 
tical tensile results were obtained on either air cooling or quenching from these rather low 
tempering temperatures. 
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Fig. 2—Tensile Test Specimens. 


MATERIAL AND PROCEDURE 


SAE 1340 in the quenched and tempered condition was used in 
this investigation, since a large amount of information was already 
available on the rheotropic behavior of this material. Specimens were 
prepared from the 34-inch diameter hot-rolled “as-received” rods as 
follows: 


Normalize at 1675 °F (915 °C) for % hour and air cool. 
Stress relieve at 1200 °F (650°C) for 4 hours followed by 
a furnace cool. 

Rough machine to the shape shown in Fig. 2. 

Austenitize at 1525 °F (830 °C) for 45 minutes and oil quench. 
Temper for 1 hour at 600 °F (315 °C) or 700 °F (370 °C) 
and air cool’. 

Finish machine to the specimen shape shown in Fig. 2. 
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Some of these specimens were then tested in tension over a 
variety of temperatures in order to obtain the transition temperature. 
Others were prestretched various amounts at room temperature after 
which they were aged before testing at the subtransition temperature. 
A 3% (=%™%)-hour interval was used between prestraining and test- 
ing. Specimens aged above room temperature were held in the aging 
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Fig. 3—Transition Temperature of SAE 1340 Quenched 
and Tempered at 700 and 600 °F (370 and 315 °C). 


furnace for 1 hour followed by an air cool. During the other two 
hours, the specimens were measured and held at room temperature. 
The low temperature tensile testing procedure has been given in 
some detail previously (7). Both prestrain and final ductility meas- 
urements were made by determining the specimen diameters on a 
microcomparator before and after each straining operation. 


RESULTS AND DISCUSSION 


The dependence of ductility® on the testing temperature for the 
two tempering; temperatures used in this investigation are shown in 


8All the ductility values used in the report are in terms of the maximum natural strain 
and are defined as: 


original area 
final area 


e= In 
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Fig. 4—-Rheotropic Recovery of SAE 1340 Quenched and Tempered at 
600 °F (315 °C) Produced by Prestretching at Room Temperature, Aging at 
the Indicated Temperature and Testing at —210°F (—134 °C). 


Fig. 3. These tempering temperatures were selected since they are 
known to produce a rather high transition temperature. These curves 
are somewhat different from those previously presented on SAE 1340 
which was also quenched and tempered at 700 and 600 °F (370 and 
315 °C) (4,8). In addition to the data obtained on specimens sub- 
jected to a single temper at 600 or 700 °F (315 or 370°C), other 
specimens were retempered or aged at temperatures less than or 
equal to the tempering temperatures. As shown in Fig. 3, the second 
temper (or aging treatment) did not change the properties of the 
steel. 

Data obtained on the specimens quenched and tempered at 600 
°F (315 °C), followed by prestretching at room temperature, aging, 
and final testing at a subtransition temperature of —210°F (—134 
°C) are shown in Fig. 4. Similar data obtained on the specimens 
quenched and tempered at 700 °F (370 °C) are shown in Fig. 5. In 
both of these figures, the room temperature aging curves are taken 
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Fig. 5—Rheotropic Recovery of SAE 1340 Quenched and Tempered at 
700 °F (370°C) Produced by Prestretching at Room Temperature, Aging at 
the Indicated Temperature, and Testing at —321 °F (—196 °C). 


to represent the basic rheotropic behaviors. Consequently, these 
curves are replotted with each of the aging curves for comparison. 

In an earlier publication on rheotropic brittleness (2), it was 
suggested that retained ductility — prestrain curves of the type shown 
in Figs. 4 and 5 were the result of some rheotropic impediment in the 
unstrained metal. Increasing prestrains under a ductile condition 
over the range of prestrains between zero and the prestrain (eg) nec- 
essary to reach the retained ductility peak in Figs. 4 and 5 attenuate 
this impediment. The metal when strained beyond eg then was said 
to be unimpeded or stabilized. 

An extrapolation of the stable po~**on of the retained ductility - 
prestrain curve back to zero prestrain is of special interest since it 
yields the ductility value that the unstrained metal would possess in 
the absence of rheotropic brittleness (2). These extrapolated duc- 
tility values at zero prestrain have been shown to be the same as those 
obtained by extending the ductile branch of the ductility — testing 
temperature curve to this same temperature, ec, in Fig. 1. It is 
apparent from Figs. 4 and 5 that the unimpeded low temperature 
ductility (e¢) decreases with low aging temperatures and then in- 
creases again in a manner characteristic of an aging phenomenon. The 
specimens quenched and tempered at 700°F (370°C) showed a 
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Fig. 6—Low Temperature Tensile Strength as a Function of the 
Room Temperature Prestrain. 


higher stabilized or unimpeded ductility after aging at 700 °F (370 
°C) than did the unaged (aged at room temperature) material. Un- 
fortunately, for both test groups (tempered at 600 or 700 °F) (315 
or 370 °C) the maximum aging temperature was limited to the initial 
tempering temperature. Aging at temperatures higher than the tem- 
pering temperature presumably produces property changes other than 
those resulting simply from strain aging. In order to make aging at 
a higher temperature possible, a number of specimens were quenched 
and tempered at 800 °F (425°C). This higher tempering tempera- 
ture had to be abandoned, however, since it produced a transition 
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Fig. 7—True Stress—Strain Curves for SAE 1340 Quenched and Tem- 
pered at 700 °F (370 °C) Obtained by Prestraining at Room Temperature to 
an €p— 0.31, Aging 1 Hour at the Indicated Temperatures and Final Test 
ing at Room Temperature. 


temperature below that of boiling nitrogen. 

Aging effects are characterized not only by a ductility minimum, 
but also by a strength (or hardness) peak. The most convenient 
strength property to evaluate in these test series was the low tempera- 
ture (conventional) tensile strength. Since the steel tempered at the 
temperatures used here exhibits a rather low maximum load strain, the 
tensile strength, when plotted as a function of the prestrain, is ap- 
proximately equal to the low temperature flow —stress curve. As 
can be seen in Fig. 6, low aging temperatures produced the highest 
strength at any constant prestrain. 

Since strain aging was found to be so effective in changing the 
unimpeded low temperature properties, a few specimens quenched 
and tempered at 700 °F (370°C) were prestrained at room temper- 
ature, aged at various temperatures, and then tested at room tem- 
perature. As seen in Fig. 7, low aging temperatures again produced 
a strength maximum and a ductility minimum. Room temperature 
in these tests was above the transition temperature so that the data in 
Fig. 7 indicate the effect of strain aging on unimpeded ductility at a 
supertransition temperature. Apparently strain aging has consider- 
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Fig. 8—Comparison of the Strain Aging Be- 


havior (SAE 1340 Quenched and Tempered at 700 ‘ 
°F) at a Super- and a Subtransition Temperature. 


ably less effect on unimpeded ductility at the elevated testing temper- 
atures where no rheotropic impediment is involved than it has at the 
subtransition temperatures. 

The effects of strain aging on unimpeded ductility at a subtransi- 
tion and supertransition temperature are compared in Fig. 8. For 
the steel quenched and tempered at 700 °F (370°C), a prestrain of 
€; — 0.31 is capable of producing a complete rheotropic recovery at a 
testing temperature of —321 °F (—196 °C) for all of the aging tem- 
peratures investigated (see Fig. 5). Of course, at room temperature 
the steel experiences no rheotropic impediment at any prestrain. 
Consequently, the unimpaired ductility at the subtransition and super- 
transition temperature can be compared by comparing the retained 
ductility at the high and low temperatures after a prestrain of e; = 
0.31, as shown in Fig. 8a. In addition to these two curves, the 
ductility of the steel at —321 °F (—196°C) after a room tempera- 
ture prestrain of e; = 0.31, if no rheotropic recovery were effected, 
is also shown as a horizontal line in Fig. 8a*. The shaded area 


° £B ° . 
*This value is readily calculated from the equation er = = (e, — ep) given in Ref. 2. 
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Fig. 9 —Magnitude of the Prestrain Necessary to Effect a Rheotropic Recovery 
as a Function of Aging Temperature. 


between these two curves represents the rheotropic recovery as a 
function of aging temperature. 

The upper two curves in Fig. 8a are replotted in Fig. 8b so that 
the ductility after the aging treatments is plotted as a fraction of the 
ductility in the absence of aging (actually aged at room temperature ). 
The area between these curves is a measure of the strain aging sensi- 
tivity of the rheotropically recovered steel that is in excess of the 
ordinary or supertransition temperature strain aging. So far as 
ductility is concerned, no strain aging takes place at room tempera- 
ture (see Fig. 7). Consequently, it must be assumed that the rela- 
tively high ductility recovery obtained on aging at 700 °F (370 °C) 
(Fig. 8b) is not overaging in the ordinary sense, which could be con- 
sidered a secondary behavior superimposed on the rheotropic recov- 
ery; but it appears that these two phenomena are interdependent. 

The magnitude of the prestrain (eg) necessary to effect a com- 
plete rheotropic recovery depends on the relative positions of the 
testing temperature and the transition temperature. The lower the 
testing temperature with respect to the transition temperature, the 
greater is this value of eg (3). Since strain aging is known to lower 
the notch impact transition temperature (6), one would expect the 
values of eg to show a maximum at the aging temperatures which 
show a minimum in Fig. 8. The values of eg have been plotted as a 
function of aging temperature in Fig. 9. Although both of these 
curves show maxima at low aging temperatures, the change in e€s 
as a function of the aging temperature is rather slight. This sug- 
gests that aging produces only mild changes in the transition tem- 
perature (when the criterion is ductility in a tensile test) and major 
changes in the unimpeded low temperature ductility. It might be 
added that Jones and Worley (9) found that strain aging had a 
negligible influence on the transition temperature of a semikilled 
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steel, and increased the transition temperature of the rimmed steel 
only to a minor degree when the transition temperatures were eval- 
uated by means of tensile tests conducted over a wide range of strain 
rates with specimens having a variety of notch shapes. 


SUMMARY 


1. The rheotropic recovery produced in a high strength steel is 
not eliminated by reheating the steel at least up to the initial temper- 
ing temperature. 

2. The ductility of the rheotropically recovered metal is far 
more sensitive to strain aging than the same metal at a supertransition 
temperature when it is not rheotropically embrittled. 

3. Strain aging appears to have only a mild effect on the tensile 
ductility transition temperature of the heat treated SAE 1340 used 
in this investigation. 
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DISCUSSION 


Written Discussion: By J. H. Westbrook, Metallurgical Research De- 
partment, General Electric Co., Schenectady, N. Y. 

The author has presented another interesting aspect of the rheotropic 
phenomenon. His observation that the rheotropic recovery effect can 
persist, even through a second tempering treatment, is of practical impor- 
tance. Also obvious from his results is the marked interdependence be- 
tween strain aging and rheotropic recovery. We must still persevere, 
however, in our search for the fundamental mechanism or mechanisms 
participating in both phenomena. 

The writer would like to raise one point for further discussion. While 
it is agreed that the indirect evidence of Figs. 8 and 9 in the paper tends 
to support the finding of Jones and Worley that strain aging has little 
effect on the (tensile-ductility) transition temperature, this is by no means 
obvious from the test data presented in Fig. 3. It is quite possible to 
have little change in the low temperature ductility and yet a considerable 
shift in transition temperature. Could not full ductility-temperature 
curves be obtained for the retempered specimens? 

Written Discussion: By W. A. Pennington, chief chemist and metal- 
lurgist, Carrier Corp., Syracuse, N. Y. 

Once one overcomes the natural prejudice which may exist against 
the use of the word “rheotropic”’, he is in a position to appreciate the 
good work that has come out of the Case Laboratories in the last few 
years on this fascinating subject. I have been impressed with the simple 
design of the research to answer very specific and pertinent questions. 

The previous authors (Dr. Ripling being one) (see Refs. 1-5 of paper) 
have been very careful to keep their earlier data from being influenced by 
strain aging. With the rheotropic phenomena so well depicted, we now 
find Dr. Ripling answering certain well-directed questions as to the effect 
of strain aging on rheotropic improvement. 

A question may be raised as to the manner in which some of the data 
are presented. For example, the reader may find it somewhat difficult to 
get an immediate grasp of all the information presented in Figs. 4 and 5. 
[ am wondering if the author could not attain more simplicity and present 
clearer concepts by plotting various factors against aging temperature for 
each tempering temperature. Some of these factors are: ec, €s, es, and, 
perhaps, the minimum retained ductility. If the author concurs in this 
thought, perhaps he will make such a presentation in his closure. 


Author’s Reply 


The author appreciates the interest that Messrs. Pennington and 
Westbrook have shown in both this and in the previous papers on rheo- 
tropic embrittlement. Their remarks have always been most helpful. 

Mr. Westbrook expresses some doubt that our data indicate only a 
minor shift in tensile-ductility transition temperature as a result of strain 
aging. Of course, none of the data shown in Fig. 3 were obtained on 
strained specimens, so no aging effects are shown here. Our conclusions 
on strain aging transition temperatures were based on the curves shown 
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in Fig. 9. We do not at present have the full ductility — testing temperature 
curves for strained and aged specimens which Mr. Westbrook requests. 

Mr. Pennington’s suggestion that more of the critical points in the 
curves of Figs. 4 and 5 be presented as functions of the aging temperature 
is well taken. Unfortunately, curves of this type take up a considerable 
amount of space so that the author restricted the critical point — aging 
temperature curves to those which were considered essential to under- 
standing the report. A number of these curves have, of course, been 
given in the paper; e,—aging temperature curves are given in Fig. 9, 
while e,—aging temperature curves are given in Fig. 8a. Many of the 
other curves take on shapes similar to these two. It was for this reason 
that most of the others were deleted. The e.— aging temperature curves, 
for example, have about the same shape as the e,—aging temperature 
curves which have been presented. 
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INTERGRANULAR CORROSION OF FERRITIC 
STAINLESS STEELS 


By R. A. Lura, A. |]. LENA ANbD G. C. KIEFER 


Abstract 


The ferritic stainless steels with chromium contents 
between 16 and 28% become susceptible to intergranular 
attack in acidified copper sulphate (Krupp solution), 65% 
boiling nitric acid and nitric-hydrofluoric acid mixtures 
when rapidly cooled from temperatures above 1700 °F. 
Additions of titanium or columbium are not effective in 
preventing sensitization although they do raise the sensi- 
tizing temperature, and steels with carbon contents as low 
as 0.009% are not immune. In welded samples, the zone 
of attack includes the weld metal and the heat-affected 
zone ummediately adjacent to the weld which is in contrast 
to the austenitic chromium-nickel steels where, because of 
a lower sensitizing temperature, the attack is displaced 
some distance from the weld. The susceptibility to inter- 
granular attack of the ferritic steels is not dependent on 
the presence of austenite as previously supposed and is at- 
tributed to the precipitation of a carbide or mtride phase 
from ferrite. The susceptibility to intergranular attack of 
sensitized steels can be removed by a short-time annealing 
treatment between 1200 and 1500 °F. 


HE susceptibility of the ferritic stainless steels to intergranular 

attack has been recognized for some time but relatively little 
study has been given to the metallurgical factors responsible for this 
form of corrosion. There are very few references on the subject in 
the literature and these prior investigations were confined to the 
behavior of the steels in a single corroding medium. This paper con- 
tains considerable unpublished data on the effect of several different 
corrosive solutions and presents a more thorough study of all the 
commercial types. of the ferritic stainless steels. As a result of this 
investigation some doubts are cast on previously held theories and a 
more logical explanation is offered on the cause of intergranular cor- 
rosion in these steels. 

The conditions required to produce intergranular corrosion in 
the ferritic stainless steels differ greatly from those for the austenitic 
chromium-nickel types in that the sensitizing temperature range and 

A paper presented hefore the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, R. A. Lula, A. J. Lena 


and G. C. Kiefer, are associated with the Allegheny Ludlum Steel Corporation 
Research Laboratories, Brackenridge, Pa. Manuscript received April 10, 1953. 
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Fig. 1—Welded Type 304 (Upper) and Welded Type 430 (Lower); Showing 
the Marked Difference in the Zones of Intergranular Attack After Exposure to 
Nitric-Hydrofluoric Acid Solution. 


the corrective heat treatments are reversed. The straight chromium 
steels are made susceptible to attack by rapid cooling from above 
1700 °F (925°C) and immunity is restored by heating from 1200 
to 1500 °F (650 to 815 °C) ; ie., the sensitizing range for the chro- 
mium-nickel steels. However, the same corrosive media, boiling 
nitric acid, acidified copper sulphate solutions and nitric-hydrofluoric 
acid mixtures are effective in developing intergranular attack in both 
steels. In welded straight chromium steels the zone of attack occurs 
adjacent to and includes the weld deposit whereas in welded chro- 
mium-nickel steels the zone of attack is confined to a narrow band 
some distance from the weld. Fig. 1 is'a photograph of a welded 
sample of Type 304 on the top and a welded sample of Type 430 on 
the bottom. Both samples were exposed to a solution of 10% nitric 
acid and 3% hydrofluoric acid after welding. The marked difference 
in the distances from the welds of the affected areas in the two steels 
is evident. In order to correct this condition, the Type 304 must be 
heated at temperatures between 1800 and 2000°F (980 and 1095 
°C), while the Type 430 is annealed between 1200 and 1500 °F 
(650 and 815 °C). 

The structural changes which affect intergranular corrosion in 
the chromium-nickel steels can be reasonably attributed to the pre- 
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cipitation of chromium carbides at the grain boundaries. In the 
straight chromium steels the situation is complicated by numerous 
contributing factors and has no simple answer. This paper reports 
the results of an investigation whose purpose was to determine the 
conditions under which the ferritic chromium steels become suscepti- 
ble to intergranular corrosion and to provide a suitable mechanism 
of intergranular attack in these steels. 


Previous WorxK 


Although Houdremont and Schafmeister (1)! observed inter- 
granular corrosion in ferritic steels as early as 1933, there has been 
no earnest investigation of this phenomenon until recent times. This 
lack of interest has undoubtedly been due to the extensive use of the 
austenitic steels, but with the present nickel shortage and the neces- 
sity of substituting the ferritic straight chromium for the austenitic 
chromium-nickel steels in many applications, a better understanding 
of the ferritic steels is desirable. 

Kiefer (2) has shown intergranular corrosion adjacent to the 
weld in samples of welded Type 430 tested in 65% boiling nitric acid 
and found that the susceptibility could be removed by annealing for 
one hour at 1300 °F (705 °C) after welding. Since martensite was 
present in appreciable quantities at the grain boundaries in the steels 
which he studied, Kiefer suggested the possibility of the martensite 
corroding in preference to the ferrite and thus producing an effect 
similar to intergranular corrosion. 

In a recent paper, Houdremont and Tofaute (3) have presented 
the results of a systematic investigation of intergranular corrosion in 
ferritic steels. They postulate the formation of a carbon-rich aus- 
tenite at the sensitizing temperature which during cooling becomes 
supersaturated with carbon. This behavior of the straight chromium 
steels can be illustrated by means of the Fe-Cr-C phase diagrams 
shown in Fig. 2. At 1830°F (1000 °C) for instance, a 17% chro- 
mium steel with 0.10% carbon will contain a very low carbon 18% 
chromium ferrite in equilibrium with a 15% chromium austenite 
containing approximately 0.35% carbon (Tieline II). Houdremont 
and Tofaute believe that the supersaturation of this austenite on cool- 
ing permits the precipitation of easy-to-dissolve iron carbides at the 
grain boundaries where the austenite is in contact with the ferrite. 
Upon reheating to 1400 °F (760 °C), the iron carbides are converted 
to chromium carbides which resist chemical attack, and immunity to 
intergranular corrosion is obtained. The proposed theory, therefore, 
requires the formation of austenite and, in support of this, the authors 
show evidence that the addition of sufficient titanium to prevent aus- 


tenite formation prevents intergranular corrosion in the acidified cop- 


1The figures appearing in parentheses pertain to the references appended to this paper 
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Fig. 2—Sections of the Iron-Chromium-Carbon Phase Diagram. Tofaute, Kutt 
ner and Buttinghaus (4). 


per sulphate test and have shown a correlation between hardness 
increase and susceptibility towards intergranular corrosion. 
Hochmann (5) also relies on the formation of austenite to ex- 
plain intergranular corrosion in the ferritic steels but unlike Houdre- 
mont and Tofaute, he believes that the grain boundary phase itself 
may be so impoverished in chromium that it dissolves in the test 
solution. This is unlikely in view of the fact that the austenite in 
high chromium steels which are subject to intergranular corrosion is 
relatively high in chromium. Houdremont and Tofaute, and Hoch- 
mann based their conclusion on the behavior of the steels in Krupp 
solution (10% sulphuric acid, 10% copper sulphate) only and did not 
include any tests in boiling 65% nitric acid which is so frequently 
used in studying intergranular corrosion. The data in this paper 
cover both testing media and it will be shown that intergranular cor- 
rosion can occur in steels of extremely low carbon content and in 
steels of such a composition that austenite does not form. In this 
respect, all previously proposed theories require some modification. 


ANALYSES OF MATERIAL 


The chemical analyses of the steels used in this study are given 
in Table I. The steels whose heat numbers consist of five or six 
numerals are regular mill production melts while all others were 
melted in a laboratory induction furnace. The latter melts of special 
composition could not be obtained from regular mill production. 
These laboratory heats were cast in 30 or 60-pound ingots, forged 
into a sheet bar and hot-rolled to gage. The test samples were 
1 by 2 by 0.025 inch — 0.100 inch. 
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Table I 
Composition of Steels 


Heat ; Cr Other Elements* Ti ri/C 


Regular Type 430 
CU-79 0.009 16.23 0.07 Ne 
CU-74 0.012 16.60 0.06 Ne 
CU-5 0.023 16.83 0.06 Ne 
13304 0.036 17.10 , rg 
30608 0.063 16.38 0.043 Ne 
13469 0.07 16.69 . 
71483 0.10 me 0.040 Ne 
Type 430 Ti 
93755 0.053 17.99 0.16 a 
93003 0.078 17.10 0.36 4.6 
93745 0.046 17.97 0.24 aa 
93781 0.065 17.97 0.40 6.2 
93614 0.058 18.83 0.38 6.5 
88360 0.063 16.92 0.021 N: 0.41 6.8 
93609 0.055 18.79 0.39 7.1 
13165 0.063 17.46 0.46 7.3 
93789 0.055 17.30 0.44 8.0 
93584 0.051 18.63 0.45 8.5 
93611 0.044 18.97 0.42 22 
13103 0.042 17.37 0.40 9 6 
93767 0.036 18.60 0.39 10.8 
93626 0.052 17.88 0.60 [2.5 
93785 0.05 17.60 0.58 11.6 
93757 0.046 17.88 0.57 12.4 
13115 0.049 17.37 0.64 13.0 
93852 0.044 17.65 0.61 13.8 
93831 0.048 17.78 0.69 14.4 
CU-4 0.024 17.65 0.42 17.5 
Type 430 With Other Elements 
93614 0.058 18.83 0.14 V 0.38 6.5 
CP-8 0.032 17.97 1.30 V 
CP-7 0.031 18.37 1.56 Si. 1.0 V 
CH-60 0.051 Bd .as 1.8 Ni, .64 Cb 
CP-64 0.031 17.24 0.10 P, .02 Ne 
PB-41 0.035 18.24 0.82 Cb Cb/C =23.4 
Regular Type 442 
13370 0.088 20.43 0.052 Ne 
54986 0.065 21.56 0.070 Nz 
Type 442 Ti 
CX-33 0.032 22.02 0.15 1.7 
43772 0.05 21.71 0.020 Ne 0.27 5.4 
CX-34 0.074 22.39 0.51 6.8 
Regular Type 446 
78214 0.078 26.72 0.10 Ne 
Type 446 Ti 
i 0.048 27.36 0.086 1.8 
2 0.095 27.00 0.29 3.0 
01234 0.099 26.04 0.04 Ne 0.41 +1 
01235 0.12 26.90 0.04 Ne 0.55 1.6 
X 0.05 27.08 0.37 7.4 
3 0.057 « B26 ; 0.43 7.5 
4 0.071 27.05 : 0.55 7.8 


*The manganese, phosphorus, sulphur and silicon contents were within the AISI specified 
range for these steels except where noted. They are not reported to conserve space. The nitrogen 
content of the Type 430 steels was 0.03 to 0.05%. 


EXPERIMENTAL PROCEDURE 


Samples of sheet or strip material varying from 0.025 to 0.100 
inch in thickness were tested in boiling Krupp solution (10% sul- 


/ 


phuric acid and 10% copper sulphate) and in boiling 65% nitric acid 
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after sensitizing either by heat treatment or welding. The use of 
welded specimens was particularly desirable; not only because it 
affords complete coverage of the temperature range in one sample 
but also because of the importance of welding in the fabrication of 
stainless steels. The welded samples were prepared by the shielded 
arc method, employing either a nonconsumable tungsten electrode 
with a shielding gas of helium or argon, or a consumable stainless 
steel electrode with a shielding covering. 

The susceptibility to intergranular corrosion was measured 
by either the Krupp test (boiling acidified copper sulphate—l10% 
H2SO,4, 10% CuSO,) or the Huey test (boiling 65% nitric acid). 
Specimens which showed surface cracking when bent over a pin or 
lost their metallic ring after immersion in the copper sulphate solu- 
tion were considered as having failed this test. The nitric acid test 
was conducted according to ASTM Designation A-262-44T (6) and 
consists of subjecting the specimens to boiling 65% nitric acid for 
five 48-hour periods. The tests were conducted in individual flasks 
containing 600 cc. of the solution. The corrosion rate in inches pen- 
etration per month (I.P.M.) is determined by averaging the calcu- 
lated corrosion rates of the five separate periods. In addition to the 
corrosion tests, the specimens were examined microstructurally in 
order to observe any changes in structure due to sensitization and to 
confirm that the corrosive attack was intergranular. 


EXPERIMENTAL RESULTS 


Welding Tests. The susceptibility of Type 430 stainless steels 
to intergranular corrosion is shown in Figs. 3 and 4. These are 
photographs of welded samples of two heats of different carbon con- 
tent (0.063% and 0.10%) after exposure in Krupp solution and 
boiling 65% nitric acid. The samples shown in these photographs 
disintegrated in a zone immediately adjacent to the weld after 48 
hours’ exposure in boiling 10% sulphuric acid and 10% copper sul- 
phate solution (Krupp) or after four 48-hour periods in boiling 
65% nitric acid. Some steels will fail in Krupp solution in less than 
24 hours or after two periods in boiling nitric acid. Lincoln and 
Pruger (7) report that ‘“as-welded’’ samples of Type 430 show a 
line of corrosion adjacent to the weld after 16 hours’ immersion in 
5% salt solution at room temperature. Mixtures of nitric and 
hydrofluoric acid also produce intergranular attack in the weld zone 
after a very short period (% hour) of exposure at 140°F. It is 
evident from these tests that intergranular corrosion in the straight 
chromium steels is very severe and disintegration occurs more rap- 
idly than in the austenitic types of stainless steel. Another pro- 
nounced difference between the two grades is the location of the 
affected zone which is much closer to the weld in the straight chro- 
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Fig. 3—Intergranular Attack of a Heliarc-Welded Type 430 
Steel With 0.063% Carbon (Ht. 30608). Upper—nitric test; 
Lower—Krupp test. 


mium type. This distance of the line of attack from the weld deposit 
is not affected by the thickness of the metal being welded. Fig. 5 
is a photograph of welded Type 430 plate % inch thick after expo- 
sure in boiling 65% nitric acid for five 48-hour periods. The deep 
lines of penetration are immediately adjacent to the weld as is found 
in the lighter gage material shown in Fig. 4. It should not be in- 
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Fig. 4—Intergranular Attack of a Heliarc-Welded Type 430 Steel With 0.10% 
Carbon (Ht, 71483). Upper—nitric test; Lower—Krupp test. 





Fig. 5—Intergranular Attack of a Welded %-Inch Type 430 Plate After Ex- 
posure to Nitric Acid. Welded with Type 308 rod. 


ferred from the photographs that the attack is confined only to the 
zone adjacent to the weld for the weld metal itself is subject to inter- 
granular attack. Since the attack is intergranular in nature, it is 
most intense in that part of the sensitized zone where a large amount 
of grain boundary area is exposed to the corrosive solution; i.e., 
where the grain size is small. Since the weld metal consists of large 
columnar grains whose major axis is parallel to the surface of the 
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Fig. 6—Intergranular C 
Type 430 Steel (Ht. 30608) 
Test). Grains have dropped 


Fig. 7—Intergranular C 


Type 430 Steel (Ht. 30608) 


sheet, a relatively small 


orrosion in Heat-Affected Zone of a_ Heliarc-Welded 
After Immersion in Acidified Copper Sulphate (Krupp 
out of black areas. Unetched. x 100. 

orrosion in Heat-Affected Zone of a Heliarc-Welded 
After Exposure to Nitric Acid. Unetched. 100. 


amount of grain boundary area in the weld 


is exposed to the corrosive solution and the attack does not appear 
to be severe. The sensitized zone in the welded samples, therefore, 
includes both the heat-affected zone and the weld metal. However, 


since the lines of attack 


are so distinct, they provide a good indica- 
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Fig. 8—Intergranular Attack of a Heliarc-Welded Type 442 Steel With 0.08% 
Carbon (Ht. 13370). Upper—nitric test; Lower—Krupp test. 


tion of intergranular corrosion and are referred to throughout this 
paper. 

Microscopic examination of the corroded areas in the welded 
samples definitely establishes the nature of attack. Fig. 6 is a photo- 
micrograph of the heat-affected zone immediately adjacent to the 
weld of a sample of Type 430 (0.063% C) and shows heavy inter- 
granular corrosion after immersion in acidified copper sulphate solu- 
tion. The black portion of the photomicrograph is an area where 
grains have dropped out and indicates the extent of disintegration. 
Fig. 7 is a photograph of the same steel after exposure to nitric acid. 

Effect of Chromium Content. Steels ranging from 16% to about 
28% chromium were investigated. Welded samples of Type 442 
(20% chromium) and Type 446 (27% chromium) were exposed to 
Krupp solution and boiling 65% nitric acid. All of these steels dis- 
integrated in the testing solutions to the same degree and as rapidly 
as the lower chromium steels (Type 430). Figs. 8 and 9 are photo- 
graphs of welded samples of Type 442 (20.43% Cr) and Type 446 
(26.72% Cr) respectively after testing in Krupp solution and boiling 
65% nitric acid. The data show that chromium content within the 
range investigated has little influence on intergranular corrosion after 
welding. 
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Fig. 9—Intergranular Attack of a Heliarc-Welded Type 446 Steel 
With 0.08% Carbon (Ht. 78214). Upper—nitric test; Lower—Krupp test. 


Effect of Carbon Content. The resistance of the ferritic stainless 
steels to intergranular corrosion does not appear to be influenced by 
the carbon content. In the Type 430 steels carbon contents as low as 
0.009% were tested. Houdremont and Tofaute found intergranular 
corrosion in steels containing as little as 0.005% carbon, provided 
the nitrogen content exceeded 0.01%. Fig. 10 is a photograph of 
welded samples of Type 430 with 0.009% and 0.012% carbon after 
48 hours’ exposure in Krupp solution. It can be seen that these 
steels are no more resistant than high carbon material. In the higher 
chromium grades very little difference in the resistance of steels with 
carbon contents varying from 0.03 to 0.12% was found. It will be 
noted, however, that the line of attack occurring in the low carbon 
steels shown in Fig. 10 appears farther from the weld deposit than 
in the higher carbon steels but still somewhat closer than the lines of 
corrosion found in welded 18-8. This will be discussed later. 

Effect of Titanium Additions. Houdremont and Tofaute (3) 
report that the addition of,titanium in a minimum amount of 6 times 
the carbon content prevents intergranular corrosion in straight chro- 
mium steels. We have found that this is not strictly true, particu- 
larly for welded material. Our tests indicate that a slightly higher 
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Table II 
The Influence of Titanium-to-Carbon Ratio on the Susceptibility 
to Intergranular Corrosion of Welded Type 430 











—_————Intergranular Corrosion—————. 


Heat Ti/C Ratio Krupp (100 hrs.) Nitric Acid 
13304 0 Yes Yes 
93755 a Yes Yes 
93003 4.6 Yes Yes 
93614 6.5 Yes Yes 
93609 7.1 Yes Yes 
93584 8.5 No Yes 
93611 9.5 No Yes 
93626 Se No Yes 
93831 14.35 No Yes 
17 





hag 


(between 8 and 9) titanium-carbon ratio provides immunity to attack 
in the Krupp solution but steels with titanium as high as 17 times the 
carbon content disintegrate in 65% nitric acid. These conclusions 
are evident from the data in Table II which show that steels with a 
titanium-carbon ratio of 8.5 or greater are immune to intergranular 
corrosion in the Krupp solution but are attacked in nitric acid. . This 
is true for all steels regardless of chromium content. Fig. 11 is a pho- 
tograph of welded samples of Type 430 (Ti/C = 11.6) after exposure 
to Krupp solution and boiling 65% nitric acid. It will be noted that 
no evidence of intergranular attack is present in the sample on the 
bottom which was tested in the Krupp solution and bent. The sample 
on the top was exposed for five 48-hour periods in boiling nitric acid 
and lines of attack adjacent to the weld can be seen. Numerous tests 
were carried out on steels of varying titanium-carbon ratios and the 
results can be summarized as follows: Steels containing titanium up 
to about 8 to 9 times the carbon fail in both the Krupp solution anc’ 
boiling nitric acid regardless of carbon and/or chromium content 
With higher titanium contents the steels show no intergranular cor- 
rosion in Krupp solution after 100 hours’ exposure but lines of attack 
develop in boiling 65% nitric acid. This difference in behavior of 
the higher titanium steels in the Krupp solution and boiling nitric 
acid is attributed to a difference in severity or selectiveness of the 
two tests. 

{During the course of the investigation it was found that when 
the steels with high titanium contents were heliarc fusion welded, 
the actual weld deposit was extremely soluble in boiling nitric acid; 
in fact the welds were completely dissolved in one or two 48-hour 
test periods. This clouded the actual effect of the acid solution on 
the adjacent area and it was difficult to determine if any intergranular 
attack had occurred. The higher solubility of the weld deposit is 
attributed to the fact that little titanium is lost in heliare welding, for 
it is known that titanium lowers the resistance of stainless steel 
weldments to nitric acid. No heat treatment was found that would 
correct this condition. In order to avoid this condition, new samples 
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Fig. 10—Welded Extra Low Carbon Type 430 Steels Showing Deepest Inter- 
granular Penetration at Some Distance From Weld as Compared to Higher Carbon 
Steels (Figs. 3 and 4). Krupp test. Left—0.009% carbon (Ht. CU-79); Right 
0.012% carbon (Ht. CU-44). 


were electric arc welded using a straight Type 430 rod. However, 
these welded deposits were contaminated with titanium by dilution 
with the base metal and excessive corrosion persisted. Finally, sam- 
ples were welded using a Type 308 stainless steel rod. The weld 
deposits prepared in this manner were very resistant to attack and 
the zones of intergranular corrosion became very pronounced. | 

Effect of Other Elements. In addition to the steels containing 
titanium, several laboratory heats of Type 430 with additions of sili- 
con, phosphorus and vanadium were studied. These steels are listed 
in Table I. Heliarc-welded samples from each of these heats showed 
severe lines of attack adjacent to the weld and some intergranular 
attack of the weld deposit in both Krupp solution and boiling 65% 
nitric acid. Steels containing columbium behaved similar to those 
with titanium in that steels with a high columbium-to-carbon ratio 
exhibited intergranular attack in nitric acid but not in the Krupp 
solution. Of the elements investigated, none was found which re- 
moved the susceptibility to sensitization. 

Effect of Subsequent Heat Treatment. In every case, regardless 
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Fig. 11—Type 430 Ti (Ti 11.6 X C) Welded With Type 308 Rod Showing In- 
tergranular Attack in Nitric Acid Test But Unaffected in Krupp Test. Upper 
nitric test; Lower-—Krupp test. 


of composition, immunity to intergranular attack was achieved by 
heating the welded material at 1400°F (760°C) for a relatively 
short period of time. For example, regular Type 430 up to 0.050 
inch thick air-cooled after 10 minutes at 1400 °F (760°C) or %- 
inch plate after 30 minutes at 1400°F is completely resistant to 
intergranular attack in both testing solutions. The temperature 
range for immunizing has not been definitely established but tem- 
peratures between 1200 and 1500 °F .(650 and 815°C) appear to 
be effective. Fig. 12 is a photograph showing attack in nitric acid 
of as-welded Type 430 stainless steel and the recovery of corrosion 
resistance as a result of annealing after welding for only 5 minutes 
at 1450 °F (790 °C). 

In discussing the results of welding tests we have refrained from 
showing actual corrosion rates in boiling 65% nitric acid. This is 
because the test is not quantitative due to the small area of inter- 
granular attack in relation to the entire area of the test sample. The 
difference in over-all corrosion rate between samples as-welded and 
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Fig. 12—Type 430 (0.10% Carbon). Effect of annealing 5 minutes at 
1450 °F a.c. in restoring nitric acid corrosion resistance of heat-affected zone 
Upper—as-welded; Lower—annealed after welding 


after a corrective heat treatment is indicated by the nitric acid tests 
conducted on the samples shown in Fig. 12. In this case, the lines 
of attack were so severe that the weld metal was separated from the 
base metal after testing in nitric acid, yet the corrosion rate for four 
periods was only 0.005 I.P.M. as compared to 0.004 for the annealed 
sample. The difference in corrosion rates due to intergranular cor- 
rosion is, however, reflected after sensitizing the entire sample at 
various temperatures as will be shown later. 

Effect of Sensitizing Heat Treatments. The corrosion tests on 
welded samples have shown that the ferritic stainless steels are sus- 
ceptible to intergranular corrosion and since the lines of attack are 
adjacent to the weld, a high sensitizing temperature was indicated. 
This was confirmed by making corrosion tests on heat treated sam- 
ples. The results of Krupp and nitric acid tests on straight Types 
430, 442 and 446 stainless steels are given in Table III. In general, 
it may be stated that these steels become susceptible to intergranular 
corrosion when air-cooled from temperatures above 1700°F (925 
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Table III 


Results of Nitric Acid and Krupp Tests on Heat Treated Types 430, 442 and 446 
Determination of Sensitizing Range 




















Type 442—~.. -————Type 446—— 
; ——Type 430———________. Nitric Nitric 
——Nitric Acid-——. Krupp — Acid Krupp Acid Krupp 
Treatment Ht. 30608 Ht. 71483 Ht. 30608 Ht. 71483 Ht. 54986 Ht. 54986 Ht. 78214 Ht. 78214 
1. 1600°F, %& hr. AC 0.0032 0.004 OK OK 0.00089 OK 0.00076 OK 
2. 1700°F, %& hr. AC 0.0095 (2) 0.0106 (3) OK OK 0.0012 OK 0.0074 (4) F 
3. 1800°F, %& hr. AC 0.0436 (1) 0.0081 F OK 0.0012 OK 0.0124 (1) F 
4. 1990 °F 36 Bhs Pile * va teeats Pena. -sawwas F 0.0058 (3) | BPRS to 
5. 1900°F, %& hr. AC 0.0437 (1) 0.0387 (2) F F* 0.0110 (3) F* 0.0143 F 
6. 2000°F, % hr. AC 0.0463 (1) ........ Ky heitts cheb os See Geran 0.0330 (1) F 
7. 2000"F, Se et. A Ole hes ecko eas Pe aes asia Width o>. = eas A 0.0485 (1) F 
ys ee ee mua tae: op dees F* 0.0066 (3) F* 0.0034 (4) F 


Code: Figures in parentheses indicate number of test periods. 
OK =No intergranular failure. 
= Intergranular failure 


F 
F* =Samples disintegrated during test. 





°C). However, it was observed that the sensitizing temperature 
varied somewhat and temperatures as high as 1850°F (1010 °C) 
were required in certain cases. It is believed that this variation in 
sensitizing temperature may be related to sensitizing time which has 
not yet been investigated. It will be shown later that the sensitiza- 
tion of the ferritic steels is dependent on the solution of carbides or 
nitrides and it may be assumed that the time required for solution of 
these phases would have an important effect on sensitization, partic- 
ularly at lower sensitizing temperatures. In this respect, it was ob- 
served that the carbides were fewer in number and of a much larger 
size in the Type 442 steel which sensitized at 1850°F (1010 °C) 
than in either the Type 430 or 446 steels which sensitized at 1700 °F 
(925°C). Since samples heat treated at 2500°F (1370°C) were 
susceptible to intergranular attack, it appears that the sensitization 
range extends from approximately 1700 °F (925 °C) to the melting 
point. The data in Table III again show the difference in severity 
of the testing solutions, for it was found that intergranular attack 
was detected in nitric acid in samples which were sensitized at lower 
temperatures than was indicated by failure in the Krupp test. 

The influence of titanium on the sensitizing temperature of Type 
430 stainless can be obtained from the data given in Table IV which 
show that increasing the titanium-to-carbon ratio raises the sensitiz- 
ing temperature. A similar effect was found in the Type 446 steels 
as shown in Table V. All steels, regardless of titanium content, could 
be made susceptible to intergranular attack as was previously shown 
by welding tests. Since the only effect of titanium is to raise the 
sensitizing temperature, titanium cannot be used to provide complete 
immunity to intergranular attack. 

Although no quantitative study of the effect of cooling rate was 
undertaken, several qualitative observations can be made. The fer- 
ritic steels become sensitized when rapidly cooled from the sensitizing 
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Table IV 
Influence of Titanium-to-Carbon Ratio on the Sensitizing Temperature of 
Type 430 Stainless Steel (Tested in Nitric Acid) 
Treatment Ht. 30608 (Ti/C =0) Ht. 13165 (Ti/C =7.3) Ht. 13115 (Ti/C =13) 
1. 1600°F, % hr. AC 0.0032 0.0065 0.0060 
2. 1700°F, % hr. AC 0.0095 (2)* 0.0052 0.0069 
3. 1800°F, &% hr. AC 0.0436 (1) 0.0053 0.0046 
4. 1900°F, &% hr. AC 0.0437 (1) 0.0308 (2) 0.0051 
5. 2000°F, % hr. AC 0.0463 (1) 0.1909 (1) 0.0453 (2) 
6. 2100°F, % hr. AC 0.0324 (1) 0.2241 (1) 0.2173 (1) 


*Figures in parentheses indicate number of test periods. 


\] 


temperature but are immune after slow cooling. Thus, samples which 
were either water-quenched or air-cooled were susceptible to inter- 
granular attack, whereas those which were furnace-cooled were not 
susceptible. However, we have found that immunity can be attained 
by very rapid cooling, such as is achieved in quenching small diam- 
eter wires into an ice brine bath. This is conclusive evidence that 
the precipitate responsible for sensitization forms during cooling 
and is not present at the sensitizing temperature. Future research 
involving the use of small diameter wires is being planned. 

The corrosion resistance of the sensitized steels can be restored 
by annealing in the temperature range of 1200 to 1500 °F (650 to 
815°C). This is true for all steels regardless of titanium content. 
It was previously shown that the weld metal of heliarc-welded steels 
with high titanium contents has poor corrosion resistance to nitric 
acid which cannot be improved by heat treatment. The fact that non- 
welded sensitized samples from these same steels recover their cor- 
rosion resistance when annealed indicates that the poor corrosion 
resistance of the weld is not associated with intergranular attack. 
The effect of annealing temperatures between 900 and 1400 °F 
(480 and 760 °C) on the resistance to Krupp solution of sensitized 
Type 446 steels with titanium is given in Table VI. Temperatures 
above 1200 °F (650 °C) are recommended because two of the heats 


Table V 
Influence of Titanium-to-Carbon Ratio on the Sensitizing Temperature of 
Type 446 Stainless Steel (Krupp Test—100-Hour Immersion) 





—————Sensitizing Temperature (% hr. at temperature) 
Heat Ti/C 1600 °F 1700 °F 1800 °F 2000 °F 2200 °F 2400 °F 
78214 0 OK F F F F* F 
1 1.79 OK OK F F F F* 
2 3.00 OK OK OK F I F 
01234 4.14 OK OK OK F I F 
3 7.8 OK OK OK OK I F 


Code: OK =Not affected. 
F* =Complete disintegration. 
F =Intergranular corrosion. 
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Table VI 
Effect of Annealing Temperature on the Susceptibility to Intergranular Attack 
of Sensitized Type 446+ Titanium Steels (Tested in Krupp Solution) 





Annealing Temperature (% hr. at temperature) —— 


Heat Ti/C 900 °F 1000 °F 1100 °F 1200 °F 1300 °F 1400 °F 
1 1.79 F F F F OK OK 
2 3.00 F F F F OK OK 
xX 7.4 F F F OK OK OK 
4 7.54 F F F OK OK OK 
3 7.8 F F F OK OK OK 


Sensitizing Treatment— hour at 2200°F, air-cooled. 
F =Intergranular corrosion. 
OK =No intergranular corrosion. 


in Table VI failed to recover their corrosion resistance after one- 
half hour at 1200 °F (650 °C). 


DISCUSSION 


The results of this investigation are best discussed with respect 
to a possible mechanism of intergranular corrosion in ferritic steels. 
The welding and sensitizing data submitted in the previous sections 
have shown that the ferritic stainless steels with 16 to 28% chromium 
are made susceptible to intergranular attack by rapid cooling from 
temperatures above 1700 °F (925°C). Strong carbide formers like 
titanium and columbium are not effective in preventing intergranular 
attack although they may raise the sensitizing temperature. Steels 
of extremely low carbon content or those to which ferrite stabilizers 
like vanadium and/or silicon have been added are as susceptible to 
attack as the regular straight chromium steels. 

The work reported in this paper was performed concurrently 
with that of Houdremont and Tofaute (3) and although the experi- 
mental results are in good agreement, sufficient additional informa- 
tion has been obtained to require an alteration of the mechanism of 
corrosion which they have proposed. All previous theories including 
that of Hochmann (5) as well as that of Houdremont and Tofaute 
require the formation of austenite at the sensitizing temperature to 
account for intergranular corrosion in the ferritic steels. A study 
of the metallography of the steels used in this investigation has shown 
that the formation of austenite is not a necessity and intergranular 
corrosion occurs in steels which do not form austenite. The addi- 
tion of titanium to the ferritic stainless steels suppresses austenite 
formation to such an extent that steels with titanium-to-carbon ratios 
greater than approximately five are no longer capable of forming 
austenite at any temperature. Nevertheless, these titanium-bearing 
steels are susceptible to intergranular attack after sensitization by 
heat treatment or welding. Fig. 13a is a photomicrograph of the 
heat-affected zone of a welded Type 430 Ti steel with a titanium- 
carbon ratio of 3.73 which suffered intergranular attack in nitric acid. 
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A small amount of discontinuous martensite (transformed austenite ) 
is present at the grain boundaries. When the titanium-carbon ratio 
is increased to 7.1, martensite is no longer present but the heat- 
affected zone is severely attacked in copper sulphate (Fig. 13b). 
With titanium contents greater than 8 to 9 times the carbon content, 
failure occurs only in nitric acid, an example of which is given in 
Fig. 13c. Other ferritizing elements such as silicon and vanadium 
exert ai: influence similar to titanium in preventing the formation of 
austenite but these modified steels were susceptible to intergranular 
corrosion in both nitric acid and acidified copper sulphate. 

Further proof that austenite formation is not a necessary re- 
quirement for intergranular susceptibility is given by a consideration 
of the fact that the sensitizing temperature is independent of chro- 
mium content. That is to say, Types 430 (17% Cr), 442 (20% Cr), 
and 446 (27% Cr) sensitize at approximately the same temperature, 
whereas it has been shown by others (8) that the temperature of 
austenite formation increases with increasing chromium content, pro- 
vided the carbon and nitrogen are held constant. Post and Eberly 
(8) have devised a method of expressing the austenite formation 
temperature in the ferritic stainless steels as a function of the avail- 
able chromium content of the steel. By making use of this available 
chromium factor for the straight chromium steels employed in this 
investigation, it is possible to compare the influence of alloy com- 
position on both the austenite formation temperature and the sensitiz- 
ing temperature. This has been done in Fig. 14 where it can be seen 
that the influence of composition on the temperature of austenite 
formation is not related to the sensitizing temperature. All of the 
steels without titanium or columbium became sensitized when air- 
cooled from temperatures above 1700 to 1850 °F (925 to 1010 °C) 
regardless of available chromium content. With respect to the 
17% chromium steels, several heats were found which sensitized at 
1700 °F (925 °C) without the formation of austenite and in those 
steels which did contain austenite, the amount which formed at these 
low temperatures was extremely small and occurred only as isolated 
patches without completely enveloping the grain boundary. In the 
case of the Type 446 (27% Cr) steels sensitized in the range of 
1700 to 2100 °F (925 to 1150 °C), the lack of austenite formation 
was confirmed by metallographic examination. 

In view of the fact that titanium-containing steels are susceptible 
to intergranular corrosion and that the sensitizing temperature does 
not depend on chromium content, a general mechanism of inter- 
granular corrosion in ferritic steels which requires the formation of 
austenite is untenable. By careful metallographic specimen prepara- 
tion and the use of a suitable etchant, we have found that the sensiti- 
zation of the ferritic steels is accompanied by the grain boundary pre- 
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Fig. 13—Intergranular Corrosion in Type 430 Titanium Steel. a = Ti/C = 3.73 
(Ht. 93755)—tested in nitric acid. «100. b= Ti/C—/7.1 (Ht. 93609)—tested in 
Krupp solution. xX 100. c= Ti/C = 14.35 (Ht. 93831)—tested in nitric acid. X 50. 
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cipitation of a second phase. Examples of this are shown in Figs. 
15 to 17. Fig. 15 is a photomicrograph of the sensitized heat- 
affected zone of a Type 430 steel which contains a complete grain 
boundary network of a second phase. The area chosen for this pho- 
tograph was outside the zone of extensive martensite formation; i.e., 
at a low sensitizing temperature. In cases where, because of small 
particle size, it was difficult to resolve the precipitate, polarized light 
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Fig. 14—Influence of Composition on the Temperature of Austenite 
Formation and the Sensitizing Temperature of Ferritic Stainless Steels. 


was very helpful as can be seen in Fig. 16 which shows the grain 
boundary precipitate in a sensitized steel which contained sufficient 
titanium to prevent austenite formation. Figs. 17a and 17b are 
photomicrographs of a low-nitrogen Type 446 Ti steel. Heating this 
steel at 1800 °F (980°C) produces only remote traces of a grain 
boundary precipitate, whereas after sensitization at 1900°F (1040 
°C), a complete network is visible. The absence of any austenite 
is evident. When tested in copper sulphate solution, the 1800 °F 
(980 °C) sample showed no intergranular corrosion, whereas that 
which was sensitized at 1900 °F (1040 °C) exhibited severe attack. 
Thus the susceptibility to intergranular corrosion correlates very well 
with microstructure: and it appears that intergranular corrosion can 
be associated with the presence of a grain boundary precipitate. 
Further evidence that the formation of austenite is not a require- 
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Fig. 15—-Grain Boundary Precipitate in the Sensitized Heat-Affected Zone of a 
Heliarc-Welded Type 430 Steel (Ht. 30608). Etched in ammonium persulphate. 
<x 1000. 


_ Fig. 16—Grain_ Boundary Precipitate in a Sensitized (2300 °F for 10 Minutes, 
Water-Quenched) Type 430 Titanium Steel With a Titanium-to-Carbon Ratio of 
6.8 (Ht. 88360). Etched in ammonium persulphate and photographed under polarized 
light. x 500. 


ment for intergranular attack is provided in the case of the low 
carbon Type 430 steels. Although the total area which has been 
heated in the sensitizing range (including the heat-affected zone and 
weld metal) is the same regardless of carbon content, the deepest 
penetration of intergranular attack in the low carbon steels occurs at 
some distance from the weld while in the higher carbon steels all of 
the metal in the heat-affected zone rapidly disintegrates. A metal- 
lographic examination of the heat-affected zone of these low carbon 
steels has shown that the most severe attack occurs immediately ad- 
jacent to the zone containing martensite, an example of which is 
shown in Fig. 18. The phase diagrams of Fig. 2 are helpful in ex- 
plaining the displacement of the lines of attack in these low carbon 
steels. Since the carbon content of the ferrite in equilibrium with 
austenite is greater in high carbon than low carbon steels, the degree 
of supersaturation of ferrite during cooling will be greater in the high 
carbon steels and precipitation should occur more readily. The 
formation of austenite in low carbon steels decreases the carbon con- 
tent in the ferrite to such an extent that the tendency to precipitate 
carbides on cooling is reduced. The lines of attack, therefore, occur 
adjacent to the martensite (transformed austenite) where the degree 
of supersaturation of the ferrite during cooling is the greatest. 
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Fig. 17—Type 446 Titanium With a Titanium-to-Carbon Ratio of 4.1 (Ht. 
01234). a—1800°F, % hour air-cooled—remote traces of grain boundary precipi- 
tate. b=—1900°F, % hour air-cooled—extensive grain boundary precipitation 
Etched in ammonium persulphate. X 500. 


MECHANISM OF INTERGRANULAR CORROSION 


Since it has now been shown that sensitization of the completely 
ferritic steels produces a grain boundary precipitation of a second 
phase, the proposal is made that intergranular corrosion is due to the 
precipitation of a carbide or nitride from a ferrite which becomes 
supersaturated during cooling. The sensitizing temperature is that 
temperature which permits sufficient solution of the carbide or nitride 
so that precipitation can occur on cooling. It has often been a com- 
mon habit to attribute sensitization to carbide precipitation alone; 
however, in view of the fact that susceptibility cannot be prevented 
with as little as 0.005% carbon unless the nitrogen is less than 
0.01%, the possibility of a nitride precipitate exists. That solution 
of the carbide phase occurs at the sensitizing temperature and is re- 
precipitated at the grain boundaries during cooling is shown in Fig. 
19. The mill-annealed sample in Fig. 19a contains a considerable 
amount of titanium carbides which are dispersed at random. As a 
result of the sensitizing treatment, a large amount of the random 
precipitate has been dissolved and re-deposited at the grain bound- 
aries (Fig. 19b). 

A proposal of this type can adequately explain the ineffective- 
ness of titanium and the independence of sensitizing temperature on 
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Fig. 18—Photomicrograph of Heat-Affected Zone of Extra Low Carbon Type 
430 (0.023% C) Showing Deepest Penetration Adjacent to a Zone of Martensite. 
Nitric acid test. Etchant 50% boiling HCl. x 100. 


chromium content, for the only requirement is that the solubility of 
the carbide or nitride phase decrease with decreasing temperature. 
The increase in sensitizing temperature due to the presence of tita- 
nium can be attributed to the higher temperature necessary for the 
solution of titanium carbide and/or nitride. Although there is no 
information available concerning the solubility of titanium carbides 
in ferritic stainless steels, Franks (9) has found that the solubility 
of titanium carbide progressively increases with increasing tempera- 
ture above 1800 °F (980 °C) in the austenitic-type steels. 

The function of the precipitate in promoting intergranular cor- 
rosion is not known, for it has not been possible to establish the iden- 
tity of the grain boundary phase. X-ray analysis of electrolytically 
extracted residues from sensitized samples in general showed the 
presence of chromium carbides (CrogCg) but there is no assurance 
that the analyzed phase is the precipitate responsible for the inter- 
granular attack. Houdremont and Tofaute (3) assume (without 
offering experimental proof) that the precipitate is an iron-rich car- 
bide and attribute intergranular attack to the poor corrosion resist- 
ance of this carbide. They believe that annealing after sensitization 
restores corrosion resistance by increasing the chromium content of 
the carbide. If this were true, it might be expected that chromium 
impoverishment at the grain boundary would occur as a result of an- 
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Fig. 19—Type 430 Titanium With a Titanium-to-Carbon Ratio of 6.8 (Ht. 
88360). a= Mill-annealed. b= Mill-annealed and sensitized for % hour at 2050 °F, 
water-quenched, Etched in ammonium persulphate. > 500. 


nealing; particularly since annealing times at 1450°F (790°C) can 
be as short as 5 minutes. Further proof of this postulate is neces- 
sary and is dependent upon a modification of the extraction tech- 
niques to permit absolute identification of the precipitate. 

A consideration of the particle size of the precipitate and the 
width of the grain boundary widening which often accompanies cor- 
rosive attack suggests that simple dissolution of an iron-rich carbide 
alone cannot be responsible for the total amount of attack. Since the 
precipitation of the grain boundary phase occurs with extreme rapid- 
ity (water quenching cannot suppress the precipitation), sufficient 
time is not available for diffusion and the growth of the precipitate 
is limited. The particle size is, therefore, small, which accounts for 
the difficulty one encounters in the detection of the precipitate. If 
the attack were due solely to the poor corrosion resistance of the 
precipitate, one should not expect to find appreciable grain boundary 
widening. Neither can the wide attack be due to chromium impov- 
erishment adjacent to the grain boundaries because sufficient time 
is not available for diffusion of chromium to the grain boundaries. 

Dijkstra (10) in a study of the precipitation of nitrides in steel 
observed that the width of nitride particles in the etched microstruc- 
ture was many times greater than the width which he was able to 
calculate. He concluded that the areas adjacent to the precipitate 
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particle were highly strained and were more amenable to attack by 
the etchant; thus producing an apparent enlargement of the precipi- 
tate. An estimate of the magnitude of the stresses in the neighbor- 
hood of a precipitate can be obtained from the work of Zakharova and 
Lashko (11) who determined that the residual stress in the neighbor- 
hood of precipitate particles in a 5% copper-aluminum alloy was 
approximately 48,000 psi. If this reasoning is applied to the inter- 
granular corrosion of ferritic steels, it can be postulated that the pre- 
cipitation process (regardless of type of precipitate) produces a 
strained area around the grain boundary which is susceptible to at- 
tack. Kinzel (12) has suggested a similar effect to account for the 
type of knife-edge attack which he found adjacent to carbide parti- 
cles in austenitic stainless steels. On this premise, a complete mech- 
anism of the intergranular corrosion of ferritic steels can be pos- 
tulated. The mechanism proposed requires the precipitation during 
cooling of a second phase (either carbide or nitride) from a super- 
saturated ferrite which results in a straining of the grain boundary 
area, thus making this area susceptible to attack. The effect of an- 
nealing is to relieve the stresses adjacent to the precipitated particles 
with a resultant recovery of corrosion resistance. 


SUM MARY 


1. The ferritic stainless steels containing 16 to 28% chromium 
(Types 430, 442 and 446) are susceptible to intergranular corrosion 
when sensitized by rapid cooling from temperatures above 1700 °F 
(925°C). In the sensitized condition, these alloys are susceptible 
to intergranular corrosion in acidified copper sulphate, boiling 65% 
nitric acid and hydrofluoric-nitric acid mixtures. Slow cooling from 
the sensitizing temperature such as is achieved by a furnace cool 
provides immunity to intergranular corrosion. 

2. The addition of titanium in amounts greater than approxi- 
mately eight times the carbon content provides immunity in acidified 
copper sulphate but not in more severely corrosive solutions such as 
boiling 65% nitric acid. Type 430 Ti with a titanium-to-carbon 
ratio of 17.5 was not immune to intergranular corrosion in nitric acid. 

3. The sensitization of these alloys by welding results in severe 
lines of attack in the heat-affected zone adjacent to the weld and 
some intergranular attack of the weld itself. 

4. Steels which contain sufficient titanium, silicon, columbium 
or vanadium to prevent austenite formation at the sensitizing tem- 
perature are susceptible to intergranular corrosion. 

5. The susceptibility to intergranular corrosion of sensitized 
steels can be removed by a short-time annealing treatment at 1200 


to 1500 °F (650 to 815 °C). 


6. Heliarc welding of steels with a high titanium-to-carbon ratio 
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results in poor general corrosion resistance of the weld metal which 
cannot be remedied by heat treatment. 

7. The sensitizing temperature is independent of chromium con- 
tent and is essentially the same for Types 430, 442 and 446. The 
addition of titanium to any of the ferritic steels increases the sensi- 
tizing temperature. 

8. The susceptibility to intergranular corrosion of the ferritic 
steels is attributed to the grain boundary precipitation from ferrite 
of either a carbide or nitride phase. It is suggested that this precipi- 
tation strains the matrix adjacent to the precipitate which makes the 
grain boundary area susceptible to attack in corrosive solutions. An- 
nealing at 1200 to 1500 °F (650 to 815 °C) relieves the stresses and 
corrosion resistance is recovered. 
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DISCUSSION 
Written Discussion: By P. H. Smith, Nooter Corp., St. Louis, Mo. 
The authors have made an excellent presentation of their subject and 
it is believed that their conclusions are essentially correct. Since the heat 
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treatment referred to as annealing at 1200°F (650°C) is in reality only a 
stress relief, the mechanism of attack described as a stress condition is 
further substantiated. 

More knowledge of intergranular corrosion of ferritic stainless steels 
is a definite addition to industry, in that designing against such attack is 
closer to a realism. 

In the plate fabrication industry, this inherent characteristic of the 
straight chromium stainless steels is not too important for shop applica- 
tions because, in almost all cases, these units or weldments are heat 
treated after fabrication has been completed, thus immunizing them from 
attack. However, in field applications [such as welding a supporting lug 
on a vessel or piece of pipe, or in actual field assembly of a large weld- 
ment after which a stress relief at 1200°F (650°C) would be impractical] 
this material poses a problem. A great deal of thought will have to be 
given to means of immunizing the metal itself without heat treatment to 
make these applications practical. 

The authors stated that a fine brine-quenched wire was not made 
sensitive to intergranular attack, presumably because the quench rate was 
so rapid as to prevent a precipitate’s forming. It would be interesting to 
study the microstructure of this wire and if there is no precipitate, as 
one would expect, it would strengthen the authors’ position as to their 
mechanism of precipitation. 

It was felt that the last paragraph in the paper was the key to the 
situation, that is, stress, whether caused by precipitate or not. In order 
to substantiate this partially, on a qualitative basis, we cold-worked an- 
nealed Type 430 stainless steel very severely. The microstructures showed 
that we were not able to produce a precipitate by cold working it alone, 
and time did not permit checking for intergranular corrosion of the 
stressed samples, although this should give us another piece of informa- 
tion, if it is followed through. 

As the authors stated, the precipitate dees not have to be a carbide; 
it could also be a nitride. It seems that tests with nitrogen-free steels 
would be in order, and sensitivity investigation of such steels should be 
a very fruitful field, perhaps to the point of finding constituents other 
than carbides or nitrides in the grain boundaries precipitate. 

In the plate fabrication business, when we think of intergranular 
attack on a ferritic metal, we immediately concern ourselves with the be- 
havior of these metals in caustic solutions. For example, if a welded un- 
annealed sample were to be immersed in boiling 70% caustic or some other 
suitable concentration, would the attack be typical intergranular attack, 
as we have seen described in this paper, or would it be similar to the 
attack of caustic on mild steel commonly known as caustic embrittlement? 

Written Discussion: By John J. G. Rutherford, The Babcock & Wil- 
cox Co., Tubular Division, Beaver Falls, Pa. 

Intergranular corrosion in ferritic stainless steels has been observed 
and reported over 20 years, but this problem has never been subjected to 
such exhaustive studies as the authors have performed and reported in 
this very interesting paper. 

This type of stainless steel found earliest application in the chemical 
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industry for the manufacture and handling of nitric acid, but since then 
has found main application in high temperature service because of the ex- 
cellent oxidation resistance found in these steels. These steels have given 
an excellent account of themselves in high temperature service where the 
prevailing corrosive conditions are associated with oxygen, sulphur, car- 
bon, and the slagging effects of sodium salts, etc. However, these appli- 
cations very seldom call for resistance to aqueous corrosive attack. Be- 
cause of the artificial nickel shortage during the last two years, there 
have been many attempts to use the 17% chromium alloy in direct sub- 
stitution for the well-known 18% chromium, 8% nickel composition, and 
for many applications the materials were used in the welded condition 
without subsequent annealing or other heat treatment. This investigation 
of the authors has contributed very materially to explain the behavior to 
be anticipated from this type of material for the applications in which it 
has been used during the emergency. 

We believe that the availability of nickel for ordinary commercial 
usage will do much to alleviate the conditions associated with the use of 
ferritic chromium steels in severe chemical service. The well-recognized 
benefits of the austenitic stainless steel will again gain their previous 
prominence. The ferritic stainless steels will continue to find very useful 
applications for high temperature service, for ornamental trim and for 
applications where corrosion is not sufficiently severe to cause the occur- 
rence of conditions as described by the authors. 

Written Discussion: By R. A. Perkins, senior research assistant, 
Metals Research Laboratories, Electro Metallurgical Co., Niagara Falls, 
Ne, 

Although research on precipitation phenomena in stainless steel has 
been active for a number of years, points of view on the cause of acceler- 
ated attack accompanying precipitation still are in dispute. This is due, 
in part, to experimental difficulties involved and to a lack of sufficient 
published data. The proposal that intergranular corrosion of ferritic chro- 
mium steels results from precipitation of a carbide or nitride from super- 
saturated ferrite during cooling has received considerable support from 
the results of recent investigations and would seem to be the most logical 
theory based on present knowledge. Little direct evidence exists, how- 
ever, which can be cited in proof of this theory and, similarly, little exists 
which can be used to dispute opposing theories based on austenite decom- 
position. 

Although the authors have made a valuable contribution to research 
in this field, their results are not conclusive proof of the validity of one 
proposal over the other. The conclusion that austenite formation is not 
essential to the mechanism can only be inferred from the observed be- 
havior of steels which should not contain this phase by virtue of their 
composition and heat treatment. Thus, tests on alloys well within the 
ferrite region, or on those treated with elements which further restrict 
the gamma loop, can indicate whether austenite formation is a necessary 
requirement. Even then, failure to detect austenite in these steels does 
not constitute proof that its formation is not vital to the mechanism, 


since there always remains a distinct possibility of highly localized phase 
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changes and formation of grain boundary films. The effect of micro- 
segregation, particularly of carbon and chromium, at the grain boundaries 
needs to be determined by critical experimentation if an understanding 
of the exact mechanism is to be obtained. 


O 
oO 
Oo 
5B 








In. Pen./ Mo. (Boiling 65% HNO3) 








600 800 1000 1200 1400 
Annealing Temperature °C 


Fig. 20—Effect of Chromium on Sensitizing Temper- 
ature of Low Carbon 18 to 33% Chromium Steels. 


We have had occasion to test numerous heats of high chromium steels 
and have made several observations which may serve to indicate further 
the probable mechanisms involved. Tests on low carbon (0.03% max.) 
steels indicate that alloys with as high as 33% chromium are susceptible 
to attack, even though such compositions should be wholly ferritic. Low 
carbon steels alloyed with 0.2 to 0.7% aluminum remained susceptible, 
although this quantity of aluminum was observed to prevent austenite 
formation in similar steels alloyed with nickel in amounts sufficient to 
produce visible austenite. Tests on other steels, balanced in composition 
to form small amounts of austenite, revealed that intergranular suscepti- 
bility was not encountered until the steels had been heated to a tempera- 
ture sufficiently high to dissolve the austenite and produce a single-phase 
structure. A significant point also can be seen by comparing the behavior 
of aluminum with that of titanium, both of which preclude visible austen- 
ite formation. Titanium, which forms a carbide, raised the minimum sen- 
sitizing temperature, whereas aluminum,-which does not form a carbide, 
had no effect on the sensitizing temperature. Thus, it would appear from 
these observations that austenite formation probably is not essential to 
the mechanism and that control of the carbide is the deciding factor. The 
effect of microsegregation has not been considered, however, and the for- 
mation of grain boundary films of austenite still is a distinct possibility. 

The chromium content, on the basis of our experience with low carbon 
steels, would appear to have an important effect which lends additional 
support to the theory proposed by the authors. The minimum sensitizing 
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Figs. 21 and 22—Effect of Annealing Temperature on Structure of Low Carbon 
26% Chromium Steel. 500. Fig. 21—Chromium carbide in grain boundaries 
annealed at 1650°F (900°C). Fig. 22—Possible grain boundary precipitate—an 
nealed at 2010 °F (1100 °C). 





Figs. 23 and 24—Effect of Annealing Temperature on Structure of Low Carbon 
26% Chromium Steels. x 5000. Fig. 23—Residue extracted from steel annealed at 
900 °C —CresCe + CreaN by X-ray diffraction. Fig. 24—Residue extracted from 
steel annealed at 2010 °F (1100 °C) —CreN by X-ray diffraction. 


temperature in low carbon (0.03% max.) steels was increased from 1650 
to about 2370 °F (900 to 1300°C) as chromium increased from 18 to 33% 
as shown in Fig. 20. The reason for the apparent discrepancy between 
these data and those of the authors is not clear; however, it may be re- 
lated to wide differences in total carbon and nitrogen contents of our 
steel as compared with theirs. Examination of metal structures and study 
of the iron-chromium-carbon equilibrium diagram indicate that this change 
in minimum sensitizing temperature may be related to changes in carbide 
solubility versus temperature relationships which occur with increasing 
chromium. Existing diagrams indicate that the solubility limits for carbon 
in ferrite move to a higher temperature with increasing chromium, so that 
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_ Fig. 25—Stabilization of Low Carbon 26% Chro- 
mium Steel With Columbium, Tantalum and Titanium. 


a 30% chromium ferrite would have to be heated to 1920°F (1050 °C) 
to dissolve as much carbon as a 15% chromium ferrite heated at 1560 °F 
(850°C). On examination of metal structures, it was found that chro- 
mium carbide could be detected in steels heated below the minimum sen- 
sitizing temperature, whereas it could not be found in steels heated above 
that temperature (Figs. 21 and 22). Extraction of carbides and nitrides 
in HCl and glycerine and subsequent examination by X-ray and electron 
microscope techniques detected only CrzN above 2010°F (1100°C) in 
26% chromium steels (Figs. 23 and 24). The carbide, if present as a 
precipitate, was probably in a finely divided form and escaped detection. 
Thus, intergranular attack was found when the steels were heated suff- 
ciently high to dissolve the massive carbides, and this temperature was 
dependent on chromium content. 

Ferritic stainless steels containing 26% chromium and 0.03% max. 
carbon can be stabilized against intergranular attack by alloying with 
sufficient columbium or tantalum, as shown in Fig. 25, provided that a 
ratio of columbium to carbon in excess of 20:1 is attained. This is con- 
siderably higher than the ratio required for austenitic stainless steels. 
Tantalum in sufficient amounts also was effective, and titanium prevented 
intergranular sensitization up to 2010°F (1100°C) but failed to protect 
at higher temperatures, probably due to increased solubility of the car- 
bide. Lack of agreement between our data on the effect of columbium 
with those of the authors may be due to the higher chromium and lower 
carbon and nitrogen contents of our alloys. In addition, our tests were 
made on annealed plate specimens, whereas the authors’ conclusions were 
based on results of welding tests. Behavior of the steels after % hour at 
2370 °F (1300 °C) should give a good indication of their susceptibility to 
attack on welding, and the columbium and tantalum-stabilized steels pre- 
sumably would be less susceptible to intergranular attacks in heat-affected 
zones after welding. The behavior of tftanium seems well defined, and 
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our results are in agreement with those of the authors in that this element 
merely raises the minimum sensitizing temperature. Breakdown probably 
occurs when the titanium carbide becomes soluble in the steel. 


Authors’ Reply 


We wish to thank Messrs. Smith, Rutherford and Perkins for their 
interest in our paper. 

Mr. Smith raises a very pertinent point regarding the immunizing of 
field-fabricated equipment where a final annealing is impossible. We have 
explored the possibilities of torch annealing using pyrometric pastes or 
crayons to control the temperature. With light gage plates around % inch 
thick we were able to materially lower the susceptibility to intergranular 
attack by localized heating with an acetylene torch for several minutes. 
This procedure may be somewhat costly and time-consuming for heavy 
plates or where a large amount of welding is involved, but it is the only 
answer to the problem that we have found. In reply to his question on 
the brine-quenched wire, we were unable to detect any grain boundary 
precipitate microscopically nor did the wire show any intergranular attack 
after testing in boiling nitric acid. This would indicate that extremely 
rapid quenching suppresses any precipitation. Mr. Smith’s third point 
concerning the nature of the precipitate is, of course, the key to the whole 
problem. Unfortunately, it is extremely difficult to melt steels completely 
free of nitrogen and/or carbon. Similarly, extraction techniques in use 
today are not sufficiently dependable to provide accurate data. We agree 
that future work should be directed toward identification of precipitaies, 
as the development of a satisfactory method would greatly help in deter- 
mining the mechanism of intergranular attack in all metals. This final 
question on the susceptibility of sensitized ferritic stainless steel to stress 
corrosion cracking is one we had not considered in our investigation. 
Thete is a widespread belief that grain boundary precipitation is a con- 
tributing cause of stress corrosion cracking in all metals and this line of 
reasoning may apply to the ferritic stainless steels. However, we do not 
know of a single case where these steels have failed in service from this 
cause, and we have been unable to produce this type of attack by any 
laboratory tests which stress crack other steels. 

Mr. Rutherford’s remarks are well taken, but the possibilities of 
future nickel shortages are ever present and we believe any information 
on the straight chromium steels will prove helpful should any emergencies 
arise. 

Mr. Perkins has given considerable thought to our findings and agrees 
in part with our reasoning. We are not aware of any established theo- 
retical basis for the existence of microsegregation of some elements and, 
in particular, austenitizing elements. No experimental proof of the exist- 
ence of such films has been brought to our attention. We feel that our 
experiments with brine-quenched thin wires definitely establishes the role 
of grain boundary precipitation as a cause of intergranular attack, since 
rapid quenching would not affect the austenite film. In regard to any 
discrepancy in sensitizing temperatures which Mr. Perkins mentions, we 
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agree that the total carbon and nitrogen contents may have some bearing, 
as the limited number of low carbon heats in our investigation behaved 
somewhat differently in welding than the higher carbon steels. However. 
we do not believe that he is justified in arriving at any conclusions based 
on his data as shown in Fig. 20. It would not be reasonable to assume 
that a steel having a corrosion rate of 0.0025 or 0.0035 inch per month was 
susceptible to intergranular attack, yet these are the maximum shown in 
Fig. 20 for the 18 and 33% chromium steels. Only the 28% chromium 
steel shows any marked increase in corrosion rates that would indicate 
sensitization. In conclusion, the effectiveness of columbium, even in ex- 
orbitantly high ratios to the carbon content, in preventing intergranular 
attack is questionable. A weld test would have been a more dependable 
basis for determining this instead of the sensitizing treatments used as 


supporting evidence. 
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ISOTHERMAL TRANSFORMATION OF 
TITANIUM-CHROMIUM ALLOYS 


By P. D. Frost, W. M. Parris, L. L. Hirscn, J. R. Dore 
AND C. M. SCHWARTZ 


Abstract 


Time -temperature-transformation relationships for 
titanium-chromium alloys containing 7.54, 4.64, and 
2.35% chromium are discussed. A new phase, tentatively 
called omega phase, the structure of which has not yet 
been determined, is reported. Evidence obtained to date 
indicates that the omega phase is at least partly respon- 
sible for hardening in beta-phase titanium, and may cause 
the embrittlement which occurs when alpha-beta or beta 
alloys are exposed to moderately elevated temperatures. 


S PART of an extensive titanium-alloy development program for 
A the Wright Air Development Center (1, 2, 3)', the isothermal- 
transformation characteristics of several titanium-chromium and 
titanium-manganese alloys were investigated. As a result of this 
work, basic information which has proven to be of considerable value 
in selecting heat treatments for high strength alloys was obtained. 
This paper describes the transformation studies on the titanium- 
chromium alloys. 


ALLOYS 


The nominal and actual compositions of the alloys investigated 
are shown in Table I. The alloys were prepared from Process A 
titanium sponge of sufficient purity to produce unalloyed ingots of 
under 160 Brinell hardness. Fused chromium of purity greater than 
99% was used for alloy additions. 


PROCEDURES 


The alloys were double melted as 34-pound, 24-inch diameter 
ingots which were upset-forged and rolled to 0.064-inch sheet. All 
heat treatments were carried out on specimens approximately 3¢ by 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, P. D. Frost 
is assistant supervisor, W. M. Parris and L. L. Hirsch are research engineers, 
Nonferrous Metallurgy,.J. R. Doig is research engineer and C. M. Schwartz 
is assistant supervisor, Physics Division, Battelle Memorial Institute, Columbus, 
Ohio. Manuscript received January 2, 1953. 
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Table I 





Chromium Content of Alloys Used 
Nominal, Analyzed, 
Wt. % Wt. % 

3 2.35 
5 4.64 
8 . 


YZ by 0.064 inch. These were beta-ized % hour at 950 °C (1740 °F) 
in a dried-argon atmosphere prior to isothermal transformation. 
Specimens were quenched from the beta-izing furnace into a well- 
deoxidized lead bath at the desired transformation temperature, held 
for a predetermined time, then quenched in ice water. 

Specimens examined microscopically were mounted in Bakelite 
and polished by standard procedures. Final polishing was done on 
a high speed (1750 rpm) wheel covered with Buehler AB Miracloth, 
using jeweler’s rouge for an abrasive. A 5 to 10% aqueous solution 
of chromic acid was applied to the polishing wheel to help remove the 
disturbed metal layer. 

Most of the specimens were etched with a solution of 1% HF 
and 1% Fe( NQOs)s, by volume, in water. A second etch, used largely 
to give better definition to martensitic structures, contained 40% 
HNOs, 15% HCl, and 5% HF, by volume, in water. In the photo- 
micrographs, these are designated Etchant No. 1 or 2, respectively. 

Surface contamination from heat treatments was easily detected 
microscopically and such areas were avoided in the analysis. 

Vickers hardness tests (10kg load) were made on metallo- 
graphic specimens. It was learned later that age hardening can be 
induced in the beta phase of certain alloys by the heating required for 
curing Bakelite (4). Therefore, the hardness values of a few speci- 
mens which contain appreciable quantities of beta phase may be erro- 
neously high. In the majority of specimens, the high transformation 
temperatures should have prevented any effects from the Bakelite 
curing temperature. 

Samples for X-ray diffraction were prepared by grinding one 
end of the sheet specimens to a 30-degree wedge and etching about 
0.008 inch from each surface. X-ray examinations were carried out 
in 57.3-mm. Debye cameras. The sample was given a rotational 
oscillation about the axis of the camera 15 degrees on either side of 
a plane perpendicular to the X-ray beam. 

The X-ray source was vanadium radiation from a continuously 
pumped cold cathode tube. Because the beta grain sizes were rela- 
tively large (a fraction of a millimeter), the Debye rings were not 
continuous. This did not seriously interfere with the analysis of most 
specimens, and was particularly advantageous in that the discrete re- 
flection spots from the matrix phase provided additional information 
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about crystallographic relationships. The coarse grain size did not 
preclude making reasonably precise lattice constant measurements of 
the beta phase. According to Duwez and Taylor (5), the lattice con- 
stant of beta in titanium-chromium alloys varies from an extrapolated 
value of 3.276 kx at 0% chromium to 3.20 kx at 20 atomic per cent 
(21.3 weight per cent) chromium. In spite of the lower purity of 
the present alloys, the measured lattice constants of the 7.54 and 15% 
chromium alloys, quenched in liquid nitrogen, checked those reported 
by Duwez and Taylor within an uncertainty of 1% chromium. The 
lattice constants were measured from the 211 reflections, which, with 
vanadium radiation, occur at a Bragg angle of about 70 degrees. 

Vanadium radiation was used instead of filtered copper radiation, 
because the vanadium K, wavelength does not excite fluorescence in 
either titanium or chromium, thus producing a better background than 
is obtained with copper radiation. Furthermore, because the charac- 
teristic vanadium radiation is not selectively absorbed by either alloy 
component, the relative intensities of both titanium-rich and chromium- 
rich phases are not diminished. 

Electron microscopy was carried out using a two-step, positive 
replica technique. The metallographically polished and etched surface 
of each specimen was coated with a solution of Zapon lacquer, which 
was allowed to dry. This thick negative replica was stripped and a 
dilute solution of Formvar (0.5% in ethylene dichloride) was flowed 
over the surface and hardened. The composite replica was then cut 
in ¥%-inch squares which were placed, Formvar side down, on speci- 
men screens. The Zapon was dissolved in amyl acetate, leaving a thin 
positive Formvar replica on the screen. The replica, supported by 
the screen, was shadowed with platinum. 


RESULTS AND DISCUSSION 
Determination of the Eutectoid Temperature 


The eutectoid temperature for the titanium-chromium system, as 
reported by Van Thyne, Kessler and Hansen (6), is 685 °C (1265 
°F). Since the purity of the titanium sponge would affect the eutec- 
toid temperature, an approximate determination of this temperature 
was made in the current work. The eutectoid temperature was estab- 
lished between 675 and 700 °C (1245 and 1290 °F) by the reappear- 
ance of beta in specimens of the 4.64 and 2.35% chromium alloys 
quenched from 950°C (1740 °F) to form martensite and reheated 
to various temperatures. 


Ti — 7.54% Chromium Alloy 


Because of the shear-type transformation which complicates the 
analysis of the other two alloys investigated, the Ti — 7.54% chromium 
alloy will be discussed first. This alloy exhibits a retained beta struc- 
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; Fig. 1—7.54% Chromium Alloy As-Quenched in Ice Water From 950 °C 
Structure: Retained beta. VHN 420. 


Fig. 2—7.54% Chromium Alloy Isothermally Transformed for 30 Seconds at 


650°C. Structure: Alpha in beta matrix; beginning of reaction. VHN 400. 

Fig. 3—7.54% Chromium Alloy Isothermally Transformed for 72 Hours at 
650°C. Structure: Widmanstatten alpha in beta matrix. VHN 285. 

Fig. 4—7.54% Chromium Alloy Isothermally Transformed for 264 Hours at 
650 °C. Structure: Widmanstatten alpha plus TiCre (dark etching) in a beta matrix. 
VHN 279. 


All Etchant No. 1. x 500. 


ture on quenching from the beta field, as shown in Fig. 1. The 
hardness (420 VHN) of this specimen indicates that some aging has 
occurred during the Bakelite mounting procedure. It will be shown 
later that what appears at ordinary magnifications to be retained beta 
may, under certain conditions of aging, contain a submicroscopic 
precipitate. 

Isothermal-transformation studies of this alloy were made be- 
tween 650 and 450 °C (1200 and 840 °F). At 650 °C, proeutectoid 
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Table II 
X-Ray Diffraction Data for Isothermally Transformed Specimens of 
the Ti - 7.54% Cr Alloy—Heat WS152A 





Isothermal Intensities Lattice Cr 
Treatment* of Phases? Constant Concentration 
cr - Yo - —-- —— Retained 8 Retained 8, 
Temperature, °C Time a B TiCre (kx) Wt. %Ft 
As quenched in ice water - S § 
650 10 min. S sld VSd 0 3.226 + 0.005 14 + 1! 
650 264 hrs. S sh F sh M sh 3.233 + 0.004 124+ 1 
(long spots) 
600 187 hrs. Sd VS vd M 
(cont. uneven) 
550 5 min S sld VSd 0 3.206 + 0.004 19% + 1 
550 48 hrs. S MF d M cont. 3.217 + 0.005 16%42+1% 
550 189 hrs. S M M 3.215 + 0.003 17 + 1 
500 30 min. Sd M vd 0 3.211 + 0.005 18 + 1% 
450 240 hrs. Sd 0 (?) 0 ~— . 


*Specimens beta-ized for 30 minutes at 950°C in a dried-argon atmosphere prior t 
treatment. Wedge specimens prepared by grinding and etching. 

TIntensity symbols: S = strong, M = medium, F = faint, V = very, d = diffuse, sld 
slightly diffuse, sh = sharp, cont. = continuous. 

tEstimate of chromium content obtained from measurements of the lattice constant for 
8 according to the data of Duwez and Taylor, Transactions, American Society for Metals, 
Vol. 44, 1952, p. 495. 

§Specimen was too coarse-grained for determination. 


alpha began to separate from the beta phase after about 30 seconds, 
as is shown in Fig. 2. During this nucleation and growth process, 
X-ray observations show that the (110) reflection spots of beta phase 
are always parallel to (0002) spots of alpha phase, and both spots 
are elongated circumferentially about 1 degree. (An X-ray photo- 
gram showing this will be found in Fig. 19.) Thus, the basal, or 
(Q001) planes of the alpha phase are formed parallel to the dodeca- 
hedral, or (110), planes of the beta phase, as Burgers (7) found for 
zirconium metal transformed on continuous cooling. This is con- 
sistent with the well-developed Widmanstatten structure of precipi- 
tated alpha shown in Fig. 3. 

The rejection of alpha below the eutectoid temperature causes 
the beta phase to be enriched in chromium. After a few minutes, 
the chromium content of the beta phase approaches that of the eutec- 
toid composition, as may be seen from the X-ray data in Table II. 
However, at 650 °C (1200 °F), TiCre was not detected microscopi- 
cally until after about 200 hours. Fig. 4 shows particles of the dark- 
etching TiCrs structure as it appeared, with alpha in a beta matrix, 
after 264 hours, which was the longest transformation time studied. 

The reactions involved during the isothermal transformation of 
the 7.54% chromium alloy thus may be summarized in equation form 
as follows: 

(First Reaction) Beta — alpha + beta 
(orig. comp. ) (eutec. comp. ) 


(Second Reaction) Beta — alpha + TiCr. 
(eutec. comp. ) 
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Fig. 5—7.54% Chromium Alloy Isothermally Transformed for 10 Minutes at 
550°C. Structure: Widmanstatten alpha (dark) in a beta matrix (light), VHN 


Fig. 6- -7.54% Chromium Alloy Isothermally Transformed for 1 Hour at 550 
°C. Structure: Widmanstatten alpha plus TiCre in a beta matrix. VHN 350. 


Fig. 7—7.54% Chromium Alloy Isothermally Transformed for 48 Hours at 550 
°C. Structure: Alpha (dark etching) in beta (light etching). WHN 272. 


Fig. 8—7.54% Chromium Alloy Isothermally Transformed for 189 Hours at 550 
°C. Structure: Alpha, TiCrz, and beta. VHN 291. 
All Etchant No. 1. x 500. 


Obviously, the first reaction promotes retention of the untransformed 
beta, because as it becomes enriched with chromium the beta becomes 
more stable. When the enriched beta is observed by X-ray diffrac- 
tion, one is inclined to conclude that the alloy is badly segregated. 
This is not the case, however. The 7.54% chromium alloy, as 
quenched from the wholly beta field into liquid nitrogen, showed ab- 
solutely no evidence of coring. 

The first reaction is actually a step in the approach to equilibrium. 
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position of the beta phase in several samples of the 7.54% 
chromium alloy transformed at 550°C was near 18% chro 
mium. The projected transus intersects the transformatior 
isotherm at this composition. 


The sluggish nature of the second reaction precludes the formation 
of TiCre until after prolonged transformation periods. 

At temperatures in the neighborhood of 550°C (1020 °F), the 
7.54% chromium alloy transformed more rapidly than at 650°C 
(1200 °F). Alpha appeared in less than 10 seconds. Fig. 5 shows 
the alpha rejected during a period of 10 minutes at 550 °C (1020 °F). 
As would be expected, the precipitate is much finer than that pro- 
duced at 650 °C (1200 °F). ° 

A dark-etching phase which was believed to be TiCre was first 
observed microscopically after 1 hour at 550°C (1020°F), Fig. 6. 
After 48 hours, this phase had covered most of the areas previously 
occupied by the beta phase, as may be seen in Fig. 7. After 189 
hours, very little residual beta was visible with the microscope, the 
alpha and TiCrs phases predominating, as shown in Fig. &. 

The TiCra phase was not detected by X-rays until after 48 
hours at 550 °C (1020 °F), as may be seen in Table IT. In fact, the 
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time of the initial appearance of TiCr2 (Fig. 6) was established by 
comparing the microstructures of the 189-, 48-, and 1-hour specimens 
after this phase was identified, by X-ray, in the 48-hour specimens. 

According to Fisher (8), the separation of proeutectoid alpha 
could continue until the beta reaches a composition corresponding to 
the intersection between the transformation isotherm and the projec- 
tion of the beta/alpha plus beta transus. As will be noted in Table 
II, the beta phase in samples of the 7.54% chromium alloy which 


Eutectoid Temperature, 685°C 


650 


600 


a+B+TiCro 
550 


Temperature °C 


500 


450 


‘\ . 
| minute 





1O io? io* io* 10° 
Time, seconds 


Fig. 10—lIsothermal-Transformation Diagram for the Titanium—7.54% Chro- 
mium Alloy. 


transformed at 550°C (1020°F) was found to have an average 
chromium composition of about 18%. As may be seen in Fig. 9, 
the projection of the beta/alpha plus beta transus in the partial phase 
diagram of Duwez and Taylor (5) intersects the 550°C (1020 °F) 
isotherm at 18% chromium. 

A TTT-diagram for the 7.54% chromium alloy is shown in Fig. 
10. Hardness curves are presented in Fig. 11. In general, the hard- 
ness of the alloy increased with decreasing transformation temperature. 
Softening occurred at all temperatures except 450 °C (840 °F). 


Ti — 4.64% Chromium Alloy 


This alloy undergoes a diffusionless, shear-type transformation 
to supersaturated alpha when quenched from the beta field. The M, 
temperature was determined by a modification of the Greninger- 
Troiano technique similar to that used by DeLazaro et al (9) on 
titanium-molybdenum alloys. The method consists of quenching from 
the beta field into a lead bath at various temperatures, holding for 10 
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Fig. 11 Hardness Versus Isothermal-Transformation Time for Titanium — 7.54% 


Chromium Alloy. 


seconds, transferring to another lead bath at 650°C (1200 °F) for 
60 seconds, and water quenching. If the temperature (A) of the first 
lead bath is below the M, point, martensite needles (alpha prime) 
will form, the quantity varying with the degree of undercooling. If 
the specimen was then quenched directly into cold water, the beta 
retained at temperature (A) would continue to transform to alpha 
prime. This is prevented by the transfer of the specimen from tem- 
perature (A) to 650°C (1200 °F). At the latter temperature, the 
beta partially transforms to alpha by nucleation and growth. In this 
research on the Ti—4.64% chromium alloy, the alpha-beta mixture 
was shown experimentally to be retained as such when quenched in 
water, and it could be distinguished fairly well from the martensitic 
alpha prime. 

A representative series of photomicrographs depicting the M, 
determination for this alloy is shown in Figs. 12 to 15, inclusive. 
In Fig. 12, the dark-etching needles are martensite, alpha prime. 
These became fewer at successively higher quenching temperatures 
until, at 520 °C (970 °F), they completely disappeared, Figs. 13-15. 
Thus, the M, temperature for this alloy was established between 500 
and 520 °C (930 and 970 °F). 

The time-temperature relationships for the beginning of pro- 
eutectoid alpha and TiCry separation were very similar to those for 
the 7.54% chromium alloy. Table III contains the X-ray diffraction 
results which confirmed the phases observed in the microstructures. 

The TTT-diagram for the Ti—4.64% chromium alloy is shown 
in Fig. 16. Hardness data are presented graphically in Fig. 17. 
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Table III 


X-Ray Diffraction Data for Isothermally Transformed Specimens of 
the Ti - 4.64% Cr Alloy—Heat WR8A 


Isothermal I ities of Ph Lattice es 
Treatment* ntensities 0 asest Constant Concentration 


— OO YS __ Retained 8 Retained 8, 
Temperature, °C Time a a’ B TiCre (kx) Wt. St 
Ice water quench 0 (?) Sd FtoMFd 0 — -— 
6 10min. Ssh 0 S sld 0 3.231 + 0.004 13 + 1 
650 264 hrs. S 0 S+d 0 3.233 + 0.004 12% +1 
600 187 hrs. S 0 Md VF+ sh 3.219 + 0.004 16+ 1 
cont. 
uneven 
550 10sec. Sd 0 MS d 0 3.246 + 0.008 8% + 
550 48 hrs. VS 0 MS d Fecont. 3.209 + 0.003 18%+1 


*Specimens beta-ized for 30 minutes at 950°C in a dried-argon atmosphere prior to 

treatment. Wedge specimens prepared by grinding and etching. F 
tIntensity symbols: S = strong, M = medium, F = faint, V = very, d = diffuse, sld = 

slightly diffuse, sh = sharp, cont. = continuous. 
tEstimate of chromium content obtained from measurements of the lattice constant fot 

B according to the data of Duwez and Taylor, Transactions, American Society for Metals, 

Vol. 44, 1952, p. 495. 


Ti — 2.35% Chromium Alloy 


The M, temperature for this alloy was established between 540 : 
and 560 °C (1005 and 1040 °F) by the method previously described. | 
Isothermal transformation was carried out at 650 and 600 °C (1200 
and 1110°F). Rejection of proeutectoid alpha began in less than 
10 seconds and the precipitation of TiCre began after about 1 hour 
at 600°C (1110°F). X-ray data for this alloy are reported in 
Table IV. 

It is interesting to note in Table IV that, although no alpha was 
formed in this alloy during the ice water quench, a very strong alpha 
pattern was obtained when a slightly less drastic quench (liquid 
nitrogen) was used. Fig. 18 shows a front-reflection portion of an 
X-ray photogram for the 2.35% chromium alloy quenched in ice 


Table IV 
X-Ray Diffraction Data for Isothermally Transformed Specimens of 
the Ti - 2.35% Cr Alloy—Heat WRI7A 


Isothermal e Lattice Cr 
Treatment* Intensities of Phasest Constant Concentration 
ee, Retained 8 Retained 8, 
Temperature, °C Time a a’ B TiCre (kx) Wt. St 
Ice water quench Sd Oto VF 0 - — 
Liquid nitrogen quench VS 0 (?) M 0 3.237 + 0.010 10.5 + 2.5 
650 10 sec. S sld 0 Sd 0 3.247 + 0.008 8+ 2 
650 264 hrs. S 0 MS d 0 3.239 + 0.004 10 + 1 
600 187 hrs. S 0 MSd Trace 3.222 + 0.004 15 + 1 





“Specimens beta-ized for 30 minutes at 950°C in a dried-argon atmosphere prior to 
treatment. Wedge specimens prepared by grinding and etching. 

tIntensity Symbols: S = strong, M = medium, F = faint, V = very, d = diffuse, sld = 
slightly diffuse, sh = sharp. 

Retlenan of chromium content obtained from measurements of the lattice constant for 
B according to the data of Duwez and Taylor, Transactions, American Society for Metals, 
Vol. 44, 1952, p. 495. 
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Fig. 12—4.64% Chromium Alloy As-Quenched in Ice Water From 950 °C. 
Structure: Alpha prime. 


Fig. 13—4.64% Chromium Alloy Ms Determination at 450°C. Structure: 
Alpha-prime plates (dark), alpha and beta. 


Fig. 14—4.64% Chromium Alloy Ms Determination at 500 °C. Structure: 
Alpha-prime plates (dark), alpha and beta. 


Fig. 15—4.64% Chromium Alloy Ms Determination at 520°C. Structure: 
Alpha in beta matrix. 


All Etchant No. 2. 250. 


water. The short, rather sharp reflection spots on the (1010), 
(0002), and (1011) Debye rings for the alpha prime phase are 
visible. (The back-reflection lines, not shown, reveal a lattice con- 
traction resulting from chromium in solid solution.) Fig. 19 shows 
a pattern for the same alloy quenched in liquid nitrogen. The spots 
are elongated circumferentially. A diffuse beta spot marked B is 
visible, well resolved from the (0002) alpha spot, which is marked A. 
The lattice constant of the beta phase, measured from very diffuse 
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Fig. 16—Isothermal-Transformation Diagram for the Titanium — 4.64% Chro 
mium Alloy. 
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Fig. 17—-Hardness Versus Isothermal-Transformation Time for 
4.64% Chromium Alloy. 


a Titanium 
back-reflection spots, corresponds to an average concentration of 10.5 
+2.5% chromium. Thus, even on a fairly rapid quench, enough 
diffusion can occur to permit proeutectoid rejection of alpha. Actu- 
ally, some separation of beta spots is barely detectable in the ice 
water-quenched sample as well (Fig. 18). Duwez and Taylor (5) 
did not report alpha in alloys containing up to 5% chromium when 
filings were quenched in liquid argon from the beta field. 
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Fig. 18—Portion of X-Ray Photogram Between # = 24 Degrees 
and 6— 40 Degrees for Sample of the Ti— 2.35% Chromium Alloy 
Quenched From Beta Field Into Ice Water. Debye rings from 


left to right are for alpha prime: (1010) Ka [and (0002) Ke] 
(1011) Kg, (0002) Ka, and (1011) Ke. X 2.5. 


Fig. 19—Portion of X-Ray Photogram Between 6 = 24 Degrees 
and 6— 40 Degrees for Sample of the Ti — 2.35% Chromium Alloy 
Quenched From Beta Field Into Liquid Nitrogen (Less Drastic 
Quench Than Ice Water). The indices of the alpha reflections 
are those of Fig. 18, but the (110) Ka reflection of beta phase 
(marked B) is resolved from the (0002) Ka reflection of the 
alpha phase (marked A). The difference in the shapes and sharp- 
ness of the spots on the two photograms is also notable. X 2.5. 


The TTT-diagram for the Ti-— 2.35% chromium alloy is shown 
in Fig. 20, and the hardness data are plotted in Fig. 21. 


Electron-Microscope Studies 


The electron microscope was used to examine some of the 
structures of the 7.54% chromium alloy. A positive-replica electron 
micrograph of the first alpha in a specimen transformed 30 seconds 
at 550°C (1020°F) is reproduced in Fig. 22. In these electron 
micrographs, the areas of the specimen slowly attacked by the etchant 
appear light; those areas more deeply attacked appear dark. The 
initial precipitation occurred primarily at grain boundaries. As alpha 
separation continued with increasing transformation time, the Wid- 
manstatten pattern became more clearly defined, as may be seen in 
Fig. 23. The mottled, granular appearance of the alpha platelets may 
be a result of the replica technique. However, it suggests that the 
alpha plates may separate as a series of individual particles which 
agglomerate as transformation proceeds. 

An attempt was made to follow the transformation of the TiCre 
phase and to resolve the dark-etching structure formed at 550 °C 
(1020 °F) shown an Fig. 7. To provide a basis for comparison, a 
Ti-—20% chromium alloy containing large amounts of the eutectoid 
phase was photographed at & 5000. This structure is shown in Fig. 
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_ Fig. 20—Isothermal-Transformation Diagram for the Titanium— 2.35% Chro- 
mium Alloy. 
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Fig. 21—Hardness Versus Isothermal-Transformation Time for a Titanium — 
2.35% Chromium Alloy. 


24. The large, light areas are slow-etching, retained beta, and the 
dark areas, fast-etching alpha. Within the alpha fields, the small, 
lighter, irregular lamellae are believed to be TiCre. The divorced | 
nature of the TiCr2 lamellae is strikingly similar to the appearance ! 
of bainite structures observed in electron microscope studies of steel 
(10). Proeutectoid TiCr, is not identified; however, there may be 
little separation of proeutectoid TiCre, since the composition of this 
alloy (20% chromium) is very close to the projection of the alpha- 
plus-beta/beta transus (8). 


Electron micrographs of the 7.54% chromium specimens trans- 
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Fig. 22—7.54% Chromium Alloy Isothermally Transformed for 30 Seconds at 
550°C; a Positive Replica, Platinum-Shadowed Electron Micrograph. Structure: 
Widmanstatten alpha precipitate in a beta matrix. Etchant No. 1. X 5000. 





__. Fig. 23—7.54% Chromium Alloy Isothermally Transformed for 5 Minutes at 
550°C; a Positive Replica, Platinum-Shadowed Electron Micrograph. Structure: 
Widmanstatten alpha precipitate in a beta matrix. Etchant No. 1. X 5000. 
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Fig. 24—Ti-—20% Chremium Alloy Isothermally Transformed for 6 Hours at 
600 °C; a Positive Replica, Platinum-Shadowed Electron Micrograph. Structure: 
TiCre lamellae in dark-etching alpha fields; retained beta is light-etching constituent. 
Etchant No. 1. x 5000. 





Fig. 25—7.54% 
550°C. Structure: 
No. 1. XX 4000. 


Chromium Alloy Isothermally Transformed for 24 Hours at 
Widmanstatten alpha (dark) and beta matrix (light). Etchant 


formed for 24 and 48 hours at 550 °C (1020 °F) are shown in Figs. 
25 and 26, respectively. Close examination of Fig. 26 reveals very 
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Fig. 26—7.54% Chromium Alloy Isothermally Transformed for 48 Hours at 
550°C. Structure: Widmanstatten alpha (dark etching) and beta matrix (light 


etching). What appears to be poorly resolved lamellae of TiCre are barely visible 
in the alpha fields. Etchant No. 1. 4000. 


faint traces of what may be light-etching TiCr. lamellae in the dark- 
etching phase. The poorer resolution of the eutectoid phase in Fig. 
26, as compared with Fig. 24, may be attributable to the lower trans- 
formation temperature used. 

A comparison of Figs. 25 and 26 shows that during its growth 
the eutectoid appears to absorb previously existing plates of alpha. 
This appearance may be an erroneous one; work in progress is ex- 
pected to produce better resolution of these phases. However, if 
correct, such a process would differ from the eutectoid formation in 
the iron-carbon system, in which the eutectoid forms only in those 
areas prevtously occupied by the high temperature phase. 


Mechanism of Hardening in Beta Titanium 


It was stated earlier that the 7.54% chromium alloy, when 
quenched rapidly from 950°C (1740 °F), appears to be essentially 
retained beta. Independent observations by the authors (4, 11, 12), 
and others (13), have shown that the beta structure is hardened 
drastically by low temperature aging treatments. The hardening is 
not accompanied by microstructural changes observable in the optical 
microscope. When the beta phase is aged at high temperatures 
(900 °F), a general precipitation of alpha occurs. 

This hardening process is being studied in an effort to develop 
heat treatments for metastable beta alloys. Two very recent dis- 
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Fig. 27—Electron Micrograph of the 7.54% Chromium Alloy Quenched in Ice 
Water From 950°C. Hardness: 331 VHN. Etchant No. 1. X 11,000. 





Fig. 28—Electron Micrograph of the 7.54% Chromium Alloy, Ice Water- 
Quenched and Then Aged 4 Hours at 370°C. Hardness: 529 VHN. Precipitate 


clearly visible here cannot be seen with the light microscope. Etchant No. .1. 
x 5000. 


coveries have been made which are believed to have an important 
relationship with the hardening mechanism: 

1. A precipitate phase, not visible in the light microscope, has 
been observed in electron micrographs of the beta phase in 
the Ti—7.54% chromium alloy. 

2. A new phase, tentatively named w phase, has been found by 
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X-ray diffraction examination of hardened specimens of the 
same alloys. 
The studies have not progressed far enough to identify the electron 
microscope phase nor to learn the structure of » phase. However, 
some of the evidence found to date is presented here very briefly. 

Fig. 27 is an electron micrograph at 11,000 of the 7.54% 
chromium alloy, as quenched in ice water from 950°C (1740 °F). 
The hardness of this particular specimen was 331 VHN. Fig. 28 
shows the same alloy aged 4 hours at 370 °C (700 °F); the hardness 
of the aged specimen was 529 VHN. The precipitate phase, clearly 
visible in Fig. 28, is not developed in Fig. 27 but may be responsible 
for the rough background. The phase is not visible with the light 
microscope in either specimen. Attempts to identify the phase by 
electron diffraction have not yet been successful. 

The » phase found by X-ray diffraction was not observed in the 
isothermally transformed specimens of the titanium-chromium alloys. 
It was found in specimens given a slack quench in liquid nitrogen, or 
quenched drastically in iced brine and subsequently aged, as shown 
in Table V. 

Since the samples which contain » phase are harder than the 
normal hardness of beta phase, it would seem that w phase is at least 
partly responsible for the hardening. However, the pattern of 
phase is less diffuse at a hardness level of 529 VHN than it is at 450 
VHN. Thus, » phase may not be entirely responsible for the hard- 
ness at the later stage of aging. 

In the research now in progress, attempts are being made to 
learn how the B and » structures fit together, and whether or not wo 
is.a transition structure in the transformation of B to a. The relation- 
ship of a phase and » phase to the precipitate observed in the electron 
micrograph of the hardened £ phase is also being studied. 


SUMMARY 


Time-temperature-transformation diagrams were established for 
three titanium-chromium alloys containing 7.54, 4.64, and 2.35% 
chromium, respectively. Small specimens, taken from 0.064-inch 


Table V 


Hardness and X-Ray Diffraction Data for Several Specimens of 
the Ti - 7.54% Cr Alloy 








; ; Relative Intensities of Phases 

Quenching Quenching Aging Hardness, 7 ee es - ~_ oa ms 

Temp., °C Medium Treatment VHN 3 e e ‘ 
1038 Iced brine None 359 -— —— — 
1038 Iced brine 2 hrs.—500 °F 450 VS 0 0 VF,d 
928 Iced brine ‘ ‘4 hrs.—700 °F 529 VS+ 0 0 M 
950 Liquid Ne None 405 VS 0 0 MF, d 


VS = very strong; VF = very faint; M = medium; MF = medium faint; d = diffuse. 
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sheet, were quenched from the beta field, 950 °C (1740 °F), into lead 
baths at the transformation temperatures. As quenched from 950 °C 
directly into ice water, the 7.54% chromium alloy exhibits essentially 
a retained beta structure ; the other two alloys undergo a shear trans- 
formation to alpha prime. The M, temperatures for the 4.64 and 
2.35% chromium alloys were found to be approximately 510 and 550 
°C, respectively. 

In all three alloys, isothermal transformation to proeutectoid 
alpha occurred as a nucleation and growth process and was initiated 
within 10 to 30 seconds at the temperatures studied. The precipi- 
tation of alpha was accompanied by enrichment of the beta phase in 
chromium up to or over the eutectoid composition of 15%.  For- 
mation of TiCreg was very slow except in the knee of the curves which 
occurred at about 550 to 600 °F. At these temperatures, TiCr2 was 
observed to precipitate after about 1 hour. The maximum transfor- 
mation times used were not sufficient for complete transformation in 
any of the alloys, except in the case of the 7.54% chromium alloy 
at 450 °C. 

This investigation was supplemented by the use of electron mi- 
croscopy. Electron micrographs showing the presence of a second 
phase in age-hardened beta, not visible with the light microscope, are 
presented. A new phase of unidentified structure has been observed 
by X-ray diffraction examination of age-hardened beta phase. This 
phase, tentatively cailed w phase, is believed to be partly responsible 
for the high hardness of the aged beta phase. 
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DISCUSSION 


Written Discussion: By W. Rostoker, senior metallurgist, Metals 
Research Department, Armour Research Foundation, Chicago. 

The subject of the isothermal transformation of titanium-chromium 
alloys has been ably treated by the authors. In many respects, past work? 
on similar alloys at the Armour Research Foundation complements the 
research reported in this paper. Our chief objective was a study of the 
kinetics of the eutectoid transformation. Consequently, the curves for 
initiation and completion of that transformation were more fully defined 
by data points than the curves of initiation of proeutectoid alpha and TiCr: 
precipitation. TTT-charts for 5, 7, 9 and 17% chromium alloys made from 
sponge titanium of comparable purity are shown in Figs. 29, 30, 31 and 32. 

The microstructural interpretation of the first traces of eutectoid 
appears to be the major point of difference, although the temperatures 
at which the reaction proceeds most rapidly are in general agreement. 
The case made by the authors for the very early appearance of eutectoid 
rests on the interpretation of Fig. 6 in the text. To the writer, the dark 
triangular spots interpreted as eutectoid are more likely to be etch pits. 


Figs. 5 and 15 show the same etching effects, although the presence of 


2W. Rostoker and M. Hansen, Air Force Technical Report 6686 to Flight Research 
Laboratory on Contract Noe. AF 33(038)-16347, November 1951; W. Rostoker and H. D. 
Kessler, Iron Age, Vol. 169, No. 25, 1952, p. 136. 
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Fig. 29—-TTT-Chart for a 5% Chromium Alloy. 
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Fig. 30—-TTT-Chart for a 7% Chromium Alloy. 


eutectoid is not claimed in either case. The eutectoid structure is admit- 
tedly difficult to identify with certainty. The development of dark-etching 
areas is often illusory and most often derives from the very intimate dis- 
position of proeutectoid alpha in the beta matrix. Figs. 33, 34, 35 and 36 
show the actual structural development of the eutectoid on isothermal 
transformation. 

These microstructures show clearly, as the authors have noted, that 
the proeutectoid alpha configurations are absorbed or otherwise destroyed 
by the eutectoid transformation. The indication is that alpha takes part 
in the transformation. This is a distinct possibility if one considers that 
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Fig. 31—TTT-Chart for a 9% Chromium Alloy. 
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Fig. 32—-TTT-Chart for a 17% Chromium Alloy. 


these are not really binary alloys but polycomponent alloys with minor 
contents of C, O and N. In particular, consideration of the Ti-Cr-C sys- 
tem offers a possible explanation. The ternary equilibrium dictates that 
the binary peritectoid reaction of the Ti-C system is joined to the binary 
eutectoid reaction of the Ti-Cr system with an intervening four-phase 
invariant reaction of the type 


B+ TiC a+ TiCre 
Although the alloys studied may not lie in the actual field of the four- 


phase reaction, the three-phase field (a +8+ TiCre) probably at some 
temperature includes the alloy compositions in its movement to the Ti-Cr 
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Figs. 33-36—Isothermal Transformation Sequence on a 9% Chromium Alloy. 
Heat treatment involved solution treating at 1000 °C and quenching into a lead bath 
at 635 °C and holding for indicated times. Specimens were enclosed in evacuated 
Vycor bulbs. X 750. Fig. 33—2 hours. Fig. 34—66 hours. Fig. 35—120 hours. 
Fig 36 240 hours. 
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binary. Under these circumstances, the composition of the alpha can 
change by rejecting TiCre, giving the appearance of the (a + TiCr.) phase 
mixture subsequently developed by the §. 

The nature of the beta phase retained by quenching a 7% Cr alloy 
is an interesting problem. The authors imply in their discussion that 
low temperature aging is the origin of the anomalous hardness of the 
as-quenched state. Our own work on the tensile and impact properties 
of heat treated Ti-Cr alloys shows that the as-quenched retained beta of 
a 7% alloy is actually extremely brittle, even without low temperature 
aging. It has also been our experience that interpretations based on 
hardness changes are often wrong. In particular, hardness gives little or 
no indication of ductility, except at extreme hardness levels. Would the 


~ 
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authors care to substantiate more fully their claims to the occurrence of a 
crystallographically singular omega phase, perhaps by listing the inter- 
planar spacings of the diffraction lines obtained? 


Authors’ Reply 


The authors are acquainted with the excellent work being done at 
Armour Research Foundation on titanium equilibrium and transformation 
studies and welcome Mr. Rostoker’s discussion. 

With regard to his comments on the minimum time required for pre- 
cipitation of TiCre, it is pointed out that the presence of this phase in the 
Ti-7.54% Cr alloy was confirmed by X-ray diffraction after 48 hours 
at 550°C (refer to Table II and Fig. 7). Metallographic examination ot 
specimens transformed for periods shorter than 48 hours showed that con 
siderable quantities of the same phase seen in Fig. 7 were present after 
24 hours at 550°C. Smaller but unmistakable amounts were seen in speci- 
mens transformed 2 and 4 hours. The particles shown in Fig. 6 represent 
the first observable traces of the phase. 

Two facts suggest that Mr. Rostoker’s TTT-diagrams may be in error 
on this point. First, the fact that X-ray data confirm the observation of 
TiCrs after 2 days, whereas the earliest time indicated in Mr. Rostoker’s 
diagrams is about 4 days. Secondly, it is noted from Mr. Rostoker’s dia- 
grams that TiCre was observed in the Ti-—5% Cr and Ti-9% Cr alloys 
after 4 days at 550°C, but in the Ti-—7% Cr alloy it was not found until 
after 7 days. There is no reason to believe that the 7% chromium alloy 
should be more sluggish than both the 5 and 9% chromium alloys. 

The authors did not state that omega phase is the only source oft 
embrittlement in beta-stabilized alloys. The problem of preventing the 
embrittlement which occurs in relatively soft structures produced by 
quenching alloys from above the beta transus still remains to be solved. 


Table VI 
X-Ray Diffraction Data From Photogram of Ti - 8% Cr Alloy Quenched 
From 1700°F and Aged 16 Hours at 700 °F 


Sample: Chemically Polished Coarse-Grained Sliver. 
Exposure: Unfiltered Vanadium Radiation. 


interplanar Relative : 
Spacing d, A Intensity Phase hk] 
2.81 VFd w 
2.30* M d @ 
2.29* VS sh Bo 110 
2.28" M d B 110 
1.78 F d w 
1.629 M d @ 
1.617 MF sh Bo 200 
1.617: — 1.59 VF vbr Br 200 
1.414 MF d w 
1.335 — 1.326 MS br 2) 
B 211 
1.326 — 1.30 F vvbr B. 211 
Key to Abbreviations: 
S = strong; M = medium; F = faint; V very: sh = sharp; d = diffuse; br bread in 
the direction of Bragg ahgle @ covering an interplanar spacing range of 0.01 A or more. 
w — omega; §o — untransformed beta; Br—beta of reduced lattice constant (alloy 


enriched composition). 
*These reflections are not resolved. 
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However, it has been demonstrated that alloys containing about 7% chro- 
mium may be embrittled by quenching from the alpha-beta region and 
then aging at low temperatures. It is now known that the omega phase 
is partly, if not wholly, responsible for the embrittlement in the latter case. 
It is believed responsible also for the excessive hardening and accompany- 
ing embrittlement which occurs when alloys of this type are given a rela- 
tively slow quench (e.g., in oil or liquid nitrogen) from above the beta 
transus or from the alpha-beta field. The formation of the omega phase 
is not suppressed by such a quench; hence, the reaction may be compared 
with a short aging treatment. 

The interplanar spacings in an X-ray diffraction photogram of a typi- 
cal age-hardened Ti-—8% Cr sample containing omega are given in Table 
VI. The present interpretation of the photogram is also included. 

It should be pointed out that the samples used in this investigation 
were coarse-grained, so that they gave spotty patterns from a few beta 
grains or pseudograins. The omega patterns as well as the beta patterns 
were spotty; hence, the omega structure was shown to be crystallographi- 
cally oriented with the parent beta. The Kg reflections were missing or 
were very weak because of self-filtration. The omega reflections at 2.81, 
1.78, and 1.41 A were recognized unequivocally from their interplanar spac- 
ings. Those at 2.30, 1.63, and 1.33 A, which are nearly superimposed on 
beta reflections, were detected from the doubling of the beta reflection 
spots or the observation of diffuse spots close to the sharper beta spots. 

The six interplanar spacings of omega observed with vanadium radia- 
tion were also observed when filtered copper radiation was used. 


SURFACE HARDENING OF TITANIUM BY CARBURIZING 
AND INDUCTION HEAT TREATMENT 


By A. J. Griest, P. E. Moorneap, P. D. Frost anp J. H. JACKSON 


Abstract 


Various carburizing processes were applied to several 
commercial titanium alloys. Good wear resistance was 
obtained in laboratory tests on specimens carburized in 
propane-argon gas mixtures. Thin cases (0.0002 inch) 
of TiC appeared to have the best adherence and wear re- 
sistance. Surface hardening by induction heat treating 
showed little promise for producing nongalling surfaces on 
titanium alloys. Nevertheless, alloys surface-hardened in 
this manner may be useful for other structural applications. 


INTRODUCTION 


HE tendency of titanium to gall when used in moving contact 

with other metals impairs its usefulness for certain applications. 
Research now in progress is directed toward improving the galling 
and wear resistance of commercial titanium alloys by surface harden- 
ing. The methods being investigated include carburizing and induc- 
tion heat treating. 

Carburizing processes surveyed to date include (a) pack carbu- 
rizing with a proprietary steel carburizing formula and with lamp- 
black; (b) liquid carburizing with molten cyanide baths; and (c) 
gas carburizing with propane-argon and methane-argon mixtures. 
Although the work is still in progress, the results obtained thus far 
should be of interest to those working with titanium. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The various surface hardening processes were carried out on 
small specimens of the following commercial alloys: 


Alloy Nominal Composition 
RC-130-A Ti-7% Mn 
RC-130-B Ti-4% Al-4% Mn 
Ti-150A Ti-2.7% Cr-1.3% Fe-0.25% O 
Ti-75A Commercially pure titanium 


The treated specimens were sectioned and examined metallographi- 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, A. J. Griest 
and P. E. Moorhead are research engineers, P. D. Frost is assistant supervisor 
and J. H. Jackson is supervisor, Nonferrous Metallurgy, Battelle Memorial 
Institute, Columbus, Ohio. Manuscript received January 12, 1953. 
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_ Fig. 1—Two Small Titanium Wear Test Specimens and Large Steel Wear Pilate 
Used in the Rotary Wear Tester. Specimens are shown in the relative positions occupied 
during the test. Wear marks are visible on the steel plate. 


cally to reveal the case depth and hardness. Hardness measurements 
were often difficult to obtain because many of the cases were brittle 
and spalled or cracked. 

Specimens which had adherent, sound cases were wear tested. 
A rotary wear tester was used in this work to obtain a relative 
measure of the wear resistance and galling tendency of the various 
case structures produced by the carburizing treatments. This test 
required duplicate specimens in the form of small disks, % inch in 
diameter and % inch thick. These rotated against a circular plate, 
4% inches in diameter and % inch thick. For these experiments, 
the large plate was made of hardened NE 8749 steel, and the small 
disks were the surface-hardened titanium specimens. The specimens 
are shown in Fig. 1, in the relative positions which they occupied 
during the test. Wear marks are visible on the large plate. Their 
peculiar pattern resulted from the simultaneous rotation of all of the 
pieces about their respective cylindrical axes. The average contact 
pressure between the wearing surfaces could be varied from 5 to 5000 
psi. All of the wearing parts were immersed in oil or other media 
which could be heated or cooled as desired. The apparatus also in- 
cluded a device whereby the coefficient of friction between the wear- 
ing surfaces could be determined. In the event of seizure or galling 
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between the wearing faces, the momentarily large increase in friction 
caused this device to actuate a cutoff switch and stop the machine 
before any damage was incurred. Fig. 2 is a photograph of the un- 
assembled machine, showing a wear plate in position. 

The conditions and results of the wear tests conducted on typical 
pack-, liquid-, and gas-carburized specimens are given in Table I. 
These data will be referred to in the discussions of the respective 
hardening treatments. 

Because wear test data are, in general, of low reproducibility, the 
results given in Table I should be considered as tentative. However, 
certain of the surface hardening treatments studied produced non- 
galling surfaces which were superior to those of untreated titanium. 


Pack Carburizing With a Commercial Steel Carburizer 


Specimens of Ti-75A (commercially pure titanium) were treated 
at 1550 and 1750 °F (650 and 955 °C) for 4 and 8 hours in Quick- 
lite A, a commercial steel carburizing compound. Box-cooled and 
water-quenched specimens were obtained for each treatment temper- 
ature and time. The results of hardness traverses made on the sec- 
tioned specimens are shown in Figs. 3 and 4. The surface hardnesses 
of the 1750 °F (955 °C) water-quenched specimens were low, prob- 
ably because of the presence of quench cracks in these specimens. It 
will be noted that surface hardnesses in the range 850 to 950 Knoop 
(100-gram load) were obtained at both temperatures, but that the 
zone of high hardness was deeper after the 1750 °F (955 °C) treat- 
ment. The specimens had a mottled, bluish-black appearance, and 
were noticeably brittle. 

A microstructure typical of the pack-carburized specimens is 
shown in Fig. 5. The depth of hardening in this sample was about 
0.004 inch; the hardness at the surface was about 950 Knoop (100- 
gram load). 

Gulbransen and Andrew (1, 2)* have made equilibrium calcula- 
tions for the following reactions: 


Ti(s) + Oo(g) = TiO2(s) 
2 Ti(s) + COo(g) = TiO2(s) + TiC(s) 
Ti(s) + YN2(g) = TiN (s) 
3 Ti(s) +2CO(g) = TiO2(s) + 2 TiC(s) 


Their calculations, made over the range of temperatures from 77 to 
1472 °F (25 to 800°C), show that these reactions go to virtual 
completion to the right. Extrapolation to 1750°F (955°C) of the 
plots of log K, versus the reciprocal of the absolute temperature 
indicates that these reactions should go to virtual completion at this 
temperature also. Thus, in pack carburizing of titanium at 1750 °F 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—-Photograph of Rotary Wear Testing Machine. Arrow points to rotating, 
hardened steel disk. Small titanium specimens rotate on top surface of steel disk. 
During a test, the large plate and the small specimens were immersed in oil within the 
well shown unassembled (under the arrow). 


(955 °C), where it is to be expected that CO, COs, and possibly O» 
and Noe are present in the carburizing box, it would be expected that 
the titanium surface would absorb oxygen and nitrogen, as well as 
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Fig. 3—Hardness-Penetration Curves for Pack-Carburized Ti-75A Alloy 
Treated at 1550 °F. 
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Fig. 4—Hardness-Penetration Curves for Pack-Carburized Ti-75A Alloy 
Treated at 1750 °F. 


carbon. Since titanium has a greater affinity and wider solubility 
limits for oxygen and nitrogen than for carbon, the formation of TiC 
would proceed only after the surface became saturated with oxygen 
and nitrogen. From metallographic examination, limited X-ray dif- 
fraction data, and a consideration of these reactions, it was concluded 
that the case structure derived its hardness largely through the effect 
of oxygen in solid solution in alpha titanium. 

The results of the wear tests on the pack-carburized type of case 
are presented in Table I (Test No. 1). The data show that this type 


ST 
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Fig. 5—Ti-75A Alloy Pack-Carburized at 1750 °F for 8 Hours and Box-Cooled. 
Depth of case, about 0.004 inch. Surface hardness, about 950 Knoop. x 100. The 
case is a solid solution of oxygen in alpha titanium. The core is alpha titanium with 
residual carbides present as an impurity phase in the as-received material. 

Fig. 6—Ti-75A Alloy Carburized in Lampblack in Evacuated Vycor Capsule at 
1750 °F for 24 Hours and Furnace-Cooled. Depth of case, about 0.002 inch. Hard 
ness of case, about 875 Knoop (100-gram load). x 500. Note the 


coalescence of 
the titanium carbide case with the carbide particles in the base metal. 


of case, at average contact pressures up to about 870 psi, was superior 
to that formed by liquid carburizing, and inferior to that resulting 
from gas carburizing with propane-argon mixtures. Untreated tita- 
nium seized immediately at 120-psi pressure at the same running 
speed (Test No. 2). These results indicate that the pack-carburized 
surface may have value as a nongalling facing for titanium allovs. 
The chief limitation of this type of case appears to be its excessive 
brittleness and rather rough surface. 

The type of case formed by pack carburizing can also be pro- 
duced by gas carburizing with carbon monoxide. Specimens were 
treated in an argon—5% carbon monoxide mixture for 8 hours at 
1750 °F (955 °C) and rapidly cooled in argon. The case structure 
resembled that of the specimen shown in Fig. 5, in that a layer of 
high oxygen alpha titanium, about 0.004 inch in depth, was formed, 
having a Knoop hardness of about 950 (100-gram load). However, 
outside of this layer was a strip of a TiC-like structure about 0.0004 
inch in depth. In the pack-carburized specimen of Fig. 5, a small 
amount of similar material can be seen at the edge of the specimen. 
Evidently, gas carburizing with a 5% CO-argon atmosphere pro- 
duced a more rapid surface hardening reaction than occurred m pack 
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carburizing. Wear tests conducted on specimens carburized with a 
5% CO -argon mixture indicate that the hard surface so produced 
has good wear resistance (Table I, Test No. 3). 


Pack Carburizing With Lampblack 


In an effort to produce the TiC type of case, titanium specimens 
were treated in lampblack, care being taken to exclude oxygen and 
nitrogen. The specimens were placed in containers and buried in 
lampblack, which was then thoroughly compacted. These containers 
were then sealed in evacuated or argon-filled Vycor capsules contain- 
ing titanium chips to getter residual active gases (oxygen or nitro- 
gen). ‘Treatments were carried out for 24 hours at 1750 and 2000 
°F (955 and 1095°C). The microstructure of the cases formed re- 
sembled that of TiC. Case depths of about 0.0015 to 0.002 inch were 
obtained. The case resulting from the 1750 °F (955 °C) treatment 
had a Knoop hardness of about 875, while that developed at 2000 °F 
(1095 °C) had a hardness of about 1270 Knoop (100-gram load). 
The specimens had poor surfaces, and the cases were brittle and 
spalled readily. For these reasons, they were not wear tested. A 
microstructure typical of this type of case is shown in Fig. 6. 


Liquid Carburizing 


Dean (3) has claimed that extremely hard, ductile cases of any 
desired depth can be formed on titanium or its alloys by treatment 
in a molten alkali-cyanide bath. In order to determine the value of 
these cases as nongalling, wear-resistant surfaces, carburizing proc- 
esses of this type were investigated. 

A commercial cyaniding salt for steel, “Perliton W’’, was used 
in the first experiments. These were carried out at 1200, 1350, 1450 
and 1550 °F (650, 730, 790 and 845 °C) for times up to 2 hours. 
The conditions and results of the treatments are given in Table IT. 
No cases or surface hardening resulted from these treatments. The 
specimens treated at 1450 and 1550°F (790 and 845°C) were 
severely corroded by the bath; the exact nature of this attack was not 
ascertained. 

Tests with the commercial salt were then discontinued, and suc- 
cessive experiments were made with baths containing from 100 to 
30% NaCN, the balance consisting of neutral salts. Data on the 
liquid carburizing experiments are also given in Table II. These 
experiments were carried out mainly on specimens of Ti-75A, RC- 
130-B, and an experimental 3% Cr-1.5% Fe-0.1% N alloy. 

In general, the hardest and deepest cases were obtained using 
baths with a high cyanide content. Case hardnesses ranged from 
about 550 to 650 Knoop (100-gram load). Most of the cases were 
between 0.0002 and 0.0008 inch in depth. The addition of sodium 
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Table II 


Results of Carburizing Experiments on Titanium 
Alloys Using Molten Cyanide Baths 


Treatment Case Depth 
Conditions* Hardness, of 
Bath Temp., Time, Knoop Case, 
Composition Alloy °F hr. (100-g load) in. Remarks 
**Perliton RC-130-A 1200 ye Eg No case formed 
Wt RC-130-B 1200 ae No case formed 
RC-130-A 1350 1 No case formed 
RC-130-B 1350 1 No case formed 
Ti-75A 1450 4 No case formed Some corrosion 
of specimen. 
Ti-75A 1550 ] No case formed Specimen partly 
dissolved. 
100% NaCN Ti-75A 1500 13 ves 0.0002 
RC-130-B 1500 1% 546 0.0008 
3 Cr-1.5 Fe-0.1 N 1500 1ly% 585 0.002 
75% NaCN Ti-75A 1550 1} 450 0.0004 
25% NaCl RC-130-B 1550 ly 555 0.0015 
3 Cr-—1.5 Fe-0.1 N 1550 1% 682 0.0015 
46% NaCN Ti-75A 1550 1! 410 Nil 
27% NazCOs RC-130-B 1550 1! was “aie 
26% NaCl RC-130-B 1650 1% ea ... Specimen about 
half dissolved. 
30% NaCN Ti-75A 1550 ly te 0.0003 
25% NaCl 3Cr-1.5Fe-0.1N 1550 ly 605 0.00197 
28% NazCOs 
17% BaCle 
00% NaCN RC-130-B 1540 5 655 0.002 Operated at maximum 
Ti-75A 1540 5 622 0.0005 practical temperature 
60% NaCN Ti-75A 1600 1% > 497 0.00015 
20% NaeCOs RC-130-B 1600 1% 600 0.0008 
20% NaCl 
75% NaCN Ti-75A 1550 1% 370 0.0004 
16% NaCl RC-130-A 1550 ly 570 eek 
3% Na2eCOs RC-130-B 1550 1y% 555 
5% CrCls 





*All specimens were water-quenched from temperature. 


+“Perliton W” is a commercial cyaniding compound used for steel, manufactured by E. F. 
ighton and Company. 


carbonate, sodium chloride, and barium chloride, either singly or in 
combination, was made to the cyanide in order to obtain a bath which 
could be operated at temperatures in excess of 1540°F (840°C), 
the latter being the temperature at which a 100% NaCN bath begins 
to decompose rapidly. However, treatment in a 60% NaCN bath at 
1600 °F (870 °C) for 1% hours did not produce any marked increase 
in case depth or hardness over specimens treated at 1500 °F (815 °C) 
for the same time in a 100% NaCN bath. Evidently, fhe effect of 
the higher temperature was offset by the lower cyanide content neces- 
sary to operate at this temperature. 

A microstructure typical of a liquid-carburized titanium speci- 
men is shown in Fig. 7. The nature of the microstructure of the 
case, which is alpha titanium, and the results of X-ray diffraction 
analyses made on the hard surface indicated that the cyaniding re- 
action produced a solid solution of nitrogen at the surface of the metal. 

Data on wear tests conducted on typical cyanide-treated speci- 
mens are given in Table I (Tests Nos. 3 and 4). These tests show 
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Fig. 7 -RC-130-B Alloy Treated at 1500°F for 1% Hours in a 100% NaCN 
Bath and Water-Quenched. Depth of case, 0.0008 inch. Knoop hardness of case, 
546 (100-gram load). ™X 500. Case is a solid solution of nitrogen in alpha titanium. 


Fig. 8—Ti-75A Alloy Gas-Carburized at 1750°F for 8 Hours in an Argon -— 
Propane Mixture and Air-Cooled. White layer at top is nickel plate for edge 
preservation. Darker gray strip is TiCx case, about 0.0001 inch deep. X 500. 

Fig. 9—-Ti-75A Alloy Gas-Carburized at 2000°F for 8 Hours in an Argon -— 
Propane Mixture and Furnace-Cooled. White layer at top is nickel plate for 
edge preservation. Note how case is chipped out by metallographic grinding, and 
how case is separating near case-core interface. Depth of case about 0.015 inch. 
™ 100. 
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that such treatments produced a nongalling surface, but a surface 
which had considerably less wear resistance than the pack- or gas- 
carburized specimens. This was probably so because of their rela- 
tively low hardnesses compared with those of the latter types of cases. 
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The cyaniding treatments produced smooth, black surfaces. The 
cases seemed quite adherent and much less brittle than the pack- 
carburized type of case. 


Gas Carburizing 


Preliminary experiments on gas carburizing of titanium were 
carried out with propane-argon mixtures. Treatments were made at 
1750 and 2000°F (955 and 1095°C) in atmospheres containing 
about 2.5% propane by volume. These specimens were air-cooled. 
At 1750 °F (955 °C), adherent cases about 0.0001 to 0.0002 inch in 
depth were formed after times of 8 hours (Fig. 8). 

Much heavier cases were formed at 2000 °F (1095 °C), ranging 
from 0.002 to 0.01 inch in depth after an 8-hour treatment. These 
heavier cases, however, were fragile and badly cracked, and their 
adherence to the base metal was poor (Fig. 9). 

Metallographic examination and X-ray diffraction analyses of 
the carburized specimens indicated that the case structure had a TiC,- 
type lattice, but contained only about 10% carbon, compared with 
the stoichiometric quantity of 20% for the compound TiC (4). The 
cases formed at 1750 °F (955 °C) were too thin for accurate micro- 
hardness testing, and the heavier cases developed at 2000°F (1095 
C) were so badly chipped out by metallographic grinding that few 
areas large enough for good hardness impressions were available. 
What few satisfactory measurements could be obtained, however, 
indicated values in the range 1000 to 1500 Knoop (100-gram load). 

The importance of the propane concentration was discovered 
early in this work. Specimens carburized in a 4% propane atmos- 
phere for 8 hours at 2000°F (1095 °C) were covered by graphite 
shells which greatly impeded the absorption of carbon by the metal. 

A wear test was conducted on specimens of RC-130-A alloy gas- 
carburized at 1750°F (955 °C) for 5 hours in an argon—2% pro- 
pane mixture, and rapidly cooled in argon. The details of this wear 
test are given in Table I (Test No. 6). The metallographic appear- 
ance of the case is similar to that shown for Ti-75A in Fig. 8. 
Despite their extreme shallowness (about 0.0002 inch), the cases on 
these specimens had the most satisfactory wear resistance of any of 
the cases developed up to this time. Since the surface hardening 
effected by gas carburizing with propane-argon mixtures seemed to 
otfer the most promise in fulfilling the original objectives of this re- 
search, it was decided to investigate this type of treatment more 
thoroughly. Consequently, a furnace designed specifically for gas 
carburizing experiments was constructed, and more precise instru- 
ments for the measurement of gas flow were obtained. 

The gas carburizing experiments were carried out on '%-inch 
lengths of 4%-inch-round steck. Propane-argon treatments were con- 
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ducted at temperatures from 1450 to 1850 °F (790 to 1010 °C) and 
methane-argon treatments at temperatures from 1750 to 1850 °F 
(955 to 1010°C). The results are summarized in Table III. The 
case depths recorded are average values; actually, the case depth 
varied, depending upon the position of the specimen relative to the 
direction of gas flow, 

At concentrations of 4% propane or greater, a dark layer, as yet 
unidentified but believed is be graphite, was observed in the micro- 


Table III 


Results of Carburizing Treatments on Titanium Using 
Propane — Argon or Methane -— Argon Mixtures 


———_—__—___§— Treatment Conditions* Case 


niliniensigiitimlilanaiantalies 
a Volume % Total Flow Depth (ten 
Temp., Time, Propane Rate (cc/min. thousandths 

°F hr. or Methane at 70 °F, 1 atm.) of an inch)7 


Propane-Argon Treatments 


1450 s 2.0 120 Nil 
1450 ‘ 4.0 120 Nil 
1600 2 2.0 120 <1.0 
1600 4 2.0 120 <1.0 
1600 8 2.0 120 < 1.0 
1600 4 4.0 120 < 1.0 
1600 . 4.0 120 <1.0f 
1600 4 8.0 120 <1.0f 
1750 2 2.0 120 6.0 
1750 4 2.0 120 5.0 
1750 8 2.0 120 4.0-8.0f 
1750 2 4.0 200 1.0f 
1750 4 4.0 120 1.6 
1750 8 4.0 120 1.0f 
1750 4 8.0 120 1.6 
1800 4 0.5 400 8.0 
1800 x 0.5 400 8.0f 
1850 6 4.0 400 40.0 
Methane-Argon Treatments 

1750 4 0.7 400 8.0 
1750 8.5 1.0 400 3.0 
1800 4 0.7 400 8.0 
1800 x 0.7 400 20.0 
1850 2 0.7 400 3.0 





*All specimens were cooled in argon at a rate approximately equal to that of air cool. 


tCase depths are average values for one specimen of each of the four _ RC-130-A, 
‘-130-B, Ti-75A, and Ti-150A, carburized at the same time. 


tA gray columnar layer, probably graphite, 0.0001 to 0.0003 inch in depth, was observed 
on these specimens. The TiC case was under this layer. 








structure adjacent to the TiC layer. This layer was usually about 
0.0001 to 0.0003 inch in depth. Thermal breakdown of the propane 
was thought to produce finely divided carbon in the body of the gas; 
this carbon was then carried in the gas stream until obstructed by the 
specimens where it was deposited as soot, which, under certain con- 
ditions, graphitized. The lower the propane concentration, the less 
pronounced was the sooting. 

The treatments carried out at 1800 and 1850°F (980 and 
1010°C) produced the deepest cases in this series of experiments. 
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Generally speaking, cases deeper than about 0.0003 inch were easily 
chipped out during metallographic grinding, which is an indication 
of the brittleness and fragility of the deep TiC case. The results of 
a wear test conducted on specimens of RC-130-A carburized at 1800 
°F (980°C) for 8 hours in an argon—%% propane mixture and 
rapidly cooled in argon are given in Table I (Test No. 7). This 
case appeared to be somewhat superior to that formed by the 1750 °F 
(955 °C) treatment (Test No. 6). 

The tendency of propane to cause excessive sooting led to an 
investigation of the carburizing properties of methane-argon mixtures. 
Methane is much more stable to thermal breakdown than propane 
(5). No graphite layer was observed on these specimens. Case 
depths appeared to be of the same order as those produced by 
propane-argon mixtures. However, the hardness seemed to be con- 
siderably less, typical values running from 800 to 1000 Knoop (100- 
gram load). In the methane-carburized specimens, a pronounced 
sublayer of alpha titanium was evident. This undoubtedly was caused 
by the alpha stabilizing effect of dissolved carbon. This would seem 
to indicate that, in carburizing with methane-argon mixtures, the rate 
of breakdown of the methane appears to be the limiting factor; 
whereas, with propane-argon mixtures, the formation of soot and 
graphite tends to impede carbon absorption. 

A disadvantage of carburizing with hydrocarbon gases is the 
opportunity which is presented for hydrogen pickup by the metal. 
Other work has shown that hydrogen has a deleterious effect on the 
impact strength of titanium. This effect must be considered in rela- 
tion to the core properties, as well as the case properties of surface- 
hardened parts. In order to determine the extent of the hydrogen 
pickup during the course of a typical carburizing treatment, hydrogen 
analyses were made on the as-received stock and on the carburized 
specimens. The results are given in Table IV, as follows: 


Table IV 


Results of Hydrogen Analyses Made on As-Received and Carburized 
Specimens of Various Titanium Alloys 


Hydrogen Content*, Weight % 


Alloy As-Received As-Carburized? 
Ti-75A 0.0075 0.069 
Ti-150A 0.0113 
RC-130-A 0.0059 0.054 
RC-130-B 0.0040 0.043 


*Vacuum-fusion analyses, accuracy about 10%. 


_ These specimens were carburized at 1850 °F for 6 hours in an argon~ %% propane 
mixture and rapidly cooled in argon. 


It is seen from these analyses that there is about a tenfold in- 
crease in hydrogen content as a result of the carburizing treatment. 
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The effect of removing hydrogen on the adherence and brittleness of 
the carburized cases is being investigated. 

The results of the gas carburizing experiments indicate that thin, 
adherent TiC cases having promising laboratory wear test character- 
istics can be produced. Such cases would probably crack on a part 
subjected to severe deformation or impact, but might be satisfactory 


for many wear applications. 
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Fig. 10—-Pictorial Drawing of Induction Heating Coil With 
Eddy-Current Concentrator for Surface Heating %-Inch Diameter 
Bar Stock. 


Induction Heat Treatment 


Experiments on the induction surface hardening of titanium 
alloys were carried out using a Lepel 30-kw, spark-gap-type, high 
frequency generator. This unit had an output of a band of frequencies 
in the range of 200,000 to 500,000 cycles. For a very short heating 
cycle (one in which heat conduction to the core of the specimen is 
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negligible), the depth of heating (and hardening) may be expressed 
approximately as follows (6): 


da \ p 
uf 
where d = approximate depth of heated zone 
p = electrical resistivity of material being heated 
“ = magnetic permeability of material being heated 
f = frequency of inducing current 


According to this relation, in order to limit the heating to a shallow 
depth, the frequency should be high. Unfortunately, for titanium, 
the electrical resistivity is high and the magnetic permeability is low, 
conditions which favor increased depths of hardening. 

The coil which was finally found most satisfactory for the induc- 
tion surface hardening of titanium alloys is shown in the pictorial 
drawing of Fig. 10. This coil was used to heat %-inch lengths of 
'4-inch-round bar stock. The design employs an “eddy-current con- 
centrator”’ to direct the inducing magnetic field on the area of the 
work to be heated, and to secure the most favorable match between 
the electrical circuit of the high frequency generator and the load (7). 
With such a concentrator, high power inputs per unit surface area 
of work were possible, and heating times and, consequently, heat con- 
duction to the core could be minimized. 

No attempt was made to measure the surface temperature of the 
specimens. After a few trials, it was possible to exercise a rough 
control over the depth of hardening through observation of the heat 
color. The heating times required to bring the surface of the work 
to the hardening temperature (between 1600 and 1800 °F) were very 
short, about 4 to % second. The cold core metal served to quench 
the case after the lattér was brought to temperature. It was found 
that, because of the slot in the eddy current concentrator, the case 
depth in the area of the specimen adjacent to the slot was less than it 
was around the rest of the specimen. This nonuniformity in the case 
depth could be avoided by rotation of the specimen during heating. 
For these experiments, however, the specimens were heated once, 
rotated 180 degrees in the coil, and heated again. This produced a 
fairly uniform case. 

After induction heating to solution treat the case, the specimens 
were aged to increase the case hardness. The aging temperatures 
and times were those found to produce approximately the maximum 
hardness in similar sized specimens solution-treated in a furnace. 
The hardness data for both case and core, as solution-treated by 
induction heating and as-furnace-aged, are presented in Table V. 

The data in the table show that a specimen of RC-130-A devel- 
oped the best combination of case and core hardnesses. A case hard- 
ness of 535 VHN was obtained after aging 2 hours at 700 °F (370 
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Table V 


Results of Surface Hardening of Titanium by 
Induction Heating and Subsequent Aging 


VHN (10-kg load) 


After Solution Furnace Aging VHN 
Depth of Hardening, Treatment by Treatment (10-kg load) 
——inches——— Induction Heating Temp., Time, As-Aged 

Alloy Max. Min. Avg. Case Core °F hr. Case Core 
RC-130-A 0.024 0.000 0.012 407 337 600 2 473 335 
RC-130-A 0.071 0.055 0.063 416 329 600 4 508 338 
RC-130-A 0.094 0.047 0.070 420 329 700 1 486 332 
RC-130-A 0.078 0.062 0.070 441 349 700 1 501 365 
RC-130-A 0.094 0.047 0.070 401 374 700 2 562 498 
RC-130-A 0.040 0.040 0.040 456 334 700 2 535 327 
RC-130-B 0.039 0.000 0.020 373 319 600 2 378 320 
RC-130-B 0.039 0.031 0.035 374 320 600 + 379 317 
RC-130-B 0.055 0.039 0.047 376 321 800 ly, 370 317 
RC-130-B 0.062 0.031 0.047 357 324 800 yy 360 317 
RC-130-B 0.047 0.023 0.035 385 319 800 1 387 318 
RC-130-B 0.109 0.078 0.093 358 331 800 l 364 363 
ri-150A 0.060 0.030 0.045 416 329 600 2 460 336 
Ti-150A 0.047 0.024 0.035 421 335 600 4 467 333 
Ti-150A 0.031 0.031 0.031 412 336 700 l 415 322 
Ti-150A 0.071 0.031 0.051 386 336 700 1 407 374 
Ti-150A 0.062 0.047 0.055 423 337 700 2 427 328 
Ti-150A 0.062 0.031 0.047 391 333 700 2 411 327 





Fig. 11—RC-130-A Alloy Induction Heat Treated and Aged. 
Transverse section through Y%-inch round. Depth of case about 
0.040 inch. Case hardness, 535 VHN. Core hardness, 327 VHN. 
x ay 


c 


°C), but the core hardness of approximately 330 VHN was un- 


changed throughout these treatments. Fig. 11 is a macrograph of 


a transverse section through this specimen; the case depth is about 
0.040 inch. The case and core microstructures are shown in Fig. 12. 
The RC-130-B and Ti-150A alloys responded in a much smaller de- 
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gree to this type of treatment. This was attributed to the fact that 
RC-130-A retains nearly all of the beta phase as-quenched, and, in 
this condition, is capable of being aged to very high hardnesses. The 
other alloys retain considerably less beta, as-quenched. 

No wear tests were conducted on induction heat treated and 
aged specimens because of the difficulty involved in designing and 
constructing highly efficient coils for heating the flat wearing face of 
the wear test specimens. However, specimens were heat treated in 
a furnace to produce a structure and hardness similar to that obtained 





Fig. 12—Mfcrostructure of Case (Left) and Core (Right) of Specimen of Fig. 
11. »% 500. Case structure is undissolved alpha in a beta matrix; core structure is 
an alpha-beta mixture. 


by induction solution treating. Wear test specimens of RC-130-A 
were thus treated to a hardness of 498 VHN. The specimens, as- 
aged, had a thin, blue oxide film. It was concluded that the speci- 
mens seized when this thin oxide film wore off. Details of the wear 
test are recorded in Table I (Test No. 8). 

It is probable that the hard structure produced by induction heat- 
ing and aging will gall as readily as the furnace-treated specimens. 
Thus, it does not seem possible to develop antiseizing surfaces on 
titanium alloys by induction hardening without some prior processing, 
such as carburizing. However, hard surfaces can be developed which 
may have some value. where the conditions of wear are not so severe 
as they are in rapidly moving parts under relatively heavy load. 
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SUMMARY 


Commercial titanium alloys were surface-hardened by various 
carburizing and induction heat treating processes to improve wear 
and galling resistance. The methods of carburizing investigated in- 
cluded (a) pack carburizing in a proprietary carburizing compound, 
or in lampblack with oxygen and nitrogen excluded; (b) gas carbu- 
rizing in argon mixtures of carbon monoxide, propane, or methane ; 
and (c) liquid carburizing in molten cyanide baths. Laboratory wear 
tests conducted on carburized samples showed that, whereas untreated 
titanium alloys seized immediately under low loads, specimens car- 
burized by the three methods did not seize, and had good wear re- 
sistance under loads up to 1300 psi. Thin (0.0002-inch) cases of TiC 
produced by gas carburizing in argon-propane mixtures had satisfac- 
tory adherence and had the best wear resistance. 

The hardened surface of specimens pack-carburized in a com- 
mercial carburizing compound and those gas-carburized with carbon 
monoxide did not have a TiC-type structure, but consisted of a solid 
solution of oxygen in alpha titanium. The wear resistance of such 
specimens was fair. TiC was formed only when oxygen was excluded. 

Specimens treated in cyanide baths developed a hard surface 
layer of nitrogen-rich alpha titanium. The spalling resistance of this 
type of case was good, but the hardness and wear resistance were 
lower than that of gas-carburized cases. 

Hard surfaces were produced on RC-130-A and Ti-150A alioy 
specimens by induction heat treating followed by a furnace aging 
treatment. The wear resistance of these specimens was not deter- 
mined, but specimens given comparable furnace heat treatments, 
which produced. similar hardnesses, galled as readily as untreated 
titaniuthn. 
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DISCUSSION 


Written Discussion: By R. W. Hanzel, associate metallurgist, Applied 
Metallurgy Section, Metals Research, Armour Research Foundation, 
Chicago. 

The authors have presented a paper of fundamental significance and 
can be assured that it will be a welcomed addition to the fast-accumulating 
wealth of titanium literature. While this paper is essentially a summary 
of preliminary survey processes for surface hardening titanium by carbu- 
rizing, it clearly illustrates the fact that titanium can be surface-hardened. 
However, it also indicates the need for a concentrated study of the process 
variables and mechanisms in the more promising areas as determined by 
such preliminary survey experimentation. 

This phase of titanium technology is also being studied at Armour 
Research Foundation. The current emphasis in the work has been placed 
on surface hardening by the diffusion of the metalloids into titanium; 
namely, the elements oxygen, nitrogen, carbon, boron and hydrogen. The 
resulting data and conclusions on carburizing are in close agreement with 
those of the authors. 

We would, however, like to comment briefly on the wear results pre- 
sented by the authors. While any improvement in the undesirable prop- 
erties of seizing and galling is noteworthy, the case depths (0.0002 inch) 
reported for the argon-propane treatments are not appealing. However, 
with very low contact pressures the wear properties may be of value. 
Normally, a hard, brittle layer cannot withstand the flexure often encoun- 
tered in wear members. Properties of the back-up materials are not given. 
It is our experience that core properties are very important to design and 
application. A thin layer, in itself, would limit wear life and, more impor- 
tant, would most likely have to be used in the as-treated condition. This 
would prohibit the use of honing and lapping operations to produce prop- 
erly matched wear surfaces where tolerances are critical. The thicker the 
layer of TiC, the greater the spalling tendency. It appears, therefore, that 
argon-propane treatments will find limited usefulness. 

The case depths (0.003 to 0.004 inch) reported for samples treated in 
a commercial carburizing compound are more encouraging. However, the 
case is essentially an alpha solid solution of oxygen and nitrogen. It 
would appear that oxygen or nitrogen would be more effective as a surface 
hardening agent. 


We also do not understand the presence of the large amounts of car- 
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bides shown in the structures for Ti-75A, inasmuch as the nominal carbon 
specification is 0.04% maximum. It is perhaps evident to those familiar 


with titanium that these carbides were not introduced during the diffusion 
treatment. 


Authors’ Reply 


The two problems which must be solved before carburizing can be ap- 
plied to titanium as a commercial process are (a) the improvement of duc- 
tility of the hardened case, and (b) the maintenance of adequate ductility 
in the core structure. The research in progress has as its objective the 
solution of these problems. 

The authors agree with Mr. Hanzel’s statement that a thin case, e.g., 
0.0002 inch thick, is not desirable because it would be difficult, if not im- 
possible, to machine. Modifications of the propane-argon treatment are 
being made to permit thicker but ductile cases to be obtained. The 
authors do not agree that a thin case would have inadequate wear life. 
In the wear tests conducted at Battelle to date, the thin TiC cases applied 
by propane-argon treatments have outlasted the thicker cases of the 
TiO: TiN alpha solid solution types. Furthermore, the thin TiC cases are 
considerably less prone to spall than the solid solution type of case. The 
thin cases have shown ability to withstand limited impact and flexure tests. 

It is not recommended that commercial pack-carburizing compounds 
be used for titanium, since it was learned in this research that such ma- 
terials produce the TiO or TiN type of case. Obviously, these cases can be 
produced more efficiently by merely heating the work in oxygen, nitrogen, 
or dissociated ammonia. 

The carbides shown in the case structure of carburized Ti-75A speci- 
mens were present in the as-received commercial material. The stock was 
apparently induction-melted in a graphite crucible or arc-melted with a 
graphite electrode. 





setae pe ress 








GAMMA LOOP STUDIES IN THE IRON-VANADIUM AND 
THE IRON-VANADIUM-TITANIUM SYSTEMS 


By WILLIAM R. LucAs AND W. P. FISHEL 


Abstract 


Dilatation studies were made on series of tron- 
vanadium-titanium alloys in order to determine the Acs 
transformation temperatures. These data were used to 
construct a gamma loop curve in the iron-vanadium system 
and to establish the limit of the gamma tron region in the 
iron-vanadium-titanium system. 


INTRODUCTION 


HE FEW investigators who have studied the effect of vanadium 
on the Acs transformation in iron have reached very little agree- 

ment, and the literature yields only conflicting information as to the 
amount of vanadium necessary to produce a closed gamma loop. 
Most of the previous investigators have studied only a small number 
of alloys of iron and vanadium and often with carbon present. It is 
believed that at least some of the investigators have failed to account 
properly for the amount of vanadium neutralized by the formation 
of carbides in so far as its effect on the Acg transformation is con- 
cerned. A summary of the varying amounts of vanadium necessary 
to eliminate the Acg transformation in iron as reported by different 
investigators is presented in Table I. 

Transformation ranges of a large number of binary, ternary, and 
quaternary alloys of titanium have been studied, but all of these alloys 
were titanium rich. The literature does not indicate that the iron- 
rich corner of the iron-vanadium-titanium system has been studied. 


EXPERIMENTAL 


The alloys used in this study were prepared from Armco iron, 
sponge titanium, and high purity vanadium metal. The iron was 
melted in an alundum crucible (capacity—750 grams of iron) in a 
small induction furnace attached to a 15-KW high frequency gen- 
erator. The melt was partially deoxidized with a small amount of 
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Table I 


Per Cent Vanadium Required to Produce a Closed Gamma 
Loop in Iron as Reported by Different Investigators 





Investigator % Vanadium 
Abram (1) 2.0 
Hougardy (3) 1.1 
Oya (4) 2.2 
Vogel and Martin (7) 1.8 

i 


Wever and Jellinghaus (8) 


aluminum, and then the alloying elements were added. Alloys 38 
and 39 were made without aluminum. In the case of the three- 
component alloys, titanium was always added first. Melts were poured 
into baked, core-sand molds producing ingots weighing approximately 
650 grams. The ingots were allowed to cool below red heat in the 
molds and then annealed for 1 or 2 hours at 950 to 1000 °C (1740 to 
1830 °F), depending upon the composition. Following the anneal, 
the ingots were machined to produce dilatation samples, and samples 
for analyses were taken from the turnings. 

For dilatation study, a sample 3% inches long and % inch in 
diameter was taken from the ingot. A hole, 35 inch in diameter, was 
drilled half way through each end of the sample, approximately 
4 inch from the end. These holes were provided for the service 
junctions of the thermocouples. 

A dilatometer similar to the one described in Metats HANDBOOK 
was made by the writers. The dilatation tube consisted of a 
McDanel combustion tube, and the dilatation sample rested on the 
bottom of this tube. A movable zircon rod rested on top of the 
sample and extended above the open end of the dilatation tube. 
A dial gage, graduated in thousandths of an inch, fastened to the top 
of the dilatation tube and resting on the end of the zircon rod, 
registered the expansion or contraction of the sample. Both the 
zircon rod and the dilatation tube have low coefficients of expansion, 
and a blank dilatation with the sample absent gave a straight line 
over the range for which this dilatometer was used. A chromel- 
alumel thermocouple was inserted in the hole in each end of the 
sample, and the soft metal was pushed around the junction with a 
punch to insure good contact with the sample. The thermocouples 
were attached to a two-point Leeds & Northrup Micromax which 
indicated first the temperature of one end of the sample and then that 
of the other at 35-second intervals. A Lindberg control unit con- 
trolled the rate of heating of the resistance furnace used with the 
dilatometer. In order to reduce oxidation during dilatation, the dila- 
tation tube was flushed with argon at the beginning of a dilatation 
run, and argon was allowed to leak slowly into the tube during the 


1The figures appearing in parentheses pertain to the references appended to this paper. 


(2)! 














1954 IRON-V ANADIUM-TITANIUM ALLOYS 279 


entire process. During a dilatation run, the worker recorded dial 
gage readings and temperatures at 35-second intervals. 

In the study of the iron-vanadium system, the dilatation samples 
were not at the same temperature throughout their entire length, the 
bottom of the sample being 10 to 25°C hotter than the top. Ina 
transformation of this type, it is obvious that the portion of the alloy 
at the higher temperature will begin to undergo the transformation 
first. This will be followed on heating by a successive series of 
transformations throughout the sample as each portion reaches the 
critical temperature for that composition. Therefore, the beginning 
of Acs was denoted by the temperature at the bottom of the sample 
when expansion ceased or a break occurred in the dilatation curve, 
and the end of Acs was denoted by the temperature at the top of the 
sample when the sample began to expand again. Seven of the sam- 
ples were also run using the newer technique in which both ends 
of the sample were at the same temperature. A dial gage reading 
0.0001 inch was used and the gage was vibrated to prevent hanging. 
The results agreed with those of the first method within +2 °C. 

It was found that a heating rate of 3°C per minute was most 
satisfactory for determining the beginning of the Acs transformation. 
lower heating rates did not yield different results for the beginning 
of transformation temperatures. However, the Acs transformation 
in iron-vanadium alloys is sluggish, and if a constant heating rate 
was maintained throughout the transformation, equilibrium conditions 
were not attained and a wide temperature gap between the beginning 
and the end of the transformation in an alloy was indicated. In order 
to overcome this condition, a third thermocouple attached to a con- 
trolling Micromax was introduced into the furnace in the vicinity 
of the sample so that the furnace could be held at any temperature 
desired. For dilatations, the samples were heated at a rate of 3 °C 
per minute to the temperature at which Acs began. When the trans- 
formation had begun, the control was started, and the furnace was 
held at constant temperature for several hours. When it appeared 
that the transformation had proceeded as far as possible at that tem- 
perature, the temperature of the furnace was raised a few degrees 
and held at this temperature for another period of time. This step- 
wise raising of the temperature was continued until the transformation 
was complete, and the data indicate that equilibrium was approached 
very closely. 

A chemical analysis was made of each alloy following the anneal. 
Vanadium was determined by the method of Willard and Diehl (9), 
and the method of Simpson and Chandlee (6) was used for titanium. 
Titanium and vanadium analyses were carried out on separate sam- 
ples of each of the three-component alloys. Neither element inter- 
fered with the other in these separate determinations, After the 
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digestion of the samples in dilute sulphuric acid, insoluble oxides 
were filtered off so that only that amount of vanadium and titanium 
actually alloyed with iron was determined. 


IRON-VANADIUM SYSTEM 


Dilatations were done on 17 alloys, and a plot of temperature 
versus linear expansion was made to produce the dilatation curves 
for each alloy. Fig. 1 shows the dilatation curves of Alloy 12, which 
are typical of the curves obtained for most of the alloys studied. It 


Temperature °C 








G4 Bos 64 £26" 2 2 
Linear Expansion x 10> Inches 


Fig. 1—Dilatation Curves of Alloy 12. 0.21% 
vanadium. 


will be noticed that the sample showed a regular expansion up to a 
point, at which point it ceased to expand and subsequently contracted. 
After this contraction, the sample expanded again. The temperature 
at which expansion ceased in this alloy on heating is given by 
Thermocouple 2 as 896 °C (1645 °F), and the temperature at which 
expansion began again is given by Thermocouple 1 as 898 °C (1648 
°F). The point at which the sample ceased to expand or at which a 
decided break occurred in the dilatation curve was called the begin- 
ning of the Acg transformation. In some cases, the sample would 
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Table II 
Chemical Analyses and Dilatation Results of Iron-Vanadium Alloys 


Contraction 


Vanadium —— —Ac; (°C) During Ac; 

Alloy % Begins Ends Difference <10* Inches 
37 0.12 899 904 5 Sue 
39t 0.16 898 ie ar ite 
12 0.21 896 898 2 8.7 
38T 0.23 898 902 4 9.5 
18 0.34 908 916 8 acm 
46t 0.46 916 934 18 8.0 
52t 0.54 929 951 22 6.7 
56t 0.58 936 962 26 3.3 
22 0.96 969 994 25 6.0 
16+ 1.12 999 1022 23 6.5 
38t 1.16 1002 
13 1.27 1026 1048 22 8.7 
17t 1.34 1036 1073 37 6.4 
35* 1.38 1055 1114 59 6.7 
36**+t 1.47 1085 1118 33 8.4 
32 1.62 No transformation 

19 $.%2 No transformation 

*Aca ends 1179. eine with both ends at same temperature. 
** Ac, ends 1165. No aluminum was added in making these alloys. 


Run with both ends at same temperature. 
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Fig. 2—Acs Transformations in Iron- 
Vanadium Alloys. 


show no volume change for a few minutes while the temperature 
continued to rise. This is explained by saying that the thermal 
expansion was exactly neutralizing the contraction due to a lattice 
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Fig. 3—Dilatation Curve of Alloy 36. 1.47% 
vanadium. 


change. Yet, the fact that heat was being added and the volume was 
not increasing indicates that the transformation had begun. The end 
of Acg was determined by the point at which the sample began to 
expand again. 

The results of the studies carried out on the iron-vanadium alloys 
are presented in Table IJ. All samples were run at least twice, many 
three to five times. A spread of 3°C or less was obtained. The 
gamma loop of the iron-vanadium system is obtained by plotting 
temperature of transformation versus composition for each of the 
alloys listed in Table II. Fig. 2 is presented to show this plot. In 
this plot, the outer curve, which is determined by the temperature 
at which Acs begins, represents the compositions of solutions of 
vanadium in alpha iron, and the inner curve, which is determined 
by the temperature at which Acs ends, represents the composition of 





1954 IRON-VANADIUM-TITANIUM ALLOYS 283 


solutions of vanadium in gamma iron. The dotted lines in Fig. 2 were 
not determined by data but were drawn to meet the Ay, point. 

It can be seen that Acg in iron is lowered to a minimum point 
by the addition of a small amount of vanadium before it is raised by 
larger amounts to produce a closed gamma loop. The transformation 
in Alloy 12 is shown to be practically isothermal, and it should be 
noted that the temperature differences between the beginning and 
end of Acg increase as the vanadium content varies on either side 
of the minimum composition. 

As can be seen from the data in Table II, no transformation was 
detected in an alloy containing 1.62% vanadium, but a transformation 
was noted in an alloy containing 1.47% vanadium. Therefore, the 
amount of vanadium which will produce a closed gamma loop in iron 
lies between 1.47 and 1.62%. 

Fig. 3°represents the dilatation curve of Alloy 36. The compo- 
sition of this alloy places it between the outermost points of the two 
curves representing the gamma loop; therefore, this alloy never com- 
pletes the alpha-to-gamma transformation. By applying the lever 
relation in Fig. 2, it can be seen that the amount of gamma iron in 
equilibrium with alpha or delta iron increases to approximately 1115 

C (2040 °F) after which the amount of gamma iron in equilibrium 
with alpha or delta iron begins to decrease. While the amount of 
gamma iron is increasing, the sample contracts, but when the amount 
of gamma iron begins to decrease (the end of Acs and the beginning 
of Acy), the sample begins to expand rapidly. The point at which 
the rapid expansion ceases and a more gradual expansion begins 
marks the end of Acy. The end of the Ac4y transformation was 
located in Alloys 35 and 36 in the manner outlined above. 


IRON-VANADIUM-LTITANIUM SYSTEM 


At the beginning of the study of the three-component system, 
the dilatometer was modified so that the sample was at the same 
temperature throughout its entire length. This modification consisted 
of attaching a movable collar around the top of the dilatation tube. 
This collar suspended the tube in the furnace, and the tube could be 
relocated simply by moving the collar up or down on the tube. The 
practice of measuring the temperature at each end of the sample was 
continued in order to have a record that the sample was at the same 
temperature throughout its length; however, it was necessary to plot 
only one dilatation curve to determine the beginning and the end of 
the transformation. A heating rate of 2 to 3°C per minute was 
maintained throughout the entire transformation; therefore, the tem- 
perature listed for the end of the transformation probably does not 
represent equilibrium conditions. This is considered to be of minor 
importance, as the chief purpose of the study of the three-component 
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Table III 
Chemical Analyses and Dilatation Results of Iron-Vanadium-Titanium Alloys 





Contraction 








Ti V -— ———————Ac;3 (°C)}— aS During Acs 
Alloy % % Begins Ends Difference X10* Inches 
47 0.20 0.78 1020 1081 61 5.2 
48 0.70 0.28 1059 1147 88 0.3 
49 0.38 0.11 990 1036 46 a 
50 0.58 0.48 1050 1144 94 a2 
53 0.06 0.58 970 1016 46 6.7 
54 0.43 0.60 1028 1101 73 3.0 
55 0.53 0.73 1091 1136 45 oem 
57 0.48 1.05 No Ac; transformation 
58 0.23 1.07 1055 1143 88 0.8 
61 0.40 1.38 No Acz transformation 
64 0.54 0.60 1056 1166 110 Le 
65 0.31 0.35 996 1034 38 7.0 
66 0.35 0.32 1006 1054 48 6.0 
67 0.57 0.63 1060 1145 85 1.6 
68 0.18 0.40 969 999 30 7.6 
71 0.36 0.44 1018 1127 109 5.0 
75 0.49 1.34 No Acs transformation 
76 0.35 1.33 No Ac; transformation 
77 0.93 0.25 No Acs transformation 
78 1.12 0.59 No Ac; transformation 
79 0.70 0.64 No Acs transformation 
83 0.30 1.33 No Ac; transformation 
84 0.17 1.28 1109 1127 18 0.3 


system was to define the boundary between austenitic and ferritic 
alloys when both vanadium and titanium are present in varying 
amounts in iron. Those alloys which undergo the alpha-to-gamma 
transformation are called austenitic, whereas those which do not un- 
dergo the transformation are termed ferritic. 

The results of the dilatation study are presented in Table III. 
Fig. 4 illustrates the type of data obtained for each alloy. Since both 
ends of the sample are at the same temperature, the data for both 
thermocouples will fall on the same curve, and only one dilatation 
curve is plotted for each run in contrast to the two curves for each 
dilatation run by the technique used in the study of the binary system. 

Fig. 5 is a plot of the alloys studied. Since only the iron-rich 
corner of the system was studied, Fig. 5 is actually a small corner 
of the much larger triangle representing the complete system. Roe 
and Fishel (5) reported that 0.75% titanium is necessary to eliminate 
the Acs transformation in iron-titanium alloys, and this point is 
plotted on the iron-titanium side of the triangle. The curved line on 
the graph connecting 1.5% vanadium and 0.75% titanium represents 
the boundary between austenitic and ferritic alloys. It is apparent 
that titanium and vanadium are not strictly additive in their effect 
on the Acg transformation in iron. If they were additive, the bound- 
ary between the ferritic region and the austenitic region would be a 
straight line drawn between 1.5% vanadium on the iron-vanadium 
side of the diagram and 0.75% titanium on the iron-titanium side of 
the diagram. 


The data presented in Fig. 5 indicate that the addition of 
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Fig. 4—Dilatation Curve of Alloy 65. 0.31% 
titanium, 0.35% vanadium. 


titanium to an iron-vanadium alloy reduces the amount of vanadium 
required to produce a closed gamma region; however, the effect of 
titanium is very small until more than 0.2% has been added. Like- 
wise, the addition of vanadium to an iron-titanium alloy reduces the 
amount of titanium required to produce a closed gamma region, but 
the effect of vanadium is negligible until more than 0.2% has been 
added. It will be recalled that there is a minimum point in the 
gamma loop of each of the two-component systems at approximately 
0.2% of alloying element. It is probable that this lowering of the 
Acs transformation temperature by the first 0.2% of titanium or 
vanadium when added to iron alone is related to the very small effect 
of either when added in small quantities to a binary alloy of iron and 
the other metal. 

Fig. 6 is a plot of the iron-rich corner of the iron-vanadium- 
titanium system showing isothermal sections for several different 
temperatures. These isotherms were drawn using data obtained in 
this work and the data of Roe and Fishel (5) on the iron-titanium 
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Fig. 5—Iron-Rich Corner of Iron-Vanadium-Titanium System. 


system. For example, Alloy 65 begins to undergo the Acs transfor- 
mation at 996 °C (1825 °F). From the iron-vanadium equilibrium 
diagram, the composition of an alloy which begins the Acg transfor- 
mation at this temperature is found to be approximately 1.1% vana- 
dium. Likewise, the iron-titanium composition which begins the 
transformation at 996°C (1825 °F) is found to be approximately 
0.6% titanium from the diagram of Roe and Fishel (5). A curve 
was drawn through these three points being guided also by the data 
obtained for other samples in the vicinity of the curve. Then, any 
composition which falls on this curve should begin the Acg transfor- 
mation at 996°C (1825°F). The other isotherms were drawn in 
this same manner through the points on the diagram representing an 
alloy, and from these isotherms one is able to get an idea of the Acg 
transformation temperature of almost any composition within the 
austenitic region. 


The effect of titanium on the gamma iron region of the iron- 
vanadium-titanium system is readily apparent in Fig. 7 in which 
iron-vanadium constitution diagrams are plotted at increasing tita- 
nium levels. Curve 1, which is the outer curve of Fig. 2, marks the 
limit of the gamma iron region in the iron-vanadium system. Curves 
2, 3 and 4 indicate the extent of the gamma iron region at titanium 
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Fig. 8—Model of Iron-Rich Corner of Iron-Vanadium-Titanium System. 


levels as indicated on the figure. The encircled points of Fig. 7 were 
determined experimentally, but the other points which were used to 
define Curves 2, 3 and 4 were obtained from Fig. 6 by reading the 
vanadium*composition at the point at which a given titanium com- 
position line intersected a transformation isotherm. 

A three-dimensional model of the iron-rich corner of the iron- 
vanadium-titanium system was constructed from the data, and a 
photograph of this model is presented in Fig. 8. Temperature of 
transformation is the vertical axis in the photograph, and the small 
vertical rods represent alloys from which data were obtained. The 
surface shown in the model encloses the gamma region. 


SUMMARY 


Dilatation studies were made on the iron-vanadium and the iron- 
vanadium-titanium systems in order to determine the Acg transfor- 
mation temperatures. It was determined that a small amount of 
vanadium of the order of 0.2% lowers the temperature of the Acs 
transformation in iron to 896 °C (1645 °F) and that greater amounts 
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of vanadium raise the temperature of the transformation until it is 
eliminated when more than 1.5% of vanadium has been added. 

In the three-component system, vanadium and titanium at low 
concentrations are more than additive in their effect on the Acg 
transformation in iron, and at higher concentrations they are less 
than additive. The addition of vanadium to the iron-titanium system 
lowers the amount of titanium required to produce a closed gamma 
loop as is the case when titanium is added to the iron-vanadium 
system, but the effect of the first 0.2% of either titanium or vanadium 
when added to a binary alloy of iron and the other metal is very small. 
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DISCUSSION 


Written Discussion: By W. A. Pennington, chief chemist and metal- 
lurgist, Carrier Corp., Syracuse, N. Y. 

It is good to have another paper from the Vanderbilt Laboratories on 
gamma loop studies. The state of exact knowledge, as shown in Table I, 
certainly indicates the need for some careful research in this field. The 
science is indebted to the authors for taking this step forward. 

The reviewer prepared a discussion of the paper by Roe and Fishel* 
in which several objections were raised to the use of confusing concepts 
related to the thermal critical points. There is not nearly so much con- 
fusion in the present paper, but there still is enough to excite concern. 





. ®W. P. Roe and W. P. Fishel, “Gamma Loop Studies in the Iron-Titanium, Iron- 
Chromium, and Iron-Titanium-Chromium Systems’’, Transactions, American Society for 
Metals, Vol. 44, 1952, p. 1030. 
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For example, the present authors still refer to Acy. The reviewer is 
asking again what is the meaning of Acs? It is easily understood where 
applied to pure iron, but what is it in alloys? Acs, on the contrary, is 
quite clear in that it is a line which indicates the complete transformation 
of alpha to gamma iron on heating. A system of nomenclature was sug- 
gested in our review of the previous paper; it is still felt that its use 
would add clarity in the presentation of the authors’ data given in the 
present paper. 

A serious objection can be raised to representing the point for Alloy 
36 (1.47% and 1118 °C) as it is in Fig. 2. In Table II, it is given in the 
column headed “Acs Ends’. Consequently, one would think that it be- 
longs on the inner loop, in Fig. 2, simply because this loop is designated 
“Acs Ends”. It is not on nor does it belong on this loop and, if it repre- 
sents the ending of Acs, there are points representing the ending of Ac; 
which do not fall on the inner loop. Our suggested nomenclature would 
be free of this inconsistency. 

Furthermore, if this point is to be in the figure at all, it should not be 
an open circle. It is unique in that it is the only point in the figure which 
does not belong on either the inner or outer loop—it would be more appro- 
priate to designate it with a different mark to stress its uniqueness. One 
is likely to think that it belongs on the outer loop and that the datum is 
just incorrect. It detracts from the accuracy of the authors’ work. 

[t is encouraging to find that a technique has been worked out where 
the whole sample has a rather uniform temperature at a given time. It 
is certainly an improvement to have only a single dilatation curve to 
interpret. 

It is interesting to note that the effect of titanium and vanadium is 
not additive but that the combination tends to extend the loop further. 


Authors’ Reply 


The authors are grateful to Dr. Pennington for his interest not only 
in this paper but also in previous papers from the same laboratory. 

There are no serious objections to the use of the system of nomen- 
clature as set forth by Dr. Pennington in his discussion of the paper by 
Roe and Fishel*®. However, several lines would have been required to ex- 
plain the new system and we hesitated to add additional symbols to a 
heavy list. The “Ac” terms were used as they were originally defined by 
Osmond for pure iron, since we were seeking the effect of alloying ele- 
ments on the transformation of alpha iron to gamma iron. As used in 
this paper, “Acs” refers to the alpha- (BCC) to-gamma (FCC) transfor- 
mation on heating, and “Ac,” refers to the gamma-to-delta (BCC) trans- 
formation on heating. These transformations are isothermal in pure iron, 
but that is not the case in the iron-vanadium and the iron-vanadium- 
titanium systems; thus, it was necessary to show the beginning and the 
end of each transformation. 

In the iron-carbon system, the Acs line is actually the end of the 
transformation which began at Ac:. If the systems studied in this paper 
are compared to the iron-carbon systems, the confusion is apparent. The 
alloys studied in this work contained no carbon and if they had contained 
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carbon, it would have been bound as a carbide insoluble below 1100 °C 
(2010 °F) and would not have affected appreciably the alpha-to-gamma 
transformation. Therefore, we felt justified in using the “Ac” terms as 
they are used for pure iron, with the modification necessary to show that 
the transformations are not isothermal in these systems. 

We agree with Dr. Pennington that Alloy 36 is unique, and his sug- 
gestion that it be designated with a different mark is a good one. Some 
discussion of this point was included in the paper, and it was thought that 
this discussion pointed to the fact that the end of the alpha-to-gamma 


transformation in this alloy would not be expected to fall on the curve 
marked “Acs Ends”. 





CORRELATION BETWEEN HEAT TREATMENT, 
MICROSTRUCTURE AND MECHANICAL PROPERTIES 
OF TITANIUM-MOLYBDENUM. ALLOYS 


By D. J. DELAzARo AND W. RosTOKER 


A bstract 


Tensile and impact properties were obtained for a 
wide range of time and temperature combinations of iso- 
thermal transformation. These results were compared 
with the same heat treatments given after prior water 
quenching. The results were correlated with microstruc- 
tural characteristics and with previously determined TTT- 
charts. In particular, it was found that a close correla- 
tion existed between certain microstructural characterts- 
tics and embrittlement. 


INTRODUCTION 


AY PART of a program of research directed toward the develop- 
ment of an understanding of the principles of heat treatment of 
titanium alloys, the titanium-molybdenum system was chosen for 
study as a characteristic type of phase diagram. The phase equilibria 
(1)* involve the simple stabilization of the high temperature beta 
modification to successively lower temperatures with increasing mo- 
lybdenum contents. The alpha modification is restricted to solubility 
limits of less than 1% molybdenum. There are no known interme- 
diate phases in the Ti-Mo system. 

In a previous paper (2) it was shown that the beta phase on 
undercooling below the 8/a-+ 8 boundary can transform either by 
rejection of alpha of equilibrium composition with conventional nu- 
cleation and growth characteristics or by martensitic-type rejection 
of a supersaturated a which is commonly referred to as a’.. The 
isothermal transformation kinetics were summarized as “C’’ curves 
on conventional time-temperature-transformation charts. It was evi- 
dent from the microstructures that variations in time-temperature 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
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combinations of isothermal transformation could develop a wide range 
of precipitate sizes, shapes and configurations. 

3y water quenching, the 8 phase transformed to a’ in amounts 
which decreased with increasing molybdenum content. An 11% 
molybdenum alloy showed completely retained 8. On reheating, the 
a’ reverts by some as-yet undetermined mechanism to equilibrium a. 
The retained 8 transforms to (a+ 8). Thus an understanding of 
the nature of quenching and reheating is complicated by two quite 
different transformation processes. 

To obtain a comprehensive appreciation of the heat treatability 
of Ti-Mo alloys, the mechanical properties and associated micro- 
structures of 3, 7 and 11% molybdenum alloys were studied for three 
basic conditions of heat treatment : 

(a) Isothermally transformed state as developed by quenching 
directly to the transformation temperature from the solution treat- 
ment temperature. 

(b) Water-quenched state. 

(c) Quenched and reheated state. 

An arbitrary but systematic selection of time-temperature com- 
binations of isothermal heat treatments was made. Although these 
alloys begin to transform within seconds in some instances, it was 
felt that no technical significance could be attached to heat treatments 
of less than 5 minutes duration. Actually the trends of data obtained 
indicated that no benefit is likely to derive from shorter heat treat- 
ments. Reheating schedules for “tempering” treatments were chosen 
to be the same as the isothermal transformation to provide a con- 
venient basis for comparison. 


PREPARATION AND TESTING OF ALLOYS 


30th tensile and impact testing were conducted on the heat 
treated titanium alloys. Magnesium-reduced sponge titanium was 
used exclusively in the course of the investigation. As-melted sponge 
hardnesses were of the order of 140 VHN. Molybdenum powder 
of —325 mesh size and 99.9+-% purity was used in compacted form 
to make master alloy melts containing 60% molybdenum. Alloys 
were prepared by a double melting procedure designed to provide 
complete solution of the alloying elements. The first melting stage 
was performed in a nonconsumable electrode, water-cooled copper 
crucible, arc melting furnace using multiple 100-gram weighed 
charges. Ingots of 1 kilogram so melted were forged to ™%4-inch 
diameter rods. The rods were cleared of adherent oxide scale by 
shot blasting and pickling before using as electrodes in a consumable 
electrode arc melting furnace. The final ingot was ground to remove 
surface defects and then forged to either %4-inch diameter rod or 
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Fig. 1—TTT-Chart and Tensile Properties of a 3% Molybdenum Alloy as 
Isothermally Transformed. 


4 by Y%-inch square rod. Forging temperatures were of the order 
of 1000 °C (1830 °F). 

The specimens were cut into suitable lengths and heat treated 
according to the planned program. Solution treatments were con- 
ducted in a horizontal tube furnace dynamically purged with helium 
taken directly from the tank. Isothermal heat treatments were per- 
formed in lead baths. Molten lead was shown by prior experimen- 
tation to be substantially inert to titanium for any of the time periods 
used. 

Shoulder-type tensile test pieces were machined to provide a 
0.252-inch test diameter and a 1l-inch gage length. It was not found 
that any of the heat treatments developed prohibitive difficulties in 
machining specimens. V-notch Charpy-type impact test pieces were 
made by milling and grinding. The test piece dimensions were ac- 
cording to»the standards adopted for steel, i.e., 0.394 by 0.394 by 
2.165 inches; 45-degree notch; 0.010-inch radius at the root of the 
notch. Portions of all test pieces were examined metallographically 
after testing. 


TENSILE PROPERTIES OF ISOTHERMALLY TRANSFORMED ALLOYS 


Tensile properties including ultimate tensile strength, reduction 
in area and elongation at fracture are summarized graphicaliy for the 
three alloys in Figs. 1, 2 and 3. The data have been superimposed 
upon the TTT-charts at their particular coordinates of time and 
temperature of isothermal transformation. Tensile results for the 
water-quenched and air-cooled states are also included. About half 
of the results are averages of duplicate tests; the rest are representa- 
tive of singular tests. Reproducibility was generally good. Non- 
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Fig. 2—TTT-Chart and Tensile Properties of a 7% Molybdenum Alloy as 
Isothermally Transformed. 
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Fig. 3—TTT-Chart and Tensile Properties of an 11% Molybdenum Alloy 


as 
Isothermally Transformed. 


reproducibility was almost always traceable to the presence of un- 
melted molybdenum master alloy inclusions. 

An analysis of the data as a whole has led to the following 
conclusions : 

(a) Heat treatment can unquestionably induce a wide range of 
strengths and ductilities. A cursory examination of the water- 
quenched and air-cooled states does not give any sound indication of 
the potential variation in properties of an alloy. 

(b) The range of available tensile strengths increases with 
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Summary of Strength and Ductility Limits Exhibited by Ti-Mo Alloys (3, 7 and 114) 
as Isothermally Transformed 


U.T.S. Level % R.A. % Elong. 
% Mo psi X 105 Range Range 
3 100-110 7-19 6-14 
111-120 12-63 0-36 
121-130 6-43 9-20 
131-140 7-24 3-35 
141-150 8-14 3-12 
7 100-110 14—20 17-20 
111-120 11 3 
121-130 0-54 0-28 
131-140 8-49 2-23 
141-160 0-14 2-9 
161-180 0-5 O 3 
11 100-110 13-14 5-16 
111-120 9-50 3~16 
121-130 11-49 3-25 
131-140 0-40 0-15 
141-150 3-20 3-11 
151-160 0-21 2-9 
161—220 0-5 0-3 


increasing alloy content. Table I summarizes strength levels and 
ductility ranges for each of the three alloys. 

(c) All three alloys can be heat treated to provide sufficient 
ductility for any commercial fabrication process. 

(d) Under improper heat treatment conditions, both the 7 and 
11% alloys can be embrittled. It seems generally the case that in 
the early stages of transformation, ductilities are low. This tendency 
can account for the lack of ductility often encountered in air-cooled 
alloys. 


Table II 
Tensile Properties of Quenched and Reheated Alloys Containing 3% Molybdenum 
Heat Treatment* Ultimate Tensile R.A. Elongation 
Strength, psi q J 
800 °C—15 min. 116,000 17 4.7 
30 min 119,000 28 12.5 
60 min. 118,800 19 7.8 
750°C— 5 min. 154,800 3 1.6 
15 min. 137,200 38 18.8 
30 min. 115,500 22 14.1 
60 min. 125,000 35 14.1 
700 °C 5 min. 139,600 0 0 
15 min. 163,200 5 4.7 
30 min. 130,000 22 12.4 
60 min. 138,300 11 4.7 
650 °C— 5 min. 178,600 3 0 
15 min. 138,600 8 4.7 
30 min. 171,400 3 0 
60 min. 160,000 26 7.8 


*Solution-treated at 1000°C for 20 minutes, water-quenched and reheated as indicated. 


(e) High ductilities and low tensile strengths are generally 
favored by completion of transformation at temperatures above the 
‘‘knee” of the TTT-curves. Conversely, high strength and low duc- 
tilities occur upon isothermal transformation below the “knee”’ of the 
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Table III 
Tensile Properties of Quenched and Reheated Alloys Containing 7% Molybdenum 


Heat Treatment* Ultimate Tensile R.A. Elongation 
Strength, psi J % 
750°C 5 min. 144,800 s oo 
15 min. 133,000 3 4.7 
30 min. 132,200 24 ta.2 
60 min. 138,800 46 21.9 
700°C 5 min. 127,000 0 0 
15 min. 149,600 s 6.3 
30 min. 151,800 & 4.7 
60 min. 142,400 2 Dua 
650 °C 5 min. 178,000 0 0 
15 min. 164,000 0 0 
30 min. 158,800 8 3.3 
60 min. 142,400 i8 3.1 
600 °C—15 min. 166,000 2 1.6 
30 min 170,000 0 1.6 
60 min. 177,200 0 0 
550°C 5 min. 137.400 0 0 
15 min 142,400 0 0 
30 min. 181,800 0 0 
60 min. 154,000 0 0 
*Solution-treated at 1000°C, water-quenched and reheated as indicated. 


TTT-curves. Unlike conventional age hardening, peak strengths 
occur after appreciable visible transformation. 

(f) The as-quenched tensile properties indicate that a’ is not 
a profound strengthener nor does it appear to impart brittleness. 


TENSILE PROPERTIES OF QUENCHED AND REHEATED ALLOYS 


Tables II, III, and IV summarize the tensile data for the three 
alloys on single-specimen tests for the range of time-temperature 
combinations used. 

An examination of the data leads to the following statements: 

(a) Ductilities of the 3% alloy are substantially similar to those 
obtained by isothermal transformation. The 650 °C (1200 °F) level 
gave definitely inferior ductilities. In two cases of short-time reheat- 
ing, definite embrittlement was encountered. The quench and temper 
method produced some unusually high strengths in individual cases 
but at a sacrifice of ductility. 

(b) The 7% alloy below 750°C (1380°F) (except in one 
case) and the 11% alloy generally are rendered seriously deficient 
in ductility. The strength levels of the 7% alloy were about the same 
and of the 11% alloy generally higher than encountered under the 
same time-temperature conditions of isothermal heat treatment. 


CHARPY IMPACT STRENGTHS OF ISOTHERMALLY TRANSFORMED 
ALLOYS 


Figs. 4, 5 and 6 graphically summarize the impact strengths of 
the three alloys in various stages of isothermal transformation. Ex- 
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Fig. 4—TTT-Chart and Charpy Impact Properties of a 3% Molybdenum Alloy 
as Isothermally Transformed. 
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Fig. 5—-TTT-Chart and Charpy Impact Properties of a 7% Molybdenum Alloy 
as Isothermally Transformed. 


Table IV 





Tensile Properties of an 11% Molybdenum Alloy in the Quenched and Reheated State 
Heat Treatment* Ultimate Tensile R.A. Elongation 
Strength, psi % % 
700 °C— 5 min. 157,000 0 0 
30 min. 155,400 5 0 
60 min. 148,400 13 1.6 
650 °C— 5 min 131,600 4 0 
30 min. 162,200 5 1.6 
60 min. 155,600 5 4.7 
600 °C— 5 min. 190,000 3 0 
30 min. 181,000 0 0 
60 min. 168,800 7 1.6 
500 °C— 5 min. 93,000 0 0 
30 min. 120,000 0 0 
as 60 min. 146,000 0 0 


*Solution-treated at 1000°C for 20 minutes, water-quenched and reheated as indicated. 
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Fig. 6—TTT-Chart and Charpy Impact Properties of an 11% Molybdenum Al 
loy as Isothermally Transformed. 


amination of these results shows that impact strength follows the 
same general trend as tensile ductilities, namely: 

(a) Initial stages of transformation produces structures of low 
impact strength. This is particularly true in the 7 and 11% alloys. 

(b) Low temperature transformations below the “knee”’ of the 
TTT-curves generally develop low impact strengths. 

(c) High impact strengths are associated with advanced stages 
of isothermal transformation at temperatures above the knee of the 
TT T-charts. 

(d) Impact strengths of air-cooled alloys are generally low. 
Water quenching from the solution treatment temperature gives def- 
initely superior impact strengths but in all cases neither air-cooled 
nor water-quenched properties are indicative of optimum available 
impact strengths. 


Table V 
Impact Properties of Quenched and Reheated Alloys Containing 3% Molybdenum 


Charpy Impact Strength 


Heat Treatment* (ft-lbs) 
800 °C— 5 min. 27.5 
30 min. 22 
60 min. 35.5 
750 °C— 5 min. 25 
30 min. 30 
60 min. 26.5 
700 °C— 5 min. 20 
30 min. 28 
60 min. 25.5 
650°C— 5 min. 16 
30 min. 21 
60 min. 22 


*Water-quenched from 1000°C and reheated as indicated. 
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Table VI 





Impact Properties of Quenched and Reheated Alloys Containing 7% Molybdenum 
Charpy Impact Strength 

Heat Treatment* (ft-lbs) 

750 °C— 5 min. 14.0 ‘ 
15 min. 14.0 é 
30 min. 3.5 . 
60 min. 19.0 

700 °C— 5 min. 9.5 
15 min. 15 
30 min. 18.5 \ 
60 min. a8 

650 °C— 5 min. 5.0 
15 min. 9.0 
30 min. lg.o ‘ 
60 min. 13.5 ' 

600 °C 5 min. 5.0 ; 
15 min. 5.0 
30 min. 5.0 
60 min. 7.2 

550°C 5 min 3.5 
15 min 4.0 
30 min. 4.0 
60 min. 4.5 

500 °C 5 min. 3.5 
15 min. 3.5 
30 min. 3.0 
60 min. 3.e 


*Water-quenched from 1000°C and reheated as indicated. 


eeenoont 


Table VII 


Charpy Impact Properties of Quenched and Reheated 
Alloys Containing 11% Molybdenum 


Charpy Impact Strength 


ALLA DIE 


Heat Treatment* (ft-lbs) 
700°C 5 min. 9.5 
30 min. 9.0 ' 
60 min. 9.5 
650°C 5 min. 10.5 
30 min. 3.2 
60 min. 11.0 
600 °C 5 min. 9.0 i 
30 min. 9.0 
60 min. 10.0 ' 
550°C— 5 min. 1.5 
30 min. 8.0 
60 min. 10.0 
500 °C 5 min. 1.0 
30 min 1.0 
60 min. 1.0 
450 °C— 5 min. 1.0 
30 min. 1.0 
60 min. 1.0 


*Water-quenched from 1000°C and reheated as indicated. 


CHARPY IMPACT STRENGTHS OF QUENCHED AND REHEATED ALLOYS 


Tables V, VI and VII summarize the impact strengths of the 
three alloys after reheating water-quenched structures for various 
combinations of temperatures and times. These are to be compared 
with Figs. 4, 5 and 6. The results are consistent with the trends 


; 
: 
: 
: 
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Figs. 7-10—11% Molybdenum Alloy Solution-Treated at 1000 °C for 20 Minutes 
and Isothermally Transformed as Indicated for 60 Minutes. X 750. 

Fig. 7—700°C; UTS = 126,400 psi; % R.A. = 49.2; % Elong. = 22.0. 

Fig. 8—650°C; UTS = 131,400 psi; % R.A. = 39.6; % Elong. = 14.9. 

Fig. 9—600 °C; UTS = 154,000 psi; % R.A.=21.4; % Elong.= 9.4. 

Fig. 10—550°C; UTS = 180,800 psi; % R.A.= 0 ; % Elong.= 0. 


of tensile properties. The 3% molybdenum alloy is not significantly 
affected by the choice of reheating schedule. There is a general 
improvement over the water-quenched state but also a general inferi- 
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Figs. 11-13—3% Molybdenum Alloy Solution-Treated at 1000 °C for 20 Minutes 
and Isothermally Transformed at 700°C for Indicated Times. > 750. 


Fig. 11—15 minutes; UTS = 134,000 psi; % R.A.= 7; % Elong.= 3.1. 

Fig. 12—30 minutes; UTS 114,000 psi; % R.A. = 36; % Elong. = 15.6. 

Fig. 13—60 minutes; UTS = 111,000 psi; % R.A. = 63; % Elong. = 26.5. 

Fig. 14—11% Molybdenum Alloy Isothermally Transformed at 700°C for 15 
Minutes; UTS = 113,200 psi; % R.A. =9; % Elong.=3.0. x 750. 


ority to optimum properties which can be developed by simple iso- 


thermal transformation. 
The 7 and 11% molybdenum alloys show consistently inferior 
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Fig. 15-17—7% Molybdenum Alloy Solution-Treated at 1000 °C, Water-Quenched 
and Reheated to 750°C for Indicated Times. X 750. 


Fig. 15— 5 minutes; UTS = 144,800 psi; % R.A. = 
Fig. 16—30 minutes; UTS = 132,200 psi; % R.A. = 
Fig. 17—60 minutes; UTS = 138,800 psi; % R.A. = 46; % Elong. = 21.9. 


Fig. 18—3% Molybdenum Alloy Quenched From 1000°C and Reheated to 700 
°C for 5 Minutes. UTS = 139,600 psi; % R.A. =0; % Elong.=0. X 750. 


8; % Elong. 
24; % Elong. 


33. 
12.5. 


impact strengths in the quenched and reheated condition as com- 
pared with the isothermally transformed state. 
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Fig. 19—11% Molybdenum Alloy Quenched From 1000 °C and Reheated to 650 
°C for 60 Minutes. UTS = 155,600 psi; % R.A. =0; % Elong.=0. X 750. 


Fig. 20—11% Molybdenum Alloy Quenched From 1000 °C and Reheated to 500 
C for 60 Minutes. UTS = 146,000 psi; % R.A.=0; % Elong.=0. xX 750 


CORRELATION OF MECHANICAL PROPERTIES WitH MICROSTRUCTURE 


Examination of the microstructures of the actual test pieces was 
very informative. Selected groups of microstructures have been in- 
cluded in this paper to illustrate significant factors. 

The structures of an 11% molybdenum alloy transformed iso- 
thermally for 60 minutes at 700, 650, 600, and 550 °C (1290, 1200, 
1110, and 1020 °F) are shown in Figs. 7 to 10 respectively. Tensile 
strengths progress from 126,400 to 184,800 psi, and reductions in 
area from 49.2 to 0%, in the order of temperatures given. All struc- 
tures are apparently in an advanced state of transformation. The 
main microstructural parameters affected by heat treatment are the 
general dimensions of the rejected a. As the transformation is low- 
ered the a platelets become finer. Between 600 and 550°C (1110 
and 1020 °F), they cease to appear as platelets and assume the form 
of fine irresolvable dispersions. Coincidentally, the ductilities drop 
sharply. It has been a general observation that this fine irresolvable 
a is characteristic of high strengths and severe embrittlement. 

At any given temperature, ductility increases as the structure 
becomes more uniformly transformed. The early stages of trans- 
formation in Ti-Mo alloys are prone to be confined to the f# grain 
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Figs. 21-24—7% Molybdenum Alloy Isothermally Transformed for 60 Minutes 
at Temperatures Indicated. X 500. 


Fig. 21—700 °C; Charpy impact strength 3 

Fig. 22—650 °C; Charpy impact strength = 22.5 ft-lbs. 

Fig. 23—600 °C; Charpy impact strength=—12 ft-lbs. 
5 


35 ft-lbs. 
? 


Fig. 24—550 °C; Charpy impact strength= 5.5 ft-lbs. 


boundaries. This appears to be associated with low ductilities. Good 
ductilities appear to develop only as the transformation progresses 
throughout the interior of the grains. A typical time sequence for a 
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Figs. 25-28—3% Molybdenum Alloy Isothermally Transformed at 800°C for 
Indicated Times. X 500. 


Fig. 25— 5 minutes; Charpy impact strength= 8.5 ft-lbs. 
Fig. 26—15 minutes; Charpy impact strength= 8.0 ft-lbs. 
Fig. 27—30 minutes; Charpy impact strength = 6.25 ft-lbs. 
Fig. 28—60 minutes; Charpy impact strength = 26 ft-lbs. 


3% molybdenum alloy is given in Figs. 11, 12 and 13. In this par- 
ticular case, reductions in area at fracture increased from 7% for a 
15-minute transformation time to 63% for a 60-minute holding time. 
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Fig. 29—11% Molybdenum Alley Air-Cooled From 1000 
C; Charpy Impact Strength 2.75 Ft-Lbs x 500. 


Another example of grain boundary embrittlement is shown in Fig. 
14 as a result of a 15-minute transformation of an 11% molybdenum 
alloy at 600 °C (1110 °F). 

On quenching 3 and 7% molybdenum alloys, a large proportion 
of 8 transforms martensitically to a’. On reheating, the a’ reverts 
to a of equilibrium composition. In doing so, it loses much of its 
definition on etching. Concurrently, the 8 rejects a from super- 
saturation. At 750 °C (1380 °F), an elevated reheating temperature, 
the two processes in a 7% molybdenum alloy cannot readily be dis- 
tinguished. The structures at three time intervals are shown in Figs. 
15, 16 and 17. Reductions in area increase from 8 to 46% as the 
reheating time is increased from 5 to 60 minutes. At 650°C (1200 

F) for 15 minutes, the same alloy is severely embrittled. Exami- 
nation of the microstructure in Fig. 18 reveals localized rejections 
of a at the grain boundaries which was recognized earlier as dele- 
terious. 

On quenching, the 11% molybdenum alloy appears to be undis- 
turbed retained 8. In this state, ductility is very high. However, on 
reheating, the ductilities were generally quite low. Examination of 
the microstructures shows that a was rejected in the fine irresolvable 
dispersion form which was earlier recognized as indicative of em- 
brittlement. Only at 750°C (1380°F) does the precipitated a ap- 
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pear to resolve into very fine platelets. The ductilities at this tem- 
perature are somewhat better. Figs. 19 and 20 show typical micro- 
structures. It is an open question why the precipitation character- 
istics of this alloy are so radically changed by a preliminary quench 
to room temperature. 

Effects of a size and distribution can similarly be shown to be 
related to impact strengths. The microstructures of a 7% molybde- 
num alloy isothermally transformed for 60 minutes at 700, 650, 600 
and 550 °C (1290, 1200, 1110 and 1020 °F) respectively are shown 
in Figs. 21 to 24. Again with decrease in a dimensions, impact 
strengths fall rapidly from 35 ft-lbs to 3.25 ft-lbs with decreasing 
transformation temperature. Figs. 25 to 28 provide a time sequence 
at 700 °C (1290 °F) for a 3% molybdenum alloy in which impact 
strengths develop from 8.5 to 26 ft-lbs. Again it seems clear that 
predominantly grain boundary precipitation contributes to low impact 
strengths. Fig. 29 is an example of the copresence of two detri- 
mental conditions, fine irresolvable a within the grain and platelet a 
confined to the grain boundaries as developed by air cooling from 
1000 °C (1830 °F). The resultant impact strength is only 2.5 ft-lbs. 


SUM MARY 


1. Heat treatment can develop wide ranges of strength ductility 
and impact strength in these alloys. Available ranges of properties 
increase with alloy content. 

2. In the case of the 7 and 11% molybdenum alloys, isothermal 
transformation gives strength-ductility combinations and impact 
properties generally superior to those obtained by quenching and 
reheating. 

3. Mechanical properties can be correlated with time-tempera- 
ture coordinates on TTT-charts. 

4. Two microstructural conditions can be recognized as impair- 
ing ductility and impact strengths. Specifically these are fine irre- 
solvable alpha of nodular rather than plate-like appearance, and grain 
boundary precipitation of alpha as developed in early stages of trans- 
formation. 

5. High ductilities are associated with coarse precipitates of 
alpha uniformly distributed throughout the grain structure. 
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DISCUSSION 


Written Discussion: By C. W. Phillips, instructor, University of 
Michigan, Ann Arbor, Mich. 

The authors’ conclusions regarding the effect of alpha particle size on 
mechanical properties are correct, but they appear to have oversimplified 
the relationships involved in ignoring the marked differences in beta com- 
position, which varies between about 6 and 36% molybdenum, and the 
relative proportions of alpha and beta, which under equilibrium conditions 
vary between about 15 and 50% beta. 

It is not immediately apparent from the data what the effects of 
these variations are if divorced from the alpha particle size, but a com 
parison of Figs. 7 and 14 indicates the difference between structures of 
similar alpha particle size, quantity, and distribution, but of different beta 
matrices. 


The presentation of the data as in Table I tends to obscure the essen- 
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Fig. 30—Tensile Strength Versus Per Cent Elongation and Ten 
sile Strength Versus Reduction of Area of Isothermally Transformed 
and Quenched and Reheated 7% Molybdenum Alloy. 
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tial relationship between the properties listed. Plotting tensile strength 
versus elongation and tensile strength versus reduction of area for all 
alloys in all conditions of heat treatment reveals that above 165,000 psi 
the elongation is 2% or less, and the reduction of area is 5% or less. 
Below this the points fan out to high ductility —low strength values, with 
scatter between zero and maximum ductility to the lowest strengths. 
There are too few points in a given condition of heat treatment to try to 
correlate precise limits of ductility over narrow ranges of tensile strength. 

Fig. 30 is a plot of both isothermal and quenched and reheated tensile 
strength versus elongation and reduction of area of the 7% molybdenum 
alloy. This graph indicates that the implication that all quench and reheat 
treatments of the 7% molybdenum alloy result in ductilities inferior to 
those of isothermal transformation, as given in item (b), Tensile Proper- 
ties of Quenched and Reheated Alloys, is unwarranted. It may be seen 
that, although quenched and reheated treatments with low strengths are 
numerically fewer than those involving isothermal transformation, the dis- 
persions of the two groups in the high strength range are essentially the 
same. 

The evidence in the case of the 11% molybdenum alloy is hardly more 
convincing, since fracture with zero elongation often results in erroneously 
low tensile strengths. It is obvious that the quench and reheat treatments 
utilized resulted in a numerical preponderance of high strength—low duc- 
tility values. It appears that in order to get quench and reheat properties 
similar to those from isothermal transformation, it is necessary to reheat 
to a temperature higher than that at which isothermal treatment is car- 
ried out. Thus, a 1380°F (750°C) reheat of the 11% molybdenum alloy 
might be expected to yield results of lower strength, higher ductility. 

It is unfortunate that yield strengths were not obtained, since these 
are of greater utility in design than tensile strengths. 

The statement in item 4, Summary, regarding the nature of alpha may 
be misleading. If particles are truly irresolvable, their shape cannot be 
determined. They are probably platelets, even when unresolved. 

The lower branches of the “transformation start” curves in Figs. 3 
and 6 appear to be mislabeled. 


Authors’ Reply 


Dr. Phillips presents a constructive discussion to our paper. A point 
is made that consideration might be given to the influence of enrichment 
of the beta phase in molybdenum content during transformation. At first 
thought one might expect enriched beta to exercise some strengthening 
influence independent of phase mixture configurations. However, unpub- 
lished information obtained at this laboratory indicates that this at best 
is a very minor factor. The 30% molybdenum alloy in the retained beta 
state has a tensile strength of only 130,000 psi. This is only 18,000 psi 
higher than the strength of an 11% molybdenum alloy. Accordingly, 
variations of the order of 50% in total proportion of beta are not likely 
to be distinguishable. 

The authors had the intention in Table I of offering a convenient and 
concise summarizing picture of some of the results obtained. The graph- 
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ical presentation of Fig. 30 does indeed offer better visual appreciation for 
an individual alloy. 

It appears that a restatement is in order of interpretation of the 
comparative behavior of the direct isothermal transformation versus the 
quenched and reheated transformation characteristics. We wished only 
to convey that for identical temperature-time combinations of heat treat- 
ment there was a definite preponderance of instances when the quenched 
and reheated state yielded more brittle tensile and impact behavior as 
compared to the analogous direct isothermal transformation. 


This is re- 
flected in the differences in microstructure. 


We feel that it is very prob- 
able that the embrittled alloys can be rendered somewhat more ductile by 
protracted annealing at temperature or by the choice of alternative tem- 
perature-time combinations. Little purpose is served by applying the 
semistatistical comparison in Fig. 30. 

On the matter of the shape of the fine alpha precipitates, 
properly say anything definitive from the magnifications used. We uncon- 
sciously had in mind the excellent electron micrographs of this type of 
structure shown in a paper by Frost et al*, in which the nodular shape is 
clearly demonstrated. 


one cannot 


2P. D. Frost, W. M. Parris, L. L. Hirsch, J. R. 


Doig and C. M. Schwartz, ‘Isothermal 
C‘ransformation of Titanium-Chromium Alloys”’, 


see this volume of TRANSACTIONS. 





TITANIUM-NITROGEN AND TITANIUM-BORON 
SYSTEMS 


By A. E. Patty, H. MARGOLIN AND J. P. NIELSEN 


Abstract 


: On the basis of metallographic, X-ray diffraction, and 
melting point data, the Ti-N and Ti-B phase diagrams 
were delineated in the respective composition regions up 
to 17.5% nitrogen and 33% boron. Structures of ter- 
mediate phases have been identified, and the d-values are 
reported. Lattice parameter data for Ti-N alloys are also 
presented. 


HIS paper is part of a series of investigations on binary and 

ternary interstitial alloys of titanium, based on investigations 
sponsored by the U. S. Army Ordnance Corps, Watertown Arsenal 
laboratory, Watertown, Mass. The Ti-C system has already been 
described (1)', and the partial ternary diagrams for the Ti-C-N, 
Ti-C-O, and Ti-N-O systems will be published shortly (2). 

Previous work on these systems includes Ehrlich’s investigation 
(3) of the alpha, TiX and solute-rich intermediate phases by X-ray 
diffraction. Ogden and Jaffee (4), Glaser (5), Norton et al (6) and 
Post and Glaser (7) have also reported various boride phases. At 
the beginning of this research preliminary diagrams were proposed 
for each system (8, 9), based on theoretical considerations and on 
published data. 


EXPERIMENTAL PROCEDURE 


Alloys«for both systems were prepared by arc melting, and the 
phase diagrams were delineated from microstructure, X-ray diffrac- 
tion, and melting point data. The equipment and operating tech- 
niques used in arc melting, heat treating, and in melting point deter- 
minations have been previously described (1). 

Alloy Preparation—A few of the alloys used in preliminary work 
were prepared with sponge titanium (99.71 to 99.77% Ti), all oth- 

‘The figures appearing in parentheses pertain to the references appended to this paper. 

This paper is based on a thesis by A. E. Palty, to be submitted in partial fulfillment of 
requirements for the Degree of Doctor of Engineering Science to the Graduate Division, 
College of Engineering, New York University, New York City. 

Of the authors, A. E. Palty and H. Margolin. are research associates, Re- 
search Division, New York University, and J. P. Nielsen is associate professor 
of Metal Science, College of Engineering, New York University, New York City. 
Manuscript received April 23, 1953. 
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ers with iodide titanium (New Jersey Zinc Co., 99.88 to 99.96% T1). 
Nitrogen was added as TiN (Watertown Arsenal, 97 to 99% TiN, 
containing 18.5 to 22.5% N), and boron as the element (Cooper 
Metallurgical Associates, 98.75% B). Alloys containing less than 
1% solute were prepared with drilled titanium rod; alloys of higher 
solute content with titanium sheet capsules. 

Homogeneous Ti-N alloys containing up to 6% N were prepared 
by arc melting for 3 minutes at 250 to 350 amperes. Alloys with 
higher nitrogen contents could not be prepared by this method. At 
currents of 250 to 350 amperes these alloys spattered under the arc, 
cracked and shattered on cooling. Vaporization losses were high, both 
in titanium and in nitrogen. The alloys were generally not homoge- 
neous, showing two distinct zones, the top being nitrogen-rich. Melt- 
ing in the mushy region at currents as high as 400 to 450 amperes 
did not improve homogeneity. The procedure finally adopted was to 
strike the compact with a current of 150 amperes which permitted 
the titanium to melt and react with the TiN in the compact. The 
current was then gradually increased to 300 amperes, at which cur- 
rent the alloy was partially molten. The alloy was held under the 
arc for a total time of 2 to 3 minutes. After this treatment the alloys 
were not completely homogeneous, so that specimens for heat treat- 
ment were obtained by selecting homogeneous sections from each 
button. Representative specimens of the as-cast buttons were analyzed. 

Ti-B alloys proved less difficult to prepare. Alloys containing 
up to 22% boron were held under the arc for 2 to 10 minutes at about 
250 amperes. Low boron alloys were completely molten whereas high 
boron alloys were only partially molten with the currents employed. 

Heat Treatment—Up to 1400 °C (2550 °F) the specimens were 
annealed in quartz capsules under argon, annealing times ranging 
from 168 hours at 850 °C (1560 °F) to % hour at 1400 °C (2550 °F). 
Above 1400 °C (2550 °F) the melting point unit described in Refer- 
ence 1 was used. For the Ti-N system the unit was mainly required 
for melting point data. In the Ti-B system, heat treatments lasted 
from 2 minutes at 1660 °C (3020 °F) to 30 seconds at 2260 °C (4100 

F). At the conclusion of the treatment, specimens were rapidly 
cooled by conduction when the current was cut off. 

Metallography and X-Ray Diffraction—Metallographic speci- 
mens were electropolished and etched with Remington “A” etch 
(25% HF, 25% HNOs, 50% glycerin). Ti-B specimens were 
stained by electro-etching with NaCN solution (10) in order to dif- 
ferentiate the borides. For X-ray diffraction, heat treated specimens 
were crushed or filed to 200 mesh and mounted in a powder camera 
of 57.3-millimeter radius. CuKa radiation was used for all X-ray 
work. Specimens for lattice parameter measurement were obtained 
by powdering heat treated specimens, re-annealing the powders under 
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Fig. 1—Titanium-Nitrogen Phase Diagram. 


argon, and quenching in liquid argon. Parameters were calculated 
by Cohen’s method (11). 

Chemical Analysis—All iodide titanium Ti-N alloys were ana- 
lyzed by a Kjeldahl method? with an accuracy of. about +0.05 to 
0.1% N below 2% N, and about +0.25% N from 2 to 17.5% N. 
Alloys above 6% nitrogen showed large, erratic weight losses which 
were to be expected from the melting behavior of these alloys. In the 
Ti-B system, from 2 to 22% boron analyzed* compositions were used 
to plot the data. Above and below this range nominal compositions 
were used. "Up to approximately 8% boron the accuracy of analysis 
is estimated at +0.2 weight per cent boron. At higher boron con- 
tents the accuracy of analysis is less, and is estimated at +0.4% boron. 


THe TITANIUM-NITROGEN SYSTEM 


Phase Diagram—The titanium-nitrogen phase diagram is shown 
in Fig. 1, and a detail of the a — 8 region for iodide and sponge tita- 
nium alloys is shown in Fig. 2. In constructing the diagram of Fig. 1, 
melting points of 2950 °C (5340 °F) for TiN (14, 15) and 1725 °C 
(3135 °F) for titanium (16) were used. 

The peritectic reaction a+ L2£, occurs at 2020+ 25°C 
(3670 °F). Microstructures of melting point specimens show the 








“Lucius Pitkin, Inc., New York City. 
%Adapted by Pitkin from method of Blumenthal (12, 13). 
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Fig. 2—Detail From Fig. 1, Titanium-Nitrogen Phase Diagram. 


lower limit of the horizontal at 1.2% nitrogen. The upper limit was 
fixed at about 4% nitrogen by the intersection with the a/a+ L 
boundary. The peritectic beta composition, obtained by extrapolating 
the beta transus to the horizontal, is about 1.9% nitrogen. 

The solubility of nitrogen in beta titanium appears lower for 
sponge titanium alloys, as shown in Fig. 2, probably because of the 
nitrogen present in the sponge as an impurity. No chemical analyses 
were made for sponge titanium alloys, and consequently the total 
nitrogen contents are higher than the nominal compositions. The 
alpha transus for sponge titanium alloys occurs at lower temperatures 
than for iodide titanium alloys with equivalent (or higher) nitrogen 
contents, apparently because of beta-stabilizing impurities in the 
sponge, e.g., iron. However, this may possibly be due to oxygen as 
well, since oxygen shifts the transus to higher nitrogen compositions 
at the same temperature (2). 

The peritectic reaction 8+ Laa occurs at 2350 + 25°C 
(4260 °F), and the lower limit of this horizontal is approximately at 
5% nitrogen, as located by as-cast microstructures. The peritectic 
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alpha composition was located at approximately 7% nitrogen by inter- 
section of the a/a-+ L boundary with the L — a — 6 horizontal. 

In the region above 6% nitrogen, desired compositions were not 
obtained, and the a/a + 8 and a+ 8/8 boundaries have been deline- 
ated within about 1% nitrogen. However, although the equilibrium 
boundaries may be shifted from the indicated positions, they must be 
so arranged as to permit increasing amounts of alpha to form as an 
alloy is cooled through the a + 8 region. 

The epsilon phase forms between 1000 and 1100 °C (1830 and 
2010 °F) by the peritectoid reaction a + 8 =e, but this reaction is 
not completed after 96 hours at 1000°C (1830°F). The epsilon 
phase may correspond to either of the stoichiometric compounds TiyN 
(6.8% N) or TisN (8.9% N). The possible existence of low tem- 
perature phases had been proposed in the preliminary diagrams of 
these systems (8, 9). 

All alloys with nominal compositions within the homogeneity 
region of the delta phase field were found to lose nitrogen during alloy 
preparation, and no nitrogen content above 10.3% could be retained 
in alloy buttons useful for microstructure study. 

Nitrogen Losses—As was previously pointed out, a region rich 
in nitrogen was very often present close to the top of high nitrogen 
buttons after the arc treatment. Several checks were made to deter- 
mine the nitrogen content of these regions under conditions which 
tended to reduce nitrogen loss. These tests produced buttons with a 
nitrogen-rich top which tended to encase a core of lower nitrogen 
content. The results are shown in Table I. 

It can be seen from Table I that the core of the alloys contained 
less, and the case more, than the nominal nitrogen content. This 
indicates that nitrogen must diffuse toward the hot surface of the 
button more rapidly than titanium and that volatilization of nitrogen 
is not sufficient to eliminate this effect. 

X-ray diffraction patterns were made of the alloy sections shown 
in Table I, and the data have been used in Fig. 1 under the designa- 
tion “as-cast, X-ray data’. 


Table I 
Nitrogen Contents of Ti-N Alloys After Arc Treatment 
Nominal Analyzed 
Alloy Section Alloy 
Content, Current, Alloy of Alloy Content, Phases 
%N amp. State Button %N Identified 
15 120-150 solid core 12.5 delta 
case 16.3 delta 
17 120-150 solid core 12.6 delta 
case 17.5 delta 
20 200-300 L+S core 9.3 alpha + 
delta 
case thin —* 





5 
4 
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Fig. 3—0.3% Nitrogen, 5 Hours at 1200 °C, Water-Quenched. Acicular alpha. 
A etch. X 400. 

Fig. 4—0.55% Nitrogen, 7 Hours at 1060 °C, Water-Quenched. Isothermal 
alpha in Widmanstatten distribution and acicular alpha. <A etch. X 200. 


_ Fig. 5—1.7% Nitrogen, 5 Hours at 1200 °C, Water-Quenched. Equiaxed and 
acicular alpha. A etch. X 400. 

Fig. 6—5.4% Nitrogen, 72 Hours at 900°C, Water-Quenched. Large alpha 
grains. A etch. X 200. 


Since loss of nitrogen by TiN at elevated temperatures under 
vacuum has been reported by Pollard and Woodward (17), several 
checks of nitrogen content before and after heat treatment were made. 
The results were as follows: 

Wt. % Nitrogen 


Wt. % Nitrogen Annealed at 1000 to 1400 °C 
As-Cast (1830 to 2550 °F) 
9.8 10.1 
8.6 9.1 
9.2 8.9 


These results indicate that within the accuracy of analysis no loss of 

nitrogen occurred on heat treatment. 
Microstructures—Nitrogen-alloyed beta cannot be retained, the 

microstructure showing a serrated structure at low nitrogen contents. 
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Fig. 7—8.2% Nitrogen, % Hour at 1400 °C, Water-Quenched. Primary alpha 
in alpha + delta matrix. Holes are probably regions from which transformed beta 
has been removed by polishing and etching. A etch. > 400. 


Fig. 8—8% Nitrogen Sponge, As-Cast. Primary alpha between delta grains in 
which alpha has precipitated. A etch. > 1000 (oil). 


Fig. 9—9% Nitrogen, 168 Hours at 850°C, Water-Quenched. Epsilon (fine 
markings) and primary alpha (associated with holes) in delta matrix. A _ etch. 
x 500. 


Fig. 10—5.4% Nitrogen, 72 Hours at 700°C, Water-Quenched. Epsilon pre- 
cipitated in supersaturated alpha. A etch. > 1000 (oil). 


Depending on the cooling rate, higher nitrogen alloys have a basket- 
weave or acicular structure, as in Fig. 3. Widmanstatten alpha in a 
fine transformed beta matrix is shown in Fig. 4 for a 0.55% nitrogen 
alloy. A higher nitrogen alloy, also in the alpha + beta field, is shown 
in the 1.7% nitrogen alloy of Fig. 5, and an all-alpha structure appears 
in Fig. 6, 5.4% nitrogen. 

Fig. 7 shows the microstructure of an a+ 6 alloy. During 
solidification of such an alloy, large primary delta grains are first 
formed, and below the 6 — a — L horizontal alpha precipitates in the 
delta grains at the same time that it is forming from the liquid. In 
the as-cast microstructure of Fig. 8, the alpha forming from the liquid 
is continuous with the alpha precipitating in the delta grains. A simi- 


‘ 
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_ Fig. 11—Lattice Parameters of the Alpha Phase in 
litanium-Nitrogen Alloys. 


lar relation is often seen in a hypo- or hypereutectic alloy between a 
primary phase and the same phase in the eutectic matrix. 
The two-phase structures of precipitated alpha and delta are so 
stable that they are not markedly altered by a %4-hour anneal at 1400 
C (2550 °F), as shown in Fig. 7. This structure can only be broken 
up by lengthy anneals below the a — e — 8 peritectoid horizontal. Its 
stability is probably due to very close matching of conjugate crystal- 
lographic planes of alpha and delta. Smith has proposed this for the 
similar a+ x structure in the Cu-Si system (18), and Bumps et al 
have verified it for the a + TiO structure of the Ti-O system (19). 
In the 9% nitrogen alloy of Fig. 9, epsilon Appears as somewhat 
irregular platelets. Primary alpha and delta remaining from the as-cast 
state are also present. Below the a — e — 6 horizontal, the solubility 
of nitrogen in alpha decreases rapidly with decreasing temperature. 
Fig. 10 shows epsilon platelets precipitated from supersaturated alpha 
of a 5.4% nitrogen.alloy at 700 °C (1290 °F). The difference in the 
appearance of the epsilon phase in Figs. 9 and 10 can be accounted for 
by the different mode of formation in the two alloys. 
X-Ray Diffraction Results—Lattice parameter data for some 
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Table II 
X-Ray Diffraction Pattern of the Epsilon (Ti-N) Phase 
[Sample pattern: 7.7% N, 10 hours at 1000 °C (1830 °F), water-quenched] 


Estimated 


Plane Intensity d, observed, A d, calculated, A 
110 weak 3.49 3.48 
200 strong 2.46 2.46 
102 very strong 2.282 2.28 
210 strong 2.205 2.20 
202 medium 1.784 1.78 
113 weak 1.514 1.538 
222 medium 1.448 1.441 
302 medium 1.388 1.384 
320 weak 1.369 1.366 
004 weak 1.290 1.290 
104 weak 1.261 1:247 
410 weak 1.197 1.194 
303 very weak 1.180 1.186 
411 very weak 1.164 1.163 
330 weak 1.148 1.154 
331 very weak 1.135 1.134 
421 weak 1.086 1.083 
005 weak 1.038 1.032 
105 very weak 1.014 1.009 
403 very weak 1.002 1.000 
ae ae ts Seca 0.954 0.949 
SR ic 7 ote ey oy 0.933 0.915 
ees oe ee 0.902 0.900 
SS ae nas ret aar 0.850 0.846 
ins Soa ae 0.840 0.844 
ree oe 0.832 0.833 
SEE Ths toe Os We hates 0.815 0.820 
EO Pie in ee 0.811 0.811 


alpha phase alloys are presented in Fig. 11.. The parameter data for 
iodide titanium as determined by Clark (20) have been included at 
0% nitrogen, and a smooth curve has been used to connect Clark’s 
data with that of the present investigation. Some contamination 
occurred during the processing of the powdered specimens and is evi- 
dent in the lattice parameters. For the lowest nitrogen alloy the 
c-parameter exceeds the value of Clark (20) for a similar composi- 
tion by about 0.04 A. At higher nitrogen contents the trend of the 
data agrees with Ehrlich (3). No parameter measurements were 
made on delta alloys, but the identification patterns agree with the 
face-centered cubic NaCl-type lattice of a-parameter 4.21 A reported 
by Ehrlich (3). 

The epsilon phase has a tetragonal unit cell of the dimensions 
a = 4.92 A, c= 5.61 A, c/a = 1.05... On the basis of the indices 
assigned, the cell is neither body-centered nor face-centered. Typical 
d-values for epsilon are presented in Table IT. 


TITANIUM-BoRON SYSTEM 


Phase Diagram—The titanium-boron phase diagram is shown in 
Fig. 12, and a detail of the diagram up to 0.6% boron in Fig. 13. 
In alloys of boron contents above 9 or 10%, the as-cast structure could 
not be removed by annealing, i.e., 24 hours at 1200 °C (2190 °F), or 
2 minutes above 2000 °C (3630 °F). However, as-cast microstruc- 
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tures, melting point data, and the variation in the ratios of the domi- 
nant phases after different heat treatments (based on both micro- 
structure and X-ray diffraction data) suggested the diagram as indi- 
cated in the high boron region of Fig. 12. 

On heating, boron-alloyed alpha titanium decomposes peritec- 
toidally into B-Ti and TiB at 886 + 4°C (1625 °F). The peritectoid 
temperature was determined by examination of the microstructures of 
specimens heated below and above this temperature. Specimens 
heated below the peritectoid temperature showed the equiaxed alpha 
structure, whereas those heated above revealed the serrated structure 
produced by transformation of the beta phase. 

Close to the peritectoid temperature the solubility of boron in 
alpha is small—less than 0.05%. The solubility of boron in beta is 
also low, near 0.05% at 1400 °C (2550 °F) and slightly above 0.1% 
at 1660 °C (3020°F). The boride platelets present in low boron 
alloys are stable, showing little tendency to change shape after ™% 
hour at 1400 °C (2550°F). However, after a 2-minute anneal at 
1660 °C (3020 °F), the boride particles of a 0.2% boron alloy were 
spheroidized. 

A typical microstructure of alpha + boride is shown in Fig. 14. 
The boride was identified as TiB from a Debye-Scherrer photogram. 

Figs. 15 and 16 show respectively alpha + TiB, and transformed 
beta and TiB. The distribution of TiB has not changed from that 
of the as-cast state, and indicates that beta and TiB are formed by 
eutectic solidification. The eutectic composition lies between 2.4 and 
4.4% boron, since the microstructures of both alloys, Fig. 15 and Fig. 
16*, show primary beta (alpha after heat treatment) and TiB, 
respectively. 

On the basis of microstructure and melting point data, the eutec- 
tic reaction L<8-+ TiB has been placed at 1670 + 25°C (3040 
°F). The trend of the hypoeutectic liquidus below 1% boron was 
determined by means of tests in the melting point determination unit, 
a larger number of melting tests being made than are plotted in Figs. 
12 and 13. Two specimens were simultaneously heated on the same 
heating strip, and the melting of the lower melting alloy was observed. 
Either two boron alloys or a boron alloy and an iodide titanium spec- 
imen were tested in this manner. The data scattered considerably, 
but the general trend indicated a depression of the melting point. 

Above 9.9% boron, TisB, TiB and TiBs tend to be found to- 
gether. It is important to note that without the use of NaCN stain 
etching it is impossible to distinguish between boride phases under 
the microscope. Figs. 17 and 18 show the three boride phases to- 
gether with small amounts of alpha or transformed beta, the latter 


*The liquid in the TiB platelet of Fig. 16 was probably entrapped during the growth 
of the platelet. This is often seen in high boron alloys. 
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Fig. 12—Titanium-Boron Phase Diagram. 


forming from liquid® which solidified last. The distribution of phases 
suggests that Ti2B is formed by a peritectic reaction. 

TiBz (white) is always surrounded by the other boride phases, 
and therefore is formed first. TisB (light gray) is most often found 
between TiBs and TiB (dark gray) and is never found between TiB 
(predominantly found adjacent to liquid) and liquid (black), which 
solidifies last. Thus a peritectic reaction between liquid and TiB» 
to form TigB is indicated. This reaction occurs at 2200 + 50°C 
(3990 °F). 

The compound TisB is unstable, decomposing into liquid and 
TiB at an estimated temperature of 1800 °C (3270°F). Evidence 
for this reaction is the fact that TiB is seen to form from the melt, 
Figs. 15 and 16, and to form when liquid and TigB are present, Figs. 
17 and 18. Liquid and TisB cannot react peritectically to form TiB. 
In addition, if TigB were stable to room temperature, TiB, which was 
observed, would not be detected at compositions lower than the 10.1% 
boron, the stoichiometric composition of TisB. 


When no TiBs was present, i.e., below 9.9% boron, Ti2B could 





*The eutectic structure is generally not well formed in this region. 
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Fig. 13—Detail From Fig. 12, Titanium-Boron Phase 
Diagram. 


not be detected under the microscope with NaCN etching. However, 
TisB could be detected in the Debye-Scherrer photogram of a 6% 
boron alloy. Often, even in the presence of TiBy and TiB, TisB 
could not be detected. The amount of TieB which remains after 
solidification is apparently a function of the cooling rate which occurs 
in a particular specimen. 

The TiB phase. is probably formed by the peritectoid reaction 
TisB + TiBs = TiB at approximately 2060 °C (3740 °F). It was 
not possible to obtain only two phases in the Ti2B + TiBs, TigB + 
TiB, and TiB + TiBs phase fields, because of the extreme sluggish- 
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Fig. 14—1.0% Boron, 8 Hours Cycling Between 800 and 950°C, 48 Hours at 
845 °C, Water-Quenched. TiB in alpha matrix. A etch. X 1000 (oil) 


Fig. 15—2.4% Boron, 144 Hours at 875 °C, Water-Quenched. Eutectic TiB in 
alpha matrix. A and NaCN etches. xX 700. 


Fig. 16—4.4% Boron, 24 Hours at 1200 °C, Water-Quenched. TiB grain in 
eutectic matrix of TiB + transformed beta. A etch. x 400. 


ness of the reaction. However, the temperature of this reaction was 
estimated on the basis of relative dominance of boride phases in the 
microstructure after heat treatment, and the much greater intensity 
of the TiB pattern from specimens heat treated below, rather than 
above, 2060 °C (3740 °F). 

X-Ray Diffraction Results—In most boron alloys, three to four 
phases were present. By eliminating the alpha pattern, and the TiB 
and TiBe patterns reported by Ehrlich (3), the lines belonging to the 
TigB pattern were determined. Although the lines of this phase over- 
lap with some alpha lines, the intensities are different from the alpha 
intensities, thus permitting assignment of these lines to TioB. 

The pattern of the tetragonal Ti.B corresponds to two possible 
unit cells: (A) a=6.10 A, c=4.53 A, c/a=0.742; (B) a=5.24A, 
c = 7.602 A, c/a = 1.453. Unit cell (A) agrees with the parameters 
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Fig. 17—22.4% Boron, 144 Hours at 875 °C, Water-Quenched. TiBez (white), 
TiB (dark gray), TieB (light gray), and alpha (black). The regions which appear 
black were originally liquid which solidified last. A and NaCN etches. X 500. 

Fig. 18—22.4% Boron, 24 Hours at 1200 °C, Water-Quenched. TiBez (white), 
TiB (dark gray), TieB (light gray), and transformed beta (black). The regions 
which appear black were originally liquid which solidified last. A and NaCN etches. 

500 


Table ITI 
X-Ray Diffraction Pattern of the Ti-B Phase 
[Sample patterns: 18.6% B, 72 hours at 875 °C (1510 °F), water-quenched, and 18.6% B, 
as-cast. Alpha, TiB, and TiBe patterns also present in these alloys] 
d-Values of 
Ehrlich (3) 
Underlined 
Values Are 


Observed Pattern Calculated d-Values for TieB Superlattice; 
Estimated c/a = 0.742 c/a 1.453 Others Are 
Intensity d-value, A Plane d, A Plane d, A Alpha 
weak 3.67 101 3.64 110 3.70 
weak 3.051 200 3.051 102 3.07 ae 
very strong 2.538 201 2.530 003 2.534 2.564 
strong 2.343 211 2.333 210 2.340 2.398 
weak 2.263 002 2.265 103 2.28 2.276 
medium 2.157 220 2.158 202 2:192 2.176 
medium 1.950 221 1.948 212 1.990 24 
medium 1.856 301 1.852 220 1.853 1.863 
medium 1.748 Sie 1.743 300 1.747 1.749 
weak 1.525 400 1:522 005 1.520 
weak 1.448 330 1.440 320 1.452 1.486 
strong 1.360 203 1.352 313 1.386 1.358 

o° ican ‘0 pmnat a Bare a 1.263 
medium 1.241 500 1.220 314 1.247 1.261 
weak 1.179 510 1.162 116 1.179 1.198 
very weak 1.078 440 1.080 404 1.077 1.084 
medium 1.015 600 1.017 511 1.018 1.019 

1.000 
0.954 

eee o ogre cas eres oer re biess 0.932 
doublet 0.924 541 0.932 440 0.926 0.916 
doublet 0.875 105 0.864 336 0.874 0.845 


doublet 0.826 641 0.830 620 0.828 0.830 


wow oe ee ee 
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of Post and Glaser (7). The patterns of the Ti2B phase are shown 
in Table III, which also shows the pattern attributed by Ehrlich 
to an alpha superlattice (3). The superlattice + alpha pattern of 
Khrlich can be identified as TizgB + alpha. It has been previously 
suggested that the Ehrlich superlattice was really due to a boride 
phase (4). 

The TiB lines agree with the face-centered cubic unit cell of 
a = 4.26 A found by Glaser (5), rather than with Ehrlich’s a= 
4.21 A (3). The hexagonal TiBs unit cell (a = 3.03 A, c = 3.21 A, 
c/a = 1.06) agrees with values reported by Norton et al (6) and by 
Ehrlich (3). 





SUM MARY 


The Ti-N and TiB phase diagrams were investigated in the com- 


position region up to 17.5% nitrogen and 33% boron. The charac- 
teristic features of each are as follows: 


Ti-N Diagram 


1. Beta, containing about 1.9% nitrogen, forms peritectically 
from the melt (1.2% N) and alpha (4.1% N) at 2020+ 25°C 
(3670 °F). 


2. Alpha titanium is stabilized by additions of nitrogen. Alpha 


(7.1% N) forms peritectically from liquid (5.1% N) and delta 
(TiN) at 2350 + 25 °C (4260 °F). 

3. A tetragonal intermediate phase, epsilon, is formed by a peri- 
tectoid reaction between alpha and delta at a temperature between 
1000 and 1100 °C (1830 and 2010°F). This phase may be either 
TigN or TigN. 

4. The maximum solubility of nitrogen in alpha titanium is be- 
tween 6.5 and 7.4% nitrogen at the a — e — 8 horizontal. 

5. The delta phase, with a stoichiometric composition of 22.6% 
nitrogen for TiN, exists at nitrogen contents as low as approximately 
10% at the L — a — 8 peritectic. 


Ti-B Diagram 


1. Alpha (<0.05% B) forms peritectically from beta ( <0.05% 
B) and TiB at 886 + 4 °C (1625 °F). 

2. Liquid of 2.4 to 4% boron solidifies eutectically to form beta 
and TiB at 1670 + 25 °C (3040°F). The solubility of boron at this 
temperature is slightly above 0.1%. 

3. The tetragonal compound Ti.B forms peritectically from liq- 
uid (close to 9.9% B) and TiBs at 2200 + 50°C (3990 °F) and sub- 
sequently decomposes into TiB and liquid near 1800 °C (3270 °F). 

4. The face-centered cubic compound TiB forms peritectoidally 


from TisB and TiBg at approximately 2060 °C (3740 °F). 


A TE 
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A PRECIPITATION-HARDENABLE COPPER-NICKEL- 
SILICON-ALUMINUM ALLOY 


By D. B. Roacu, R. B. FiscHER ANp J. H. JACKSON 


Abstract 


This paper discusses the development of an age 
hardening copper-base alloy containing about 10% nickel, 
1.5% silicon, and 4.0% aluminum. The alloy can be 
readily formed in the solution-treated condition and can 
be hardened by aging to have a proportional limit of 
85,000 psi, a yield strength of 120,000 psi, and a tensile 
strength of 140,000 psi, with an elongation of 8%, and a 
modulus of elasticity in tension of 19 million psi. Higher 
strength can be obtained by cold working before aging. 
Production tests on strip of this composition have shown 
that the alloy is suitable for the production of electrical- 
contact springs. 


OPPER-beryllium alloys have been used almost universally 
¢ in applications where precipitation-hardenable copper-base alloys 
have been required. Copper-beryllium alloys are readily formable 
in the solution-treated condition and can be hardened by aging to 
obtain the following mechanical properties’ which are unique for 
copper-base alloys: 


Hardness 35 to 38 Rockwell C (327 to 353 BHN ) 
Yield Strength 120,000 to 140,000 psi 
Ultimate tensile strength 160,000 to 180,000 psi 


The most widespread use of copper-beryllium alloys has been in 
mechanical and current-carrying spring applications. In some cases, 
the full strength properties of the copper-beryllium alloy (Berylco 
25) are not required. Usually such applications require excellent 
formability in the solution-treated condition and a good combination 
of strength and ductility in the aged condition. For example, the 
following are production specifications established for a copper- 
beryllium alloy (Berylco 25) in certain spring applications: 





1The properties cited are for material aged without prior cold work.. Cold work after 
solution treatment will increase the properties obtained by aging. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, D. B. Roach 
is principal metallurgical engineer, R. B. Fischer is assistant supervisor and 
J. H. Jackson is supervisor, Battelle Memorial Institute, Columbus, Ohio. 
Manuscript received December 29, 1952. 
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Solution-Treated Condition 


Hardness 60 Rockwell 30T maximum (102 BHN ) 
Elongation 30 to 40% 


Aged Condition 


Hardness 51 to 54 Rockwell 30N (290 to 320 BHN ) 
Yield strength 100,000 psi 

Tensile strength 140,000 psi 

Elongation 10% 

Proportional limit 60,000 psi 

Modulus of elasticity 18,000,000 psi 

Electrical conductivity 10% of copper 


In 1949, concern over the possible shortage of copper-beryllium 
alloys prompted the sponsoring of a research program to find a new 
alloy suitable for manufacture of current-carrying springs”. 


SURVEY OF PUBLISHED LITERATURE 


A survey was made of the published literature on copper-base 
alloys known to exhibit age hardening effects. In general, this survey 
revealed that several systems showed good age hardening response. 
Corson (1)* and also Ellis (2) showed that copper-nickel-silicon 
alloys could be age-hardened appreciably. Ellis and Schumaker (3), 
Pilling and Merica (4), and Kroll (5) reported noteworthy age 
hardening in copper-titanium and copper-nickel-titanium alloys. 
Dean (6), and Cook and Alexander (7) reported exceptional prop- 
erties produced by age hardening in copper-nickel-manganese alloys. 
30th Wise (8) and Price (9) showed that good age hardening re- 
sponse was found in copper-nickel-tin alloys. While no materials 
were found that would equal the strength and formability character- 
istics of the copper-beryllium alloys, it appeared that certain of these 
copper-base systems might be used for the development of an accept- 
able alloy. In terms of ease in melting and processing, economics, 
availability, and mechanical properties, the copper-nickel-silicon sys- 
tem appeared the most promising and was selected for initial study. 


INVESTIGATION OF THE CopPER-NICKEL-SILICON SYSTEM 


In this research on the copper-nickel-silicon system, a total of 88 
different alloys was studied. All alloys were melted, in 8-pound 
heats, in an induction furnace and chill cast. Slabs from each ingot 
were hot-rolled to 0.060-inch thick strip. All strip was solution- 
treated at 1650°F (900°C), followed by a water quench. In the 
initial work on these 88 alloys, a standard solution treatment of 1650 
°F (900°C) was used. In later work, all promising alloys were 
subjected to various solution treating temperatures. After solution 
treatment at 1650 °F (900 °C), all alloys were aged at temperatures 


2The sponsor of this research is the International Business Machines Corporation. 
8The figures appearing in parentheses pertain to the references appended to this paper. 
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of 800, 900, and 1000 °F (425, 480, and 540°C) for times of 15 
minutes to 8 hours. Hardness tests were made on all alloys, both 
in the solution-treated and the aged conditions. Those alloys which 
met, or approached, the hardness requirements were subjected to 
further evaluation. 

In the first series of heats, 16 alloys of various nickel and silicon 
contents were prepared. Nickel contents of 2, 6, 10, and 14% and 
silicon contents of 0.5, 1.0, 1.5, and 3.0% were studied. The results 
of hardness tests on these alloys in both the solution-treated and aged 


250 
1O% Ni Alloy As-Aged 
a 
14% Ni Alloy As-Aged 


200 
















preeneemereneams cere 


6% Ni Alloy As-Aged 
| 


150+ + 4 i. AN —_———++- 


2% Ni Alloy As-Aged 








14% Ni Alloy As Solution Treated , 


100 +— }___1_\____, epee 
| {= 





Converted Brinell Hardness Number 





50 ree PAR aa eee 
." 2% Ni Alloy As Solution Treated 
| % Ni Alloy As Solution Treated 





0 0.5 1.0 1.5 2.0 a 3.0 
% Silicon 
Fig. 1—Effect of Nickel and Silicon on the Hardness of Copper Alloys. 


Hardnesses indicated for aged alloys are maximum obtained for the various 
treatments. 


conditions are presented in Fig. 1. As shown in this graph, increases 
in both nickel and silicon increased the hardness of the alloys in the 
solution-treated condition. Silicon was much more potent than nickel 
in hardening the copper solid solution. In fact, silicon contents of 
3% rendered the alloys very brittle and difficult to hot roll. In the 
aged condition, there was a definite effect of combined nickel and 
silicon contents. The most pronounced age hardening response was 
found in those alloys that contained four to six times as much nickel 
as silicon. Alloys containing lower or higher nickel-to-silicon ratios 
showed less pronounced age hardening effects. Those observations 
had also been made by both Corson (1) and Ellis (2). 

It was found that all alloys except those containing 3% silicon 
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had hardnesses, in the solution-treated condition, less than the de- 
sired maximum of 60 Rockwell 30T (65 Rockwell B or 102 BHN). 
In the aged condition, none of these alloys met, or approached, the 
desired minimum hardness of 51 Rockwell 30N (289 BHN). How- 
ever, 4 of the alloys (A12, Al6, Al7, and A18) showed noteworthy 
hardnesses after aging at 900 °F (480°C). These alloys had max- 
imum hardnesses in the range of 40 to 45 Rockwell 30N (215 to 244 
BHN). Because of this pronounced age hardening response, these 
4 alloys were considered worthy of further development. 


INVESTIGATION OF COPPER—NICKEL—SILICON-BASE ALLOYS 


Mott and Nabarro (10) and Nabarro (11), in 1940, presented 
a new interpretation of precipitation hardening, in which the radical 
increase in hardening during precipitation is not attributed to the 
precipitate itself but, instead, to internal strains set up in that zone 
of the matrix around the precipitate. nuclei at the initial stages of 
precipitation. These matrix strains prevent the movement or propa- 
gation of dislocations, thereby strengthening the material. This con- 
cept suggested a means for increasing the aging response of the 
promising copper-nickel-silicon alloys. It was proposed that the 
addition of certain solid-solution hardeners would increase, or inten- 
sify, the effective strained areas about the precipitate nuclei and, 
thereby, increase the age hardening response. 

Tests were conducted in which various additions were made to 
the copper-nickel-silicon alloys which showed most promise. It was 
realized that such additions would increase the hardness of the alloys 
in the solution-treated condition. Consequently, emphasis was placed 
upon small additions of those elements which would not cause exces- 
sive hardening in the solution-treated condition. Additions of iron, 
aluminum, manganese, titanium, tin, chromium, and magnesium were 
studied. 

Effect of Iron Additions 


The effects on hardness of iron additions of 0.5, 1.0, 2.0, and 
4.0% to each of the 4 promising alloys are plotted in Fig. 2. In 
general, iron additions increased the hardness of the alloys in the 
solution-treated condition ; however, in most cases, iron did not im- 
prove the response of the copper-nickel-silicon alloys to age harden- 
ing. Only one of the alloys, A28, containing 6% nickel, 1.5% 
silicon, and 1% iron, showed a high hardness (about 245 BHN) 
after aging. In some cases, the iron additions appeared to reduce 
the age hardening response. 


Effect of Aluminum Additions 


The effects on hardness of aluminum additions of 0.5, 1.0, 2.0, 
and 4.0% to each of the 4 copper-nickel-silicon alloys are plotted in 
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Base Alloy Containing: Base Alloy Containing: 
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Converted Brinell Hardness Number 
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% \|ron Added 
Fig. 2—Effect of Iron on the Hardness of Four Copper-Nickel-Silicon 


Alloys. Hardnesses indicated for aged alloys are maximum obtained for the 
various treatments. 


Fig. 3. It will be noted in this figure that the aluminum additions 
resulted in marked increases in the hardnesses of the alloys in both 
the solution-treated and the aged conditions. In the solution-treated 
condition, 5 alloys studied had hardnesses above 65 Rockwell B (102 
BHN), which was believed to be the limit for good workability. 
In the aged condition, 9 alloys had maximum hardnesses of 50 or 
above on the Rockwell 30N scale (281 BHN). Such hardness 
properties appeared to meet the desired hardness level of at least 
51 Rockwell 30N in the aged condition. 


Effect of Manganese Additions 


The effects on hardness of manganese additions of 0.5, 1.6, 2.0, 
and 4.0% to each of the 4 copper-nickel-silicon alloys are shown in 
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Fig. 3—Effect of Aluminum on the Hardness of Four Copper-Nickel- 
Silicon Alloys. Hardnesses indicated for aged alloys are maximum obtained 
for the various treatments. 


Fig. 4. In general, manganese additions increased only slightly the 
hardnesses of the copper-nickel-silicon alloys in the solution-treated 
condition. In the aged condition, there were indications that the 
manganese additions increased the maximum hardnesses of the alloys. 
Seven of these manganese-containing alloys had hardnesses between 
45 and 50 Rockwell 30N in the aged condition. From this it can be 
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Fig. 4—Effect of Manganese on the Hardness of Four Copper-Nickel 
Silicon Alloys Hardnesses indicated for aged alloys 


are maximum obtained 
for the various treatments 


seen that the manganese additions were not nearly so effective in 
increasing the age hardening response as were similar aluminum 
additions. 


Effect of Titanium Additions 


The effects on hardness of titanium additions of 0.25, 0.50, and 
1.0% to 2 of the promising copper-nickel-silicon alloys (Alloy A12, 
containing 93% copper, 6% nickel, and 1.0% silicon, and Alloy Al17, 
containing 88.5% copper, 10% nickel, and 1.5% silicon) are shown 
in Fig. 5. The curves in this figure show that small titanium addi 
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Fig. 5—Effect of Titanium on the Hardness of Two Copper-Nickel- 


Silicon Alloys. Hardnesses indicated for aged alloys are maximum obtained 
tor the various treatments. 











| 

ee 
Base Alloy Containing: Base Alloy Containing: 
93% Cu, 6%Ni, |%Si 88.5%Cu, lO%Ni, 15% Si 











Converted Brinell Hardness Number 





O | 2 3 40 2 Sone 
% Sn Added 


Fig. 6—Effect of Tin on the Hardness of Two Copper-Nickel-Silicon 
Alloys. Hardnesses indicated for aged alloys are maximum obtained for the 
various treatments. 


tions increased slightly the hardnesses of the alloys in both the 
solution-treated condition and the aged condition. However, the 


titanium additions did not appear nearly so promising as the 
aluminum additions. 
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Effect of Tin Additions 


The effects on hardness of tin additions of 1.0, 2.0 and 4.0% 
to these 2 copper-nickel-silicon alloys (Al2 and Al17) are plotted 
in Fig. 6. In the solution-treated condition, the tin additions in- 
creased slightly the hardnesses of the alloys containing 6% nickel 
and 1% silicon. However, the tin additions improved only slightly 
the maximum hardnesses obtained on aging. In the base alloy con- 
taining 10% nickel and 1.5% silicon, the tin additions increased the 
hardnesses in the solution-treated condition but reduced the hard- 
nesses obtained on aging. 


Effect of Chromium and Magnesium Additions 


The effects of chromium additions of 0.25 and 0.50% and of 
magnesium additions of 0.50 and 1.0% on the base alloy containing 
10% nickel and 1.5% silicon were studied. The effects of combined 
chromium and magnesium additions to this base alloy were also 
determined. In addition, the effects of these combined chromium 
and magnesium additions to a base alloy containing 10% nickel, 
1.5% silicon, and 1% aluminum were investigated. The results of 
hardness tests made on these 10 alloys are given in Table I. 

These data showed that magnesium is a potent solid-solution 
hardener of this base alloy. One per cent magnesium increased the 
hardness of the base alloy in the solution-treated condition to about 
the same extent as a 4% aluminum addition. Chromium also in- 
creased the hardness of the base alloy in the solution-treated con- 
dition but not nearly so much as had magnesium. In the aged con- 
dition, the magnesium additions increased the maximum hardness of 
the base alloy considerably, while chromium additions increased only 
slightly the maximum hardness obtained by aging. 

By combining chromium and magnesium, either with or without 
1.00% aluminum, hardnesses of the alloys were increased both before 


Table I 








Effect of Chromium and Magnesium on the Hardness of Copper-Nickel-Silicon Alloys 
Hardness As Maximum 
Solution- Hardness 
Treated Aging As-Aged 
Rock- Equiv- Conditions Rock- Equiv- 
Alloy -——Intended Analysis, #———, well alent Temp. Time well alent 
No. Cu Ni Si cr. Ms .Al 30T BHN — Hr. 30N BHN 
ee oe 8 oe eS ee eee 53 89 900 8 45 248 
ec ee ee. eee as ese 53 89 900 4 46 254 
aor ae ee BS cs.) SD... 53 89 900 2 49 275 
Aone pe fee 1S 4c, 18 a 65 114 900 2 50 283 
A89 Bal. 10.0 1.5 0.25 0.25 v4 57 96 900 8 47 260 
A90 Bal. 10.0 1.5 0.50 1.0 ‘a 65 114 900 4 45 248 
A91 Bal. 10.0 1.5 0:50 1.0 1.0 58 98 900 4 49 275 
A92 Bal. 10.0 1.5 0.25 0.50 1.0 56 94 900 4 52 300 
BPs. De 10.0 1:5. -Ges..... 1.6 60 102 900 4 51 291 
A94 Bal. 10.0 1.5 0.50 1.0 62 4 51 291 


iting 2 i 2 107 900 








338 TRANSACTIONS OF THE ASM Vol. 46 


and after aging to an extent slightly greater than that obtained with 
simple magnesium additions. 

Of the additions studied, those of aluminum and magnesium 
appeared the most promising. Both additions increased the hard- 
nesses of the aged alloy to approximately the desired value. On the 
other hand, the additions also increased considerably the hardnesses 
of the alloys in the solution-treated condition. In some cases, the 
increase in solid-solution hardness was considered excessive by 
standards established at the start of the investigation. However, this 
specification was established only as a production indication for 
formability for the copper-beryllium alloy. In a system based upon 
a different hardener, it was believed likely that definite hardness 
values could not be used to estimate formability. This relation be- 
tween formability and hardness would have to be determined for 
each alloy system. Thus, the alloys which had hardnesses greater 
than a specified maximum of 65 Rockwell B could not be considered 
unacceptable. Consequently, these copper—nickel—silicon-base alloys 
containing aluminum and magnesium additions were considered 
worthy of full evaluation. 


FURTHER LABORATORY EVALUATION OF CoPpPER—NICKEL— 
SILICcON-BASE ALLOYS 


Sections of the more promising copper—nickel-silicon-base alloys 
were prepared for tension tests. For these tests, samples of hot- 
rolled strip (0.060-inch thick) were cold-rolled to 0.019-inch thick- 
ness and solution-treated at 1650°F (900°C). The results of ten- 
sion tests made on both solution-treated and aged specimens prepared 
from this strip are given, for comparison, in Table II, along with 
tensile data on the copper-beryllium alloy. A direct comparison of 
the mechanical properties of the experimental alloys with those of the 
copper-beryllium alloy was used as the basis for evaluation of the 
experimental alloys. In the aged condition, the properties of the 
experimental alloys were compared with those obtained by aging the 
copper-beryllium alloy to a hardness of 52 Rockwell 30N, at which 
hardness copper-beryllium springs were considered to have the most 
desirable combination of strength and ductility. 

As shown in Table II, the experimental alloys containing alu- 
minum and/or magnesium had mechanical properties in the aged 
condition equal to. those obtained with the copper-beryllium alloy. 
The experimental alloys had considerably higher proportional limits 
and slightly higher yield strengths and moduli of elasticity than the 
copper-beryllium alloy. The high proportional limits and moduli of 
elasticity of the experimental alloys are of major importance, since 
these two properties are considered the most important criteria in 
predicting spring performance. The copper-beryllium alloy showed 
higher hardness, tensile strength, and tensile ductility than the ex- 
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perimental alloys. Although tensile strength and hardness are not 
considered important factors, tensile ductility after aging is an im- 
portant requirement, since aged springs must often have some duc- 
tility for assembly operations. 

In the solution-treated condition, the ductility of the copper- 
beryllium alloy was superior to that of the experimental alloys. The 
copper-beryllium alloy showed a tensile elongation of 45%, while the 
elongation of the experimental alloys varied from 16 to 37%. Only 
2 experimental alloys (A45 and A50O) had elongation values greater 
than 30%. In addition, the hardnesses of the solution-treated ex- 
perimental alloys were greater than those of the copper-beryllium 
alloy and, in some instances, were slightly greater than the maximum 
specified hardness of 60 Rockwell 30T. However, tensile elongation 
of solution-treated alloys is believed to be a far better criterion of 
formability than hardness. 

In general, several of the experimental alloys in the aged con- 
dition had tensile properties equal to those usually required in designs 
using copper-beryllium springs. However, in certain applications, 
somewhat higher ductility after aging is required. In addition, since 
many production procedures require that the alloy be cold-formed 
before aging, information regarding the effect of cold work on the 
mechanical properties of the experimental alloys was needed. 

For this work, 45-pound ingots of 4 promising alloys (A45, 
A47, A50, and A8/7) were cast in duplicate. The chemical analyses 
of these 8 ingots are given in Table III. The ingots were forged to 
l-inch thick bars. Alloy A110, a duplicate of A45, was a gassy ingot 
and cracked badly during forging; consequently, no strip was pre- 
pared from this casting. The other 7 alloys were processed into 
0.019-inch thick strip at a commercial fabricating plant. 

Portions of this strip were subjected to laboratory tests to de- 
termine the effects of temperature of solution treatment on the hard- 
nesses of the alloys, both before and after aging. For this, sections 
of each alloy strip were solution-treated 5 minutes at temperatures 
ranging from 1650 to 1900 °F (900 to 1040°C). The various sec- 
tions were then aged at 900 °F (480 °C) for periods of % to 8 hours. 





Table III 
Chemical Analyses of the Eight Heats Prepared for Production Evaluation 





-—Alloy No.—, Chemical Analysis, % we 
New Original Cu Ni Si Al Mg 
110 (45) 89.92 5.77 1.81 2.50 pane 
111 (45) 89.80 5.83 1.92 2.45 
112 (47) 88.06 9.51 1.80 0.63 
113 (47) 87.96 9.69 1.76 0.59 
114 (50) 84.38 9.29 1.65 4.68 
115 (50) 84.17 9.39 1.74 4.70 cies 
116 (87) 88.15 9.68 1.81 lla 0.36 


117 (87) 88.13 9.62 1.83 sake 0.42 
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Fig. 7—Effect of Temperature of Solution Treatment on the Hardness 
of Four Alloys Both Before and After Aging. 


The results of hardness tests made on the strip, both before and 
after aging, are shown graphically in Fig. 7. These results showed 
that, in the solution-treated condition, some reduction in the hard- 
ness of Alloys Alli and A114 could be obtained by increasing the 
solution treatment from 1650 to 1800°F (900 to 980°C). How- 
ever, this was not true for Alloys All2 and A116, which showed 
only little change in hardness as the temperature of solution treat- 
ment was varied. In the aged condition, it was found that the higher 
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Table IV 
Results of Tensile Tests* on Alloy A114 and Copper-Beryllium Alloy (Berylco 25) 


Propor- Modulus of 
Yield Tensile tional Elasticity, Hard- 
Strength, Strength, Elonga- Limit, 1,000,000 ness, 
Aging Treatment psi psi tion, % psi psi Raon 
Alloy A114 
As solution-treated 36,700 86,000 38.0 shia ee et 58 Raor 
700 °F—4 hrs. 93,500 113,000 13.0 61,700 19.5 38 
750 °F—¥ hr. 89,000 107,500 10.5 59,000 19.0 $7.5 
750 °F 1 hr. 98,500 114,400 11.2 70,500 18.4 40 
800 °F—% hr. 99,000 116,000 13.0 73,000 19.3 40.5 
800 °F—2 hrs. [12,400 127,800 9.0 73,000 20.6 44 
850 °F—¥ hr. 111,000 128,500 12.0 70,500 20.9 45 
850 °F—1 hr. 115,000 131,000 vo 79,400 19.2 46.5 
900 °F—% hr. 113,800 131,000 13.2 83,000 18.9 44.5 
900 °F—1 hr. 123,000 138,500 6.2 85,000 19.7 48.5 
900 °F—4 hrs. 125,000 143,200 7.2 89,000 19,2 50 
950 °F 4 hr 119,000 139,000 8.0 86,700 19.4 47.5 
950 °F—1 hr. 122,000 142,500 8.0 81,500 18.6 49 
950 °F—4 hrs 115,500 138,000 8.0 66,700 20.3 50 
1000 °F—% hr 121,800 143,000 9.7 74,500 19.0 50.5 
1000 °F—1 hr 113,000 136,700 7.8 79,000 17.5 48.5 
1000 °F—4 hrs 96,800 127,000 9.5 58,000 17.0 46 
Copper-Beryllium Alloy 
As solution-treated 36,800 70,000 44.2 lla siaih ag she 52 Raot 
560 °F—20 mins. 91,400 128,000 16.7 55,700 18.2 44 
560 °F—30 mins. 91,000 135,200 15.0 49,600 19.7 47.5 
560 °F—40 mins. 107,500 142,300 12.7 53,100 18.4 50.5 
560 °F—50 mins. 110,000 146,200 10.8 56,800 18.3 52.5 
560 °F—1 hr. 114,700 146,800 10.8 74,300 20.0 53 
560 °F—1% hrs. 123,300 157,000 9.9 74,700 18.8 56 
560 °F—2 hrs. 126,700 159,000 8.8 93,000 19.5 57 


*The values reported are the average on tests made on duplicate specimens. 


solution treatment temperatures produced the more rapid age hard- 
ening. From this work, a solution treatment temperature of 1750 °F 
(955 °C) was selected for further experimental work on all 7 alloys. 

Tests were made to determine means for improving the ductility 
of the experimental alloys in the aged condition without reducing 
appreciably the spring properties of the alloys. Underaging treat- 
ments to improve the ductility were investigated, using sections of 
solution-treated strip of Alloy All4. Tensile tests showed that, at 
a hardness of 44 Rockwell 30N, the experimental alloy had a con- 
siderably higher proportional limit and slightly higher yield strength 
than the copper-beryllium alloy aged to a hardness of 52 Rockwell 
30N. At these two hardness leve!s, both the copper-beryllium alloy 
and Alloy Al1l4 showed about 10% tensile elongation. These tests 
showed that, in specimens solution-treated and then aged without the 
application of cold work, the experimental alloy had adequate tensile 
elongation, as well as excellent spring properties. 

Tests were made to compare the effects of cold work before 
aging on the mechanical properties of Alloy All4 and the copper- 
beryllium alloy. For this, hardness tests made on production springs 
of these 2 alloys after a forming operation showed that both had 
hardnesses of about 68 to 70 Rockwell 30T. Sections of solution- 
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treated strip of each alloy were then cold-rolled (about 15% reduc- 
tion) to a hardness of 68 to 70 Rockwell 30T. Tensile tests were 
made on specimens aged for various times and temperatures. The 
results of these tensile tests are given in Table IV. 

The results showed that, in the solution-treated condition, the 
copper-beryllium alloy had somewhat greater ductility (45%) than 


Alloy A114 (39%). However, after cold working to 68 to 70 Rock- 
ry . / . 

| well 30T, the experimental alloy showed 28% elongation, as com- 
| pared with only 17.5% for the copper-beryllium alloy. In the aged 


condition, Alloy A114, at a hardness value of 44 Rockwell 30N, had 
properties about equal to the copper-beryllium alloy at a hardness 
value of 52 Rockwell 30N. At these hardness values, the copper- 
beryllium alloy had higher yield strength but lower proportional limit 
and tensile elongation than Alloy All4. The copper-beryllium alloy 
showed considerably higher tensile strength, but this is not considered 
an important factor in spring applications. It will be noted, in 
Table V, that Alloy A114, when still not fully hardened by aging at 
850 °F (455 °C) for 2 hours, showed a proportional limit of 104,000 
psi and a yield strength of almost 130,000 psi. These are only of 
academic interest, cited to show the properties that can be obtained 
in a copper-nickel-silicon-aluminum alloy, since the low ductility 
may prevent utilization of such strength properties. 


Table V 


Results* of Tensile Tests on Copper-Beryllium Alloy and Alloy A114, Cold-Rolled 
to a Hardness of 68 to 70 Rockwell 30T Before Aging 


Modulus 
Elonga- Propo1 of 
Yield Tensile tion, % tional Elasticity, 
Hardness, Strength, Strength, in 2 Limit, 1,000,000 
Condition Raon 1000 psi 1000 psi inches 1000 psi psi 
Alloy A114 
Solution-T reated 57 Raor 34 83.7 39 
; Solution-Treated and Cold-Rolled 69 Raor 56 92.5 28 eos oes 
3 i-Rolled and Aged at 750 °F for % hr. Sasa 113.5 117.5 14 82.2 19.9 
; i-Rolled and Aged at 750 °F for 1 hr. 41.5 116 128.8 10 94.3 19.2 
; d-Rolled and Aged at 750 °F for 2 hrs. 44 121 133.0 9 93.8 18.8 
ld-Rolled and Aged at 800 °F for % hr. 42.5 118 127.3 12 94.6 19.5 
4 ld-Rolled and Aged at 800 °F for ™% hr. 44 119.5 127.8 11 98.5 19.4 
id-Rolled and Aged at 800 °F for 1 hr. 45 123 135 9 99.5 20.9 
i ld-Rolled and Aged at 850 °F for &% hr. 44.5 122 133 8 102 19.6 
: Iid-Rolled and Aged at 850 °F for 1 hr. 47 126.5 140 7 98.5 19,1 
i rid-Rolled and Aged at 850 °F for 2 hrs. 47.5 129.5 143 5.5 104 19.4 
| Copper-Beryllium Alloy 
\s Solution-T reated 52 Raor 39 70 a4 
As Solution-Treated and Cold-Rolled 69 Raor 71 84 [7.5 eau Ras 
Cold-Rolled and Aged at 550 °F for 20 mins. 38.5 95.5 121.5 14 64.5 18.0 
Cold-Rolled and Aged at 550 °F for 30 mins. 7 116 143 8 88 18.2 
Cold-Rolled and Aged at 550 °F for 40 mins. 50 125 151 6 93.5 17.3 
Cold-Rolled and Aged at 550 °F for 50 mins. 52 131.5 160 6 95.5 19.2 
Cold-Rolled and Aged at 550 °F for 1 hr. 52 134 161.5 6 100 19.0 
; Cold-Rolled and Aged at 550 °F for 1% hrs. 54 138 167 4 93 19.6 
: Cold-Rolled and Aged at 550 °F for 2 hrs. 54 141 171.5 4.5 99 19.8 





*The results presented are the average of tests on duplicate specimens. 





344 TRANSACTIONS OF THE ASM Vol. 46 


In general, the tests described above showed that Alloy A114, in 
all laboratory tests, is a suitable substitute for certain applications of 
the copper-beryllium alloy. However, there was no certainty that 
the alloys could be fabricated into various springs by common form- 
ing methods, nor that springs formed .from the experimental alloys 
would prove satisfactory in various assemblies. Such information 
could be obtained only by factory tests. 


FActTorY EVALUATION OF EXPERIMENTAL ALLOYS 


Strip fabricated from the 7 large ingots (Alloys A111 to A117) 
was evaluated in factory tests. These tests showed that all the alloys 
could be adequately formed into springs by a punching operation. 
Springs from these alloys when fully aged, at 900°F (480°C) for 
2 hours and having a hardness of 51 Rockwell 30N, showed insuff- 
cient ductility to be positioned in business machines. However, 
springs formed from Alloys Al1l4 and A115, when underaged at 
800 °F (425 °C) for 15 minutes and having a hardness of 45 Rock- 
well 30N, had sufficient ductility. Under these aging conditions, 
previous tests had indicated that these alloys had approximately the 
following properties: 


Yield strength 122,000 psi 
Tensile strength 135,000 psi 
Elongation 9% 
Proportional limit 98,000 psi 
Modulus of elasticity 19 million psi 


Tests showed that underaged springs formed from Alloys A114 and 
A115 performed fully as well as springs made from the copper- 
beryllium alloy. Springs formed from the other experimental alloys 
were inferior to those formed from Alloys All4 and A115. Tests 
also showed that the electrical conductivity of Alloy All4 (11% of 
copper) was adequate for the application. 


SUMMARY 


An age hardening copper-base alloy containing about 10% nickel, 
1.5% silicon, and 4.0% aluminum has been developed which can be 
readily formed in the solution-treated condition and can.be age- 
hardened to the following properties: 


Yield strength 120,000 psi 
Tensile strength 140,000 psi 
Elongation 0 
Proportional limit 85,000 psi 
Modulus of elasticity 19 million psi 
Electrical conductivity 11% of copper 


Cold work (about 15%) before the aging treatment will enhance the 
properties obtained by aging to the following values: 
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Yield strength 129,000 psi 
Tensile strength 143,000 psi 
Elongation 5% 
Proportional limit 104,000 psi 
Modulus of elasticity 19 million psi 


The alloy appears to be a possible replacement for applications 
where the extremely high tensile strength of the copper-beryllium 
alloys is not required. The alloy is being considered for the pro- 
duction of spring contacts to be used in various business machines. 
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DISCUSSION 


Written Discussion: By J. T. Richards, chief engineer, and E. M. 
Smith, chief metallurgist, Penn Precision Products, Inc., Reading, Pa. 

In surveying published literature on copper-base alloys known to 
exhibit age hardening effects, the authors have made no mention of Jap- 
anese work on copper-nickel-silicon-aluminum alloys. As long ago as 
1940, Okamoto* considered the influence of aluminum and other additives 
on the hardness and conductivity of copper-nickel-silicon alloys. At a 
later date, Koiso and Amano’ investigated the aging characteristics of the 
commercial alloy “Aero-Bronze”’, which contains 4% nickel, 0.7% silicon 
and 4.5% aluminum. 

Although these alloys do not offer exactly the same combination of 
properties as obtained in the present paper, they are of interest on account 
of their marked response to aging and possible savings in strategic nickel. 
The following tabulation compares these several materials: 


sy oma Electrical 


Nominal ickers Conductivity, 
Investigator Composition*, % Conditiont Hardness % ITACS 

Okamoto* 3.0 Ni, 0.8 Si, 1.0 Al A 70 17 

AT 220 28 
Koiso and Amano® 4.0 Ni, 0.7 Si, 4.5 Al A 114 

AT 205 
Roach, Fischer and Jackson 10.0 Ni, 1.5 Si, 4.0 Al A 115 rs 

AT 301 11 


*Balance copper. 
TA solution-treated. 
AT = solution-treated and age-hardened. 


In considering Okamoto’s alloy, it is of interest to note that the hard- 
ness increases 214% as a result of aging solution-treated wire for 2 hours 
at 930°F (500°C). At the same time, the electrical conductivity is im- 
proved 53%, giving a useful combination of strength and hardness. Of 
particular significance, however, is the 70% saving in nickel. 

From our own experience, the quaternary system copper-nickel- 
silicon-aluminum presents certain processing problems which are not 
easily circumvented. For example, the relatively high concentrations of 
nickel and aluminum, such as employed by the authors, make hot and 
cold rolling difficult. On the other hand, the more dilute materials as 
manufactured in Japan are prone to intergranular corrosion. 

In considering the many alloy compositions cast, the authors have 
perhaps placed too great a reliance upon tensile elongation as an indication 
of formability. A simple bend test® is not only rapid but also informative. 
It would provide a better means of screening prior to subsequent factory 
evaluation. 

Elongation values for age-hardenable copper alloys may frequently 
prove misleading. The elongation of cold-rolled stock is often improved 
by heat treatment; however, the formability drops. Similarly, transverse 


‘M. Okamoto, ‘“‘High-Conductivity and High-Strength Copper Alloys’, Transactions, 
Institute of Metals (Japan), Vol. 4, 1940, p. 69-75, 103-109. 


5G. Koiso and M. Amano, “Effect of Cold Working on the Aging Properties of Some 
Age-Hardenable Copper Alloys’, Reports, Sumitomo Metal Industry, Vol. 6, 1943, p. 1154- 
1169, 


*J. T. Richards and E. M. Smith, “The Forming Characteristics of Beryllium Copper 
Strip’, Proceedings, American Society for Testing Materials, Vol. 50, 1950, p. 1085-1100. 





2 SE a 





| cole 


1 hk pe 





1954 DISCUSSION—PRECIPITATION HARDENING ALLOY 347 
elongation (90 degrees to rolling direction) may be higher than longitudi- 
nal (0 degrees), but the formability will again be lower®. Consequently, 
elongation is a useful criterion only when comparing materials of the same 
condition in the same test direction. For the purposes at hand, perhaps 
the reciprocal of tensile strength would provide a better guide. 

In Tables IV and V, the authors have included beryllium copper as a 
comparison material and have presented proportional limit and elastic 
modulus values. Since the modulus of beryllium copper increases almost 
linearly with aging time, the scatter noted in the modulus figures would 
indicate that the stress-strain and consequently the proportional limit data 
are not reliable. In the case of beryllium copper, at least, the stress-strain 
relationship is curvilinear’, so that the proportional limit is difficult to 
determine and is not indicative of the true elastic range. 


Authors’ Reply 


The remarks of Messrs. Richards and Smith are very pertinent and 
are appreciated. 

A literature survey at the start of this research was made with two 
purposes in mind; namely, to determine which systems showed appreciable 
age hardening effects and to determine whether any alloy, commercial or 
experimental, had been produced which would meet the established speci- 
fications for the end product desired. The works of Okamoto, and Koiso 
and Amano, were reviewed but not included as references in the paper, 
since these authors and others had produced alloys which were not deemed 
suitable for the needs at hand. As pointed out by Messrs. Richards and 
Smith, the Japanese alloys are of interest. However, these alloys do not 
appear to have spring properties required for the particular application 
in mind. 

We have found that large ingots of the copper-nickel-silicon-aluminum 
alloy described in our paper tend to crack in the initial hot working. How- 
ever, with the care required in hot working special-purpose alloys, this 
problem has been overcome. Contrary to the experience of Richards and 
Smith, we have encountered no difficulty in cold working the alloys. 

We realize that tensile elongation results are only a rough indication 
of formability. At the time, we considered the use of a bend or cup test 
to indicate formability. However, sufficient information was not available 
to determine what degree of bend ductility was required for adequate 
formability. Tensile-elongation data defining the application were avail- 
able. Consequently, for the purposes at hand, the use of tensile elongation 
as a rough indication of formability was selected and this proved to be 
adequate. 

Evaluation of formability by the reciprocal of tensile strength may be 
misleading. For example, Alloys A114 and A115 had about the highest 
tensile strengths, in the solution-treated condition, of all the alloys stud- 
ied; nevertheless, these two alloys had the best forming characteristics. 


7J. T. Richards, “An Evaluation of Several Static and Dynamic Methods for Deter- 
mining Elastic Moduli’, Symposium on Determination of Elastic Constants, American 
Society for Testing Materials, Special Publication No. 129, 1952, p. 71-100. 





EFFECT OF COPPER ADDITIONS ON THE PLASTIC 
PROPERTIES OF AN ALUMINUM-ZINC ALLOY 


By C. D. STarR AND J. E. Dorn 


Abstract 


In this investigation a study was made of the effect of 
copper additions on the plastic properties of alpha solid 
solutions of aluminum containing 0.54 atomic per cent zinc. 
A homologous series of true stress — true strain curves was 
obtained which exhibited increasing flow stresses with in- 
creasing atomic percentages of copper. The Copper-Equiv- 
alents of 0.54 atomic per cent zinc were evaluated for each 
copper content by determining the additional atomic per 
cent copper required in the binary Al-Cu alloys to give 
the same stress-strain curve that was obtained in each 
ternary Al-Cu-Zn alloy. Since the Copper-Equivalents of 
zinc imcreased almost linearly with the copper content of 
the ternary alloys, the solid solution strengthening of zinc 
increased with increasing copper content. This suggests 
that solid solution strengthening of ternary alloys increases 
more rapidly than obtained by the additive effects of each 
of the binary alloys. 


INTRODUCTION 


EVERAL investigations reveal that the solid solution strengthen- 
ing arising from the simultaneous addition of several elements to 
a host metal is equal to the sum of the individual strengthenings of each 
element in the binary alloys. Frye and Hume-Rothery (1), for 
example, have shown that the increase in Meyer’s ultimate hardness 
arising from the additions of zinc and cadmium to silver is equal to 
the sum of the increases in hardness for the binary Zn-Ag and Cd-Ag 
alloys. In a more extensive investigation, Lacy and Gensamer (2) 
demonstrated that the increases in the ultimate tensile strengths of 
ternary and quaternary ferrites are equal to the sum of the ‘increases 
in tensile strength for each binary ferrite involved. Thus, these inves- 
tigations suggest that the plastic properties of any alpha solid solution 
can readily be deduced from the properties of binary alloys. 
But the earlier investigations of Schmid and Siebel (3) on the 
1The figures appearing in parentheses pertain to the references appended to this paper. 
Of the authors, C. D. Starr is research engineer and J. E. Dorn is professor, 


Physical Metallurgy, University of California, Berkeley, Calif. Manuscript 
received July 6, 1953. 
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critical shear stress for slip in ternary Al-Zn-Mg alloys appear to 
question the general validity of the additive law, as shown by the data 
recorded in Table I; the observed value of the critical shear stress for 
slip was slightly greater than the value calculated from the binary 


alloys assuming the validity of the additive law. Although this appar- 
ent contradiction might have arisen from the well-known scatter in 


Table I 
Critical Shear Stress for Slip in Magnesium Single Crystals 
(Data from Schmid and Siebel) 


Atomic % Critical Shear Stress 


Composition for Slip in gms/mm? 

Alloy Zinc Aluminum Observed Calculated 

A 0 0 82.9 

B 0.36 0 159 

.; 0.38 0 168 

D 0 2.54 441 

E 0 5.04 875 ail 

F 0.36 2.54 763 517 

G 0.38 5.04 1152 960 


evaluating the critical shear stress for slip in the single-crystal alloys, 
it nevertheless deserves further investigation because it suggests that 
the strengthening due to one solute element might be increased by the 
presence of some other solute element, thus providing an additional 
basis for improving the plastic properties of solid solutions over and 
above that which can be obtained in binary systems alone. For this 
reason the investigation to be described was initiated to further test 
the validity of the additive law for ternary alpha solid solutions. 


MATERIALS AND TECHNIQUES 


Aluminum-base alloys were selected for this investigation be- 
cause of the extensive data now available on the plastic properties of 
their binary alpha solid solutions (4). The chemical composition of 
the alloys which were studied in this investigation is given in Table 
II. All alloys were produced from the same high purity aluminum 


Table II 
Chemical Composition and Grain Size 





Chemical Composition* 


Atomic % Mean 

Major Grain 

Constituents —————_ Weight % ——__, Diam., 

Alloy Cu Zn Cu Zn Mg Fe Si Mn Cr mm. 
A — — 0.002 N.D. 0.0001 0.0007 0.0008 N.D. 0.005 0.27 
B 0.055 — 0.13 N.D. 0.0001 0.0008 0.0008 0.0001 0.0005 0.29 
© 0.102 — 0.24 N.D. 0.0002 0.0008 0.0009 0.0002 0.0005 0.29 
D — 0.54 0.002 1.12 0.0012 0.001 0.0009 N.D. 0.0005 0.26 
E 0.035 0.54 0.08 1.12 0.0002 0.0007 0.0008 N.D. 0.0005 0.27 
F 0.068 0.54 0.16 1.12 0.0002 0.0008 0.0009 N.D. 0.0005 0.29 
G 0.089 0.54 0.21 1.09 0.0002 0.0007 0.0009 N.D. 0.0005 0.27 





N.D. = Not Detected. 


*Chemical analysis by courtesy of Aluminum Company of America Research Laboratories. 
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ingots and all major alloying additions were made from the same high 
purity master alloys. The original alloy ingots were initially hot- 
rolled and finally cold-rolled to 0.100-inch thick sheet. Appropriate 
recrystallization and grain growth treatments were practiced to de- 
velop about the same mean grain diameter in each of the various an- 
nealed alloys as shown in Table II. No evidence of precipitation could 
be detected metallographically and no effects of strain aging were 
noted during the test program. 

True stress — true strain curves were obtained from tensile speci- 
mens whose axes were selected to be in the rolling direction. All 
tests were conducted at 295 + 1 °K at a constant strain rate of 0.118 
per minute. Strains were measured to the nearest +0.0002 and the 
stresses were measured to the nearest +25 psi. 


DISCUSSION OF RESULTS 


The stress-strain curves, shown in Fig. 1, reveal that the group 
of alloys forms a homologous series which exhibits regular trends of 
increasing deformation stress and increasing rates of strain hardening 
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Fig. 1—Stress-Strain Curves for Pure Aluminum, Al-Cu, and AI-Cu- 
Zn Alloys at 295 °K. 


with increasing alloy content, in complete harmony with the previ- 
ously reported results on binary alpha solid solutions (4). 

In order to reveal more clearly the effect of alloying composition 
on the deformation strength, the stress for various stated strains was 
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replotted as a function of the atomic per cent copper as shown in Fig. 
2. Thus, the solid solution strengthening is noted to be almost a 
linear function of the atomic per cent copper”. Since the simple addi- 
tive law for evaluating the plastic properties of ternary alloys can only 
be valid for cases where the solid solution strengthening is strictly a 
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Fig. 2a—Effect of Copper on the Deformation 
Strength of a 0.54 Atomic Per Cent Zinc-Aluminum 


Alloy at 295 °K. 
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Fig. 2b Effect of Copper on the Deformation 
Strength of Pure Aluminum at 295 °K. 


linear function of the atomic per cent of a solute element, it follows 
that solid solution strengthening in ternary Al-Cu-Zn alloys cannot 
exactly follow the additive law. This fact was already apparent from 
the previously reported investigations on binary alpha solid solutions 
of aluminum (4). 

Since the solid solution strengthening arising from initial addi- 
tions of a solute element is greater than the strengthening arising 
from equal subsequent additions, recourse must again be taken to ex- 


_ *Similar deviations from linearity of solid solution strengthening have: been observed 
[Goebels (5), Greenland (6), Frye and Caum (7), Bain (8), Lacy and Gensamer (9), and 
Dorn, Pietrokowsky and Tietz (4)]. 
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press the solid solution strengthening in terms of the Copper-Equiva- 
lent which proved so helpful in analyses of the previously reported 
results on binary solid solutions. Thus, as illustrated in Fig. 2a, the 
flow stress of the 0.54 atomic per cent zinc plus 0.015 atomic per cent 
copper alloy is almost identical to that for the 0.032 atomic per cent 
copper alloy shown in Fig. 2b. This suggests that the 0.54 atomic 
per cent zinc in the 0.015 atomic per cent copper alloy is equivalent 
in solid solution strengthening to 0.032 — 0.015 = 0.017 atomic per 
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Fig. 3—Effect of Copper on the Copper-Equivalence 
of 0.54 Atomic Per Cent Zinc in an Al-Cu-Zn Alloy 
at 295 °K. 


cent copper. In this way the Copper-Equivalent for 0.54 atomic per 
cent zinc was obtained as a function of the copper content of the 
ternary alloy as shown in Fig. 3. Since these equivalents are inde- 
pendent of the strain at which they are evaluated, they do exhibit the 
necessary internal consistency demanded of true equivalents. The 
interpretation of Fig. 3 is therefore obvious ; namely, that the Copper- 
Equivalent of 0.54 atomic per cent zinc increases almost linearly with 
the atomic per cent copper in the ternary alloy. Thus, the solid solu- 
tion strengthening of zinc in aluminum is increased by the presence 
of copper. 
CoNCLUSIONS 


1. The stress-strain curves for ternary aluminum alpha solid 
solutions containing zinc and copper are homologous with those for 
the binary aluminum alloys. 

2. The plastic properties of ternary Al-Cu-Zn alpha solid solu- 
tions do not obey a simple additive law. 

3. The concept of Copper-Equivalents can be extended to ter- 
nary aluminum alloys. 
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4. The Copper-Equivalent of zinc in a ternary aluminum alloy 


increases almost linearly with the copper content. 
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THE SYSTEM ZIRCONIUM-ALUMINUM 
3y D. J. McPHERSON AND M. HANSEN 


Abstract 


The complete phase diagram of the sztrconium- 
aluminum system was established by metallographic 
analysis of arc-cast and heat treated specimens, X-ray 
diffraction, incipient melting and thermal analysis studies. 
Protective helium or argon atmospheres or vacuum were 
employed for melting and heat treatment operations. 


HIS is another in a series of papers on zirconium-base binary 

phase diagrams, condensed from a report of work sponsored 
by the Atomic Energy Commission. The Zr-Sn (1)', Zr-Si (2), 
Zr-Mo and Zr-W (3), Zr-Cu (4) and Zr-Cr (5) systems have 
already been published. 

Prior unclassified work on the zirconium-aluminum system was 
confined to the constitution of aluminum-rich alloys by Allibone and 
Sykes (6), Fink and Willey (7), and Brauer (8). Allibone and 
Sykes and Fink and Willey reported that the phase in equilibrium 
with the aluminum-rich solid solution was ZrAls. According to the 
latter authors, the peritectic reaction: Melt + ZrAls = Als, occurs 
at 660.5 °C (1220°F). The melt entering into this reaction contains 
0.11% zirconium and the aluminum solid solution, 0.28% zirconium. 
Brauer reported that ZrAls is tetragonal, with lattice constants: c = 
17.29 kX, a = 4.01 kX, c/a = 4.31. 


EXPERIMENTAL PROCEDURES 
Materials 


Westinghouse “Grade 3” iodide zirconium crystal bar (nominally 
99.8% pure) was employed for these studies. The as-received mate- 
rial was sand-blasted and pickled in HF-HNOsz solution to remove 
the surface film of. corrosion product resulting from AEC grade 
designation tests. The cleaned crystal bar was cold-rolled to s'5-inch 


hr - . . . . . 
‘The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is based on a portion of the work carried out at Armour Research Foundation 
for the Atomic Energy Commission under Contract No. AT(11-1)-149, “‘Phase Diagrams of 
Zirconium-Base Binary Alloys’’, Final Report, No. (COQ-89). 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, D. J. McPherson is 
supervisor, Physical Metallurgy Research, and M. Hansen is manager, Metals 
Research Department, Armour Research Foundation of Illinois Institute of 
Technology, Chicago. Manuscript received April 8, 1953. 
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strip, pickled again, and cut into '%4-inch squares. This stock was 
rinsed in acetone several times and dried before charging. 

High purity (99.99+-% ) aluminum sheet was obtained from the 
Aluminum Company of America. This material was cut to ™%4-inch 
squares, cleaned in acetone, and dried prior to charging. 


Equipment and Procedures 


The nonconsumable are melting furnace employed for the prep- 
aration of all alloys has been described in detail in a previous paper 
(9). Briefly, alloys are melted by a water-cooled tungsten electrode 
in the copper block insert of a water-cooled copper crucible. The 
furnace atmosphere is high purity helium. Ingots weighing 20 to 25 
grams were prepared, then homogenized and cold-worked to the max- 
imum extent possible prior to annealing. 

Annealing treatments were carried out with specimens sealed in 
Vycor (up to 1100 °C) or quartz bulbs. Below 950°C (1740 °F), 
bulbs were evacuated ; above this temperature, a reduced pressure of 
argon, necessary to balance one atmosphere of external pressure at 
the annealing temperature, was introduced. Molybdenum bulb-liners 
were employed for some high temperature anneals. Quenching was 
accomplished by breaking the bulbs under water. Temperature 
control was within +3 °C of the reported temperatures. 

Solidus curves, eutectic and peritectic horizontals, and melting 
points of the intermediate phases were determined by thermal analysis 
in a hermetically sealed induction furnace, or by the metallographic 
detection of incipient melting in specimens quenched in a high temper- 
ature vacuum induction furnace. The former technique was confined 
to alloys melting within the range of usefulness of Pt/Pt- 10% Rh 
thermocouples (about 1650°C). The furnaces and techniques for 
both methods have been previously described (9). 

For the X-ray studies, powder samples (—200 mesh) were ex- 
posed to filtered CuK, radiation in a 7.18 cm. Debye-Scherrer camera. 
Exposure times varied from 4 to 8 hours. 


RESULTS AND DISCUSSION 
The Phase Diagram 


The zirconium-aluminum phase diagram is shown in Fig. 1, 
based on weight %, and in Fig. 2, based on atomic %. The text will 
refer to compositions in weight %. Because of the crowding of phase 
fields, melting data are not recorded on the diagrams but are tabu- 
lated later, and labeling of some phase fields is omitted. An ex- 
panded diagram of the zirconium-rich region, including most of the 
data points, is given in Fig. 3. The diagrams are based on the 
analyzed compositions listed in Table I, while a tabulation of the 
annealing treatments employed is presented in Table II. 
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Fig. 2—The Zirconium-Aluminum System by Atomic %. 


Zirconium-rich alloys containing from 0.24 to 9.4% aluminum 
were cold-pressed as much as 36%, depending upon alloy content. 
Alloys containing up to 12.6% aluminum were homogenized for 
5 hours at 1000°C (1830°F). Ingots containing less than 13% 
aluminum were then cold-rolled as much as 77%, again depending 
upon alloy content, prior to isothermal annealing. Other alloy com- 
positions were annealed from the arc-cast condition. 
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Table I 
Analyses of Zirconium-Aluminum Alloys* 





Alloy No. Aluminum, Wt. % Alloy No. Aluminum, Wt. % 


ZA 0.2-701 0.24 ZA 24-564 23.3 
ZA 0.4-684 0.37 ZA 25-483 23.1 
ZA 0.6-685 0.50 ZA 26-566 29.2 
ZA 0.8—-542 0.75 ZA 27-567 27.5 
ZA 1-690 1.0 ZA 28-568 28.0 
ZA 2-691 2.4 ZA 29-569 27.7 
ZA 3-692 3.2 ZA 30-485 28.7 
ZA 4-693 4.5 ZA 31-570 29.7 
ZA 5-694 4.9 ZA 32-704 32.0 
ZA 6-695 6.2 ZA 33-705 32.5 
ZA 7-696 7.0 ZA 34-706 34.2 
ZA 8-697 7.8 ZA 35-707 34.8 
ZA 9-698 9.4 ZA 36-708 35.4 
ZA 10-699 9.7 ZA 37-709 312 
ZA 11-700 11.6 ZA 38-710 37.6 
ZA 12-702 12.6 ZA 39-711 39.7 
ZA 13-540 13.5 ZA 40-712 40.6 
ZA 14-865 14.1 ZA 41-713 40.5 
ZA 14-541 14.6 ZA 42-720 42.7 
ZA 14.5-866 14.7 ZA 43-714 44.7 
ZA 15-867 15.0 ZA 44-715 42.4 
ZA 15.5-868 16.2 ZA 45-716 44.9 
ZA 16-869 15.6 ZA 46-717 46.0 
ZA 16-556 16.0 ZA 47-718 46.9 
ZA 16.5-870 16.5 ZA 48-719 47.4 
ZA 17-557 7.2 ZA 49-722 16.9 
ZA 17-871 io ZA 45-489 50.1 
ZA 17.5-872 ‘7.2 ZA 50-491 55.4 
ZA 18-565 17.7 ZA 55-492 60.9 
ZA 18-873 18.4 ZA 60-493 63.0 
ZA 18.5-874 19.0 ZA 65-494 64 .8t 
ZA 19-559 18.9 ZA 70-495 71.37 
ZA 19-875 19.7 ZA 75-496 74.27 
ZA 19.5-876 19.2 ZA 80-497 78.7t 
ZA 21-560 20.7 ZA 85-498 84.5+ 
ZA 22-562 21.9 ZA 90-499 90. 0+ 
Zi A 23-563 y 2 ZA 95-500 95.51 


*Method of analysis: Specimens dissolved in aqua regia. H2SO« added and fumed thoroughly’ 
Zr separated with cupferron, 10% H2SOu, extracting with chloroform. Aqueous phase contain- 
ing all aluminum evaporated to strong SO; fumes; HNOs added to destroy cupferron. Dilute 
and precipitate aluminum with NHsOH. Ignite to AleOs and weigh. 

t+Analyzed for zirconium. Aluminum by difference. 


| 


Preliminary anneals of alloys containing 2, 6 and 12% aluminum 
at 700, 800, and 900 °C (1290, 1470, and 1650 °F) for three different 
times dictated the choice of annealing times listed in Table II. The 
temperature of the allotropic transformation a= £8 for “Grade 3” 
zirconium was also checked in a preliminary investigation. Two- 
phase (a + £8) structures were observed in the range 851 to 868 °C 
(1565 to 1595 °F). Since this range brackets the accepted value of 
862 + 5 °C reported by Vogel and Tonn (10), the latter value was 
employed in construction of the diagrams. 


Zirconium-Rich Alloys 


The eutectic at 11% aluminum and approximately 1350 °C 
(2460 °F) is illustrated in Fig. 4, showing the microstructure of an 
as-cast 11.6% aluminum alloy. The temperature of the eutectic melt 
was established independently by both thermal analysis and incipient 
melting tests. In addition, a series of specimens placed in the fur- 
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Fig. 3—Expanded Diagram of Zirconium-Rich Region 
of the Zirconium-Aluminum System. 


Table II 
Schedule of Annealing Treatments for Zr-Al Alloys 


Annealing 
Time, Hr. Alloys*, % Al 
1 2. 4, 6-10, 12, 14, 16, 18, 21, 24, 28, 31, 
32, 34, 36, 40, 44 
1 2, 4-10, 12 
6 1-11, 13, 16, 17, 19, 23, 26, 31, 33, 36, 
40, 44 ' 
16 1-10, 12 
20 1-10, 12, 14, 16, 18, 21 
20 1-13 
20 1-13, 16, 17, 19, 23, 26, 31, 33, 36, 40, 44 
45 0. 2-13 
50 0. 2-13 
99 0.2-13 
95 0.2-13 
138 O.2-14, 16, 18, 21, 24, 28, 31, 32, 24, 36, 
40, 44 
245 0.2-13 
240 0.2-13 
400 0.2-13 


pretreated before annealing as described in the text. Control samples of 


unalloyed zirconium were included with each annealing treatment. 
+Specimens in the region of the eutectic (8-ZrsAls) melted. 
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Fig. 4—11.6% Aluminum Alloy, As-Cast. Structure of the §-ZrsAls eutectic. 

Fig. 5—7.8% Aluminum Alloy, Quenched After Annealing 1 Hour at 1300 °C. 
Decomposed beta structure, obtained on quenching. This alloy was single-phase beta 
at: i300 ™.. X B08. 


Fig. 6—9.4% Aluminum Alloy, Quenched After Annealing 1 Hour at 1300 °C. 
Isothermal crystals of ZrsAls in a matrix of decomposed beta. X 250. 


Fig. 7—11.6% Aluminum Alloy, Quenched After Annealing 6 Hours at 1200 °C, 
Zr2Al crystals in a matrix of decomposed beta. X 250. 


Note: The etchant for all photomicrographs, except as otherwise noted, consisted 
of 20% HF, 20% HNOs in glycerine. 


nace for isothermal annealing at 1400 °C (2550 °F) were fused to- 
gether, due to the presence of eutectic in a number of them. 

The extent of the beta solid solution is indicated in Figs. 5 and 6, 
showing 7.8 and 9.4% aluminum alloys, respectively, annealed at 
1300 °C (2370°F). The extrapolation of this boundary to the eutec- 








Fig. 8—7.8% Aluminum Alloy, Quenched After Annealing 20 Hours at 1001 °C. 
Predominant phase is ZreAl in a matrix of transformed beta. Some unreacted third- 
phase particles of ZrsAls remain within the ZreAl, evidence of the peritectoid. X 250. 


Fig. 9—7.8% Aluminum Alloy, Quenched After Annealing 45 Hours at 950 °C. 
Crystals of ZrsAl in a matrix of transformed beta. X 250. 


Fig. 10—11.6% Aluminum Alloy, Quenched After Annealing 45 Hours at 950 °C. 
Annealed in the field ZrsAl (darker phase) + ZreAl (white). X 250. 


tic temperature yields a maximum aluminum solubility of approxi- 
mately 9.5%. The alloy series annealed at 1200°C (2190 °F) re- 
vealed the existence of an intermediate phase different from that de- 
tected in as-cast alloys and specimens annealed at 1300 °C (2370 °F). 
This ‘phase was located close to 13% aluminum, and is therefore 
designated Zr2Al (12.88% Al). It is formed by the peritectoid re- 
action: 8+ Zrs;Als = ZreAl, at a temperature between 1200 and 
1300 °C (2190 and 2370°F). Fig. 7 is the microstructure of an 
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11.6% aluminum alloy, annealed at 1200°C (2190 °F), showing a 
mixture of beta and Zr2Al phases. 

Another peritectoid reaction was found to occur between 950 and 
1000 °C (1740 and 1830°F), involving the phases: B+ Zro.Al= 
ZrsAl (8.97% Al). Fig. 8 depicts a 7.8% aluminum alloy, annealed 
at 1001 °C (1835 °F), containing B + Zr2Al, while Fig. 9 shows the 
same alloy annealed at 950 °C (1740 °F), now consisting of 8 + Zr3Al 
phases. The phase mixture Zr3Al + Zr2Al is illustrated in Fig. 10, 
which is the microstructure of an 11.6% aluminum alloy annealed at 
950 °C (1740 °F). 

Since the regular set of isothermal anneals gave evidence of a 
peritectoid generation of the alpha solid solutions, a special series of 
heat treatments was made in order to obtain the best evidence of this 
reaction. These anneals are not listed in Table II. Alloys containing 
nominally 2, 3, 4, and 5% aluminum were pretreated as described 
earlier, then held at 1050°C (1920°F) for 15 hours and slowly 
cooled to each of the temperatures 950, 932, 900, 850, and 808 °C 
(1740, 1710, 1650, 1560, and 1485 °F), held for about 20 hours, and 
water-quenched. Excellent evidence for the existence and location 
of the peritectoid reaction, 8B + Zr3;Al za, can be seen in Figs. 11 
through 14. Fig. 11, a 3.2% aluminum alloy with a final hold at 
950 °C (1740 °F), shows only the transformed beta structure after 
quenching, indicating that the alloy was all beta at the annealing 
temperature. Fig. 12, a 4.5% aluminum alloy similarly treated, de- 
picts transformed beta plus crystals of ZrsAl. Fig. 13, a 3.2% 
aluminum alloy with a final holding temperature of 932 °C (1710 °F), 
represents an (a -+ 8) structure. Fig. 14, the 4.5% aluminum alloy 
similarly treated, gives evidence of the incomplete formation of alpha 
from a reaction between beta and ZrsAl. 

The decrease in the solid solubility of aluminum in alpha zirco- 
nium with falling temperature is indicated by Figs. 15 and 16, repre- 
senting alloys annealed at 850°C (1560°F) and Figs. 17 and 18, 
of alloys annealed at 699 °C (1290 °F). 


Phase Relationships at Higher Aluminum Contents 


Due to the large number of intermediate phases, complicated 
phase relationships, and sluggish diffusion rates, the examination of 
a great many as-cast alloy structures was more instrumental in estab- 
lishing diagram features in this composition range than the study of 
annealed and quenched specimens. Long-time annealing of such alloys 
did not result in equilibrium conditions and modified only slightly the 
as-cast arrangement .of the phases. On the other hand, the cast 
structures of a sequence of compositions frequently contained three 
or four phases, the arrangement of which clearly told the solidification 
history of the alloys. Fortunately, the several intermediate phases 
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Fig. 11—3.2% Aluminum Alloy, Held at 1050 °C for 15 Hours, Slowly Cooled 
to 950 °C, Held 20 Hours, and Quenched. Transformed beta structure. X 150. 

Fig. 12—4.5% Aluminum Alloy, Held at 1050°C for 15 Hours, Slowly Cooled 
to 950 °C, Held 20 Hours, and Quenched. Crystals of ZrsAl in a matrix of trans- 
formed beta. Annealed in the § + ZrsAl field. 150. 


Fig. 13—3.2% Aluminum Alloy, Held at 1050°C for 15 Hours, Slowly Cooled 
to 932 °C, Held 20 Hours, and Quenched. Isothermal alpha in a matrix of decom- 
posed beta. Compare with Fig. 11. X 150. 


Fig. 14—4.5% Aluminum Alloy, Held at 1050 °C for 15 Hours, Slowly Cooled 
to 932 °C, Held 20 Hours, and Quenched. Three-phase ‘structure showing the incom- 
plete peritectoid formation of a (white) from the original 8 + ZrsAl structure. Com- 
pare with Fig. 12. X 250. 


of this system yielded very distinctive color and extinction reactions 
under polarized light, and this technique proved to be an invaluable 
tool in identifying the sequence of phases. 

The eutectic at 11% aluminum involves the beta solid solution 
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| Fig. 15—1.0% Aluminum Alloy, Quenched After Annealing 99 Hours at 850 °C, 
' 100% isothermal alpha solid solution. 500. 
Fig. 16—2.4% Aluminum Alloy, Quenched After Annealing 99 Hours at 850 °C. 
a+ ZrsAl crystals. X 500. 
Fig. 17—0.37% Aluminum Alloy, Quenched After Annealing 240 Hours at 699 
C. 100% isothermal alpha solid solution. X 250. 
Fig. 18—0.50% Aluminum Alloy, Quenched After Annealing 240 Hours at 699 
C. a-+ fine precipitate of ZrsAl. Note decrease in grain size on crossing the a/a 4 


ZrsAl boundary. X 250. 


and an intermediate phase at about 15% aluminum. This phase is 
therefore assigned the formula Zr;Alz (15.07% Al). Fig. 19 repre- 
sents the as-cast structure of a 14.7% aluminum alloy, primary crys- 
tals of ZrsAlg in a matrix of eutectic. Fig. 20 shows a 15.0% 
aluminum alloy, as-cast. A new type of primary crystal exists in this 
three-phase alloy, surrounded by peritectic walls of ZrsAlg and a net- 
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Fig. 19—14.7% Aluminum Alloy, As-Cast. Primary crystals of ZrsAls in a 
matrix of 8-ZrsAls eutectic. > 150. 


Fig. 20—15.0% Aluminum Alloy, As-Cast. Primary crystals of ZrsAle, peritectic 
walls of ZrsAls, and a eutectic network. The composition of the peritectic liquid must 
lie between 14.7 and 15% aluminum. X 150. 


Fig. 21—13.5% Aluminum Alloy, Quenched After Annealing 45 Hours at 950 °C. 
The original primaries of ZrsAls display a pedrlitic breakdown in some cases and none 
in others. Here the decomposition stops abruptly in the middle of a large ZrsAls crys- 
tal. x 250. 


work of eutectic. ZrsAls is therefore formed by a peritectic reaction 
between the second phase formed from the melt (assigned the for- 
mula ZrgAlo, 16.46% Al) and the liquid containing about 14.8% 
aluminum at 1395°C (2535°F). Numerous anneals in the solid 
state have shown that ZrsAls has a minimum temperature of stability. 
It is likely that this phase decomposes eutectoidally, ZrsAls — Zr2Al 
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Fig. 22—15.6% Aluminum Alloy, As-Cast. Primary crystals of ZrsAle in a 
complete peritectic matrix of ZrsAls. X 150. 


Fig. 23—16.5% Aluminum Alloy, As-Cast. Primary crystals of ZrsAls (white), 
peritectic walls of ZrsAlz, and a matrix of ZrsAls (cross-cracked), The peritectic melt 
must be situated between 15.6 and 16.5% aluminum. X 250. 


Fig. 24—18.9% Aluminum Alloy, As-Cast. Nearly 100% of ZrsAls primary crys- 
ar: 3 12 


Fig. 25—21.9% Aluminum Alloy, As-Cast. Structure of the eutectic ZrsAls-ZreAls. 
xX 500. 


+ ZrsAl,; however, the temperature of decomposition could not be 
ascertained because anneals over a wide range of temperatures (600 
to 1100 °C) neither completely eliminated the phase nor maintained 
it entirely without decomposition. This could be interpreted in two 
ways: 
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Fig. 26—22.3% Aluminum Alloy, Quenched After Annealing 1 Hour at 1300 °¢ 


Separation and agglomeration of the eutectic phases ZrsAls and ZreAls on annealing 
250. 


Fig. 27—22.3% Aluminum Alloy, Quenched After Annealing 6 Hours at 1200 °( 
Nearly single-phase ZrAl. The peritectoid, ZrsAls + Zr2Als = ZrAl, must lie between 
1200 and 1300 °C, Unetched, polarized light. 250. 
Fig. 28——-29.7% Aluminum Alloy, As-Cast. Nearly single-phase ZreAls x 100 
Fig. 29——-32.0% Aluminum Alloy, As-Cast. Primary crystals of ZrAle surrounded 
by a complete peritectic matrix of ZreAls. The peritectic melt must lie between 29.7 
and 32.0% aluminum. X 150 


(a) the reaction could be a relatively sluggish one at high tem- 
perature; or 

(b) it could be an unsuppressible (by quenching) one at lower 
temperature. 

Accordingly, this temperature remains open on the phase diagrams. 

Fig. 21, depicting a 13.5% aluminum alloy annealed at 950 °C (1740 
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°F), presents typical evidence of the decomposition of the ZrsAls 
phase. 

Fig. 22 is the as-cast structure of a 15.6% aluminum alloy, 
which has the same phases and phase arrangement as those of Fig. 20. 
However, the as-cast structure of a 16.5% aluminum alloy, Fig. 23, 
reveals the presence of another new primary phase, and a new peti- 
tectic arrangement. ZrgAlo (16.46% Al) is therefore formed peri 
tectically by the reaction between the new primary phase (assigned 
the formula ZrgAls, 18.15% Al) and a melt with about 16% alumi- 
num at 1480°C (2695°F). ZrgAle is stable to room temperature. 

Zr4Alg (18.15% Al) melts with an open maximum at 1530 °C 
(2785 °F). An alloy with 18.9% aluminum, Fig. 24, shows nearly 
single-phase Zr4Als. This phase forms a eutectic at 22% aluminum 
and 1480 °C (2695 °F) with another intermediate phase located at 
approximately 30% aluminum. Fig. 25, representing the cast struc 
ture of a 21.9% aluminum alloy, shows this eutectic mixture. 

The isothermal anneals of specimens containing between 19 and 
30% aluminum give rise to three-phase structures, indicating that 
another intermediate phase must be formed in the solid state. A 
special set of anneals at various temperature levels proved that ZrAl 
(22.82% Al) is peritectoidally formed between 1200 and 1300 °C 
(2190 and 2370°F). Fig. 26 is the microstructure of a 22.3% 
aluminum alloy annealed at 1300 °C (2370°F). Only the divorced 
eutectic constituents, ZryAlg and ZreAls (tentative), are present. 
lig. 27, showing the same alloy annealed at 1200°C (2190 °F), 
represents a nearly single-phase ZrAl structure. ZrAl appears to 
exist only at a singular composition. 

Fig. 28, the as-cast structure of a 29.7% aluminum alloy, depicts 
nearly 100% of the next intermediate phase, which might be repre- 
sented by either of the formulas ZrgAly (28.27% Al) or ZreAls 
(30.72% Al). Most of the present evidence supports the latter, so 
this designation is tentatively adopted. Fig. 29 is the as-cast struc- 
ture of a 32.0% aluminum alloy. New primary crystals are detected 
in a matrix of ZreAls. Accordingly, Zr2Als is formed by a peritectic 
reaction between the new phase (assigned the formula ZrAlbe, 
37.16% Al) and a melt containing about 30% aluminum, at 1595 °C 
(2905 °F). 

ZrAle (37.16% Al) melts congruently at about 1645 °C (2995 

i). The structure of this phase is shown in Fig. 30, an as-cast 
37.6% aluminum alloy. A powder sample of this alloy was subjected 
to X-ray analysis. An orthorhombic structure with the lattice param- 
eters, a = 10.40 kX, b = 7.21 kX, c = 4.97 kX, was obtained. ZrAle 
forms a eutectic melt with an intermediate phase containing 47% 
aluminum at about 45% aluminum and 1490 °C (2715 °F). Fig. 31 
shows the eutectic structure in an as-cast 44.9% aluminum alloy. 
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Fig. 30—37.6% Aluminum Alloy, As-Cast. Nearly 100% ZrAle. Unetched, 
polarized light. X 100. 


Fig. 31—44.9% Aluminum Alloy, As-Cast. Structure of the eutectic ZrAle-ZrAls. 
150. 


Fig. 32—47.1% Aluminum Alloy, As-Cast. Nearly single-phase ZrAls. X 100. 


Fig. 33—64.8% Aluminum Alloy, As-Cast. Primary crystals of ZrAls in a 
matrix of aluminum-rich solid solution. Unetched. > 150. 


The intermediate phase at 47% aluminum melts with an open 
maximum at 1580°C (2875°F), and is the previously known 
(6, 7, 8) ZrAls (47.00% Al). The microstructure of this phase is 
shown in Fig. 32, which is an as-cast 47.1% aluminum alloy. The 
X-ray investigation of this phase showed the structure to be tetragonal 
with the lattice parameters, c = 16.90 kX, a = 4.306 kX, c/a 
in reasonably good agreement with Brauer (8). 
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X-ray diffraction patterns were made for alloys closest to each 
of the intermediate phases found in this system. Only the ZrAls and 
ZrAl3 patterns could be successfully indexed; the others were either 
too complicated or not nearly enough single phase to permit identifi- 
cation. The scope of the project did not permit extended studies in 
this direction. 


Aluminum-Rich Alloys 


All alloys containing more than 47% aluminum consisted of two- 
phase mixtures of ZrAlz and aluminum solid solution. A structure 
typical of this very broad two-phase field is shown in Fig. 33, repre- 
senting a 64.8% aluminum alloy. No attempt was made under the 
present contract to repeat the work of Fink and Willey (7), which 
describes the very aluminum-rich phase relationships. 


Melting-Range Determinations 


Because of the very complex structures resulting from the crowd- 
ing together of a large number of intermediate phases in this system, 
the microscopic detection of incipient melting in quenched samples 
was more difficult than in prior zirconium phase diagram studies. 
However, since all of the characteristic temperatures involved were 
within the useful range of the platinum/platinum —10% rhodium 
thermocouple, thermal analysis proved a completely reliable approach 
in this case. The thermal data are summarized in Table III. The 
limit of accuracy of thermal analysis values is +10 °C and of incipient 
melting measurements, +20°C. Accuracy of characteristic temper- 
atures determined by solid-state anneals is dictated by the increments 
between the isothermal annealing levels employed. 


SUMMARY 


The zirconium-aluminum phase diagram was determined with 
alloys based on “‘Grade 3” iodide zirconium and high purity aluminum. 


Table III 
Melting-Range Determinations 


Alloy Thermal Analysis - Incipient Melting— i 

Wt. % Al Arrests, °C Melting Observed, °C No Melting, °¢ 
0 1852 

11.6 1365 1340 

11.9 1350 

15.0 1412 1378 

15.7 1395-1345 

18.0 1530-1480 

22.2 1530-1485 

23.8 1480 

32.5 1595 

39.4 1645 

42.4 1490 

48.5 1580 


81.3 1328-655 
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The alloys were melted in a nonconsumable electrode arc furnace and 
heat treated under protective conditions to prevent contamination. 
Metallographic, X-ray, and thermal analysis were the principal tools 
of the investigation. The phase diagram has the following features: 
Nine intermediate phases exist. These were designated Zrs3Al 
(8.97% Al), ZreAl (12.88% Al), ZrsAls (15.07% Al), ZrsAle 
(16.46% Al), ZrsAlg (18.15% Al), ZrAl (22.82% Al), ZreAls 
(tentative, 30.72% Al), ZrAle (37.16% Al) and ZrAls (47.00% Al). 
Three of these, ZrsAls, ZrAlp and ZrAls, melt with open maxima at 
about 1530, 1645, and 1580 °C (2785, 2995, and 2875 °F), respec- 
tively. ZrsAls, ZrsAlo and ZreAls are formed peritectically; the 
temperatures and compositions of the reacting melts are, for ZrsAls, 
1395 °C (2545 °F) and 14.8% Al, for ZrsAle, 1480 °C (2695 °F) 
and 16% Al, and for ZreAls, 1595°C (2905°F) and 30% Al. 
ZrsAlgs undergoes a reaction in the solid state, probably decomposing 
eutectoidally. ZrgAl, Zr2Al and ZrAl are formed in the solid state 
by peritectoid reactions at about 975, 1250, and 1250 °C (1785, 2280, 
and 2280 °F), respectively. Three eutectics occur: B-Zr;Als at 11% 
Al and 1350°C (2460 °F), Zr4gAls-Zr2Als at 22% Al and 1480 °C 
(2695 °F), and ZrAlp-ZrAls at 45% Al and 1490°C (2715 °F). 
Beta zirconium dissolves 9.5% Al at 1350 °C (2460°F). Aluminum 
raises the az 8 transformation temperature of zirconium, and the 
peritectoid reaction, 8 + Zr3sAlz2a, occurs at 940°C (1725 °F) 
and 3.5% Al. The solubility of aluminum in alpha zirconium de- 
creases to 0.5% at 700°C (1290 °F). The solid solubility of zirco- 
nium in aluminum is extremely limited. Prior work is accepted in 
this high aluminum range. 
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DISCUSSION 


Written Discussion: By R. V. Hilkert, chief, Physical Metallurgy 
Division, Titanium Alloy Manufacturing Division, National Lead Co., 
Niagara Falls, N. Y. 

The authors are to be complimented for this contribution to the rap- 
idly increasing knowledge of the metallurgy of zirconium and its alloys. 

In the research laboratories of the Titanium Alloy Manufacturing 
Division of the National Lead Company at Niagara Falls, N. Y., the sys- 
tem zirconium-aluminum has also been studied, using techniques somewhat 
different from those employed by the present authors. Because of these 
differences in techniques and also because the work at Niagara Falls has 
been performed using sponge zirconium of commercial purity, the follow 


Resistivity 
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Fig. 34—Resistivity Varying With Occurrence of 
Intermetallic Compounds in the System Zr-Al. 
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Fig. 35—Zirconium Alloy Containing 12 Atomic % Aluminum. Cooled slowly 
from 900°C. Bright-field illumination. * 1000. 


Fig. 36—Zirconium Alloy Containing 10 Atomic % Aluminum. Cooled slowly 
from 960°C. Bright-field illumination. 250. 


Fig. 37—Same as Fig. 36. X 750. 


ing comments are offered as a supplement to, rather than a criticism of, 
the present paper. 

Alloys were prepared by mixing approximately 200 grams of zirconium 
sponge with aluminum of 99.9% purity, arc melting in a water-cooled 
copper crucible using a water-cooled tungsten electrode, remelting the 
resulting button to improve chemical homogeneity, and finally remelting 
and casting a portion of the button into a rod approximately 0.155 inch 
in diameter and approximately 3 to 5 inches in length, using equipment 
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and techniques developed in our laboratory and described elsewhere*®. The 
electrical resistivity of the resulting bars was determined along a fixed 
distance of the bars. 

Although the measuring techniques employed have been used over 
a wide range of temperatures, it is believed that the room temperature 
resistivity values will illustrate the good agreement obtained between the 
authors’ diagram and the position of the several intermetallic compounds 
as found by resistivity measurements. 

To quite briefly summarize the results of our tests, very distinct 
breaks in the curve representing the variation in resistivity with compo- 
sition were found at the approximate compositions of each intermetallic 
compound, including, interestingly, a distinct minimum at 15 weight % 
aluminum, corresponding to the somewhat elusive compound Zr;Al; de- 
scribed by the authors, as shown in Fig. 34. 

Initially, it was thought that the shape of the curve of resistivity 
versus composition in the range 0 to 9% by weight aluminum signified 
a region of solid solubility of Zrz;Al in Zr. However, subsequent micro- 
structural work indicated the region to be 2-phased as shown by the 
author. It is believed at the present time that this curve is actually the 
composite of two. One, extending to approximately 3% aluminum, repre 
sents a region in which the microstructure of a specimen rapidly cooled 
from above 8/a+f8 region consists essentially of transformed beta, as 
shown by the authors in their Fig. 11. Beyond this point, the resistivity 
drops as increasing amounts of ZrAls are formed, until a minimum in 
resistivity is found at approximately 9% aluminum, where the micro- 
structure is essentially all ZrsAl. 

Written Discussion: By J. H. Keeler, Research Laboratory, General 
Electric Co., Schenectady, N. Y. 

The authors are to be complimented on the presentation of a care- 
fully-prepared and very useful piece of work. We have carried out a 
number of experiments under AEC Contract W-31-109-Eng-52 on alloys 
in the zirconium-rich portion of the system and have found the diagram 
worked out by the authors to be very helpful. 

The authors’ Fig. 21 shows a pearlitic breakdown of ZrsAls in an 
alloy containing 13.5 weight % or 34.5 atomic % aluminum. We have 
frequently found evidence of a lamellar structure, believed to be precipi- 
tated ZrsAl, in alloys containing approximately 10 atomic % (3 weight %) 
aluminum. This structure was absent in specimens quenched from above 
or from just below the alpha-beta transformation temperature. On the 
other hand, very slow cooling from these same temperatures produced 
the lamellar precipitate, as shown in Fig. 35. Often, the precipitate 
started from grain boundaries, as shown in Figs. 36 and 37. 

It has also been observed that the first compound, Zr;Al, is ductile 
at and above 800 to 850°C, since alloys hot-rolled at these temperatures 
when examined metallographically exhibited elongated particles of this 
compound. The length-to-thickness ratio of some of these elongated 
particles was greater than 4 to 1. 


2Materials and Methods, December 1952. 
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Authors’ Reply 


The authors are, of course, most delighted to receive Mr. Hilkert’s 
independent corroboration of the phase relationships in the zirconium- 
aluminum system. The resistivity data, although somewhat scanty in the 
higher aluminum region of the plot, seem to be in excellent agreement 
with the metallographic evidence. We would agree completely with Mr. 
Hilkert’s interpretation of the state of affairs in the 0 to 9% aluminum 
range. Also, since we were never able to completely eliminate the “high 
temperature” phase Zr;sAl,; by prolonged heat treatments at low tempera- 
tures, this should account for the indications of its presence in Mr. Hil- 
kert’s alloys. 

The authors are also grateful for the contribution from Dr. Keeler 
and are pleased that the diagram has been put to work so soon. The 
typically “pearlitic” structures obtained by slowly cooling 10 and 12 atomic 
% alloys are most interesting. We have observed similar structures in 
this system although none were included in the paper. We know of two 
other cases, one being the authors’ prior work on zirconium-tin, where 
identical “pearlitic” structures are obtained in the immediate compositional 
vicinity of a peritectoid. Since the structure is so typically eutectoidal, 
one must work carefully in order to avoid jumping to the conclusion that 
a eutectoid exists in the system. 


We confirm Dr. Keeler’s observations on the relative ductility of the 
intermediate phase, ZrsAl. We were able to cold roll this composition to 
a 33% reduction without serious cracking. 





VACUUM-FUSION ANALYSIS OF MOLYBDENUM 
By M. W. MALLETT AND C. B. GRIFFITH 


Abstract 


The mechanical properties of molybdenum are signifi- 
cantly affected by oxygen contents as low as a few parts 
per million by weight. Nitrogen contents of the same 
order of magnitude may have similar effects. Therefore, 
a vacuum-fusion apparatus was built which is capable of 
giving results reproducible to within +1 ppm by weight 
for both oxygen and nitrogen. 

The use of mercury cutoffs and all-glass diffusion 
pumps and furnace envelope reduces the volume of blank 
gases to 0.006 cc per hour at 1600 °C (2910 °F). 

With the sensitivity of analysis provided by this ap-. 
paratus, the effects of minute quantities of oxygen and 
nitrogen on the physical behavior of molybdenum may be 
determined. 


INTRODUCTION 


XYGEN contents of 100 ppm by weight and less significantly 
affect the mechanical properties of a number of metals. In 
the preliminary work of evaluating the influence of oxygen on mo- 
lybdenum, the analyses were done with a vacuum-fusion apparatus 
having a precision of +10 ppm by weight oxygen for a 10-gram 
sample. This apparatus was originally built for analyzing steel. It 
was soon evident that a more precise differentiation between oxygen 
contents in the range 20 down to 1 ppm by weight (in a 5-gram 
sample) was needed. It also appeared desirable to determine nitrogen 
contents as low as 1 ppm by weight, which 1s below the limit of meas- 
urement of the Kjeldahl method. Consequently, a new vacuum- 
fusion apparatus was built to meet these specifications. 
A quite comprehensive description of the vacuum-fusion method 
of analysis in general has been given by Sloman (1)*. Variations 
in analytical techniques (2, 3) have been found necessary in order 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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to adapt the method to various metals. Many of the differences in 
design of apparatus in the past have been determined by the avail- 
ability of components such as high frequency converters and vacuum 
pumps, and of the services of skilled machinists and glassblowers. 
Thus, in the apparatus for analyzing steels, it was not always clear 
whether innovations in design constituted improvements or were 
dictated by personal preference of the investigator or the physical 
limitations within the laboratory. In most cases, it did not matter. 
However, when it became necessary to determine oxygen and nitrogen 
to 1 ppm or hydrogen to 0.1 ppm by weight, then design require- 
ments became most stringent and component parts of the apparatus 
could be chosen only on the basis of demonstrated performance. 


APPARATUS 


The apparatus, shown in Fig. 1, which was built primarily for 
the analysis of molybdenum, may be considered to be composed of 
two sections: a furnace section and an analytical section. 


Furnace Section 


The furnace section consists of a glass furnace envelope of the 
type described by Guldner and Beach (4) and a high speed mercury 
diffusion pump (see schematic drawing, Fig. 2). In the melting 
furnace is a heater assembly consisting of a graphite crucible packed 
with minus 200-mesh graphite in a clear quartz thimble suspended 
with 0.050-inch platinum wire. The crucible is heated by induction, 
using a 6-kw-input Ajax-Northrup high frequency converter. 

The furnace is air-cooled on the outside with two blowers, one 
from below and one from above. 

The high speed mercury pump is a three-stage Kessler-type 
all-glass pump which transfers the evolved gases into the analytical 
section through 25-mm Pyrex tubing. This pump has a high limiting 
back pressure of 5 mm and compares favorably in this respect with 
the Gaede-Volmer-type all-metal pump used in previous apparatus 
(2). However, it is not gassy as is the metal pump. In the case 
of the metal pump, because of the slow oxidation of the pump boiler, 
oxygen may diffuse to the inner surface of the boiler where it com- 
bines with carbon of the steel to be desorbed as carbon monoxide. 
[In addition, corrosion in the water jacket adds hydrogen to the wall 
of the pump. This provides a source of hydrogen which passes con- 
tinuously into the system. There is no evidence of diffusion of gases 
through the walls of glass pumps at operating temperatures. 

The only demountable joints (four) in the apparatus are in the 
furnace section. These are ground-glass connections sealed with 
Apiezon W wax and maintained at room temperature by blowers. 
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Fig. 1—Vacuum-Fusion Apparatus. 


Analytical Section 


The analytical section is a circulating system consisting of a 
mercury diffusion pump (Fig. 2, No. 2); calibrated volumes, 1, 2, 
and 3; a heated glass tube containing CuO; a dry ice-acetone-cooled 
trap; and a liquid-nitrogen-cooled trap. Pyrex tubing (16 mm) and 
U-shaped mercury cutoffs are used throughout this section. The 
mercury cutoffs were used instead of stopcocks so as to eliminate 
the blank gases arising from the reaction of stopcock-grease vapors 
with the CuO oxidant and the hot furnace parts. Their use was 
quite effective in this respect. The operating techniques required for 
cutoffs are as simple as those for stopcocks. Moreover, the loss of 
analyses due to leaks in stopcocks has been eliminated. 

The mercury diffusion pump No. 2 (in Fig. 2) is used to collect 
and circulate the gases to be analyzed. It is a duplicate of the Kessler- 
type pump used to evacuate the furnace. The calibrated volume 
remains constant only up to a back pressure of 4 mm of mercury. 
Therefore, if during the collection of gases this limiting back pressure 
is obtained, it is necessary to expand the gases into a larger calibrated 
volume. The calibrated volumes, 1, 2, and 3, are 422 cc, 965 cc, and 
2080 cc, respectively. The error in the calibrations of these volumes 
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Fig. 2—Schematic Drawing of the Vacuum-Fusion Apparatus. 


is <1%, based on a 95% confidence limit (5). All pressure meas 
urements in an analysis are made with a McLeod gage which is part 
of all the calibrated volumes. The gage was calibrated for linear 
pressure scales with a range of 0 to 10 mm of mercury in three scales, 
0 to 0.1 mm, 0 to 1 mm, and 0 to 10 mm. The smallest division of 
each of the three gage scales is 0.0005, 0.005, and 0.025 mm of mer- 
cury, respectively. 

The CuO tube is a U-tube of 16-mm Pyrex glass which 1s 
suspended in a resistance-wound, cylindrical furnace. An efficient 
form of CuO oxidant (6) is placed in the tube and is used for the 
oxidation of Hz and CO. The CuO is maintained under vacuum at 
325 °C (615 °F) continuously except about once a year when oxygen 
is admitted to the system to regenerate the oxidant. This type of 
CuO oxidant has long been used at the National Bureau of Standards 
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and more recently has been adopted by the Naval Research Labora 
tory and others. 

The bypass for the CuO tube is closed during the circulation of 
the gases through the oxidant. After the desired gas constituent has 
been removed, the cutoff is opened to permit rapid collection of the 
residual gas. The use of this bypass decreases the time for re- 
collection of the circulating gases from 15 minutes to 5 minutes. 

Kither the furnace section or the analytical section, or both, can 
be evacuated, using the mercury diffusion pump No. 3 and the fore 
pump. See Fig. 2. The diffusion pump is a two-stage glass pump 
and the fore pump is a Welch Duo-Seal, Type 1405, mechanical pump. 


The Sensitivity of Gas-V olume Measurements 


The apparatus is sensitive to a change of 0.005 cc* at gas volumes 
less than 0.5 cc and a change of 0.01 cc in the range 0.5 to 2.5 cc 
(based on a 10-gram sample, 0.5 ce of CO is equivalent to 40 ppm 
by weight oxygen). The sensitivity of gas-volume measurement when 
determining oxygen contents in the range 1 to 40 ppm by weight, 
using a 10-gram sample, is equivalent to 0.5 ppm by weight. Differ 
ences of 0.0005 cc in very small gas volumes (0.05 cc), such as the 
furnace blank, can be detected. 


Operation of Apparatus 


The molybdenum samples are abraded with a degreased file 
preparatory to analysis. Samples that are too small or too brittle to 
be cleaned by abrading are electropolished in Coons’ solution (7). 
The cleaned samples are washed in warm cp acetone and weighed. 
lhree to four molybdenum samples with pieces of iron separating 
them are inserted in the sample storage arm of the furnace. Iron, 
weighing approximately three times the total weight of the samples, 
also is placed in the storage arm. ‘This iron, used to form the bath, 
is prepared by melting a 50-pound ingot of electrolytic iron in a 
graphite crucible at 1590 °C (2895 °F). The vacuum-fusion furnace 
is evacuated and degassed at 2300 to 2500 °C (4170 to 4530 °F) for 
2to3hours. The temperature is then lowered to 1600 °C (2910 °F) 
and a blank collected for 5 minutes. If the blank is equivalent to 
<0.006 ce per hour, the iron for the bath is dropped into the graphite 
crucible and degassed. After the bath has been degassed for about 
| hour, a blank is collected. 

The furnace blank is about 0.006 cc per hour at 1600 °C (2910 

) for the empty crucible. However, when an iron bath is used, 
the blank is about 0.03 ce per hour, even after 1 to 2 hours’ degas- 


"The figures in this paragraph refer to that quantity of gas which would occupy the 
indicated volume if the gas were at standard pressure and temperature. 
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sing. This amounts to 0.01 cc per determination, since the usual time 
for collecting gases evolved from the sample is 20 minutes. Further 
degassing of the bath does not materially improve the blank, since the 
blanks collected both before analysis and after a series of three 
analyses (4 hours later) are very nearly the same. It has also been 
observed that the volume of the blank increases with the weight of 
the iron bath used. These two facts indicate that this increase in the 
blank probably is caused by the upper part of the graphite crucible 
being at a higher temperature when a bath is used. More blank gas 
would then be evolved by these parts. 

Data from the analyses of about 20 furnace blanks indicate the 
composition of the blank in per cent by volume to be 33 + 6 CO, 
42 + 6 No, and 25+4 He. The degree of variation in composition 
of the blanks was based on a 95% confidence limit. These data 
indicate that only the volume of the blank need be measured, since 
the probable variation in the composition will be less than the sensi- 
tivity of gas-volume measurements. The blank is always analyzed, 
however, mainly to check the operation of the apparatus prior to the 
analysis of a molybdenum sample. 

After the blank has been analyzed, the sample is dropped into 
the iron bath at 1600 °C (2910°F). The sample dissolves readily 
and the gases in the molybdenum are rapidly evolved. The furnace 
generally returns to the blank rate within 10 minutes. However, the 
extraction is continued for an additional 10 minutes to verify the 
completeness of the extraction. 

The collected gases consist of hydrogen, carbon monoxide, and 
nitrogen. The He and CO are oxidized to H2O and COz by circu- 
lating over the hot CuO oxidant. The resulting gas mixture is then 
analyzed by the low pressure, fractional-freezing method. 


EVALUATION OF THE METHOD FOR DETERMINING OXYGEN 
AND NITROGEN 


The Determination of Oxygen 


A number of experiments were performed to produce standard 
samples by reacting measured volumes of oxygen with molybdenum 
in a Sieverts-type apparatus. It was-soon evident that the volatility 
of molybdenum oxides makes this method impractical. Attempts to 
encapsulate small quantities of a molybdenum oxide in molybdenum 
metal also were abandoned because it was very difficult to weigh 
accurately such additions and impossible to distribute them in the 
metal in the same manner as oxygen is contained in commercial 
molybdenum. 

Consequently, the problem of determining the absolute accuracy 
of the vacuum-fusion method for molybdenum was set aside in favor 
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Oxygen Analyses of Molybdenum Capsules Plus Pellet Additions 
(Sample weight was about 10 grams in all cases) 


——Oxygen, Parts per Million by Weight 


r 


Base Analysis of 
Sample Analysis Rod After Pellet Calculated Experi- Devi- 
Sample Number of Rod Drilling Addition Total mental ation 
Rod E aa ee oi “ <1 
Empty Capsule E <1 1 es , 1 
Capsule and 
Oxygen Addition 6-E <1 i 6 7 9 +2 
Capsule and 
Oxygen Addition 7-E <1 1 43 44 43 —1 
Capsule and 
Oxygen Addition 8-E <1 1 5 6 7 +4 
Capsule and 
Oxygen Addition 9-E <1 1 S 9 10 +1 
Capsule and 
Oxygen Addition 10-E <1 1 38 39 39 0 
Capsule and 
Oxygen Addition 11-E <1 1 2 3 4 | 
Capsule and 
Oxygen Addition 12-E <1 1 1 2 3 +4 
Capsule and 
Oxygen Addition 13-E <1 1 3 4 5 +1 


of demonstrating the internal consistency of the method. This internal 
consistency was shown by weighing out additions of oxygen-contain- 
ing (2000 ppm by weight) molybdenum powder pellets. The powder, 
previously, had been thoroughly mixed and analyzed by the vacuum- 
fusion method. The pellet additions of the powder were made in a 
hole drilled in a vacuum-treated molybdenum rod. The oxygen con- 
tent of the composite sample was calculated from the base analysis 
of the rod and the oxygen content of the powder addition. 

The base rods were vacuum-treated by self-resistance heating at 
2100 °C (3810 °F) for 12 hours at a pressure of 10-° mm of mercury. 
This treatment reduced the gas content of the molybdenum to a satis- 
factory minimum. Capsules were prepared by drilling a 35-inch hole 
34 inch deep in a vacuum-treated ™%-inch rod. A weighed amount 
of molybdenum powder was placed in the capsule and the hole plugged 
with a piece of molybdenum cut from the degassed rod. The analysis 
of the composite sample was then made. 

Table I shows the analyses of molybdenum capsules containing 
oxidized molybdenum powder additions. In first attempts to prepare 
“standards” by this method, rather large amounts of oxygen (6 ppm) 
were picked up in drilling the holes. Later it was found possible 
practically to eliminate oxygen pickup from this source by drilling 
the capsules under kerosene. The amount of oxygen picked up using 
the latter technique was apparently <1 ppm by weight, since the sum 
of the oxygen content of the degassed Rod E (<1 ppm) and the 
oxygen picked up in drilling (<1 ppm) brought the total oxygen 
content to only 1 ppm by weight, the lowest sensible value for the 
apparatus. Whether this value is real or not does not affect the 
calculated total oxygen content of the capsules greatly. 
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In the analyses summarized in Table I, the deviations of the 
analytical results from the calculated values (for the range 2 ppm to 


39 ppm) range from —1 ppm to +2 ppm by weight oxygen with an 
average deviation of 1 ppm by weight. 


The Effects of Superficial Oxidation of Analytical Samples 


Rather early in the development of the vacuum-fusion method 
for iron, it became apparent that the surface area of specimens should 
be kept at a minimum and that the total oxygen content of chips and 
thin sheets tends to exceed considerably that of massive samples of 
otherwise identical material. The source of this oxygen is believed 
to be a thin surface film of oxide which rapidly forms during 
atmospheric exposure. The problem of surface area of samples can 
become quite acute, especially when the interest is in the region below 
10 ppm by weight oxygen. 

Since two alternate methods of cleaning the surface of a sample 
were employed preparatory to analyses, effects of each of these clean- 
ing methods on the analytical results were investigated. Duplicate 
samples were analyzed, one after abrading with a file and washing 
in cp acetone, and the other after electropolishing in Coons’ solution. 
The analytical results were identical, indicating that both methods of 
cleaning leave the surface in the same condition as far as surface 
oxidation is concerned. 

Molybdenum wires with widely different specific surface areas 
were degassed in a vacuum of 0.15 micron at 2100°C (3810 °F) 
until no further change in the oxygen content with time of treatment 
occurred. The most massive of these wires (%4-inch diameter) 
analyzed <1 ppm by weight, and the oxygen contents of the smaller 
diameter wires increased proportionally with their specific surface 
areas, suggesting that most of the oxygen was on the surface. 

Assuming that oxygen in the various degassed samples was 
almost entirely due to a surface film, the weight of superficial oxygen 
per square centimeter of surface area was computed. A surface 
roughness factor of unity was assumed for simplicity. Accordingly, 
the average value of surface oxygen concentration is about 1.5 & 10° 
grams per square centimeter. Assuming that the film is MoOs, the 
thickness would be about 130 A. Since the true roughness factor is 
probably 2.5 or greater, the film thickness is no doubt, less than 50 A. 

Since this concentration of oxygen was almost invariably found 
on thoroughly degassed and carefully cleaned samples of molybdenum, 
it appears that fresh surfaces of molybdenum are superficially oxidized 
upon a few minutes exposure to air. Consequently, it appears ad- 
visable to avoid the use of analytical samples having large specific 
surface areas, such as thin sheets, chips, or small wires. 
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The Determination of Nitrogen 


Since the nitrogen content of interest in molybdenum is usually 
less than the least value measurable by the micro-Kjeldahl method 
(10 ppm by weight), it was desirable to determine whether the more 
sensitive vacuum-fusion method was applicable. The vacuum-fusion 
method would have an additional advantage in that the oxygen and 
the nitrogen contents could be determined concurrently. Accordingly, 
a series of analyses were made to demonstrate the internal consistency 
of the vacuum-fusion method as applied to nitrogen in molybdenum. 

The technique used to demonstrate this was very similar to that 
described above for oxygen in molybdenum. Commercial molybdenum 
powder (nominally 60 ppm Ne) was heated in a flowing atmosphere 
of anhydrous ammonia for 2 minutes at 700°C (1290°F). The 
nitrided powder was then blended by placing the powder in a glass 
container and rolling on a set of rubber rolls for 2 hours. The 
blended powder was pressed into pellets (14-inch diameter by % inch). 
Four small samples, weighing about 0.2 gram each, were broken from 
one of the pellets and analyzed by the vacuum-fusion method. The 
average of these four analyses was 780 ppm by weight nitrogen with 
an average deviation of <10 ppm. However, with the error calcu- 
lated on the basis of the +10 relative % agreement generally expected 
for vacuum-fusion results, the expected deviation might be as much 
as +80 ppm by weight. The nitrogen content of the powder also 
was determined by the Kjeldahl method to be 890 + 30 ppm by 
weight. Thus, the results by the two methods agree within the normal 
deviations of the respective methods. 

Various additions of pellets of the nitrided powder were made to 
molybdenum capsules in the same way as for the oxygen work. It 
was not necessary to drill these capsules under kerosene, since no 
nitrogen is picked up during drilling. Both the rods and the capsules 
were cleaned with a degreased file and washed with warm acetone 
before vacuum-fusion analysis. 

Two different base rods were used. Rod E had been vacuum- 
treated at 2100 °C (3810 °F) at a pressure of 10°° mm for 12 hours. 
The supply of this material was rather limited; therefore, Rod UN 
of “as-received” molybdenum was used for most of the capsules. See 
samples UN and E in Table II for the base analyses of these rods. 

The analyses of capsules containing pellet additions of nitrided 
molybdenum powder are also shown in Table II. Listed are the base 
analysis of the rod, the value of the pellet addition, and the summation 
of these numbers, which is the calculated total nitrogen content of the 
composite sample. In a series of nine runs, the deviations of the 
analytical results from the calculated values ranged from —2 ppm to 
+-1 ppm by weight nitrogen with an average deviation of 1 ppm by 
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Table II 
Nitrogen Analyses of Molybdenum Capsules Plus Pellet Additions 
(Sample weight was about 10 grams in all cases) 


-—————Nitrogen, Parts per Million by Weight 


Base 
Sample Analysis of Pellet Calculated Experi- Devi- 
Sample Number Rod Addition Total mental ation 
Rod UN ws “¢ ot 1 
Rod UN ‘ as be 1 
Rod E i - i <1 ae 
Capsule and Nitrogen Addition 1-UN 1 2 3 3 0 
Capsule and Nitrogen Addition 2-UN 1 6 7 7 0 
Capsule and Nitrogen Addition 3-UN 1 12 13 12 —1 
Capsule and Nitrogen Addition 4-UN 1 16 17 15 —2 
Capsule and Nitrogen Addition 5-UN 1 24 25 26 +1 
Capsule and Nitrogen Addition 6-UN 1 35 36 37 | 
Capsule and Nitrogen Addition 7-E <1 11 11 10 —1 
Capsule and Nitrogen Addition 8-E <1 14 14 13 —1 
Capsule and Nitrogen Addition 9-E <1 6 6 7 +1 
Table III 


Comparison of the Analytical Results Obtained by the Vacuum-Fusion 
and Kjeldahl Methods 


————-Nitrogen,. ppm by Weight—— ~ 


Sample Vacuum Fusion Kjeldahl 
1 27 20 
2 28 30 
3 1000 900 
4 110 130 
5 780 890 


Note: The precision of the Kjeldahl analysis of Samples 1, 2, and 4 is +10 ppm by weight 
nitrogen and of Samples 3 and 5 about +30 ppm by weight. 

The precision of the vacuum-fusion analysis of Samples 1, 2, and 4 is +2 ppm by weight 
nitrogen and of Samples 3 and 5 about 90 ppm by weight. 


weight. The results demonstrate that an excelient degree of internal 
consistency exists for the analyses of carefully prepared samples. 

The probable accuracy of the vacuum-fusion nitrogen analysis of 
molybdenum may be estimated from a comparison with the results 
obtained by the Kjeldahl method on the same sample. A number of 
samples were analyzed by both methods. The results of these analyses 
are summarized in Table IIT. 

In view of the limited precision of the Kjeldahl method at low 
nitrogen values (<50 ppm), the results are, in general, in good 
agreement. 

The above data (Table II) were obtained from molybdenum 
which contained nitrogen as a layer of nitride on the surface and, in 
most cases, the samples were powder or fine wires. Later data indi- 
cated that the recovery of nitrogen was incomplete from massive 
specimens having the nitrogen dissolved or otherwise dispersed 
throughout the bulk of the sample. The error appeared to be con- 
nected with the use of an iron bath. However, if the solid sample 
was heated to 1800 °C (3270°F) in the otherwise empty graphite 
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crucible, the nitrogen was quantitatively evolved and excellent agree- 
ment with the results by the Kjeldahl method was obtained. 

Diffusion rates for nitrogen in molybdenum are such that re- 
moval of nitrogen from samples 35-inch thick is effectively complete 
in 30 to 50 minutes. Although this dry-crucible method permits 
accurate determination of nitrogen contents as low as 1 ppm, the 
oxygen contents are only partially extracted in the process. 


CONCLUSIONS 


The work described in this paper indicates that, taking all factors 
into consideration, the reproducibility of the analyses of experimental 
samples is +1 ppm by weight for oxygen and nitrogen contents below 
about 40 ppm. The iron-bath method at 1600 °C (2910 °F) is suit- 
able for the determination of oxygen in molybdenum and of nitrogen 
contained as nitride on the surface of molybdenum. Nitrogen inter- 
nally contained in massive molybdenum samples may be determined 
by the dry-crucible method at 1800 °C (3270 °F). 
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DISCUSSION 


Written Discussion: By William S. Horton, Knolls Atomic Power 
Laboratory, General Analytical Unit, General Electric Co., Schenectady, 
N. Y. 

This interesting paper is, no doubt, one of many attempts to analyze 
molybdenum by the vacuum-fusion method. Concerning the apparatus, 
two remarks appear worth while. First, it would seem desirable to know 
the pumping speed of diffusion pump No. 1 as measured in the system and 
under the conditions of normal operation. This characteristic is of great 
importance for the comparison of interlaboratory work on this method of 
analysis. Secondly, the vapor pressure of water over a dry ice —acetone 
mixture is about 0.5 micron. This would appear as high oxygen results 
but not nitrogen, since, during the collection of the latter, a liquid nitrogen 
trap is generally used. A temperature in the neighborhood of —100 °C 
(—150 °F) would be more desirable, since the vapor pressure of watér is 
only about 0.01 micron at this temperature. 

The demonstration of internal consistency, of course, is not evidence 
of 100% recovery. It merely demonstrates that the recovery was approxi- 
mately a constant percentage within the precision of the experiments. 
Sloman and co-workers*® did use MoO; in both iron and molybdenum cap- 
sules and found essentially 100% recovery of oxygen. However, as the 
authors of the paper presented here point out, recovery from an oxide may 
be different from that from an oxygen-containing metal. At our labora- 
tory, evidence of this has been found for zirconium. It appears that the 
best method is still direct additions of known amounts of oxygen to the 
metal. 

The deviations of Table I indicate an average positive bias of about 
0.75 ppm of oxygen. Within the precision of the data given, there is only 
about 1 chance in 20 that this is an occurrence due solely to random error. 
The basis for this statement involves small sample statistics and assumes 
that the random errors follow a normal law. This may be the result of 
allowing 0.5 micron vapor pressure of water during the collection of carbon 
dioxide. It may be the 1 in 20 chance already mentioned, or it may be 
that the random errors do not follow the normal law in this case. It does 
not appear that the bias is of great practical importance, however. The 
nitrogen results have only a small average negative bias (~0.2 ppm) and 
the odds that this could happen by chance are quite reasonable. 

Written Discussion: By F. C. Benner, assistant director, Chemistry 
Department, National Research Corp., Cambridge, Mass. 

The authors of this paper have done a very thorough job in proving 
the applicability of the vacuum-fusion technique to the determination of 
oxygen in molybdenum and in defining the special conditions required to 
achieve the desired accuracy. 

Of particular interest is the study on the effects of superficial oxida- 
tion on the choice of sample, size and form. It may be noted that the 


_ %H. A. Sloman, C. A. Harvey and O. Kubaschewski, “Fundamental Reactions in the 
Vacuum-Fusion Method and Its a to the Determination of Oz, Ne, and He in Mo, 
nstitute of Metals, Vol. 80, 1952, p. 391. 
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value of 1.5 x 10° grams oxygen per square centimeter of surface is iden- 
tical with the value for surface-held oxygen on freshly abraded iron as 
determined by Sloman (Iron and Steel Institute Special Report No. 25, 
1939, p. 53), and also in close agreement with the value of 2.5 x 10° 
grams Oxygen per square centimeter reported by Alexander, Murray and 
Ashley (Industrial and Engineering Chemistry, Edition 19, 1947, p. 417) 
for 3.5% silicon steel. 

It is gratifying to note that the authors have also considered the 
problem of nitrogen evolution and that the results here indicate quanti- 
tative recovery of nitrogen as well as of oxygen. 

Written Discussion: By N. A. Gokcen, associate professor of metal- 
lurgy, Michigan College of Mining and Technology, Houghton, Mich. 

Metallurgists familiar with the vacuum-fusion method may express a 
great deal of divergent opinion on a reproducibility of one part per million 
in the range of 0.0040% oxygen when the sum of blank and surface oxy- 
gen is of the order of two parts per million. It is my opinion that the 
reproducibility claimed in this paper represents to a large extent the metic- 
ulous care exercised in the experimental procedure, and not necessarily the 
degree of accuracy. The authors, fortunately, make a careful distinction 
between the “reproducibility” and the “accuracy” and do not claim that 
their results are accurate to that extent. 

It has been observed by this discusser, and others, that during degas- 
sing (or outgassing) at as high as 2500°C (4530°F), volatilization of 
graphite occurs, since the vapor pressure of carbon is of the order of 10% 
mm of mercury at this temperature. In the immediate vicinity of the 
graphite crucible, this vapor condenses and forms a highly adsorbent layer 
consisting of very finely divided particles. In view of this, and the fact 
that the metallic bath increases the blank from 0.006 to 0.03 cc per hour, 
degassing above 1900 to 2000°C (8450 to 3630°F) is not considered 
beneficial. 


Authors’ Reply 


The authors wish to thank Mr. Horton, Mr. Benner and Dr. Gokcen 
for their comments on this paper. 

In regard to the first question raised by Mr. Horton concerning the 
pumping speed of diffusion pump No. 1, the pumping speed was estimated 
to be approximately 8 liters per second. The value was calculated from 
the furnace pressure and from the volume of gas transferred per unit time 
from the furnace to the analytical section. 

The fact that air is bubbled through the dry ice—acetone mixture to 
lower the temperature to about —96°C was omitted from the description 
of the apparatus in the text. The vapor pressure of water at —96°C is 
0.02 micron, which is low enough to permit quantitative freezing out of 
water vapor. 

Even though the internal consistency only demonstrates that the 
recovery was approximately a constant percentage, it indicates that the 
vacuum-fusion method“is a very useful tool in evaluating the effect of 
oxygen on the mechanical properties of molybdenum. It also indicates 
that interferences from gettering are not present. 
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The data on the superficial oxidation of iron, cited by Mr. Benner, is 
particularly gratifying, since it substantiates the observation made on 
molybdenum. 

Dr. Gokcen’s commentary on “reproducibility” versus “accuracy” of 
results is quite correct. It appears that the question of accuracy of re- 
sults will not be settled in the near future. However, further steps in 
establishing reproducibility of oxygen analyses among various laboratories 
are presently underway in the form of a cooperative series of analyses being 
made under the auspices of the Office of Naval Research, Navy Department. 

In regard to degassing above 2000 °C (3630 °F), it is the authors’ ob- 
servation that the blank, with or without an iron bath, is lower after de- 
gassing at 2500°C (4530°F) for 2 hours than that obtained after degas- 
sing at 2000°C (3630°F) for 5 hours. Moreover, the analytical results 
show no evidence of the “highly adsorbent” nature of the vaporized 
graphite. For example, when replicate specimens were analyzed in suc- 
cession (in the same bath), the values obtained were in excellent agree- 
ment and did not reflect the order in which they were analyzed. If ad- 
sorption did take place, then, the adsorbed gas must have been brought 
into equilibrium with the furnace atmosphere under the initial analytical 
conditions. Therefore, if gas from a sample was adsorbed during-a pres- 
sure rise such as occurs when a sample is first dropped, it was completely 


desorbed upon return of the system to its starting pressure. 





THE PHASE DIAGRAM OF THE SYSTEM InAs-—-Sb 
3y C. Suita AND E. A. PERETTI! 


Abstract 


The system InAs-Sb has been experimentally deter- 
mined, employing thermal analysis, metallographic and 
X-ray techniques. A eutectic is formed at 582 °C, con- 
taining 82.5% Sb and 17.5% InAs, by weight; it consists 
of Sb plus a solid solution containing about 2.5% Sb. 


| ape is one of the “modern” metals whose alloying behavior 
is as yet only partially known. Ludwick’s (1)* book, “Indium”, 
gives information concerning the following binary systems: In-Ag, 
In-Al, In-Bi, In-Cd, In-Se, In-Cu, In-Ga, In-Ge, In-Hg, In-Au, 
In-Te, In-Tl, In-Sn, In-Li, In-Pb, In-Mg, In-Zn and In-Si. Since 
the publication of Ludwick’s book there have appeared in the literature 
reports of experimental work on the diagrams: In-Sb (2), In-As (3), 
In-Cd-Zn (4), In-Sn-Cd (5) and In-Cu-Ag (6). 

Preliminary work on the ternary system In-As-Sb, performed 
in our laboratories, indicated that the system could be divided into 
three subternaries; namely, In-[InAs-InSb, InAs-Sb-As and InAs- 
InSb-Sb. Of the terminal binary phase diagrams involved, there 
lacked information concerning the pairs InAs-InSb and InAs-Sb. 
The former system was investigated in our laboratories recently (7), 
and a report of the determination of the latter is the subject of this 
paper. 


EXPERIMENTAL PROCEDURE 


The elements used to prepare the alloys were of the highest 
purity available. The antimony was obtained from the J. T. Baker 
Chemical Company, and its lot analysis was as follows: Sulphur 
0.03%, lead 0.02%, copper 0.002%, arsenic 0.005% and iron 0.007%. 
Baker’s purified lump arsenic crystals showed by a semi-quantitative 
spectrographic analysis to contain the following impurities: Bismuth 
0.0X%, antimony 0.0X%, lead 0.00X%, tin O.0OX% and iron 
0.000X%. This material was further purified before use by heating 
in vacuo at 350 °C to sublime oxides. The element was then sealed 





1The figures appearing in parentheses pertain to the references appended to this paper 
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in evacuated Pyrex tubes, and the arsenic sublimed at 600°C. The 
sublimate was condensed in the cooler portions of the tube, where it 
was stored until ready for use. The indium has a guaranteed purity 
of 99.97% with the following chemical analysis: Tin 0.01%, zinc 
0.01%, copper 0.002% and lead 0.006%. It was received in the 
form of shot from the Indium Corporation of America; and before 
alloying, the indium surface was cleaned with dilute nitric acid, fol- 
lowed by a thorough water washing and an alcohol rinsing. 

In order to prevent loss of arsenic, all alloys were made by 
sealing into evacuated Vycor or quartz tubes accurately weighed 
portions of the three elements to produce an ingot of the desired size 
and composition. To insure complete solution each alloy was held 
at a temperature above its melting point for at least % hour, with 
frequent agitation. This was followed by a quench to give a solid 
ingot for thermal analysis. The ingots weighed about 70 grams each. 

Continuous cooling and heating curves were plotted from data 
taken under controlled rates of cooling and heating (0.5 to 5 °C per 
minute). Vycor or graphite served as the crucible material, and 
oxidation was prevented by maintaining an atmosphere of dried, 
purified argon. Each melt was stirred vigorously during the course 
of each cooling experiment. ‘Temperatures were measured with a 
platinum versus platinum—10% rhodium thermocouple which was 
periodically calibrated against the freezing points of silver, antimony, 
zinc, tin and indium. The emf readings were taken with a precision 
White single potentiometer with a high-sensitivity galvanometer. This 
instrument is readily adaptable to the plotting of inverse rate curves, 
as the emf can be changed in regular intervals of 0.01 millivolt. 
Time intervals were read from an electrical stop clock which records 
to 0.01 minute. 

In preparing specimens for metallographic examination, con- 
ventional polishing and etching techniques were found to be adequate. 
Aqua regia and Vilella’s reagent, with 400 milliliters of ethyl alcohol, 
20 milliliters of hydrochloric acid and 40 grams of picric acid were 
used to delineate the microconstituents. 

To check the results of the thermal and microscopic studies, 
X-ray diffraction patterns were taken of the alloys, using character- 
istic chromium K-alpha radiation at-30 KVP and 10 milliamperes 
at exposure times of 1% to 3 hours. Debye and symmetrical back- 
reflection focusing cameras were used. 


RESULTS 


In Table I are listed the arrest points obtained by thermal 
analysis. Since supercooling occurred with many of the alloys, 
especially with those containing the higher antimony percentages, it 
is believed that the liquidus temperatures are probably not more 
accurate than +1 °C. 
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Fig. 1—The Phase Diagram of the System InAs-Sb 


The phase diagram of the system InAs-Sb is shown in Fig. 1, 
and Figs. 2 to 9 are photomicrographs of alloys ranging in compo- 
sition from that of InAs to pure Sb. The series of alloys forms 
a eutectic at 582 °C, containing 82.5% Sb and 17.5% InAs. The 
composition of the eutectic was determined largely by metallographic 
means. After the approximate composition had been found by ther- 
mal analysis, a series of alloys was examined in the eutectic area, 
whose compositions varied by 0.1% Sb. These were examined for 
the disappearance of the primary phase, approaching from both sides. 
As can be seen from the illustrations, especially Figs. 7, 8 and 9, the 
primary phases are readily distinguishable from the eutectic. 


Table I 





Thermal Values of the InAs-Sb System 
Sb, wt. % Sb, atomic % Liquidus, °C Solidus, °C 

0.0 0.0 942.0 942.0 

5.0 7.5 931.7 wate 
10.0 14.7 919.8 
20.0 27.8 892.7 foie 
30.0 39.4 864.2 baa 
40.0 51.2 827.2 572.0 
50.0 61.0 786.1 576.0 
60.0 70.2 743.5 575.0 
70.0 78.5 677.8 582.1 
80.0 86.2 600.1 582.1 
82.5 88.0 582.6 pe 
85.0 90.6 598.9 582.9 
90.0 93.5 613.0 580.0 
95.0 96.8 624.0 580.0 
97.5 98.7 629.3 580.0 

0 


100. 100.0 630.5 630.5 
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Fig. 2—InAs, As-Cast, Furnace-Cooled. Etchant—Aqua 
regia. K 50. 

Fig. 3—High-Purity Sb, As-Cast. Etchant—Vilella’s re- 
agent. xX 75. 


Preliminary X-ray work on this system resulted in the conclusion 
that antimony is soluble in the InAs. To assay the maximum amount 
of this solubility, a series of alloys was heat treated at the eutectic 


REESE 
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Fig. 4 -90% InAs, 10% Sb, As-Cast, Water-Quenched. 
Alpha plus eutectic. Etchant—Vilella’s reagent. X 50. 

Fig. 5—70% InAs, 30% Sb, As-Cast, Water-Quenched. 
Alpha plus eutectic. Etchant—Vilella’s reagent. X 150. 


temperature for one month and then X-rayed. The results showed 
that equilibrium had not been attained. Because the alloys are too 
brittle to be worked below the solidus, it was decided to obtain an 
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Fig. 6—30% InAs, 70% Sb, As-Cast, Water-Quenched. 
Alpha plus eutectic. Etchant—Vilella’s reagent. x 75. 


Fig. 7—17.65% InAs, 82.35% Sb, As-Cast, Water- 
Quenched. Primary alpha plus eutectic. Etchant—vVilella’s 
reagent. X 250. 


approximate solubility value by homogenizing at higher temperatures 
(700, 850 and 900 °C) for several weeks, quenching and measuring 
lattice parameters. When these results were extrapolated to the 
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Fig. 8—17.5% InAs, 82.5% Sb, As-Cast, Water-Quenched. 
Eutectic of InAs and Sb. Etchant—vVilella’s reagent. > 250. 
_ Fig. 9—10% InAs, 90% Sb, As-Cast, Water-Quenched. 
Primary Sb plus eutectic. Etchant—vVilella’s reagent. X 75. 


eutectic temperature, they yielded a value of 2.5% 
maximum solubility of Sb in the InAs. 


Sb 


for 
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The solubility of the InAs in Sb is so small that it could not be 
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detected by either X-ray or metallographic means. Physical proper- 
ties were not measured, but all of the alloys resemble antimony in 
being brittle. 


SUMMARY 


1. The phase diagram of the system InAs-Sb has been experi- 
mentally determined, employing thermal analysis, X-ray diffraction 
and metallographic techniques. 

2. A eutectic occurs at 582°C. It contains 82.5% Sb and 
17.5% InAs, by weight, and consists of antimony and a solid solution 
which contains about 2.5% Sb at the eutectic temperature. 

3. The solid solubility of InAs in Sb is so small that it could 
not be measured. 
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FLOW AND FRACTURE CHARACTERISTICS 
OF ANNEALED TUNGSTEN 


3y J. H. BEcHTOLD AND P. G. SHEWMON 


Abstract 


Tungsten, like iron and molybdenum, has a body- 
centered cubic crystal structure and experiences a change 
from ductile to brittle behavior with decreased test tem- 
perature. When fine-grained, annealed tungsten is tested 
in uniaxial tension at a strain rate of 2.8 % 10-4 sec}, this 
transition in ductility occurs between 150 and 450°C 
(300 and 840 °F). Except for the temperature at which 
brittleness occurs, the effect of temperature on the tensile 
properties of tungsten is similar to the effect of tempera- 
ture on the tensile properties of other body-centered cubic 
metals, 


TRANSITION from ductile to brittle behavior with decreasing 

test temperature in iron, ferritic steels, molybdenum, and tung- 
sten has been known and studied for several decades. By far the 
greatest part of this work has been done with steel. The transition 
in some other metals has been studied enough to establish its exist- 
ence (1, 2)*, but until recently no detailed studies have been made 
(3). The most complete data on the tensile properties of tungsten 
are those of Jeffries (1) published in 1919. He studied the effects 
of temperature, deformation and grain size on the ductility and tensile 
strength of tungsten wire. 

Considerable interest is being focused on the ductile-to-brittle 
transition of certain of the refractory metals because of the interest 
in these metals, especially molybdenum, as structural materials for 
applications involving temperatures well above the useful temperature 
range of the conventional heat resistant alloys (4). The purpose of 
this investigation was to determine if the characteristics which lead 
to brittleness in tungsten are the same as those which lead to brittle- 
ness in molybdenum. The procedure was to study the tensile flow 
and fracture characteristics of a sample of annealed tungsten over a 
wide range of temperatures above, below, and through the ductile-to- 
brittle transition zone. 





1The figures appearing in parentheses pertain to the references appended to this paper. 


Of the authors, J. H. Bechtold is research engineer, Westinghouse Electric 
Corp., Research Laboratories, East Pittsburgh, and P. G. Shewmon is a gradu- 
ate student, Carnegie Institute of Technology, Pittsburgh; formerly summer em- 
ployee, Westinghouse Research Laboratories. Manuscript received May 6, 1953. 
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MATERIAL AND TEST PROCEDURES 


The tungsten was obtained from the Lamp Division of the 
Westinghouse Electric Corporation as 0.300-inch diameter swaged 
rod. The standard production procedure for preparation of this rod 
is as follows: Tungsten powder is pressed into a briquette and 
sintered by direct resistance heating. The sintered ingot, approxi- 
mately 0.700 by 0.640 by 20 inches, is swaged to 33 inch in diameter 
at a temperature of 1550 to 1600 °C (2820 to 2910 °F) and annealed 
by passing through it an electric current calculated to give a temper- 
ature of about 80% of the fusion temperature. The annealed rod is 


0.200 Dia 


0.300 Dia, 0.150 Dia4 0.300 Dia 
! : 
FR 
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Fig. 1—Tensile Test Specimens for Tungsten. 


then swaged to 0.300-inch diameter at 1450 to 1500°C (2640 to 


2730 °F) and shipped in the as-swaged or work-hardened condition. ° 


Tensile specimens, Fig. 1, were ground from the as-swaged rod 
and annealed for one-half hour at 1950 °C (3540 °F) in dry hydrogen. 
This annealing treatment resulted in a uniform recrystallized grain 
structure of about 1500 grains per square millimeter (ASTM grain 
size No. 7-8). The annealed hardness was 390 to 400 DPH (20-Kg 
load). The carbon and nitrogen analyses of the rod were as follows: 


5 ice neies 0.02% 
Nitrogen ........ 0.008% 

The machine used for the tension tests provides means for testing 
at a constant rate of elongation and over a wide range of temperature 
above and below room temperature. The load and elongation are 
autographically recorded. All of the tests were made at a constant 
rate of strain of 2.8 « 10-* sec". 

The test temperatures were from —196 to +900°C. Below 
room temperature the specimens were cooled by enclosing the speci- 
men and grips in a double-walled container filled with the desired 
coolant. The coolants were liquid nitrogen for the —196 °C test and 
a dry ice and acetone mixture for the —78 °C test. The tests above 
room temperature were made by enclosing the specimen and grips in 





Sra. 
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a resistance furnace. The temperature was measured with a thermo- 
couple attached to the center of the gage length of the specimen. No 
protective atmosphere was used below 600°C (1110°F), but at 
higher temperatures the specimens were protected from oxidation by 
helium. 

True stress and natural strain were calculated from the auto- 
graphic load-elongation curves up to the strain at maximum load. 
The relation between true stress and natural plastic strain for a 
number of metals, including molybdenum (3) and some steels (5), 
is expressed quite well by the following empirical equation : 


e=i Equation 1 
where: o — true stress 
: Instantaneous length 
6 = natural strain = natural logarithm oe 
Original length 
K = aconstant, the true stress at unit natural strain 
n = aconstant, usually referred to as the work hardening exponent. 


\ plot of true stress versus natural strain on logarithmic coordinates 
ould give a straight line with a slope “n” and an intercept of “K” 
t a natural strain of 1.0. This equation was used to interpret the 
How characteristics of tungsten. Equation 1 is referred to herein as 
the flow equation, and the plot of true stress versus natural strain on 
logarithmic coordinates as the flow curve. 


RESULTS 


Tensile properties at several test temperatures are listed in 
Table I and represented graphically in Fig. 2. To facilitate discus- 
sion, the temperature range —196 to +900 °C can be divided into 
three zones: a brittle zone, a transition zone, and a ductile zone, as 
shown in Fig. 2. 

The brittle zone extends from the lowest test temperature to 
about 150 °C and is characterized by fracture occurring before meas- 
urable plastic strain. In this zone the fracture was bright, predomi- 
nantly intergranular and was normal to the axis of the specimen. 
Numerous cracks were observed in the vicinity of the actual break, 
as shown in Fig. 3. The stress at fracture was about 95,000 psi and 
was essentially independent of test temperature. Strain markings, 
Figs. 3 and 4, resembling “Neumann bands” in ingot iron were ob- 
served in the vicinity of the actual break, although fracture occurred 
without measurable plastic elongation. 

The:transition zone, which extends from about 150 to about 450 
°C, is characterized by a decrease in yield strength? and a simulta- 
neous increase in ductility* with increased test temperature. The 
fracture changed from the bright intergranular type in the lower 


The yield strength is defined herein as the stress at which the autographic load-elonga- 
tion curve deviated from linearity. 


8The reduction in area at fracture is taken herein as a measure of ductility. 








400 TRANSACTIONS OF THE ASM Vol. 46 
40 [Brittle] TL [transition | __ Ductile 
Zone Zone ye c 
120 | | | | ie a9 ag! | } 
on | A 
* 6 ae 2289) Flow s 2 ptt, | 
o © 100 | at a at Fracture | Y 
v © * [7 
a2 80 | Brittle _i\ | / M4 } 
e .8 || Fracture ! 6 , 
a wo a Strength f Reduction in Area, % 
w | | | 
oO a when eel ; - 
== 60 T T A Iso-Strain —T | | 
= ” a- Stress at Fracture Flow Stresses~ 
aw | 
vo Experimental : 
cr o- Stress at Fracture | Tt s. : 
‘\ O haa O Oz 5 
20 (Estimated From —4 O aA et 8-00! 
. - <. - 
Flow Curves ) Y v}—~— i $0,005 
| t it 
ol | Lad] Rear 3:9 
-200 O 200 400 600 800 \000 
Temperature °C 
Fig. 2—-Effect of Temperature on the Flow and Fracture Characteristics of An 
nealed Tungsten. Grain size-——-1500 grains per square millimeter. Rate of extension 
>8 X 10-* sec". 
Table I 
Tensile Properties of Annealed Tungsten at a Grain 
Size of 1500 Grains per Square Millimeter and a Strain Rate of 2.8 « 107-4 Sec™! 
Yielding Maximum Load / ——~-F racture 
0.2% Ultimate True 
Yield Yield Unitorm Tensile Total Re- Total Fracture 
lest Strength* Stress Elon Strength duction Elon Stress Type of 
Temp ype (1000 (1000 gation (1000 in Area gation (1000 Fra 
EG Spec psi) psi) (%) psi) (%) (%) psi) ture} 
Brittle Zone 
196 By a ae ; ote 0 0 96 A 
78 ; ata ss ata 0 0 67 A 
26 B hate 43 hae 0 0 91 A 
100 } ale : gi we 0 0 96 A 
Transition Zone 
175 B 72.8 75.3 1.2 1.0 77 A 
200 B 56.0 61.5 3 1.6 72 A 
250 A 32.2 35.4 4.0 4.0 60 A 
300 A 23.2 28.3 baie 22 24 82 A 
350 A 13.4 14.8 34 60.25 4x 48 B 
400 A 9 12.6 32 56.0 57 +5 B 
450 A 7.6 11.7 30 53.2 60 44 Cc 
Ductile Zone 
500 A 11.5 16.3 34 63.4 70 38 Cc 
600 A 8.60 13.0 32 54.5 77 41 C 
700 A 3.56 8.0 38 50.3 78 42 C 
900 A 3.34 9.9 30 42.9 80 40 ( 


*The yield strength is defined herein as the stress at which the autographic load-elonga 
tion curve deviated from linearity. 

TRefers to specimens shown in Fig. 1. 

tType of Fractures: A. Bright, predominantly intergranular. B. Bright, predominantly 
transgranular. C. Dull, fibrous rupture. 


temperatures of this zone, Fig. 5, to a bright transgranular type 
at intermediate temperatures, Fig. 6, and a dull fibrous type similar 
to that shown in Fig. 7 at the highest temperatures of the zone, 





DLT 
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Fig. 3—-Microstructure Normal to the Fracture in Specimen Tested at 100 °C 


Showing Intergranular Cracks ‘‘A”’’ and Deformation Markings "“B"’, 0% redu 
tion in area at tracture x 200 
Fig. 4—Area at Lower Left of Fig. 3 Showing Deformation Markings “A” 
and Intergranular Cracks in More Detail 00 
as indicated in Table I. The stress at fracture first decreased to 


below the fracture strength in the brittle zone and then increased. 
That effect is probably due to the intergranular type of fracture. It 
should be noted that the stress at fracture in the brittle zone and the 
lower temperatures of the transition zone represents grain boundary 
strength rather than the transgranular strength of tungsten normally 
expected. 
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Fig. 5—-Microstructure Normal to the Fracture in Specimen Tested at 300 °C. 
22% reduction in area at fracture. X 200. 


Fig. 6—Microstructure Normal to the Fracture in Specimen Tested at 400 °C. 
Grains elongated during test. Bright transgranular fracture. 200. 


The ductile zone extends from about 450 °C (840 °F) to above 
900 °C (1650°F). The upper limit of the ductile zone was not 
established, but recrystallization studies on the as-swaged rod indi- 
cated that there would be no additional change in the general char- 
acteristics of the tensile properties up to about 1500 °C (2730 °F), 
at which temperature recrystallization would probably occur during 
testing. In the ductile zone the yield strength was low and essentially 
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Fig. 7—Microstructure Normal to the Fracture in Specimen Tested at 600 °C. 
7% reduction in area at fracture. Dull, fibrous fracture. X 200 
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Fig. 8—Flow Curves of Annealed Tungsten at Several Test Temperatures. Rat 
of extension—2.8 K 10-4 sec-4. Grain size—1500 grains per square millimeter. 


independent of test temperature except for a peak at about 500 °C 
(930 °F), probably due to some impurity that causes precipitation 
hardening. The ductility was excellent and the fracture a dull, fibrous 
rupture, as shown in Fig. 7. The true stress at fracture could not 
be determined experimentally because the load and strain when frac- 
ture started could not be accurately ascertained. 

Flow curves are shown in Fig. 8 where the logarithm of true 
stress is plotted as a function of the logarithm of the natural strain for 
several of the test temperatures. These curves agree quite well with 
the flow equation at strains from about 6 = 0.01 to the strain at the 
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maximum load. However, even in this strain interval, the experi- 
mental data are not expressed by a single straight line at all temper- 
atures. The deviation from the flow curve below about § = 0.01 is 
believed to be indicative of a yield point phenomenon. However, a 
pronounced upper and lower yield point such as is observed in iron 
and molybdenum was not observed in tungsten at any temperature, 
although the carbon and nitrogen content was of the order which 
would be expected to cause a yield point. 

Flow stress at several strain levels and the flow stress at fracture 
obtained by extrapolating the experimentally determined portion of 
the flow curve to the strain calculated from area measurements after 
fracture are plotted as a function of temperature in Fig. 2. The iso- 
strain flow stress curves at small strains parallel the yield strength 
curve. The flow stress at fracture experiences a maximum at about 
500 °C (930 °F), due to the combined effects of temperature on the 
flow stress and the strain prior to fracture. 


DIscUSSION 


In general, the effect of temperature on the flow and fracture 
characteristics of tungsten is very similar to the effect of temperature 
on the flow and fracture characteristics of annealed molybdenum (3) 
and of iron (6), as is illustrated in Fig. 9. The temperature range 
of the transition in tensile properties is different for each metal, but 
each experiences a large increase in yield strength and a simultaneous 
decrease in ductility over some relatively narrow temperature range. 
The effect of temperature on the tensile properties of these metals 
contrasts sharply with the effect of temperature on the tensile prop- 
erties of metals that have a face-centered cubic crystal structure and 
which experience little change in either yield strength or ductility 
down to the lowest temperatures studied (7). 

There are, however, differences in the flow and fracture char- 
acteristics of tungsten and molybdenum besides the temperature range 
of the transition. Molybdenum studied previously (3) fractured at 
low temperatures with completely transgranular fractures in contrast 
with the predominantly intergranular fractures observed in tungsten 
at low temperatures. Also, the fracture strength of the molybdenum 
increased with increased test temperature through the transition zone 
in contrast to the initial decrease in fracture strength observed for 
tungsten in the transition zone. 

The intergranular fracture in tungsten is believed to be indicative 
of an impurity segregated at the grain boundaries. Molybdenum will 
also exhibit an intergranular brittle fracture with lowered fracture 
strength and raised transition temperature when impurities are segre- 
gated at the grain boundaries (8). Higher purity tungsten would 
therefore probably have a completely transgranular brittle fracture, 
a higher brittle fracture strength and probably an increase instead of 
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a decrease in fracture strength with increased temperature through 
the transition zone. This, in turn, would result in a lower temper- 
ature for complete brittleness and a more rapid increase in ductility 
with increased test temperature through the transition zone in the 
absence of grain boundary fracture. 

Though grain boundary fracture in the tungsten used here ob- 
scures somewhat the normal transition temperature which is charac- 
terized by transgranular brittle fracture at low temperatures, it brings 
into sharp relief two distinctive types of brittleness. Metals such as 
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Fig. 9—Effect of Temperature on the Reduction in Area 
and Yield Strength of Annealed Iron (Ref. 6), Molybdenum 
(Ref. 3), and Tungsten. 


tungsten or molybdenum can exhibit either a transgranular or an 
intergranular brittle fracture type at low temperatures and afford the 
possibility of evaluating independently the major variables influencing 
transgranular and intergranular fracture strength. It is a reasonable 
presumption that when one or more pairs of grains separate at a 
mutual boundary, the intergranular fracture strength is less than the 
transgranular fracture strength and therefore controls brittle fracture. 
Advantage is currently being taken of these characteristics of molyb- 
denum and tungsten to determine the effects of several variables on 
intergranular and transgranular fracture strength. 

The ductile-to-brittle transition temperature is not a unique tem- 
perature but depends on the method of testing and the microstructure 
and purity of the metal. The effects of these variables on the tem- 
perature of the ductile-to-brittle transition in tungsten can be pre- 
dicted qualitatively, based on the known effects of these variables on 
the ductile-to-brittle transition in molybdenum and steel. An increase 
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in strain rate or an abrupt change in contour of the test specimen, as 
by the introduction of a notch, would raise the temperature of the 
transition. An increase in the grain size would also raise the tem- 
perature of the transition, and the very interesting “rheotropic em- 
brittlement”’ effects found in steel (9) are to be expected in tungsten. 
In fact, the only method known for making tungsten ductile at room 
temperature is to work harden it. Impurities which form interstitial 
solid solutions are also expected to have a very important effect on 
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Fig. 10—Logarithm of Yield Strength 
Versus 1/T for Annealed Tungsten. Rate 
of extension—2.8 & 10-*sec-1, Grain size 
1500 grains per square millimeter. 


the temperature of the transition. These variables may, of course, 
have quite different effects when the brittle fracture strength is con- 
trolled by either the intergranular or the transgranular type of fracture. 

3asically, the reason for cold brittleness in tungsten is the rapid 
increase in yield strength with decreased test temperature through the 
transition zone. This increase in yield strength, or resistance to de- 
formation, eventually results in completely brittle fracture when the 
stress for yielding equals or exceeds the stress for fracture. The 
magnitude of the fracture strength will also affect the temperature 
of complete brittleness. A similar increase in the yield strength of 
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molybdenum in the transition zone was found to be related to tem- 
perature through an exponential equation of the type (3): 


,4/RT 


¢—C 2 


Equation 2 


where o = the flow stress at a constant strain rate and condition of the metal 

q — a quasi-activation energy 

T = temperature in degrees absolute 

R = the gas constant 
Fig. 10 shows that this equation also expresses the relation between 
yield strength and temperature for tungsten in the transition zone, 
150 to 450°C. At higher temperatures the experimental points do 
not fall on the curve, probably due in part to an aging phenomenon 
in the vicinity of 500 to 600 °C, and at lower temperatures fracture 
precedes yielding. The quasi-activation energy calculated from the 
slope of the curve is about 5400 cal per gram mol which is consider- 
ably higher than the 1700 cal per gram mol obtained for molybdenum 
(3). 


SUMMARY AND CONCLUSIONS 


The flow and fracture characteristics of a sample of annealed 
tungsten were studied over the temperature range of —196 to 900 °C 
Like iron, ferritic steels, and molybdenum, tungsten experiences a 
transition from very ductile to very brittle behavior. The temperature 
range of this transition is about 150 to 450°C when determined by 
the tensile test. Except for the temperature range over which the 
transition occurs, temperature has, in general, very similar effects on 
the tensile properties of tungsten, iron, and molybdenum. 

Some differences were observed in the flow and fracture charac- 
teristics of tungsten and a sample of molybdenum studied previously. 
These differences are chiefly in fracture characteristics at low tem- 
peratures and are believed to reflect differences in the relative purity 
of the materials tested. Because intergranular fracture was observed 
in the sample of tungsten studied, it is believed that higher purity 
would result in a lower transition temperature and a higher brittle 
fracture strength characterized by transgranular brittle fractures. 

The problem of the low temperature brittleness of tungsten is 
basically not a problem of ductility but rather a problem of resistance 
to deformation. Specifically, it is a problem of a rapid increase in 
yield strength, or resistance to deformation, with decreased test tem- 
perature, through the transition zone. Completely brittle fracture 
occurs when the stress required for yielding equals or exceeds the 
stress required for fracture. 

The yield strength of tungsten in the transition zone at a con- 
stant strain rate and condition of the metal is related to temperature 
through an exponential equation of the type: 


a/RT 
o ~ e" 
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The quasi-activation energy, “q’’, is about 5400 cal per mol. 

Test and material factors such as strain rate and grain size which 
affect the temperature of the ductile-to-brittle transition in iron and 
molybdenum will undoubtedly also affect the ductile-to-brittle tran- 
sition phenomenon in tungsten. 
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THE RESIDUAL OXYGEN CONTENT OF CUPOLA-MELTED 
GRAY CAST IRON 


By E. A. Lorta AnD H. W. Lownie, Jr. 


Abstract 


A critical survey of the published data on vacuum- 
fusion analysis for cast iron is made and an explanation 
given for high values reported in the literature. Included 
is a discussion of the deoxidation theory for iron and stee 
and a correlation is made between the actual oxygen 
values by vacuum-fusion analysis and the equilibrium 
values calculated for the silicon-oxygen reaction. Experi- 
mental results for four gray tron heats melted in a 10-inch 
diameter cupola, following closely commercial techniques, 
are presented. The average result for oxygen was 
0.0022%, close to the equilibrium value calculated for the 
silicon-oxygen reaction. The same specimens were sub- 
jected to metallographic examination and chlorine-distil- 
lation analysis. Only titanium nitride and MnS:FeS, rich 
in MnS, were identified as being present. The results 
showed that the oxygen contents were very low and not 
amenable to measurement by metallographic methods. 
The results for oxygen by the chlorine-distillation method 
showed poor reproducibility and agreement with the 
vacuum-fusion method and proved undependable for gray 
iron. 


HE subject of gases in metals has received considerable attention 
fe in the literature. A bibliography by the British Cast Iron 
Research Association on gases in ferrous metals lists over a thousand 
references since 1900. In spite of this voluminous literature, inter- 
pretation of the data is still hazy, even for steel, which has received 
the bulk of the attention. For cast iron, the situation is even more 
nebulous. 

The vacuum-fusion method appears to be the most generally 
accepted means for determining the gas contents of iron and steel. 
However, even this method comes in for some criticism by investi- 
gators that are actively working on this problem. Hurst (1)1, and 
a ‘The figures appearing in parentheses pertain to the references appended to this paper. 
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others of the British Cast Iron Research Association, are outstanding 
in the amount and apparent quality of the work that they have done 
on the subject of gases in cast iron. They feel that the vacuum- 
fusion method is the only satisfactory method that has been devised 
for the determination of all the gases remaining in solid iron. 

A simple form of the vacuum-fusion method is being used suc- 
cessfully at Battelle Memorial Institute (2, 3) to analyze white iron 
simultaneously for oxygen, hydrogen, and nitrogen. After degassing 
the vacuum furnace and graphite crucible, the specimen is dropped, 
from its storage place in the cool furnace head, into the crucible at 
3000 °F (1650°C). The molten specimen becomes saturated with 
carbon, and its oxygen-bearing constituents are reduced to produce 
carbon monoxide. Nitrides are thermally broken down at this tem- 
perature to yield elemental nitrogen. The dissolved hydrogen is also 
evolved. These gases are rapidly pumped from the furnace by a 
high-speed mercury diffusion pump, and the extraction is complete 
in about 20 minutes. The gas is removed from the extraction 
apparatus with an automatic pump and collected by displacement of 
mercury in an inverted test tube. The gas is then introduced into a 
modified Orsat-type gas analyzer for measurement and analysis. 

When a vacuum-fusion analysis is made on steel, oxygen is 
thought to come from oxygen dissolved in the iron, and oxygen 
resulting from the reduction of silicates and oxides. Cast irons, 
however, appear to be remarkably free of oxides and silicates. Hurst 
and Riley report that the complete freedom of cast iron from oxide 
or silicate inclusions is noteworthy. Inclusions of oxygen-bearing 
compounds are seldom, if ever, detected by the microscope (in cast 
iron). Therefore, it appears that the oxygen found in cast iron is 
mainly dissolved in the iron. If this is the case, the oxygen content 
of the iron would be expected to be very low because of the appre- 
ciable amounts of carbon, silicon, and manganese in the iron. 

The British Cast Iron Research Association has been conducting 
vacuum-fusion analyses on cast irons for a number of years. They 
report the following ranges as typical for gray irons: 


Cee wo us 0.001 to0.025% by weight 
Hydrogen... .0.0001 to 0.0020% by weight 
Nitrogen ..... 0.001 to0.010% by weight 


Examination of the literature on oxygen in cast iron bears out 
the ranges reported by the British Cast Iron Research Association. 
However, the observation can be made that irons that are very old 
tend to show high oxygen contents. For example, Hurst and Riley 
report that a piece of iron known to be at least 100 years old had an 
oxygen content of 0.019%. A Derbyshire pig iron, cast in 1920 and 
analyzed in 1945, contained 0.012% oxygen, while a similar iron cast 
in 1945 and analyzed in 1945 contained only 0.0025% oxygen. Of 
course, these differences in oxygen content could be because of differ- 


‘ 
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ences in the raw materials or process used some years ago. How- 
ever, wider review of the literature indicates that there is good reason 
for believing that many irons reported to have high oxygen content 
absorbed a considerable amount of oxygen after casting. If this is 
true, it may account for some of the high oxygen contents reported 
in the literature for. cast iron. Most of the irons analyzed by the 
sritish Cast Iron Research Association show oxygen contents of 
about 0.002 to 0.004%. 


HicguH OxyGEN VALUES REPORTED IN LITERATURE 


In the literature, many vacuum-fusion analyses have been made 
on irons that have failed in service. In these instances, vacuum- 
fusion was used as another attempt to try to find out why the iron 
failed. The reports of such tests usually show an oxygen content 
that is higher than normal. It is quite possible that the high oxygen 
contents of such irons developed while they were in service, and were 
not necessarily part of the original iron. Vacuum-fusion samples for 
steel must be handled carefully because some of the included gas is 
evolved during storage. Hurst and Riley, and others, have estab- 
lished that cast irons do not lose gas during storage for up to four 
months. It seems reasonable that they might even pick up oxygen, 
because of rusting. 

Some mention of the high oxygen values sometimes reported in 
the literature on cast iron is in order. Reported values above the 
order of 0.002% should be looked upon with suspicion. They are 
believed to be the result of unsound specimens, or specimens con- 
taining small amounts of entrapped oxides or slags. Several exam- 
ples justify this position: 

1. Ina recent investigation (3), a specimen pin that contained 
a few small gas holes had an oxygen content of 0.017%, as deter- 
mined by vacuum-fusion analysis. The surfaces of the gas holes were 
tarnished, obviously by oxides. Adjacent sound specimens in the 
same heat had an average oxygen content of 0.0022%. 

2. High oxygen values reported in the literature for cast iron 
are most frequently for old irons that have had a chance to oxidize 
by atmospheric exposure. For example, Reeve (4) reported on a 
vacuum-fusion analysis of a cast iron yielding 0.047% oxygen. This 
value has been mentioned often in the literature as an example that 
cast irons can contain high oxygen. Through a personal contact with 
a co-worker (5) of Reeve, it was learned that this particular sample 
was from a piece of cast iron pipe that had been buried in the ground 
for years, and was. known from metallographic examination to con- 
tain free iron oxide as rust that had penetrated into the pipe. 

3. Hurst and Riley, who have done excellent work on the sub- 
ject for the British Cast Iron Research Association, reported that 
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Derbyshire pig irons cast in 1920 and analyzed 25 years later showed 
0.012% oxygen. Similar irons cast in 1945, and analyzed the same 
year, contained only 0.0025% oxygen. Hurst and Riley also re- 
ported that a 100-year-old piece of iron showed an oxygen content 
of 0.019%. After simple remelting, the oxygen content was 0.0020%. 
Actually, the gas content of cast iron is affected by remelting. If it 
is high, remelting usually lowers it. 

4. The Fourth Report of the Oxygen Sub-Committee (6) has 
this to say on the subject: “On the basis of physico-chemical theory, 
one would expect a high-carbon material such as pig iron to be low 
in oxygen. Usually this is so, and for samples which are high in 
oxygen it is reasonable to assume that the oxidic inclusions are 
foreign. Confirmation of this is obtained from the fact that the 
simple remelting of high-oxygen samples under closely controlled 
conditions does result in the oxygen content being brought down to 
the usual low order of magnitude.” 

5. The British Cast Iron Research Association made an extended 
study on gases in high-silicon cast irons. They reached the conclusion 
that the raw materials were the main source of high gas content in 
the product. Light rusty scrap iron was held to be the main source 
of oxygen pickup. They felt that the same principle would apply to 
other irons of normal silicon content. 

Throughout the literature, there are many indications that cast 
irons reported to be high in oxygen content are so because of inclu- 
sions, particularly iron oxide resulting from atmospheric rusting. 
No record has been located in the literature of newly-cast solid 
samples of casf iron containing oxygen above the order of 0.002% 


EQUILIBRIUM RELATIONS 


In steelmaking, manganese is considered a very weak deoxidizer, 
carbon is a fairly good deoxidizer, and silicon is considered as the 
most potent of the three. In the literature on steel deoxidation, 
equilibrium diagrams often indicate that carbon is as potent as, or 
even sometimes more potent than, silicon. However, these equi- 
librium diagrams are usually based upon equilibrium at one atmos- 
phere of pressure. The product of deoxidation of steel or iron with 
carbon is a gas. Therefore, the equilibrium between carbon and 
oxygen in the steel or iron is strongly influenced by pressure. In 
actual practice, pressure acts to the detriment of deoxidation with 
carbon, and results in silicon becoming a more potent deoxidizer. 
Because the products of deoxidation with silicon are solid or liquid, 
the silicon-oxygen equilibrium is virtually unaffected by pressures 
encountered in normal practice. 

Hilty and Crafts (7) reported on the solubility of oxygen in 
liquid iron containing silicon and manganese. The base metal was 
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low carbon ingot iron. Their data show that the limit of solubility 
of oxygen in iron containing about 2.30% silicon and 0.80% man- 
ganese is about 0.002% at about 2800°F (1540°C). Silicon is 
shown to be a more effective deoxidizer than manganese, but the 
combination of manganese with silicon is more effective than silicon 
alone. 

The well-known works of Koerber, Chipman, Herty, and others, 
on the deoxidation of steel are in essential agreement on the effects 
of silicon. When the metal is in contact with silica slag, or a slag 
saturated with silica (as in a cupola), the deoxidation constant is 
represented by 

K = (Si) (O2)? 


where (Si) and (Os) are the percentages by weight of silicon and 
oxygen in the iron. Free-energy calculations, accepted by most 
authorities, give a deoxidation constant of 1.2 *« 10° at 2800°F 
(1540 °C) for oxygen in the presence of silicon. When the silicon 
content of the iron is about 2.30%, the limit of oxygen solubility 
works out to about 0.0023%. At lower temperatures, even less 
oxygen would be in equilibrium with the silicon. Also, according to 
Hilty and Crafts, the manganese content of the iron might lower the 
oxygen content slightly more. 

This information on the amount of oxygen that is in equilibrium 
with silicon and manganese in iron indicates that gray cast irons 
would be expected to contain only about 0.002% oxygen. This is 
in agreement with the usual analytical values found by vacuum- 
fusion analyses. As pointed out earlier, higher values of oxygen 
content than this may be caused by some slow type of oxidation of 
the iron after it is cast. 

If the work done by many investigators in this country and 
abroad on the equilibrium between oxygen and silicon is sound, there 
would be little advantage to adding even 0.30% more silicon to an 
iron that already contains 2.00% silicon. The equilibrium values for 
oxygen in contact with silicon at 2800 °F (1540 °C) are about: 


% Si % Oz 
1.70 0.0027 
2.00 0.0025 
2.30 0.0023 
2.60 0.0021 


All of these values are very low. In fact, the limit of accuracy of 
measurement of oxygen by vacuum-fusion analyses in this range is 
about +0.0004%. 

In cupola-melted cast iron, the intimate mixing of metal and 
slag may cause some to speculate on the distribution of oxygen be- 
tween slag and metal. When considering the oxygen content of the 
slag and its relation to the oxygen content of the iron, there are two 
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systems to be considered. First, there is the partition factor for the 
oxygen distribution between the slag and the iron. Second, there is 
the deoxidation constant for the relation between the oxygen and 
silicon in the iron. When the statement is made that a lower FeO 
in the slag results in a lower oxygen in the iron, the first factor is 
being given the controlling position. This would be all right if the 
iron contained no carbon, silicon, manganese, or other deoxidizers. 
When the iron does contain large amounts of deoxidizing elements, 
the second factor, the deoxidation constant, has the controlling influ- 
ence, and the first factor, the partition factor between slag and metal, 
has little influence. 

When compared with heterogeneous reactions, homogeneous 
reactions proceed very rapidly. For example, the homogeneous re- 
action between the dissolved oxygen in the iron and the dissolved 
silicon in the iron is very rapid. Therefore, equilibrium is approached 
rapidly. The rapidity of the reaction, and the high silicon content 
of the iron tend to keep the oxygen content of the iron at a low value. 

A heterogeneous reaction, such as that between the oxygen in 
the slag and the silicon in the iron, proceeds very slowly. The inter- 
face between the slag and the iron forms an effective barrier to the 
rapid attainment of equilibrium. Some authorities on steelmaking 
practice feel that even with long times of contact between the slag 
and the metal, equilibrium is not attained in practice. This explains 
why the high silicon content of the iron effectively holds the oxygen 
content of the iron to a low value, even while the iron is in contact 
with a slag high in oxygen. 


EXPERIMENTAL RESULTS 


Vacuum-Fusion Analysis—As part of a comprehensive study 
fully described elsewhere (3), vacuum-fusion results are presented 
in Table I for four gray iron heats melted in a 10-inch diameter 
cupola, following closely commercial operating techniques. Five to 
seven taps spaced through each heat were used to pour gas-deter- 
mination specimens in split steel molds that produced a clean pin, 
3g inch in diameter and 2 inches long. Because freezing was almost 
instantaneous, the pins were entirely white iron (nongraphitic). 
Specimens from these heats were also subjected to metallographic 
examination and chlorine-distillation analysis as independent deter- 
minations on their oxygen content. 


The results of individual chemical analyses and gas determina- 
tions can be correlated in Table I. The average result for oxygen 
by the vacuum-fusion method in three of the four heats was 0.0022% 
which is quite close to the equilibrium value calculated from the de- 
oxidation constant for the silicon-oxygen reaction cited earlier. In 
the other heat a slightly lower average value than expected from 
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Table I 
Results of Individual Chemical Analyses and Gas Determinations 


Chlorine 


Vacuum-Fusion Analysis Distillation 
——Chemical Composition, %— ——% by Weight—— % by Weight 
Heat Tap r¢ Si Mn P S CE* Ovxz He Ne Ov 
1506-1 6 TR Pee ee ee ee 6.0017 0.00023 0.008 
10 3.26 2.04 0.66 90.13 0.09 3.94 0.0037 0.00038 0.012 : 
13 et ER 6) ee ng GE RR i Sa sae diata ee: "teeta 0.09 
17 3.25 201. 0.65 0.12 0.08 3:92 0.0020 0.00018 0.007 0.10 
21 3.34 1.92 3,98 0.0013 0.00020 0.007 0.07. 0.04 
Avg. 0.0022 0.00025 0.009 
506-21] ¢ a + Sie BP es ae ae: 3.99 0.0012 0.00011 0.007 0.048, 0.0277 
9 3.21 2.29 0.61 0.13 0.08 3.97 0.0013 0.00019 0.007 eat 
17 3.34 2.23 0.69 0.13 0.08 4.08 0.0017 0.00015 0.010 0.06, 0.03 
21 3.82 2.12 4.03 0.0021 0.00011 0.011 0.01 
Avg. 0.0016 0.00014 0.009 
1506-3F 6 3.18 2.08 Bg Ae re: 3.87 0.0023 0.00033 0.007 > 
) 3.17 283 6.56: 0:14 °'6.08 3.85 0.0015 0.00033 0.008 0.0342 
13 Di a. ee Ee Pee ee 3.85 0.0036 0.00056 0.007 0.025f 
17 3.21 2.06 0.55 0.13 0.09 2.90 0.0021 0.00027 0.006 0.199 
21 Rar. eee Mess: a be aia 3.91 0.0015 0.00026 0.007 0.163, 0.032 
Avg. 0.0022 0.00035 0.007 
06-4 6 a7. 233 : oo 3.78 0.0028 0.00023 0.007 
‘ 3.09 2.14 0.57 0.15 0.08 3.80 0.0177 0.00020 0.008 
13 yt ete Bl geet ae Sade coe 3.80 0.0016 0.00046 0.007 0.202 
17 3.15 2.24 0.58 0.14 0.08 3.90 0.0029 0.00015 0.007 0.186 
21 3.27 2.06 eS ee a. 3.96 0.0016 0.00026 0.009 0.068, 0.018 
Avg 0.0022 0.00026 0.008 
‘CE Carbon Equivalent rC + % Si. tSample contained pinholes. Not included in average 
Residue washed with water. 
Precision of vacuum-fusion analyses: Oz: 0.0004% Oz, or +10% of reported value, whichevet 
s greater. He: 0.00005% He, or +10% of reported value, whichever is greatet Ne: 0.001% N 


+10% of reported value, whichever is greater. 


equilibrium calculations was actually obtained. Changes in the silicon 
content of the irons from 1.90 to 2.29% had no consistent effect on 
the oxygen content. Also, the oxygen content of the irons had no 
detectable relation to either (a) the carbon content of the irons 
within a range of 3.07 to 3.34% or (b) the carbon equivalent of the 
irons, within a range of 3.78 to 4.08%. 

Metallographic Examination—lInclusion counts are sometimes 
used to estimate the oxygen content of steel. This method depends 
first upon the identification of the oxygen-bearing inclusions, and 
then upon their measurement, usually by counting. 

Two metallographic specimens were selected from irons made 
in each of the four heats. The specimens were selected from the 
white portion of chill-test specimens to minimize interference by 
graphite flakes. 

The specimens were examined by reflected light, polarized light, 
and after treatment with a variety of etching reagents. The following 
inclusions were identified as being present : 


Titanium nitride 
MnS - FeS, richin MnS 
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Special techniques were used which would identify the following 

inclusions : ial 

Silicates 

Iron oxide 

FeO + MnS 

FeO - MnO 

FeS 
None of these inclusions were found in any of the eight specimens. 
The inclusion count of all specimens was about the same. 

The results showed that the oxygen contents of all the selected 
specimens were very low and not amenable to measurement by metal- 
lographic methods. 

Chlorine-Distillation Analysis—A third independent check on 
the oxygen content of the irons poured from the four cupola heats 
was by a chlorine-distillation method. A chilled specimen pin weigh- 
ing about 20 grams was chlorinated for 8 to 16 hours at about 700 °F. 
Metallic elements formed chlorides which volatilized and were car- 
ried from the furnace. Oxides were left as a residue which was 
analyzed to determine its components. The residue was usually 
about 0.1 to 0.3% of the weight of the original sample. Analysis 
of the residue was within the range: 4 to 14% SiOs, 24 to 74% 
Fe.O3, 13 to 62% MnzQx,, 0.1 to 1.1% CreOs3, 1 to 34% AleOs 
(determined by difference). 

The method has been described by Colbeck, Craven and Murray 
(8). These investigators reported good agreement between the 
oxygen content of steel as determined by this method and by the 
vacuum-fusion method. They also reported that the method was 
unsatisfactory for gray cast iron and pig iron, but that it might be 
satisfactory for white iron. The method has been successful for the 
determination of oxygen in special metals, such as zirconium. 

Thirteen specimens from the four heats were analyzed for oxygen 
by the chlorine-distillation method. The results showed poor repro- 
ducibility and poor agreement with the vacuum-fusion method. The 
amounts of oxygen determined by the chlorine method were as much 
as 100 times as great as in the vacuum-fusion method. The oxygen 
contents determined by the chlorine method were obviously in error, 
or oxides or silicates would have been detected in the metallographic 
examination. The results obtained by the chlorine-distillation method 
are believed worthless for the purposes of this investigation, but are 
listed in Table I for record purposes. 

Whereas the oxygen content of irons, as determined by vacuum- 
fusion analyses, were about 0.002%, the oxygen content determined 
by the chlorine method was about 0.01 to 0.10%. The chlorine 
method has been proved undependable for gray irons. The difficulty 
is thought to stem from the graphite content. The effectiveness of 
the method on white irons was somewhat unknown when this com- 
parative test was made. It is felt that the values reported for oxygen 
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as determined by chlorine distillation are unreasonably high. This 
conclusion stems from two facts: First, duplicate analyses show a 
variation of as much as two to one. This indicates the possibility 
of errors in the techniques, or an inherent unsuitability of the tech- 
nique for white irons. The second factor which weakens the impor- 
tance of the chlorine-distillation results comes back to the inclusion 
count on the same iron specimen. In steels that contain about 0.02% 
oxygen, as determined by vacuum-fusion analyses, oxide and silicate 
inclusions can be identified as such. No oxides or silicates could be 
found in the specimens, even though one of the specimens examined 
showed an oxygen content of 0.07% by the chlorine method. There- 
fore, on the basis of the inclusion count, the oxygen content of the 
specimens is indicated as less than 0.02%. 

Most of the foregoing discussion has been based on analyses of 
irons by vacuum-fusion data, or on equilibrium values obtained by 
use of vacuum-fusion analyses. Therefore, if the vacuum-fusion 
method of analysis for oxygen does not give the true oxygen content 
of gray iron, the arguments are weakened. Although vacuum-fusion 
analyses are regarded in most circles as the best means for deter- 
mining oxygen in iron and steel, some authorities regard the method 
as not completely dependable or satisfactory. However, some of the 
objections to the vacuum-fusion method are in themselves question- 
able. For example, the validity of the method for determining oxygen 
in iron has been questioned because vacuum-fusion analyses of 
titanium and zirconium have not been completely dependable. How- 
ever, the background of vacuum-fusion analyses of iron and steel is 
quite broad and with improved methods and skilled analysts, excellent 
results are now being obtained. 
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NOTCH DUCTILITY OF NODULAR IRON 
W.S. Petttni, G. SANDOz AND H. F. BisHop 


Abstract 


The notch ductility transition characteristics of vari- 
ous types of nodular irons were determined by Charpy V 
tests. Impact and explosion tests of castings containing 
a sharp notch were used to evaluate the significance of 
the Charpy data to service and to establish comparisons 
with cast and rolled steels subjected to the same tests. 
[t 1s established that the transition range of Charpy energy 
curves 1s the important criterion which correlates with 
fracture resistance in the impact and explosion tests. 
The energy values associated with fibrous fractures of 
Charpy V specimens of nodular trons are not significant 
in this respect. It 1s demonstrated that optimum notch 
toughness is obtained with fully ferritized material of low 
silicon and phosphorus contents. Comparison with cast 
and rolled steels indicates that fully ferritized nodular 
irons of present commercial composition are less resistant 
to brittle fracture than the steels. 


INTRODUCTION 


T IS generally recognized that ferrous metals of apparently high 

ductility as established by tensile tests may behave in a brittle 
fashion in notch tests and in service entailing the presence of notch 
defects. As the result of this experience, notch ductility properties 
are becoming important factors in the choice of materials for engi- 
neering use. In this respect, there is a pressing need for the evalu- 
ation of the notch ductility characteristics of nodular iron to supple- 
ment the extensive data which are available with respect to tensile 
properties. 

The tensile strength and ductility characteristics of the various 
types of nodular irons range from high values which approach those 
generally associated with cast steels to low values which are only 
moderately superior to those of high strength gray irons. It was the 
purpose of this investigation to evaluate the notch ductility of nodular 
irons, with emphasis on the fully ferritized types which approach the 
tensile properties of cast steels. The Charpy V test was used to 
establish conventional energy transition data. 

In order to establish the significance of the Charpy data, an 
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Fig. 1—-Gating and Risering of Test Plates 


investigation was made of the resistance to brittle fracture of castings 
subjected to impact and explosion loading. The test castings were 
of the same dimensions as used previously for extensive investigations 
of the fracture characteristics of cast and rolled steels. Additional 
information was thus obtained which provided for direct comparisons 
of the fracture resistance of these three materials at various service 
temperatures. 


MATERIALS 


The nodular irons of this investigation were made in either 300 
or 1000-pound basic induction furnace heats from Armco iron melt- 
ing stock. Nodulization was accomplished by the addition of 0.25% 
magnesium as a ferrosilicon-magnesium alloy to the ladle during tap- 
ping ; 0.10%-silicon.as 50% ferrosilicon was then added for secondary 
inoculation. The irons were cast at temperatures of approximately 
2500 °F (1370°C) into test plates shown in Fig. 1. The plates 
were 14 inches square, with thicknesses varying in steps from 1% 
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Chemical Composition of Heats 
Heat a Other* 
No Cc Mn Si 
14 2.90 0.32 1.88 
15 2.94 0.31 2.24 
16 2.94 0.31 2.55 
50 2.92 0.30 2.85 
54 2.98 0.26 3.24 
51 2.95 0.25 3.63 
21 3.21 0.03 2.16 
11 3.23 0.34 2.10 
22 3.27 0.54 2.08 
42 2.78 0.14 2.02 
10 2.86 0.34 2.11 
13 3.54 0.32 2.17 
57 3.0e 0.25 2.25 
37 2.94 0.23 2.18 
18 3.29 0.31 2.13 0.31 Ni 
19 3.24 0.29 2.13 0.62 Ni 
20 3.85 0.28 2.13 0.88 Ni 
39 2.96 0.23 2.03 1.05 Ni 
27 3.10 0.19 1.94 0.32 Cu 
28 3.04 0.19 2.01 0.62 Cu 
29 3.11 0.19 2.12 0.89 Cu 
23 3.11 0.21 2.11 0.06 P 
26 3.32 0.21 2.06 0.10 P 
24 3.15 0.21 1.86 0.12 P 
25 3.11 0.21 2.08 0.16 P 
59 3.07 0.27 2.03 0.27 P 
9 3.44 0.40 2.49 Pearlite Series 
30 3.30 0.24 2.25 Pearlite Series 
61 3.15 0.25 2.24 Pearlite Series 
32 3.08 0.22 2.11 Section Size 
33 3.12 0.40 1.81 Carbide Series 
43 3.43 0.19 1.90 Explosion Test Series 
31 3.07 0.19 1.99 Explosion Test Series 
40 3.12 0.22 2.47 Explosion Test Series 
41 33 0.22 2.47 Explosion Test Series 
} 55 3.27 0.32 3.15 Explosion Test Series 
*Unless otherwise noted, 0.01% phosphorus, 0.04% nickel and 0.04% copper. 


inches at the bottom to 15@ inches at the top, thus providing for 
directional solidification to insure feeding to complete soundness. 
The analyses of the various heats are listed in Table I. The 
effects of the various alloy elements were determined for a ferritized 
structure with pearlite in trace amounts of less than 5%. To develop 
this structure the castings were heated to 1750 °F (955 °C) and held 
for 6 hours, then furnace-cooled to 1350°F (730°C) and held 10 
to 25 hours after which they were cooled in air to room temperature. 
The 1350 °F (730°C) hold times are longer than are normally used 
for commercial ferritization treatments, since it was desired to insure 
essentially complete elimination of pearlite. The 10-hour hold was 
used as standard, with the longer times applied to the low silicon, 
high manganese types. In all cases the structures were checked 
metallographically to assure that nodulization was complete and that 
ferritization to less than 5% pearlite was attained. The heat treat- 
ments of the pearlite series were established by pilot tests. The re- 
ported amounts of pearlite and carbide structures were determined 
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(b) 10% pearlite; (c) 25% pearlite; (d) 50% pearlite; (e) 95% 
pearlite; and (f{) 12% carbide. All X 50 magnification. 
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Fig. 3—Comparison of Transition Features for Steels and Nodular Iron. 


by a lineal counter method; the values represent the per cent of 
matrix material (nodule area not considered). Fig. 2 presents rep- 
resentative microstructures of the test materials. 


CHARPY V AND TENSILE Test DATA 


Charpy V transition curves for ferritized nodular iron show 
temperature transitions with respect to energy absorption, fracture 
appearance and notch ductility, Fig. 3, which are typical of those 
observed for steels. The levels of energy associated with partially 
or completely fibrous fractures are markedly lower, however. 

The individual Charpy V transition curves of the various test 
materials are presented in Figs. 4 and 5’, grouped to indicate the 
effects of composition and heat treatment; Fig. 6 summarizes the 
data. It may be noted that the only alloy elements which markedly 
affect the transition range of fully ferritized materials are silicon and 


‘The significance of the single points on the Charpy V curves will be discussed in a 
later section. 
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Fig. 4—Charpy V Transition Curves 


phosphorus, and that the effect is to shift the transition to higher 

temperatures with increasing amounts. The presence of pearlite also 
results in shifting the transition to higher temperatures. 

The band of the upper portion of Fig. 

m 


‘ig. 6 represents the range 
of fully ferritized nodular irons of 2 to 2.! 


© silicon and less than 
0.10% phosphorus. The individual curves which fall to the right of 
the band illustrate the effects of higher amounts of silicon and phos- 
phorus. The individual curves which fall to the left of the band 
(“best group”) possibly represent effects of incidental variables; 
however, it is significant that all of these curves pertain to alloys 
which are characterized by low silicon and phosphorus contents. 
The band of the lower portion of the figure is the same as the upper 
one, with the exception that it includes the four “‘best’’ curves of the 
upper figure. The individual curves to the right of the band illustrate 
the effects of various pearlite contents. A significantly deleterious 
effect due to pearlite is evident only at levels which exceed 10%. 
Thus, it is indicated that prolonged heat treatments for the elimination 
of pearlite to levels below 10% are not essential to obtain near 
optimum properties. 
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Fig. 5—Charpy V Transition Curves. 


The transition curves for the carbide series are not presented, 
inasmuch as scatter ranging from 17 to 4 foot-pounds was obtained 


at temperatures as high as 300°F. It is indicated that the chance 
position or concentration of carbide regions in the notch of individual 
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Fig. 6—Summary of Charpy V Transition Curves 


Charpy specimens greatly affected the energy absorption. Scatter 
of this type was only observed for the carbide series. 

Fig. 7 presents a comparison of the transition bands for the 
various types of nodular irons with bands for rolled and cast steels. 
The individual curves for the rolled and cast steels have been pre- 
sented in a previous report (1)*. The temperature ranges of the 
full span of the transition curves and of the 10-foot-pound transitions 
for the ferritized irons of low silicon and phosphorus contents and 
for the steels are observed to overlap to a great extent. Comparison 
at the 10-foot-pound level is of interest because of the known sig- 
nificance of this criterion to the problem of brittle fracture of steels 
(ea 

The tensile properties of the various groups are summarized 
in Fig. 8. The.data in general conform to the findings of previous 
investigators of nodular iron (4, 5) and with the solid solution effects 
of alloy elements in ferrites (6). Within the composition ranges 
investigated, only silicon and phosphorus show marked effects on 
tensile and yield strengths. Tensile elongation and reduction of area 
show a marked drop with silicon and phosphorus contents above 
2.6% and 0.06% respectively. Pearlite content affects the tensile 
properties markedly as may be noted from the large increase in 
strength properties and decrease in ductility at levels in excess of 20 
to 30% pearlite. 





2The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 8—Summary of Tensile Properties 


SIGNIFICANCE OF CHARPY TEST DATA 


As shown in the previous section, ferritized, low silicon and 
phosphorus irons are characterized by Charpy V transition curves 
which span essentially the same temperature ranges as steels; how- 
ever, the levels of maximum energy which are developed are mark- 
edly lower. Accordingly, if the transition range is the criterion of 
significance to brittle fracture, the subject class of nodular irons 
should be considered essentially equal to the steels, but if the level 
of maximum energy is the determining criterion, nodular irons should 
be considered greatly inferior. 

The problem of the relative significance of energy level and 
transition criteria is not specific to the question of nodular irons but 
is one which has been investigated extensively for structural and 
alloy steels. In any approach to this problem it is important to 
recognize that the development of brittle fractures in service is deter- 
mined by two sepafate processes—fracture initiation and fracture 
propagation. Within a certain temperature range the metal becomes 
potentially capable of propagating brittle fractures and is said to 
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develop a “fracture transition’. While the metal is potentially 
capable of brittle fracture below the fracture transition, the actual 
development of brittle fractures is controlled by plastic flow condi- 
tions at the root of notches or sharp, crack-like defects which pro- 
vide the necessary “‘trigger’’ action to initiate the failure. As long 
as the metal located at the tip of notches retains a moderate ability 
to deform prior to initiating a fracture, there exists a definite pro- 
tection to the development of brittle failures. However, with de- 
creasing temperatures below the fracture transition this protection is 
gradually lost and the metal is said to develop a “ductility transition”, 
i.e., the pre-fracture deformation at the notch tip falls to essentially 
nil values (nil ductility transition temperature). A detailed discus- 
sion of the significance of ductility and fracture transitions is pro- 
vided in Reference 3. , 

The above concepts provide the basis for the crack starter tests 
which have been developed at the Naval Research Laboratory for the 
determination of the critical service temperatures for materials sub- 
ject to temperature transition behavior. Basically, the tests involve 
introducing the sharpest possible notch (sharp cleavage crack) in the 
test material and impact loading to evaluate the resistance to the 
initiation and propagation of brittle fractures. The sharp notch 
condition is developed by a bead-on-plate of a highly brittle, hard- 
surfacing-type weld which is fractured on loading and thus introduces 
a cleavage crack in the material to be tested. Drop weight and 
explosion loading are used for the evaluation of characteristics re- 
lated to initiation and propagation respectively. 


Drop Weight Tests 


The principal features of the drop weight test are illustrated in 
Fig. 9. A 1-inch thick specimen of the dimensions shown is loaded 
by the drop of a 60-pound weight from a height (approximately 
8 feet) sufficient to cause contact with a stop arranged to limit the 
deformation to 5 degrees of bend. Inasmuch as the brittle weld 
cracks at approximately 3 degrees of bend, the test essentially evalu- 
ates whether the small amount of deformation associated with bending 
2 degrees (after the sharp notch is developed) is sufficient to initiate 
a brittle fracture. Tests of a series of such specimens over a range 
of temperatures established the highest temperature of essentially 
nil ductility as evidenced by inability to resist fracture at the de- 
scribed nil levels of deformation. 

A typical drop weight test series, as represented by the group 
noted as “standard test condition”, is illustrated in Fig. 10. Brittle 
fractures are developed at 0 and 10°F but not at higher tempera- 
tures. Removing the stop and increasing the level of deformation 
by the use of various heights of drop (nonstandard test conditions 
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Fig. 9- Drop Weight Test Method. The brittle weld is notched with a rotating 
abrasive disk to facilitate cracking. Note weld crack in specimen which resisted 
tracture. 


presented for illustration) ‘forces’ the development of fracture at 
20 °F, while at higher temperatures severe deformation is possible 
without fracture. The highest temperature of fracture, determined 
by the standard test condition, entailing a minute level of deformation 
is denoted as the “nil ductility transition’ temperature. Because of 
the “sharp” transition features of the test, the nil ductility transition 
temperature is determined reproducibly to +10°F. Similar be- 
havior has been demonstrated for rolled and cast steels (1, 2). 

The data presented in Fig. 10 indicate that fracture initiation in 
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the presence of sharp notches is difficult above the temperature of 
Charpy V 5 foot-pounds and relatively easy below this temperature. 
The single points on the individual Charpy V curves of Figs. 4 and 5 
indicate the drop weight nil ductility transition temperatures for 
the respective irons. It is observed that correlation with Charpy V 
energy is within the range of 3 to 7 foot-pounds and averages 5 foot- 
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Fig. 10—Illustrating the Go No-Go Features of Drop Weight Test and General 
Relationship to Charpy V Energy at Nil Ductility Transition of Nodular Iron. 


pounds. In view of the large number of tests which were conducted 
it may be concluded that this correlation is general for nodular irons. 

Fig. 11 presents drop weight test series for rolled and cast steels 
and for a nodular iron having the same nil ductility transition tem- 
perature ; the Charpy V transition curves for the three materials are 
shown in Fig. 3. It is apparent that at the common ductility tran- 
sition temperature all three materials are characterized by Charpy V 
energies of approximately 5 foot-pounds. Extensive investigations 
for rolled and cast structural steels have established that the drop 
weight ductility transition always occurs in the energy range of 3 to 
10 foot-pounds (average 5 to 8 foot-pounds). 

The effects of alloying elements and microstructure on the drop 











1954 NOTCH DUCTILITY OF NODULAR IRON 431 


Rolled 


Nodular 





OG” 
Fig. 11—Drop Weight Test Series for Rolled and Cast Mild Steels and for a 
Nodular Iron. Charpy V curves presented in Fig. 3 


weight nil ductility transition temperature of nodular iron are shown 
in Fig. 12. Because of the go no-go features of the drop weight test, 
these effects may be evaluated more distinctly than was possible by 
the Charpy transition curves which must be evaluated on a basis of 
curve shifts. As indicated by the Charpy V transition curves, silicon, 
phosphorus and pearlite have very great effects on fracture character- 
istics. The drop weight test data show essentially linear relationships 
for these variables. The effect of carbides, which could not be fully 
evaluated from the Charpy data because of excessive scatter, is 
shown to be extremely severe. Scatter was not observed in the drop 
weight test of the carbide specimens and the transition was developed 
sharply within a 10 °F interval; this is probably due to the larger size 
of the drop weight specimen which effectively precludes overriding 
effects related to small concentrations of carbide structures. A bene- 
ficial effect of increased carbon in the range of 2.9 to 3.4% is indi- 
cated, which is in conformance with similar indications of the Charpy 
data. The reversal in fhe nickel series is of interest in that similar 
trends were shown by the Charpy data. No microstructural or 
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Fig. 12—Effects of Alloying Elements and Microstructure on the Highest 
Temperature of Fracture in Drop Weight Test (nil ductility transition). 


analysis deviations could be found to account for the slightly higher 
transition temperatures obtained at intermediate nickel contents. 
Fig. 13 summarizes the effects of composition and microstruc- 
tural variables on the drop weight nil ductility transition temperature. 
It is noted that the fully ferritized low silicon and phosphorus irons 
of carbon contents greater than 3.0% resist fracture in the drop 
weight test to —10/—30°F. Increasing the silicon content from 
2 to 3.6% increases the fracture temperature to 120°F (+10°F/ 
0.10% Si); an increase of phosphorus from 0.01 to 0.27% increases 
this to 170 °F (+70°F/0.10% P). The effects due to pearlite are 
evident from the two series of low and medium silicon levels; an 
increase of +20 °F/10% pearlite is indicatetl by the parallel curves. 
The pearlite series are of interest also in indicating additivity for the 
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Fig. 13—Summary of Fig. 12. 


combined effects of composition and microstructure. The 2.50% 
silicon curve is displaced to approximately 30 °F higher temperature 
as should be expected by the 0.25 to 0.40% higher silicon content. 
Carbides have by far the most pronounced effect, as indicated by the 
increase in fracture temperature to +270 °F in the presence of 12% 
carbide structures (+250 °F/10% C). 

Heat 43 (3.43% carbon, 1.90% silicon, 0.19% manganese, 
0.01% phosphorus), see Fig. 12, carbon series, is of particular 
interest in that it represented an attempt to produce optimum quality 
material by composition adjustment, as indicated by the drop weight 
relationships. The combined effects of high carbon, low silicon and 
phosphorus (standard, 1350°F 10 hours heat treatment) are evi- 
denced by the fact that this material refused to develop fracture in 
the drop weight test to —50 °F. 

Section size effects were investigated by comparing the proper- 
ties of 1, 2 and 4-inch sections cast as indicated in Fig. 14. A sig- 
nificant effect due to section size is not discernible from the Charpy V 
curves although the points for the 1l-inch section fall generally at 
higher levels. The drop weight test indicates that the ductility tran- 
sitions of the 2 and 4-inch sections fall at 20°F higher temperatures 
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Fig. 14—-Evaluation of Section Size Effects. 
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Fig. 15—Explosion Bulge Method for the Determination of the Resistance to 
Fracture Propagation. 


than the 1l-inch section. Metallographic examination showed equal 
size and number of nodules for the 2 and 4-inch sections, while those 
of the 1-inch section were considerably finer and more numerous; no 
other microstructural differences were apparent. 

















1954 NOTCH DUCTILITY OF NODULAR IRON 435 
oe 100 2 S 

80.4148 

© c 

602436 

—>| ” O 

wy 

Ferritized Nodular Iron 20 ls 

31-3.0%C 0.19%Mn 2.0%Si > 

O O 39 


“40. =Zu O 20 40 60 80 100 120 140 ‘60 
Temperature °F 





Fig. 16—Results of Explosion Bulge Tests at Various Temperatures Compared 
to Charpy V Test Data at Same Temperatures. 


Explosion Tests 


The explosion bulge test method shown in Fig. 15 was developed 
to determine the characteristics of materials with respect to fracture 
propagation. The same brittle weld as described for the drop weight 
specimen is deposited at the center of a 14 by 14 by 1-inch test plate 
which is placed over a circular die and bulged by the gas pressure 
resulting from the detonation of an explosive charge (4 pounds of 
Pentolite positioned 18 inches above the test plate). The explosive 
weight and distance conditions result in the development of a bulge 
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Fig. 17—-Explosion Bulge Tests for Rolled and Cast Mild Steels and a Nodular 
Iron (Same Explosive and Offset Conditions) Having Equivalent Charpy V Tran- 
sition Ranges. 


approximately 1 inch in depth if fracture is not developed. Fig. 16 
illustrates the results of tests at various temperatures which encom- 
pass the Charpy V transition range for a high quality ferritized 
nodular iron. At temperatures above the drop weight ductility tran- 
sition (—20°F for this iron) plastic deformation is required to 
initiate fracture, as evidenced by the bulging which preceded fracture. 
Complete fractures indicating easy propagation are obtained at 20, 
40 and 60°F; partial fractures indicating difficult propagation are 
developed at 80 and 120°F; and essentially complete refusal to 
develop brittle fractures is indicated at 140 °F. The fracture char- 
acteristics follow the trends of the Charpy V energy and fracture 
transitions. 


Fig. 17 compares the subject iron to average quality cast and 
rolled mild steels with essentially equivalent Charpy V transition 
ranges. The explosive weight and distance conditions used for the 
three test series were exactly the same. The similarity of perform- 
ance shown by the respective bulge test series indicates that the tran- 
sition range rather than the absolute level of energy is the important 





ee 





1954 NOTCH DUCTILITY OF NODULAR IRON 437 


lron 


a Nodulat 


F 
« vs 
<= 2 
jo Oo 
2 oO; = 
o,}©; - 
oO} = 
2 z 


(Continued ) 


‘1g. 





feature of the Charpy V curve with respect to brittle fracture. In 
each case a highly brittle condition is indicated for temperatures at 
the lower portion of the transition range and essentially complete 
refusal to develop brittle fractures is indicated for temperatures at 
the top of the transition range, irrespective of energy levels. 

Fig. 18 presents crack propagation tests for a medium and a high 
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Fig. 18—Explosion Bulge Series for Various Types of Nodular Irons and the 
Respective Charpy V Comparison Curves. 
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silicon ferritized iron and for a pearlitic iron in comparison with the 
optimum quality iron. The detrimental effects of high silicon con- 
tents and pearlitic structures indicated by the Charpy V transition 
curves are corroborated. 

The use of extra-high explosion energies to develop extensive 
deformation at temperatures of crack refusal has been shown to result 
only in shear tears for the case of rolled and cast steels. Fig. 19 
illustrates the extreme bulging and shear fractures developed at 
140 °F for a nodular iron equivalent to the Fig. 16 material. While 
extreme bulging was developed for the nodular iron and a dark (non- 
crystalline) fibrous fracture which rotated toward a 45-degree angle 
with the surface resulted, the test piece was nevertheless torn into 
two pieces. This indicates that the higher energies required for 
fibrous fractures of steels, as indicated by the high values at the 
upper shelf of the Charpy V curve, are significant to failures which 
occur by a shearing process. The high energies associated with 
shearing of the steel effectively limited tearing to the central part 
of the bulge, while the nodular iron because of its lower energy 
absorption in shearing was completely ruptured. It should be em- 
phasized that the “top of the shelf” Charpy V energy differences are 
of significance only to the case of failures related to a slow tearing 
process and not to the essentially instantaneous, catastrophic failures 
related to the general problem of brittle fracture. 

The sharp, crack-like notch developed by the brittle weld in the 
bulge test restricts the pre-fracture deformation of nodular irons and 
steels to low levels at temperatures below the shear to cleavage frac- 
ture transition. The behavior of cast and rolled steels in a notch-free 
condition at temperatures below the fracture transition has been 
investigated extensively by bulge tests of plates without the crack 
starter weld. In such tests severe deformation is required to initiate 
fractures, as indicated by deep bulging of the test plates. The ex- 
plosion test procedures for prime plate tests differ from those of the 
crack starter tests only in the use of repeated shots of higher explo- 
sion energies (4 pounds of Pentolite at 15 inches) ; the test temper- 
ature is re-equalized between shots. Prime plate tests for a fully 
ferritized nodular iron of optimum quality (3.43% carbon, 1.90% 
silicon, 0.19% manganese, 0.01% phosphorus) are illustrated in Fig. 
20. At 60°F the test plate withstood two such explosions without 
failure; the severity of the test may be evaluated from the fact that 
a 4-inch deep bulge was developed and the plate thickness at the 
center was reduced 14%. Failures were obtained on the second shot 
at 12% thickness reduction for the 40 and 20°F tests and on the 
first shot at 7%: thickness reduction for the —20°F test. It is 
apparent that, in the absence of sharp cracks, nodular irons are 
capable of withstanding severe abuse before failure. 





440 


TRANSACTIONS OF THE ASM 


Fig. 19—-Extent of Shear Tearing Developed at the Temperature 
of Brittle Fracture Refusal for Rolled Mild Steel and Nodular Iron. 
Bulges of approximately 4 to 5 inches developed as the result of high 
energy loading. 


Vol. 46 
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Fig. 20—Results of Prime Plate Bulge Tests of 
Iron 14 by 14-Inch Test Plates (3.43% 
0.01% Phosphorus). 


Low Silicon Ferritized Nodular 
Carbon, 1.90% Silicon, 0.19% Manganese, 


It was observed that following the initiation of failure in the 
prime plate tests the fractures are exactly of the type indicated by 
the crack starter tests. The fractures developed by the —20 to 40 °F 
bulge test of nodular iron are of a brittle type, as expected of this 
material in this temperature range. Similar observations have been 
made for tests of cast and rolled steels. 





FRACTURE PATH IN RELATION TO MICROSTRUCTURE 


The excellent fracture resistance of optimum-quality ferritized 
nodular irons is surprising in view of the known brittleness of high 
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Crack Starter Test of 0.62%C Steel 


A - 0.05%C 1.39%Si 0.26%Mn -Normalized 
B —-0.06%C 2.25%Si 0.29%Mn -Normalized 


Steel-0.62%C 0.40%Si 0.59% Mn - Normalized rt 


Charpy *y" 


TS. YS. %EI.%R.D. 
Drop '; &- 59,000 33,000 36 58 
Weight Steel i B - 64,000 43,000 33 58 
Ductility 0.62%C y Steel-t12,000 50,000 18 22 
Transition a |B 


120° 0.62%C Cast Steel 


10 Ft-Lb 





O 40 80 120 t60 200 240 280 320 360 400 
Temperature °F 





Fig. 21—Evaluation of Pearlitic Cast Steel and High Silicon Ferrite Material. 


silicon ferrites equivalent to the matrix material of nodular iron. 
The small, but significant, beneficial effect of high carbon contents is 
also surprising, since the effect is opposite to the usual trends in steel. 
Heats cast from Armco iron charges with silicon and manganese 
additions were used to determine the properties of the nodular iron 
matrix material in the absence of the carbon nodules. 

Fig. 21 presents Charpy V curves and drop weight test data for 
the high silicon ferrite materials. In the absence of the nodules, the 
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matrix material is demonstrated to be brittle, as indicated by the 
ductility transition temperatures of 90 and 130°F as compared to 
—20/—30 °F for nodular iron of equivalent matrix analysis. The 
Charpy V transition range of the nodule-free material is likewise 
shifted to high temperatures®. 

The only apparent explanation for the anomalous behavior of 
the matrix material in the presence of graphite nodules is suggested 
by the photomicrographs of Fig. 22 which show the terminations of 
brittle cracks in nodule areas, and the apparent tendencies of the 
crack to be directed into nodule regions and then restarted. This 
condition was observed repeatedly in metallographic examination of 
the ends of short cracks developed in the drop weight test at tem- 
peratures slightly above the ductility transition. It is hypothesized 
that the excellent fracture resistance of the irons is due to the diffi- 
culty of fracture propagation entailing continual termination and re- 
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Fig. 22—Illustrating Micro-Features of Brittle Fracture Propagation in Nodular Irons. 


starting in the essentially smooth spherical voids; this factor appar- 
ently counters the inherent brittleness of the high silicon matrix. 
This hypothesis also serves to explain the anomalous improvement 
in notch toughness observed for increased carbon contents, since this 
results in increasing the number of nodules; also, the moderate de- 
crease in fracture resistance observed for the 2 and 4-inch sections 
which had fewer nodules to impede the progress of fracture in com- 
parison with the 1-inch section. 


8It is interesting to note that brittleness of the silicon ferrite material in comparison with 
the nodular iron of equivalent matrix analysis is evidenced only by a shift in the transition 
curve to higher temperatures. Evaluation of the silicon ferrite materials on a basis of 
maximum energy (120 foot-pounds) and tensile ductility (58% R.A.) is misleading, for it 
would lead to the erroneous interpretation of marked improvement over the nodular iron. 
The data relative to the pearlitic cast steel presented in this figure provide further con- 
firmation that the transition range is the significant aspect of the Charpy transition curve, 
as concluded in the previous sections. The performance of the pearlitic (95%) cast steel 
is essentially the same as observed for an 85% pearlitic nodular iron of 2.25% silicon 
content with respect to both the Charpy V transition range and the crack starter test data. 
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SUMMARY AND CONCLUSIONS 


Charpy V transition curves were obtained for a variety of fully 
ferritized and pearlitic nodular irons in order to establish the effects 
of composition and heat treating variables. The significance of the 
Charpy V transition data was investigated by impact and explosion 
tests of castings containing sharp, crack-like notches intended to 
initiate brittle fractures in susceptible materials. Direct comparison 
with the performance of rolled and cast steel in the same tests pro- 
vided a basis for engineering evaluation of this new material. 

The principal conclusions evolved from these investigations are 
as follows: , 

1. Charpy V transition data indicate that fully ferritized material 
is required for optimum notch toughness; also that silicon and phos- 
phorus contents should be held to the lowest practical limits. Normal 
variations of manganese, nickel or copper do not appear to have 
significant effects. 

2. The Charpy V transition ranges of low silicon and phospho- 
rus (lower than normal commercial practice) ferritized nodular irons 
are equivalent to those of average quality cast and rolled mild steels ; 
however, the maximum energy levels developed at the upper shelf of 
the transition curves are markedly lower than those of the steels. 

3. Impact and explosion tests of the various types of nodular 
irons demonstrate the same relative resistance to brittle fracture as 
indicated by Charpy tests. High silicon and phosphorus contents and 
incomplete ferritization are demonstrated to be embrittling factors. 

4. Brittle fractures are developed in the explosion tests only at 
temperatures corresponding to the transition range of the Charpy 
energy curve. Shear fractures are developed at temperatures corre- 
sponding to the upper shelf of the transition curve. This information 
in effect calibrates the significance of Charpy V transition curves for 
nodular iron and demonstrates that the low levels of energy are not 
per se indicative that the material will behave in brittle fashion in 
service. 

5. Impact and explosion tests of castings indicate that fully 
ferritized nodular irons of normal silicon and phosphorus contents 
(2.75% to 3.50% silicon and approximately 0.05% phosphorus) are 
less resistant to brittle fracture than average quality cast and rolled 
mild steels. When the silicon and phosphorus contents are lowered 
to approximately 2.0% and 0.01% respectively, equivalent fracture 
resistance is attained. 

6. The excellent resistance to fracture of nodular irons despite 
the known brittleness of the high silicon ferrite matrix is ascribed 
to the presence of the graphite spherulites. For the same matrix 
composition the material is changed from ductile to highly brittle by 
removing the graphite spherulites. 
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7. Explosion tests of castings free from notch defects show that 
nodular iron is capable of withstanding drastic deformation prior to 
fracture. As in the case of steels, sharp notches are required to 
promote the initiation of brittle fractures at normal service temper- 
atures and for conventional loading conditions which do not entail 
plastic deformation. 
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EFFECT OF CARBON AND BORON ON THE HARDEN- 
ABILITY OF A CASE-CARBURIZED STEEL 


By R. A. GRANGE AND J. B. MITCHELL 


Abstract 


A matched pair of 2% manganese steels, one with 
and one without boron, were carburized and their harden- 
ability measured throughout the case and in the core by 
the end-quench method. The data are analyzed to show 
the quantitative hardenability effect of carbon and of 
boron upon hardenability of the carburized case. 


HE use of constructional alloy steels containing boron offers 

possibilities in the conservation of critical alloying elements 
when properly applied as alternates for higher alloy steels of com- 
parable hardenability. Early work in developing boron steels was 
confined generally to alloy steels containing more than 0.25% carbon, 
commonly known as through-hardening steels. In the effort to con- 
serve critical alloy elements, the use of boron has more recently been 
expanded to include carburizing grades. 

Experience with uncarburized steels has demonstrated that boron 
is most effective in relatively low carbon steels and that its harden- 
ability effect is insignificant above about 0.9% carbon. Consequently, 
it 1s to be expected that a boron steel will have less hardenability in 
the carburized case than does the higher alloy steel it is designed to 
replace on the basis of equivalent core hardenability. Experience has 
shown that, in a general way, this is true, but some uncertainty exists 
as to the magnitude of the effect of boron at high carbon levels in a 
carburized case. The lower case hardenability of carburized boron 
steel relative to that of a carburized higher alloy steel is a matter of 
some concern to users of these steels and, although pertinent data 
have recently been published (1-5)*, additional information relative 
to the effect of boron in a case-carburized steel is desirable. 

In this investigation, the quantitative effect of carbon on the 
hardenability of a pack-carburized 1321 (2% Mn) steel was evalu- 
ated by measurements at different carbon levels in the case by the 
end-quench method. The effect of boron was determined by compar- 
ing these results with those resulting from a similar series of measure- 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. The authors, R. A. Grange 
and J. B. Mitchell, are associated with the Research Laboratory, United States 
Steel Corp., Kearny, N. J. Manuscript received October 3, 1952. 
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ments on an end-quenched specimen from a heat of 13B21 steel which 
matched the 1321 heat closely in base composition and reasonably 
well in austenite grain size throughout case and core. Carbon con- 
tents ranging from that of the core (0.21%) to 1.0% in the outer 
case were investigated. 


MATERIAL AND PREPARATION OF CARBURIZED SPECIMENS 


In selecting a pair of steels, one with and one without boron, 
it was necessary to obtain a pair of heats which, except for boron, 
were almost identical in composition; it was also desirable that the 
grade selected have sufficient core hardenability to permit reliable 
measurement by the end-quench method, yet not such high harden- 
ability that the hardenability in the carburized case would not be 
measurable by this method. Additional desirable characteristics were 
that the heats be of commercial manufacture and comparable in aus- 
tenite grain size throughout case and core after carburizing. These 
requirements made it necessary to test, in a preliminary way, several 
heats before finding a suitable pair. 

The steels finally selected were a heat of AISI 1321 and a match- 
ing heat of 13B21 to which boron had been added in the form of a 
complex ferro-alloy. Their composition and other pertinent data rel- 
ative to manufacture and processing are given in Table I. 

After normalizing each bar sample from 1700°F (925°C), a 
standard 1l-inch diameter end-quench hardenability specimen and a 


Table I 
Nature and Composition of Steels 


: Special Section Location in 
Type Manufacture Deoxidation Addition Tested the Heat 
1321 Open-Hearth 2 lb. per ton of Al None 1% in. dia. Middle of 


middle ingot 
13B21 Open-Hearth 2.6 lb. pertonof Al 4.3 lb. per ton o 1% in. dia. Middle of 


Grainal X79 middle ingot 
~ me —_————-—Composition, % - —-- a 
¢ Mn P S Si Ni Cr Mo Boron 
1321 0.21 2.00 0.016 0.028 0.27 0.03 0.05 0.02 None 
13B21 0.21 2 


.03 0.010 0.023 0.25 0.03 0.04 0.02 0.0015 


cylinder 1 inch in diameter and 5 inches long were prepared from 
each steel. Parallel flat faces were ground to a depth of 0.015 inch 
lengthwise on opposite sides of the end-quench specimens. The end- 
quench specimen and the 1-inch diameter cylinder of each steel were 
carburized simultaneously in solid, commercial carburizing compound 
for 17 hours at 1700 °F (925°C). End-quench specimens thus car- 
burized were then end-quenched in the standard way directly from 
the carburizing container. The two carburized cylinders were left in 
the carburizing container and allowed to furnace cool. Thus, the 
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cylinders were exposed to carburizing conditions for a slightly longer 
period than the end-quenched specimens but, with a cooling rate of 
200 °F per hour, the additional carbon absorbed during furnace cool- 
ing is considered to be inconsequential. 

Successive thin layers were turned from the case of each carbu- 
rized cylinder and analyzed for carbon to establish the carbon gradi- 
ent in the case. The results indicated that carbon distribution was 
essentially the same in the two cylinders and, hence, that the pres- 
ence of boron in one but not in the other had no effect upon the ability 
of the steel to acquire a carburized case. From the carbon gradient 
thus measured the distance below the surface for any desired carbon 
content in the case could be determined. It is assumed, as seems 
logical, because they were carburized simultaneously with the cylin- 
ders and correspond in diameter, that this same carbon distribution 
existed in the end-quenched hardenability specimens ; therefore, hard- 
enability of the case at any carbon level in the range 1.0 to 0.21% 
could be measured on a surface prepared by grinding to a predeter- 
mined depth. 


MEASUREMENT OF HARDENABILITY 


As carburized, the end-quench specimens each had a pair of op- 
posite flat faces ground lengthwise to a depth of 0.015 inch. After 
carburizing and subsequently grinding deeper, a constant carbon con- 
tent will therefore occur over a width of about 0.125 inch along each 
ground face*. According to the measured carbon gradient, removal 
of 0.003 inch from the surface of each carburized flat face resulted in 
a carbon content of 1.0% on the new surface. After polishing, hard- 
ness was measured along each surface using the Vickers tester. A 
load of only 10 kilograms was used to limit the depth of impressions 
and consequent penetration into underlying, lower carbon layers. 

After measuring hardness, each surface was suitably etched and 
the percentage of martensite estimated at each hardness impression. 

Flat surfaces ground successively deeper were tested in this way, 
the surfaces lying at depths corresponding, respectively, to 1.0, 0.9, 
0.8, 0.7, 0.6, 0.5 and 0.4% carbon. Finally, hardenability of the core 
was determined on surfaces ground to a depth of 0.125 inch below 
the original carburized surface. 


HARDENABILITY RESULTS 


Figs. 1 to 8 summarize in a series of charts, each representing a 
particular carbon level, the results obtained. Hardness values for 
corresponding distances from the quenched end were averaged and 
plotted as individual points. Measured diamond pyramid hardness 
numbers were converted to the more familiar Rockwell C scale before 


2Microscopic examination indicated that the case depth under the flat faces of the end- 
quenched specimens was essentially the same as that under the circular surface of the car- 
burized cylinders. 


1954 CARBON AND BORON EFFECT ON HARDENABILITY 449 


1.0% Carbon 


Hardness-Rc 


Rate Bd 
99 9590 80 5010 | 
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Fig. 1—End-Quench Hardenability Test Results at the 1.0% Carbon Level. 
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Fig. 2—End-Quench Hardenability Test Results at the 0.9% Carbon Level. 


plotting on these charts. The change in hardness along each of the 
two end-quench hardenability specimens is indicated by a smooth 
curve. 

Curves begin at 0.1 inch from the quenched end because the 
water-cooled face had been carburized and, hence, at locations very 
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Fig. 3—End-Quench Hardenability Test Results at the 0.8% Carbon Level. 
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Fig. 4—End-Quench Hardenability Test Results at the 0.7% Carbon Level. 


near the quenched end the carbon content was higher than at other 
locations along the bar. In preliminary investigation, the quenched 
face was copper-plated to prevent carburization; when such a speci- 
men was carburized and end-quenched, the case tended to separate 
from the core, and cracks, often visible on the quenched face and 
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Fig. 5—End-Quench Hardenability Test Results at the 0.6% Carbon Level. 
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Fig. 6—End-Quench Hardenability Test Results at the 0.5% Carbon Level. 


extending for an appreciable distance along the bar, prevented reli- 
able hardness measurement. Thus, the practice of preventing car- 
burization of the quenched face was abandoned, and this surface 
allowed to carburize along with the other surfaces of the bar; no 
cracking occurred when this was done. 
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Fig. 7—-End-Quench Hardenability Test Results at the 0.4% Carbon Level. 


1321 


99 80 50 25 
% Martensite 


» 
ORO T iy 0.21 % Carbon 


me (Core) 
“A 1382! 
. | 


Seat 


Hardness-Rc 





O 0.5 1.0 1.5 2.0 2.5 
Distance From Quenched End - inches 


Fig. 8—End-Quench Hardenability Test Results for the Core. 


The average percentage of martensite observed at corresponding 
hardness impressions along the two flats is indicated in Figs. 1 to 8 
by a scale of several arbitrary percentage values. Their location with 
reference to the abscissa indicates the distance from the quenched end 
at which each percentage occurred. 
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The hardness curves demonstrate the large difference in core 
and case hardenability of the same grade of steel with, and without, 
boron. In a general way, the effect of boron upon hardenability is 
revealed, but, because of the nature of the variation in rate of cooling 
with distance along the end-quench bar, direct comparison of these 
curves may be somewhat misleading, at least with regard to quanti- 
tative hardenability effects. 


CORRELATION OF MICROSTRUCTURE AND HARDNESS 


In uncarburized, low alloy steels containing between 0.2 and 
0.8% carbon, hardness and percentage of martensite in the micro- 
structure have been found (6), in some instances, to correlate well 
enough so that the former may be used as a criterion of the latter, 
making actual observation of the microstructure of quenched pieces 
of steel unnecessary. In this investigation, the percentage of mar- 
tensite was determined by direct examination of microstructure at 
carbon levels as high as 1.0%. It is of some interest, therefore, to 
determine how well the hardness and percentage martensite values 
for carburized end-quench hardenability specimens of 1321 and 
13B21 steel correlate, especially at the higher carbon levels. In Fig. 
9, the observed hardness variation with carbon content for 50 and 
90% martensite is shown. The data are represented by a distinctive 
kind of point for each steel. The curve appearing on each chart is 
the correlation, based on uncarburized steels, according to Hodge and 
rehoski (6). 

The data plotted in Fig. 9 do not closely follow the correlation 
curve of Hodge and Orehoski, indicating that for these two steels, 
and very possibly for other carburized steels, hardenability measure- 
ment is more reliable if based upon direct examination of micro- 
structure than upon microstructure estimated from hardness measure- 
ment. The points usually lie above the curve at low and medium 
carbon levels, and values representing the boron steel are usually 
somewhat above those for the plain steel, indicating that ferrite- 
carbide aggregate structures formed on cooling are somewhat harder 
in the boron steel; in agreement with this difference in hardness, the 
end-quenched specimen of the boron steel was observed to have more 
bainite and less ferrite and pearlite than the plain steel at any cor- 
responding percentage of martensite, this difference being especially 
marked at about 50% martensite. With more than 0.8% carbon, a 
considerable percentage of soft retained austenite was present in both 
steels and this presumably caused the hardness to fall below where 
extrapolation of the curves of Fig. 9 might indicate. 

Because of the unsatisfactory correlation between hardness and 
percentage of martensite in these carburized end-quenched specimens 
of 1321 and 13B21 steel, the use of hardness measurements as a basis 
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_ Fig. 9—Correlation of Hardness and Carbon Content 
for Microstructure of 50% or 90% Martensite in End- 
Quenched Specimens. Curves from Hodge and Orehoski (6). 


for measuring the hardenability effect of boron would be somewhat 
misleading, particularly at high carbon levels in the case. In this 
report, therefore, hardenability is based upon direct examination of 
microstructure and the hardness values are of incidental interest. 


ESTIMATION OF IDEAL DIAMETERS 


From Figs. 1 to 8, which present all measurements in graphical 
form, the distance from the quenched end of the end-quenched speci- 
men at which a microstructure containing almost any particular per- 
centage of martensite was observed can be determined for each steel 
at each carbon level investigated. Table II lists for each steel at each 
carbon level the distance, wherever measurement was possible, for 
99, 95, 90, 75, 50, 25, 10 and 5% martensite. As often happens in 
samples of commercial steel, a certain amount of segregation (band- 
ing) was present in the end-quenched specimens and this was be- 
lieved to be responsible for some localized variation in microstructure 
not characteristic of the carburized case as a whole. In order to 


8Less than 50% martensite is not a satisfactory criterion of hardenability in the usual 


sense of the term, and the small percentages were included only to emphasize certain trends 
discussed later. 
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eliminate variation due to segregation, the measured distances for 
each percentage of martensite are plotted as a function of carbon con- 
tent in Fig. 10. A smooth curve is drawn through the set of points 
representing each percentage of martensite. These curves form a 
consistent series with gradually changing shape as the percentage of 
martensite changes, and reveal, as suspected, that an occasional point 
is somewhat above or below the curve to which it, rightfully belongs. 
Failure of such points to lie on the curve is attributed principally to 
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_ Fig. 10—Relationship of Location on the End-Quenched Specimen to Carbon 
Content for Each of Several Percentages of Martensite. 


segregation in the steel; therefore, distance values represented by 
points which do not lie close to their respective curves were corrected 
in accordance with the over-all trend curve. In Table II, these cor- 
rected distance values are shown in parentheses alongside the cor- 
responding measured value. Such corrected values, with few excep- 
tions, result in only a small change in the hardenability index and 
serve to “smooth out” the data without altering over-all trends. 

From the distance values determined by examination of micro- 
structure in end-quenched specimens and corrected in accordance 
with Fig. 10 where advisable, the ideal diameter, D;, was determined 
using a published correlation (7) between D, and distance from the 
quenched end of the end-quenched hardenability specimen. Dy, values 
thus determined are listed in Table IT. 


AUSTENITE GRAIN SIZE 


During examination of successive carbon levels in the carburized 
case of each steel, austenite grain size was determined after suitable 
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Fig. 11—-Austenite Grain Size at Various Carbon Levels in the Case and in the 
Core of Carburized 1321 (Left) and 13B21 (Right). Etched in picral or picral and 


hydrochloric acid. X 100. 
(a)—1321 at 1.0% carbon (b)—13B21 at 1.0% carbon 
(c)—1321 at 0.7% carbon (d)—13B21 at 0.7% carbon 


(e)—1321 at 0.4% carbon (f{)—13B21 at 0.4% carbon 
(g)—1321 in the core (h)—13B21 in the core 








458 TRANSACTIONS OF THE ASM Vol. 46 


polishing and etching. For each steel at representative carbon levels, 
a typical field was photographed and is shown in Fig. 11. In both 
steels, austenite grain size was clearly delineated at higher carbon 
levels, provided a location along the specimen was chosen where 
about 90% of martensite occurred. At this location, the 10% of 
ferrite-carbide aggregate formed a dark-etching network outlining 
austenite grains. In the carburized 1321 steel, this method of de- 
lineating austenite grains was satisfactory at all carbon levels except 
the core where, owing to low carbon, the nonmartensitic transforma- 
tion product was mostly Widmanstatten ferrite. In the carburized 
case of 13B21 steel, ferrite-carbide aggregates had a lesser tendency 
to outline austenite grains as carbon content decreased, and this 
method was unsatisfactory below 0.6% carbon. Therefore, in Fig. 11, 
at 0.4% carbon in the boron steel and for the core of both steels, 
austenite grain size was revealed by etching martensite in picral + 
HCl, the so-called grain size etch of “tempered” martensite’. 

Examination of Fig. 11 reveals that both steels are “fine-grained” 
throughout case and core. Both show a tendency toward smallest 
grains at 1.0% carbon (the outer case) and largest grains in the core, 
with comparatively little variation in grain size between these ex- 
tremes. The boron steel, at each corresponding carbon level, is, how- 
ever, one-half to one grain size number coarser than the plain steel. 

Fortunately, grain size difference throughout case and core of 
each steel is comparatively small, nor is difference in grain size of 
the two steels believed to be sufficiently large to influence harden- 
ability greatly. The limited amount of data available in the literature 
indicates that a difference of one grain size number would have some 
effect upon hardenability, but these data are based upon lower alloy 
steels where the effect measured pertains to “pearlitic hardenability’’. 
[t is well established that grain size difference has a much smaller 
effect upon “bainitic hardenability”, and in the carburized 1321 and 
13B21, especially the latter, bainite rather than pearlite is the type of 
structure which limits hardenability. Moreover, change in grain size 
has an entirely different effect upon hardenability in a boron steel 
than in a plain steel. Thus, any attempt to correct measured harden- 
ability indices for difference in austenite grain size on the basis of 
available data would likely be unreliable. In subsequent comparison 
of hardenability, the small grain size differences illustrated in Fig. 11 
are therefore ignored. 


EFFECT oF CARBON Urpon HARDENABILITY 


Numerous investigations described in the literature indicate that 
in plain carbon steels hardenability increases to a maximum at the 





‘If not drastically quenched, an actual tempering treatment after quenching is often 
unnecessary in medium and low carbon steels; this is presumably because if not cooled too 
rapidly through the temperature range where martensite forms, martensite needles are suffi- 
ciently ‘‘tempered”’ as they cool. 
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eutectoid carbon content and then decreases with further increase in 
carbon into the hypereutectoid range. This behavior has been attrib- 
uted to a nucleating effect of proeutectoid carbide. Thus, although 
well established qualitatively, the effect of carbon in the hypereutectoid 
range, such as is often encountered in carburized cases, upon harden- 
ability above about 0.8% carbon appears not to have been evaluated 
heretofore on a quantitative basis. 

In this investigation of carburized steels, carbon ranged from 
0.21 to 1.0%, and Dy, values listed in Table II may be used, as in 
Fig. 12, to reveal the quantitative effect of up to 1.0% carbon on the 
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Fig. 12—Effect of Carbon on_the Hardenability of Carburized 1321 Steel 
Sased on Each of Three Different Percentages of Martensite. 


hardenability of a carburized 1321 steel. In Fig. 12, the percentage 
increase in hardenability at each carbon level in the case over core 
hardenability is shown on the basis of 90, 50 and 10% martensite. 
Data for these three selected percentages of martensite, rather than 
for all those listed in Table II, were plotted because they adequately 
reveal the trend. 

Regardless of the percentage of martensite used as the criterion, 
hardenability increased with carbon up to 0.8% and then decreased 
with higher carbon, but the quantitative effect of carbon was decid- 
edly different, especially at high carbon levels, depending on the per- 
centage of martensite used as the criterion of hardenability. The 
larger the percentage of martensite, that is, the more complete the 
hardening, the greater was the apparent hardenability effect of car- 
bon ; below about 0.5% carbon, however, this tendency was compara- 
tively insignificant. Several investigators (6, 8, 9) have published 
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charts from which the effect of carbon content in the range 0.2 to 
0.8% upon hardenability can be estimated. It is of interest to apply 
these data to the present carburized 1321 steel to see how well they 
agree with our results. In Fig. 13, a series of curves based upon 
published charts of D; values versus carbon content of iron-carbon 
alloys having an austenite grain size of 7 to 8 are shown for compari- 
son with our curves for the hardenability of carburized 1321 steel on 
the basis of 50 and 90% martensite. Hodge and Orehoski show data 
for 99.9, 95, and 50% martensite; the other two investigators for the 
50% martensite basis only. In agreement with our results, the Hodge 
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__Fig. 13—-Comparison of the Hardenability Effect of Carbon in Carburized 1321 
With Data of Others. 


and Orehoski data, when plotted as in Fig. 13, reveal a larger harden- 
ability effect of carbon when 99.9 or 95% martensite is the criterion 
of hardenability than when 50% martensite was used; their curves 
also diverge, as do ours, with increasing carbon. On the basis of 50% 
martensite, four determinations of the hardenability effect of carbon 
in the range 0.2 to 0.8% are shown; these differ among themselves, 
with our data being more or less centrally located on the chart. 
The observation that carbon had a greater hardenability effect 
when a large percentage of martensite was used as the criterion of 
hardenability is an indication that increasing the carbon content of a 
particular type of steel must retard the beginning of transformation 
of austenite to ferrite and pearlite more than it retards the ending. 
That this is generally true is revealed by comparing isothermal trans- 
formation diagrams for the same type of steel with low and high car- 
bon contents. For example, in Fig. 14, the beginning and ending lines 
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Fig. 14—Partial Isothermal Transformation Diagrams for Carburized 
1321 Steel Containing 0.4 and 0.8% Carbon. 


of isothermal transformation diagrams determined previously (13) 
for carburized 1321 steel are shown for the 0.4 and 0.8% carbon lev- 
els. The beginning line for 0.4% carbon lies well to the left of that 
for 0.8% carbon and yet, in conformity with the way in which the 
hardenability effect of carbon was found to decrease with smaller per- 
centage of martensite as the hardenability criterion, more time is 
required for completion of transformation to pearlite at the lower 
carbon level. 


EFFECT OF BorRoN Upon HARDENABILITY 


From Dy, values given in Table II, the percentage increase in 
hardenability due to boron may be calculated on the basis of each of 
the several percentages of martensite. Values thus calculated are 


plotted as a function of carbon content in Fig. 15, and a smooth 
curve drawn through each set of points represents the effect of boron 
on the basis of each indicated percentage of martensite used as the 
criterion of hardenability. 

In hypereutectoid composition, boron seemingly had no effect, a 
small positive effect, or even a small negative effect, depending upon 
the percentage martensite used as a criterion and upon the exact car- 
bon level. Thus, on the basis of 90% martensite, boron increased 
hardenability at all carbon levels with the effect diminishing to a small 
and relatively insignificant magnitude at 1.0% carbon. On the basis 
of 75% martensite or less, the curves reveal no effect of boron in the 
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Note:-Number on Each Curve 
Designates the Percentage 
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200 Criterion of Hardenability 
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Fig. 15—Effect of Boron on the Hardenability of Case-Carburized 13B21 Steel. 


vicinity of 0.9% carbon but a small increase at 1.0% carbon®. Dis- 
regarding the small differences which exist in the curves above 0.9% 
carbon, it appears that, for all practical purposes, boron may be re- 
garded as having contributed little, if anything, to the hardenability 
of the hypereutectoid® zone of the carburized case. 

The effect of boron upon transformation of austenite as it occurs 
under isothermal conditions is shown in published I-T diagrams (10) 
which compare a pair of steels of similar composition with and without 
boron. Such diagrams usually indicate a much greater effect of boron 
in retarding the beginning of transformation to ferrite and pearlite 
than in retarding the ending. Practical experience has also demon- 
strated that boron steels are usually less difficult to anneal than a 
higher alloy, boron-free steel of equivalent hardenability. In Fig. 16 
(upper chart), isothermal reaction curves at 1000°F (540°C) are 
shown for a 1340 and a 13B40 steel; the 1000 °F temperature level is 
approximately that of the “nose” of the isothermal transformation 
diagram of these two steels, and these reaction curves are therefore 
significant with respect to hardenability. In the lower chart of Fig. 16, 
the effect of boron upon the progress of transformation at 1000 °F 


5The negative hardenability effect of boron indicated by several curves at 0.9% carbon, 
as well as small differences at 1.0% carbon, is of doubtful significance; these effects are pre- 
sented and discussed here principally to emphasize the difficulty of reliably measuring the 
precise effect of boron at high carbon levels where its effect, if any, is smail and seemingly 
varies with the percentage of martensite used as the criterion of hardenability. 

®As used in this instance, the hypereutectoid zone includes only the outer portion of the 


case which, when cooled slowly, will contain a proeutectoid carbide network; in carburized 
13B21 this requires a carbon content of about 0.9%. 
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Fig. 16—Effect of Boron Upen Transformation of Austenite 
at 1000 °F in 13B40 Steel. 


(540 °C) is shown in a plot of the ratio, “time for any particular per- 
centage of transformation in the 13B40 steel divided by the time for 
the corresponding percentage of transformation in the 1340 steel’, as 
a function of the percentage transformed. The effect of boron de- 
creased with increasing percentage of transformation, thus indicating 
that boron had a greater retarding effect during the early stages of 
transformation than during later stages. The shape of this curve 
correlates nicely with the variation, with the different percentage of 
martensite criteria, in the hardenability effect of boron as shown in 
Fig. 15, 

The effect of boron upon hardenability, expressed as a multi- 
plying factor (1 plus the hardenability increase shown in Fig. 15), is 
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compared in Fig. 17 with other such data in the literature (11, 12) 
and with the result of an earlier, independent investigation at this 
Laboratory (13). The individual curves are considerably different, 
but all indicate that boron has, at best, only a small hardenability ef- 
fect above 0.9% carbon. The line of Rahrer and Armstrong (11) 
represents the average boron effect, on the basis of 50% martensite, 
in a large number of uncarburized steels; our data for 50% mar- 
tensite, although for the most part above their line, were within the 
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Fig. 17—-Comparison of the Hardenability Effect of Boron as 
Determined in This Investigation With the Data of Others. 


scatter band of their data. Rahrer and Armstrong, however, con- 
clude that the hardenability effect of boron was very nearly the same 
whether 50 or 90% martensite was used as the hardenability criterion, 
whereas Crafts and Lamont (12) and our data indicate a greater 
boron factor the higher the percentage martensite used as the cri- 
terion. 

In an earlier investigation at this Laboratory (13), a boron 
hardenability factor in the basis of 99.9% martensite was determined 
for a different pair of carburized 1321 and 13B21 steels. Although, 
in these, composition and grain size were not as well matched as in 
the pair used in the present investigation and the experimental tech- 
nique was somewhat different, the older data agree well with the 
newer data. 

In Fig. 17, the boron hardenability factor measured for carburized 
steel plots as a curved line, whereas that based on uncarburized steels 
is a straight line or band. This difference is no doubt in large part 
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due to the fact that the latter is based upon an average effect in many 
different steels; however, the possibility exists that the variation in 
the boron factor with carbon content represented by the curved lines 
of Fig. 17 is characteristic of carburized steels, and a straight-line 
relationship characteristic of homogeneous steels. If so, it may be 
that the distribution of grain sizes usually developed in a carburized 
case (smaller grains at the high carbon outer case than in the core) 
combined with the probability that a difference in grain size has a 
much greater influence in hardenability of a plain steel than of a boron 
steel accounts for the curvature of the lines based on carburized steel 


in Fig. 17. 


HARDENABILITY OF THE CASE OF CARBURIZED 1321 CoMPARED 
To THAT OF CARBURIZED 13B21 


Hardenability varies at different carbon levels in the carburized 
case of a boron-free steel because of the effect of carbon upon harden- 
ability ; it varies in a carburized boron steel because of the combined 
direct effect of carbon upon hardenability and the indirect influence 
of carbon in affecting the hardenability contributed by boron. The 
hardenability effect of both carbon and boron was found to be dif- 
ferent with different percentages of martensite used as the criteria 
of hardenability. Therefore, the pattern of hardenability variation 
through a carburized case of either a plain or a boron steel, especially 
the latter, depends to some extent upon the hardenability criterion. 
In the past it has been common practice to use 50% martensite as 
the criterion of hardenability because measurements are usually easier 
to make on this basis. However, a hardened steel containing only 
50% martensite is not satisfactory for many applications and the use 
of 50% martensite as the hardenability criterion is justified only if 
carbon and alloying elements can be shown to have essentially the 
same hardenability effect on the 50% basis as when a higher percent- 
age of martensite serves as the criterion. This was not true in car- 
burized 1321 and 13B21 and, presumably, will not be true in other 
carburized steels. Commercial experience has shown that, even in 
highly stressed parts, a hardened structure need not contain 100% 
martensite but, rather, that 80 to 90% martensite is adequate (14). 
It is desirable to choose a definite percentage of martensite as the 
criterion of hardenability in order to facilitate subsequent comparisons 
and, for the reason given, the 90% martensite criterion is used here- 
after, although the data permit the use of numerous other criteria, and 
charts similar to those presented might be constructed on these other 
bases. 

In Fig. 18, Dy values for each steel on the basis of 90% mar- 
tensite are plotted as a function of the carbon level in the carburized 
case. These curves show that, although the boron steel has relatively 
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much greater core hardenability, its hardenability is only slightly 
greater in the outer case. At 1.0% carbon, the hardenability of the 
boron steel is somewhat lower than that of its core, whereas case 
hardenability of the plain steel at this carbon level is much higher 
than in the core. The trend at high carbon levels suggests that hard- 
enability would continue to decrease at carbon levels above 1.0%; 
this demonstrates the disadvantage from the standpoint of harden- 
ability in carburizing to very high carbon levels, especially when using 














Hardenability Index, D;- inches 














0.21 0.4 0.6 0.8 1.0 
(Core) 
eae Carbon Content of Carburized Case -% 


Fig. 18—Variation in Hardenability Throughout the 
Case of Carburized 1321 and 13B21 Steel. 


a boron steel. The curve for carburized 1321 attains maximum hard- 
enability at 0.8% carbon as compared to a maximum at 0.6% carbon 
in boron steel. Assuming these data for carburized 1321 and 13B21 
are reasonably representative of other carburized grades, it is obvi- 
ously not possible to match a boron steel and plain steel with respect 
to hardenability throughout both case and core; for the same core 
hardenability, case hardenability is sacrificed when a boron steel 
is used. 


COMPARISON OF MICROSTRUCTURE AND HARDNESS OF THE 
CARBURIZED CASE AT CORRESPONDING COOLING RATE 


The effect of boron on hardenability of the carburized case is well 
illustrated by comparison of the two hardenability specimens at a 
corresponding distance from the quenched end. At a distance such 
as 1.0 inch, the cooling rate is essentially the same throughout the 
case, and difference in hardenability is shown by the amount of light- 
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etching martensite in the microstructure. Fig. 19 was prepared by 
sectioning each end-quenched specimen transversely to the length of 
the bar at a location 1 inch from the quenched end and polishing the 
cross section after plating the surface with nickel to preserve the edge. 
The micrographs show the structure from the carburized surface at 
the left to the 0.6% carbon level and demonstrate the diminishing 
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Fig. 19—Microstructure in the Carburized Case of 1321 (Upper Micrograph) 
and 13B21 (Lower Micrograph) at 1.0 Inch From the Quenched End of the 
Hardenability Specimen. Picral etch. x 100. 


effectiveness of boron at the higher carbon levels. Thus, both steels 
have a dark-etching surface layer indicative of an unhardened con- 
dition in the vicinity of 1.0% carbon. At 0.9% carbon and below, 
the boron steel contains more martensite and therefore has the greater 
hardenability. 

Hardness and microstructure throughout the case and in the core 
at the 1.0-inch location are illustrated graphically in Fig. 20. At this 
particular cooling rate, the 13B21 contained more martensite and was 
harder throughout case and core than the 1321 steel. Nevertheless, 
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the two are not appreciably different at 1.0% carbon. The 1321 steel 
was hardest and contained the most martensite at 0.8 to 0.9% carbon 
as compared to 13B21 which had a maximum in the hardness and 
percentage martensite curves at only 0.6% carbon. This chart, as 
well as the micrographs of Fig. 19, graphically illustrates the advan- 
tage from the standpoint of hardenability of limiting maximum carbon 
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Fig. 20—Hardness and Microstructure of Case- 
Carburized_ 1321 and _ 13B21 at 1.0 Inch From the 
Quenched End of the Hardenability Specimen. 


content in the case to less than 0.9% when a boron steel, such as 
13B21, is used. 


ESTIMATION OF THE CASE HARDENABILITY 


The effect of carbon and common alloying elements upon harden- 
ability has been evaluated and, by means of multiplying factors, hard- 
enability can often be calculated from chemical composition (7). 
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Although not always quantitatively accurate, this concept has proved 
to be of great value. Thus far, calculation of hardenability on the 
basis of composition has apparently been limited to uncarburized 
steels containing less than 0.8% carbon. This is because uncarbu- 
rized steels containing more than 0.8% carbon are rarely austenitized 
to dissolve all the carbon and alloying elements present in the steel. 
Before the advent of carburizing grades containing boron, there ap- 
pears to have been comparatively little need for calculating, or of 
measuring, case hardenability, because in boron-free steels the case 
hardenability is much higher than the core hardenability and, if the 
latter were adequate for a given application, the case hardenability 
was usually satisfactory. When carburizing grades containing boron 
are used, case hardenability becomes a much greater problem. Actual 
measurement of case hardenability is difficult, and it is therefore of 
some interest to consider methods of estimating case hardenability, 
knowing the core hardenability either by measurement or by calcu- 
lation. Such a method, even if not highly accurate, should prove of 
value in providing a qualitative, if not a precise quantitative, concept 
of the variation in hardenability throughout the carburized case of any 
grade of steel. 

Data obtained in this investigation reveal the quantitative effect 
of carbon and boron on hardenability of these 2% manganese steels 
and may be adapted to permit calculation of their case hardenability. 
If applied to other steels, the following approximations must be made: 
(a) that the effect of carbon and boron is independent of alloy content 
or, conversely, that the hardenability factor for the common alloying 
elements is the same at high carbon levels and in the presence of boron 
as has been measured in medium carbon steels; and (b) that in steels 
which are fine-grained (5 to 8 ASTM) throughout the case after 
carburizing, the influence of variation in grain size on hardenability 
may be neglected. These approximations certainly do not warrant 
expectation of very great accuracy in the result of any attempt to 
calculate case hardenability for other grades of steel; nevertheless, it 
seems possible to provide a useful concept of variation in harden- 
ability throughout any carburized case on the basis of which, as more 
data become available, might be developed more reliable hardenability 


tactors. 


For reasons previously discussed, a quenched microstructure 
containing 90% martensite is chosen as the criterion of hardenability 
in estimating case hardenability; if some other percentage of mar- 
tensite had been chosen, the results would be somewhat different be- 
cause the hardenability factor for both carbon and boron was, as we 
have Seen, different for different percentages of martensite. In Figs. 
21 and 22, charts based on data in Table II are shown. Fig. 21 
indicates quantitatively the increase in hardenability as carbon in- 
creases, and Fig. 22 shows the hardenability factor for boron as a 
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Fig. 21—-Hardenability Effect of Carbon 
in Carburized Steel; 90% Martensite Basis. 
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Fig. 22—-Hardenability Effect of Boron in 
Carburized Steel; 90% Martensite Basis. 


function of carbon content. Both curves begin at O% carbon 
although, of course, no commercial carburizing grade of steel contains 
so little carbon, most having a carbon content in the range 0.08 to 
0.25%. The reason for extrapolating the data and beginning the 
curves at zero carbon is to make the charts applicable to any steel 
and to emphasize the necessity of correcting for carbon in the core 
in applying the factors. These factors for carbon and boron, as well 
as the hardenability effect of alloying elements, apply only to a car- 
burized case which contains no undissolved carbides; this condition 
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will ordinarily result in carburized parts quenched directly from the 
carburizing furnace but not necessarily in those which are cooled and 
subsequently reheated for final hardening. 

The use of Figs. 21 and 22 for estimating case hardenability will 
be illustrated by applying them to the carburized 1321 and 13B21. 
Ordinarily, the core hardenability will have been measured, as in the 
present example, but, lacking measurement, it might be calculated 
from its chemical composition according to the method described in 
the literature (7). In any event, core hardenability may be expressed 
as a D; value. For the 1321 steel chosen as an example, D, of the 
core on the basis of 90% martensite was 1.1 inches (Table II). 
This value is shown in Fig. 23a as a horizontal dash-line. The area 
below this line is labeled “core hardenability” and represents the 
hardenability contribution throughout the case of the carbon and 
alloying elements in the core. Hardenability increases with the car- 
bon level in the case and Fig. 21 is used to estimate this increase at 
each of a sufficient number of carbon levels to permit construction 
of a curve representing over-all hardenability of the case. In the 
example chosen, the core contains 0.21% carbon which, according to 
Fig. 21, would increase hardenability over that of a hypothetical, 
carbon-free, iron alloy containing the alloying elements in the steel 
by 36%. At the 0.4% level, carbon would increase hardenability 
by 82%, according to Fig. 21. The net increase at the 0.4% carbon 
level over that of the core (0.21% carbon) is therefore 82% minus 
36%, or 46%. Consequently, the D,; value at 04% is 11+ 
0.46 & 1.1, or 1.6 inches. This value is plotted accordingly in Fig. 
23a. The same procedure is followed for other carbon levels, and 
a curve (the middle curve of Fig. 23a) drawn through the points 
represents the over-all hardenability of the carburized case of 1321 
steel. The zone labeled “hardenability increase due to carbon” repre- 
sents the contribution of carbon to case hardenability. 

In a boron steel, carburized 13B21 for example, case harden- 
ability may be calculated with the aid of Fig. 22. Its over-all case 
hardenability will be the summation of the contribution of the carbon 
and alloying elements other than boron in the core, plus the contri- 
bution of additional carbon in the case, plus the contribution of boron 
which becomes less with increasing carbon. Over-all hardenability 
is therefore determined for each of a series of carbon levels by multi- 
plying Dy, values for carburized 1321 (the middle curve of Fig. 23a) by 
the boron factor taken from Fig. 22. When these over-all D,; values 
are plotted, the upper curve of Fig. 23a results and the zone labeled 
“hardenability increase due to boron” represents the contribution of 
boron to the hardenability of the carburized case of 13B21. This 
contribution is relatively greatest in the core and becomes very small 
at the highest carbon level in the case. The estimated curves of Fig. 
23a agree closely with those based on actual measurements (Fig. 18), 
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as is to be expected, because these data were used in determining the 
hardenability effect of both carbon and boron. Just how well such 
estimation may agree with case hardenability measurements for other 
steels must remain in doubt until measurements now underway have 
been made and compared with estimated hardenability; such close 
agreement as was obtained here cannot, of course, be expected in view 
of the approximations made in this estimation method. 

In applying the method to a different boron steel whose core 
hardenability has been measured, the measured Dy, value is first cor- 
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rected for boron content in accordance with Fig. 22 to give the D, 
value of the composition without boron; the procedure described 
above is followed thereafter. If no measurement of core harden- 
ability has been made, a D, value for the same composition without 
boron may be calculated by a method described in the literature (7). 

It is of interest to estimate by this method the case hardenability 
of a hypothetical boron-free steel whose core hardenability is identical 
to that of the 13B21 steel. Such a steel would, of course, have higher 
alloy content than 13B21, to compensate for the hardenability effect 
of boron on the core. The core hardenability of 13B21 on the basis 
of 90% martensite is expressed by a D, value of 3.4 inches (Table II), 
and this is shown by the horizontal dash-line in Fig. 23b. The effect 
of carbon, computed with the aid of Fig. 21, is then added and the 
upper curve of Fig. 19 drawn to indicate the over-all case harden- 
ability of a higher alloy steel without boron, having the same core 
hardenability as 13B21. The difference between case hardenability 
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in these two steels is indicated by comparing the upper curves of 
Figs. 23a and 23b. Up to about 0.4% carbon, the case hardenabilities 
of the two are not appreciably different, but at higher carbon levels 
the boron steel has much the lower hardenability. At 1.0% carbon, 
the boron steel has only about one-third the hardenability, on the basis 
of relative D; values, of the plain steel. The large sacrifice in case 
hardenability when a boron steel is substituted, on the basis of equiv- 
alent core hardenability for a higher alloy steel, is thus graphically 
illustrated. Assuming that these charts afford a reasonably reliable 
comparison of case hardenability for a boron steel versus a boron- 
free, higher alloy steel of comparable core hardenability, the limita- 
tions of carburizing grades containing boron are such that an under- 
standing of the effect of boron upon hardenability of carburized steels 
is necessary if boron steels are to be used to greatest advantage. 


SUM MARY 


The effect of carbon and of boron upon the hardenability of 
carburized steel was measured by examining the microstructure at 
selected carbon levels throughout the case and in the core of case- 
carburized, end-quenched hardenability specimens of a matched pair 
of 2% manganese steels, one with and one without boron. 

In the plain steel, hardenability increased as carbon increased to 
0.8% and then decreased with higher carbon. The quantitative hard- 
enability effect of carbon was greater the larger the percentage of 
martensite selected as the criterion of hardenability. 

Comparison of results for the boron steel with those obtained 
at the corresponding carbon level in the plain steel indicated that the 
hardenability effect of boron was greatest in the core and diminished 
with increasing carbon throughout the case. Maximum hardenability 
occurred at 0.6% carbon in the boron steel; with higher carbon, the 
hardenability effect of boron decreased rapidly and was insignificant 
above 0.9%. At 1.0% carbon, case hardenability of the boron steel 
was somewhat less than its core hardenability. The quantitative hard- 
enability effect of boron at each carbon level varied with the percent- 
age of martensite selected as the criterion of hardenability ; the larger 
the percentage of martensite, the greater was the apparent harden- 
ability effect of boron. 

The data, based entirely upon the two carburized 2% manganese 
steels, were used to calculate case hardenability. In this method the 
core hardenability is multiplied by a factor for carbon and, if a boron 
steel, by a factor for boron at each of a series of carbon levels in a 
carburized case. .This method, applied to a high-alloy, boron-free 
steel with core hardenability equivalent to a 13B21 steel, indicates 
that such a steel would have much greater case hardenability than did 
carburized 13B21. In fact, it does not seem possible to match a boron 
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steel with a higher alloy steel in respect to both case and core harden- 
ability; if the core hardenabilities are equivalent, the case harden- 
ability will be lower in the boron steel. 
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DISCUSSION 


Written Discussion: By R. D. Chapman and S. G. Roberts, Chrysler 
Corp., Engineering Division, Detroit. 


The authors are to be congratulated on presenting these data on 
boron-treated steels. With the present-day alloy situation in the condition 
that it is, their work is most welcome to facilitate the substitution of 
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boron-treated steels for higher alloy steels. This is especially true for 


the carburizing grade of steel where more knowledge has definitely been 
needed. 

Certain points, however, have arisen from reading the paper which 
should be discussed. In Fig. 9 the authors show a relationship between 
hardness, carbon content, and 90% martensite in the case of carburized 
end-quench specimens. In Fig. 24 we have made a similar plot of some 
results obtained in this laboratory on carburized end-quench bars of both 
boron and nonboron steels. Each point on our curve was determined by 
taking the Rockwell 15N hardness at the point at which 90% martensite 
was found metallographically. The Rockwell 15N readings were converted 
to Rockwell C by the use of published tables. The round dots correspond 
to boron-treated steels, whereas the triangular points are the values for 
nonboron-treated steels. The dashed line represents what we consider a 
mean value for these points. It will be noted that it is above the curve of 
Hodge and Orehoski by about the same amount that the authors have 
shown in their figure. These data were taken from 10 different steels and 
it does not appear from our data that the boron steel hardnesses lie above 
those of the nonboron steels. To us it appears that perhaps the curve of 
Hodge and Orehoski is low for carburized steels, since only 3 points fall 
below Hodge and Orehoski’s curve. Perhaps other factors such as com- 
pressive stresses affect the slightly higher hardness values of the carbu- 
rized steel as compared to noncarburized steel of the same carbon content. 

We would like to emphasize Fig. 23 which very definitely points out 
the importance of determining the hardenability of carburized end- 
quenched bars when substituting carburizing steels. It will be noted in 
this figure that at 0.21% carbon the hardenabilities are comparable; how- 
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ever, at around 0.8% carbon a considerable loss in hardenability has been 
experienced in the boron-treated steel as compared to the nonboron steel. 
It has been our experience that, in general, boron and boron-free steel of 
the same core hardenability will conform to these figures when carburized. 
We have also noted that identical core hardenability in nonboron. steels 
will not necessarily result in equivalent case hardenabilities. 

Another point that should be emphasized is the effect of keeping the 
carbon low in the surface of a carburized boron steel. As can be seen 
from the figures in this paper, the hardenability of the case is consider- 
ably greater for 0.80% than for 1.00% carbon. Although the authors show 
a peak of hardenability increase in their boron-treated steel at 0.6% car- 
bon, it has been our experience that this maximum can shift considerably 
from this carbon value. For example, a 94B17 steel which we studied has 
shown the maximum increase of hardenability based on 90% martensite 
occurring at 0.9% carbon. In 7 steels that we have investigated, none 
show a maximum hardenability increase at a carbon content as low as 
0.6% but rather seem to peak between 0.70 and 0.90%. 

The discrepancies that can exist in the extrapolation of the curve in 
Fig. 12 should be pointed out. We have attempted this procedure for 
several boron-treated steels and at 0% carbon considerable range was found 
in the extrapolated value of percentage increase in D;. This was also 
found to be true for nonboron steels. The spread in this range was a 
result of different slopes in the carbon versus per cent increase in D; curves 
for the various steels tested. This would indicate that between different 
steels carbon appears to have a variable effect on hardenability. Thus, in 
the 94B17 steel our data seem to indicate the carbon influence in the car- 
burized case is different than, for example, 41B18. This variation of the 
influence of carbon on hardenability has been found to be true of both 
boron and nonboron steels. 

Concerning Fig. 21, we should like to ask the authors the advisability 
of adding the per cent hardenability increase from 0 to 0.2% carbon to the 
percentage hardenability increase; for example, from 0.2 to 0.5% carbon 
to obtain the total percentage hardenability increase between 0 and 0.5% 
carbon. If, instead, one were to calculate the hypothetical D; at 0% car- 
bon from Fig. 12 and then calculate the per cent increase in D; at 0.50% 
carbon, a point of higher value would be obtained than is plotted in Fig. 21. 
If this latter method were used, the resulting curve would be considerably 
above that of the authors, and in view of the axis designations used in 
Fig. 21 would appear to be the correct plot of the data. 

Written Discussion: By D. H. Ruhnke, chief metallurgist, Central 
Alloy District, Republic Steel Corp., Massillon, Ohio. 

The authors are to be congratulated for conducting a very thorough 
investigation of the effect of boron upon the end-quench hardenability of 
carburized 1321 steel. 

It might be of interest to compare briefly their results with those 
obtained in a similar study recently completed in the writer’s laboratory. 
The test conditions were practically the same, but the subject of study 
was a heat of low, triple-alloy 8117 steel containing 0.19% carbon, 0.82% 
manganese, 0.40% chromium, 0.27% nickel and 0.10% molybdenum, one 
of the ingots of which was treated in the mold with sufficient addition of 
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Fig. 26—-Hardenability Chart Showing the Effect of Boron at the 
0.5% Carbon Level. 


Grainal No. 79 to give 0.0011% boron. As shown in Fig. 25, the effect of 
boron at the 1.0% carbon level in this steel is likewise relatively slight. 
In this instance, however, there is no evidence of the decreased case hard- 
enability which was observed by the authors as well as by some other 
investigators. This difference could be attributed probably to the lower 
austenite-retaining propensity of the 8117 steel. 

Fig. 26, depicting the hardenability at the 0.5% C level, is essentially 
similar to the authors’ corresponding diagram except that the hardenabil- 
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ity of both the boron-treated and the base analysis steel is somewhat lower. 

In preparing steel for such study of the effect of a modifying agent, 
we prefer, when possible, to treat one of the ingots of the selected heat 
with the predetermined mold addition of the required agent, while the 
remainder of the heat is finished according to the standard practice. We 
believe that under these conditions a better similarity between the intrinsic 
properties of the steels involved could be obtained. Selection of “matched” 
heats involves a certain risk of introducing a disparity between some of 
the properties of the respective steels because of a well-known fact that 
steels of identical chemical analysis and grain size do not necessarily have 
always exactly the same hardenability. 

Written Discussion: By F. F. Vaughn, assistant chief metallurgist, 
Caterpillar Tractor Co., Peoria, Ill. 

As pointed out by some of the earlier work which we contributed to 
the SAE Division VIII on the subject of the hardness of the case of car- 
burized boron-treated alloy steel for gears, the expected hardness at the 
surface was surprisingly lower than for the equivalent hardenability in 
steels previously used without boron. 

Fortunately, our laboratory investigational work indicated that this 
deficiency in hardness was related to carbon content, and in cognizance of 
this, the carburizing process for production parts must be modified to main- 
tain a carbon content in an effective range to compensate for this phenom- 
enon. If this practice were not adopted, it is readily conceivable that a 
high carbon case, which after quenching would result in a progressive in- 
crease in hardness for some distance below the case, with a corresponding 
difference in microstructure, could produce most unfavorable stresses which 
might lead to premature failure in service. 

The authors are to be commended for the excellent manner in which 
their paper points out to the many users of the carburizing grades of boron 
steel the reasons for, and the necessity for closer control of carbon con- 
centration in the carburized case of parts made from this type of material, 
as compared to a previous practice which may have been satisfactory for 
the conventional-type alloy steels. 


Authors’ Reply 


We are pleased to have received such pertinent discussion from those 
who have had extensive experience in using and testing boron carburizing 
steels. It is evident that their data agree with ours in demonstrating that, 
compared to a higher alloy steel of comparable core hardenability, a boron 
steel has relatively lower case hardenability and that careful control of 
maximum carbon in the carburized case is essential for consistent results 
in parts made of boron steel. 

Perhaps the most significant point raised by these discussions con- 
cerns the extent of hardenability decrease at high carbon levels. In our 
investigation, hardenability was maximum at 0.8% carbon in carburized 
1321, and at only 0.6% carbon in carburized 18B21. That this is not typi- 
cal of many other grades of carburized steel is pointed out by Messrs. 
Chapman and Roberts and by Mr. Ruhnke. Data of others published pre- 
viously suggest the same thing and, for this reason, we have recently 
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measured hardenability variation throughout the carburized case in several 
other grades of steel. 

Results obtained for a carburized 94B17 steel are shown in Fig. 27. 
Measured values are represented by the points and solid-line curve. Using 
the method proposed in the paper for estimating variation in hardenability 
throughout a carburized case, the dash-line curve was obtained. Compari- 
son of the two curves shows that calculated values agree reasonably well 
with measured values up to about 0.7% carbon, but that at higher carbon 
levels calculated values are very much lower. Furthermore, according to 
estimation based on the carbon effect observed in 1321, case hardenability 
was a maximum at about 0.6% carbon, whereas measurement gives 0.8% 
carbon for the carburized 94B17 steel. The most likely cause of this dis- 
crepancy was believed to be due to variation in the hardenability effect 
of carbon at high carbon levels in accordance with the alloy content of 
each particular grade of steel. 

This possibility was investigated by measuring the case hardenability 
of a plain carbon steel containing 0.9% manganese. The resulting data are 
shown in the left chart of Fig. 28 with data from the paper for the 2% 
manganese steel. Together they form a manganese series and indicate 
that the hardenability effect of carbon varies appreciably with the manga- 
nese content. The two curves are displaced vertically because manganese 
increased hardenability at all carbon levels. The significant difference is in 
the shape of the curves. With 2% manganese, hardenability is highest at 
0.8% carbon and hardenability decreases markedly with higher carbon; 
with 0.9% manganese, hardenability is highest at about 1% carbon and 
there was a relatively small decrease with higher carbon. 

Because boron has so often replaced nickel in carburizing steels, it 
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’ Fig. 28—Variation in Case Hardenability With Carbon Content in a Manganese 
Series (Left) and in a Nickel Series of Steels (Right). 


is of interest to consider variation in hardenability with carbon content 
for a series of nickel steels. Hardenability throughout the case of each of 
three steels containing 1, 2 or 4% nickel was measured and the results 
summarized in the right chart of Fig. 28. In the nickel series, unlike the 
manganese series, maximum hardenability occurred at a higher carbon 
content the higher the nickel content. Apparently nickel has a greater 
hardenability effect at high than at intermediate or low carbon levels; 
this is the reverse of the effect observed for manganese. 

These results are in accord with the Chapman and Roberts observation 
that carbon appeared to have a variable effect on hardenability in differ- 
ent grades of steel, and they may also account for the difference between 
Ruhnke’s results for a carburized 8117 steel and ours for 2% manganese 
steel. Published data relative to the case hardenability of carburized boron 
steels may indicate either a marked drop in hardenability above about 
0.8% carbon or a continued small increase in hardenability somewhat above 
this carbon level. It would appear that this apparent discrepancy is due 
to a different effect of carbon on hardenability in different alloy steels 
rather than to variation in the effect of boron on hardenability at the same 
carbon level in different alloy steels. It should be emphasized that this 
discussion refers to a carburized case in which carbides are completely dis- 
solved and the carbon level referred to is the carbon content of austenite 
prior to quenching. In the hypereutectoid range, hardenability is probably 
associated with the kinetics of transformation to. proeutectoid carbide and, 
for a particular carbon content, this varies with the amount and kind of 
alloying elements present. Therefore, in order to calculate case harden- 
ability accurately, it would be necessary to know the hardenability effect 
of carbon in the presence of different amounts of each of the common 
alloying elements. The data given in the paper showing the hardenability 





1954 DISCUSSION—HARDENABILITY EFFECT OF BORON 481 


Pack Carburized 
For |7 Hours at |7OO0°F 





O 0.02 0.04 0.06 0.08 
Distance Below Carburized Surface - inches 


Fig. 29—Carbon Distribution Curves for Carburized 1-Inch Diameter Bars. 
Carbon content before carburizing was 0.6%. 


effect of carbon were based on 2% manganese steel and do not apply 
accurately to plain carbon or other alloy steels. 

In determining the hardenability effect of carbon in the nickel steels, 
the carbon gradient developed by case carburizing each steel under the 
same conditions was measured. As shown in Fig. 29, the maximum carbon 
content in the case was lower the higher the nickel content of the steel. 
This effect of nickel was reported many years ago by Houdremont and 
Schrader’ and is of interest in connection with boron steels because of the 
desirability of limiting the maximum carbon content in the case, as pointed 
out in Mr. Vaughn’s discussion. 

Chapman and Roberts, in agreement with our results, find that the 
hardness of the 90% martensite structure at each different carbon level 
in a carburized case was higher than indicated by the correlation curve 
of Hodge and Orehoski (6). They suggest that possibly residual com- 
pressive stress in the carburized case may at least partly explain this dif- 
ference; we agree that this may be a factor, especially at the higher car- 
bon levels near the suface, but suggest also that the use of light loads 
in measuring hardness by the indentation method may sometimes result 
in a high apparent hardness when measurements are converted to Rock- 
well C values by published conversion tables. 

They did not observe, as we did, a difference between the hardness 
of the 90% martensite structures of a boron steel and that of the plain 
steel. It was explained in the paper that this difference was due to the 
boron steel containing more bainite, which in the 2% manganese steel was 
apparently harder than fine pearlite. In many alloy steels, however, upper 


; 7E. Houdremont and H. Schrader, “Influence of Alloying Elements on the Behavior of 
Steels During Case Hardening’’, Archiv fiir das Eisenhiittenwesen, Vol. 8, 1935, p. 445. 
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bainite is as soft or softer than fine pearlite and possibly those investigated 
by Chapman and Roberts belong in this category. 

The difficulty encountered by Chapman and Roberts in applying Fig. 
21 to their steels is understandable because the hardenability effect of 
carbon varies among different grades of alloy steel. They suggest that, 
fundamentally, the 90% martensite curve of Fig. 12 should be extrapolated 
to 0% carbon to give a hypothetical hardenability value to be used as a 
basis for computing hardenability at any desired carbon level. In princi- 
ple this is the proper procedure, but, with the present data, the consider- 
able extrapolation involved in so doing makes it unlikely that a reliable 
hardenability value for 0% carbon would result. We avoided extrapolation 
for steel with 0.21% carbon in the core and minimized it for a steel of 
lower carbon by the method used. 

Mr. Ruhnke recommends investigation of adjacent ingots, one of which 
contains boron and the other of which does not. We agree that this pro- 
cedure eliminates minor variables that may occur from heat to heat, even 
in a well-matched pair, but in this instance we preferred to work with a 
boron steel as representative as possible of commercial practice in which 
boron is added in the ladle and not in the mold. Differences due to com- 
paring samples from different heats, rather than from different ingots of 


the same heat, are not believed to have been large enough to have signifi- 
cantly influenced the comparison, 








THE EFFECT OF BORON ON NOTCH TOUGHNESS 
AND TEMPER EMBRITTLEMENT 


3y A. E. Powers AND R. G. CARLSON 


Abstract 


Isothermal embrittlement curves have been con- 
structed for two manganese steels having an identical base 
composition, but differing in that one of the steels contains 
0.0034% boron while the other is free from boron. 

Susceptibility to reversible temper embrittlement at 
temperatures between 850 and 1050 °F is increased by the 
boron addition. For all other tempering treatments which 
avoid reversible temper embrittlement, the two steels have 
reasonably identical notched-bar toughness. 

Classification for various forms of embrittlement 
arising during tempering is discussed. 


INTRODUCTION 


INCE the beginning of World War II when the commercial 
S development of boron steels began in earnest, there has been 
occasional speculation as to whether the small percentages of boron 
added for hardenability purposes (0.0008 to 0.004%) have a direct 
effect on notched-bar toughness and upon susceptibility to temper 
embrittlement. 

Udy and Rosenthal (1)* found no apparent adverse effect of 
boron on notch toughness at temperatures down to —80 °F (--60 °C). 
They further concluded that there was no evidence of a direct effect 
by boron on susceptibility to temper brittleness. McBride has shown 
that the breaking energy of a ductile-type fracture is not affected by 
normal amounts of boron (2). 

On the other hand, work at the Bureau of Standards revealed 
that boron-containing steels had less notch toughness than nonboron 
steels (3). When tempered at temperatures lower than 800 °F 
(425 °C), they had notched toughness equal to that of the boron- 
free steels. 

Recently a comprehensive study of boron steels in France by 
Potaszkin and Jaspart (4) has shown that high percentages of boron 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, A. E. Powers is 
metallurgical engineer for the Turbine Division Laboratory and R. G. Carlson 
is metallurgical engineer for the Aeronautic and Ordnance Systems Division of 
the General Electric Company, Schenectady, New York. Manuscript received 
March 26, 1953. 
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will confer some loss of toughness as evidenced by an increase in 
fracture-transition temperature when a CrNiMo steel is tempered at 
975 °F (525°C) and will confer considerable loss when tempered 
at 1200 °F (650°C). No tempering times were given. This steel 
contained about 0.012% boron, added in the form of ferroboron. It 
was made in an arc furnace and deoxidized with about 0.8 pound of 
aluminum per ton, with the result that nitrogen was about 0.011%. 

To investigate more thoroughly the effect of commercial amounts 
of boron (0.0008 to 0.004% ) on notched toughness and susceptibility 
to temper brittleness, two ingots with an almost identical base compo- 
sition were made, one of which contained boron. With these two 
steels in the tempered martensitic condition, brittle-to-ductile fracture 
transition temperature curves were obtained for various tempering 
temperatures and times. 


EXPERIMENTAL DETAILS 


Two 100-pound heats of a manganese steel were made in an 
induction furnace. Both heats were deoxidized with 2 pounds of 
aluminum per ton and to one of the heats was added boron in the 
form of ferroboron. Table I gives the resulting analyses. 


Table I 
Composition of Steels 


Steel A Steel B 


Carbon 0.26 0.26 
Manganese 1.63 1.67 
Phosphorus 0.021 0.021 
Sulphur 0.034 0.032 
Silicon 0.28 0.30 
Boron ite 0 .0034* 





*Analyzed spectroscopically. 


While only one of the two steels contains boron, both have 
practically an identical base composition. The purpose of the high 
manganese content was to confer sufficient hardenability to the 
test pieces. 

The two ingots were sectioned longitudinally and then forged 
into ¥g-inch thick by 6-inch wide strips. The strips were normalized 
from 1600 °F (870 °C) and cut every 23% inches into plates. 

All of the plates were hardened by water quenching after 1 hour 
at 1550 °F (845 °C) and then given various tempering treatments, 
with two plates—one from each heat—given an identical heat treat- 
ment. One group of 10 plates was tempered at 1225 °F (660 °C) 
for 3 minutes, 15 minutes, 1 hour, 10 hours, and 100 hours. The 
rest of the plates were given a preliminary tempering at 1225 °F 
(660 °C) for 1 hour and subsequent tempering treatments at tem- 
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Fig. 1—Jominy Hardenability of Steel A and Boron Steel B. 
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Fig. 2—Notched-Bar Fracture-Transition Curves for Steel A and Boron Steel B. 
Tempered at 1225 °F for 1 hour and cooled to 600 °F in 16 hours. 


peratures ranging between 850 and 1100 °F (455 and 595 °C) and 
for 1, 10, and 100 hours. Each plate was then machined into at least 
11 V-notched, Charpy specimens. 

Fracturing was carried out at various temperatures obtained by 
placing the specimens in a well-insulated container cooled by the 
evaporation of liquid nitrogen. Some specimens had to be heated 
above room temperature. The specimens were broken after the 
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Fig. 3—Fracture-Transition Temperatures for Steel A and Boron Steel B 
After Tempering the Martensitic Structures at 1225 °F for Various Times. 
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Fig. 4—Isothermal Embrittlement Diagram for Steel A. 


Transition temperatures 
measured at % maximum impact energy. 


attainment of the proper temperature. Measurement was made of 
fracture energy and the proportion of ductile fracture area. 

Austenitic grain size was measured by subjecting the steel to a 
temper embrittling treatment of 900 °F (480°C) for 100 hours and 
then etching the polished specimens in the ether—picric acid - 
zephiran chloride reagent for revealing temper brittleness. 
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Fig. 5—Isothermal Embrittlement Diagram for Boron Steel B. Transition tem- 


peratures measured at 4% maximum impact energy. 


RESULTS AND DISCUSSION 


Fig. 1 shows the Jominy hardenability curves for the two steels. 
These curves are presented to show that the boron has been effec- 
tively added. When translated into terms of critical diameter, it can 
be seen that the boron approximately doubles the hardenability of 
the base composition. 

As a preliminary study of the effect of boron on susceptibility 
to temper embrittlement, ductile-to-brittle fracture transition temper- 
ature curves were obtained from the two steels slowly furnace-cooled 
from 1200 to 600 °F (650 to 315 °C) in 16 hours. The data given 
in Fig. 2 show the boron steel to have slightly higher transition tem- 
perature than the nonboron steel. 

To more thoroughly investigate the temper embrittling charac- 
teristics of the two steels, isothermal embrittlement diagrams were 
developed. The results are plotted in Figs. 3, 4, 5, and 6. 

Table II is presented to show that when both steels are given the 
same hardening and tempering treatments they will possess essen- 
tially the same hardness. Fig. 6 is a replot of Figs. 4 and 5 on a 
three-dimensional basis with “time” plotted on one axis, “‘tempera- 
ture” on another, and “fracture-transition temperature” on the third. 
On this diagram the two steels may be compared directly. 


Nature of Temper Embrittlement 


When tempering at 1225 °F (660°C), the highest embrittling 
temperature employed, the hardness must necessarily vary with tem- 
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pering time. Fig. 3 shows that the transition temperature increases 
linearly with the logarithm of time at 1225 °F (665°C). Data for 
AISI 1050 steel also indicate that transition temperatures increase 
linearly with the logarithm of time (5). This rise in the transition 
temperature upon progressive tempering has been attributed princi- 
pally to the growth of ferritic grains (6). 

In spite of the fact that progressive tempering in low alloy steels 
increases the toughness and ductility of steels under stressing condi- 


Steel A Steel B 


C 0.26 0.26 
Mn 1.63 1.67 
P 0.02| 0.02I 
s 0.034 0.032 
Si 0.28 0.32 










B 0.0034 
ASTM | a 
Grain Size 85 7 
al 


Fig. 6—lIsothermal Embrittlement Diagram. 


tions promoting high ductility (high temperature, slow stressing, and 
uniaxial stressing), the increasing transition temperatures indicate 
that, with progressive tempering, toughness and ductility are decreased 
under stressing conditions inhibiting ductile deformation. It is impor- 
tant, therefore, to consider the stressing conditions or the entire 
transition-temperature curve when discussing the effect of metallur- 
gical variables upon toughness and ductility. 

A pertinent question is that of which criterion is more important 


Table II 
Hardness Measurements for Various 
Times of Tempering at 1225°F 


Tempering Time Steel A Steel B 


3 minutes 61.9 RA* 62.4 RA* 
15 minutes 59.4 59.5 
1 hour 58.0 59.3 
10 hours 54.6 55.0 
100 hours 50.3 50.4 


*RA means Rockwell A. 





1954 EFFECT OF BORON ON NOTCH TOUGHNESS 489 


to the engineer: (a) toughness under stressing conditions which 
promote high ductility (as indicated by the absorbed energy of a 
ductile-type fracture), or (b) toughness under stressing conditions 
which inhibit ductility (as indicated by fracture-transition tempera- 
tures). While high ductility stressing conditions may readily relieve 
stress concentrations without the necessity of failure, strain-inhibiting 
conditions may lead to sudden, brittle failure. A popular opinion is 
that service performance and life are not affected by a decrease in 
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Fig. 7—Austenitic Grain Size After 1 Hour at Various Austenitizing Temperatures. 


ductility or notched-bar toughness until a threshold value of ductility 
and toughness is reached. The threshold values are usually those 
corresponding to brittle fracture behavior. It appears, therefore, 
that fracture-transition temperatures are of major significance to 
the engineer. 

In the measurement of isothermal temper embrittlement the state 
of tempering should be made reasonably stable by a preliminary 
tempering at high temperatures, but fracture-transition temperatures 
necessarily are a function of the particular state of tempering chosen. 
One should, therefore, assume a base transition temperature which 
is determined by the preliminary tempering treatment. It should be 
further understood that in isothermal embrittlement diagrams, such 
as illustrated in Figs. 4, 5, and 6, the transition temperatures may 
necessarily go below the base transition temperature for tempering 
times less than those employed in the preliminary tempering treatment. 
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Fig. 8—Austenitic Grain Size of Steel A After 1 Hour at 1550°F. Temper- 
embrittled at 900 °F for 100 hours and etched in ether — picric acid — zephiran chloride 
reagent. X 100. 
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Fig. 9—Austenitic Grain Size of Boron Steel B After 1 Hour at 1550 °F. 
Temper-embrittled at 900 °F for 100 hours and etched in ether — picric acid — zephiran 
chloride reagent. X 100. 


Since the term “temper brittleness” implies embrittlement which 
develops during tempering operations, it has recently been proposed 
(6) that temper brittleness be defined as a progressive rise in ductile- 
to-brittle fracture-transition temperature during tempering, regardless 
of the source or cause of the embrittlement. It has been further 
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suggested that temper embrittlement be subdivided into reversible 
and irreversible temper embrittlement. Reversible temper embrittle- 
ment would then comprise the grain boundary embrittlement devel- 
oping most rapidly at about 975 °F (525°C) and also the “885 
embrittlement” of high chromium steels, while irreversible temper 
embrittlement would comprise the embrittlement developing at higher 
temperatures due principally to increasing ferrite grain size. 


Influence of Boron 


Re-examination of Fig. 3 reveals that boron, at least up to 
0.0034%, does not confer any additional embrittlement in the absence 


: ‘-o. = 
z 4 . . se 
fe » 5.) ed 
a Pet oy im 


Sa D 





Fig. 10—Austenitic Grain Size of Steel A After 1 Hour at 1950°F. Temper 
embrittled at 900 °F for 100 hours and etched in ether — picric acid — zephiran chloride 
reagent. X 100. 


of reversible temper embrittlement. Fracture-transition temperatures 
are essentially the same at each state of tempering. It remains to be 
seen whether larger amounts of boron as used by Potaszkin and 
Jaspart (4) will confer some additional irreversible embrittlement. 
Figs. 4, 5, and 6 show that boron will noticeably enhance sus- 
ceptibility to reversible temper embrittlement. At first thought, one 
might suspect that the effect may possibly be due to a larger 
austenitic grain size in the boron steel. The austenitic grain growth 
properties of the two steels are illustrated in Fig. 7 and the micro- 
structures of the grain size after the 1550°F (845°C) solution 
treatment are shown in Figs. 8 and 9. The base composition has an 
ASTM grain size of No. 8% after 1550 °F (845 °C) austenitization, 
while the boron addition has promoted a larger grain size of No. 7. 
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To determine the contribution provided by the larger grain size 
to the greater susceptibility for reversible temper brittleness in the 
boron steel, the boron-free Steel A was austenitized at a higher 
temperature in order to produce a grain size equal to that of the boron 
steel. The correct austenitizing treatment for Steel A as indicated 
in Fig. 7 is 1950 °F (1065 °C) for 1 hour. An examination of the 
resulting grain size indicated that it was of a mixed nature with 
possibly a larger average size than that of boron steel in the 1550 °F 
(845 °C) solution-treated condition (Fig. 10). 

The fracture-transition temperature curve for the boron-free 
steel in the 1950 °F (1065 °C) solution-treated and temper-embrittled 
condition is shown in Fig. 11 along with comparable curves for Steels 
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Fig. 11—Notched-Bar Fracture-Transition Curves for Temper-Embrittled Steels 


A and B. Oil quenching temperatures indicated. Tempered at 1225 °F for 1 hour 
and temper-embrittled at 900 °F for 100 hours. 


A and B in the 1550 °F (845 °C) solution-treated condition. Increas- 
ing the austenitic grain size of Steel A to that of the boron steel will 
still not raise the fracture-transition temperature sufficiently. The 
transition temperature is increased slightly, but does not approach 
that of the boron steel. 

It appears that boron in the amount of 0.0034% exerts a direct 
effect in increasing susceptibility to reversible temper embrittlement. 


SUMMARY 


When added in amounts up to 0.0034%, boron does not appear 
to contribute any inherent embrittlement to steel in the absence of 
reversible temper embrittlement. 
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Boron appears to exert a direct effect in increasing susceptibility 
to reversible temper embrittlement developing between 800 and 
1050 °F (425 and 565°C). The direct action is in addition to any 
indirect effect of enlarged austenitic grain size promoted by boron. 

It is felt that the positive effect of boron on susceptibility to 
reversible temper embrittlement is not of sufficient magnitude to 
warrant condemnation of commercial boron steels. Temper embrit- 
tlement may be avoided in any low alloy steel by proper heat treat- 
ment. The advantages of boron steels over regular alloy steels are 
numerous and important enough that any attempt to restrict their 
general use on the basis of susceptibility to temper embrittlement 
would be an injustice. The lower alloy content of the commercial 
boron steels often results in less susceptibility than the higher alloy 
nonboron steels of equivalent hardenability. An example of this is 
in the lower susceptibility of the boron steels, AISI 81B40 and 42B40, 
as compared to their equivalent, AISI 4140. 

When heat treated to avoid reversible temper embrittlement a 
boron steel appears to be inherently as ductile and tough as a non- 
boron steel of the same base composition. On the other hand, the 
positive effect of boron on susceptibility to temper embrittlement 
should be of interest, chiefly, to the theorist. 
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DISCUSSION 


Written Discussion: By B. C. Woodfine, senior scientific officer, 
Metallurgy Division, British Iron & Steel Research Association, Sheffield, 
England. 

By investigating the influence of boron on notch toughness and tem- 
per embrittlement, the authors have filled one of the gaps in our knowl- 
edge of temper brittleness. The work is particularly valuable, since the 
authors have clearly distinguished between the embrittlement due to fer- 
rite grain growth and that due to intergranular embrittlement at lower 
temperatures. The results indicate that boron has no influence on ferrite 
grain growth at 1225°F (660°C), but that it increases the susceptibility 
of the steel to embrittlement at temperature around 975 °F (525°C). The 
authors do not give any fractographic results, but presumably the latter 
embrittlement is principally intergranular in nature. It would be inter- 
esting to see if boron can give rise to intergranular temper embrittlement 
in a nonsusceptible plain carbon steel, or whether, like nickel, it only has 
an effect in steels which are already susceptible to temper brittleness. 

Considering the isothermal embrittlement diagrams, Figs. 4 and 5, 
there is one point to which I should like to draw attention. The authors 
State that both steels were water-quenched from 1550°F (845°C) and 
tempered for 1 hour at 1225 °F (660°C) before subsequent embrittlement. 
This preliminary treatment gave transition temperatures of —76°F (—60 
C) for Steel A and —49 °F (—45 °C) for Steel B. In Steel A, subsequent 
tempering for 1 hour at temperatures between 1050 and 900°F (565 and 
480 °C) either had no effect or increased the transition temperature. How- 
ever, in Steel B, 1-hour treatments at either 1050 or 900°F (565 or 480 
°C) decreased the transition temperatures, which is contrary to what one 
would expect. Even after 10 hours at 900°F (480°C) the transition tem- 
perature of Steel B has only increased by 40°F (5°C) as compared with 
the preliminary treatment. However, as the time is extended to 100 hours, 
an increase of 300°F (150°C) in transition temperature occurs. These 
results are in distinct contrast to those of previous investigations** on 
temper brittleness which have shown that by far the greatest embrittle- 
ment occurs in the first few hours. In fact the behavior of the boron steel 
at 900°F (480°C) appears to be rather anomalous, and I wonder if the 
authors could suggest any reason for this, and for the initial fall in tran- 
sition temperature. 

The fact that boron does not affect either the size or the growth of 
the ferrite grains is unexpected in view of the effect produced on the size 
and growth of the austenite grains. However, the results provide another 
demonstration of the fact, originally pointed out by Baeyertz, Craig and 
Bumps’® that the initial austenite grain size does not influence the ferrite 

2G. Vidal, ‘“‘Sur la Fragilité de Revenu des Aciers au Chrome, au Molybdéne, au Tung- 
sténe’’, Revue de Métallurgie, Vol. 42, May 1945, p. 149. 


8L. D. Jaffe and D. C. Buffum, “Isothermal Temper Embrittlement’’, Transactions, 
American Society for Metals, Vol. 42, 1950, p. 604. 


‘B. C. Woodfine, ‘“‘Some Aspects of Temper-Brittleness’’, Journal, Iron and Steel Insti- 
tute, Vol. 173, March 1953, p. 240. 


5M. Baeyertz, W. F. Craig, Jr., and E. S. Bumps, “Effect of Ferrite Grain Structure 
Upon Impact Properties of 0.80% Carbon Spheroidite’’, Transactions, American Institute 
of Mining and Metallurgical Engineers, Vol. 188, December 1950, p. 1465. 
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grain size produced on tempering. The authors report the boron content 
of their steel as determined spectroscopically, but I think it would be bet- 
ter if it were given as “soluble” and “insoluble” boron®**, since the boron 
present as BN (i.e., the “insoluble” portion) would presumably have little 
effect on temper brittleness. 

The question of nomenclature is always very difficult, but I should 
like to suggest some modification of that suggested by Libsch, Powers 
and Bhat* and used by the authors. Personally, on historical grounds, 
I would prefer to see the term “temper brittleness” restricted to the inter- 
granular form of embrittlement occurring in Cr, Ni-Cr and Ni-Cr-Mn 
steels between 1110 and 660°F (600 and 350°C), and not used for all 
forms of embrittlement observed on tempering. However, whether this 
suggestion is adopted or not, I think that the terms “reversible” and 
“irreversible” are unsuitable for describing the various forms of embrittle- 
ment. Presumably the “irreversible” embrittlement arising from ferrite 
grain growth could be removed by cold working and annealing to reduce 
the ferrite grain size. I would suggest that the terms “ferrite grain growth 
embrittlement”, “885°F (475°C) embrittlement” (i.e., that occurring in 
high chromium steels), “570°F (300°C) embrittlement” (1.e., that found 
on tempering many steels in the range 480 to 660 °F), and “temper brittle- 
ness” (i.e., the intergranular embrittlement in Cr, Ni-Cr and Ni-Cr-Mn 
steels), are more descriptive and have the great advantage of maintaining 
historical continuity. 

Written Discussion: By Samuel J. Rosenberg, metallurgist, National 
Bureau of Standards, Washington, D. C. 

In view of the growing importance of the boron-treated steels and 
the great amount of experimental data that have been accumulated on the 
properties of these steels, it is quite surprising that so little published 
information on the effect of boron on the phenomenon of temper brittle- 
ness is available. The conclusion of the authors that boron appears to 
exert a direct effect in increasing susceptibility to temper embrittlement 
is rather disturbing, although they offer the assurance that when treated 
to avoid reversible temper embrittlement the boron steel studied by them 
appeared to be as tough as a nonboron steel of the same base composition. 

The authors have confined their study to a single steel containing a 
relatively high amount of boron added as ferroboron, which is not a com- 
plex intensifier. The effect of boron in the smaller amounts used commer- 
cially (0.0005% minimum), added by the various complex intensifiers avail- 
able, cannot be deduced from the data reported by the authors, and their 
conclusion relative to the effect of boron on temper brittleness must be 
accepted as tentative until such information becomes available. 

Because of the lack of this information, such an investigation has 
been in progress at the National Bureau of Standards and the data ob- 
tained are now being assembled. A total of 21 steels (0.483% carbon, 1.59% 
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manganese base composition), all from the same open-hearth heat, but 
split so as to provide 20 steels containing boron in amounts ranging from 
0.0001 to 0.00838% added by means of 7 different addition agents, have 
been studied. One of these steels contained 0.0036% boron added by 
means of ferroboron (the steel used by the authors contained 0.0034%), 
and it may be noted that this particular steel showed less tendency toward 
temper embrittlement than did the base steel. This, however, must not 
be accepted as proof that boron decreases susceptibility to temper em- 
brittlement, as many of the other steels studied showed an opposite trend. 
The analysis of the problem is much more complex than appears on the 
surface. 

The writer has studied the authors’ Figs. 4 and 5 rather carefully, 
and, when the vagaries of impact testing and the difficulty of selecting 
exact transition temperatures, regardless of the definition used for tran- 
sition temperature, are considered, is of the opinion that the faired iso- 
thermal curves drawn could be about the same for both steels. Of more 
practical importance is a consideration of the effect of normal tempering 
periods (say 1 hour) on the susceptibility to temper embrittlement of the 
two steels. The actual values given in these figures are shown in Table III. 


Table III 
Tempering —Transition Temperature— 
Temperature Steel A Steel B 
°F °F Po. 
1225 —60 -45 
1050 —50 64 
1000 —33 -29 
950 —49 a 
900 —60 —52 


A maximum difference of 15 degrees in favor of Steel A is shown at 950 
and 1225 °F (510 and 665 °C), whereas a difference of 14 degrees in favor 
of the boron-treated Steel B is shown at 1050°F (565°C). The writer 
does not believe that these figures are significant. Indeed, if the isother- 
mal curve for the transition temperature of —35°F in Fig. 4 were drawn 
to the left of the plotted point at 1000°F (540°C) and 1 hour, as it 
should have been, the curves for the two steels at a transition temperature 


of 





35 °F would have been practically identical. 

The writer was rather surprised at the low impact values shown in 
Fig. 2. Both the base steel and the high boron steel mentioned previously 
used in our studies showed somewhat greater impact resistance as temper- 
embrittled [1 hour at 1200°F (650°C), then cooled at 30°F per hour] 
than did the authors’ steels, despite the considerably higher carbon con- 
tent of our steels. Is it possible that the low carbon steel used by the 
authors did not transform entirely to martensite on quenching? 

The authors note that work at the Bureau of Standards (Ref. 3) re- 
vealed that boron-containing steels had less notch toughness than non- 
boron steels and that when tempered at temperatures lower than 800 °F 
(425 °C) they had toughness equal to that of the boron-free steels. The 
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writer wishes to note that although impact values obtained on boron- 
treated steels tempered at the higher temperatures were occasionally (de- 
pending on type of addition agent) somewhat lower than the comparably 
treated boron-free steels, when tempered at relatively low temperatures 
(400 to 500 °F) the impact values of the boron-treated steels were some- 
what higher than the boron-free steels. A more complete reference to 
this work is given below’. 

The authors’ Fig. 1 shows Steel A to have greater hardenability than 
Steel B, presumably a reversal of identification. 


Authors’ Reply 


We are pleased to receive Dr. Woodfine’s constructive comments 
concerning nomenclature of various embrittling phenomena occurring 
during tempering treatments. Certainly some organization should stand- 
ardize such nomenclature. How shall we define temper embrittlement? 
Is “S85 embrittlement” the same thing? What should we call the em- 
brittlement due to the growth of ferrite grains? How should we desig- 
nate the embrittlement occurring upon tempering at 600 °F (315 °C)? 

Some misunderstanding has developed with Dr. Woodfine on the base 
transition temperature of the boron steel. He has pointed out the tran- 
sition temperature of —45°F plotted in Fig. 5 for the preliminary tem- 
pering of 1 hour at 1225°F (665°C) and has remarked that subsequent 
aging has yielded lower transition temperatures. This transition temper- 
ature is also plotted in Fig. 3. One does not judge a population by a few 
unreasonable figures. We have not considered the base transition tem- 
perature of the boron steel before embrittling as being —45 °F; rather, 
we have utilized the mean curve in Fig. 3 and have considered this initial 
transition temperature before embrittling as being —60°F for both steels. 

We shall be anxious to hear more of Mr. Rosenberg’s work on the 
temper embrittlement of a multitude of steels containing boron added in 
the forms of both complex alloys and ferroboron. Such information 
should be useful to the production metallurgist. However, let it be re- 
peated that this work was fundamental in nature and was concerned only 
with the specific effect of boron on notch toughness and temper embrittle- 
ment. The work on these two steels involved 576 Charpy specimens. 

Mr. Rosenberg has paid particular attention to the individual tran- 
sition temperatures corresponding to 1 hour at various aging temperatures 
in the isothermal embrittlement diagrams. He has pointed out that a 
comparison of such transition temperatures obtained after 1 hour of 
aging yields no significant conclusion. We are afraid if Mr. Rosenberg 
restricts his aging times to not over 1 hour in duration, he will not learn 
very much about temper embrittlement in any steel. 

We believe both of our steels transformed almost wholly to mar- 
tensite. The low transition temperature of the unembrittled steels is 
evidence of this. The low maximum fracture energy is probably due to 
the combination of low carbon content and low hardness. 


_ *Thomas G. Digges and Fred M. Reinhart, “Influence of Boron on Some Properties of 
Experimental and Commercial Steels’, Journal, National Bureau of Standards, Vol. 39, 
1947, p. 67 (RP1815). 
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Mr. Rosenberg has remarked that our conclusions with respect to the 
effect of boron on temper embrittlement are disturbing. We wish to em- 
phasize again that there is nothing in this paper which should be disturb- 
ing. The temper embrittling effect of boron is small in magnitude, the 
boron content of our laboratory heat is larger than is usually found in 
commercial boron steels, and, as mentioned before, the commercial boron 
steels are often less susceptible than the equivalent higher alloy steels. 
Practical utility of the commercial boron steels all over the country has 
proven that, in many cases, the boron steels are superior steels. 
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A STUDY OF THE Fe-Fe.B SYSTEM 


By C. C. McBripe, J. W. SPRETNAK AND RUDOLPH SPEISER 


Abstract 







Results of an investigation of the Fe-Fe,B system 
show that this system undergoes a peritectoid reaction 
with a minimum point. The solubility of boron in tron 






was determined by equilibrating Fe-Fe,B sandwiches and 


analyzing the resultant cores spectrographically for boron. 
Reaction isotherms and the minimum point were estab- 
lished by differential thermal analysis and metallographic 


studies. 






The Fe-FegB eutectic isotherm is established at 1149 
°C (2640°F) and the peritectoid reaction isotherm at 
906°C (1660°F). Location of the minimum point ts 


approximately 0.001 weight % boron and 835 °C. 







solubility of boron in alpha tron varies from less than 
0.0004% at 710°C (1310°F) to 0.0082% at 906° 
(1660 °F). The solubility range of boron in gamma iron 
is from 0.0021% at 906°C 14660 °F) to 0.0210% 


1149 °C (2640 °F). 







Theoretical analysis of the system indicates that boron 
forms an interstitial solid solution in gamma iron but a 


substitutional solid solution in alpha iron. 







REQUISITE step in the elucidation of the boron hardenability 


mechanism is the establishment of the solubility 





of boron in 


gamma and alpha iron and the effect of boron on the gamma-alpha 


transformation in iron (1)*. Accordingly, this study 





was initiated 


to establish the essential features of the Fe-Feo2B phase diagram. 
FesB is the first intermediate phase in the iron-boron system. 
of the literature pertaining to the iron-boron system shows that good 
agreement exists above 1% boron. However, it is the region below 










bi 1% boron that is significant 1 in connection with the hardenability effect. 
! Evaluation of various methods for determining solid solubility 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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led to the conclusion that the “sandwich technique’? was the most 
feasible. Equilibration of iron with gaseous mixtures of hydrogen 
and diborane (B2H¢) was considered also, but calculations of the 
desired partial pressures of boron indicated that the required mixtures 
could not be achieved experimentally. In addition, such mixtures are 
extremely unstable and therefore undesirable from a safety stand- 
point. 

The technique employed consists of equilibrating welded Fe.B- 
Ke-Fe2B sandwiches. The high purity iron core dissolves boron until 
saturated, at which situation the activity of boron in solid solution in 
iron is equal to the activity of boron in FesB and no further diffusion 
occurs. Equilibrations at various temperatures and the analysis of 
iron cores for total boron yield points on the solvus lines of the 
terminal solid solutions. The effects of boron on the alpha-gamma 
transformation in iron and the reaction isotherms were determined 
by metallographic studies and by differential thermal analysis. 


Previous WorK ON THE [RON-BoRON SYSTEM 


Hannesen (2) determined the Fe-B diagram up to approxi- 
mately 8.5% boron, while Tschischewski and Herdt (3) developed 
it up to 11.5% boron. These investigations were conducted by ther- 
mal analysis and microscopic investigations and the systems are re- 
viewed by Hansen (4). 

The results of these studies agree in essentials but differ appre- 
ciably in degree of solid solubility (see Figs. 1 and 2). In addition, 
Hannesen found a stable boride melting at 1350 °C (2460 °F) which 
he designated as Fe;Bs (7.19% B), whereas Tschischewski-Herdt 
found this boride to correspond to the formula FeeB (8.83% B) with 
a melting point of 1325 °C (2415 °F). 

In regard to equilibrium in the solid state, both works agree in 
the following points: (a) the solubility of boron in gamma iron 
increases with decreasing temperature; (b) the temperature of the 
gamma-to-alpha transformation is lowered by boron; (c) the eutec- 
toid with respect to boron-saturated gamma phase decomposes into 
boride and alpha iron. The solubility of boron in gamma iron is 
approximately 0.8% boron at 713 °C (1315 °F) according to Han- 
nesen, while Tschischewski-Herdt found it to be 3.6% boron at 760 
C (1400 °F). The latter investigators determined the solubility of 
boron in alpha iron at the eutectoid temperature as 0.08%. 

The Fe-B equilibrium diagrams determined by the above studies 
are similar to the Fe-C diagram. Thus, one could conclude that the 
effect of boron on hardenability is a result of the large difference in 
solubility between gamma and alpha iron, similar to the effect of 
carbon. 
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Fig. 1—Iron-Boron Equilibrium Diagram as 
Determined by Hannesen. 
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Fig. 2—Iron-Boron Equilibrium Diagram as Dete1 
mined by Tschischewski and Herdt. 


However, Wever and Mueller (5) pointed out that the results 
of the two above investigations were in error, due to appreciable 
contamination of carbon, aluminum, and silicon. Carbon was ob- 
tained from the carbon-are furnace and some silicon pick-up resulted 
from the crucibles used. Furthermore, the ferroboron alloy used 
contained appreciable aluminum and silicon. These authors state that 
the effects of boron on the transformations are negligible compared 
to the effects of these impurities. 

Wever and Mueller (5) redetermined the Fe-B diagram with 
the aid of thermal, microscopic and X-ray studies. These authors 
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prepared their melts in magnesia crucibles using electrolytic iron and 
the purest ferroboron obtainable at that time. The major impurities 
in the ferroboron were 0.06% carbon, 0.89% silicon, 0.62% manga- 
nese and 4.3% aluminum. They managed to keep the resultant alloys 
relatively low in carbon but still obtained some silicon contamination 
and approximately 1.0% of aluminum. In order to correct for the 
effects of these impurities, brief studies were made to determine the 


Atomic % 
20 40 60 80 


Temp. (°C) 





Fe 5 lO I5 20 25 
Boron (wt. %) 


Fig. 3—Iron-Boron Equilibrium Diagram Ac- 
cording to Wever and Mueller. 


effects of silicon and aluminum on the transformation points. They 
concluded that the effects of aluminum and silicon were similar in 
that these elements restrict the gamma field by lowering A, and 
raising Ag transformations. As a result of these studies, these authors 
attempted to correct for the effects of silicon and aluminum and extra- 
polated to what they term an “idealistic” diagram which is shown 
in Fig. 3. 

The solubility of boron, as reported, is very limited and is as 
follows: (a) at 1381 °C in delta iron, 0.15% B; (b) at 1381 °C in 
gamma iron, 0.10% B; (c) at 1174°C in gamma iron, less than 
0.15% B; (d) at 915°C in gamma iron, 0.10% B; (e) based on 
X-ray results the solubility of boron in alpha iron is less than 0.15% 
at 915°C; (f) at 880°C, 0.10% B. The Ags temperature is raised 
by 0.15% boron to 915 °C and a peritectoid reaction is indicated at 
915 °C. 

Wever and Mueller (5) investigated the X-ray powder patterns 
of iron-boron alloys containing 0.06 and 0.20% boron. Specimens 
of these alloys were both slowly cooled and quenched from just below 
the Ag transformation (880°C). The slowly cooled specimens pro- 
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duced parameter values which, within the limits of accuracy, could 
be considered constant. Parameter values derived from the quenched 
alloys show a contraction of the lattice of alpha iron with increasing 
boron. Thus, it was concluded that boron forms a substitutional 
solid solution with alpha iron. To further supplement these findings 
they studied the patterns of two hypoeutectic alloys with 0.20 and 
3.5% boron, as well as two hypereutectic alloys with 6.0 and 9.02% 
boron. 

Recent studies on the solid solubility of boron in iron have been 
conducted by Nicholson (6, 7). Boron was introduced into high 


Temp. (°C. ) 


800 





002 004 .0O6 
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Fig. 4—Solid Solubility of Boron in 
Iron as Determined by Nicholson. 


purity iron wire by the thermal decomposition of diborane (B2He). 
This resulted in a layer of FeoB and a core of unsaturated iron. 
These specimens were then annealed for approximately 150 hours 
and the boron in the core was determined by chemical and spectro- 
graphic analyses. These results indicate a peritectoid reaction as 
shown in Fig. 4. The solubility data obtained by Nicholson are with- 
out doubt the most valid, since the impurities which influenced the 
results of the previous investigations were minimized. 


PROCEDURES 


To determine unambiguously the effect of minute amounts of 
boron in iron, the amount of impurity atoms must be reduced to a 
minimum. Melting and subsequent treatments must be conducted in 
the absence of oxygen and nitrogen. Accordingly, an induction fur- 
nace and equilibration furnaces were constructed for either vacuum 
or controlled atmosphere operation. The design of the equilibration 
furnace is similar to that described previously in the literature (8, 9). 

Electrolytic iron of the typical analysis given in Table I was used 
as melting stock for the high purity iron and iron alloys prepared in 
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Element 


Typical Analysis for Electrolytic Iron 
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Weight % 


c 0.01 
Mn 0.01 or less 
P 0.003 
S 0.004 
Si 0.003 
Ni 0.03 or less 
Cu 0.03 
Co 0.007 
Sn 0.005 
V 0.003 
A! 0.002 
Cr 0.015 or less 
Mo 0.015 or less 
Ag 0.002 
O 0.2 
Table II 


Typical Spectrographic Analysis for Elemental Boron 


Element Weight % 

Ta 0.01 

Cc 0.040 to 0.060 
Si 0.03 

Fe 0.001 

Al 0.01 

Mg 0.001 

Cu 0.001 

Cr 0.001 

Ni 0.001 

S* 0.005 


*Carbon and sulphur were determined by wet analysis. This boron was used in the prepa 


ration of the iron-boron alloy (0.018% B). 


Table II 
Chemical Analysis of 


Element 


I 
Purified Iron 


Weight % 


Cc 0.0072, 0.0062 (a) 
Si 0.021 (d) 
S 0.003 (d) 
Cu 0.006 (b) 
Pb 0.0001 (b) 
Mo 0.0004 (b) 
Ni Trace (b) 
Ag not detected (b) 
Ca not detected (b) 
Cr not detected (b) 
Mn 0.0013 (d) 
Sn not detected (b) 
Ti not detected (b) 
V not detected (b) 
Al not detected (b) 
Oo 0.009, 0.002 (a, Cc) 
N 0.003, 0.0004 (c) 
H 0.002 (c) 
Co Trace (b) 


(a) Analysis conducted at Research Laboratory, Westinghouse Electric Corporation, East 


Pittsburgh, Pennsylvania. 
(b) Results of qualitative spectrographic ana 
Corporation and The Ohio State University. 


lyses conducted at Westinghouse Electric 


(c) Results of vacuum fusion analyses conducted at the Metallurgical Laboratory, Republic 


Steel Corporation, Canton, Ohio. 
(d) Chemical analysis conducted at The Ohio St 








ate University. 
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this investigation. High purity boron, prepared by thermal decom- 
position of boron trichloride (BCls), was furnished by Battelle Me- 
morial Institute ; the typical analysis is given in Table I]. The iron 
boride (FesB) was obtained from the Cooper Metallurgical Asso- 
ciates, Cleveland. 

To reduce the relatively high contents of oxygen and carbon in 
the electrolytic iron, melting was conducted first in vacuum, followed 
by melting in a hydrogen atmosphere. The first melting reduces the 
carbon to a low value, while subsequent melting in hydrogen de- 
creases the oxygen content. Table III gives the analysis of the puri- 
hed iron used as cores in the FesB-Fe-FesB sandwiches. 

An 0.018% boron alloy used in the determination of the solid- 
state reaction isotherm was melted in vacuum using the high purity 
iron and boron. After solidification, the alloy was homogenized by 
heating at 1130 °C (2065 °F) for 36 hours and furnace cooling in a 
purified argon atmosphere. Fig. 5 shows coarse FesB precipitate at 
the original austenite grain boundaries, while extremely fine FeoB 
particles in the alpha grains are illustrated in Fig. 6. Table IV gives 
the analysis of this homogenized alloy. 








Chemical Analysis of Homogenized Fe-B Alloy 
Element Weight % 
B 0.018 (a) 
Si 0.028 (c) 
& 0.009 (b) 
Ss 0.002 (c) 
Mn 0.011 (c) 
Cu less than0.01 (d) 
Ni not detected (d) 
Cr not detected (d) 
V not detected (d) 
Al not detected (d) 
Mo not detected (d) 


(a) Result of wet analyses conducted at Republic Steel Corporation, Canton, Ohio. 

(b) Conducted at Research Laboratory, Westinghouse Electric Corporation, East Pitts- 
burgh, Pennsylvania. 

(c) Chemical analysis conducted at The Ohio State University. 

(d) Spectrographic analysis conducted at The Ohio State University. 





The Fe.B-Fe-Fe2B sandwiches were prepared by spot welding 
in an argon atmosphere. The size of the iron core was fixed at a 
constant size of 4% inch square and % inch thick. The soundness of 
the welds was established by metallographic examination and me- 
chanical tests. Fig. 7 shows a typical welded interface. The time 
required for equilibration of gamma iron with Fe2B was estimated 
by the Van Ostrand-Dewey diffusion equation. The approach to 
equilibrium was tested by using several holding times at a given 
temperature. Since the diffusion of boron has been reported to be 


about that of carbon in gamma iron, the required diffusivities were 
taken from Ref. 10. 
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The boron in the iron cores was analyzed spectrographically. 
lectrodes for spectrographic analysis were prepared by welding the 
equilibrated cores to a 14-inch cold-rolled rod about 2% inches long. 
The welded rods were turned to 35-inch diameter to conform to the 
Bureau of Standards procedure (11). The analyses were conducted 
at the Republic Steel Corporation, Canton, Ohio, on a large Littrow 
quartz spectrograph using Eastman Spectrum Analysis No. 1 film. 
A counter-electrode of mild steel was used and the exposure condi- 
tions were as follows: 2400-volt a-c are with a current of 4.5 am- 
peres, a 5-second preburn, and a 60-second exposure. 

Two working curves were established using a counter-electrode 
of mild steel and the 35-inch boron standards supplied by the National 
Sureau of Standards. One curve covers the range 0.0006 to 0.0059% 
boron and the other from 0.0059 to 0.019%. Two separate curves 
were established utilizing different iron reference lines rather than 
using a step sector or filter to reduce the line intensity above 0.006% 
boron. A total of 98 standards were exposed and each point on the 
curve is a result of at least 10 exposures of that particular standard. 
Standards were also exposed with the unknowns on each plate. 


RESULTS AND DISCUSSION 
Solubility of Boron in Gamma Iron 


Metallographic examination of sandwiches equilibrated in the 
gamma field (919 to 1132 °C) reveals a typical quenched Widman- 
statten pattern as shown in Fig. 8. Note the boron-depleted zone 
behind the original welded interface. Equilibration data and results 
of the spectrographic analyses for these sandwiches are included in 
Table V. 

Theoretical calculations have shown that a plot of the logarithm 
of the solute mole fraction (N2) versus the reciprocal of the absolute 
temperature yields a straight line under certain conditions (12). The 
boron solubility data have been plotted in this manner in order to 
obtain the solubilities at the reaction isotherms. 

The plot for log Ne versus 1/T °K obtained by the method of 
least squares is presented in Fig. 9. The solubility range of boron 
in gamma iron determined experimentally is from 0.0024% at 919 °C 


to 0.0182% at 1131 °C. 


The Reaction Isotherms 


a. Eutectic Isotherm—Table VI lists the heat treatment and 
corresponding quenched structures resulting from the isothermal 
treatment of Fe2B-Fe sandwiches. These results establish the eutectic 
isotherm at 1149 + 4 °C. 


b. Solid-State Isotherm—Differential thermal analysis results 
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Table V 


Equilibration and Solubility Data for Fe2B-Fe Sandwiches 
Equilibrated in the Gamma Field 


Estimated Equilibration 
Electrode Required Time, Time, Boron Boron 
No. Temp., °C Hours* Hours Weight, % Weight, %t 
2 919 198 289 0.0025 0.0024 
0.0021 
0.0022 
2x 919 198 289 0.0030 
0.0025 
0.0023 
7 920 198 216 0.0029 
0.0027 0.0025 
20 951 100 257 0.0027 
21 951 100 257 0.0026 0.0034 
4 1008 60 98 0.0066 
0.0064 
4x 1008 60 98 0.0051 
0.0061 0.0061 
0.0050 
5 1049 35 144 0.0098 
0.010 0.0089 
5x 1049 35 144 0.010 
0.011 
6 1103 20 100 0.016 
0.015 0.0143 
6A 1103 20 150 0.0137 
0.0147 
0.0138 
9 1131 13 136 0.018 
0.017 0.0182 
10 1131 13 136 0.0178 
0.0182 
0.0178 


*Time estimated by Van Ostrand-Dewey equation 
tObtained graphically from log Nz vs. 1/T °K plot. 


of the iron-boron alloy (0.018% B) and pure iron are given in 
Table VII. 

The Curie peaks for the pure iron reference specimen are re- 
corded as 773 °C (1425 °F). The alpha-gamma temperature (Ac3) 
was determined as 920 °C (1690 °F) and the gamma-alpha temper- 
ature (Arg) as 910°C (1670°F). Boron apparently has no effect 
on the Curie peaks, and the Acs and Arg points for the iron-boron 
alloy are respectively 917 and 906 °C (1680 and 1665 °F). Thus, 
boron lowers the reaction isotherm by about 4 °C. 


Table VI 
Heat Treatment Data for Determination of Eutectic Isotherm 


Temp. Time at Temp. 

— (hours) Microstructure 
1138 66 quenched gamma 
1146 25 quenched gamma 
1153 98 eutectic 
11 24 eutectic 
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Table VII 
Differential Thermal Analysis Data 
Heating Rate Curie Point Alpha-to-Gamma 
Specimen °C per minute Peak, °C Temp., °C (Aca) 
Pure Iron 27 773 921 
26 773 920 
Fe-B Alloy 29 773 917 
26 773 917 
Cooling Rate Gamma-to-Alpha 
°C per minute Temp., °C (Ars) 
Pure Iron 16 910 
16 909 
Fe-B Alloy 16 905 
16 906 
3.00} 
3.20 
3.40 
N 
= 
o> 
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Fig. 9—Plot of Log Ne Versus 1/T °K for 
Boron in Gamma Iron. 


It was thought that perhaps the full effect of boron was not 
operative, due to the relatively short times at temperature utilized 
in the differential thermal procedure. Accordingly, additional data 
were obtained by the isothermal treatment of iron-boron alloy speci- 
mens which are summarized in Table VIII. Tukon microhardness 
tests were conducted on all specimens as an aid in interpreting 
structures. 
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Table VIII 
Heat Treatment Data for Determination of Solid-State Reaction Isotherm 


Time at Temp. 


Specimen No. Temp.. °C (hours) Microstructures* 

1H (as homogenized) 921 51 quenched gamma 

10 (as quenched) 921 51 quenched gamma 

2H 913 51 quenched gamma 

20 913 51 quenched gamma 

3H 903 51 alpha plus 40% gamma 
30 903 51 alpha plus 20% gamma 
4H 896 50 alpha 

40 896 50 alpha 

5H 889 51 alpha 

50 889 51 alpha 

6H 880 52 alpha 

6Q 880 52 alpha 

7H 874 51 alpha 

7Q 874 51 alpha 

8H 865 51 alpha 

80 865 51 alpha 

9H 854 51 alpha 

90 854 51 alpha 


*Fe2B precipitate exists in all of these alloy microstructures 





Fig. 10—Microstructure of Fe-B Alloy Quenched From 903°C. Alpha plus 
quenched gamma. The acicular structure is the quenched gamma phase. Note 
reaction rim at alpha-gamma interface. 2% nital. X 118. 


A typical alpha-gamma microstructure is reproduced in Fig. 10. 
All of the alpha-gamma structures observed in this study show an 
area at some alpha-gamma interfaces which has been designated as 
the “reaction rim” which appears to be a dispersion of Fe2B particles 
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Fig. 11—Ferritic Structure Observed in Fe-B Alloy Quenched From Below 896 
C. 2% nital. X 170. 


resulting from a concentration of boron in alpha ahead of the gamma 
which is about to transform. A typical ferritic structure observed 
below 903 °C (1660 °F) is shown in Fig. 11. 

Metallographic examination of Fe2B-Fe sandwiches equilibrated 
below 900 °C (1650 °F) indicated the existence of a two-phase alpha- 
gamma field below the reaction isotherm. Furthermore, solubility 
results indicated that at room temperature the solubility of boron in 
iron is practically nil. Thus, fundamentally the conditions encoun- 
tered in equilibrating Fe.B-Fe sandwiches and the iron-boron alloy 
are similar. The Fe2B in the alloy is an extremely fine precipitate 
and is distributed throughout the specimen, but the amount of boron 
in solution in the alpha matrix is extremely small. Thus, it is possible 
that the rate of solution of boron in the alloy during the isothermal 
treatment described above is such that the alpha-gamma field might 
be intercepted. Since this possibility exists, the presence of gamma 
at 903 °C (1660 °F) does not mean that the reaction isotherm lies 
below this temperature as was first thought. However, one can con- 
clude from interpretations of the observed structures that the reaction 
isotherm lies between 913 and 896 °C (1675 and 1645 °F). 

In order to insure a sufficient amount of boron in solution so that 
the alpha-gamma field would not be encountered, alloy specimens 
were heated in the gamma field so that the amount of boron in solution 
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Table IX 
Equilibration and Solubility Data for Sandwiches Equilibrated in the Alpha Region 


Electrode Time at Temp. Structure at Boron Boron 
No. Temp., °C (hours) Temp. Weight % Weight % 
11 710 304 alpha <0 .0004 0.0002 
12 710 304 . alpha <0.0004 
24 794 342 alpha 0.0012 0.0011 
25 794 342 alpha 0.0011 

0.0010 

1 849 454 alpha + 0.0023* 

20% gamma 0.0025* 

ix 849 454 alpha + 0 .0029* 
10% gamma 0 .00295* 

22 862 260 gamma-+ 0.0014* 

10% alpha 
23 862 260 gamma+ 0.0012* 


10% alpha 


*These sandwiches are not at equilibrium and thus are not maximum solubilities. 
+Obtained graphically from log Ne vs. 1/T°K plot. 


was about 0.009%. These specimens were then quenched into 
furnaces operating at 913 and 904°C (1675 and 1665 °F), then 
quenched in ice water. The quenched structures at 913 and 904 °C 
were respectively quenched gamma and alpha. Thus, on the basis 
of these results the reaction isotherm lies between 913 and 904 °C 
(1675 and 1665 °F). 

In agreement with the results obtained by differential thermal 
analyses and the heat treated alloy specimens, the solid-state reaction 
isotherm is established at 906 °C (1660 °F). 


Solubility of Boron in Alpha Iron 


Results of metallographic examination and spectrographic analyses 
for sandwiches equilibrated from 710 to 862 °C (1310 to 1585 °F) 
are given in Table IX. 

Fig. 12 shows a typical alpha-gamma structure observed at 862 

C (1585 °F). The existence of an alpha-gamma field between 849 
C (1560 °F) and the reaction isotherm at 906 °C (1660 °F) can be 
explained only on the basis of a peritectoid with a minimum point. 
A peritectoid is also indicated by the solubility results obtained from 
the specimen treated at 849 °C (1560°F). The average boron com- 
position of these specimens is greater than that obtained for gamma 
at 920 °C (1690 °F) and yet the microstructures are predominantly 
alpha. This indicates that maximum solubility has not been achieved. 

The coexistence of alpha and gamma at these temperatures leads 
to some interesting phenomena. Equilibration of pure iron with FesB 
in this region necessitates traversing two alpha-gamma fields, i.e., 
equilibrium is established at the alpha solid solution which is in equi- 
librium with Fe.B. Attempts to traverse these fields by isothermal 
treatments up to 454 hours were unsuccessful, which indicates an 
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appreciable suppression of the gamma-alpha transformation. In this 
case, the allotropic transformation is being induced by concentration 
changes rather than temperature changes. 

In addition, the alpha-gamma microstructures show a reaction 
rim at numerous alpha-gamma interfaces as pictured in Fig. 13. Note 
that a definite irregular interface exists between the reaction rim and 
the quenched gamma, and that the reaction rim is composed of very 
fine precipitate which is thought to be Fe2B. 

As a result of the apparent difficulty in approaching equilibrium 
by isothermal treatments, the alpha solvus line at 887 °C (1630 °F) 
was determined by establishing the desired boron content by equili- 
brating at the proper temperature in the gamma range and quenching 
directly to the required temperature in the alpha range. These tests 
are summarized in Table X. 


Heat Treatment Data for Determination of Solubility of Boron at 887°C 


Gamma Equilibration—_—~ ——— Transformation Below Isotherm—— 
Temp Time Boron Temp. Time Structure 
a (hours) Weight %* “CF (hours) at Temp. 
1027 75 0.0088 904 48 alpha plus FeeB 
1013 75 0.0071 887 48 alpha plus Fe2:B 
990 118 0.0052 887 51 alpha plus gamma 
972 100 0.0043 886 48 alpha plus gamma 


*Boron at equilibrium at the corresponding temperatures calculated from Fig. 10. 
tQuenched to this temperature directly from corresponding gamma equilibrium temperature. 


The above results indicate that the solubility of boron in alpha 
iron at 887 °C (1630 °F) is within the range of 0.0052 and 0.0071%. 
[t is assumed that this solubility lies at the mid-point of this range 
which gives a value of 0.0061% boron at 887 °C (1630°F). This 
value plus the experimental results obtained at 794°C (1460 °F) 
were plotted as the mole fraction of boron (log Ne) versus the re- 
ciprocal of the absolute temperature as was done for the data for 
gamma iron. 


Extrapolation of Boron Solubility to the Reaction Isotherms 


Extrapolation of the log Ng versus 1/T °K plots for alpha and 
gamma iron to the reaction isotherms yields the data listed in Table 
XI. Similar extrapolation of the alpha curve to 710°C (1310 °F) 
yields a value of 0.0002% boron compared to the experimental value 


of less than 0.0004%. 
The Minimum Point 


As seen in Table IX, isothermal treatment of sandwiches at 
862 °C (1585 °F) yields predominantly gamma with an average value 
of 0.0013% boron. According to the lever law the value of 0.0013% 
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Fig. 12—Microstructure of FeaB-Fe Sandwiches Quenched From 862°C. Alpha 
plus acicular quenched gamma are in the upper portion of the field. The FeeB layer 
is visible at the bottom of the field. 2% nital. x 170. 





Fig. 13—-Reaction Rim at Alpha-Gamma Interface. 
lar structure is quenched gamma. 2% nital. x 560. 


White area is alpha; acicu- 
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Table XI 
Solubility of Boron in Iron at the Reaction Isotherms 


Temp., °C Boron, Weight % 


1149 0.021 
906 (gamma iron) 0.0021 
906 (alpha iron) 0.0082 


710 


boron could lie either just to the right of the second gamma solvus 
line or just to the left of the first gamma solvus line. However, the 
latter case would lead to some distortion of the two-phase fields, and 
so it is assumed that the first case is valid. 

Sandwiches treated at 849°C (1560°F) show predominantly 
alpha with an average value of 0.0027% boron. The lever law places 
this value just to the left of the second alpha solvus line. The fields 
were drawn to accommodate the above values. 

On the basis of the structures observed at 849°C (1560 °F) 
(alpha plus gamma) and 794 °C (1460 °F) (alpha), it is evident that 
the temperature of the minimum point must lie within this range. 
A better estimation of this temperature was achieved by isothermal 
treatment of sandwiches at 845 and 825°C (1555 and 1515 °F). 
The results of these tests are listed in Table XII. 


Table XII 


Heat Treatment Data for Determination of Minimum Point Temperature 
Temp., °C Time at Temp. (hours) Microstructure 
849 454 alpha plus gamma 
845 51 alpha plus gamma 
819 48 alpha 
794 342 alpha 


From these results the minimum point temperature is established 
approximately at 835 °C (1535 °F) and 0.001% boron. 


DISCUSSION OF THE FE-FE2B SYSTEM AND PossIBLE TYPES 
OF Boron SOLID SOLUTIONS 


The results obtained in this study are summarized in the Fe-Fe2B 
diagram exhibited in Fig. 14 which shows that this system contains 
a peritectoid reaction with a minimum point. The shape and position 
of the portion of the diagram associated with the minimum point 
should be regarded as only approximately correct. 

It is of interest to speculate about the possible types of solid 
solutions that boron might form with iron on the basis of the present 
diagram. In general, based only on the size factor, if the ratio of the 
radii of solute to solvent atom is less than 0.59, the conditions are 
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favorable for the formation of interstitial solid solutions. It has also 
been found that if the radius ratio is between 0.85 and 1.15, a sub- 
stitutional solid solution is usually formed. The average radius of the 
boron atom is 0.95 A and the radius of gamma iron at 910 °C (1670 

F) is about 1.28 A which gives a radius ratio of 0.74. For alpha 
iron at 910 °C (1670 °F) the ratio is 0.76. These ratios lie in the 
twilight zone between the interstitial and substitutional limits given 


Atomic % 
0.01 03 05 O07 09 110 


1200 


1100 








700 
O 004 008 O12 O16 020 024 


Boron (wt. %) 


Fig. 14—The Fe-FeeB System According 
to the Present Study. 


above and could possibly form either type. For comparison, the co- 
valent radius of carbon is 0.77 A and the radius ratios for alpha and 
gamma iron at 910°C (1670°F) are respectively 0.61 and 0.60. 
Carbon forms interstitial solid solutions with both alpha and gamma 
iron. 

The probable types of boron solid solution in iron may be clarified 
by consideration of the relative size of the boron atom and the inter- 
stitial and substitutional holes in the lattice. The edge length of the 
unit cells for alpha and gamma iron at 910°C (1670 °F) are given 
as follows: 





| 
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ao for B.C.C. at 910° C = 2.895 A 
a» for F.C.C. at 910 °C = 3.635 A 


Sise of Substitutional Hole 
B.C.C. d=V3/2a.=251A 
PCC. d=wvVW2Z/2a. 257A 
Size of Interstitial Hole 


B.C.C. d=0.252a.—0.73 A 
F.C.C. d=0.293a,.=—1.07A ; 


So ARN el 


Therefore the ratio of the diameter of the boron atom to the 
available positions is as follows: 


Alpha Iron 





Boronatom_ __'1.90 — 260 
Interstitial hole 0.73 
Boron atom Io... 0.76 


Substitutional hole 2.51 


Gamma Iron 





Boronatom ss. 90 — 4.7 
Interstitial hole 1.07 
Boron atom 190 «. 0.74 


Substitutional hole 2.57 


Considering alpha iron, boron is over 2.5 times as large as the 
interstitial hole and thus the possibility of occupying this position is 
negligible. However, boron could fit substitutionally and this would 
result in a contraction of the alpha lattice. It should be pointed out 
that an indication of such a contraction was observed by Wever and 
Mueller (5). It would also appear that boron is substitutional in 
gamma, but the choice is not quite so definite. 

The expansion or contraction of a hole upon introducing a boron 
atom, and the concomitant energy required, is proportional to the cube 
of the change in diameter. The ratios of solubilities of boron in alpha 
and gamma iron were estimated from energy considerations alone, 
assuming various combinations of types of solid solutions. These 
estimations are summarized below: 

Ratio of Solubilities 

Assumed Types of Solutions ( Alpha/Gamma ) 

(a) Alpha — interstitial 


Gamma -— interstitial — 

(b) Alpha — interstitial 0.19 
Gamma -— substitutional 

(c) Alpha — substitutional 2.52 
Gamma - interstitial 

(d) Alpha — substitutional 1.32 


Gamma — substitutional 
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Extrapolation of the data for the solubility of boron in gamma 
iron to the peritectoid isotherm gives a value of 0.0021%. Since the 
solubility of boron in alpha iron at 906 °C (1665 °F) is greater than 
in gamma iron, only cases (c) and (d) of the above ratios are con- 
sidered. Assuming the conditions given in (c), the predicted solu- 
bility in alpha at 906 °C (1665 °F) would be 0.0053%. Conditions 
given in part (d) yield a value of 0.0028%. On the basis of the 
comparison of these values with the extrapolated value of 0.0082% 
boron in alpha iron at 906 °C (1665 °F), it is assumed that boron 
forms a substitutional solid solution in alpha iron but an interstitial 
solid solution in gamma iron. High temperature X-ray data are 
needed to establish definitely the type of solid solution in gamma iron. 

The evidence pointing to an interstitial solid solution in gamma 
iron and a substitutional solid solution in alpha iron suggests a pos- 
sible complication in the allotropic transformation in iron-boron alloys. 
For example, in the gamma-alpha transformation, the boron atoms 
would be forced to shift from interstitial sites in gamma iron to sub- 
stitutional sites in alpha iron. This requirement may be a contributing 
factor to the “hanging up” of the allotropic transformation in attempt- 
ing to equilibrate iron with Fe.B in the temperature range 906 to 835 

C (1665 to 1535 °F) and the appearance of the reaction rim pre- 
viously discussed. 
SUMMARY 


1. The solid solubility of boron in alpha and gamma iron was 
determined by equilibrating high purity iron with Fe.B. The reaction 
isotherms in the Fe-Fe2B system were studied by metallogr raphic tech- 
niques and by differential thermal analysis. b>) 

2. The Fe-Fe2B system contains a peritectoid reaction Ww ith a 
minimum point. The peritectoid reaction isotherm is plage at 906 
°C (1665 °F). The location of the minimum point is approximately 
at 0.001% boron and 835 °C (1535 °F). 

3. The Fe-FesB eutectic reaction isotherm was establishad~“4 
1149 °C (2100 °F). 

4. The solubility of boron in alpha iron varies from less than 
0.0004% at 710°C (1310°F) to 0.0082% at 906°C (1665 °F). 
The solubility of boron in gamma iron varies from 0.0021% at 906 
°C (1665 °F) to 0.0210% at 1149 °C (2100 °F). 

5. On the basis of relative solubilities and the size of the inter- 
stitial hole in alpha iron and gamma iron, it is tentatively concluded 
that boron forms a substitutional solid solution in alpha iron and an 
interstitial solid solution in gamma iron. 
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DISCUSSION 


Written Discussion: By M. E. Nicholson, Institute for the Study of 
Metals, University of Chicago, Chicago. 

When Messrs. Spretnak, Speiser, and co-workers first indicated that 
their iron—iron boride sandwiches showed alpha and transformed gamma 
after annealing at temperatures between 835 and 900°C (1535 and 1650 
°F), we at the Institute for the Study of Metais became interested in the 
cause of this behavior. There appeared to be two hypotheses which would 
explain their results: the first, that adopted by the authors, that the equi- 
libria are true equilibria of the Fe-Fe.B system, and the second, which | 
would like to discuss, that these equilibria are due to impurities. 
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Three points in the authors’ work inclined us toward the impurity 
hypothesis: first, the carbon content of the alloys; second, the micro- 
structure of the “2-phase” alloys; and third, the 
boron on the gamma-alpha transformation. 
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Because of the strong influence of carbon on the gamma-alpha phase 
equilibria, which is demonstrated in Fig. 15, the carbon content of the 
authors’ samples, which varies between 0.006 and 0.009%, may change the 
phase equilibria from a simple peritectoid relationship to a more compli- 
cated relation such as shown in Fig. 16. The structures obtained by the 
authors are indicated on the diagram. It can be seen that all of the alpha- 


plus-gamma structures fall in phase regions where these phases would be 
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Fig. 17—Microstructure of Iron-Boron Alloy Heated for Approximately 5 Min- 
utes at 900 °C (1670 °F) and Quenched in 10% Brine. Etched with 2% picral and 
2% nital. x 100. 


expected to coexist. However, several “all-alpha” structures, indicated by 
the solid squares, are found where coexistence of alpha and gamma would 
be expected. Presumably these samples had structures similar to that 
shown in Fig. 11. From the grain configuration, it is believed that the 
structure was actually alpha plus gamma at temperature. A similar con- 
figuration of grains is shown in Fig. 17 which was produced by heating 
an iron-boron alloy to a temperature where alpha and gamma would co- 
exist. This specimen was cooled at such a rate that only part of the 
gamma transformed to a Widmanstatten structure. 

Second, the sandwich diffusion couples exhibited two-phase regions 
which should not exist, even though equilibrium were not obtained, if the 
diffusion couple were a pure binary system. 

Finally, it would appear that the boron influence on the lowering of 
the alpha-gamma transformation is several orders of magnitude greater 
than the theoretical maximum suppression. Using the Van’t Hoff equa- 
tion, a solute mol fraction of 5 x 10° should lower the transformation 
temperature of the order of 1°C. A lowering of 65°C could only occur 
if the heat of transformation of iron were reduced by the addition of boron 
to approximately 1/100 of its normal value, a change in heat of transfor- 
mation which is not observed. 

In order to determine which hypothesis was correct, a number of iron 
and iron-boron alloys have been heat treated in the temperature range 
between 875 and 915°C (1605 and 1680°F) and examined metallographi- 
cally. The bulk of these show that in well-decarburized iron-boron alloys 
transformed gamma does not form between 875 and 900 °C (1605 and 1650 
°F). In iron-boron alloys containing about 0.005% carbon, an alpha-pius- 
transformed-gamma structure was always observed when quenched from 
this temperature range. These alloys varied in boron content from 0 to 
approximately 0.010%.. An anomaly developed in some decarburized iron- 
boron alloys which were first heated to 1000°C (1830°F), then cooled to 
885 °C (1625°F). Transformed gamma is found in the microstructure of 
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these alloys after quenching in brine. Thus at the moment, the results 
tend to indicate that structures observed by the authors are due to im- 
purities. They also indicate a behavior which cannot be explained on the 
simple impurity hypothesis. 

With regard to the solid-state reaction isotherm, which was deter- 
mined by thermal analysis, was the rate of heating and cooling approxi- 
mately 20°C per minute or 20°C per hour? It would seem that in view 
of the fact that boron has a pronounced effect on the rate of the gamma- 
alpha transformation, it is likely that such rapid rates of heating and cool- 
ing are obscuring the true relation of the transformation temperatures of 
the iron and the iron-boron alloy. 

The authors present a very interesting suggestion in considering that 
boron may form an interstitial solid solution in gamma iron and a substi- 
tutional solid solution in alpha. With reference to the conclusion of Wever 
and Mueller that boron produced a contraction in the lattice parameter of 
iron, a study of their results shows this conclusion was quite unjustified. 
Further experiment is necessary before it can be determined whether 
boron occupies substitutional or interstitial positions in the alpha iron 
lattice. 

Written Discussion: By Paul E. Busby and Cyril Wells, Metals Re- 
search Laboratory, Carnegie Institute of Technology, Pittsburgh. 

The authors are to be commended for their contribution of fundamen- 
tal data which are basic for a full understanding of the unusual effects of 
boron in hypoeutectoid steel. For several years studies of the rate of 
diffusion of boron in alpha and gamma iron have been in progress in the 
Metals Research Laboratory of the Carnegie Institute of Technology. In 
addition to attaining the original objective of providing equations to repre- 
sent the diffusion of boron in alpha and gamma iron, estimates of solu- 
bility limits of boron in the alpha and gamma phases of iron and steel 
were obtained from discontinuous concentration-penetration curves as a 
by-product of the diffusion studies*. Solubility data for both commercial 
steels and pure metals were essentially alike. 

The solubility values based on diffusion experiments and those re- 
ported by the authors using a completely different method on pure iron- 
boron alloys are in good agreement within the limits of experimental and 
sampling errors. These observations suggest that the solubility of boron 
in iron is not markedly affected by the presence of alloying elements and 
carbon within the carbon range investigated (0.43% carbon). It appears, 
therefore, that the Fe-FesB diagram derived by the authors for pure iron 
can be utilized in connection with low alloy steels. 

Supporting evidence for the authors’ suggested minimum in the phase 
diagram is also available from diffusion results which indicate that the 
distance to the interface in deboronized specimens was considerably less 
at 850 °C (1560 °F) than at 835 °C (1535 °F) after a given time. Estimates 
of the solubility of boron in alpha iron based on these tests are 0.0018% 
boron at 8385 °C (1535 °F) and only 0.0004% boron at 850°C (1560°F), as 


“Paul E. Busby, Mary E. Warga and Cyril Wells, “Diffusion and Solubility of Boron 
in Iron and Steel’, Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 197, 1953, p. 1463; Journal of Metals, November 1953. 
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indicated in another publication®. It is also pointed out there that the 
authors’ tentative conclusion, “boron forms a substitutional solid solution 


in alpha iron and an interstitial solid solution in gamma iron”, is con- 


sistent with the relative diffusivities of boron in the two phases. 





Authors’ Reply 


The authors wish to express their appreciation for the interest shown 
and are particularly gratified to learn of the confirming data reported by 
Messrs. Busby and Wells. 

In answer to Professor Nicholson we would first like to correct the 
statement that the two-phase alpha-gamma structures were assumed to 
be at equilibrium. As stated in the paper, these nonequilibrium structures 
indicate an appreciable suppression of the allotropic transformation which 
in this case is being induced by concentration changes rather than tem- 
perature changes. 

Secondly, the Van't Hoff equation applies only to dilute solutions in 
which the solvent obeys Raoult’s law. But the range of concentrations 
over which the solvent obeys Raoult’s law can be determined only by 
experiment. The type of diagram obtained indicates that even at the low 
concentrations of boron involved, dilute solution behavior is not followed. 

In regard to the rate of heating and cooling used in differential ther- 
mal analysis, rates from 5 to 40°C per minute were investigated and 
showed no effect on the transformation temperatures. 

Professor Nicholson has proposed that the existence of the two-phase 
fields below the reaction isotherm is due to the effect of carbon and yet 
states that this cannot fully explain these structures. The data reported 
by Busby and Wells show that carbon has little effect on the solubility of 
boron. 

In regard to the alpha microstructure presented in Fig. 11, we fail to 
see any similarity between Fig. 11 and Fig. 17 presented in the discussion. 
Fig. 11 presents a typical alpha plus Fee.B microstructure resulting from 
quenching the Fe-B (0.018% B) alloy below 896 °C. 


‘Paul E. Busby and Cyril Wells, “Diffusion of Boron in Alpha Iron’’, submitted in Octo 
ber 1953 for publication by the American Institute of Mining and Metallurgical Engineers. 










DETERMINATION OF OXYGEN IN TITANIUM AND 
ZIRCONIUM BY THE ISOTOPIC METHOD 


By A. D. KrrsHENBAUM, R. A. MOSSMAN AND A. V. GROSSE 


Abstract 


The quantitative methods for determining the oxygen 
content of metals such as titanium and zirconium used at 
present are not very accurate and at times are long and te- 
dious, requiring complete removal and quantitative recov- 
ery of oxygen from the metals in the form of a suitable 
compound. The Isotopic Method using O'* as a tracer 
does not require quantitative separation or recovery of the 
oxygen, thus giving accurate results. The only require- 
ment of this method is the exchange of all oxygen atoms 
in the system, which is accomplished at the high tempera- 
tures used. Good, accurate oxygen values were obtained 
by this method for titanium and zirconium metals in the 
range of 0.2 to 26‘ 


Ie [S important to be able to determine the oxygen content of 
titanium and zirconium accurately because even a small amount 
greatly alters the physical properties of the metals by nereRnnG their 
brittleness and hardness and decreasing their workability (1, 2, 3)’. 
At present two types of methods are used to determine the oxygen 
content of titanium and zirconium—the chemical methods and the 
vacuum-fusion methods. 

In the chemical methods the metals are converted to the chloride 
by some chemical action such as chlorine (4) or hydrogen chloride 
(5) leaving unreacted oxides, carbides and nitrides, which have to be 
analyzed further and the oxygen estimated. These methods assume 
no oxychloride formation and generally require long periods of time 
to make a single analysis; their procedures are tedious because of 
many manipulations and are subject to cumulative errors. 

The vacuum-fusion method requires quantitative reduction of 
the oxide by carbon to carbon monoxide, and the amount of carbon 
monoxide formed is determined quantitatively (6, 7,8). Two modes 
of attack are generally used for the vacuum-fusion method. One uses 
an iron bath as a diluent (7) to produce a low melting alloy while 
the other uses high temperatures above the melting points of titanium 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 


held in Cleveland, October 17 to 23, 1953. The authors, A. D. Kirshenbaum, 
R. A. Mossman and A. V. Grosse, are associated with the Research Institute of 


Temple University, Philadelphia. Manuscript received April 27, 1953. 
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and zirconium, an excess of graphite and a tin accelerator (6). In 
the iron technique, a small amount of metal (titanium or zirconium) 
is added to a large amount of molten, graphite-saturated iron (0.10 
gram metal to 20 grams iron) resulting in a dilute solution of zirco- 
nium or titanium in the iron. Improper dilution of the zirconium 
results in low oxygen values (7). In the technique using tin and 
excess carbon, the sample to be analyzed, wrapped in twice its weight 
of tin, is dropped into a graphite crucible containing an excess of 
graphite shavings and heated to 1900 °C (3450 °F). 

Complete removal and recovery of the oxygen in the metal is 
required in both of these techniques. The gas pickup characteristics 
of both hot titanium and hot zirconium, however, make it impossible 
at times to obtain quantitative oxygen extraction. 

The isotopic method used by the authors to determine the oxy- 
gen content of titanium and zirconium does not encounter this diffi- 
culty since quantitative removal and recovery of the oxygen is not 
necessary. The only requirement of this method is exchange of all 
oxygen atoms in the system which is accomplished at the high tem- 
peratures used. This isotopic method is an extension of the Ele- 
mentary Isotopic Method developed in recent years by the writers 
for organic compounds (9,10,11) for fluorocarbons (12) and was 
applied to metals recently, concentrating first on the analysis of oxy- 
gen in copper, iron and their oxides (13). 


PRINCIPLE OF THE Isotopic METHOD 


The principle of the Isotopic Method is an adaptation of the iso- 
topic dilution principle originally introduced by Hevesy and Paneth 
(14). A known weight of the titanium or zirconium to be analyzed, 
together with a known weight of metal or metal oxide containing a 
given amount of oxygen of known O%* concentration and enough 
graphite to convert the metal to the carbide, is heated to above their 
melting points for 1 to 2 hours, i.e., at 1800 to 1850°C (3270 to 
3360 °F) for titanium and 1850 to 1900 °C (3360 to 3450 °F) for 
zirconium in a graphite crucible. At this temperature all of the oxy- 
gen atoms exchange statistically with the various oxygen-containing 
compounds (metal oxide, carbon monoxide and carbon dioxide). 
The ratio of the oxygen isotopes (Q'8/O"*) in all these or any other 
oxygen-containing compound present at equilibrium is identical. The 
ratio O!8/O!* can be determined with a high degree of precision by 
means of modern isotopic mass spectrometers. 

Knowing this ratio, the per cent oxygen is calculated from the 
equation 
_ b(m—n). 


X % ———— * 100 


where a is the known weight of the sample, containing X weight % 
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of the oxygen to be analyzed, and is equilibrated with a known weight, 
b, of O'8 labeled oxygen containing m atom % of oxygen-18 in excess 
of the normal isotopic concentration (~0.21%) and atom % is the 
excess oxygen-18 concentration after equilibration. The exact normal 
isotopic concentration is determined before each analysis. 

In the analysis of metals and oxides for oxygen it is important 
to insure complete exchange of the O'® and O'* atoms. This is read- 
ily accomplished by preparing master alloys containing known 
weights of oxygen of known O'* concentration, mixing them with 
graphite and the samples to be analyzed and finally heating the mix- 
tures at 1800 to 1850 °C (3270 to 3360 °F) and 1850 to 1900 °C 
(3360 to 3450 °F), for titanium and zirconium, respectively. 

The precision of the Isotopic Method is independent of the oxy- 
gen concentration in the metal. If small quantities of oxygen are 
expected, the amount of oxygen-18 added (as O'* Master Alloy) to 
the sample can be adjusted accordingly. Thus results of high preci- 
sion may be obtained even if traces of oxygen are present. 


Apparatus 


The apparatus used was similar to that described in a previous 
publication (13), except for the reaction vessel being a vertical quartz 
tube closed on one end instead of a horizontal platinum or molybde- 
num one. The reaction vessel consisted of a quartz test tube (F), 
30 mm. o.d. (25 mm. i.d.), and 30 cm. (1 ft.) long sealed with de 
\otinsky cement to a pyrex head (B). The quartz tube was cooled 
by means of a 3-inch long water jacket (C) 1 inch below the de 
Kotinsky seal outside the induction furnace (H). The pyrex head, 
30 mm. i.d. and 5 cm. (2 inches) high, was connected by means of 
a three-way vacuum stopcock to a Toepler pump (J), 3 mm. o.d. 
sampling tubes (IX) and the vacuum system (L), as shown in Fig. 1. 
An optically clear sight-glass window (A) was sealed to the top of 
the pyrex head for temperature readings. A glass hook, on which 
the graphite crucibles (1) used were hung, was centered in the head. 

The graphite crucibles were made from %-inch graphite rods, 
Dixon E-821 grade, and were % inch o.d., 11% inches long and had 
a wall thickness of 0.015 to 0.020 inch. Loose-fitted graphite covers 
0.030 inch thick were machined from the same graphite rods. <A 
3g-inch hole was drilled through the center of the lid through which 
gas could escape and temperatures be read. The crucible was 
wrapped with one layer of molybdenum sheet 0.001 inch thick. Two 
molybdenum reflectors 0.003 inch thick were used, one (E). horizon- 
tally above the crucible 1% inch outside the induction furnace and the 
other (G) vertically between.the crucible and the quartz tube. The 
crucible and horizontal reflector were hung in the reaction vessel on 


the end of 0.009-inch molybdenum wires (D). 
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; 
H 
A= Sight Glass Window 
B= Pyrex Head G= Vertical Molybdenum Reflector 
C= Water Jacket H= Induction Furnace 
D = 0.009" Molybdenum Wires I = Graphite Crucible 
E = Horizontal Molybdenum J=Toepler Pump 
Reflector K= 3mm. Sampling Tubes 
F = Quartz Test Tube L=Vacuum System 


Fig. 1—Schematic Diagram of Apparatus Used in this Investigation. 


Experimental Procedure 


In determining the oxygen content of the titanium-oxygen alloys, 
a known weight of the titanium-oxygen alloy (~500 mg) was mixed 
with a known weight (~100 mg) of O'® labeled titanium-oxygen 
master alloy containing a given amount of oxygen of known O*%% 
concentration and enough graphite powder to convert all of the tita- 
nium to the carbide (~14 weight. of titanium sample plus Master 
Alloy). The mixture was placed in a molybdenum covered baked 
graphite crucible (baked at 2200 °F for 3 hours while pumping at 
<10* mm. pressure). The crucible and horizontal reflector. were 
then centered in the quartz tube which in turn was centered in the 
induction furnace (3 inches long, 32 mm. i.d.), and connected to the 
Toepler pump, sampling tube and vacuum system as shown in Fig. 1 
and evacuated to 10* mm. Hg pressure or lower. The quartz tube 
was then closed off from the vacuum system and heated to between 


1750 and 1850 °C (3175 and 3375 °F) by means of the induction fur- 
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nace. Carbon monoxide began evolving after heating for 30 min- 
utes at 1750 to 1850 °C. To insure equilibrium conditions the gases 
liberated were circulated from the cold to the hot zone of the quartz 
tube every 10 minutes by means of a Toepler pump connected to the 
quartz tube. After 2 hours of heating the CO liberated was removed 
and analyzed for the O1*8/O"* ratios. 

In determining the oxygen content of the zirconium-oxygen al- 
loys, the same procedure but higher temperature (1800 to 1900 °C) 
was used. The O'® concentration of the Master Alloy was deter- 
mined by heating the Master Alloy, mixed with graphite powder, in 
the graphite boat and determining the O'* concentration of the lib- 
erated CO and COs. 

Before each analysis, the sample to be analyzed was heated 
[1400 °C (2250 °F) for titanium and 1500 °C (2730 °F) for zirco- 
nium] in an oxygen-free helium atmosphere to prevent a sudden 
evolution of hydrogen gas from carrying some of the sample out of 
the graphite crucible. After 5 to 10 minutes of heating, the system 
was slowly evacuated and then connected to the Toepler pump and 
heated at the higher temperatures needed. 


Preparation of O18 Metal Master Alloy 


The titanium—oxygen-18 Master Alloy used for the determina- 
tion of oxygen in both titanium and zirconium was prepared by heat- 
ing a platinum boat containing Rem-Cru titanium sponge fines with 
O}* labeled oxygen at about 550°C (1025°F). After all of the 
required oxygen had been consumed the titanium —titanium oxide 
mixture was heated at ~700 °C (~1300 °F) for 24 hours in order 
to distribute the oxygen uniformly throughout the titanium sponge 
fines. After cooling, the titanium-oxygen alloy was ground in an 
agate mortar and pestle. The weight % of oxygen in the Master Alloy 
was 1.8917%, with an O18 concentration (m) of 10.6461 atom %. 


Samples Analyzed 


The titanium samples analyzed were Rem-Cru sponge fines in 
various stages of oxidation obtained by heating in oxygen, the oxy- 
gen content of which varied from 0.2 to 2%. The zirconium sam- 
ples used were Foote Mineral Company’s zirconium wire (0.010 
inch in diameter), zirconium dioxide (Eimer & Amend, c.p. anhy- 
dride) and mixtures thereof. The oxygen content of these samples 


varied 0.3% for the wire to 26% for the zirconium dioxide. 


Method of Calculation 


As previously stated, the per cent oxygen is calculated from the 
formula given in the section entitled “Principle of Isotopic Method”. 
The per cent oxygen obtained is then corrected for the oxygen con- 
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Table I 
Determination of Oxygen in Titanium, Zirconium and Their Oxygen Alloys 


Calculated % O in Sample 
o J 


70 % ( Yb- 
Sam Temp. in Gain served 
ple Wt. Heated, Original in Total % Differ- 
No. Sample gms “"_, Metal* Wt. % Oxygen ence 


1 Rem-Cru titanium 


sponge fines 1.4059 1750— 
1850 cine om See i 0.286 
2 Rem-Cru titanium sponge 
fines heated in O2 0.51426 1750- 
1800 0.286 0.778 1.064 0.994 —0.070 


3 Rem-Cru titanium sponge 
fines heated in Oz 


.60912 1800 
1850 0.286 1.683 1.969 1.949 0.020 
4 Foote Mineral 


zirconium wire .00137 1840 


Ow 


1900 Lata cee ae cats ed 0.312 
5 Foote Zr wire + ZrOz 1.10289 1900 

2000 0.312 0.0237 0.335 0.330 —0.005 
6 Foote Zr wire + ZrOez 0.99842 1900 

2000 0.312 0.1327 0.444 0.433 0.011 
7 Foote Zr wire + ZrOe 1.03274 1800 

1900 0.312 0.3187 0.630 0.617 +0.013 
Ss Foote Zr wire + Zr( do 0.74323 1825 

1885 0.312 0.701% 1.013 0.988 0.025 
9 ZrOe (E. & A. c.p. 

anhydride) 0.05073 1800 
1825 25.970t 26.065 +0.095 


*Analyzed by isotopic method. +From amount ZrOe added. {Theory for 100% ZrOsz. 


tent of the crucible and powder used. This correction is described 
in detail in a previous publication (13). The per cent oxygen in the 
graphite crucible (Dixon E-821 grade) and powder (National Spe- 
cial Spectroscopic Graphite, Grade SP-2, Lot 815) is 0.0743 wt. % 
and 0.150 wt. %, respectively. : 


EXPERIMENTAL RESULTS 


In order to analyze titanium and zirconium for oxygen by the 
isotopic method, some of the gas pickup characteristics of these metals 
had to be eliminated. This was accomplished by converting the metals 
into nongetter compounds, such as the carbides, by reacting with 
carbon. 


M+C—MC 
where M is either titanium or zirconium. At the same time the oxide 
is reduced. 

MO. +3C—>MC+2CO 


The results obtained upon analyzing the various titanium and 
zirconium samples are presented in Table I. It can be seen from a 
study of this table that good, accurate results are obtainable by the 
Isotopic Method of analysis. The data also show, as had been ex- 
pected, that better results are obtained when heating samples at 
higher temperatures. For example, sample No. 2 gave a greater 
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deviation from the true value than sample No. 3 which was heated 
at approximately 50 °C higher. 

It is interesting to note that gases were liberated below 1750 °C 
(3180 °F) with both titanium and zirconium. When the samples 
were heated at this low temperature, however, complete equilibrium 
was not reached. This is shown by the following examples: 

1. A sample of titanium containing 1.455 wt. % oxygen 

when analyzed at 1700 to 1725 °C (3090 to 3135 °F) was 
found to contain only 1.314% oxygen, thus being 0.141% 
low. 


ho 


A sample of zirconium dioxide containing 25.97 wt. % oxy- 
gen when analyzed at 1700 to 1725 °C (3090 to 3135 °F) 
was found to contain only 21.47% oxygen, thus being 4.50% 
low. This emphasizes the point that it is best to heat the 
metal above its melting point so that carbide formation occurs 
with the liquid metal rather than in either the solid or the 
partially solid metal. 


DISCUSSION OF RESULTS 


It is recognized that an oxygen-free reaction vessel would be 
most desirable. A quartz vessel was used, however, since no oxygen- 
free one available at the present would suit the requirements, i.e., 
hold vacuum at the high temperatures required. It was found that 
under the conditions used, either negligible or no isotopic exchange 
occurred between the oxygen atoms in the quartz and those in the 
liberated gases. Since small exchange might significantly affect the 
results in the extremely low oxygen range, exchange experiments 
were performed to determine the rate of such exchange, if any. 

The exchange experiments were performed at 800 °C (1470 °F), 
since it was found that the hottest temperature of the quartz was 600 
to 700 °C (1110 to 1290 °F). This temperature was obtained when 
analyzing zirconium for oxygen. 

In the exchange experiments, 3.61 cc (at N.T.P.) of carbon 
monoxide, CO, containing 13.8737 atom % oxygen-18 was added to 
the quartz tube used in the isotopic method of analyzing for oxygen 
and heated to 800 + 25 °C for 4 hours. The quartz surface area in 
the hot zone was 195 cm?. After the experiments the O'*%/O'® ratio 
in the carbon monoxide was determined by mass spectral analysis. 
The oxygen-18 concentration was found to be 13.6246 atom %. Thus 
the difference between oxygen-18 concentration before the exchange, m, 
and that after the exchange, m, i.e. (m — n), was 0.2491 atom % O'*. 

Since in the isotopic method only 42 cm* of quartz surface was 
exposed to the heat and oxygen-18 labeled carbon monoxide and the 
heating period was only 2 hours, (m—n) would amount to only 
0.0268 atom % O'8. When analyzing for oxygen, however, (m — n) 
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is normally kept between 5 and 7 atom %; the error due to a possi- 
ble O'® exchange between the gas and the surface is: 


(0.0268 
6.0000 * 100 
or only 0.45% of the oxygen content. 


A summary of the data obtained in the exchange experiments is 
given in Table II. 





Table II 
Exchange Between O' in Gas and Oxygen in Quartz 


Error 

Surface Temperature cc. CO Atom % % of 
Area, of Quartz, at Time, Atom % Difference Oxygen 
cm? “c N.T.P. Hours O18 m—n Content 
Original CO et a ee : Se, eet” patie te 
Exchange experiment 195 800 + 25 3.61 4 13.6246 > dae aes 
Analytical run 42 700 ~d4 - eed Foe OO ae 
Regular analysis 42 700 a a ee 0.45% 


5-7 
(Avg. — 6) 


A study of the data presented shows that accurate quantitative 
results are obtained when using the Isotopic Method of analysis. The 
reason for this accuracy lies in the principle of the method, namely, 
that complete removal and recovery of all the oxygen in the metal is 
not necessary. 
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DISCUSSION 


Written Discussion: By Manley W. Mallett, assistant chief, Thermal 
Chemistry Group, Battelle Memorial Institute, Columbus, Ohio. 

The authors of this paper are getting into a field of analysis which 
merits considerable attention. Knowledge of the oxygen contents of 
titanium and zirconium alloys is extremely important. However, the most 
significant range of oxygen contents will probably be below the lower 
limit of contents studied in the present investigation. I hope the authors 
find the opportunity to extend their excellent work into this more exact- 
ing region. 

It is stated that “the gas pickup characteristics of both hot titanium 
and hot zirconium ... make it impossible to obtain quantitative oxygen 
extraction” by vacuum fusion. In the case of titanium, this difficulty was 
nicely overcome by Walter some time ago (Ref. 6) and more recently 
confirmed by work at Battelle Memorial Institute*. Work on zirconium, 
at Battelle, shows that this metal also is amenable to vacuum-fusion 
analysis with no undue interference from gettering. 

Although of mo significance to the present study, the blank gases 
evolved from the partially degassed graphite parts and exchange of oxy- 
gen in molybdenum parts would probably prove a handicap in analyzing 
metal of truly low oxygen content. This | should consider a greater po- 
tential interference than oxygen exchange with the quartz furnace tube. 

I understood that one of the advantages of the isotopic method was 
that a certain amount of gettering of evolved gases could be tolerated. 
This is in contrast with the statement that “gas pickup characteristics of 
the metals had to be eliminated”. Will the authors please comment on 
this? 


The authors are to be congratulated on their work. It is only through 
2W. M. Albrecht and M. W. Mallett, “The Determination of Oxygen in Titanium’ by 
the Vacuum-Fusion Method’’, to be published in Analytical Chemistry. 





by 
v 


534 TRANSACTIONS OF THE ASM Vol. 46 


the stimulus of competing methods that good methods of analysis are 
evolved. 

Written Discussion: By F. C. Benner, assistant director, Chemistry 
Department, National Research Corp., Cambridge, Mass. 

This paper is a valuable contribution and will be of interest to all who 
are concerned with the problem of determining the oxygen content of 
metals. The possible superiority of the isotopic dilution technique over 
existing methods and especially over the vacuum-fusion technique will be 
disputed by many until both methods have been cross-checked on reliable 
standards. In any event, we must welcome a new technique which appears 
to be of promise. It is to be hoped that work will continue to apply this 
technique to metals of lower oxygen content. 

I feel the authors are not justified in their appraisal of the vacuum- 
fusion method which has been the work-horse for many years in this type 
of analytical problem. Complete removal and recovery of oxygen in the 
metal by reduction of the oxides with carbon is indeed a requisite of the 
vacuum-fusion method. The authors state that “The gas pickup charac- 
teristics of both hot titanium and hot zirconium ... make it impossible 
to obtain quantitative oxygen extraction.” Let us point out that in the 
analysis of titanium for oxygen by the Walter’s technique, enough carbon 
is present to reduce oxides and to convert all titanium metal to titanium 
carbide. There is no free titanium metal present when the reaction is 
complete. In his original paper describing this modification of the vacuum- 
fusion technique, Walter (Ref. 6) showed that oxygen recoveries “above 
97%’ were realized in the analysis of standard samples prepared by addi- 
tion of pure titanium dioxide to titanium metal, as well as samples pre- 
pared by addition of gaseous oxygen to titanium specimens. This recov- 
ery certainly can be considered to be quantitative. Sloman and his col- 
laborators at the National Physical Laboratory (England) over a period 
of many years have demonstrated the quantitative reduction of many 
oxides by the vacuum-fusion technique. 

A major problem in the vacuum-fusion technique is met when dealing 
with alloys in which one or more of the alloying elements is volatile and 
forms condensed films in cool parts of the apparatus which then getters 
part of the carbon monoxide evolved from the furnace. The reduction 
conditions being very similar in the isotopic dilution technique, volatili- 
zation of elements such as manganese and chromium may well occur. It 
will be necessary to establish whether this behavior will prevent complete 
equilibration of O“ and O” within the system and to determine the degree 
of error introduced. 

Another similarity exists between the vacuum-fusion and _ isotope 
dilution techniques. In both techniques carbon is used to reduce the 
oxides in the metal. In the vacuum-fusion technique, measurement of the 
total quantity of carbon monoxide produced is the primary measurement ; 
in the isotope dilution technique, the O*/O” ratio in the carbon monoxide 
is the primary measurement. In both techniques, part of the oxygen com- 
bined in the carbon monoxide on which the measurements are made de- 
rives not from the sample being analyzed, but from the carbon used in the 
reduction. The “blank” thus introduced should preferably be kept to a 
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small fraction of the total oxygen value. The higher the value of the 


“blank”, the more accurately must the blank value be known. In the 
range of oxygen concentrations reported, the blank value is not critical. 
However, since in some metals the oxygen concentration does not exceed 
0.001%, the control of the blank becomes more of a problem. It may be 
the “blank” which ultimately determines the sensitivity of the method, 
rather than the sensitivity of the primary measurement. The authors 
may well discover that the expenditure of time and effort to obtain low 
“blank” values may not be greatly different from that required in the 
vacuum-fusion technique. 

The work presented is a good start, but it must be recognized that 
many of the major problems which will be encountered in the wide range 
of metals and alloys which require analysis for oxygen may require con- 
siderable ingenuity to solve. 

Written Discussion: By W. A. Peifer, research engineer, 
Laboratory, Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

It is interesting to see a different approach for the determination of 
oxygen in titanium and zirconium. It presents a new opportunity to com- 


Research 


pare values with the older methods for the purpose of accuracy evaluation. 
The accuracy of an analytical method is sometimes a difficult matter to 
measure because of the difficulties in preparing a suitable standard. Good 
check values obtained by methods differing in principle are convincing. 
We have recently secured some of the authors’ sample No. 1 with this in 
mind. Unfortunately we have not had an opportunity to analyze the 
sample as yet. 

I should like to take exception to the authors’ statement that it is 
impossible to obtain quantitative oxygen extraction by the vacuum-fusion 
method. We have demonstrated to our own satisfaction that it can be 
done with titanium, and Walter (Ref. 6) has published convincing data to 
the same effect. In this connection the authors seem to be self-contra- 
dictory. They state that the gas pickup characteristics of hot titanium 
and zirconium make it impossible for the vacuum-fusion method to be 
quantitative, and later in the paper state this characteristic had to be 
eliminated to make the isotopic method work; and they accomplished this 
by converting the metals into non-getter carbides, the identical result 
obtained under practically identical conditions in the vacuum-fusion 
method. 

The authors in a previous publication on the isotopic method for 
oxygen in metals claim for it greater speed than for other methods in use. 
I believe this is an incorrect evaluation, as the vacuum-fusion method ap- 
pears to me just as fast. Both methods are similar in their time require- 
ments for both crucible degassing and sample extraction and analysis; 
about 3 hours for the former and 2 hours for the latter. In fact, in a 
properly designed vacuum-fusion apparatus five samples can be analyzed 
in one crucible with only one crucible degassing period necessary for the 
lot. It would seem this could not be done with the isotopic method be- 
cause of contamination by an unknown amount of oxygen from the pre- 
vious sample. This is to be expected if the chief advantage of the method 
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is to be utilized; namely, that complete removal of all the oxygen in the 
metal is not necessary. 

Another advantage in favor of the vacuum-fusion method is cost of 
apparatus and equipment; the cost difference would be approximately the 
price of the mass spectrograph. 

A source of uncertainty to my mind exists in the procedure whereby 
the per cent oxygen is calculated from the formula and then corrected for 
the oxygen content of the crucible and powder. This correction implies 
that all crucibles and samples of powder from a given lot of graphite will 
have the same oxygen content. This assumption is difficult to accept, 
especially for the powder with its large surface area. The oxygen contents 
given for crucible and powder are 0.0743 and 0.150 weight per cent re- 
spectively; this level of oxygen is of considerable significance when deai- 
ing with commercial alloys of titanium. 

The procedure of heating each sample before analysis in an oxygen- 
free helium atmosphere seems to involve complications and risk, when it 
is considered how small an amount of oxygen in the argon is required to 
invalidate an analysis. 

The possibility of isotopic exchange between O* in the gas and O” 
in quartz or glass is of some interest, as it would result in too high an 
oxygen value for the sample. The authors find no significant exchange 
in the quartz of their furnace. It is possible the vertical molybdenum 
reflector is directly responsible by keeping the quartz relatively cool, in- 
asmuch as Brandner and Urey some years ago found such an exchange to 
take place on a heated quartz surface. Brandner and Urey also found the 
presence of hydrogen and water vapor greatly increased the rate of ex- 
change on quartz. Il assume from Fig. 1 that the gas sample tube (K), 
which is presumably made of glass, is flame sealed at the constrictions. 
If this be the case, the thought occurs to me of the possibility of an 
isotopic exchange with the momentarily molten glass, especially in the 
presence of water which would be given off by the glass. There is also 
the matter of other gases such as oxygen and carbon dioxide which are 
readily given off by hot glass. 

I would like to raise the question as to the likely effect on accuracy 
when analyzing commercial titanium alloys containing volatile elements 
such as chromium, manganese and perhaps others. 

Written Discussion: By F..L. Orrell, Jr., Research and Development 
Laboratories, Magnesium Department, The Dow Chemical Co., Midland, 
Mich. 

Will the authors please comment on the following questions: 

1. How does the analytical technique distinguish between Nz and CO, 
both having molecular weights of 28? 

2. Is the use of the isotopic type of mass spectrometer a prerequisite 
for the accuracy reported by the authors? 

3. To what extent would use of the O”*-enriched oxygen generally 
available (1.5 to 2%) affect the accuracy reported by the authors who 
used oxygen containing 10 to 20% O”? How could this effect be mini- 
mized or avoided? 
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Authors’ Reply 


Before answering the questions brought up by Drs. Mallett, Benner, 
Peifer and Orrell, we would like to state that the apparatus used has 
nothing to do with the principle of the method. The apparatus, being in 
the experimental stage, can be further improved; while the principle be- 
hind the method, namely, that quantitative removal and recovery of the 
oxygen is not necessary, holds, no matter what the design of the apparatus. 

Replying to Dr. Mallett, we are sorry that we did not make ourselves 
clear in the preprint on the necessity of overcoming the gas pickup char- 
acteristics of titanium or zirconium. We meant that some of the gas 
pickup characteristics had to be eliminated. Unlike the vacuum-fusion 
method, the isotopic method does not require quantitative elimination of 
this characteristic. Even if only 50% of the oxygen is liberated, quanti- 
tative results will still be obtained by the isotopic technique. 

The statement that quantitative results were not obtainable with the 
vacuum-fusion method was based on the results reported by Stanley, 
Hoene and Wiener’, namely: 


Gain in Weight 


Vacuum-Fusion or Chlorine Method 
0.21-0.24 0.16 
0.123 0.089 
0.172 0.089 
0.12 0.13 
0.22 0.17 


0.28, 0.29, 0.32 0.32 


The exchange of oxygen in molybdenum parts is not the handicap Dr. 
Mallett thinks, for the oxygen content of molybdenum is 0.005 weight per 
cent or less. By reducing the molybdenum with hydrogen, one can greatly 
decrease the very small amounts of oxygen present in the molybdenum. 

The method is being extended to samples of titanium and zirconium 
in the 0.01 to 0.1 weight per cent oxygen range. 

Dr. Peifer’s question as to the self-contradictory statement on gas 
pickup characteristics of titanium and zirconium has been answered in our 
reply to Dr. Mallett. . 

In the present stage it is true that the time elements of both the 
isotopic and vacuum-fusion methods are about the same. In the isotopic 
method the sample is heated for 2 hours to insure isotopic equilibrium. 
Further research may show that equilibrium could be reached in shorter 
lengths of time. For example, it was found with copper that only 15 to 
30 minutes are needed. The isotopic method does not require the use of 
a graphite crucible. By replacing the graphite crucible with an oxygen- 
free material, for example, molybdenum, the 3 hours used to degas the 
graphite crucible could be eliminated. 

Dr. Peifer states that the vacuum-fusion apparatus is less costly than 
the apparatus used with the isotopic method, since he assumes that the 
possession of a mass spectrometer is a prerequisite for use of the isotopic 
method. This is not so.. Consolidated Engineering Corporation of Pasa- 
dena, Calif., has a mass spectrometer analytical service. One of their 
services is the determination of isotopic ratios. Their fees are nominal. 


8J. K. Stanley, Joan von Hoene and George Wiener, ‘Determination of Oxygen in Zir- 
conium Metal by the Vacuum-Fusion Method’’, Analytical Chemistry, Vol. 23, 1951, p. 377. 
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The use of about 100 cc of helium does not invalidate the results ob- 
tained, especially if the helium is first purified by heating with magnesium. 

The values used for the oxygen in the graphite powder and crucibles 
were averages of numerous reproducible analyses of representative samples. 
When not in use, the powder and crucibles were kept in a desiccator. The 
correction for the oxygen in the crucible (the largest correction) can be 
eliminated by using crucibles made from oxygen-free material such as 
molybdenum. Also, by using large samples one can greatly reduce this 
correction. 

Drs. Brandner and Urey* studied the rate of exchange between CO 
and COs using C™. They found that it was a surface-catalyzed reaction 
on quartz, silver and gold surfaces. It was not a study of the exchange 
between CO” and the SiO.” of the quartz. In the O”“-quartz experiments 
reported in this paper, it was found that a correction of only 0.45% of the 
oxygen content was necessary. 

Before use, the sample tubes were constricted to about 1 mm o.d., 
and degassed thoroughly. Upon sealing, a very small flame was used and 
only 2 to 3 mm of the tube was heated. The amount of H.O given off 
by the 2 mm?’ of pyrex is so small that even the mass spectrometer cannot 
find any dilution by measuring the O“/O" ratio before and after sealing. 
One can easily ruin the analysis by heating wide diameter tubes for ap- 
preciable lengths of time. 

It is readily seen why the presence of chromium would worry the 
people using the vacuum-fusion method because in that method the chro- 
mium will distill out and pick up some of the gas, thus resulting in low 
values. In the isotopic method, when the chromium distills out through 
the hot gas, it picks up equilibrated CO” gas. Since we do not require 
complete recovery of the oxygen, no low values are obtained. Excellent 
oxygen analyses were obtained when applying the isotopic method to 
chromium samples. 

Most of Dr. Benner’s remarks were covered in our answers to Drs. 
Mallett and Peifer. Dr. Benner does not quite understand the isotopic 
method when he states that “In the vacuum-fusion technique, measure- 
ment of the total quantity of CO produced is the primary measurement. 
In the isotopic method the O"/O” ratio is the primary measurement.” 
He does not seem to realize that in the vacuum-fusion method all the CO 
has to be collected, while in the isotopic method the O“/O” ratio of a 
small portion of the CO is necessary. 

When Dr. Benner states that some metals require oxygen concentra- 
tions not exceeding 0.001%, he is most likely referring to such metals as 
copper and iron. No graphite is needed when applying the isotopic method 
to copper samples. Upon heating in a platinum crucible at high tempera- 
tures, enough oxygen will be liberated as Os The O%/O” of the Oz is 
then determined by the mass spectrometer. A graphite crucible is not 
necessary when analyzing iron for oxygen content. All that is necessary 
is the addition of enough graphite to liberate some of the oxygen as CO. 
This would result in no blank correction for copper samples and very 
small corrections for iron samples. 


‘Brandner and Urey, Journal of Chemical Physics, Vol. 13, 1945, p. 351. 
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In the vacuum-fusion method large quantities of graphite, iron and 
tin are required, resulting in several corrections. With some metals such 
as chromium, the vacuum-fusion method is very poor. Even when 100 
times as much iron and tin as chromium is used, only 85% of the oxygen 
is recovered. If 5% chromium is used instead of 1%, the per cent oxygen 
recovered is only 70%’. 

In response to Dr. Orrell, one can differentiate between CO and Nz 
on the mass spectrometer, even though they both have a molecular weight 
of 28. Besides the 28 mass peak, CO will produce a peak at 12 (~C) and 
16 (~O), while Ne will only produce a mass peak at 14 (~“N). The 14 
peak is always a given per cent of the 28 peak produced by Ne. Thus, 
one can correct for any Ne in the gas samples analyzed for O"/O” ratios. 

In the studies reported, the isotopic-type mass spectrometer was 
used. The isotopic instrument, however, is not a prerequisite. In our 
earlier work (Refs. 9 and 10) a regular mass spectrometer was used with 
excellent results. 

The accuracy of the method using 1 to 2 atom % O” is not as great 
as when using 10 to 20 atom % O”. O” in higher concentration is not 
available from the U. S. Atomic Energy Commission but can now be ob- 
tained from the British Atomic Energy Establishment. 


_ §W. S. Horton and J. Brady, “Determination of Oxygen in Chromium by the Vacuum 
Fusion Method’’, Report KAPL-874, General Electric Co., Knolls Atomic Power Laboratory, 
Schenectady, N. Y. 
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NITRIDING OF TITANIUM WITH AMMONIA 


By JAmMes L. Wyatt AND NicHotas J. GRANT 


Abstract 


A study of surface hardening techniques applicable to 
titanium metal was made in order to decrease wear and 
eliminate galling and seizing in the commercial material 
and in titanium alloys. An extensive investigation of 
ammonia nitriding was undertaken, including the deter- 
mination of optimum gas compositions, effects of nitriding 
time from 4 to 96 hours over a range of temperatures from 

1350 to 1700 °F, and other closely related factors. 

Characteristics of case and core structures resulting 
from nitriding were studied and a theory for the mecha- 
nisms governing the diffusion process presented. For com- 


parative purposes, less extensive investigations of nitrogen 
nitriding were made. 


INTRODUCTION 


ECAUSE titanium metal exhibits many properties that are 

attractive not only to specialty fields but to the regular con- 
structional industries as well, it is anticipated that many applications 
will be open to this newcomer in commercial metallurgy. There are, 
however, several detrimental properties that have led to difficulties 
in processing and fabrication procedures and in applications. Among 
these is the tendency of the metal and its alloys to seize and gall 
under conditions of wear or during extrusion or wire drawing. 

One of the aims of this program was to seek a commercially 
feasible surface treatment for titanium that would minimize or 
entirely eliminate its propensity for galling in wear applications. It 
was the purpose of this research to delineate process variables, com- 
pare resultant cases, and, if possible, to delineate the nature of the 
case forming and case hardening mechanisms. 


This paper is based on a portion of a thesis submitted by James L. Wyatt in February 
1953 to the Department of Metallurgy at the Massachusetts Institute of Technology in 
partial fulfillment of the requirements for the degree of Doctor of Science. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, James L. Wyatt was 
formerly a graduate student, Department of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass., and is now assistant to the technical manager, 
Horizons Incorporated, Cleveland; and Nicholas J. Grant is associate professor 
of metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. Manu- 
script received February 20, 1953. 
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To date the literature relating to surface treatments for titanium 
is not extensive; the bulk of the work in the field is covered in four 
recent reports (1-4)’. 


EQUIPMENT AND PROCEDURES 


The furnace and auxiliary equipment used in most of the exper!- 
ments are shown schematically in Fig. 1. Provisions were included 
which allowed metering and purification of gases. Additional design 
features enabled the operator to insert or remove a specimen from 
the furnace without disturbing the furnace atmosphere. The latter 
was accomplished as shown in the detailed portion of Fig. 1. The 
titanium specimen was attached to a wire support, which in turn was 
an integral part of a ceramic support rod. On the outer end of the 
rod a large steel ball was affixed. The entire assembly was enclosed 
within a glass housing. Movement of the specimen assembly was 
achieved by manipulating a strong magnet along the glass enclosure 
on the outside. 

To make a run, the furnace was assembled with a specimen in 
the cooling chamber. For ammonia nitriding, nitrogen was first 
flushed through the system for 10 minutes to remove air, followed 
by an ammonia flush for 15 minutes, the furnace proper being at the 
desired temperature throughout the period. By means of a magnet, 
the specimen was then moved into the hot zone of the furnace where 
it remained for the duration of the experiment. In a similar manner, 
on completion of the run, the sample was moved into the cooling 
chamber, the ammonia flushed out with nitrogen for 10 minutes and 
the apparatus disassembled. Identical procedures were used for 
nitrogen nitriding, except for the substitution of pure nitrogen for 
ammonia. 

Nitrogen for flushing purposes was used as received, without 
purification. For nitrogen nitriding a purification train that included 
a magnesium chip furnace, drying tubes and absorbing media were 
used. High purity Armour ammonia for ammonia nitriding was 
further purified by passing it through an extensive soda-lime drying 
train prior to entry into the furnace chamber. Helium was purified 
by passing it over a titanium-sponge furnace and a drying tube 
system. Accurate flow control was maintained by means of calibrated 
capillary tubes and manometers, as shown in Fig. 1. 

Commercial titanium in the form of %-inch hot-rolled sheet 
constituted the source of most of the specimens for the investiga- 
tion; from this stock, specimens were cut to nominal dimensions of 
¥g inch by 1% inches. For creep property investigations and certain 
other special problems, 14-inch and '%4-inch diameter titanium bar 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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ment the samples were carefully cleaned, dried and weighed to the 
nearest 0.0001 gram. In some instances the thickness also was 
measured to the nearest 0.0001 inch. On completion of the harden- 
ing treatment the specimens were again weighed, the thickness 
measured and the samples cross-sectioned for hardness traverses and 
metallographic examinations. Knoop microhardness measurements 
were used exclusively, all readings being taken with a 50-gram load 
on a standard 136-degree diamond indenter. 


EXPERIMENTAL RESULTS, WitTH DISCUSSION 


Exploratory investigations in titanium cyaniding, carburizing 
and nitriding led to the selection of ammonia nitriding as the most 
promising field of research. An extensive study of this process was 
therefore undertaken. 

More than 250 specimens were treated and evaluated during the 
course of the investigation. Of these, an initial series of 40 was 
ammonia-nitrided without regard to controlled ammonia flow rates. 
It was incorrectly assumed that the gas composition within the furnace 
would not be of major importance, as long as there was undecom- 
posed ammonia present. 

Correlations of the data obtained from weight-gain measure- 
ments and cross-section observations yielded erratic results. No 
definite trend in case depth as a function of treatment time or of 
temperature was noted; however, it was observed that the outer 
portions of the specimens became filled with voids, the number and 
size increasing with increasing treatment time. In certain specimens 
that were given identical treatments, with the exception of variations 
in ammonia flow rates, it was observed that unit specimen weight 
changes varied by as much as 200%. Similarly, runs made with and 
without ammonia drying facilities yielded weight changes that differed 
by as much as 600%. The initial series of tests thus indicated the 
importance of ammonia purity and suggested that the flow rate might 
be critical. Fig. 2 illustrates the void formation resulting from 
failure to use critical ammonia flow rates in the nitriding process. 

A study of the effect of ammonia flow rate was undertaken to 
determine its role. Arbitrarily, because of convenience, a period of 
23 hours was selected to evaluate the flow-rate variable. In the 
investigation, a series of specimens was treated at constant tempera- 
ture for the 23-hour period, each sample in the series being exposed 
to a different ammonia flow rate. Plots of unit weight gain versus 
ammonia flow rate showed a maximum, with smaller gains at both 
higher and lower ratés of flow than the optimum. 

Since the results of this series appeared to be quite definite, it 
seemed desirable to have similar data for other temperatures. A 
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Fig. 2—Photomicrographs of Titanium Treated With Ammonia Flow Rates Less 
Than the Critical Rate. (See Fig. 3.) 150. (a) Ammonia-nitrided 42 hours at 
1575 °F. (b) Ammonia-nitrided 75 hours at 1575 °F. 





complete series was therefore run at seven different temperatures, 
from 1395 to 1695 °F (755 to 925 °C), in steps of 50°F. In every 
instance it was found that there was a definite optimum flow rate, 
characteristic of the test temperature, which yielded maximum unit 
weight gains. Fig. 3 presents a plot of these data for the seven 
different temperatures. Where only 3 points are shown, the optimum 
rate had been indicated by more extensive tests at other temperatures. 

Of importance, it was noted that the specimens treated under 
optimum flow conditions yielded solid cases without voids. The 
specimens treated at rates less than the critical showed evidence of 
void formation. No definite indication of void formation was 
observed in specimens treated with ammonia flow rates greater than 
the optimum, however, in spite of the fact that the measured weight- 
gain data indicated decreased absorption of nitrogen. 

Data plots of the optimum flow rate as a function of tempera- 
ture appeared to produce a parabolic curve. A plot of the square 
root of the flow rate versus temperature was therefore made; the 
data fell on two straight lines which, when extrapolated, intersected 
near the alpha-beta transformation temperature for titanium. Fig. 4 
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shows a summary plot of the data, illustrating the parabolic relation- 
ships that were observed. 

Since the ammonia flow rate seemed to be such an important 
factor in producing sound cases on titanium, it appeared desirable to 


extend the investigation. Accordingly, gas composition studies were 
initiated. By means of a CENCO flow meter the volume of inlet 
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Fig. 3—Weight Gain Data, Indicating an Optimum Ammonia 
Flow Rate at Each Temperature. 


ammonia supplied to the furnace was measured in cubic feet per hour 
for the optimum conditions at each temperature. Analyses of the 
furnace exit flow gases were then determined at the same tempera- 
tures with no specimens in the furnace, and the tests repeated with 
specimens in the hot zone. Gas analyses were made by bubbling the 
effluent gas stream through a known concentration of acid solution 
containing a suitable indicator, and timing the period of gas flow 
required to neutralize the acid. It was assumed that all undecom- 
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Fig. 4—Square Root of Optimum Ammonia Flow Rate as a Function of Temper- 
ature, Demonstrating a Parabolic Relationship. 


posed ammonia was 100% absorbed by the acid solution. By suitable 
calculations the ammonia concentration, in terms of the per cent of 
incoming ammonia, was determined. The results indicated that the 
amount of undecomposed ammonia in the gases leaving the furnace 
varied from less than 1% to more than 5% when no specimen was 
in the hot zone, percentage values increasing with increasing temper- 
ature. Similar results from tests with specimens in the hot zone 
showed values consistently in the range of 0.1% undecomposed 
ammonia. Thus, the criterion for ammonia nitriding would seem to 
be related to the concentration of undecomposed ammonia rather than 
to any particular physical condition such as the velocity of the gas 
past the specimen. A relationship of this type should be valid for 
any size and type of nitriding equipment, and therefore affords 
information which would allow commercial adaptation on a larger 
scale without difficulty. 

Once the optimum gas flow conditions had been established, it 
was then possible to extend the study of ammonia nitriding to an 
evaluation of the time-temperature variabies. For this purpose 
seven series of eight specimens each were run at temperatures corre- 
sponding to the seven temperatures at which the optimum ammonia 
flow rates had been delineated. Treatment times selected were nom- 
inally 4, 9, 16, 24, 36, 48, 72, and 96 hours at each test temperature. 

A plot of unit weight gain, squared, versus treatment time for 
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Fig. 5—Weight Gain, Squared, Versus Time of Ammonia Nitrid- 
ing, Demonstrating the Parabolic Relationship. 


the seven series is shown in Fig. 5. It may be noted that in most of 
the series the data follow a parabolic rate law, as evidenced by the 
straight-line relationship. Gulbransen and Andrew (5) found a 
similar relationship in a study of the treatment of titanium with 
nitrogen gas. Richardson (6), in a study of the same system but 
under different experimental conditions, also found a_ parabolic 
relationship. 

Figs. 6 through 14 alternately show the metallographic struc- 
tures of the ammonia-nitrided specimens and plots of their respective 
hardnesses as a function of depth below the nitrided surface. Of 
the test temperatures studied, the series for 1445, 1545, and 1645 °F 
(785, 840, and 895 °C) were selected to illustrate the effects of time 
and temperature on ammonia-nitrided commercial purity titanium. 

Point scatter and distribution of hardness determinations in a 
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specimen cross section were not large. The hardness curves in Figs. 
8, 11, and 14 are based on a large number of points but the points 
were omitted to avoid figure crowding. The significance of the 
various bumps in the curves is not fully understood. 

Some unusual effects may be observed in the photomicrographs. 
In certain ones there appears to be a definite case joined to the core 
by a sharp line of demarcation, the sharpness being related to the 
etching characteristics of the acicular structure in the core. In others 


800 


Knoop Hardness Number 
oO 





0 2 4 6 0 2 4 6 8 
Depth Below Surface, inches x 1075 


Fig. 8—Knoop Hardness as a Function of Depth 
Below the Treated Surface for Commercial Titanium 
Ammonia-Nitrided at 1445 °F. 


the case blends gradually into the core structure. It may be noted 
further that the thickness of the case at first increases, then decreases 
as a function of time, so that there is an optimum time of treatment 
at each temperature which will yield a maximum thickness of high- 
hardness case. A plot of case thickness versus ammonia nitriding 
time for several of the series showed that the thickness increased 
linearly with time during a definite period, beyond which the thick- 
ness decreased, tapering off to less than 0.002 inch for extended 
periods of treatment up to three weeks. Fig. 15 illustrates the 
phenomenon for the series treated at 1545 °F (840°C). Hardness 
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traverses gave similar indications, a specimen treated for 24 hours 
at 1545 °F (840 °C), for example, exhibiting a much higher hard- 
ness at a depth of 0.002 inch than one treated at the same tempera- 
ture for 96 hours. In most instances Knoop hardness values meas- 
ured on cross sections of the nitrided specimens exceeded 1000 KHN 
just below the specimen surface. Many additional indentions were 
made perpendicular to the surface of the specimen, where values in 
the range of 1400 to 1700 KHN were generally recorded. Difficul- 
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Fig. 11—Knoop Hardness as a Function of Depth 
Below the Treated Surface for Commercial Purity 
Titanium Ammonia-Nitrided at 1545 °F. 


ties were experienced in the hardness measurements on the nitrided 
surface itself, since the nitriding treatment resulted in surface irreg- 
ularities of sufficient size to prohibit accurate indention measurements 
without first polishing the specimen slightly. Experimentally it was 
found that even light polishing exposed layers of several color shades, 
including gold, dark gray and light gray. Indentions made after 
polishing were extremely difficult to measure, even under the best 
light conditions, so that there was a wide variation in observed hard- 
nesses on the surfaces of the specimens. It was interesting to note, 
however, that the same range of hardnesses existed on a specimen 
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Fig. 12—-Case and Core Structures of Hot-Rolled Commercial Purity Titanium Treated With Ammonia at 1645 °F. 
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Below the Treated Surface for Commercial Purity 
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Fig. 15—Thickness of Hard Diffusion Zone in Ammonia-Nitrided Titanium as 


a Function of Time. 
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Fig. 16—Hexagonal Lattice Parameters as a Function of Depth for 
Ammonia-Nitrided Titanium. 114 hours, 1545 °F. 


surface resulting from treatment for 4 hours at 1395 °F (755 °C) 
as was found on a similar specimen nitrided for 96 hours at 1695 °F 
(925 °C). The major effects of time and temperature, therefore, 
were not to increase the hardness of titanium at the surface itself, 
but to produce harder supporting material at greater depths, and to 
increase the hardness of the core itself. 

X-ray and metallographic examinations of many specimens were 
made in order to determine the nature of the case and core. Diffrac- 
tion patterns of certain specimens were made to determine the crystal 
structure as a function.of depth below the nitrided surface, the latter 
being accomplished by alternately removing thin layers from the 
specimen surface and taking X-ray patterns, in steps of less than 
0.001 inch. Fig. 16 shows a plot of lattice parameters as a function 


~—* Get 4 et 04 O84 ee 


222 ewe 6 wet ee 


ee i ee ee 





558 TRANSACTIONS OF THE ASM Vol. 46 


of depth for a nitrided specimen, illustrating the general changes 
which were observed. 

At the surface itself two patterns were found, one indexing to 
the NaCl-type cubic lattice corresponding to TiN, the other corre- 
sponding to a hexagonal structure, the “c’” and “a” axes differing 
from the normal alpha titanium structure by less than 3%. Both 
“a” and “c” parameters were expanded, as shown in Fig. 16. Ata 
depth of 0.0002 inch the TiN pattern was not found, indicating that 
the compound layer formed on titanium was extremely thin. All 
lines of diffraction patterns taken at depths below 0.0002 inch indexed 
to a single hexagonal pattern. There were no unidentified lines which 
would indicate a two-phase core structure in spite of the seemingly 
complex metallographic appearance. No sizable difference in “c/a” 
ratio was observed in any of the patterns, values in all instances 
falling within the range of 1.597 to 1.599. Techniques used to deter- 
mine values of “c/a” with the small number of lines indexed pro- 
hibited more accurate determinations, but for all intents and purposes 
the value was approximately constant. 

The observations made on many ammonia-nitrided specimens 
allow the following generalizations to be set forth concerning the 
nature of the case and core: 

1, On the extreme outer surface of a treated specimen there 
coexists a thin layer of titanium nitride, TiN, and a hexagonal 
titanium lattice whose parameters differ less than 3% from those of 
pure titanium. The nitride layer imparts an adherent patina of 
characteristic gold coloration, but probably does not provide any of 
the hardening effect. The nitride may be removed with a rotary wire 
brush, exposing a dark gray surface, without changing the measured 
hardness gradient. ‘The thickness of the nitride layer was always 
less than 0.0002 inch, and varied in coloration from a light lemon 
vellow for specimens treated a short time at lower temperature to a 
darker gold for specimens treated for long periods at higher temper- 
atures. The presence of moisture in the ammonia resulted in the 
formation of a surface layer whose coloration included shades of red, 
brown, blue and intermediates. 

2. Beneath the nitride surface there existed a layer whose 
etching characteristics yielded a structureless appearance, with little 
or no grain delineation noted metallographically. The thickness of 
this layer, which will be referred to henceforth as the case, varied 
from 0 to a maximum of about 0.005 inch. The thickness of the 
case was observed to be a function of both treatment time and of 
treatment temperature, there being a definite treatment period for 
each temperature to yield maximum case thickness. X-ray data 
showed that the case consisted of an expanded alpha titanium lattice, 
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with maximum expansion about 0.0004 inch below the nitrided 
surface. The lattice was expanded in both ‘“c’” and “a” directions, 
giving an over-all volume expansion approximately equivalent in all 
directions, on a percentage basis. It is assumed that the case consists 
of an interstitial solid solution of nitrogen (and hydrogen) in alpha 
titanium, and that the high hardness found is due to solid solution 
hardening. No evidence of a precipitate or of any phase other than 
the hexagonal structure was found anywhere within the case portion 
of the specimens. 

3. In specimens containing less than about 0.04% nitrogen in 
the core after treatment, the core structure consisted of polygonal 
alpha titanium, the only observable differences noted between the 
material before and after treatment being a small change in lattice 
parameters and a definite increase in grain size, the latter depending 
on the temperature and time of treatment. The case blended into 
the core with no marked separation between the two, though hard- 
ness gradients did show a sharp transition. In specimens containing 
more than about 0.04% nitrogen, an acicular alpha titanium was 
formed in the core. A sharp line of demarcation corresponding to 
the hardness transition was discernible between case and core struc- 
tures. Lattice constants and hardnesses of the acicular titanium were 
within the normal hardness variation spread of the corresponding 
values of the polygonal core structures. X-ray analyses of the core 
structures showed only a single phase, the metallographic evidence 
being to the contrary. 

Typical nitrided specimens were heat treated to determine the 
effects of quenching on the case and core properties. Samples were 
heated to 1980 °F (1080 °C) and quenched at different rates. Typical 
core structures resulting from the tests are shown in Fig. 17, indi- 
cating that this particular acicular structure is not formed by a 
martensitic-type reaction but rather by a mechanism of nucleation 
and growth. No hardness differential was discernible between a 
rapidly quenched and a slowly cooled specimen. 

Electrical resistivity tests made over a wide thermal range on 
specimens machined from core portions of nitrided titanium indi- 
cated a phase transformation from alpha to the observed acicular 
structure at a temperature in the vicinity of 1350°F (730°C) on 
cooling. The acicular-type phase is probably due to the presence of 
hydrogen in the core, since the titanium-nitrogen phase diagram does 
not indicate a phase change at the noted nitrogen composition levels. 

Thickness measurements prior to and following ammonia nitrid- 
ing indicated an increase of specimen thickness amounting to slightly 
less than 0.001 inch per surface. The rate of increase of thickness 
was observed to be a linear function of treatment time initially, 
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Effects of Cooling Rate on the Core Structures. 
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17—-Photomicrographs of Ammonia-Nitrided Titanium, Showing 
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All specimens nitrided 24 hours 


at 1545°F. 500. (a) Reheated to 1980 °F, water-quenched. (b) Reheated 
to 1980 °F, air-cooled. (c) Reheated to 1980 °F, furnace-cooled. , 
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Fig. 18—Effect of Ammonia Nitriding on Specimen Thickness as a 
Function of Time. 


followed by a sharply decreased rate after a critical period character- 
istic of the treatment temperature. Fig. 18 shows a plot of thickness 
increase as a function of time, illustrating the effect in two of the 
series investigated. 


MECHANISM OF NITRIDING 


On the basis of the various observations one may postulate a 
generalized mechanism for the diffusion process in ammonia nitriding 
of titanium. 

The proposal of Mott (7), that perhaps NH groups may be the 
diffusing species, would find some basis in this instance, since the 
diffusional process seems strongly. related to the constitution of the 
gases surrounding the specimen in the furnace. The effect of hydro- 
gen undoubtedly influences the weight-gain data and the diffusing 
process as a whole, so that without a great deal of study it would not 
be possible to formulate the probable surface reaction. 

On the basis of the metallographic examinations and other 
measurements, the process would seem to be controlled initially by 
the rate of inward diffusion of nitrogen through titanium. At a later 
period the rate of surface reaction becomes controlling, as evidenced 
by the fact that the slope of the hardness gradient increases after a 
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critical period (see Fig. 11). This is decidedly unusual, and is 
characteristic of titanium. Since TiN is capable of a large range of 
compositions, it is possible that initially a lattice deficiency of nitrogen 
exists, and that the nitrogen gradually saturates the nitride lattice. 
Once saturation is complete, or nearly so, the controlling factor may 
then become either the rate of diffusion of nitrogen through the 
nitride layer, diffusion of titanium outward to the surface, or the 
rate of surface reaction between titanium and nitrogen. Calculations 
were made which indicated that the lattice expansions measured 
by X-rays could account for only one-third of the total specimen 
expansion observed. The only obvious explanation of the additional 
two-thirds of the expansion would be outward diffusion of titanium 
ions, leaving lattice vacancies in the core structure. It is proposed 
that inward diffusion of lattice vacancies, or “holes’’, occurs simul- 
taneously, thus accounting for the porosity observed under certain 
conditions (see Fig. 2). Additional evidence of the outward move- 
ment of titanium lies in the observation that just below the case layer 
the X-ray data indicated a lattice even smaller than the original 
hexagonal lattice of the base metal. Substitution of lattice vacancies 
for titanium ions could account for this. Hardness measurements 
in the same region substantiated these findings (see Figs. 11 and 16). 
Thus, the over-all diffusion process would include outward diffusion 
of titanium, inward diffusion of “holes” and solute species, and 
possibly surface reaction between titanium and nitrogen. The process 
is complicated by compound formation, multiple diffusion species and 
impurities in the base metal. A more rigorous study was not under- 
taken in view of the many complicating features. 

A series of eight specimens (duplicating the 1545 °F (840 °C) 
series for ammonia nitriding) was run, using purified nitrogen at 
approximately atmospheric pressure to permit comparison of the two 
nitriding processes. The group was examined in the same manner, 
hardness gradients on cross sections, weight-gain data and other 
pertinent information being compiled. A plot of unit weight gain 
versus nitriding time gave a parabolic curve, as in the case of ammonia 
nitriding. An additional plot of the square of the weight gain versus 
nitriding time produced a straight line. These results confirm those 
reported by Gulbransen and others. 

The nitrogen-nitrided series run at 1545°F (840°C) most 
nearly resembled the ammonia-nitrided series for 1395 °F (755 °C). 
No acicular titanium was observed in any of the specimen cores, 
supporting the idea that hydrogen is in some way responsible for 
this type of structure. 

Hardnesses measured on cross sections of the nitrogen-nitrided 
series were comparable to those of the ammonia series, and the 
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external appearance of the specimens was generally the same. Bend 
tests showed a somewhat more brittle and less adherent case, with 
some evidence of micro-cracks in specimens which were given long- 
time treatments. It is possible that a portion of these detrimental 
characteristics was due to some oxygen in the nitrogen, for traces 
of this gaseous impurity are very difficult to remove. 

Comparison of results indicated the following: 

1. A case nearly comparable to an ammonia-nitrided case may 
be formed on titanium by treating it with pure nitrogen. The time 
required to give equivalent results with nitrogen is estimated to be 
between 2 and 3 times that required for ammonia. In a similar 
manner, the temperature for nitrogen nitriding would have to be 200 
to 300° higher than was required for ammonia. 

2. Nitrogen-nitrided titanium exhibited brittleness to an equiv- 
alent degree, as was observed in samples treated with ammonia. This 
would tend to further eliminate hydrogen as the source of any of 
the observed brittle properties of ammonia-nitrided titanium. 

3. Use of nitrogen for nitriding would eliminate the critical 
factor of ammonia flow rate, but would require expensive purifica- 
tion systems and additional furnacing equipment. 


CONCLUSIONS 


1. The most practical method for producing a hard, adherent 
case on materials predominantly titanium involves nitriding at ele- 
vated temperatures. 

2. Nitrogen nitriding was seen to have possibilities nearly equal 
to ammonia nitriding, the times and temperatures required to get 
comparable results being well in excess of those found in the 
ammonia process. 

3. In the ammonia nitriding process there exist three major 
inter-related variables. These are temperature, time, and gas compo- 
sition. Of the three, the gas composition was shown to be a function 
of the temperature of nitriding, and therefore constitutes a secondary 
variable of the process. 

4. It was observed that there is an optimum treatment time for 
each temperature in order to produce the maximum case thickness. 
Treatment periods greater or less than the critical result in lesser 
case thicknesses. 

5. The surface hardness of ammonia-nitrided specimens was 
not greatly affected by either time or temperature of treatment within 
the ranges covered; major effects of longer treatment times were 
manifested in greater core hardnesses rather than in higher hard- 
nesses at the surface itself. 
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6. A general mechanism of the diffusion process was proposed, 
in which the controlling mechanism changes after a critical time 
which is characteristic of each temperature. Initial diffusion rates 
through the base material would appear to be controlling initially ; 
the rate of surface reaction seems to control beyond the critical time, 
the over-all result being first a decrease in concentration gradient, 
then an increase in the gradient. This is a unique observation here- 
tofore unreported for metals. 

7. High hardnesses observed in the case portion of nitrided 
titanium are due to solid solution hardening resulting from expansion 
of the titanium hexagonal lattice in both “c’’ and “a” directions by 
interstitial solutes. The solutes are considered to be nitrogen and 
hydrogen. The formation of a gold patina of TiN on the surface 
makes no apparent contribution to the hardness of the case because 
of the thinness of the TiN layer. 

8. Core structures of ammonia-nitrided titanium appear to 
consist of a single phase, X-ray studies indicating that the phase is 
a slightly expanded alpha titanium. In specimens containing less 
than 0.04% nitrogen, the metallographic structure is polygonal. When 
nitrogen contents exceed about 0.04%, there results the formation 
of an acicular core structure, which is probably due to a simultaneous 
increase in hydrogen. 

9. The diffusional process follows a parabolic rate law. 

10. Observations tend to show that the diffusional process 
includes outward migration of titanium ions and simultaneous inward 
diffusion of a solute species interstitially and of “holes” substitution- 
ally, the process being further complicated by the presence of hydro- 
gen and the formation of a compound at the surface. 
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DISCUSSION 


Written Discussion: By R. W. Hanzel, associate metallurgist, Applied 
Metallurgy Research, Metals Research Department, Armour. Research 
Foundation, Chicago. ri 

The work has been well presented and is an addition to existing 
titanium literature. However, the complete lack of any consideration for 
the effect of hydrogen on either the mechanical or physical properties 
must be criticized. Since both nitrogen and hydrogen are alloying ele- 
ments, a large portion of both mechanism and properties must be attrib- 
utable to hydrogen. The general opinion of research people in the tita- 
nium field at this time appears to support the proposal that hydrogen is 
deleterious to the mechanical properties, at least, and should be eliminated 
or kept to an absolute minimum. 

The apparent recession of case depth as a function of time at each 
temperature could be a direct result of hydrogen. This sort of anomaly 
in conventional cementation processes is very unusual. Furthermore, 
reference is made to photomicrographs in which an acicular-type alpha 
titanium is formed in the core. An inference is made that this is due in 
some undefined fashion to a nitrogen content of more than about 0.04% 
and probably to the presence of hydrogen in the core. It is the conten- 
tion that this transformation-type microstructure and recession of case 
depth are primarily due to hydrogen and not nitrogen. 

Since the authors do not attempt to explain these phenomena, the 
following is submitted as a possible explanation. 

First, one must consider the material and the temperature of treat- 
ment. Commercial titanium generally has a transformation temperature 
above 1695 °F (925°C). In the temperature range Messrs. Wyatt and 
Grant conducted their experiments, 1395 to 1695 °F (755 to 925°C), it is 
reasonable to expect that the titanium at temperature was essentially 
alpha. The material, therefore, could not be expected to exhibit a homo- 
geneous acicular structure upon cooling, since no phase change will result. 

Secondly, one must consider the effect of both metalloid elements on 
the transformation temperature of titanium. Nitrogen raises the trans- 
formation temperature,’ thereby stabilizing the alpha phase to higher tem- 
peratures. Hydrogen has the reverse effect; that is, it lowers the trans- 
formation temperature and stabilizes the beta phase. Nitrogen contents 
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over 0.04% could not, therefore, be responsible for the acicular core 
structure encountered. If anything, it should stabilize the alpha phase to 
higher temperatures. This is substantiated by the authors in their state- 
ment that they did not observe acicular alpha in the nitrogen-nitrided 
titanium. Hydrogen, therefore, because of its beta stabilizing tendencies, 
must be responsible. 

With these initial considerations in mind, both the decrease in case 
depth and the acicular structure can be explained. The diffusion of nitro- 
gen and hydrogen forms an isothermal layer of alpha that is considered 
the case. However, as the time of treatment increases, the much more 
rapid diffusion of hydrogen saturates the titanium lattice to sufficiently 
high concentrations to bring a phase change, a— 8, resulting in the sta- 
bilization of the beta phase at lower temperatures. 

If the diffusion of nitrogen is more rapid in the beta phase, it is 
possible to conceive that the nitrogen in the alpha solid solution layer is 
diffusing into the beta phase, that is, the core, more rapidly than the pri- 
mary infusion of nitrogen in the alpha-stabilized surface layer. Thus, the 
appearance of a recession of case depth and an acicular-type structure in 
the core. 

In view of the above considerations, it appears only reasonable to 
consider the system as ternary rather than binary. 

In conclusion, it has been our experience at the Foundation that it is 
possible to achieve, for all practical purposes, surface hardnesses, case 
depths, etc., comparable to those reported by Messrs. Wyatt and Grant 
with treatments in purified nitrogen gas. More recent experiments with 
this gas have produced case depths averaging 0.008 to 0.010 inch. As for 
purification of the nitrogen gas and the necessity of acquiring special fur- 
nace equipment for nitrogen nitriding, it is, at present, our belief that no 
special equipment would be necessary for operation. Most important, no 
hydrogen is present in this process. 


Authors’ Reply 


It is unfortunate that we were not permitted to publish our work on 
nitrogen nitriding along with the ammonia nitriding work, in which case 
some of Mr. Hanzel’s discussion would have been answered. It is a simple 
matter to attribute some of the “unexplainable” observations to the effect 
of hydrogen, but proof of this is considerably more difficult. 

1. Regarding mechanical properties, the nitrogen-nitrided specimens 
were just as brittle in a bend test as were the ammonia-nitrided samples; 
specifically, there was essentially zero bend whether hydrogen was present 
or not. 

2. High temperature vacuum treatments of ammonia-nitrided speci- 
mens did not improve bend ductility. 

3. The acicular-type structure was due to hydrogen plus nitrogen, 
but we never found any X-ray evidence of beta in the room temperature 
structure. 

4. There is a possibility that Mr. Hanzel’s explanation of the reces- 
sion of the case may be correct to some unknown degree and we accept it 
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as an interesting possibility. On the other hand, Mr. Hanzel completely 
ignores the known change in surface chemistry. Specifically, a finite time 
at temperature is required to form the compound TiN. An additional 
period of time is necessary while TiN changes in composition in view of 
the range of nitrogen solubility. How, then, does Mr. Hanzel fit these 
observations, which would be expected to change the rate at which both 
nitrogen and hydrogen diffuse into the core, into his proposed theory? 
How, too, would one fit into any theory the observed fact that titanium 
ions are diffusing outward through the case, leaving holes in the volume 
below the case? 

We may best agree that the process is complex and that much addi- 
tional work should be done to establish the mechanism more exactly. Re- 
garding nitrogen nitriding, it is our experimental observation, based on a 
rather large number of tests, that it takes longer time at the same tem- 
perature, or of the order of 200°F higher temperature for a given time, 


to achieve the same case depth in nitrogen nitriding as compared to am- 
monia nitriding. 
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HEAT TREATMENT OF HIGH STRENGTH, 
TITANIUM-BASE ALLOYS 


By W. M. Parris, P. D. Frost anp J. H. Jackson 


Abstract 


The properties of heat treated titanium alloys were 
found to depend upon (a) composition, (b) type of heat 
treatment, and (c) fabrication history. Alloys rolled at 
temperatures in the alpha-beta or beta regions and sub- 
sequently solution-treated in the alpha-beta field had good 
tensile properties in the quenched and air-cooled condi- 
tions. However, specimens rolled and solution-treated in 
the alpha-beta temperature range and then overaged at 
800 to 1100°F had much better properties. The over- 
aged specimens were also stable upon reheating at 500 °F 
for periods of 500 to 1000 hours. Solution treatment in 
the beta field severely embrittled all alloys, even when they 
were overaged to low hardness levels. One of three alloys 
rolled in the beta field had fairly good ductility after solu- 
tion and overaging treatments. 


INTRODUCTION 


HIS paper describes an investigation of the heat treating char- 

acteristics of a few selected alloys carried out as part of an alloy 
development program sponsored by the Materials Laboratory, Wright 
Air Development Center. A limited investigation of the effect of 
fabrication at temperatures in the alpha-beta or beta-phase regions 
on the properties developed by subsequent heat treatment is also 
included. 

Duwez has shown that titanium alloys containing beta-stabilizing 
elements, such as iron, chromium, manganese, or molybdenum, may 
transform by a martensitic-type transformation upon cooling rapidly 
from temperatures in the beta-phase region of the alloy (1)*. Under 
certain conditions, such alloys have also been shown to be age-hard- 
enable (2). The martensitic-type transformation occurs only in com- 
positions containing less than a certain critical amount of the alloy 
element in question. At higher alloy concentrations, the high tem- 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, W. M. Parris is 
engineer, P. D. Frost is assistant supervisor, and J. H. Jackson is supervisor, 
respectively, Nonferrous Metallurgy, Battelle Memorial Institute, Columbus, 
Ohio. Manuscript received April 20, 1953. 
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perature beta phase is completely retained*upon rapid cooling. The 
investigation described herein involved high strength alloys: contain- 
ing sufficient amounts of alloy (7 to 8%) to suppress completely the 
martensitic transformation. Thus, the investigation was concerned 
largely with the age hardening reaction. 

The age hardening of titanium ‘alloys is-believed to depend upon 
the formation of coherent alpha nuclei in a’ matrix of the retained 
beta phase. Recent discoveries have indicated that a new phase, des- 
ignated “omega”, may be involved, but this is still very uncertain (3). 

Regardless of the exact mechanism, age hardening is known to 
be produced by (a) cooling at a critical rate from a temperature in 
the alpha-beta or. beta-phase regions, or (b) by quenching from this 
temperature range to retain the beta phase, followed by reheating for 
a suitable period at temperatures above about 200°F. Overaging, 
accompanied by softening and the appearance of a visible precipitate 
of the alpha phase, occurs very rapidly at temperatures of 800 °F 
(425 °C) or higher. Both age hardening and overaging heat treat- 
ments are discussed in this paper. 


A Brier Review or ALLOY DEVELOPMENT 


The development of arc-melted, titanium-base alloys has been 
described by Craighead et al (2,4, 5). In this work, a large number 
of alloys were screened by tensile tests made on hot-rolled specimens. 
The effects of many elements on the transformation temperature of 
titanium were established. The interstitial, alpha-stabilizing ele- 
ments, carbon, oxygen, and nitrogen, were found to be potent tita- 
nium strengtheners. Most metallic elements, including iron and 
chromium, were shown to stabilize and strengthen the beta phase. 

The first alloy selected for additional work had the nominal com- 
position 3% iron, 1.5% chromium, and 0.10% nitrogen. This alloy 
was capable of developing a tensile strength of about 185,000 psi, 
with about 10% elongation after rolling at 1450°F (790°C). In 
later work, after considerable testing had been carried out, the evalu- 
ation of -this alloy was discontinued, largely because a commercial 
alloy, Ti-175A, having a very similar composition, was put on the 
market. 

Furthermore, the use of carbon, oxygen, and nitrogen as strength- 
eners was discontinued because the strengthening effect of these ele- 
ments was more than offset by a reduction in ductility. On the basis 
of many tests, the elements iron, chromium, manganese, molybdenum, 
and vanadium were selected as providing the best combinations of 
strength and ductility in hot-rolled alloys. Several compositions 
which had shown tensile strengths of the order of 200,000 psi, with 


f 


elongations of 5% in 1 inch or more, were selected for further evalu- 
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ation. Three of these compositions were used for the heat treating 
studies described in this paper. 


MATERIALS TESTED 


The nominal compositions of the three alloys used in this inves- 

tigation were as follows?: 

Ti-3.5Cr-3.5V 

Ti-5 Mn-2.5Cr 

Ti-—1Cr-—1Fe-—3Mn-1Mo-1V 

These alloys were arc-melted as 5-pound, 24-inch diameter, and 10 
and 20-pound, 4-inch diameter ingots in a water-cooled copper mold 
using a tungsten-tipped electrode. Master alloys were used for all 
additions. The ingots were rolled to sheet, sheared, and remelted to 
promote homogeneity. 

The ingots were fabricated to 14-gage (0.064-inch) sheet and 
14-inch diameter bar stock according to the following procedures: 

1. Sheet. The ingots were sectioned and upset forged at 1750 
to 1800 °F (955 to 980 °C) to slabs 3%4 to 1 inch thick. The 
slabs were machined to remove contaminated surfaces and 
straight rolled to 0.064-inch sheet at 1450 °F (790 °C) in an 
8-inch diameter, two-high mill. Reduction per pass was ap- 
proximately 20% and the sheet was reheated between each 
pass. The forging and rolling were done so that the final 
rolling direction was at 90 degrees to the long axis of the 
original ingot. 

2. Bar Stock. Only 4-inch diameter ingots were used. They 
were forged at 1750 to 1800 °F (955 to 980 °C) on flat dies 
to 1% or %-inch square bars. The bars were rolled to %- 
inch diameter bar stock at 1600 or 1450 °F (870 or 790 °C). 
Several reheatings were required during rolling. 

Average chemical compositions and details of the fabrication of 
the alloys used in this investigation are presented in Table I. The 
chemical analyses given are the average of at least two determinations 
on samples taken from sections of the fabricated stock representing 
different locations in the original ingot. In general, the analyses in- 
dicated good homogeneity in the 4-inch diameter ingots. Consider- 
able variation in composition was noted in the 2%4-inch diameter 
ingots. These variations were reflected, to some extent, in the me- 
chanical properties. One heat, WT15A, was considerably lower: in 
alloy content than the nominal. Since no other sheet of this par- 
ticular alloy was available, however, the data obtained on this heat 
were included. 





n this ag the ee will be sen by their _—- alloying elements, e.g., the 
Cr- Vv meee 
complex alloy. 


he Ti—1 Cr-—1 Fe—3 Mn-1 Mo-1V loy will be referred to as the 3 Mn- 
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Table I 


Chemical Compositions and Fabrication of High Strength 
Titanium-Base Alloys 





Ingot 
Intended Diam- Rolling 
Composi- Heat Actual eter, Temp. 
sition, % No. Composition, % Inches ' Final Form 
3.5Cr-3.5V WT4A 5 Cr-4.13 V 2% 1450 Sheet 


3.6 
WT42A 4.62 Cr-—3.35 V 4 1600 Bar Stock 
WT125A 4.51 Cr-—3.22 V 4 1450 Bar Stock 


5.0 Mn - 2.5 Cr WTI15A 3.80 Mn — 1.69 Cr 2% 1450 Sheet 
WTSI1A 5.21 Mn — 2.63 Cr 4 1600 Bar Stock 
WT132A 5.60 Mn — 2.8 Cr 4 1450 Bar Stock 
1Cr,1Fe,3 Mn, WT25A 1.05 Cr, 0.96 Fe, 3.61 Mn, 2% 1450 Sheet 
1 Mo, 1V 1.05 Mo, 1.00 V 
WT107A 1.39 Cr, 0.99 Fe, 2.95 Mn, 4 1600 Bar Stock 


0.92 Mo, 0.98 V 
WT136A 1.05 Cr, 1.00 Fe, 3.10 Mn, 4 1450 Bar Stock 


EXPERIMENTAL PROCEDURES 


All bar stock was heat treated in air prior to machining into 
tensile specimens. Standard, 0.250-inch diameter tensile specimens 
were used throughout. 

The sheet was pickled in a HeSO,—-NH,F water solution to re- 
move the scale formed during rolling. Areas having visible surface 
irregularities were avoided in the selection of specimens. Heat treat- 
ment of the sheet at temperatures above 900 °F (480°C) was car- 
ried out in an atmosphere of dried, high purity argon gas. At lower 
temperatures, heating was done in air. The sheet tensile specimens 
were a substandard type, 0.064 by 0.375 by 5 inches long, with a 
reduced section 0.064 by 0.250 by 1% inches. 

All tensile properties except yield strength are the average of at 
least two determinations made on specimens representing different 
sections of the original ingot. Yield strengths were usually deter- 
mined on only one specimen. In general, agreement between dupli- 
cate specimens was good. 

Tensile testing was done on a Baldwin-Southwark universal 
testing machine, using a constant platen speed of 0.02 inch per min- 
ute. Yield strengths were determined from autographic data ob- 
tained from a Baldwin-Tate-Emery recorder and strain follower. 

Vickers hardness determinations were made on polished metal- 
lographic specimens cut from unstrained parts of the broken tensile 


specimens. Each value given is the average of at least three deter- 
minations. 


SOLUTION TREATMENT 


Solution treatment involved heating the materials at tempera- 
tures in their alpha-beta or beta-phase regions followed by rapid 
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cooling. Specimens of both sheet and bar stock of all three alloys 
were solution-treated for 1 hour at various temperatures in the range 
1300 to 1600 °F (705 to 870°C), and either quenched in ice water 
or air-cooled. The temperature range was selected on the basis of 
preliminary hardness and microstructural studies. These experi- 
ments indicated that 

1. Solution treating 1 hour at 1300 °F (705°C) produced the 

lowest hardness in all the alloys. 
2. The beta transus*® for all the alloys was between 1500 and 
1600 °F (815 and 870 °C). 
3. All of the alloys exhibited 100% retained beta structures 
upon quenching from temperatures in their beta-phase fields. 
Average results of tensile and hardness tests made on the solution- 
treated specimens are presented in Figs. 1 and 2. 

It is evident that the properties developed by this type of heat 
treatment vary with the form of the material, alloy composition, solu- 
tion temperature, and cooling rate from the solution temperature. 
The bar stock, in all cases, had properties superior to those obtained 
in the sheet. This may be due, in part, to the geometry of the respec- 
tive test specimens. The maximum tensile strength obtainable in the 
sheet while still retaining reasonable ductility was about 170,000 psi. 
In the bar stock, tensile strengths as high as 195,000 psi were attained 
with about the same ductility (8 to 10% elongation in 1 inch). 

In general, the tensile strength increased with increasing solu- 
tion temperature, while the ductility, expressed as tensile elongation, 
decreased. The one exception to this was the air-cooled, bar-stock 
specimens of the Cr-V alloy. This alloy appeared to reach a maxi- 
mum strength after air cooling from 1350°F (730°C). At higher 
solution temperatures, the tensile strength decreased and the ductility 
increased slightly. At hardness levels above about 430 VHN, all of 
the alloys became exceedingly brittle, so that the tensile specimens 
broke either in the shoulder radius or, in the case of the bar-stock 
specimens, in the threads. Solution treatment at 1300 °F (705 °C) 
resulted in excellent ductility at an intermediate strength level 
(135,000 to 150,000 psi) in both sheet and bar stock of the Mn-Cr 
and the 3 Mn-complex alloys. Cooling rate from this temperature 
within the limits used here had essentially no effect on the resulting 
properties. At higher solution temperatures, the effect of cooling 
rate depended upon the particular alloy under consideration. This 
may be seen particularly well in Fig. 2. 

The effect of rolling temperature on properties of a solution- 
treated alloy is illustrated in Fig. 3. This chart shows the strength- 
ductility relationship for bar stock of the 3 Mn-complex alloy solution- 
treated after rolling at 1450 or 1600 °F (790 or 870°C). The mate- 


®Temperature above which the alloys were 100% beta. 
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rial rolled at 1600 °F (870 °C), in the beta field for this alloy, had 
consistently lower ductility at a given strength level than the material 
rolled at 1450 °F (790 °C) in the alpha-beta field. This same rela- 
tionship was true for the other two alloys. Some differences in prop- 
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erties would be expected from a consideration of the microstructures. 
After rolling at 1600°F (870°C) and solution treating, all of the 
alloys were large grained, and their structures consisted of an alpha 
grain boundary network and Widmanstatten alpha platelets in a 
matrix of retained beta as illustrated in Fig. 4. The structure of the 
alloys rolled at 1450°F (790°C) and solution-treated consisted of 
spheroidal particles of alpha, randomly distributed in the beta matrix, 
as illustrated in Fig. 5. All three alloys had essentially the same 
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Fig. 3—Effect of Rolling at a Temperature in the Alpha-Beta 
(1450 °F) or Beta (1600 °F)-Phase Regions on the Strength-Duc- 
tility Relationships After Solution Heat Treatment. Specimens 
were quenched from the solution temperature. 


microstructures in a given condition of fabrication and heat treatment, 
with the exception of small differences in the relative amounts of 
alpha and beta phases present. 

The properties developed by solution heat treatment in the alpha- 
beta phase region are believed to depend largely on the degree of 
coherency or age hardening of the beta phase during cooling. The 
degree of hardening which occurs at a given cooling rate is, in turn, 
dependent on the relative stability of the beta phase. This stability 
is a function of the particular alloying elements and the concentration 
of these elements in solution. All of the beta-stabilizing elements 
used in these alloys have equilibrium diagrams of the eutectoid or 
the terminal solid-solution type. Thus, heating at increasing temper- 
atures in the alpha-beta phase regions would result in the formation 
of beta of successively lower alloy content. The highly alloyed beta 
present at lower solution temperatures (1300 °F) was apparently not 
age-hardened appreciably during cooling. A relatively low strength, 
highly ductile structure resulted. The leaner beta formed at higher 
solution temperatures was less stable and more susceptible to age 
hardening upon cooling. In the case of the Cr-V alloy, the beta phase 
formed at solution temperatures above 1350°F (730°C) was suffi- 
ciently unstable that a visible precipitate of alpha formed upon air 
cooling, as shown in Fig. 6. The loss of coherency indicated by the 
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Fig. 4—Mn-Cr Alloy. Rolled at 1600°F, solution-treated ‘at 1400°F and 
quenched. Structure: Primary alpha in a retained beta matrix. Note grain-boundary 
network and Widmanstatten configuration within the grains. X 500. 

Fig. 5—Mn-Cr Alloy. Rolled at 1450 °F, heat treated as in Fig. 4. Structure: 
Primary alpha in a beta matrix. Note shape and distribution of alpha differs from 
that of Fig. 4. x 500. 

Fig. 6—Cr-V Alloy. Rolled at 1600 °F, solution-treated at 1400°F and air- 


cooled. Structure: Coarse, primary alpha and a fine alpha precipitate in a beta 
matrix. X 500. 
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appearance of the precipitate was reflected in the decrease in tensile 
strength and hardness and the slight increase in ductility of these 
specimens (Fig. 2). 

It is evident that good tensile properties may be developed in 
beta-stabilized titanium alloys by the solution type of heat treatment. 
Materials so treated would be limited in their applications, however. 
As shown in the next section, the retained beta phase present after 
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this type of heat treatment would be subject to age hardening at tem- 
peratures of 200 °F or higher. Consequently, the service tempera- 
tures of titanium alloys so treated would be restricted to some tem- 
perature below this value. 


AGE HARDENING 


As has been shown, high strength and good ductility are attain- 
able in certain titanium alloys after quenching or air cooling from 
their alpha-beta phase regions. The high strengths are attributed to 
a coherency or age hardening which occurs even during relatively 
rapid cooling. However, the hardening process is not easily con- 
trolled in this type of treatment. It has been found that considerably 
better and more reproducible properties may be obtained if the alloys 
are actually overaged after solution treatment by holding for rela- 
tively long periods of time at temperatures between 800 and 1100 °F 
(425 and 595°C). Age hardening occurs well below 800°F (425 
°C) and has been observed even at room temperature (6). How- 
ever, this aging or coherency hardening generally results in low duc- 
tility. As will be shown in this section, ductility is not restored ex- 
cept by overaging. 

Preliminary investigation of age hardening consisted of deter- 
mining hardness versus aging-time relationships after various solu- 
tion treatments. Small specimens, % by ™% by 0.064 inch, taken 
from the heats of the three alloys fabricated to sheet (WT4A, 
WTI5A, and WT25A) were used. These specimens were solution- 
treated for 1 hour at temperatures of 1300, 1400, and 1600 °F (705, 
760, and 870 °C) in an argon atmosphere and quenched in ice water. 
The temperatures were selected to give structures containing approx- 
imately 30, 60, and 100% retained beta phase, respectively. Speci- 
mens representing each of the solution temperatures were then aged 
for times of % to 24 hours at 100 °F increments of temperature in 
the range 200 to 900 °F (95 to 480°C). Vickers hardnesses were 
determined on metallographically polished cross sections of the speci- 
mens. A representative set of curves of the Mn-Cr alloy is presented 
in Fig. 7. The scatter of the points on some of these curves was 
attributed to heterogeneity in the alloy. Aging curves for the Cr-V 
and 3 Mn-complex alloys are comparable with those shown in Fig. 7. 

Maximum hardening after all solution treatments occurred at 
700 °F (370°C). Maximum hardness attainable increased with 
increasing solution temperature. This would be expected from the 
higher percentage of retained beta present after solution treatments 
at the higher temperatures. Hardening was also initiated at lower 
aging temperatures in the specimens containing the higher percent- 
ages of retained beta. Some overaging occurred in relatively short 
times at temperatures of 800 and 900 °F (425 and 480°C). Micro- 
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Fig. 7a-d—Hardness Versus Aging Time for the Mn-Cr Alloy Solution-Treated 
and Aged at Various Temperatures. 
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Fig. 7e-h—Hardness Versus Aging Time for the Mn-Cr Alloy Solution-Treated 
and Aged at Various Temperatures. 


structurally, no changes from the solution-treated structures were 
observed after aging at temperatures below 800°F (425°C). The 
longer aging times at 800 and 900 °F (425 and 480 °C) resulted in 
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Fig. 8—Tensile Properties of Solution-Treated and Overaged %-Inch Diam- 
eter Bar Stock of the 3 Mn-Compiex Alloy. Rolling temperature, 1450 °F. 
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Fig. 9—Tensile Properties of Solution-Treated and Overaged %-Inch Diam- 
eter Bar Stock of the Mn-Cr Alloy. Rolling temperature, 1450 °F. 


the appearance of a very fine precipitate of alpha in the retained beta 
phase. 

Selected aging treatments applied to sheet tensile specimens of 
the three alloys gave disappointing results. Specimens aged at 700 
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Fig. 10—Tensile Properties of Solution-Treated and Cresget %-Inch Diam- 
eter oa Stock of the Cr-V Alloy. Rolling temperature, 1450 ° 


°F (370°C) or lower to hardness levels in the range 380 to 425 
VHN developed relatively high strength in some cases, but ductility 
as measured by tensile elongation was very low. 

A few aging treatments similar to those used on the sheet speci- 
mens were applied to bar stock of the three alloys. In addition to the 
1300 and 1400 °F (705 and 760°C) solution treatments used for 
the sheet specimens, the bar stock was solution-treated at 1200 °F 
(650°C) and aged at 700°F (370°C). Again, solution treating 
at 1300 or 1400°F (705 or 760°C) and aging resulted in high 
strength and low ductility. However, lowering the solution tempera- 
ture to 1200 °F (650°C) and aging at 700°F (370°C) produced 
very good high strength properties in two of the alloys. The Mn-Cr 
and 3 Mn-complex alloys attained strengths of 172,000 to 187,000 
psi, with elongations of 10 to 14.5% in 1 inch. Investigation of the 
1200 °F (650°C) solution treatment was discontinued when it was 
learned that excellent high strength properties could be obtained by 
long-time overaging treatments. 

The overaging type of heat treatment was investigated in some 
detail. Specimens of all six bar-stock heats were solution-treated for 
1 hour at 1300, 1400, and 1600°F (705, 760, and 870°C) and 
quenched in ice water. Solution-treated specimens of the heats rolled 
at 1450 °F (790 °C) were aged for various times at temperatures of 
800, 900, 1000, and 1100 °F (425, 480, 540, and 595°C). Lack of 
sufficient stock restricted the aging of the heats rolled at 1600 °F 
(870°C) to temperatures of 800 and 900°F (425 and 480°C). 
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Fig. 11—Cr-V Alloy. Solution-treated at 1600 °F and aged 24 hours at 800 °F. 
Structure: Unidentified phase (dark etching) plus fine alpha precipitate in. a beta 
matrix. The unidentified phase is believed to be titanium hydride. x 500. 

Fig. 12—Fracture of Specimen Shown in Fig. 11. Fracture appears to have 
occurred through the unidentified phase. X 100. 

Fig. 13—Cr-V Alloy. Solution-treated at 1600 °F and aged 2 hours at 1000 °F. 
Structure: Fine alpha precipitate in a beta matrix. Unidentified phase not visible 
here. X 500. 


Averaged results of tensile tests made on the heat treated specimens 
of the heats rolled at 1450 °F (790 °C) are given in Figs. 8, 9, and 10. 


It is evident from the above figures that excellent strength- 


ductility relationships over a wide strength range are possible in 
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titanium alloys under the proper conditions of alloying and heat 
treatment. Let us consider, first, the specimens of each alloy solution- 
treated at 1300 and 1400 °F (705 and 760°C) and overaged. The 
3 Mn-complex alloy (Fig. 8) had strengths ranging from 223,200 to 
133,900 psi, with corresponding elongations of 5 and 31.5% in 1 
inch. The Mn-Cr alloy (Fig. 9) had similar properties. The Cr-V 
alloy (Fig. 10) did not attain so high a strength level and its duc- 
tility at a given strength level was somewhat lower than that of the 
other alloys. Even so, the overaging heat treatment resulted in the 
best properties yet obtained in this alloy. As would be expected, 
strength varied inversely with the aging temperature for a given 
solution treatment. Increasing the solution temperature from 1300 
to 1400 °F (705 to 760°C) increased the strength attainable for a 
given aging treatment. Note the high yield strength/tensile strength 
ratio in all of the alloys. 

Solution treatment at 1600 °F (870 °C) (above the beta transus ) 
prior to overaging resulted in lower ductility in all alloys. Specimens 
so treated and then overaged at 800 or 900°F (425 or 480°C) 
exhibited completely brittle fractures. Aging at 1000 or 1100 °F 
(540 or 595°C) produced some ductility at relatively low strength 
and hardness levels. 

The loss of ductility after the 800 or 900 °F (425 or 480 °C) 
aging treatment is believed to be at least partly due to an unidentified 
phase which precipitates along with the fine alpha precipitate, as 
illustrated in Fig. 11. This phase looks very much like the line mark- 
ings in unalloyed titanium which have been shown to be titanium 
hydride (7, 8). An unidentified phase similar in appearance was 
also noted by Phillips and Frey (9) in a Ti-150A alloy isothermally 
transformed at 850 to 1000 °F (455 to 540 °C), 

As is shown in Fig. 12, fracture apparently occurred through 
the unidentified phase. This phase did not appear after aging at 
1000 °F (540 °C) or above, as shown in Fig. 13. Neither was it 
detectable after solution treating at 1300 or 1400 °F (705 or 760 °C) 
in the alpha-beta field and overaging. The latter observation sug- 
gests that (a) the high alloy content of the beta phase after such 
solution treatments increases the solubility limit of the element or 
elements responsible for the phase, or (b) this element or elements 
is partitioned between the alpha and beta phases at the solution 
temperature, so that the solubility limit in the beta phase is not ex- 
ceeded upon aging. Experiments which are expected to identify the 
unknown phase by X-ray diffraction methods are in progress. 

The effects of rolling at temperatures in the alpha-beta or beta- 
phase fields on the terisile properties of the three alloys are shown in 
Fig. 14. Rolling at 1600 °F (870°C) severely reduced the ductil- 
ity of the Cr-V and Mn-Cr alloys even at relatively low strength 
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levels. The ductility of the 3 Mn-complex alloy rolled at 1600 °F 
(870 °C) was reduced only moderately below that of the material 
rolled at 1450°F (790°C). No explanation of the differences in 
behavior of the three alloys with respect to rolling temperature can 
be offered at this time, although the problem is being studied. Micro- 
structurally, no appreciable differences were observed. It is realized 
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Fig. 14—Tensile Strength Versus Elongation for Bar 
Stock of Three Alloys Rolled at Two Different Tempera- 


tures. After rolling, all specimens were solution-treated 
in the alpha-beta field and then overaged. 


that the interpretation of the effect of rolling temperature is open to 
criticism, because different heats of each alloy were used at the two 
rolling temperatures. However, the chemical compositions of the 
separate heats agreed very well (Table I), and there was no reason 
to suspect abnormal impurities in any of the heats. 

A good correlation existed between hardness and tensile strength 
of all three alloys after solution treating and overaging, as shown in 
Fig. 15. This relationship, with the few exceptions shown, was valid 
for all specimens which exhibited any ductility, regardless of fabrica- 
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Fig. 15—Tensile Strength Versus Hardness for 
Solution-Treated and Overaged Specimens of the 
Three Alloys. This relation holds for all except the 
completely brittle specimens. 
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Fig. 16—Effect of Reheating Heat Treated Bar Stock 
of the Three Alloys at 500°F for Times up to 1000 
Hours. Initial heat treatment consisted of solution treat- 
ing at 1400 °F and overaging to the strength levels shown. 


tion history, solution temperature, or aging temperature. 

The excellent high strength tensile properties developed by over- 
aging are believed to be due to the dispersion hardening effect of the 
fine alpha precipitate in the retained beta phase. In order to attain 
good ductility, the aging apparently must be carried out until com- 
plete loss of coherency occurs. It is possible that similar properties 
may be attained by direct isothermal transformation from the solu- 
tion temperature. 

Preliminary experiments on the overaging of titanium alloy sheet 
showed the ductility of the sheet to be much lower than that obtained 
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in bar stock given similar heat treatments. Recent work has indi- 
cated that the lower ductility of the sheet is due, in part, to a small 
amount of surface contamination incurred during heat treatment. 
Further work on this problem is in progress. 


Stability of Overaged Alloys at Elevated Temperature 


As mentioned earlier, the embrittlement of high strength tita- 
nium alloys at elevated temperatures is due to age hardening of the 
retained beta phase. The overaging type of heat treatment described 
in the preceding section at least partially transforms the retained beta 
to the final product of the aging reaction. Therefore, alloys given 
this type of heat treatment should show improved stability at temper- 
atures below the aging temperatures used. 

Specimens taken from the bar stock of the three alloys rolled at 
1450 °F (790°C) were solution-treated and overaged to strength 
levels of about 190,000 to 215,000 psi. In order to obtain some idea 
of the stability of these properties, the alloys were then reheated at 
350 and 500 °F (175 and 260°C) for periods of time up to 1000 
hours. The results of subsequent room-temperature tensile tests made 
on the specimens reheated at 500 °F (260°C) are presented in Fig. 
16, along with the average properties of the alloys as initially heat 
treated. 

With one exception, the properties of all the alloys remained 
essentially unchanged after exposures up to 1000 hours at 350 °F 
(175°C). The yield strength of the Cr-V alloy increased substan- 
tially at some time between 200 and 500 hours at this temperature. 
The same phenomenon occurred during the reheating of this alloy 
at 500 °F (260 °C) as may be seen in Fig. 16. Other than the one 
change, the alloy appeared to be completely stable at 500 °F (260 °C). 

The Mn-Cr alloy also appeared to be quite stable at 500 °F 
(260°C). The tensile strengths of the specimens reheated at both 
500 and 350 °F (260 and 175°C) were somewhat higher than the 
average strength of specimens given the same initial heat treatment. 
This is believed to be due to some variation in heat treating procedure 
rather than to an effect of the reheating. 

The 3 Mn-complex alloy was quite stable up to 500 hours at 
500 °F (260°C). However, after 1000 hours at 500 °F (260°C), 
the ductility of this alloy was substantially reduced. It is pointed out, 
however, that the 3 Mn-complex alloy was heat treated initially to a 
higher strength level than the other two alloys. It might be equally 
stable at lower strength. 

The overaging type of heat treatment shows great promise as a 
preliminary treatment for alloys to be used at elevated temperatures. 
To the authors’ knowledge, this is the first time that the degree of 
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stability at elevated temperatures illustrated in this section has been 
produced in titanium alloys at such high-strength levels. 


SUMMARY 


The effects of various types of heat treatments on the tensile 
properties and hardness of three experimental high strength titanium 
alloys were studied. The effect of hot rolling temperatures in the 
alpha-beta and beta-phase regions on properties after subsequent heat 
treatment was also investigated. 

The effect of solution treating, i.e., heating in the alpha-beta or 
beta-phase regions and cooling at relatively fast rates, was found to 
vary with alloy composition, solution temperature, cooling rate, and, 
to some extent, rolling temperature. Tensile strengths of 140,000 to 
170,000 psi in sheet and 140,000 to 195,000 psi in bar stock with 
good ductility at all strength levels were produced by such treatments. 

Age hardening of solution-treated alloys at temperatures up to 
700 °F (370 °C) generally resulted in high strength and low ductil- 
ity. Overaging at 800 to 1100°F (425 to 595 °C) of alloys rolled 
to bar stock and solution treated in the alpha-beta phase region pro- 
duced excellent properties over a wide strength range. Strengths of 
over 200,000 psi with elongations of 10% in 1 inch or more were 
achieved. Overaging of the heats rolled in the beta-phase region 
resulted in very low ductility in two of the three alloys. In all cases, 
solution treatment in the beta region prior to aging produced very 
brittle materials. 

Overaging also produced good elevated-temperature stability. 
The properties of two of the three alloys, heat treated to about 200,000 
psi tensile strength, were essentially unchanged after 1000 hours at 
500 °F (260°C). The third alloy heat treated to 214,000-psi ulti- 
mate strength was stable up to at least 500 hours at 500 °F (260 °C). 
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TRANSFORMATION KINETICS AND MECHANICAL 
PROPERTIES OF TITANIUM-ALUMINUM- 
MOLYBDENUM ALLOYS 


By H. D. KEssLer AND M. HANSEN 


Abstract 


End-quench hardenability, time-temperature-transfor- 
mation, age hardening, and mechanical properties studies 
were carried out on a series of Ti-Al-Mo alloys. Ternary 
alloys with aluminum contents to 6% and molybdenum 
contents to 10% were investigated. The results indicate 
that aluminum contents of 4% or more do not greatly 
improve the strength and markedly reduce the ductility 
of the alloys at moderate temperatures. Heat treatments 
involving various cooling rates from the beta solution 
temperature were applied. The heat treating response of 
the alloys is chiefly a function of the molybdenum content. 
The strengths of the alloys can be varied within wide 
limits by the application of specific heat treatments. 


INTRODUCTION 


HIS is the first of a series of papers describing the results of 
titanium-base alloy development work being carried on at the 

Armour Research Foundation. The alloy development studies are 
based on the excellent background of phase diagram information 
available on the various titanium systems. Prior to any extensive 
property investigations, the transformation kinetics of typical systems 
were studied by means of such familiar techniques as end-quench 
hardenability tests, time-temperature-transformation charts, and age 
hardening curves. The heat treatments of tensile and impact speci- 
mens are based on the results of the kinetics studies. The main pur- 
pose of the mechanical property investigations is to establish trends 
rather than to develop design data. By this approach it is believed 
that the optimum alloys can be developed in the shortest possible time 
and with the least total effort. 

This paper summarizes a portion of the results of an investigation 
sponsored by the Watertown Arsenal’ on the influence of ternary 
addition elements on the properties of titanium-aluminum alloys. The 
‘Contract No. DA-11-022-ORD-244. 

A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, H. D. Kessler is 
supervisor of Nonferrous‘ Metallurgy and M. Hansen is manager, Metals Re- 


search Department, Armour Research Foundation of Illinois Institute of Tech- 
nology, Chicago. Manuscript received April 9, 1953. 
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importance of ternary alloys based on the titanium-aluminum system 
is illustrated by the fact that two commercial alloys, Mallory Sharon’s 
MST 3AI-5Cr (3% Al—5% Cr) and Rem Cru Titanium’s RC-130B 
(4% Al-—4% Mn), are of this type. 

Titanium-aluminum-molybdenum alloys were selected for investi- 
gation, as they demonstrate the properties obtained by the combination 
of a beta stabilizing terminal solid-solution-type binary system 
(Ti-Mo) (1)? with the alpha stabilizing terminal solid solution system 
(Ti-Al) (2). Another paper being published concurrently with this 
one reports the results of a similar investigation of the Ti-Al-Cr alloys 
(3). This system was selected, as it represents the combination of a 
beta stabilizing eutectoid-type binary system (Ti-Cr) (4) with the 
alpha stabilizing terminal solid solution system (Ti-Al). 

While an understanding of the binary phase relationships is 
benefical in planning a systematic study of ternary alloys on a com- 
position basis, this information must be supplemented by a knowledge 
of the structural behavior of the alloys upon heat treatment. Accord- 
ingly, the selection of the Ti-Al-Cr and Ti-Al-Mo systems was based 
on the results of previous studies of the Ti-Cr (5) and Ti-Mo (5, 6) 
alloys. These investigations indicated that the hardening character- 
istics of the two binary systems are quite different, apart from the 
fact that one is of the eutectoid type, whereas the other is of the 
simple terminal solid solution type. Other work performed at the 
Armour Research Foundation plus a review of several recent publi- 
cations indicate that the Ti-Cr and Ti-Mo alloys are excellent repre- 
sentatives illustrating the wide variations in mode of hardening on 
heat treatment possible in titanium alloy systems. According to the 
known binary diagrams, the Ti-Cb (1), Ti-Ta (7), and Ti-V (8) 
systems fall in the Ti-Mo group, whereas the Ti-Mn (9), Ti-Fe (4), 
Ti-Ni (10), Ti-Cu (11), and Ti-W (7) systems fall in the Ti-Cr 
classification. 

The following discussion describes some current ideas on the 
hardening processes involved in titanium alloys based on generali- 
zations made from binary alloy studies. Much research still remains 
to be done to prove the validity of these ideas, but their presentation 
here may help in a better understanding of experimental results given 
in the two papers. 

Reference is made to Fig. 1 which schematically illustrates the 
hardness versus composition characteristics of the Ti-Mo and Ti-Cr 
type systems. Two hardening processes can occur in each system, 
depending on the composition. Hardness peaks are apparent both on 
water quenching (Q) from the beta field or on aging (A) a pre- 
viously solid solution (beta) treated sample. 


The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Typical Hardness Curves and Corresponding Peaks Ob 
tained on Water Quenching From the Beta Field (Q) and Aging (A) 
After Quenching From the Beta Field for Ti-Mo (1A—-Upper) and 
Ti-Cr (1B—-Lower) Type Alloys. 


A. Tue Ti1-Mo Type System 


The hardness peak, Q, obtained on water quenching the Ti-Mo 
type alloys (see Fig. 1A) seems to be associated with the formation 
of the acicular transformed beta (a’) structure which results from a 
martensite-type diffusionless transformation. This peak occurs at 
fairly low alloy content, X, and at least in the case of the Ti-Mo 
system represents only a relatively small increase in hardness com- 
pared to that obtained on aging alloys of higher molybdenum content. 
However, for other binary systems this peak may extend to higher 
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or lower hardness levels with respect to the aging curve. It is quite 
possible that the peak Q represents maximum saturation of molyb- 
denum in the metastable a’ phase. At higher alloy contents beyond 
X, increasingly larger proportions of soft beta phase are retained on 
quenching until at a given composition, Y, no a’ can be detected either 
microscopically or by X-ray. Subsequent aging of this first com- 
pletely retained beta alloy at some critical temperature in the a+ B 
phase field leads to the peak hardness, A. The hardness increases 
during aging result from the rejection of alpha from the super- 
saturated beta phase. The hardness versus aging time relationships 
obtained for these alloys are, in general, similar to those obtained for 
the more familiar age hardening alloys. 


B. Tue T1-Cr Type System 


The Ti-Cr type system differs from the Ti-Mo system in that 
the water quenching and the aging peaks occur at approximately the 
same composition, Y; this composition being that at which a’ no 
longer appears on quenching from the beta field. The apparently 
retained beta structure of the alloy at QO can be further aged to give 
even higher hardnesses as indicated by A. Alloys to the left of Y 
are also susceptible to age hardening but to a lesser extent, due to 
the presence of a’ which softens on aging and therefore may be con- 
sidered a diluent. 

For the sake of definition, the hard phase obtained at Q will be 
referred to as beta prime (f’). The high hardness is believed to be 
associated with the precipitation of alpha from the normally soft re- 
tained beta phase. The fact that no alpha precipitate is observed in 
8’ structures, as the equiaxed grains appear identical to soft retained 
beta, indicates that the high hardness may result from a preprecipita- 
tion phenomenon. In the Ti-Cr system, the normal water quenching 
process is not sufficiently drastic to suppress the preprecipitation re- 
action. Some recent work at the Foundation has indicated that only 
by a drastic quench in iced brine is it possible to suppress the pf’ 
reaction in alloys based on iodide titanium. The broken curve in 
Fig. 1B illustrates the results. Note that the quenching peak Q’ 
occurred at much lower hardnesses and lower chromium contents, X, 
than the normal peak Q. Similar experiments performed with equally 
small samples of Ti-Cr alloys based on magnesium-reduced titanium 
gave only the hard f’ structure, indicating that contamination by the 
interstitially soluble elements increases the rate at which Pf” is formed. 

Some recently reported work by Parris, Hirsch and Frost (12) 
indicates that very low hardnesses can be obtained on ice water 
quenching binary chromium and manganese alloys, of compositions 
in the region of Y, prepared with sponge titanium. Their results 
also are interesting, as they show that the alloys not only aged on 
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Table I 
Chemical Analyses of Base Titanium and Alloy Additions 


A. Titanium (B Batch)—(Sponge—Titanium Metals Corporation) 
Hardness—160 DPH 


Fe 0.033% 

Si 0.018 

( 0.035 

N 0.015 

Ti 99.7 

BR. Aluminum (Shot—-Aluminum Company of America) 

Fe 0.19% 

Si 0.09 

Cu 0.01 

Mn 0.01 

Mg 0.01 

Zn 0.01 

Cr 0.01 

Al 99.71 

C. Molybdenum (Powder—Fansteel Metallurgical Corporation) 

Fe 0.005% 

Cc 0.015 

Co+ Ni 0.02 

O 0.045 

Mo 99.94 


cooling from the beta field at rates slower than those obtained by the 
ice water quench, but that the alloys also aged in boiling water and 
during mounting in bakelite. 

Beta prime has also been observed to occur in the Ti-Mo system 
(13) preceding the appearance of precipitated alpha phase. Thus p’ 
in both types of systems is definitely associated with the rejection 
of alpha from retained beta. On the basis of these results it appears 
that differences in the heat treatment between the Ti-Mo and Ti-Cr 
alloys are due to variations in reaction rates rather than the actual 
mechanism of hardening. 

Ternary alloy additions to the above two types of systems will 
undoubtedly influence reaction rates and could, therefore, markedly 
change the aging versus quench hardening relationships noted for 
the binary alloys. The evaluation of the influence of aluminum addi- 
tions on the heat treatability of alloys based on these two typical 
titanium systems was the major objective of the work reported in 
the two papers being published at this time. 


EXPERIMENTAL PROCEDURE 
A. Preparation of Alloys 


The alloys for this investigation were prepared using the mate- 
rials listed in Table I. The molybdenum was added in the form of 
a 60% molybdenum master alloy with titanium. 

A two-step melting process was used in the preparation of all 
alloys. The first step consisted of nonconsumable tungsten electrode 
arc melting the sponge and alloy constituents in a 3-inch diameter 
water-cooied copper crucible under an atmosphere of helium or argon. 
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To insure more homogeneous ingots, a second melting step was intro- 
duced, whereby the ingots produced by the first operation were forged 
to %4-inch diameter bars and subsequently remelted in a consumable 
electrode arc melting furnace, using a 2-inch diameter water-cooled 
copper crucible. The electrode bars were sand-blasted and pickled 
before the remelting operation. 

There is a greater assurance that homogeneous ingots can be 
produced by the second operation, because a larger molten pool is 
maintained in this furnace than in the nonconsumable electrode arc 
melting unit. Also, all the metal in the %-inch alloy electrode bar 
is transmitted through the are gap and is melted by the intense heat 
of the arc, whereas the heavier alloy additions to the nonconsumable 
electrode furnace may be only partially melted as they sink to the 
bottom of the relatively shallow molten pool. 

Alloys thus melted were then forged to 14-inch round and square 
bars for subsequent testing and evaluation. Forging temperatures 
varied from 950 to 1150 °C (1740 to 2100 °F), depending primarily 
upon the amount of aluminum added. All alloys were preheated in 
the beta field prior to forging: 

The designations 1B and 2B will be used throughout this paper 
to identify the various melts made of each composition. The prefixes 
1 and 2 refer to the first and second heats made of a particular com- 
position and the B indicates that the alloy was made with “B” batch 
titanium sponge. All 1B melts weighed 1000 grams, whereas the 2B 
ingots weighed 2000 grams. 

Chemical analyses were run from the two ends and center of the 
forged rods from each heat. These analyses indicated that the varia- 
tions in composition were within +0.5% of the nominal values for 
each alloy and that the ingots were homogeneous. 


B. Hardenability Tests 


To obtain qualitative and comparative hardenability data, end- 
quench tests were run using samples of 14-inch diameter by 3-inch 
length. The specimens were fitted with the adapter to allow the use 
of the standard quenching fixture. However, a '%4-inch diameter 
water jet was substituted for the standard %-inch jet to eliminate 
any possibility of side cooling. 

An envelope type of end-quench test, whereby the %4-inch 
diameter by 3-inch long samples were placed inside a titanium envelope 
of standard Jominy bar external dimensions, was used to verify the 
results of the above tests. Standard end-quench procedures were used. 
The results of hardness tests indicated that there was excellent agree- 
ment between the two methods; therefore, the first described, simpler 
method was used for the balance of the tests. 

The samples were heated for %4 hour at 1000 °C (1830 °F) prior 
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to quenching. Hardness measurements were made according to 
standard procedure along a %4-inch wide tangential flat machined 
along the full length of each specimen. To insure that this flat was 
sufficiently below the surface of the sample to prevent surface con- 
tamination or side cooling from giving erroneous results, several of 
the samples were sliced in half and hardness tests run along the center. 
As identical hardness results were obtained between the two tests for 


every sample tested, the %4-inch flat was used for the balance of the 
hardness survey. 


C. Heat Treating Procedures 


The following heat treating procedures were used for specimens 
in the transformation temperature and TTT determinations, age hard- 
ening studies, and tensile and impact tests. 

For the transformation temperature determinations, disk samples 
were cut from each alloy bar and subsequently sealed in evacuated 
Vycor bulbs. Annealing treatments were carried out in Nichrome- 
wound tubular furnaces which were controlled to +3 °C. Temper- 
ature intervals of 50 °C for a range of 800 to 1100 °C (1470 to 2010 
°F) were used. Samples were water-quenched after 1 hour at tem- 
perature. Transformation temperatures were determined by metal- 
lographic examination. 

Samples for the TTT determinations were vacuum sealed in 
Vycor bulbs, annealed in the beta phase field for % hour, then iso- 
thermally quenched into lead baths at temperatures ranging from 500 
to 900 °C (930 to 1650°F). For treatments of 1 minute or less, 
the Vycor bulb was broken immediately before immersing the samples 
in the molten lead. Longer treatments were carried out with the 
samples capsulated. All specimens were water-quenched upon re- 
moval from the lead. In all quenching operations, whether the 
quenching was in water, oil or air, the bulb was broken mechanically 
upon immersion in the particular medium. 

Samples for the age hardening studies were beta annealed for 
Y% hour in Vycor bulbs prior to water quenching. For aging times 
of less than 1 hour the specimens were heated in an argon atmosphere 
tube furnace. Samples treated for longer periods were sealed in Vycor 
bulbs. Water quenching followed all aging treatments. 

Tensile and impact specimens were machined prior to heat treat- 
ment. The same rules for heat treatment in Vycor bulbs were applied 
to these samples as were applied in the TTT and age hardening 
studies. The samples were inspected after heat treatment and only 
a few had to be rejected due to distortion. Furnace-cooled specimens 
were cooled at a rate of approximately 2.5 °C per minute. 
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D. Testing Procedures 


Vickers hardness tests were made with a diamond penetrator and 
a 30-kilogram load. Three impressions were generally made to give 
an average hardness value. Standard %4-inch diameter by 1-inch 
gage length shouldered samples were used for the tensile tests. 
Loading was regulated to give a strain rate of approximately 0.004 
in/in/min. A standard V-notch Charpy test specimen was used for 
all impact tests. As the purpose of this work was to establish trends 
rather than to obtain design data, only one test was generally run for 
a given condition of heat treatment. 


DISCUSSION OF RESULTS 


A total of nine Ti-Al-Mo alloys were investigated. A maximum 
molybdenum content of 10% was selected because in the titanium- 
molybdenum system this composition represents the transition from 
an acicular transformed beta (a’) to a fully retained beta structure 
(1). Also on age hardening, maximum hardnesses are obtained at 
the 10% molybdenum level. A maximum aluminum content of 6% 
was selected, as alloys of higher aluminum content were found to 
possess low ductilities. 


1. Hardenability Tests 


On end quenching, the Ti-Al-Mo alloys responded with relatively 
small hardness variations (see Fig. 2) compared to the Ti-Al-Cr 
alloys (3). The basic characteristics of the hardenability curves show 
the greatest variations with changes in molybdenum content. 

The 2% molybdenum alloys show little hardening due to the 
formation of a’, the greatest difference in hardness between the 
quenched and slow-cooled ends being about 50 DPH for the Ti-4 
Al—2 Moalloy. The general hardness level increases with increasing 
aluminum content. 

The 6% molybdenum bars showed a minimum hardness at the 
quenched end and became progressively harder with reduced cooling 
rates. The maximum hardness levels were reached at about the 1-inch 
mark. The increase in hardness is, of course, due to the transfor- 
mation of the beta phase originally retained on quenching. For a 
given percentage of molybdenum the hardness level rises with in- 
creasing amounts of aluminum. 

The 10% molybdenum alloys consist almost entirely of retained 
beta and show only very slight increases in hardness with increasing 
distance from the quenched end. Apparently the 8B ~ a-+ 8 reaction 
is so sluggish that the beta was retained along the entire length of 
the specimen. These data indicate that the 10% molybdenum alloys 
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could be uniformly heat treated in heavy sections by quench and age 
procedures. Also in the beta water-quenched condition these alloys 
may not be susceptible to embrittlement on welding. 


2. TTT Determinations 


The TTT charts for the Ti-Al-Mo system, Fig. 3, closely re- 
semble those for the binary Ti-Mo alloys (5, 6) in that they consist 
essentially of two C-curves indicating, respectively, the initiation and 
completion of the 8 ~a-+ 8 reaction. In all cases, the curve marking 
the beginning of the precipitation of alpha was determined with good 
accuracy, whereas the 95% completion curve, which is shown as a 
broken line, is only an approximation. It is most difficult to establish 
the latter curve, particularly at the lower temperatures where struc- 
tures are difficult to resolve. The designation (a’)Q has been 
inserted in the lower left-hand corner of the appropriate diagrams to 
indicate that a’ is formed on water quenching from the beta field. 

a. The B/a+ B Temperature — The B/a+ £8 transformation 
temperature is lowered by increasing the molybdenum content and 
raised by increasing the amount of aluminum. 
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Fig. 3A—TTT-Diagrams for the Ti-Al-Mo Alloys, Showing 
Vickers Hardness Readings for the Various Heat Treatments. 


b. The Isothermal B—->a-+ 8 Transformation—The noses of 
the two C-curves lie between 600 and 700°C for all alloys. The 
8—a-+ 8B reaction rate decreases with increasing molybdenum con- 
tent and increases with increasing aluminum content. In general, 
the precipitation of alpha starts sooner for the Ti-Al-Mo alloys than 
for alloys of comparable molybdenum content of the binary Ti-Mo 
system (5, 6). Minimum completion times of the precipitation of 
alpha vary from 1 to about 100 minutes for Ti-Al-Mo alloys. 
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Fig. 3B—TTT-Diagrams for the Ti-Al-Mo Alloys, Showing 
Vickers Hardness Readings for the Various Heat Treatments. 


Figs. 4 through 7 illustrate typical microstructures obtained on 
isothermal heat treatment of the Ti-Al-Mo alloys. Fig. 4 shows the 
grain boundary precipitation of alpha as initiated at temperatures 
above 700 °C (1290°F). At lower temperatures a very fine cloud- 
like precipitate is obtained as shown in Fig. 5. Fig. 6 illustrates the 
veined, difficult to resolve structure at about 80% completion of the 
reaction. This latter structure is characteristically very hard (460 
DPH as compared to 375 for the structure of Fig. 5). Fig. 7 shows 
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Vickers Hardness Readings for the Various Heat Treatments. 


a typical fine and difficult to resolve two-phase structure obtained 
after 1 hour of heat treatment at 600 °C (1110 °F). 

c. The Alpha Prime Reaction— Alpha prime is formed on 
quenching short-time isothermally-annealed 2 and 6% molybdenum 
alloys. No alpha prime has been observed in the water-quenched 
10% molybdenum compositions. The results indicate that increasing 
aluminum additions slightly lower the M, temperature for a given 
molybdenum content. 
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Fig. 4—2% Aluminum —6% Molybdenum Alloy Isothermally Quenched to 750 °C 


and Held for 30 Seconds. Rejection of alpha plates from grain boundaries. x 1000. 
Fig. 5—Same Alloy as Fig. 4, but Isothermally Quenched to 600 °C and Held for 
15 Seconds. Fine precipitate of alpha rejected from beta matrix. X 1000. 


Fig. 6—Same Alloy and Isothermal Transformation Temperature as Fig. 5, but 
Held for 30 Seconds. Veined appearance on about 80% completion of precipitation 
of alpha. xX 1000. 

Fig. 7—Same Alloy and Isothermal Transformation Temperature as Fig. 5, but 
Held for 1 Hour. Very fine a+ 8 structure.  X 1000. 

Etchant: 60 glycerine, 20 HNOs, 20 HF. 
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d. Hardness Measurements—Hardness data indicate that some 
beta phase is retained on the direct water quenching of the 2% 
molybdenum alloys, as even the 2 Al—2 Mo alloy showed consider- 
able age hardening during isothermal treatment. In general, 600 °C 
(1110°F) (the nose of the C-curve) seems to be the optimum tem- 
perature of aging with respect to achieving high hardnesses in the 
shortest possible time. 

Hardness peaks on aging are reached within about 1 minute for 
the 2% molybdenum alloys, within approximately 100 minutes for 
the 6% molybdenum composition and after more than 100 minutes 
for the 10% molybdenum alloys. These data definitely point to the 
fact that the alloys of 6 and 10% molybdenum content can be strength- 
ened by the application of isothermal age hardening heat treatments. 
The maximum hardnesses attainable on aging are higher for the 4 
and 6% aluminum alloys than for the 2% aluminum alloys for a given 
molybdenum content. 

It should be noted that the lower general hardness level of the 
Ti-—4 Al-—10 Mo alloy is due to the fact that this alloy was not pre- 
pared by the standard double arc melting technique. Double melting 
introduced small amounts of oxygen and nitrogen which raised the 
hardness levels for the other alloys. 


3. Age Hardening Study 


The results of the age hardening studies for the three 2% alumi- 
num alloys are presented in Figs. 8 to 10. 

That some beta is retained on water quenching the Ti-—2 Al- 
2 Mo alloy is verified by the data plotted in Fig. 8. The age hard- 
ening occurring at temperatures from 300 to 500 °C (570 to 930 °F) 
resulted from the precipitation of alpha from the retained beta. Ex- 
tremely fine a -+ £8 structures are characteristic of these treatments. 
The softest condition is obtained on annealing at 700°C (1290 °F) 
for 5 or more hours. 

The addition of 6% molybdenum to the Ti—2 Al-base compo- 
sition results in the retention of sufficient beta phase on water quench- 
ing to render the alloy highly age hardenable. Aging at 500°C 
(930 °F) resulted in the highest hardness, the peak of approximately 
490 DPH occurring after 5 hours annealing at this temperature. The 
softest condition was obtained on annealing at 800 °C (1470 °F) for 
times up to 5 hours. 

The Ti-—2 Al-—10 Mo alloy seems to offer the greatest range of 
heat treatability as compared to the other two alloys. Hardnesses 
ranging from less than 300 DPH, as quenched, to 500 DPH, as aged, 
were obtained. The 900°C (1650°F) treatment was simply a beta 
anneal and gave the lowest hardness values. 





1954 TITANIUM-ALUMINUM-MOLYBDENUM ALLOYS 601 


600 


Ti-2Al-2Mo 


900 


400 


200 


Diamond Pyramid Hardness (30 kg. Load) 





100 ! | 
O 4 8 l2 6 20 24 
Aging Time, hours 


Fig. 8—Age Hardening Curves for Ti-2% Al-—2% Mo Alloy Samples, 
Water-Quenched From the Beta Phase and Aged at the Indicated Temperatures. 
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Fig. 10—Age Hardening Curves for Ti—-2% Al-—10% Mo Alloy Samples, 
Water-Quenched From the Beta Phase and Aged at the Indicated Temperatures. 


4. Mechanical Properties Study 


The results of tensile, impact and hardness tests run on the 
Ti-Al-Mo alloys in various conditions of heat treatment are shown 
in Tables II and III and Figs. 11 to 13. The general property trends 
are mainly dependent on the amount of molybdenum added to the 
Ti-Al base. This fact can be observed by comparing Figs. 11, 12, 
and 13. As these data indicated that there is little strength advantage 
to be gained using aluminum contents of 4% or more, and that poor 
ductility values are obtained for the higher aluminum contents, the 
main emphasis was placed on the Ti—2 Al—x Moalloys. Therefore, 
only the three ternary alloys containing 2% aluminum will be dis- 
cussed in the following section. 

Fig. 11 illustrates for the Ti—2 Al—x Mo alloys the variation 
in mechanical properties obtained using various cooling rates from 
the beta solution temperature. The following general conclusions can 
be made with reference to the heat treatability of the alloys: 

a. Although the Ti—2 Al-—2 Mo alloy shows considerable 
quench hardening, the fact that a somewhat higher strength was ob- 
tained on air cooling indicates that some aging occurred during the 
latter treatment. Air cooling also gave better tensile ductilities and 
impact values than water quenching. The large difference in the two 
impact values obtained for the air-cooled treatment seems to be tied in 
with differences in forging practice which are discussed later. Fur- 
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Table II 


Mechanical Properties of Ti-2 Al-x Mo Alloys 


for Various Conditions of Heat Treatment 


Tensile 


Charpy 


Strength Elonga- R.A. Impact ness 
Alloy and Treatment* psi tion, % % Ft-Lb. DPH?t 
A. Ti-—-2% Al-2% Mo 
As forged 119,200 20 52 18.5f, 70 271 
B(925 °C—¥Y Hr.) -W.0Q. 153,300f 14 6 16 329 
B(925 °C—¥ Hr.) A.C. 155,800 12 31 19.5f, 65 314 
B(925 °C—¥ Hr.) F.C. 104,100 23 51 240 
B. Ti-—2% Al-—6% Mo 
As forged 178,000 1 1.5 1653,425 367 
8(900 °C—¥Y Hr.)-W.Q. 141,000t 19 27 17.5 317 
B(900 °C—¥Y Hr.)-A.C. 196,800 a 1.5 San Foe 392 
8(900 °C—¥Y Hr.)-F.C. 117,200 17 29 271 
C. Ti-—2% Al-10% Mo 
As forged 204,000 0 7.5 13%, 9.5 389 
B(875 °C—¥% Hr.) -W.Q. 133,000t 15 28 27 282 
B(875 °C—¥Y Hr.)-A.C. 152,900¢ 0 0 6 350 
8(875 °C—¥Y Hr.)-F.C. 146,200 10 16 312 
*W.Q. = water-quenched; A.C. = air-cooled; F.C. furnace-cooled. 
Of tensile specimen. 
tSample from Heat 1B—test results not so marked were from Heat 2B. 
I 
Table III 
Mechanical Properties of the 4 and 6% Al, Ti-Al-Mo Alloys 
for Various Conditions of Heat Treatment 
Tensile Charpy Hard- 
Strength Elonga R.A. Impact ness 
Alloy and Treatment* psi tion, % % Ft-Lb. DPH? 
A. Ti-—4% Al-—2% Mo (1B) 
8(1000 °C—¥% Hr.)-W.Q. 163,000 0 0 9 377 
8(1000 °C—¥% Hr.)-A.C. 148,400 15 29 19.5 350 
8(1000 °C—%™% Hr.)->F.C. 131,600 5 7 17 301 
B. Ti-—4% Al-—6% Mo (1B) 
B(975 °C—% Hr.)>w.Q. 121,000 B.S 0 4 371 
B(975 °C—% Hr.)-A.C. 169,000 0 0 1.5} 360 
C. Ti-6% Al—2% Mo (1B) 
B(1025 °C—% Hr.) >W.Q. 164,200 0 0 398 
B(1025 °C—™% Hr.)-A.C. 162,000 0 0 382 
B(1025 °C—¥% Hr.)-F.C. 116,800¢ 1.5 7 13 344 
D. Ti—6% Ai-—6% Mo (1B) 
8(1000 °C—™% Hr.)-W.Q. 119,000 3 0 375 
B(1000 °C—% Hr.)A.C. 166,000 3 0 5.5 428 
8(1000 °C—% Hr.) F.C. 111,000 Brittle Fracture 12 341 
E. Ti—6% Al-—10% Mo (1B) 
8(975 °C—™% Hr.)>W.Q. 88,000 1.5 0 2.5% 325 
B(975 °C—™% Hr.)-A.C. 94,600 0 0 l 332 


*W.Q. = water-quenched; A.C. = air-cooled; F.C. - 
FOF tensile specimen. 
tInclusion of Ti-Mo master alloy at fracture. 


furnace-cooled. 


nace cooling produced a low tensile strength and high tensile ductility. 

b. The fact that the Ti—2 Al—6 Mo alloy is very sensitive to 
age hardening is imdicated by the large increase in tensile strength on 
air cooling. Water quenching resulted in a much lower strength and 
furnace cooling gave the lowest value. Although air cooling resulted 
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Fig. 11—Tensile and Impact Properties of Ti— 2% Al Alloys With 


Varying Molybdenum Content. 


in very poor tensile ductility, both the water quenching and furnace 
cooling treatments produced good ductilities. 
the best impact values. 


Water quenching gave 
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Fig. 12—Tensile Properties and Hardness of Ti-—4 Al Alloys With 
Varying Molybdenum Content. 


c. Little difference was noted for the Ti—2 Al-—10 Mo alloy 
in the strength values resulting from the three heat treatments, 
indicating that longer aging times than are obtained during a cooling 
operation are necessary to produce high strengths. This conclusion 
correlates well with the hardenability curve for this alloy (Fig. 2). 
The fact that water quenching gave the highest tensile ductility and 
impact values indicates that the soft beta phase is completely retained 
on water quenching. 

The as-forged tensile strength increases as a function of molyb- 
denum content, rising from 120,000 psi at 2% to 204,000 psi at 10% 
molybdenum. The tensile ductility, however, drops to very low values 
at the higher strength level, although fair impact values are obtained 
even at 204,000 psi. 

Two sets of impact values are shown for the two batches of alloys 
prepared (i.e., 1B and 2B) in the as-forged and air-cooled conditions. 








606 TRANSACTIONS OF THE ASM Vol. 46 





200 
Ti-6Al-XMo 
iso 
500 , 
w” 
160 e 
ww 
2 
By 140 0 
= 400 § 
4120 a 
s : 
aa ° 
om 
e100 g 
= HoO 300 ° 
“s Quenched 
= 80 
w 
Cc 
e 
60 15 30 x 
mg 
EI O a 
40 ee ong. 10 a 20 c 
tosteeiie 5 
Air Cooled Hg Seegens ne in 
20 HoO Quenched (R.A.) é LJ = 
wD 
‘ wy 
0 Air Cooled 0 0 « 


O 2 Go 6 8 lO 
Molybdenum % 


Fig. 13—-Tensile Properties and Hardness of Ti—6 Al Alloys With 
Varying Molybdenum Content. 


The differences in the impact values noted between the two batches 
for a particular composition and treatment reflect differences in 
forging practice. The 1B ingots were first forged to %-inch rounds, 
were reannealed in the beta field, upset slightly and forged to “%4-inch 
square cross section, whereas the 2B ingots were forged directly to 
'4-inch square rod. Apparently the Ti—2 Al—2 Mo alloys require 
heavy deformations and finishing températures in the a+ £ field if 
good impact properties are desired. The fact that for the other two 
compositions the as-forged impact values for the 1B batch were 
superior to those for the 2B heat indicates that complete forging in 


the beta field, particularly for the Ti—2 Al—10 Mo alloy, would be 
desirable. 


SUMMARY OF RESULTS 


End-quench hardenability and time-temperature-transformation 
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studies provide most valuable information regarding the heat treating 
characteristics of Ti-Al-Mo alloys. Supplemental age hardening 
studies are also informative where water-quench-and-age type of 
treatments can be applied to advantage. 

Titanium-aluminum-molybdenum alloys containing 4% or more 
aluminum offer no strength advantages at moderate temperatures and 
are markedly less ductile than alloys of lower aluminum content. 

The heat treating characteristics of the Ti-Al-Mo alloys are 
chiefly a function of the molybdenum content. Alloys of low molyb- 
denum content (about 2% ) attain high hardness on water quenching ; 
alloys of intermediate molybdenum content (about 6%) are both 
quench and age hardenable; and alloys of high molybdenum content 
(about 10% ) attain maximum hardness only on aging of the super- 
saturated beta solid solution. 

Substantial variations in strength and ductility can be obtained 
in Ti—2 Al-—x Mo alloys containing up to 6% molybdenum by 
simply varying the cooling rate from the beta solution treating tem- 
perature. The strength of the Ti—2 Al—2 Mo alloy could be varied 
from approximately 155,000 psi (obtained either by water quenching 
or air cooling) to about 104,000 psi (resulting from a furnace cool). 
The strength of the Ti—2 Al—6 Mo alloy could be varied from 
approximately 197,000 psi (obtained by air cooling) to about 117,000 
psi (resulting from the furnace cooling treatment). 

Although variations in cooling rates resulted in only relatively 
small variations in the strength for the Ti—2 Al—10 Mo alloy, the 
tensile ductility was considerably affected. The high as-forged 
strength of this alloy, of more than 200,000 psi, and the results of 
the kinetics studies indicate that the strength of the Ti—2 Al—10 Mo 
alloy can be varied over wide limits by the application of age harden- 
ing treatments. 
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TRANSFORMATION KINETICS AND MECHANICAL 
PROPERTIES OF TITANIUM-ALUMINUM- 
CHROMIUM ALLOYS 


By H. D. KeEssLter anp M. HANSEN 


Abstract 


End-quench hardenability, time-temperature-transfor- 
mation, age hardening, and mechanical property studies 
were carried out on a series of T1-Al-Cr alloys. Ternary 
alloys with aluminum contents up to 6% and chromium 
contents up to 6% were investigated. The results indicate 
that aluminum contents of 4% or more do not greatly 
unprove the strength and markedly reduce the ductility 
of the alloys at room temperature. The heat treating re- 
sponse of the alloys is chiefly a function of the chromium 
content. The mechanical properties of the alloys can be 
varied within wide limits by the application of specific 
heat treatments. The treatments investigated included the 
following: (a) Various cooling rates from the beta field; 
(b) forge-and-age; (c) water-quench-and-age; (d) iso- 
thermal-quench-and-age. 


INTRODUCTION 


S NOTED in the first paper of this series (1)* being published 
simultaneously, ternary alloys based on the titanium-aluminum 
system have assumed a position of commercial importance. One of 
the present commercial alloys, Mallory Sharon’s MST 3 Al—5 Cr, 
falls within the composition limits of the alloys which are the subject 
of this publication. The results of these studies of Ti-Al-Cr alloys 
represent a portion of the work performed at the Armour Research 
Foundation under the sponsorship of the Watertown Arsenal’. 
Titanium-aluminum-chromium alloys were selected for investi- 
gation, as they demonstrate the properties obtained by the combi- 
nation of a beta stabilizing eutectoid-type binary system (Ti-Cr) (2) 
with the alpha stabilizing terminal solid solution system (Ti-Al) (3). 
Other considerations leading to the selection of the Ti-Al-Cr system 


1The figures appearing in parentheses pertain to the references appended to this paper. 
“Contract No. DA 11-022-ORD-244, 





A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, H. D. Kessler is 
supervisor of Nonferrous” Metallurgy and M. Hansen is manager, Metals Re- 
search Department, Armour Research Foundation of Illinois Institute of Tech- 
nology, Chicago. Manuscript received April 9, 1953. 
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are detailed in the preceding paper (1) and are, therefore, not pre- 
sented here. Such research techniques as end-quench hardenability 
tests, time-temperature-transformation (TTT) determinations, and 
age hardening studies have been used to effect a thorough under- 
standing of the principles of heat treating the Ti-Al-Cr alloys. The 
results of these studies were then applied to the selection of heat 
treatments which would give promise of developing good mechanical 
properties for the various alloys. 


EXPERIMENTAL PROCEDURE 


A complete description of alloy preparation, hardenability testing, 
heat treating, and mechanical testing procedures is presented in the 
preceding publication (1) ; therefore, the details are not repeated here. 
Briefly, a two-step arc melting process was used for the preparation 
of the 1B (1000-gram) and 2B (2000-gram) ingots prepared for each 
composition studied. The prefixes 1 and 2 refer to the first and 
second heats made for each alloy and the B indicates that the alloy 
was prepared with “B’’-batch titanium sponge. A 50% chromium- 
titanium master alloy was used to introduce the chromium in the first 
melting operation. The analyses of the titanium and addition ele- 
ments are presented in Table I. Chemical analyses run on the two 
ends and center of the forged rods from each heat indicated that the 


Table I 
Chemical Analyses of Base Titanium and Alloy Additions 


A. Titanium (B Batch)—(Sponge—Titanium Metals Corporation) 
Hardness—160 DPH 


Fe 0.33% 
Si 0.018 
e 0.035 
N 0.015 
Ti 99.7 
B. Aluminum (Shot—Aluminum Company of America 
Fe 0.19% 
Si 0.09 
Cu 0.01 
Mn 0.01 
Meg 0.01 
Zn 0.01 
Cr 0.01 
Al 99.71 
C. Chromium (Electrolytic Plate—U.S. Bureau of Mines) 
Fe 0.10% 
S 0.02 
Oo 0.60 


Cr 99.3 


variations in composition were within +0.5% of the nominal values 
and that the ingots were homogeneous. 

A ¥-inch diameter by 3-inch long sample was used in conjunc- 
tion with a %-inch water jet for the end-quench hardenability tests. 
All heat. treatments, including those for the transformation-temper- 
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ature determinations, TTT-studies, age hardening studies, and me- 
chanical properties investigation were carried out in either evacuated 
Vycor bulbs or in an argon atmosphere. Extreme care was taken 
at all times to prevent surface contamination from influencing the 
results. Furnace-cooled specimens were cooled at a rate of approxi- 
mately 2.5 °C per minute. 

Vickers hardness tests were made with a diamond penetrator and 
a 30-kilogram load. Three impressions were generally made to give 
an average hardness value. Standard shoulder-type l-inch gage 
length by 14-inch diameter tensile specimens were used and loading 
was regulated to give a strain rate of approximately 0.004 in/in/min. 
A standard V-notch Charpy test specimen was used for all impact 
tests. Generally, one tensile or impact test was run per treatment 
to allow the available alloy stock to be used for the investigation of 
a maximum number of heat treated conditions. 


DISCUSSION OF RESULTS 


A total of nine Ti-Al-Cr alloys were investigated. A maximum 
chromium content of 6% was selected, as in the titanium-chromium 
system this composition represents the transition from an acicular 
transformed beta (alpha prime) to a fully retained beta structure (2) 


on water quenching from the beta field. Also, on age hardening, 
maximum hardnesses are obtained at the 7% chromium level. A 


maximum aluminum content of 6% was selected, as the binary alloys 
of higher aluminum content were found to possess low ductilities. 


Hardenability Tests 


As for steels, end-quench hardenability determinations are useful 
criteria for the evaluation of the heat treatability of titanium alloys. 
The following discussion summarizes tests run on the Ti-Al-Cr alloys. 

Fig. 1 indicates the wide variations in heat treating characteris- 
tics of the various Ti-Al-Cr alloys. The most important changes in 
hardening characteristics occur with variations in chromium content 
for a given base aluminum composition. The 2% chromium alloys 
all show maximum hardness at the quenched end of the sample; 
thereafter, the hardness decreases with lower cooling rates. This 
maximum surface hardness is due to the formation of martensitic 
supersaturated alpha, a’. Increasing aluminum contents increase the 
degree of quench hardness obtainable ; however, the depth of harden- 
ing changes only slightly and the actual core hardness varies only 
about 50 DPH for the various 2% chromium alloys. 

At the 4% chromium level, the hardness peaks are obtained be- 
tween 2/16 and 4/16 inch from the quenched end. The lower hard- 
ness at the quenched end is associated with the retention of some soft 


beta phase, whereas the hardness peak is an indication of anisother- 
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Fig. 1—End-Quench Hardenability Curves for Ti-Al-Cr Alloys. (Note 
change in abscissa for 6 Al—6 Cr alloy.) 


mal age hardening due to the precipitation of alpha from the retained 
beta. The hardness peak moves farther from the quenched end and 
to a higher hardness level with increasing aluminum content. Also, 
the depth of hardening due to anisothermal aging is considerably 
greater for the 6% than for the 2% aluminum alloy. 

The 6% chromium alloys show minimum hardness at the quenched 
end; the hardness then increases continuously until it levels off at a 
considerable distance from the quenched end. Again the hardness 
minimum at the quenched end is due to retained beta, and the hard- 
ening results from the precipitation of alpha on continuous cooling 
at rates less than that of water quenching. Unlike the 4% chromium 
alloys, the peak hardness is maintained over the entire slow-cooled 
end of the quenched bar. The maximum hardness obtained increases 
with increasing aluminum content. Also, the length at the quenched 
end of the sample over which retained beta exists becomes much 
greater with increasing aluminum content. At the Ti—6 Al-—6 Cr 
composition, beta transformed only at the very low rates of cooling 
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Fig. 2A—TTT-Diagrams for the Ti-Al-Cr Alloys, Showing 
Vickers Hardness Readings for the Various Heat Treatments. 


obtained at distances greater than 1 inch from the quenched end. 

It should be noted that data are only shown up to the 1-inch 
mark for all alloys except the Ti—6 Al-—6 Cr composition, as beyond 
this point no significant changes in hardness occurred. 


TTT-Determinations 


The isothermal transformation characteristics of titanium-base 
alloys have been shown to be of considerable help in providing a 
sound basis for the selection of heat treatments (4, 5); therefore, 


TTT-charts were determined for the nine alloys in the Ti-Al-Cr 
system. 








614 TRANSACTIONS OF THE ASM Vol. 46 


1100 
1000} Ti-2AI-4Cr g wo«sa7 
900 __B/a+B, 895°C A.C. 376 


t 
371 a +B 30! a+B+E 


© 405e -" e e | 
96 326 301 { Bm 
a * ¢ e319 e 3° 
321 308 307 ——_ 
* 


o 
326 






B/a+B, 935°C 


ee oe 


i 96 © 
25% 


352¢@ 
SE 


s 339 0354 
os 7 se + * o 
ae 364 364 360 359 367 368 


a a ye 
a 373 373 375 


Temperature °C 





‘ W.Q.-390 
1000 _B/a+B, 985°C A.C.-447 
900 
800 444 384 a +) B 334 
700 
382 Me 362 
GOOF ‘ $63 as 387 365 
500 naa Sis. ei mA 


0.1 | lO lOO 1000 10,000 
Time, minutes 


Fig. 2B—-TTT-Diagrams for the Ti-Al-Cr Alloys, Showing 
Vickers Hardness Readings for the Various Heat Treatments. 


There is a marked similarity in the TTT-curves shown for the 
various Ti-Al-Cr alloys in Fig. 2. The major characteristics are the 
horizontal B/a + 8 temperature line; the C-curve indicating the start 
of the transformation of the beta phase; the reversed S-curve, which 
is an estimate of the 95% completion time of the precipitation of alpha 
from the beta solid solution ; and the C-curves indicating the start and 
completion of the eutectoid decomposition. The eutectoid temperature 
is indicated by the broken horizontal line at approximately 725 °C 
(1335 °F). As no actual determinations of M, temperatures were 
made, the designation (a’) Q has been inserted in the lower left-hand 
corner of the appropriate diagrams to indicate that a’ is formed on 
water quenching from the beta field. 
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Fig. 2C—TTT-Diagrams for the Ti-Al-Cr Alloys, Showing 
Vickers Hardness Readings for the Various Heat Treatments. 


Each data point represents a sample used to determine a struc- 
ture metallographically ; the corresponding diamond pyramid hardness 
numbers (30-kilogram load) are located next to each point wherever 
such a determination was possible. Water-quenched (W.Q.) and 
air-cooled (A.C.) hardness values have been placed in the upper 
right-hand corner of each diagram for comparison with the other data. 
Each of the major characteristics of the TTT-diagrams will be dis- 
cussed separately for the sake of simplicity. 

The B/a+ B Femperatures— Aluminum additions raise the 
transformation temperature and, for a given aluminum content, in- 
creasing chromium additions depress the 8/a -}+ 8 temperature. 

Figs. 3 through 6 show typical microstructures obtained during 
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Fig. 3—2% Aluminum —- 4% Chromium Alloy Water-Quenched After 1 Hour at 
850 °C. Structure is typical of alloys quenched from the a + 7 eee field at approx- 


imately 50 °C below the 8/a + 8 transformation temperature. 
20 HNOs, 20 HF. xX 150. 


Fig. 4—2% Aluminum —- 4% Chromium Alloy Water-Quenched After 1 Hour at 
900°C. Structure shows acicular transformed 8 (a’). Etchant, 60 glycerine, 20 
HNOs, 20 HF. xX 150. ‘ 


chant, 60 glycerine, 


the course of the transformation temperature ‘determinations. Fig. 3 
shows a structure typical of alloys quenched from the a+ £ field. 
Fig. 4 illustrates the appearance of the acicular alpha (a’) of 2 and 
4% aluminum ternary alloys quenched from the beta field. Fig. 5 
shows the small amount of a’, in a retained beta matrix, obtained on 
quenching the 6% chromium plus either 2 or 4% aluminum alloys 
from the beta field. In comparison with Fig. 5, Fig. 6 shows the 
fully retained beta structure of the 6 Al—6 Cr alloy quenched from 
the beta field. 

The Isothermal B—-a-+ B Transformation— The B-a+8 
transformation proceeds at very high rates. The shortest isothermal 
treatment time used was 15 seconds and this was in most cases more 
than enough to initiate the precipitation of alpha. For this reason the 
C-curve designating the start of the reaction is shown as a broken line. 

The broken line indicating 95% completion of the precipitation 
of alpha has an odd shape, but such curves are also peculiar to some 
ferrous alloys. At temperatures just below the 8/a + £8 temperatures, 
the reaction proceeds very quickly ; at about 800 °C (1470 °F) every 
alloy shows a markedly reduced rate of precipitation ; and at approxi- 
mately 600°C (1110°F) the reaction again occurs at a high rate. 
Below 600°C (1110°F), all reactions in this system become ex- 
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Fig. 5—2% Aluminum —-6% Chromium Alloy Water-Quenched After 1 Hour at 
900 °C. Structure shows a small amount of a’ in a matrix of retained 8. Etchant, 
60 glycerine, 20 HNOs, 20 HF. xX 150. 


Fig. 6—6% Aluminum —6% Chromium Alloy Water-Quenched After 1 Hour at 
1000 °C, 100% retained 8. Etchant, 60 glycerine, 20 HNOs, 20 HF. X 150. 


tremely sluggish with decreasing temperature. The distribution of 
data does not justify accurate comparisons to be made as to the effect 
of chromium and aluminum additions on the location of the 95% 
completion line. To the right of the 95% line, the alpha precipitate 
agglomerates and tends to spheroidize, particularly at the higher 
temperatures. 

Figs. 7 and 8 illustrate the typical Widmanstatten structure of 
the precipitated alpha phase. Precipitation is largely nucleated at 
the original beta grain boundaries and in what seem to be subgrain 
boundaries. Fig. 7 shows that considerable alpha has precipitated 
within 15 seconds at 600 °C (1110 °F), whereas Fig. 8 shows about 
80% completion of the reaction after 1 minute. These structures are 
very fine at 600°C (1110°F); therefore, high magnifications are 
required for proper observation. Below 600°C (1110 °F), accurate 
identification of structures is most difficult because they are difficult 
to resolve even at the highest magnifications. 

The. Eutectoid Reaction—Aluminum additions greatly decrease 
the time required for the initiation of the eutectoid reaction. Where- 
as in previous work (5) on the Ti-Cr binary system a 7% chromium 
alloy showed the first indication of eutectoid after more than 2 days, 
the Ti—6 Al-—6 Cr alloy showed eutectoid after less than 2 hours of 
annealing at the temperatures of highest reaction rates, 600 °C (1110 
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Fig. 7—2% Aluminum —6% Chromium Alloy Isothermally Quenched From the 
Beta Field to 600°C and Held for 15 Seconds. Alpha needles rejected from beta. 
Etchant, 60 glycerine, 20 HNOs, 20 HF. x 1000. 


Fig. 8—Same Alloy and Isothermal Transformation Temperature as Fig. 7, but 
Held for 1 Minute. About 80% completion of a+ 8 reaction. Etchant, 60 glycerine, 
20 HNOs, 20 HF. x 1000. 


Fig. 9—Same Alloy and Isothermal Transformation Temperature as Fig. 7, but 
Held for 24 Hours. Eutectoid appearing at grain boundaries. Etchant, 60 glycerine, 
20 HNOs, 20 HF. xX 1000. 


Fig. 10—Same Alloy and Isothermal Transformation Temperature as Fig. 7, but 
Held for 96 Hours. About 80% completion of eutectoid decomposition of beta. 
Etchant, 60 glycerine, 20 HNOs, 20 HF. x 1000. 
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°F). At higher and lower temperatures the reaction proceeds much 
slower. For the annealing times used, no eutectoid was obtained for 
any of the alloys at 700 °C (1290 °F). Longer annealing times of up 
to 14 days of 6 Al—6 Cr and 12 Al-—12 Cr alloys indicated that the 
eutectoid-type structure was formed at 700°C (1290 °F), whereas 
it was not observed in samples annealed at 750 °C (1380 °F) ; there- 
fore, the eutectoid temperature is shown in Fig. 2 at about 725 °C 
(1335 °F). The observation that the lower nose of the 95% com- 
pletion of alpha precipitation curves and the nose of the eutectoid 
curves lie at 600°C (1110°F) indicates there is some connection 
between the two. 

The typical microstructural appearance of the first indication of 
eutectoid is shown in Fig. 9, while Fig. 10 shows about 80% com- 
pletion of the decomposition of beta into eutectoid. The reaction pro- 
ceeds largely from the original beta grain boundaries. 

The Alpha Prime Reaction—Some alpha prime was observed in 
all alloys but the Ti—6 Al-—6 Cr composition in which the beta phase 
was completely retained on water quenching. As alpha prime has 
been observed on quenching a 6% chromium binary titanium-base 
alloy (2), it is assumed that aluminum additions increase the low 
temperature stability of the beta phase and, therefore, lower the M, 
temperature. 

Hardness Measurements—The hardness data shown for the iso- 
thermally transformed samples yield significant information on the 
probable heat treating characteristics of the Ti-Al-Cr alloys. As 
indicated from the hardenability tests, the mode of hardening changes 
mainly with variations in chromium content. Increasing the alumi- 
num content from 2 to 6% merely raises the hardness maxima 
obtainable. 

The 2% chromium alloys attain maximum hardness when 
quenched from the beta phase field. Isothermal treatments simply 
serve to soften the alloys. In this connection it is interesting to 
point out the great effect of aluminum additions on changing the 
quench hardening characteristics of binary Ti-Cr alloys. Whereas, 
Ti-Cr alloys are beta prime hardening (1) and show maximum hard- 
ening at a composition of 7% chromium where the hard beta prime 
structure exists, aluminum additions produce maximum hardening 
on quenching at much lower chromium contents and hardening is due 
to the formation of alpha prime. 

The ternary alloys with 4 and 6% chromium are relatively soft 
on direct water quenching, indicating the presence of true soft retained 
beta. Maximum hardness is produced on the precipitation of alpha 
and the peak hardness value is attained within the first 10 minutes of 
isothermal treatment. The highest hardnesses are generally obtained 
on isothermal treatment at 500 or 600 °C (930 or 1110 °F), although 
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for the 4% chromium alloys high hardness values are also attained 
on annealing at temperatures up to 800 °C (1470 °F). 

The eutectoid reaction contributes but little to hardness increases. 
Considering the small hardness increase and the long times required 
to obtain eutectoid structures, it is questionable whether heat treat- 
ments involving eutectoid will be of practical value. 


Age Hardening Studies 


The precipitation of alpha from the beta phase during either (a) 
isothermal quench-and-age or (b) beta-quench-and-age types of heat 
treatments results in hardness trends comparable to those noted in 
other age hardening systems. Accordingly, age hardening studies 
were run on the three Ti— 2 Al— X Cr alloys. The results are shown 
in Figs. 11 to 13. 
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Ti-2Al-2Cr 


Diamond Pyramid Hardness (30 kg. Load) 


300 F~ . 700°C 
200 
100 
O 4 8 i2 I6 20 24 


Aging Time, hours 


Fig. 11—Age Hardening Curves for Ti-— 2% Al-—2% Cr Alloy Samples, Water- 
Quenched From the Beta Phase and Aged at the Indicated Temperatures. 


One of the surprising results of these studies was the discovery 
that the Ti-2 Al-—2 Cr alloy (Fig. 11) age-hardened considerably 
at 400°C (750 °F) and to a lesser extent at 300 and 500°C (570 
and 930°F). The results of the hardenability and TTT investiga- 
tions gave no indication that age hardening would occur in this alloy. 
Apparently, some beta is retained on water quenching, even at the 
2% chromium level. As will be shown in the section on mechanical 
properties, the low temperature aging process can result in the em- 
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_ Fig. 12—Age Hardening Curves for Ti-— 2% Al—4% Cr Alloy Samples, 
Water-Quenched From the Beta Phase and Aged at Indicated Temperatures. 








— 600 
o 
° Ti-2A1-6Cr 
2500 
S OO 
~ pe : 300°C 
o oy a 500 
. 400 C 
UD ara taii 
baat Oe 
= Pe 600°C 900° 
- 2 GC 
0 Baas 
= 300 900 ° ” 
E ¥ 700°C O 
e 
> 
oO 
2 200 
oO 
E 
9S 
OQ 

100 

O 4 8 i2 I6 20 24 
Aging Time, hours 
Fig -Age Hardening Curves for Ti— 2% Al-—6% Cr Alloy Samples, 


Water- Gael From the Beta Phase and Aged at Indicated Temperatures. 


brittlement of this particular alloy. The hard (370 DPH) quenched 
a’ structure softens at temperatures of 600 to 800°C (1110 to 1470 
°F). Metallographic examination of the subject alloy after quench- 








622 TRANSACTIONS OF THE ASM Vol. 46 


ing from 900 °C (1650°F) shows isothermal alpha in a matrix of 
transformed beta (a’). 

The Ti—2 Al-—4 Cr alloy (Fig. 12) showed marked age hard- 
ening at 300 to 500°C (570 to 930°F). The optimum annealing 
temperature seems to be 700°C (1290 °F), for at this temperature 
the lowest hardness is obtained with a l-hour anneal. The higher 
hardness levels of the 800 and 900 °C (1470 and 1650 °F) treatments 
can be attributed to the formation of some a’ on quenching from these 
temperatures, whereas the higher hardness of the 600 °C (1110 °F) 
treatment probably reflects the lower diffusion rates at this temper- 
ature. 

The hardness relationships for the Ti—2 Al-—6 Cr alloy (Fig. 
13) are very similar to those for the Ti—2 Al—4 Cr alloy. Age 
hardening is obtained at 300 to 500°C (570 to 930°F) and over- 
aging occurs for the latter temperature after 1 hour. It is interesting 
to note that the softest condition is obtained on annealing at 700 °C 
(1290 °F). Apparently the presence of even a small quantity of a’ 
obtained by quenching from 900 °C (1650 °F) (see Fig. 5) is suffi- 
cient to maintain a hardness differential between the 800 and 900 °C 
curves. 

Mechanical Properties Study 

The results of tensile, impact, and hardness tests run on the 
Ti-Al-Cr alloys in various conditions of heat treatment are shown 
in Tables II to V and are plotted in Figs. 14 to 20. It should be 
noted that in general only one specimen was tested in a given con- 
dition. The initial tensile test survey was made on all of the alloys 
after the following two treatments : 

(a) Water quench from the beta field. 

(b) Air cool from the beta field. 
The results of these tests (see Tables II to V and Figs. 14, 18, and 
19) indicated that the general property trends with varying chromium 
content are similar for all three aluminum levels. The 2% chromium 
alloys are considerably strengthened on quenching. Increasing the 
aluminum content above 2% contributes mainly to the embrittlement 
of the quenched alloys. The 4% chromium alloys have only slightly 
different strengths on quenching as compared to the 2% chromium 
compositions, whereas the 6% chromium alloys show a considerable 
drop in strength, and slightly better ductility due to the fact that some 
beta phase has been retained. 

Air-cooled strengths increase with higher chromium contents for 
the 2 and 4% aluminum alloy groups, due to the anisothermal aging 
process (the precipitation of alpha from beta on cooling). However, 
at 6% aluminum the air-cooled strength drops to a very low level. 
Air-cooled ductility values drop with both increasing chromium and 
aluminum content. 
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Table II 


Mechanical Properties of Ti- 2% Al-2% Cr Alloy 
for Various Conditions of Heat Treatment 


Aging Aging Tensile Yield Strength Charpy Hard- 


Temp. Time Strength ~—psi (Offset). Elong. R.A. Impact ness 
Treatment Prior to Aging Pe Hrs. psi 0.10% 0.20% % % Ft-Lb DPH§ 
A. As-forged A.F. 117,000 21 50 24*, 5Ot 274 
500 1 117,600 20 49 276 
600 1 116,000 17 46 262 
700 1 115,600 23 57 53 269 
800 % 118,600 78,000 84,000 17 302 
900 1% 159,700 118,000 131,000 7 10 374 
B. Heated in @ field (950°C) W.Q. 168,400* 1.5 0.5 $5185 370 
for %& hr. and cooled as O.Q. 146,900 126,000 138,000 4 4 342 
indicated. ** As. 134,600* 16 45 60 347 
Fan 108,000 16 26 247 
C. Heated in @ field (950°C) 400 5 Too brittle for good test 

for % hr. and water- 500 1 142,400 3 24 3° 331 
quenched. 600 1 126,200 6 11 307 
700 1 116,000 17 42 277 

700 24 107,200 17 40 
D. Heated in B field (950°C) 500 1/6 108,000 16 40 253 
for % hr. and iso- 500 1 115,000 17 41 327 
thermally quenched to 600 1/6 106,000 16 34 267 
aging temperature. 600 1 108,200 20 43 274 
700 1 118,000 15 27 263 
800 1/60 148,700 110,000 124,000 6 7 354 
800 1/12 134,100 81,000 93,000 15 17 9.5* 316 


*Material from Heat 1B—test results not so marked are from Heat 2B. 
+Did not break at 50 ft-lb setting of impact tester. 
**W.Q. =water-quenched; O.Q. =oil-quenched; A.C. =air-cooled; F.C. =furnace-cooled. 
tSamples water-quenched after aging treatment. 
§Of tensile specimen. 


Table III 


Mechanical Properties of Ti- 2% Al-4% Cr Alloy 
for Various Conditions of Heat Treatment 





Aging Aging Tensile Yield Strength Chana Hard- 
Temp. Time Strength ——psi (Offset)—. Elon. R.A. Impact ness 
* Treatment Prior to Aging — | ee psi 0.10% 0.20% % Ft-Lb DPHt 
A. As-forged A.F. 138,000 21 53 4.5*, 59 306 
500 1 131,500 13 37 316 
600 1 124,600 13 22 287 
700 1 126,700 21 57 39.9 286 
B. Heated in @ field (900°C) W.Q. 165,500* 3 0 6.5 387 
for 4% hr. and cooled as_ 0O.Q. 183,600 147,000 164,000 3 2 414 
indicated.t A.C. 138,400* 12 30 28.5*, 36.5 376 
F.C, 111,700 20 31 252 
C. Heated in @ field (900°C) 400 5 Too brittle for good test 
for % hr. and water- 500 1 156,400 1.5 0 421 
quenched. 600 1 137,600 1 0 340 
700 1 135,000 11 18 297 
D. Heated in @ field (900°C) 500 1/60 163,000 108,000 122,000 5 + 7.5 
for % hr. and iso- 500 1/12 136,400 116,000 123,000 16 38 
thermally quenched to 500 1/6 125,200 14 54 271 
aging temperature. 500 1 127,800 9 47 284 
600 1/6 127,400 18 54 277 
600 1 126,000 17 42 285 
700 1 122,000 14 37 281 
800 1/60 167,300 104,000 119,000 7 389 
800 1/12 174,000 116,000 132,000 4 3 10* 395 





*Material from Heat 1B—test results not so marked are from Heat 2B. 

tW.Q. =water-quenched; O.Q. =oil-quenched; A.C. =air-cooled: F.C. =furnace-cooled. 
**Samples water- quenched after aging treatment. 

tOf tensile specimen. 











A. 


B. 


D. 
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Table IV 


Mechanical Properties of Ti- 2% Al-6% Cr Alloy 
for Various Conditions of Heat Treatment 


Aging Aging Tensile Yield Strength Charpy 





Temp. Time Strength ~—psi (Offset). Elong. R.A. Impact ness 
Treatment Prior to Aging °C** Hrs. psi 0.10% 0.20% % % Ft-Lb DPHt 
As-forged A.F. 165,800 13 40 “7,1 348 
500 1 Too brittle for good test 
600 1 147,400 3 7 348 
700 1 148,800 13 28 19.5 330 
Heated in B field (875°C) W.Q. 123,600* 10 8 9 357 
for % hr. and cooled as O.Q. 118,800 111,000 0 0.5 
indicated. t A 200,800* 4 3 10.5*, 20 454 
F.C. 138,400 16 41 318 
’. Heated in 6 field (875°C) 400 5 Too brittle for good test 
for % hr. and water- 500 1 Too brittle for good test 442 
quenched. 600 1 146,200 18 40 31.5 317 
700 1/6 156,400 5 29 361 
700 1 145,000 10 25 13.5 330 
Heated in B field (875°C) 500 1/60 196,000 148,000 172,000 3 1 13.5 
for % hr. and iso- 500 1/42 143,500 127,000 135,000 18 16 
thermally quenched to 500 1/6 145,000 20 52 24.5* 312 
aging temperature. 500 1 158,000 0 0 360 
600 1/6 141,000 18 39 317 
600 i 138,800 20 44 24.5* 317 
700 1/6 143,700 21 33 334 
700 1 134,200 14 32 306 


*Material from Heat 1B—test results not so marked are from Heat 2B. 
+W.Q. =water-quenched; O.Q. =oil-quenched; A.C. =air-cooled; F.C. =furnace-cooled. 
TOf tensile specimen. 

**Samples water-quenched after aging treatment. 


Although these data were not sufficiently complete to rigidly pre- 


dict the usefulness of the various alloys, certain general conclusions 
could be made. This was possible, since both the hardenability and 
isothermal transformation studies indicated that the water-quenched 
and short-time-aged, or in this case air-cooled-aged, conditions yielded 
widely differing hardness values for most of the 2 and 6% chromium 
alloys. 

Conclusions resulting from the tensile test survey were that: 

l. Little, if any, strength advantage is gained by using aluminum 
contents of 4% or more for either the quench hardening or age hard- 
ening types of alloys. The low ductility of the 6% aluminum ternary 
alloys would definitely rule out these compositions. 

2. The 2% aluminum alloys with 2, 4, and 6% chromium addi- 
tions show considerable promise and should be investigated in more 
detail. Whereas the Ti—2 Al—2 Cr alloy shows good quench hard- 
ening properties, the maximum strengthening treatments for the Ti-— 
2 Al—4 Cr and the Ti—2 Al-—6 Cr alloys would be obtained by the 
application of age hardening treatments. 

Impact test results obtained on the 4 and 6% aluminum alloys 
later in the program (see Table V) substantiated the conclusion that 
only the 2% aluminum alloys of the Ti-Al-Cr system should be 
investigated in more detail. The following discussion will be con- 
cerned only with these alloys. 
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Table V 


Mechanical Properties of the 4 to 6% Al, Ti-Al-Cr Alloys 
for Various Conditions of Heat Treatment 


Tensile Charpy Hard- 


Strength Elonga- R.A. Impact ness 

Alloy and Treatmentf psi tion, % % Ft-Lb DPH 
A. Tti-4% Al-—2% Cr (1B) 
As-forged 10.5 
g(975°C—\% Hr.) -W.Q. 164,060 0 0 5.5 437 
8(975 °C—% Hr.) A.C. 144,400 16 23 16.5°%* 337 
8(975 °C—% Hr.)->F.C. 136,000 15 24 324 
A.F.—(700 °C—24 Hr.) —-W.Q. 141,000 11 15 17° 330 
B. T#-4% Al-—4% Cr (1B) 
As-forged 6 
8(950 °C—\% Hr.) —-W.Q. 172,000 0 0 2 413 
B(950 °C—% Hr.) A.C. 173,400 6 14 16 407 
8(950°C—% Hr.) -W.Q.—(700 °C—24 Hr.) ->-W.Q. 139,800+ 11* 358 
C. Ti-4% Al-6% Cr (1B) 
As-forged = 
(925 °C—}% Hr.) >W.Q. 139,700 4.5 327 
(925 °C—&% Hr.)—A.C. 190,800 0 0 153 
(925 °C—% Hr.) —W.0.—(700 °C—24 Hr.) —-W.Q. 72,200 Brittle fracture 356 
B(925 °C—% Hr.)—(600 °C—-1 Hr.) —-W.Q. 16 
D. T8s-6% Al-—2% Cr (1B) 
As-forged 19 
8(1025 °C—% Hr.) -W.Q. 169,000+ 7.5 464 
8(1025 °C—% Hr.)—A.C. 165,400 9 12 15.5** 364 
8(1025 °C—% Hr.)—F.C. 125,400 0 3 18.5 354 
8(1025 °C—\% Hr.) —-W.Q.-—(700 °C—24 Hr.)—-W.Q. 131,200+ 
E. Ti-6% Al-4% Cr (1B) 
As-forged 3.5 
8(1000 °C—% Hr.) -W.Q. 174,600+ 390 
8(1000 °C—% Hr.) A.C. 166,400t 447 
F. Ti-6% Al-6% Cr (1B) 
As-forged 6 
8(975 °C—\ Hr.) --W.Q. 146,200 3 2 2. 333 
B(975 °C—\& Hr.) A.C. 124,000 0 0 ia 335 
8(975 °C—\% Hr.)—(600 °C—1 Hr.)—-W.Q. 2 


*Heated only 1 hour at 700°C. 
+Broke at punch mark or outside gage length. 
**Seam at fracture. 


tA.F. =as-forged; W.Q. =water-quenched; A.C. =air-cooled. F.C. =furnace-cooled. 


Fig. 14 illustrates primarily the variation in mechanical proper- 
ties obtained by the application of various cooling rates from the beta 
phase field for the Ti—2 Al—X Cr alloys. The addition of as little 
as 2% chromium to the Ti-—2 Al base considerably changes the heat 
treating characteristics of the alloy. Each additional 2% chromium 
increase also results in a definite change in the hardening process. 
It 1s tmportant to note that these variations in hardening processes 
were predicted by the results of the hardenability tests and TTT- 
determinations. The following general conclusions can be made with 
reference to the heat treatability of the alloys: 

1. The Ti—2 Al—2 Cr alloy is highly quench-hardenable, prob- 
ably as a result of the formation of alpha prime. Lower cooling rates 
than obtained by water quenching give proportionately lower strengths 
and higher tensile ductility and impact energy values. 


2. The Ti-—2 Al-—4 Cr alloy, although showing considerable 
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Fig. 14—Tensile and Impact Properties of Ti—2% Al Alloys 
With Varying Chromium Content. 


quench hardening, is stronger as a result of a somewhat slower 
quench obtained in oil, thus indicating that an age hardening reaction 
is superimposed on the quench hardening. Air cooling and furnace 
cooling treatments result in proportionately lower strengths and in 
higher tensile ductility and impact energy values. 
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Fig. 15—Tensile and Impact Properties of the Ti-— 2% Al-—2% Cr Alloys Heat 
Treated From the As-Forged (AF), Water-Quenched From the Beta Field (WQ), 
and Isothermally Quenched From the Beta Field (1Q) Conditions. 


3. The Ti—2 Al—6 Cr alloy is primarily hardenable by an aging 
process which can occur even on air cooling from the beta field. The 
lowest strength values are obtained by water quenching treatments 
which result in the maximum amount of retained beta. The highest 
strength for this group of treatments was obtained by air cooling. 
This treatment gave low tensile ductility but good impact-energy 
values. Of particular note is the 15 ft-lb value obtained for the 
200,000-psi tensile strength obtained by the air cooling treatment. 
Unfortunately, it is somewhat questionable whether controlled prop- 
erties can be obtained by the application of the latter treatment. 

The as-forged properties are also plotted in Fig. 14. The results 
indicate that in this condition the strength increases in proportion to 
the chromium content. Excellent tensile ductility is obtained for all 
compositions. However, the impact properties drop to very low 
values at 6% chromium. The fact that the as-forged condition is 
subject to a wide variation in properties for a particular composition 
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Fig. 16—Tensile and Impact Properties of the Ti—-2% Al—4% Cr Alloys Heat 


Treated From the As-Forged (AF), Water-Quenched From the Beta Field (WQ), 
and Isothermally Quenched From the Beta Field (1Q) Conditions. 


is excellently demonstrated by the impact results. Whereas the 2B 
forged ingots for the Ti—2 Al—2 Cr and Ti-—2 Al-4 Cr alloys 
showed excellent impact-energy values, the 1B ingots of similar com- 
positions gave much lower values. 

Although ingots of a particular composition were heated to the 
same forging temperature, the 2B thgots were forged directly to the 
'4-inch square cross section required for impact specimens ; whereas 
the 1B ingots were forged to 44-inch round bar, reheated in the beta 
field, then forged to a square cross section. Apparently the low im- 
pact properties of the 1B stock can be attributed to the small amount 
of deformation which took place after the final heating operation. 
These results definitely indicate that initial forging temperatures for 
these a + £ alloys can lie in the beta field; however, heavy deforma- 


tions and perhaps lower finishing temperatures are desirable to obtain 
good impact properties. 
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Fig. 17—Tensile and Impact Properties of the Ti—2% Al-—6% Cr Al 
loys Heat Treated From the As-Forged (AF), Water-Quenched From the 
Beta Field (WQ), and Isothermally Quenched From the Beta Field (1Q) 
Conditions. 


The three types of basic heat treatments which could be applied 
to titaniurn-base alloys are: 

(a) Direct aging from the as-forged condition. 

(b) Aging following a beta solution treatment and water quench. 

(c) Aging following a beta solution treatment and isothermal 

quench to the aging temperature. 

To determine which of these heat treatments would produce the 
best combination of mechanical properties for a particular alloy, a 
survey program was run. The results are recorded in Tables II to IV 
and are plotted in Figs. 15 to 17. The indicated treatments were 
selected on the basis of the results of the TTT and age hardening 
studies. In the following discussion each alloy is considered separately. 

11 —2 Al—2 Cr—The test results for this alloy are presented in 
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Fig. 18—Tensile Properties and Hardness of Ti—4% Al Alloys With 
Varying Chromium Content. 


Table II and Fig. 15. On aging from the as-forged condition very 
little change in strength occurs between 500 and 800°C (930 and 
1470 °F). The best tensile ductility and highest impact-energy values 
were obtained after treatment at 700°C (1290°F). Above 800°C 
(1470 °F), the beta in equilibrium with the alpha phase transforms 
on quenching to give a hard a’ structure which confers higher 
strengths but lower ductilities. On quenching from the beta field 
(950 °C) the highest strengths are obtained. 

Tempering of the hard water-quenched structure for 5 hours at 
400 °C (750 °F) produces an age hardening reaction (see Fig. 11) 
which results in extreme brittleness. Tempering for 1 hour at 500 °C 
(930 °F) gives a more ductile, lower strength structure than the as- 
quenched condition. Tempering at higher temperatures results in 
lower strengths and improved ductility, 700 °C (1290 °F) giving the 
lowest strengths and best ductility for this type of treatment. 
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Fig. 19—Tensile Properties and Hardness of Ti-—6% Al Al- 
loys With Varying Chromium Content. 


Isothermal heat treatments at the temperatures and times used 
produced no outstanding properties. The 1-minute (1/60 hour) and 
5-minute (1/12 hour) times at 800 °C (1470 °F) were used only to 
give some indication of the properties obtainable at the inverse nose 
of the 95% completion line of the TTT-curve (Fig. 2). It is doubtful 
whether such short-time treatments would be of practical value. 

Summarizing the results for the Ti—2 Al-—2 Cr alloy, a range 
of strengths from a maximum of approximately 168,000 to a minimum 
of 106,000 psi can be obtained, depending on the heat treatment. 
Although aging treatments originating from the as-forged condition 
give the best ductility values, such treatments may be subject to a 
wide scatter of results, depending on the uniformity of forging oper- 
ations from one heat to another. Of the other two types of heat 
treatments, either could be applied ; however, the selection would be 
dependent on the strength-ductility ratios and impact values desired. 
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Fig. 20—-The Correlation of Tensile Strength and Reduction in Area With 
Vickers Hardness for Various Alloys and Heat Treatments. 


The air-cooled-from-beta treatment gave the best combination of 
strength, ductility and impact-energy values; however, there is some 
question as to whether this type of treatment would give reproducible 
properties due to lack of control. 

Ti—2 Al—4 Cr—tThe test results for this alloy are presented in 
Table III and Fig. 16. Aging from the as-forged condition at tem- 
peratures between 500 and 700°C (930 and 1290°F) produced no 
great variations in strength; however, the 1 hour at 700 °C treatment 
gave the best ductility values obtained for any heat treatment. Water 
quenching from the beta field (900 °C) produced a high strength, but 
gave poor tensile ductility and impact Bas) Aging from the water- 
quenched condition resulted in no outstanding properties, as ductilities 
were generally lower than for the other two heat treatments. 

Isothermal aging treatments gave good tensile ductility values, 
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although no outstanding impact values were obtained. It is interest- 
ing to note that these treatments generally resulted in better ductilities 
than treatments originating from the as-forged condition. Isothermal 
heat treatments would be preferred to the latter-type treatment for 
this alloy from the standpoint of consistent control of properties. 

Summarizing the results for the Ti—2 Al—4 Cr alloy, strengths 
of from about 184,000 to 112,000 psi can be obtained, the highest 
strength resulting from the beta-oil-quench condition. Although 
1 hour at 700 °C (1290 °F) (from the as-forged condition) gave the 
best impact and tensile ductility values, in general isothermal heat 
treatment resulted in a good combination of strength and ductility. 
The water-quench-and-age type of treatment should not be consid- 
ered for this alloy, as low ductilities generally are obtained. 

li—2 Al—6 Cr—The test results for this alloy are presented in 
Table IV and Fig. 17. Some very interesting and not always explain- 
able properties were obtained for this particular alloy. Aging treat- 
ments from the as-forged condition generally resulted in properties 
which could be surpassed by the application of other heat treatments. 
30th water and oil quenching from the beta field (875 °C) produced 
structures appearing to consist essentially of retained beta with traces 
of a’ (see Fig. 5) and gave low strengths and low impact and ductility 
values. The highest strength was obtained by air cooling from beta. 
As would be expected at this level of strength, the ductility values 
were low for this treatment; however, the impact test results were 
very surprising. One specimen from each of the two heats was 
treated in this manner, and the average impact value obtained was 
about 15 ft-lbs—an excellent value for a 200,000-psi strength. 

Aging at 400 and 500 °C (750 and 1290 °F) after water quench- 
ing from the beta field produced a brittle specimen which broke on 
the application of a small load in tensile testing. The aging curves 
for this alloy (Fig. 13) indicate that after even short-time aging at 
these two temperature levels, very high hardness is achieved, due to 
the precipitation of alpha from the previously retained beta phase. 
The strength, ductility and impact values obtained on aging the pre- 
viously water-quenched alloy at 600 and 700 °C (1110 and 1290 °F) 
compare favorably with the properties obtained for similar aging 
temperatures and times after isothermal quenching. 

The isothermal-quench-and-age treatment gave good ductility 
values after aging at temperatures from 500 to 700°C (930 to 
1290 °F). Of considerable interest is the 196,000-psi tensile value 
obtained after 1 minute aging at 500°C (930°F). The general 
properties for this treatment were very similar to those obtained after 
air cooling from the beta field, indicating that the aging reaction had 
proceeded to an equivalent point in both treatments. Both the air- 
cooled treatment and the isothermal treatment gave high strengths, 
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low tensile ductilities, and unexpectedly high impact values. Longer- 
time isothermal aging at 500°C (930°F) gave lower strengths and 
higher ductilities, except for the 1-hour treatment, which resulted in 
a very brittle fracture. No explanations can be offered at this time 
for the latter result, as it does not fall in with the general trend of 
the data and no phase changes were noted in the TTT-work after ' 
1 hour at 500°C (930 °F). 

In summary, for the Ti—2 Al-—6 Cr alloy, strengths ranging 
from approximately 200,000 to 134,000 psi (discounting the oil- 
quench treatment which gave an unreliable value due to brittle frac- 
ture) were obtainable by the application of various heat treatments. 
The highest strengths with good impact values arising from either an 
air-cool-from-beta treatment or a 1l-minute age after isothermal 
quenching to 500 °C (930°F). The best ductilities were shown for 
a variety of isothermal heat treatments. Both the water-quench-and- 
age and isothermal-quench-and-age treatments look promising for 
this alloy. 


Mechanical Property Correlations 


Having obtained a considerable volume of test data on a number 
of alloys in a large variety of heat treatments, it is of interest to 
determine whether any correlation exists between the results of a 
single control test such as hardness and the results of the more ex- 
pensive tensile test. Fig. 20 shows the correlation obtained between 
Vickers hardness and tensile strength, and hardness and reduction in 
area. There seems to be a definite correlation between strength and 
hardness. However, certainly no correlation exists between hardness 
and reduction in area (or elongation, which was also plotted but is 
not included here). Although not shown in this paper, a plot of 
hardness versus impact energy values indicated that no correlation 
exists between these two properties. Also, plots of tensile elongation 
or reduction in area versus impact-energy values showed that no 
correlation exists. 


SUMMARY 


End-quench hardenability, time-temperature-transformation, and 
age hardening studies provide most valuable information essential to 
the complete understanding of the heat treating characteristics of 
Ti-Al-Cr alloys. Alloys of this ternary system containing 4% or 
more aluminum offer no strength advantages at moderate tempera- 
tures and are markedly less ductile than alloys of lower aluminum 
content. 

The heat treating characteristics of the Ti-Al-Cr alloys are 
chiefly a function of the chromium content. Alloys of low chromium 
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content (about 2%) attain maximum hardness on water quenching 
from the beta solution temperature; alloys of intermediate chromium 
content (about 4%) are both quench and age-hardenable; and alloys 
of high chromium content (about 6% ) attain maximum hardness only 
on aging of the supersaturated beta solid solution retained on 
quenching. 

Whereas the Ti-Cr binary alloys show maximum quench hard- 
ening effects for #’ structures at the composition where beta can be 
first completely retained on quenching, the Ti-Al-Cr alloys show 
maximum quench hardness for a’ structures at much lower chromium 
contents where much less 8 is retained on quenching. Aluminum 
additions to Ti-Cr alloys seem to lower the M, temperatures and 
greatly decrease the time required to initiate the eutectoid decom- 
positions. 

For the Ti—2 Al-—2 Cr alloy, a range of strengths from a maxi- 
mum of approximately 168,000 to a minimum of 106,000 psi can be 
obtained, depending on the heat treatment. Although aging treat- 
ments originating from the as-forged condition give the best ductility 
values, such treatments are subject to a wide scatter of results, de- 
pending on the uniformity of forging operations from one heat to 
another. Either the water-quench-and-age or the isothermal-quench- 
and-age types of heat treatment could be applied, depending on the 
strength-ductility ratio and impact values desired. Water quenching 
resulted in the highest strength, whereas air cooling from the beta 
field gave the best combination of strength, ductility, and impact- 
energy values. 

For the Ti—2 Al—4 Cr alloy, strengths of from 184,000 to 
112,000 psi can be obtained, the highest strength resulting from the 
beta-oil-quench condition. Although 1 hour at 700°C (1290 °F) 
(from the as-forged condition) gave the best impact and tensile duc- 
tility values, in general isothermal heat treatments resulted in a 
good combination of strength and ductility. The water-quench-and- 
age type of treatment should not be considered for this alloy, as low 
ductility is generally obtained. 

For the Ti—2 Al-—6 Cr alloy, strengths ranging from 200,000 
to 134,000 psi were obtained. The highest strengths with good impact 
values resulted from either an air-cool-from-beta treatment or a 
l-minute age after isothermal quenching to 500°C (930°F). The 
best ductilities were shown for a variety of isothermal heat treatments, 
although both the water-quench-and-age and the isothermal-quench- 
and-age types of treatment resulted in a good combination of 
properties. 

In general, the results of this study indicate that the Ti-Al-Cr 
alloys investigated can be heat treated to give a wide range of proper- 
ties. Various types of heat treatments can be applied, but the selection 
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of the optimum treatment must depend on the combination of me- 
chanical properties desired and the composition of the alloy. 

For the alloys and heat treatments applied in this and associated 
investigations, there was good correlation between tensile strength and 
Vickers hardness ; however, no correlation was obtained between ten- 
sile ductility and hardness. Also, no correlation was obtained between 
tensile ductility and impact-energy values. 
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DISCUSSION 


Written Discussion: By Harold Margolin, research associate, New 
York University, New York. 

I would like to compliment the authors on a very good piece of work 
and to offer several comments on their paper. 

The authors have indicated that the maximum hardness obtained in 
the end-quench hardenability tests on the 2% chromium alloys “is due to 
the formation of martensitic alpha, alpha prime”. I would like to say that 
this surface hardness maximum is more likely due to the aging, i.e. hard- 
ening of beta. This is suggested by the shift in the hardness maxima in 
the hardenability curves of their Fig. 1. For a given aluminum content 
the maximum hardness obtained on cooling occurs closer to the quenched 
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Fig. 21—-Martensite in a Retained Beta Matrix. X 650. 


Fig. 22—Ti-—3 Al—5Cr Alloy, Water-Quenched and Reheated in the Alpha- 
seta Field. Xx 1000. 


end of the Jominy bar as the chromium content decreases. The maximum 
hardness in the 4 and 6% aluminum alloys is properly attributed to an age 
hardening reaction. For the maximum surface hardness of the 2% chro 
mium alloys to be due to the formation of aged or hardened beta, it is 
necessary (a) that some beta be present in the alloy and (b) that the beta 
has aged on cooling and that the aged beta is harder than martensite. 

(a) Retention of Beta—That not all of an apparently 100% marten- 
sitic structure is martensite is suggested by Figs. 21 and 22. Fig. 21 shows 
an area of a beta single crystal in which martensite has formed. This type 
of structure, in which martensite occurs as a parallel array of needles in 
which the material between the needles remains as untransformed beta, 
occurs quite frequently. Preservation of this arrangement of constituents 
on annealing in the alpha-beta field is shown in Fig. 22. 

Evidence for the retention of beta in the 2% Cr-2% Al alloy, as the 
authors have pointed out, is the aging behavior of this alloy, which is sim- 
ilar to that of the 4% Cr-—2% Al and 6% Cr-2% Al alloys. On the basis 
of Figs. 21 and 22 and the aging behavior of the 2% Cr—2% Al alloy it 
would be reasonable to suspect that beta was present in the 2% Cr-—4% Al 
and 2% Cr-—6% Al alloys. 

(b) Aging of Beta and Hardness of Martensite—That the formation 
of aged beta has been accelerated in several of the Jominy bars is seen 
from the comparison below of the hardnesses of the water-quenched end 
of the Jominy bars with that of the TTT water-quenched specimens of 
the same composition. 





- DPH- _ 


FE silane 
Water-Quenched cee 

Alloy End of Jominy Bar Specimen 
2 Al-—2Cr 370 370 
4Al-—2Cr 450 437 
6 Al—2Cr 520 464 
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If the hardness in each case was due to martensite only, then the 
hardness of the Jominy bar and TTT-specimens should be the same in all 
cases. If it is considered that martensite aged in the Jominy bar because 
of the slower quench, then the hardness of the Jominy bar would be lower 
than that of the TTT-specimens, since martensite softens on aging*. Thus 
the higher surface hardness of the Jominy bars must be attributed to 
aging of beta. 

Since accelerated aging of beta in the 2% Cr-—2% Al alloy did not 
take place (the Jominy bar and TTT-specimens having the same hardness) 
it appears that increasing aluminum content has accelerated the decompo- 
sition of beta. This effect of aluminum is opposite to that observed for 
aluminum in the 6% chromium series, but consistent with the authors’ 
observation that aluminum accelerates the decomposition of beta into 
alpha and TiCre. 

With respect to the high impact energy absorption of the 2% Al- 
6% Cr alloys at high strengths of 200,000 and 196,000 psi, I would like to 
suggest that the impact energy is not characteristic of these strengths. 
Since the standard V-notch impact specimens with a square cross section 
0.394 inch on a side are considerably thicker than the tensile specimens, 
the cooling rate in air or in a lead bath would be slower than that for the 
tensile specimens and would probably be characteristic of a strength less 
than 196,000 psi. 


Authors’ Reply 


The authors wish to thank Dr. Margolin for calling their attention to 
the fact that the quench hardenability of the 2% chromium aluminum- 
containing alloys is due largely to the aging of the beta which was retained 
on water quenching. However, it is also believed that some of the hard- 
ness increase on water quenching could have resulted from the formation 
of alpha prime. This assumption is made on the basis that in titanium- 
aluminum binary alloys, where no beta is retained, water quenching results 
in higher hardness values than are obtainable by other heat treatments. 

To substantiate further the influence of aluminum additions on the 
quench aging of beta in titanium-chromium alloys, Fig. 23 has been con- 
structed. This figure shows that the maximum hardening of the titanium- 
chromium binary alloys* occurs at the 7% chromium level, the composition 
at which the structure first appears to be all beta (no alpha prime). As 
discussed in the related paper on titanium-aluminum-molybdenum alloys 
(Ref. 1), the high hardness of the water-quenched chromium alloy is 
attributed to the aging of beta during the quenching operation. This 
quenched hardness can be further increased by subsequently aging at 
intermediate temperatures in the alpha-beta field. When 2% aluminum is 
added to the various binary chromium alloys, the peak hardness on water 
quenching and/or aging occurs at much lower chromium contents.. The 
data plotted in Fig. 23 were taken from the results presented in the sub- 


SE. S. Machlin, S. Weinig and A. Hendrickson, “Research on the Effect of Plastic 
Deformation on Transformation in Titanium Alloys’’, Interim Report No. 2 to Watertown 
Arsenal on Contract No. DA-30-069-ORD-547. 

‘This relationship is obtained for alloys prepared with sponge titanium which have been 
water-quenched and/or aged. 
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ject paper and show the hardness relationships obtained on water quench- 
ing and the maximum hardnesses obtained on aging the particular alloys. 
The peak hardness occurs between 2 and 4% chromium. At higher chro- 
mium contents, aluminum additions tend to stabilize the beta as indicated 
by the lower values at the 6% chromium level. This figure definitely 
indicates that aluminum additions move the hardness peak to lower chro- 


Ti-2%Al-X%Cr( Max. Aged Hardness) 
Ti-X%Cr (Estimated ] 
Mox. Aged Hardness) + 


Quenched 


;_ yo 
Ti-X%Cr from B 
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Diamond Pyramid Hardness 
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N 
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Fig. 23—Variation in Hardness With 
Chromium Content for Aged and Beta Water 
Quenched Ti—- X% Chromium and Ti-2% Al 


X% Chromium Alloys. 
mium contents and that the high hardness of the water-quenched 2% Cr - 
2% Al alloy is largely a result of the aging of beta. 

Dr. Margolin’s second point is well taken. As stated in the paper, the 
combinations of high tensile strength and good impact energy absorption 
obtained for the 2% Al-6% Cr alloy, in the two examples questioned, were 
surprising. These results are particularly strange when one examines the 
hardenability curve given for the 2% Al-6% Cr alloy in Fig. 1, which 
would indicate that the lower cooling rate expected for the impact speci- 
men would result in higher hardnesses which could be accompanied by 
greater brittleness. Some work currently being performed at the Foun- 
dation should establish the true tensile-impact property relationship. This 
investigation entails the testing of tensile and impact specimens prepared 
from previously heat treated bar stock of a given section size. 








OBSERVATIONS ON THE BEHAVIOR OF HYDROGEN 
IN ZIRCONIUM 


By C. M. SCHWARTZ AND M. W. MALLETT 


Abstract 


Some embrittling effects noted in zirconium have been 
explained by the presence of hydrogen. This phenomenon 
was initially correlated with the existence of a second 
phase in the microstructure. The amount of this phase is 
reduced by vacuum annealing and shows a direct corre- 
lation with the hydrogen content of the specimen. Electron- 
diffraction evidence tentatiz ‘ely identifies the phase as a 
tetragonal ( pseudo- cubic) hydride, analogous to the phase 
found in equilibrium with metal, in the Hf-H system. ZrH, 
and Hégg’s ZrH, as well as the pseudo- cubic phase, have 
been found, by X-ray diffraction, in surface films of hydride 
on zirconium. Observations are given on the solubilities, 
diffusion rates, and equilibrium pressures of hydrogen in 
sirconium, and the application of these data to the removal 
of hydrogen. 


INTRODUCTION 


EASUREMENTS of the impact strength of zirconium show a 
M transition at about 200 °C (390 °F), with much higher impact 
strength above this temperature than below it. 

Until recently, it had been assumed that this transition was of 
the type normally found in metals, and no explanation for it had been 
sought. However, workers at the laboratories of the Westinghouse 
Atomic Power Division noticed that the low temperature ductility of 
zirconium was improved considerably if the material was heated to a 
temperature of 315°C (600°F) or higher and water-quenched. 
Upon reheating to 315 °C (600 °F) or above, and slow cooling, the 
impact strengths were again low, showing the process to be reversible. 
The Westinghouse workers also noted that the microstructure of 
brittle specimens showed needles of a second phase, while that of 
ductile specimens did not. One ingot could not be embrittled upon 
slow cooling from elevated temperatures and did not show the needles 
of this phase. 


Work performed under AEC Contract W-7405-eng-92. 
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These observations correlated well with results obtained simul- 
taneously at Battelle. The needle-like phase had been identified as 
the hydride because it had been shown that, when hydrogen was added 
to zirconium, more of this phase, which is common in zirconium, was 
present. Moreover, the phase bore a resemblance to line markings 
(1)? observed in titanium-hydrogen alloys and recently identified (2) 
as precipitated titanium hydride. In this work, it had been shown 
that high temperature outgassing both removed the phase and gave 
high room temperature impact strength to the titanium. Because of 
the similarity of titanium and zirconium, it was expected that the 
same result would be obtained for zirconium. Confirming evidence 
of the existence of a second phase in zirconium was obtained from 
electron-diffraction examination of etched surfaces which consistently 
gave a pattern of a face-centered cubic phase. This was suspected to 
be a hydride, although the particular phase was not identified at the 
time. 

From these results, it was fairly certain that the phase was a 


Table I 
Comparison of Hydrogen Assay of Nonembrittleable Zirconium With 
Zirconium Containing Appreciable Precipitate Phase 


Heat Hydrogen Assay*, 
No. Sample Description ppm+4 
G-570 Westinghouse nonembrittleable 13 
168 Arc-melted Foote crystal bar 28 
Z-1492 Arc-melted Westinghouse crystal bar 52 
5 chien Foote crystal bar 44 
324 Arc-melted Westinghouse crystal bar 31 





*By vacuum-fusion analysis. In later assays, the precision was improved to+2 ppm 


hydride of zirconium and that this hydride phase, precipitated as 
platelets, caused embrittlement of zirconium. Further work was 
based, therefore, on the assumption that hydrogen was the cause of 
brittleness in zirconium. 

A single nonembrittleable heat of zirconium had been found at 
Westinghouse. This was analyzed for hydrogen and compared with 
other heats in which the precipitate phase was visible in the micro- 
structures and which were embrittleable. The results are given in 
Table I. From this, it is seen that while most of the samples contain 
30 to 50 ppm of hydrogen, the Westinghouse nonembrittleable heat 
contained only one-third this amount. 

These data, and the lack of conflicting information, seem to 
establish the fact that precipitation of platelets of a hydride phase 
makes zirconium brittle. With the amounts of hydrogen normally 
found in zirconium, such precipitation and brittleness occur during 
slow cooling at temperatures below 315°C (600°F). Quenching 
from 315 °C promotes ductility. Removal of hydrogen to less than 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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10 ppm reduces brittleness, though zirconium containing even 10 ppm 
of hydrogen is tougher after quenching than after slow cooling, sug- 
gesting that the hydride-solubility limit at room temperature is less 
than 10 ppm. Although it was assumed that hydrogen was the source 
of brittleness, a study was made to identify positively the precipitated 
phase both metallographically and by X-ray and electron-diffraction 
examination. The results of this work and observations on the 
solubilities, diffusion rates, and equilibrium pressures of hydrogen in 
zirconium are given below. The data may bear refinement in the 
future; nevertheless, the information appears significant, particularly 
since current experimental results show close agreement with pre- 
dictions made from the data. 


BEHAVIOR OF HYDROGEN IN ZIRCONIUM 
Solubility of Hydrogen in Zirconium 


The work of Hall, Martin and Rees (3) showed that hydrogen 
is absorbed readily by zirconium in amounts which decrease with 
increasing temperature at constant pressure. Their data indicate that, 
at atmospheric pressure, the maximum amount absorbed is about 2.16 
weight % at 20°C. Corresponding values at 400, 800, and 1100 °C 
(750, 1470, and 2010 °F) are approximately 2.07, 1.71, and 1.04%, 
respectively. 

The quantity of hydrogen absorbed at low temperatures, 2.12 to 
2.16 weight %, is within 5 relative % of the amount contained in 
ZrH»2. At least one lower hydride is believed to exist at these tem- 
peratures, but the decomposition pressure for it must be very low, 
since the data of Hall, Martin and Rees show essentially zero pressure 
for hydrogen contents corresponding to the lower hydrides. 

In the present case, where we are interested in very small hydro- 
gen concentrations of the order of 25 ppm, the equilibrium between 
solid solutions of atomic hydrogen in zirconium with some hydride 
lower than ZrH» must be known. 

The solubility values given in Table II and Fig. 1 were obtained 
in diffusion studies by extrapolation of concentration-penetration 
curves back to the boundary between the alpha solid solution and a 
hydrogen-rich layer at the surface of the specimen. This surface film 
contains hydride or beta solid solution plus hydrides, depending upon 
the temperature of the experiment. This method is based on the 
assumption that the concentration at the surface layer —alpha solid 
solution interface represents saturation at the temperature of the 
experiment. Because the mode of diffusion is volume diffusion, this 
assumption seems to be correct. 

The solubility line has been extrapolated to lower temperatures 
in Fig. 1. Although this line is subject to considerable error, there 
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Table II 





Hydrogen Solubilities in Alpha Zirconium 

Temperature, Solubility, Solubility, 
“— ppm by weight atomic % 

400 280 2.6 

425 380 3.3 

450 410 3.7 

475 480 4.4 

5.2 


500 570 








Temperature , C 
600 500 400 300 200 














Hydrogen Solubility, ppm 





1.0 1.2 1.4 1.6 is 2.0 22 
Reciprocal Temperature ( ee 


Fig. 1—Solubilities of Hydrogen in Alpha Zirconium 
at Various Temperatures. 


is remarkably good agreement between it and the qualitative conclu- 
sions from other work. Thus, at 300°C (570°F), approximately 
100 ppm of hydrogen can be dissolved and, in specimens containing 
60 to 70 ppm of hydrogen, quenching from 315°C (600°F) elim- 
inates hydrides, as shown by microscopical studies and impact tests. 
Precipitation of hydride needles generally occurs at temperatures of 
150 to 200 °C (300 to 390 °F), where the solubility appears to be 15 
to 50 ppm. This is the-range of actual hydrogen contents for most 
zirconium. Finally, material with less than 10 ppm is not particularly 
susceptible to embrittlement. Fig. 1 suggests that precipitation in 
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specimens containing such small quantities of hydrogen would not be 
expected until temperatures were less than 150°C (300°F), where 
the precipitation reaction would be expected to be quite sluggish. 


Diffusion Rates of Hydrogen in Zirconium 


Diffusion coefficients for alpha zirconium determined for three 
different temperatures are listed below. 


Temperature, °C D(10~ cm’/sec) 
400 6 
500 10 
600 16 


From a plot of the experimentally determined diffusion rates 
versus reciprocal temperature, rates were predicted for 315 to 540 °C 
(600 to 1005°F). From these data, it was found that a cylinder 
'g inch in diameter (infinite length) could be saturated to 99% with 
hydrogen at 315 °C (600 °F) in 120 minutes. This result and other 
data appear in Table III. The hydrogen for saturating is derived 
from a thin surface layer of hydride. 

The diffusion rates for hydrogen in zirconium are seen to be 


Table III 
Times Required to Saturate Zirconium With Hydrogen 


Time to Saturate (99%) 


Temperature, Diameter of Cylinder, With Hydrogen, 
‘ inches minutes 
315 le 120 
500 % 40 
600 ly 25 
315 re) 


1900 


extremely high and do not decrease rapidly as temperature is lowered. 
This fact explains the high speed of hydride precipitation and solution 
at low temperatures. Thus, air cooling at temperatures below 315 °C 
(600 °F) can cause hydride precipitation and brittleness, and reheat- 
ing to this temperature for 1 minute suffices to redissolve the hydride. 
If the rate of diffusion were the controlling factor, the complete 
removal of hydrogen from specimens with the dimensions of the usual 
impact-test bars should present no problem. This is not the case, 
however, since it has been found that the equilibrium pressure of 
hydrogen over zirconium containing small amounts of hydrogen is 
extremely low and is the dominant factor in hydrogen removal. 


Equilibrium Pressure and Hydrogen Removal 


If removal of hydrogen from zirconium is to proceed at the rate 
allowed by diffusion, the ambient atmosphere must have a partial 
pressure of hydrogen lower than the equilibrium pressure of the 
hydrogen solution. Theoretically, in an atmosphere consisting of a 
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hydrogen-free inert gas, degassing could take place. However, the 
evolution of hydrogen from the specimen would be impeded by stag- 
nation of the hydrogen molecules at the metal surface. This effect is 
overcome by using the best vacuum obtainable. It has been our ex- 
perience that the gases present in a vacuum system containing metal 
specimens at elevated temperatures analyze about 50% hydrogen. 
In order to estimate the degree of vacuum necessary to produce a 
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Fig. 2—Equilibrium Pressure of Hydrogen Over 
Zirconium Containing Various Amounts of Dissolved 
Hydrogen. 


selected residual hydrogen concentration in zirconium, the gas pres- 
sure in a vacuum may be considered as 100% hydrogen. This 
assumption is justified in view of other experimental uncertainties. 
In order to obtain solubility values, the Hall, Martin and Rees 
(3) data were inspected. In spite of the allotropic transition of the 
metal, the logarithm of the hydrogen pressure plotted against 1/T 
gave a straight line for the concentration 4500 ppm hydrogen in the 
transition range. Using Sieverts’ law, the line for 6750 ppm was 
calculated. The calculated line agreed with a line derived directly 
from the experimental data for this concentration. The extrapolation 
by Sieverts’ law did not hold at higher concentrations because, here, 
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a new phase is produced. On the other hand, it appears reasonably 
safe to extrapolate to rather low concentrations by this method. 
Accordingly, the data at 4500 ppm were extrapolated from the ex- 
perimental region of 850 to 950°C (1560 to 1740°F) to values as 
low as 315°C (600 °F) and as high as 1400°C (2550°F). It is 
recognized that these are long and perhaps questionable extrapolations. 
Calculations for low hydrogen concentrations were all based on the 
4500-ppm line. The results of the calculations are given in Fig. 2. 

Study of these data shows that high temperature treatment, in 
extremely good vacuum systems, is required for effective hydrogen 
removal. For temperatures below 800 °C (1470 °F), a vacuum better 
than 0.04 micron would be required to reduce the hydrogen to 10 ppm. 








Table IV 
Removal of Hydrogen From Zirconium by Vacuum Anneals 





——Vacuum Heat Treatment—— Hydrogen by Vacuum-Fusion 











Temperature, Time, Pressure, —_— Analysis, ppm —- 
eo hours micron Initial After Vac. Annealing 
700 s ° 28+4 29+4 
800 4 ° 52+4 10+4 
815 13 0.05 31+2 6+2 
825 5 0.05 67+2 12+2 
825 26 0.035 67+2 $+2 
925 x ° 28+4 12+4 
925 8 ° 30+4 12+4 

1065 23 0.02 67+2 6+2 
1190-1336 4 ° 52+4 4+4 
2 . 52+4 6+4 


1314-1400 


Specimens were 60 mils thick. 
*Pressures not accurately measured. Estimated to be less than 0.1 micron. 





Since even lower hydrogen contents may be desired, higher tempera- 
tures or a better vacuum would be required, with the former a more 
practical solution. 

The data given in Table IV were obtained in studies of the re- 
moval of hydrogen at various temperatures and for various times. 
These data show that temperatures of 800°C (1470°F) or higher 
were required for effective hydrogen removal. 


Metallographic Studies of Hydrogen in Zirconium 


Some metallographic studies were made of the effects of heat 
treatment and mode of cooling on zirconium containing different 
amounts of occluded hydrogen. The specimens were mechanically 
polished and etched with HF-modified aqua regia. 

Fig. 3a illustrates the typical appearance of the hydride precipi- 
tate in a sample to which 500 ppm of hydrogen had been added. 
The hydrogen addition and a subsequent homogenization treatment 
were made at 700 °C (1290 °F), followed by rapid cooling. Fig. 3b 
shows the typical Widmanstatten structure of hydride needles after 
beta quenching a similar sample. Comparison of these two micro- 
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Fig. 3a—Hydride Needles in Zirconium With 500 ppm Hydrogen Added at 700 °C 
(1290 °F). x 250. 


Fig. 3b—Widmanstatten Structure of Hydride Needles in Zirconium With 500 
ppm Hydrogen Added. Water-quenched from 1040 °C (1905 °F). X 250. 


graphs suggests that the hydride is redissolved by heating at 1040 °C 
(1905 °F) in the beta range, and is subsequently precipitated upon 
quenching. 

Quenched zirconium retains in solution amounts of hydrogen 
roughly in agreement with the solubilities indicated in Fig. 1. For 
example, zirconium containing up to 100 ppm hydrogen heated above 
300 °C (570 °F) and quenched shows an almost complete absence of 
needles. Fig. 4 shows the structure of arc-melted and rolled zirconium 
analyzing 30 ppm hydrogen, quenched from 790 °C (1455 °F). This 
structure is free of needles and has the characteristic equiaxed struc- 
ture of alpha-annealed zirconium. The needles are also absent fol- 
lowing a beta quench, although the microstructure may show grain 
coarsening effects and the ghosts of beta grains. 

Fig. 1 predicts the room temperature solubility of hydrogen in 
zirconium to be of the order of 10 ppm. It may be expected, there- 
fore, that if the sample shown in Fig. 4 were reheated at low temper- 
ature or slow-cooled from the solution temperature, precipitation of 
hydride would occur. Fig. 5, a photomicrograph of an adjacent 
specimen from the same bar as in Fig. 4, alpha-quenched, reheated 
to 315°C (600°F) and slow-cooled, illustrates the needle-like ap- 
pearance of the hydride precipitated by this treatment. 
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Fig. 4—Arc-Melted and Rolled Crystal-Bar Zirconium; 3 Hours at 790°C (1455 
F), Water-Quenched. Almost complete absence of needles. Hydrogen assay: 30 
ppm, retained in solution on quenching. 
Fig. 5—Zirconium as in Fig. 4 but Reheated to 315 °C (600 °F) and Slow-Cooled. 
Many needles of hydride are visible, precipitated during cooling. 250. 
Fig. 6—Arc-Melted and Rolled Crystal-Bar Zirconium, Assay: 6 ppm Hydrogen, 
Quenched From 1050 °C (1920 °F), Reheated to 315°C (600°F) and Slow-Cooled. 
Hydride needles almost completely absent. Faint narrow markings are deformation 
lines. XX 250. 
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If precipitation is to be brought about by isothermal treatment, 
rather than by continuous cooling, the temperature, of course, must 
be high enough to obtain a favorable diffusion rate. 

Fig. 6 is a photomicrograph of a zirconium sample, vacuum- 
annealed to remove hydrogen (assay 6 ppm), beta-quenched, then 
reheated to 300°C (570°F) and slow-cooled. This may be com- 
pared with Fig. 5, from a sample with the same precipitation heat 
treatment but not outgassed. The almost complete absence of visible 
precipitate in Fig. 6 is attributed to the reduction in hydrogen content. 
The difference in appearance of the matrix grains in Figs. 5 and 6 
is readily explained on the basis of the thermal history of the sample 
prior to the final precipitation treatment. Vacuum-annealed speci- 
mens grow very large grains when heated in the beta region, and the 
ragged edges of the alpha sub-grains result from the transformation. 
A few long, narrow deformation bands may be seen; these should not 
be confused with the hydride needles. 


Identification of the Hydride Phase 


four intermediate phases in the zirconium-hydrogen system were 
reported by Hagg (4). <A face-centered cubic high temperature 
phase, claimed to be Zr4sH, was found coexisting with alpha zirconium 
in metal impregnated with 9 atomic per cent hydrogen at 1050 °C 


(1920 °F): its lattice constant was measured as a,—4.66A. A 
second face-centered cubic phase, a, — 4.77 A, was observed at a 
composition corresponding to ZrH. A third phase, with the com- 


position ZrHo, is tetragonal. The fourth hydride was reported to 
have a hexagonal structure and occurred at the composition 33 atomic 
per cent hydrogen. 

The tetragonal ZrH»e appears to be isomorphous with ThHg (4, 
5), and with HfH»s (6). Sidhu and McGuire (6) found, however, 
in X-ray diffraction studies of hafnium-hydrogen, another tetragonal 
(pseudo-cubic) phase coexisting with metal in the composition range 
21.4 to 60.5 atomic per cent hydrogen. This transformed into a 
single-phase face-centered hydride between the limits 60.5 and 64.8% 
hydrogen. No attempt was made by these workers to prepare a high 
temperature phase analogous to Zr,H, although they did study sam- 
ples of this approximate composition annealed at 350°C. In view 
of the close similarity of the chemical and physical behavior of the 
elements zirconium and hafnium, it would have been anticipated that 
their hydrogen compounds be completely analogous. However, com- 
paring the data of Hagg with the data of Sidhu and McGuire, this 
did not appear to be the case. 

In the course of the present investigation, zirconium samples 
were charged with hydrogen, in the temperature range 250 to 600 °C, 
for times sufficient to produce a gradient zone of hydrogen in the 
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surface. X-ray diffraction-spectrometer examination of the surface 
of the nonhomogenized samples showed the presence of Hagg’s ZrH, 
or, in some cases, ZrHe. On light abrasion of the surface of the 
latter, the pattern of ZrH appeared. With further abrasion, the pat- 
tern of metallic zirconium plus that of another phase was observed. 
The latter phase has not been completely identified, but it appears to 
be similar to the tetragonal phase of lowest hydrogen content reported 
in the Hf-H system. The degree of tetragonality is small, the unit 
cell being only slightly deformed from that of ZrH. From its position 
in the gradient specimens, the pseudo-cubic hydride should be the 
phase in equilibrium with metal. No attempt was made to verify the 


composition of this phase or that of the cubic phase labeled ZrH by’ 


Hagg. 

Initial attempts to detect, by X-ray diffraction, the hydride phase 
observed microscopically in zirconium of normal hydrogen content 
were inconclusive. This is not surprising, since, with a nominal 
50-ppm hydrogen content, the hydride phase would amount to not 
more than 2% by weight, even if the composition of the hydride cor- 
responded to that of ZrgH. In general, this is a rather low concen- 
tration for ready detection by conventional X-ray diffraction methods. 
The existence of a second-phase hydride in zirconium is readily veri- 
fied, however, by “reflection” electron diffraction. This method, in 
which an electron beam is permitted to graze the specimen surface, 
is very useful for detection of material which protrudes above the 
surface. Etched specimens of zirconium, in which the hydride needles 
appear slightly in relief, give an electron-diffraction pattern consisting 
of numerous ill-defined spots, rather than continuous Debye rings. 
This is the result of the nature of the precipitate and its oriented 
distribution in the matrix. Although difficult to measure precisely, 
the spot pattern appeared, on first inspection, to be that of a face- 
centered cubic phase with lattice constant a, ~ 4.7 A. However, 
careful examination of the pattern showed reasonable evidence of 
doubling of spots in those diffraction rings which would occur as 
doublets in the tetragonal pattern. Considering the evidence of dou- 
bling of the spot pattern, the most probable identification of the 
second-phase hydride in zirconium metal is the pseudo-cubic phase 
found, by X-ray diffraction, adjacent to the metal in the gradient 
specimens. 

It was considered of interest to correlate the intensity of the 
electron-diffraction pattern with the hydrogen content. Owing to 
the extreme sensitivity of this method for detection of a minor phase, 
it is difficult to obtain quantitative estimates of the relative amounts 
present. However, it was hoped that by use of specimens with 
widely different hydrogen contents it would be possible to detect 
corresponding differences in intensities of the hydride patterns. One 
sample selected for this test analyzed 13 ppm of hydrogen. Metallo- 
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graphic examination of this specimen showed very few needles of 
hydride. For contrast, a specimen of crystal bar showing consider- 
able visible precipitate was chosen. Patterns of the same hydride 
were obtained from both samples but the intensity of the pattern was 
extremely weak in the case of the low hydrogen sample and very 
strong for the high hydrogen sample. 


CONCLUSIONS 


X-ray diffraction studies of zirconium specimens reacted with 
hydrogen revealed the presence of three hydride phases: (a) tetrag- 
onal ZrH»e, (b) Hagg’s face-centered cubic ZrH, and (c) a second 
tetragonal (pseudo-cubic) phase analogous to the phase found in 
equilibrium with the metal in the Hf-H system. Electron-diffraction 
evidence indicates the latter phase to be the same as the “second 
phase” appearing in nominally pure zirconium. Microscopical exam- 
ination has shown this phase to vary directly with the hydrogen con- 
tent. The amount of the phase is reduced by vacuum annealing. 
Data are given on the solubilities and diffusion rates of hydrogen in 
zirconium. Diffusion of hydrogen is very rapid; therefore, its re- 
moval in vacuum is not controlled by diffusion rates but, principally, 
by the limiting pressure of the vacuum system. Residual hydrogen 
in zirconium treated at known temperatures and pressures of hydro- 
gen is in reasonable agreement with predictions based on extrapola- 
tion of the data of Hall, Martin and Rees. 
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DISCUSSION 


Written Discussion: By S. S. Sidhu, Metallurgy Division, Argonne 
National Laboratory, Lemont, IIl. 

At the 1951 Gordon Research Conference in New Hampton, N. H., 
Dr. Earl Gulbransen of the Westinghouse Research Laboratories and i 
reviewed Prof. G. Hagge’s pioneer work on the zirconium-hydrogen 
system’ and felt that it needed revision. In the fall of 1951 my colleagues 
at the Argonne National Laboratory prepared samples of ZrH and ZrHz and 
we examined them by X-ray diffraction technique employing copper Ka 
radiation and a camera of 114.6 mm diameter. The hydrides HfH and HfH, 
were also prepared and examined by the same technique. We found that 
the crystal structures of the corresponding hydrides of zirconium and 
hafnium were the same. The diffraction patterns of hafnium hydrides, 
however, had much less background than those of zirconium. Anticipat- 
ing that the compound-forming properties* of zirconium and hafnium are 
similar, we concentrated on the hafnium-hydrogen system for detailed 
study and published our results*. We reported diffraction data and lattice 
parameters for hafnium and three hafnium hydrides, (a) a deformed cubic 
phase, (b) a face-centered cubic phase, and (c) a tetragonal phase. The 
range of compositions for each phase was also given. 

A study of the zirconium-hydrogen system by Drs. C. M. Schwartz 
and M. W. Mallett has shown that it also consists of three phases analo- 
gous to those found in the hafnium-hydrogen system. The results of both 
of these investigations have clarified Hagg’s work or the zirconium- 
hydrogen system. The phases ZrH and ZrHe have been confirmed, but 
his ZrsH, a face-centered cubic phase with a. = 4.66 A, has not been ob- 
served. Instead, a deformed cubic phase has been reported. These two 
phases are apparently analogous The basis for this assertion is that the 
distortion of the cubic unit cell in the hafnium-rich hafnium-hydrogen 
alloys by X-ray diffraction was not readily detectable. Since our identifi- 
cation of this phase is different from that of Hagg and the present authors 
have not completely identified it, we present herewith its X-ray diffraction 
data, lattice parameters, and crystal structure. 

In Fig. 7 we submit (a) a diffraction pattern of face-centered cubic 
phase and (b) of deformed cubic phase. The diffraction data for the two 





phases are given in Table V. The face-centered cubic phase has lattice 
constant a, — 4.707 A and the lattice constants for the deformed cubic are 
ao — 4.718 A, co = 4.683 A and the axial ratio c = 0.993. It is quite apparent 


that the deformed cubic phase is tetragonal and is different from the face- 
centered cubic phase. We called it a deformed cubic phase first because 
its diffraction pattern has characteristic appearance of line splitting and 
groups of lines where single reflection for cubic phase occurs. This fact 
could not be ascribed to nonhomogeneous composition, since the (111) 
and (222) reflections give single sharp lines. Secondly, its unit cell is 
deformed only slightly and transforms into single face-centered cubic 


2G. Hiagg, Zeitschrift fiir physikalische Chemie, Vol. B11, 1930, p. 433. 


*The valencies and the crystal structures are the same; the atomic radii and the lattice 
parameters differ by less than one per cent. 


8S. S. Sidhu and J. C. McGuire, Journal of Applied Physics, Voi. 23, 1952, p. 12 
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Fig. 7—X-Ray Diffraction Patterns of (a) Face-Centered Cubic Phase and (b 
Deformed Cubic or Tetragonal Phase of Hafnium-Hydrogen System. (Cobalt Ka 
radiation and camera diameter 114.6 mm.) 


Table V 
Interplanar Spacings (d), Estimated Relative Intensities (I /Io) and 
the Miller Indices (hkl) of the Face-Centered Cubic and the Deformed 
Cubic Phases of Hafnium-Hydrogen System 


-Face-Centered Cubic Phase-——— -Deformed Cubic or Tetragonal Phase 

d(A) 1/Io* hkl d(A) I/Io* hk] 
2./1 V.S. 111 2.412 V.S. sa 
2.35 S 200 2.356 Ss 200 
1.664 s 220 2.332 Ss 002 
418 s 311 1.666 s 220 
1.359 m 2422 1.660 S 202 
1.178 Ww 400 1.423 Ss 311 
1.080 m 331 1.412 Ss 113 
1.053 m 420 1.356 m 222 
0.961 m 422 1.183 W 400 
906 m (511, 333) 1.176 W 004 
1.081 s 331 
1.076 Ss 313 
1.055 m 402 
1.047 m 204 
0.960 m 422 
0.957 m 224 

0.909 Ww 51 
0.904 m 323 

*y — very; s strong; m medium; w weak. 

structure as concentration of hydrogen is increased. Also, while the lat- 


tice parameters of the two unit cells are different, their volumes are prac- 
tically the same. 

Hagg had reported a fourth hydride of zirconium, which occurred at 
the composition of 33 atomic per cent hydrogen and had hexagonal struc- 
ture. We like to point out that we did not observe this phase in the 
hafnium-hydrogen system. As far as our study is concerned, we observed, 
in addition to the solid solution of hydrogen in hafnium, three hydride 
phases: a deformed cubic or tetragonal phase, a face-centered cubic phase, 
and a second tetragonal phase. We consider that the zirconium-hydrogen 
and the hafnium-hydrogen systems are alike both in the number of phases 
formed and their crystal structures. 
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Authors’ Reply 


The authors appreciate the comments and data supplied by Dr. Sidhu. 
His X-ray patterns are particularly valuable in illustrating the evidence 
for tetragonality of the pseudo-cubic phase; similar evidence was obtained 
in our X-ray spectrometer data. The analogy between the zirconium and 
hafnium hydrides appears to be demonstrated. 





MECHANICAL ANISOTROPY IN COPPER 


By W. A. BAcKoFEn, A. J. SHALER AND B. B. HunpDy 


Abstract 


Copper specimens differing in purity and in process- 
ing history exhibit a mechanical anisotropy best explained 
by postulating the presence in them of a fibrous structure 
of crack-like flaws, too small to be seen under the micro- 
scope. The initial presence of such a structure simply 
but only qualitatively accounts for (a) the effects of tor- 
sional prestrain on tensile fracturing characteristics and 
(b) the directionality revealed by torsion and tension 
testing in an OFHC copper block processed in a manner 
analogous with rolling. 

There is evidence for concluding that such a crack 
structure exists, but the details of its nature and origin 
and of its role in initiating fracture are not clear. 


INTRODUCTION 


\ \ J ROUGHT metals are almost invariably anisotropic. Espe- 

cially the properties relating to fracture may be strongly 
dependent upon direction. This condition is frequently attributed to 
a “fibering’’, or alignment in the direction of metal flow, of regions 
of segregation, of cavities, and of various phases in the microstruc- 
ture; it may also be the result of a preferred grain orientation, and 
there are examples of directionality being caused by a combination of 
both “fibering’’ and preferred orientation. References (1)! through 
(9) are fairly representative of the literature dealing with anisotropy 
in plates, forgings, and extrusions. 

Many detailed studies have also been made on the effect of dif- 
ferent amounts of plastic strain, obtained in various ways, on the 
subsequent flow and fracture of metals in a conventional mechanical 
test. The results of these studies have been carefully summarized in 
several recent reviews of the fracture problem (10-12), so that, with 
one exception, there is no need to describe them here. The excep- 
tion is the work of Swift (13), who studied the influence of torsional 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, W. A. Backofen is assistant 
professor of metallurgy amd A. J. Shaler is associate professor of metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass., and B. B. Hundy is 
scientific officer, British Iron and Steel Research Association, Sheffield, England. 
Manuscript received October 9, 1952. 
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prestrain on the tensile properties of mild steel. His results are 
closely related to those found in the present investigation. 

Swift twisted round bars of mild steel to various strains, then 
remachined the bars and fractured them in tension. He found that 
the tensile fracture stress, ductility, and type of fracture were not 
influenced by small amounts of twisting. But after introducing a 
shear strain of about 1 (at the surface) into his specimens, their frac- 
ture stress and ductility in tension decreased abruptly. Simultane- 
ously, the fracture changed from the usual cup-cone type to one in 
which separation occurred across 45-degree planes. When specimens 
were twisted to strains slightly greater than 1 and then untwisted, 
however, subsequent tension testing showed that prestraining had 
not significantly altered the fracture stress nor the ductility, and that 
the cup-cone fracture, characteristic of unstrained specimens, had 
reappeared. 

In an interpretation (14) of Swift’s experiments, Zener and 
Hollomon suggested that twisting might be responsible for the reori- 
entation of an initially more or less random array of microcracks 
about helical surfaces which are under compression during twisting ; 
the resulting concentration of such cracks would lower the resistance 
to fracture across the surfaces and could be responsible for the helical 
variety of tensile fracture found after a sufficient amount of unidirec- 
tional twisting. Complete untwisting would restore the initial orien- 
tation of the cracks so that the tensile fracture would revert to the 
usual cup-cone type, and the fracturing characteristics would not 
therefore be very much affected. The effects of other combinations 
of plastic strains have been explained in a similar manner (10, 14). 

Investigations of the kind just discussed have been carried out 
principally with steels and with high strength, nonferrous alloys. In 
most of these studies, therefore, possible origins for the hypothetical 
microcracks could be found in the complex microstructure of the ma- 
terial. Inclusions, spheroids or platelets of cementite, and hard pre- 
cipitated phases in age-hardenable alloys have all been considered 
responsible in varying degrees for the postulated defects. 

Relatively few experiments of this kind have been performed 
with pure ductile metals or with single-phase alloys—materials with 
no apparent sources of cracks in théir microstructures. Working 
with a hot-rolled copper plate, Unckel (15) observed the highest 
tensile reduction in area in specimens taken in the plane of the plate 
surface when their axes lay within 40 degrees of the rolling direction. 
As the angle increased, values dropped off to a low at 60 degrees and 
remained low to 90 degrees (the transverse direction). He did not 
make this observation, however, in similar experiments with alumi- 
num, with brass, nor with a tin bronze. Korber, Eichinger and 
Moller (16) found very little tensile ductility in brass specimens pre- 
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viously compressed in the direction of tensile loading. They con- 
cluded from these results and from X-ray studies that after com- 
pression the grains did not have orientations suitable for additional 
flow in tension. More recently, Jacquesson and Laurent (17) found 
that the fatigue strength of cold-rolled aluminum sheet varied con- 
siderably when the specimens were taken at various angles from the 
rolling direction; the type of fracture was also observed to depend 
on specimen orientation. Thus there is evidence of an anisotropy in 
the fracture properties of single-phase materials, but it is not very 
plentiful. 

The objective of the present work was to obtain more informa- 
tion about the anisotropy in copper. The work was concerned, first, 
with the tensile fracturing characteristics of specimens prestrained in 
torsion, and, second, with those of specimens taken from a_ block 
processed in a manner analogous with rolling. The effects of plastic 
deformation were shown to be highly directional in this metal. A 
reasonable interpretation of the results can be based on the hypo- 
thetical existence of a fibrous structure of extremely small cracks or 
similar flaws. No such flaws were actually observed under the 
microscope, perhaps because they are too small. For want of a more 
descriptive name, they may nevertheless be called microcracks. Pre- 
ferred crystallographic orientation, or texture, does not seem to be 
related to the mechanical anisotropy found in these experiments. 


EXPERIMENTAL PROCEDURES 


Materials and Processing: Many of the experimental details are 
summarized in Table I, and the dimensions of the specimens of all 
series are given in Fig. 1. 

Round bars for the specimens of Series 1A and 1B were pre- 
pared from a billet of OFHC copper by hot and cold forging and cold 
swaging, with intermediate annealing. The two series differed only 
in that one additional cycle of cold swaging and annealing was car- 
ried out on the bar supplying Series 1B. 

A cake of OFHC copper provided material for the specimens of 
Series 2A, 2B, and 2C. The cake after casting was first hot-press- 
forged with little net change in dimensions. After sectioning, a por- 
tion was placed in a die opened on two sides, permitting no spread- 
ing, and was cold-compressed, with one intermediate anneal, to a 
thickness of 2 inches. The final cold reduction in thickness was 
about 75%. The deformation may be simply described as a restricted 
cold compression, and the direction in which the block lengthened 
will be referred to as the flow direction. Series 2A specimens were 
taken parallel to the flow direction and those of Series 2B were re- 
moved parallel to the direction of compression (and perpendicular to 
the flow direction). The specimens of Series 2C were taken in 
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directions differing by 15 degrees and lying in the plane defined by 
the flow direction and direction of compression; they were not pre- 
strained by twisting, but were tested directly in tension after machin- 
ing and annealing. 

All specimens of the five series described above were annealed 
for 30 minutes at 450°C (840 °F) after machining and before tor- 
sion, or, in the case of Series 2C, before tension testing. Specimens 
of the four series described below were not annealed before twisting. 


Torsion Test Specimen Tension Test Specimen 


oe 2"t023 ss 





Tension Test Specimen 
2'———— 


nts 
x -iy—| p-1s twa 


Fig. 1—The Test Specimens 


Specimens of Series 3A and 3B were obtained from an extruded 
rod of electrolytic tough pitch copper. Series 3B specimens differ 
from those of 3A in that the former were annealed for 30 minutes at 

450 °C (840 °F) after twisting and before tension testing. 

Copper ingots of purity satisfying ASTM specifications B5-43 
and prepared during a research on centrifugal casting (18) provided 
the specimens of Series 4A and 4B. These ingots were permitted to 
solidify only partially in a spinning mold, then to completion after the 
spinning was stopped. The macrostructure of one of them is shown 
in Fig. 2. Series 4A specimens were taken parallel to the columnar 
axes of the grains in the outer region, which froze during spinning. 
The columnar zone in the particular ingot used was considerably 
thicker than that shown in Fig. 2. The specimens of Series 4B 
came from the region of equiaxed grains which became solid after 
the spinning was’ stopped, and were taken perpendicular to the 
crescent-shaped area shown in the photograph. 

The specimens of all series were polished through 0000 emery 
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Fig. 2—The Macrostructure of an Ingot Solidified During Centrifugal Casting 
(Outer Region of Columnar Grains) and Static Casting (Inner Regions of Both 
Equiaxed and Columnar Grains). Approximately X 1. [From Register (18).] 


paper after machining and annealing and before any mechanical 
testing. 

Prestraining: The torsion testing machine used in these experi- 
ments permitted both forward and reverse twisting, and this was 
done in all tests at a rate of 120 degrees per minute. The machine 
was provided with the means for allowing a specimen to extend freely 
during twisting, but its effectiveness in this respect was questionable. 

The plastic shear strain, y, in a twisted round bar varies linearly 
from a maximum at the surface to zero at the center. The value 
at the surface is given by y = r6/l, where r is the radius of the bar, 
6 is the total amount of twist in radians, and / is the length over 
which twisting takes place. 

Tension Testing: ‘Tension specimens of the dimensions shown 
in Fig. 1 were carefully machined from the torsion specimens after 
twisting. The shear strain in the surface of the new gage length of 
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Tensile Fracture Stress (!OOOpsi) 
% Reduction in Area at Fracture 














8 O 
Shear Strain inthe Surface of the Tension Specimen 
Fig. 3—The Effect of Torsional Prestrain on the Tensile Fracture 
Stress and Ductility of Specimens Tested Directly After Prestraining. 
Solid symbols: Specimens were twisted to the indicated strain and tested 


in tension. Open symbols: Specimens were twisted to the indicated strain 
then completely untwisted and tested in tension. 


reduced diameter was readily computed, since the shear strain gradi- 
ent in a twisted specimen is linear. 

All tension tests were carried out with a hydraulic machine, 
and an average true stress—true strain curve was plotted for each 
test. Values of true strain were calculated from measurements of 
the instantaneous diameter at intervals throughout the test. Some 
specimens, particularly those of Series 2C, became elliptical in cross 
section during the test; measurements were then made of both major 
and minor axes. 

The shear strain gradient existing in the prestrained specimen 
must detract somewhat from the significance of a tensile stress-strain 
curve. But the curves were used only for obtaining the fracture 
stress and strain to fracture (the fracturing characteristics) and they 
seemed adequate for this purpose. 
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Hardness Measurements: The relationship between hardness 
and shear strain was determined for a number of Series 1B torsion 
specimens. Hardness traverses, using a Tukon tester with a Vickers 
indenter and a 200-gram load, were made across the electropolished 
surfaces of disks removed from these specimens. Hardness values 
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Fig. 4—The Effect of Torsional Prestrain on the Tensile Fracture Stress 
and Ductility of Series 3B Specimens Annealed Before Tension Testing. The 
solid and open symbols have the meaning given in the caption of Fig. 3. 
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Fig. 5—The Variation of Tensile Fracture Stress and Ductility in Series 2C 
Specimens Taken in Different Directions From the Compressed Block of OFHC 
Copper. 


from equal distances on either side of a disk center were averaged, 
and a plot of hardness versus radial distance was extrapolated to the 
surface of each specimen. The extrapolated hardness corresponded 
to the maximum shear strain (Fig. 9). 


EXPERIMENTAL RESULTS 


All the data relating to tensile fracture are summarized in Figs. 
3, 4, and 5. Presentation of the results obtained with Series 2B and 
2C specimens and with the cast specimens of Series 4A and 4B is 
reserved, however, for the over-all discussion of experimental results 
in the following section. 

The data under consideration here show that both fracture stress 
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and ductility (expressed in per cent reduction in area at fracture) are 
only moderately affected by small amounts of torsional prestrain. But 
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after unidirectional twisting has produced a shear strain that varies 
from about 1 to 2 in the different series, the fracture stress drops by 
25 to 30% to a minimum, and then rises slightly with increasing 
prestrain. The ductility of specimens in all series approaches a low 
limiting value. The particular shear strain in each series at which 
the marked change in fracturing characteristics begins will be referred 
to as the critical shear strain in the remainder of this paper. 


Reference 
Mark 





Fig. 7—The Helical Tensile Fracture. 


Tensile fracture following prestraining of less than the critical 
amount is of the usual ductile type, and its appearance is perhaps 
described best as a “double-cup” (19). As the critical shear strain 
is exceeded, however, the fracture changes and, after sufficient twist- 
ing, occurs by abrupt separation across a helical surface. The frac- 
ture transition is illustrated by the typical tensile fractures in Fig. 6 
of specimens twisted various amounts in one direction only. 

The helical fracture starts at the surface, at some point A in the 
sketch in Fig. 7, where the shear strain is largest. It moves rapidly 
along a path ABC and is usually completed by a slow shearing frac- 
ture connecting the points A and C on the helix. In only one speci- 
men, fracture began beneath the surface; its early stages were marked 
by a sharp depression spiraling around the gage length. 

The angle a in Fig. 7 describes the inclination of the fracture 
path in the specimen surface to a plane perpendicular to the speci- 
men axis. Examination of Fig. 6 reveals that a varies inversely with 
the amount of prestrain. Measurements on many specimens, from 
photographs similar to those in Fig. 6, are plotted in Fig. 8. 

The tensile behavior of specimens prestrained by twisting fol- 
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Fig. 8—The Variation With Prestrain of a, the Fracture Angle Indi 
cated in Fig. 7. 
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Fig. 9—The Relationship Between Hardness and Shear Strain in the 
Specimens of Series 1B. Each shear strain at which hardness data are 
plotted was obtained by (a) twisting one specimen directly to the indi- 


cated value and (b) twisting a second specimen to one-half of this value 
and then completely untwisting it. 


lowed by complete untwisting, regardless of amount, contrasts sharply 
with that of specimens twisted in only one direction. No trace of 
the helical fracture was observed after prestraining in this way. The 
fracture appearance, fracture stress, and ductility are much more like 
those encountered when there is no prestraining. A photograph of 
such a fracture is also included in Fig. 6. Values of fracture stress 
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and ductility are plotted in Figs. 3 and 4 at the maximum shear strain 
which preceded untwisting. 

Hardness measurements plotted in Fig. 9 do not reflect the 
large differences in fracture stress and ductility of specimens pre- 
strained over these two paths. Nearly equal values of hardness are 
associated with equal amounts of effective strain. Similarly, the ulti- 
mate tensile strength is relatively insensitive to whether the pre- 
straining is accomplished by unidirectional twisting or by forward 
and reverse twisting. 


DISCUSSION OF RESULTS 


A simple but only qualitative explanation of the results pre- 
sented above is made possible by postulating that a structure of micro- 
cracks, or similar flaws, small enough to be invisible under normal 
metallographic examination, exists within the copper before torsional 
prestraining. The crack structure in the wrought material is assumed 
to have become aligned during processing in the principal direction 
of metal flow. A straight line scratched on the surface and parallel 
to the axis of each torsion specimen of the series just considered then 
describes the initial orientation of the structure. During twisting, 
this line follows a helical path over the gage length of the specimen. 
The orientation of this path in the specimen surface may be defined 
by an angle a’, similar to the angle a of Fig. 7. After introducing a 
shear strain y into the specimen surface, a’ is equal to (90 — tan" y). 
The dashed curve labeled “calculated” in Fig. 8 describes the varia- 
tion of a with shear strain. 

The good agreement between the calculated curve of a’ and the 
experimentally determined curve of a (Fig. 8) indicates that the 
helical tensile fracture may indeed occur by separation over a surface 
of cracks oriented by twisting. The lack of complete agreement, 
particularly at small shear strains, can be attributed to the tensile 
ductility of the prestrained specimens. Apparently, the flow preced- 
ing tensile fracture of a twisted specimen causes rotation of the sur- 
face of separation opposite to that produced by the twisting. The 
resulting enlargement of a’ accounts for the fact that the measured 
angle is unusually larger than the calculated angle. This is particu- 
larly evident in the measurements from Series 3B specimens annealed 
between torsion and tension testing, which are 15 to 20 degrees larger 
than calculated. As prestraining increases, tensile ductility dimin- 
ishes according to Fig. 3; the difference between a and a’ becomes 
smaller, and the two curves approach coincidence. 

The presence of highly oriented microcracks also accounts for 
the high strength, the ductility, and the usual ductile fracture of 
specimens twisted to shear strains greater than the critical amount, 
but then completely untwisted before tension testing. After equal 
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amounts of forward and reverse torsion, the imaginary reference 
mark, scratched on the surface of a specimen, and the crack alignment 
are again straight and parallel to the specimen axis. This arrange- 
ment of the cracks minimizes their effect on tensile fracturing, which 
therefore proceeds in the usual way. 

Fig. 4 shows that annealing after prestraining increases the shear 
strain necessary to produce helical fracturing, and then brings about 
a continuous decrease in fracture stress. An explanation of the larger 
shear strain may be as follows: the greater ductility of the annealed 
specimens allows more plastic flow at the edges of the cracks in the 
helical pattern. Accompanying the localized flow, there is an over-all 
rotation of the crack structure back toward the specimen axis. As 
was pointed out above, the amount of such a rotation before fracture 
occurs is found to increase with tensile ductility. An increase in 
ductility should therefore require that the crack structure, right after 
prestraining, be inclined at a larger angle to the specimen axis in 
order that a fracture transition take place. The continuous decrease 
in fracture stress is explained in part by the elimination through 
annealing of the strengthening effect of prestraining. This effect is 
most apparent in the fracture stress curves for twisted and untwisted 
specimens. But whatever the explanation of these differences between 
specimens annealed after prestraining and those not annealed, it is 
clear that annealing does not eliminate the transition in type of frac- 
ture after a critical torsional prestrain. 

Additional information about the crack structure and its orien- 
tation before mechanical testing is provided by the experiments with 
specimens of Series 2A, 2B, and 2C, removed from the cold-com- 
pressed block. The processing of the block caused any cracks pres- 
ent to become aligned in directions perpendicular to the direction of 
compression. ‘Therefore, the cracks in a specimen taken parallel to 
the direction of compression (Series 2B) lie in planes perpendicular 
to its axis, while a specimen taken parallel to the flow direction 
(Series 2A) contains planes of cracks parallel to its axis. The 
difference in the initial crack orientation of the two specimens is 
reflected in the shear stress-strain curves of Fig. 10, and satisfactorily 
accounts for both the separation between the two curves and the 
large difference in the shear strain at fracture. 

The microcracks in Series 2B specimens undergo no reorienta- 
tion, regardless of the amount of twisting. They always remain in 
planes perpendicular to the specimen axis which are subjected to 
the maximum shear stress. Therefore, their presence alone, by reduc- 
ing the effective area of such planes, may contribute to a lowering of 
the stress-strain curve. What seems to be of more significance, how- 
ever, is the apparent growth of the cracks observed while twisting 
Series 2B specimens. As these specimens were twisted, an increas- 
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Fig. 10—Shear Stress— Shear Strain Curves for Specimens From the Cold- 
Compressed Block. The Series 2A specimens were parallel and the Series 2B 
specimens perpendicular to the flow direction. 


ing number of small cracks appeared in the surface perpendicular to 
the specimen axis. Fracture finally occurred, at a relatively small 
shear strain, on a plane defined by the cracks. The growth of the 
cracks to visible dimensions would undoubtedly be favored by their 
constant orientation in the planes in which slip concentrates after 
only a small amount of twisting (20). Therefore, crack growth, by 
counteracting strain hardening, would be expected to lower the stress- 
strain curve, and also, by providing many sites at which fracture can 
occur, to terminate the curve after only a limited amount of twisting. 

The curves in Fig. 3 for prestrained specimens of Series 2B 
give no indication of any abrupt change in tensile fracture stress or 
ductility over the entire range of prestrain. Values are low, even for 
the unstrained specimen. The tensile fracture was fibrous in appear- 
ance, the “fibers’’ coinciding with the flow direction. The helical 
variety of fracture was absent. After twisting, tensile deformation 
produced small rectangular holes in the surface, extending some dis- 
tance into the specimen. These holes became enlarged during addi- 
tional deformation until many of them came into contact and fracture 
occurred. Fig. 11 shows a typical example of such a fracture”. Again 
the presence of a microcrack structure explains both data and obser- 
vations. Since the cracks in Series 2B specimens are subject to no 
reorientation, they exert their full effect upon tensile fracturing, 
regardless*of prestrain, and cannot cause the helical fracture. The 
holes in the surfaces of tensile specimens, the characteristic fibrous 
appearance of the fracture, and the orientation of the fracture surface 
all suggest cracks oriented in planes perpendicular to the specimen 
axis. 


2A fracture coos this one, but in a steel tension specimen removed at right angles 
orging, has been published by Russell (21). 


to the flow direction of a 
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11 





Fig. 11—The Tensile Fracture in a Specimen of Series 2B Twisted to a Shea: 
Strain of 1.5. Approximately x 5. 


Fig. 12—The Tensile Fracture in a Specimen of Series 2C. Approximately x 25. 
Fig. 13—-The Tensile Fracture in a Specimen of Series 1B Twisted to a Shear 


Strain of 3.5. Approximately x 5. 


Any possible complication arising from the cold work gradient 
introduced by twisting was avoided in the experiments with Series 
2C specimens, annealed and tested directly in tension without pre- 
straining. Orientation of the crack structure within this series was 
determined by the directions in which specimens were taken from the 
compressed block. Values of the angle between specimen axis and 
flow direction are indicated in Fig. 5, but the curves are plotted with 
an abscissa of linear scale, labeled “equivalent shear strain”, which 
is the tangent of this angle. For any particular crack orientation 
represented in Fig. 5, a shear strain equal to the corresponding equiv- 
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alent amount would be required to provide this orientation in the 
specimei surface if initially the cracks were aligned parallel to the 
specimen axis. With this method of presentation the curves are very 
similar to others already discussed. In particular, they resemble the 
curves in Fig. 4 for specimens of Series 3B, prestrained but annealed 
before tension testing. Neither fracture stress nor ductility is altered 
appreciably until a 45-degree angle between specimen axis and flow 
direction, or an equivalent shear strain of 1, is exceeded; then they 
decrease continuously to the limiting values determined in the speci- 
men taken perpendicularly to the flow direction. These data empha- 
size once more that the process of fracturing undergoes a relatively 
abrupt change when the crack structure acquires a critical orienta- 
tion. If the curves of Fig. 5 are replotted with an abscissa scale 
linear in the angle rather than its tangent, their general shape is much 
like that of curves presented by Wells and Mehl (6) from a similar 
program of testing on wrought steel products. 

The fact that a minor role is played by preferred grain orienta- 
tion in any explanation of the results presented here has been estab- 
lished through a study of the torsion texture in copper, reported by 
one of the authors (20). A texture soon develops on twisting, but 
it is symmetrical about the specimen axis, regardless of the amount 
of twisting. And even though a specimen is completely untwisted, 
the texture, once established, is not altered. Since the tensile frac- 
turing characteristics and the mode of tensile fracture are sensitive 
to twisting and untwisting, it appears reasonable to conclude that a 
preferred orientation does not contribute to the principal explana- 
tion. Only fibers or sheets of a crack-like structure are capable at 
least qualitatively of accounting for all the experimental results. 

The Crack Structure: The explanation given here for the phe- 
nomena observed in this work cannot be satisfactory until these ques- 
tions are answered: What is the nature of the cracks, and where do 
they come from? Even though the evidence seems adequate for con- 
cluding that a crack structure exists, the important details about their 
nature and origin are not clear. Nevertheless a few comments may 
be made on the basis of some particularities observed in the course 
of the work. 

Information about the nature of the crack structure is decidedly 
limited. It was possible, however, to observe what appeared to be 
very small patches of black oxide in several fracture surfaces, particu- 
larly on Series 2B specimens. Although the observation could not 
be made in many specimens, it points to a possible explanation of 
what the cracks are. 

Other observations indicate that tensile deformation may occa- 
sionally enlarge the cracks to such an extent that they become visible 
in the fracture surface. Fig. 12 shows a distribution of round holes 
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of various sizes in the fracture surface of a tension specimen broken 
after a considerable reduction in area. It seems not unreasonable 
that such holes could arise from the enlargement of cracks by radial 
and circumferential stresses in the neck. Since these stresses are 
largest at the center of the neck, a crack could conceivably provide 
the nucleus for the more common tensile fracture which starts at that 
location. The typical helical fracture surface exhibits fibrous mark- 
ings; occasionally some are very pronounced and extend in the form 
of holes into the specimen. The photograph in Fig. 13 is a fairly 
clear illustration of this, and shows two well-defined grooves which 
terminate in holes at their lower ends. It is possible that such mark- 
ings result from the action of tensile stresses upon the cracks reori- 
ented by twisting. 

A systematic lack of reproducibility observed in some of the 
work also warrants a comment. There seems to be little reason for 
the difference in the critical shear strain of Series 1A and 1B speci- 
mens unless processing history influences the crack distribution, for 
the two series of specimens apparently differed only in this respect. 
While the theoretical density of copper is 8.985 gms/cc, the actual 
density of Series 1A material, calculated from weights in air and in 
water, was 8.945, while that of Series 1B material was 8.969. The 
higher value for Series 1B might be regarded as evidence of a less 
dense crack structure; this is also suggested by its higher critical 
shear strain. 

A similar experience with Series 2C specimens indicated that 
the crack distribution may be nonuniform within a particular sample. 
The data plotted in Fig. 5 were obtained with specimens taken from 
the central portion of the compressed block where the density was 
8.927. Tests with specimens taken from other parts of the block 
provided data for a somewhat different curve, although of the same 
general shape. Macroscopic and microscopic examination revealed 
traces of inhomogeneous plastic deformation in most of the wrought 
material, and this, through its influence on the crack distribution, 
may have contributed to the lack of reproducibility. 

Information about the origin of the crack structure was the ob- 
jective of the experiments with cast copper specimens; but the infor- 
mation obtained was only partially satisfactory. Microscopic exami- 
nation of the centrifugally cast metal supplying the Series 4A speci- 
mens (density 8.920) revealed intergranular cracks, probably caused 
by improper control of mold speed and pouring rate (22). Because 
of the columnar structure of the ingot and the orientation of the 
specimens extracted from it, the cracks were aligned parallel to the 
axis in the unstrained specimens. They therefore contained an ap- 
proximate larger-scale model of the crack structure postulated for 
wrought materials. The trend in the data of Fig. 3, the sharply 








672 TRANSACTIONS OF THE ASM Vol. 46 





_ Fig. 14—The Tensile Fracture in a Specimen of Series 4A (Left) Twisted to a 
Shear Strain of 3.5 and in a Specimen of Series 4B (Right) Twisted to a Shear 
Strain of 4. Approximately xX 5. 


defined helical fracture in Fig. 14, and the fracture angles plotted 
in Fig. 8 simply show that such a crack structure can be responsible 
for many of the results reported in this paper. 

The information provided by Series 4B specimens (density 
8.907) was hardly more conclusive. There are no abrupt changes 
in the fracture stress and ductility curves of Fig. 3 for this series. 
But Fig. 14 shows that the tensile fracture of a highly prestrained 
specimen was helical in appearance. Cracks were not visible in the 
microstructure. If they were nevertheless present—and the low 
density relative to the other materials indicates that they probably 
were—their initial orientation would have been random, and there- 
fore they would be less effective in altering the fracturing character- 
istics of prestrained specimens. The large fracture angle in Fig. 14 
also suggests an initially random orientation. Despite the inconclu- 
siveness of these two experiments, the ingot still appears to be the 
place where at least a large part of the crack structure originates. 

The Condition for Fracture: The effect of prestrain, or of its 
equivalent (Fig. 5), on tensile fracturing characteristics suggests a 
competition between two apparently different types of fracture: the 
internally nucleated fracture which predominates until the crack struc- 
ture acquires a near-critical orientation, and fracture by separation 
over a surface of cracks once this orientation has been introduced. 
A similar possibility was considered by Klingler and Sachs (4) for 
a hot-rolled plate of the aluminum alloy 24ST, and also by Brown, 
Schwartzbart and Jones (7) for several high temperature alloys. 

The second, helical or angular, type of fracture immediately 
invites consideration of the normal stress fracture criterion, which 
requires that the tensile fracture stress vary with the square of the 
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cosecant of the angle between the fracture surface and specimen axis. 
Measurements made on the annealed specimens of Series 2C and 3B 
are the only ones suitable for a test of this criterion, for these data 
reveal the effect of crack orientation on tensile fracture in the absence 
of the cold work of prestraining. A calculation based on the fracture 
stress data for these two series results in somewhat better agreement 
between calculation and experimental measurement than that obtained 
in the references just mentioned, but it is still not satisfactory enough 
to allow a decision in favor of such a simple criterion. 


SUMMARY AND CONCLUSIONS 


The work presented in this paper has shown that a fibrous struc- 
ture of flaws, having the characteristics of cracks, is responsible for 
a mechanical anisotropy in copper specimens varying in purity and 
in processing history. These microcracks, as they have been called, 
are apparently small enough to be invisible with normal metallo- 
graphic examination, and extra phases in the microstructure with 
which they could be associated are not present to any extent. 

By postulating that such a structure exists, and that its orienta- 
tion is controlled by plastic deformation, it is possible to find simple 
qualitative explanations of the following observations : 

(a) The fracturing characteristics of tension specimens pre- 
strained by unidirectional twisting decrease rapidly as the maximum 
shear strain increases beyond a critical value that varies from about 
1 to 2, depending largely upon processing history. At the same time, 
fracture occurs by separation across helical surfaces which make 
larger angles with the specimen axis the greater the amount of pre- 
straining. The orientation of the helical fracture surface is also the 
orientation that would be assumed by cracks initially aligned parallel 
to the specimen axis. These effects of prestraining on tensile behavior 
are not eliminated if the test specimens are annealed after prestrain- 
ing and before tension testing. When the crack structure is oriented 
at right angles to the specimen axis before prestraining, there are no 
marked changes in either fracturing characteristics or fracture appear- 
ance; the fracture stress and ductility are then low, even in the un- 
strained specimen. 

(b) Prestraining by equal amounts of forward and reverse tor- 
sion, over the widest possible range, only results in a gradual increase 
in fracture stress and a gradual decrease in ductility when the initial 
crack orientation is an alignment parallel to the specimen axis. 

(c) Torsion and tension testing reveal a pronounced direc- 
tionality in an OFHC copper block processed in a manner analogous 
with rolling. 

There are indications that the cracks originate during solidifi- 
cation of the ingot or casting. Perhaps some cracks are also formed 
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during plastic working, when they all, regardless of origin, become 
aligned in the principal direction of metal flow. A lack of reproduci- 
bility in some of the data indicates that the development and distri- 
bution of the crack structure are sensitive to processing history. 
Other evidence suggests that the cracks become enlarged by mechan- 
ical testing to visible dimensions, and that they may provide the 
nucleus for the more common, internally nucleated tensile fracture. 
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DISCUSSION 


Written Discussion: By C. F. Tipper, Department of Engineering, 
University of Cambridge, Cambridge, England. 

The repetition of Swift’s (Ref. 13 of paper) experiments with high 
purity copper shows that the influence of the direction of prestraining on 
fracture is due to a general property of metals and cannot be attributed 
solely to the gross anisotropy of rolled low carbon steel. 

If microcracks, such as those postulated, are present, they might be 
expected to affect the yield strength of the material as well as the method 
of fracture. Moreover, the effect should increase with amount of work, 
and should be greatest when tests are made transverse to the direction 
of previous straining. 

Experiments on rolled steel plate carried out by the present writer® 
showed that this was so, although the issue was complicated by a Bausch- 
inger effect and the recovery of the yield point. However, the treatment 
accorded did not affect reduction in area, nor the ultimate tensile stress, 
and in consequence the fracture stress, whereas the original work done in 
rolling the plate influenced the reduction in area to an extent above all 
other properties except energy in impact tests. 

If it can be demonstrated, as it has been above, that directional prop- 
erties due to processing are so influential in initiating fracture in a ductile 
material like copper, how far more important may they not be in other 
metals and alloys? The problem merits further study. 

Written Discussion: By Harry Majors, Jr., research professor, Bureau 
of Engineering Research, University of Alabama, University, Ala. 

Opportunity for discussion of this excellent work is taken because 


8C. F. Tipper, “Effect of Direction of Rolling, Direction of Straining, and Aging on 


the Mechanical Properties of a Mild Steel Plate’, Journal, Iron and Steel Institute, Vol. 
172, 1952, p. 143. 
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similar experiences in drawing rods of aluminum and steel through dies 
have been found at the University of Alabama. A part of this program 
was concerned with the effect of prior strain history on the true stress — 
strain diagrams in tension and the resulting residual stresses. 

Figs. 15, 16, 17 and 18 indicate some of the work that pertains to this 
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Fig. 15—Tension Stress-Strain Diagram for SAE 1020 
Steel, Showing the Effect of Prior Strain on the Elastic 
Region. Curve A is for the fully annealed condition, VHN 
120. The material for Curve B was cold drawn through 
dies to a true rod reduction of area of 0.27; there was no 
prior torsion. The material for Curve C had no cold draw- 
ing, but it was twisted in one direction to a shear strain 
(nominal value) of 2.20. The material for Curve D was 
cold drawn through dies to a true rod reduction of area of 
0.27 and then twisted in torsion to a shear strain of 1.45. 


discussion. Figs. 15 and 17 refer to the elastic regions, while Figs. 16 and 
18 portray the plastic region, indicating true average stress and true strain 
at rupture for SAE 1020 steel and 2S-O aluminum respectively. All tests 
were made at least three months after the prior strain history. It is 
interesting to note, in comparing Fig. 6 in Swift’s work (author’s Ref. 13) 
with Fig. 3 of this paper and Figs. 16 and 18 of this discussion, that Swift 
presents only one series of true stress — strain curves, whereas none appear 
in the article under discussion. The following questions arise: 

(a) Did the authors find anything unusual in their true stress -— 
strain diagrams? Figs. 16 and 18 of this discussion show an unusual 
behavior at the start of the localized reduction of area which is sim- 
ilar to that in Fig. 6 of Swift’s work. Swift did not indicate on his 
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Fig. 16—Effect of Prior Strains on the True Stress - 
Strain Curve in Tension for SAE 1020 Steel Showing the 
Fracture Stresses and Strains. Heavy arrow indicates the 
true stress at maximum load. See Fig. 15 for the meaning 
of the letters A, B, C and D. 


curves the true stress at maximum load but it is indicated in Figs. 16 
and 18 here. Apparently, some readjustment occurs just after the 
maximum load or at the start of localized reduction of area. 

(b) An examination of the data of Fig. 6 in Swift’s article would 
not show a sudden decrease of true stress at fracture after a prior 
torsion strain of 1.0, which is indicated in Fig. 7 (Swift’s article). 
The author’s do not show it for Series 2B and 4B in Fig. 3. Figs. 16 
and 18 of this discussion for the torsion strains investigated do not 
show it. Any comment on these observations would be appreciated. 

(c) It is not clear if conclusion (a) takes into consideration the 
data of Series 2B and 4B of Fig. 3. 

(d) Why is no use made of the true strain at fracture* 


Ao do 





Lne 


> 
~ 
a. 


+ 


rather than the the use of % reduction of area which is a nominal 
value? 


~ 


Some of our aluminum fractures appeared to be similar to those of 
Fig. 6 presented by the author, but, in addition, double cup-cone fractures 
were common with steep ridges. 


‘Logarithm to the base e. 
Ao de 


=2 la 


A Te 


» rr . 
Lne - = True strain at fracture. 








678 TRANSACTIONS OF THE ASM Vol. 46 





























280 
240 
200 
Oo 
Qa 
© 160 i — 
3 
+ 120 — + 
wW 
80 —t- 
40 + 2 I 
O 
O | 0.004 | ©0008 ool2 =| 
0.002 0.006 0.010 0.014 


Tensile Strain 


Fig. 17—Effect of Prior Strain on the Tensile Stress - 
Strain Diagram in the Yield Region for 2S-O Aluminum. 
Curve A is for 2S-O aluminum in the as-received condition. 
Curve B is for material cold drawn through dies to a true 
rod reduction of area of 0.27; no torsion strains. Curve D 
is for a material twisted in one direction to a shear strain 
of 4.44; no cold reduction strain. Curve E is for a material 
twisted in one direction to a shear strain of 8.37; no cold 
reduction strain. Curve F is for a material twisted in one 
direction to a shear strain of 7.26 and reverse twisted to a 
shear strain of 3.89. Curve G is for a material cold drawn 
to a true reduction of area of 0.27 and then twisted in one 
direction to a shear strain of 7.45. Curve H is for a ma- 
terial cold drawn to a true reduction of area of 0.76 and 
then twisted to a shear strain of 6.52. 


The aluminum specimens exhibited much elongation (about 20%) 
under torsion, with a resulting decrease in diameter. Rough measure- 
ments indicated that the volume remained constant. The steel specimens 
in torsion showed an increase in length of about 2%. During the torsion 
test, care had to be exercised that the fixed jaws slowly moved to accom- 
modate the extension of the aluminum specimens. The authors comment 
that they recognize this also. 

A program is in progress on the determination of the residual stresses 
and the effect of prior compression strains superimposed on rod drawing 
and torsion strains. 


Authors’ Reply 


The authors are grateful for the thoughtful comments of Dr. Tipper 
and Professor Majors. 


Answers to Professor Majors’ questions will be attempted in the order 
in which he has presented them. 
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Fig. 18—Effect of Prior Strain on the True Tensile Stress — Strain Curve for 
2S-O Aluminum Showing the Fracture Stresses and Strains. Heavy arrows indicate 
the true stress at maximum load. See Fig. 17 for description of letters A, B, C, 


D, E, F, G and H. 


(a) We were concerned primarily with fracturing characteristics and 
therefore did not study the beginning of the stress-strain curve as care- 
fully as Professor Majors. All strains were calculated from diameter 
measurements made with a lateral extensometer incorporating a dial gage 
graduated to 0.0001 inch. Nevertheless, findings similar to those in Figs. 
16 and 18 were made of specimens twisted to the smaller values of shear 
strain. 

(b) The Series 2B specimens were taken perpendicular to the surface 
of the compressed block so that all contained the crack-structure oriented 
at right angles to the specimen axis. Therefore twisting could not effect 
any reorientation, and prestraining in torsion would not be expected to 
have much influence on the tensile fracturing characteristics as pointed 
out in the paper. Series 4B specimens were prepared from statically cast 
metal of equiaxed sttucture (the crescent-shaped zone in Fig. 2) and any 
cracks that they might contain would be oriented in a fairly random 
fashion; we can only refer to the reasoning presented on the 20th page 
of the paper to account for the data that they supplied. 
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The work reported in the paper was extended to include a number of 
pure metals and single-phase alloys, and the results of this additional work 
were published recently’. Of all materials examined, only commercially 
pure 2S aluminum did not respond to torsional prestraining in the manner 
described above. No satisfactory explanation was apparent at the time, 
and none has been devised since. 

Professor Majors’ results with SAE 1020 steel might be explained by 
what appears to be the important role played by processing history. Per- 
haps, for his material, the shear strain of 2.20 was not great enough to 
bring about the transition in tensile fracturing characteristics. The data 
in Fig. 3 for Series 1A and 1B specimens show that the same material 
may not undergo the abrupt change in fracturing characteristics after 
identical amounts of prestraining. For Series 1A the critical shear strain 
was about 1.5, while for Series 1B it was nearer 2.5; the only apparent 
difference between the two series was the additional cycle of cold swaging 
and annealing used in preparing material for Series 1B specimens. Zener 
and Hollomon (Ref. 14 in paper) reported the results of a single experi- 
ment on SAE 1020 in which they encountered a tensile fracturing-charac- 
teristics transition after a shear strain of 2.5. The data that they present 
suggest that the shear strain of 2.5 was very nearly the critical value for 
their material. 

(c) The last sentence in conclusion (a) applies specifically to the 
data of Series 2B specimens. The conclusion does not apply to the data 
of Series 4B specimens, since it is felt that the crack structure in this 
series was randomly oriented. 

(d) The use of per cent reduction in area was a matter of preference, 
for it seemed to be a quantity more easily visualized than true strain at 
fracture. Values were calculated from accurately measured values of the 
true strain at fracture. 


5W. A. Backofen and B. B. Hundy, “Mechanical Anisotropy in Some Ductile Metals’, 
Journal, Institute of Metals, Vol. 81, 1952-53, p. 433. 





EFFECT OF PRESTRAIN HISTORIES ON THE CREEP 
AND TENSILE PROPERTIES OF ALUMINUM 


By Otec D. SHERBy, ALFRED GOLDBERG AND JOHN E,. Dorn 


Abstract 


Creep and tensile data were correlated with the vari- 
ous substructures developed during creep testing of an- 
nealed and cold-worked pure aluminum. Whereas the 
creep strength and tensile strength of annealed specimens 
increased as the structure became more highly polygonized, 
the tensile strength decreased and the creep resistance 1n- 
creased following creep and increased polygonization of 
cold-worked structures. Tentative explanations were of- 
fered in an attempt to account for the experimental results. 
An equilibrium structure and strength is approached dur- 
ing creep straining which is dependent only on the creep 
stress, independent of the temperature and previous his- 
tory of the metal. 


UCH of the recent effort in uncovering the basic factors sig- 

nificant to the phenomenon of creep in metals was stimulated 
by the observations of Wood and Wilms (1)? that subgrains are 
formed during creep of polycrystalline aggregates. The absence of 
slip bands on the crept specimens prompted these authors to suggest 
that the mechanism for creep might differ from the processes of slip 
that are known to prevail when metals are deformed at low tempera- 
tures; they suggested that creep was due to a process of direct sub- 
grain formation and rotation. Cahn (2) demonstrated that sub- 
grains could be produced by cold bending a single metal crystal 
and subsequently polygonizing the structure by means of an appro- 
priate recovery anneal. The implication of Cahn’s observations that 
subgrain formation is the result of grain bending plus recovery during 
creep is supported by the recent observations of Chang and Grant (3) 
that subgrain boundaries form preferentially at that point along a 
grain boundary where adjacent grains meet at a corner. Never- 
theless, Wood et al (1, 4, 5) continued to support the thesis that 
creep is the result of direct subgrain formation and rotation because 
they were unable to form subgrains by annealing cold-worked poly- 
crystalline metals whereas subgrains could be produced easily when 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, Oleg D. Sherby is research engi- 
neer and John E. Dorn ‘is professor of physical metallurgy, University of Cali- 
fornia, Berkeley, Calif., and Alfred Goldberg is assistant professor of physical 
metallurgy, United States Naval Postgraduate School, Monterey, Calif. Manu- 
script received January 28, 1953. 
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a specimen was subjected to a sufficiently high stress and temperature 
to induce creep (4). 

More recently McLean (6) showed that grain boundary shear- 
ing contributes only moderately to the total creep; the microscopically 
observable slip plus the fine slip, which was measured by subgrain 
tilting, accounts for almost all of the total observed creep strain. Such 
tilting is ascribed to accumulation of dislocations of like sign at the 
subboundaries and thus arises from motion of dislocations just as 
does microscopically visible slip. Thus the original contention of 
Wood and Wilms that true creep is slipless and is due to direct 
subgrain formation and rotation is no longer tenable. 

The above discourse suggests that subgrain formation is the re- 
sult of creep rather than its cause. This deduction, however, does not 
imply that the subgrain structures that are developed are rather un- 
important by-products of the creep processes. In fact, Wood et al 
(1, 4, 5) as well as two of the present investigators (7) have implied 
that the creep behavior of previously annealed metals might be exclu- 
sively a function of the subgrain structures as revealed by back- 
reflection Debye-Scherrer X-ray photograms. But the creep behavior 
of metals is undoubtedly dependent not only on the subgrain sizes 
but also on the patterns of dislocations trapped in each subgrain. 
Consequently the suspected correlations between the creep proper-’ 
ties and subgrain structures of metals implies that the pattern of 
trapped dislocations within each subgrain changes in some systematic 
manner with the observed changes in subgrain size. The only other 
possible explanation of the systematic correlations between creep 
properties and changes in subgrain size involves the untenable hy- 
pothesis that creep is independent of dislocation patterns in the 
volume of the subgrains and therefore depends only on subgrain size. 

The observations that the creep properties are related to sub- 
grain structures were made on originally annealed specimens (7). 
In such simple cases it is possible that the changes in dislocation pat- 
terns and subgrain sizes might have followed parallel paths during 
creep. But a more complex prestrain history, such as cold working, 
might provide an initial state where the dislocation pattern and sub- 
grain size relationship that is developed during creep might differ 
from that which is obtained during creep of an annealed metal. Un- 
der such prestrain history conditions, therefore, the previously ob- 
served correlations between creep properties and subgrain structures 
might be disturbed or perhaps seriously modified. It is this ques- 
tion regarding the correlation between subgrain structures and creep 
properties which is to be placed under scrutiny in the experiments 
to be described in this report. 


I—MATERIALS AND EXPERIMENTAL TECHNIQUES 


A high purity aluminum alloy of the composition given in Table 
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I was used throughout this investigation. Before testing, the origi- 
nal 0.100-inch annealed sheet stock was cold-rolled to a thickness of 
0.070 inch and recrystallized at 860 °F (460°C) for 30 minutes to 
produce a strain-free metal having about 4 grains per millimeter. 
The techniques used for tensile (8) and creep tests (9) have already 
been reported and will not be repeated here. The tensile data are 
reported as the true stress (load per unit instantaneous area) versus 
the true strain (logarithm of the instantaneous over the initial 
length). The creep data were obtained from constant-load tests 
where the stresses refer to the load per unit original area and the 
strains are engineering creep strains. 


Chemical Composition* and Grain Size 





- — Weight % of Impurities ~ Mean Grain 
Aluminum Si re Cu Mg Mn Diameter (mm) 
99.987 0.003 0.003 0.006 0.001 ape 0.25 


*The authors express their appreciation to the Aluminum Company of America for the 
preparation and chemical analyses of this alloy. 


All X-ray photograms were obtained by the back-reflection 
Debye-Scherrer technique using filtered radiation from a copper 
target operated at 40 kilovolts. The film-to-specimen distance was 
maintained constant at 2 centimeters. A small pinhole of 0.27 milli- 
meters was used in order to confine the irradiated area of the speci- 
men to relatively few grains. A typical X-ray photogram of the 
annealed aluminum is shown at the top of Fig. 2. As anticipated, 
only a few sharp spots appear in the Debye ring. 


II—CreEEP oF ANNEALED METALS 


Wood and co-workers (1, 4, 5) have suggested that the sub- 
grain structure is directly correlatable with the creep properties of 
annealed metals. This concept was extended by Sherby and Dorn 
(7) who showed that the creep strain, e, for a constant load, o,, is a 
function of a temperature-compensated time 6, according to the rela- 
tionship 

e=f (6, ¢.) Equation | 
where 6=te~*®/8T Equation 2 
t = time under stress 
AH = activation energy 
R = gas constant 
T = absolute temperature. 
A typical example of this correlation for a coarse-grained high purity 
aluminum initially in the annealed condition is given in Fig. 1. The 
X-ray photograms at various creep strains are reproduced in Fig. 2. 
At a creep strain of 0.085, the X-ray photograms exhibit short and 
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diffuse arcs representing bending and distortion or severe fragmenta- 
tion of the grains. At e—0.15 the arc lengths have increased and 
adjacent circles are more completely resolved. In addition, distinct 
diffraction spots first become detectable in the arc, indicative of 
polygonization. At ¢e = 0.25, the arcs are long, revealing extensive 
disorientation of the subgrains, while each subgrain reveals a single 
rather sharp diffraction spot; adjacent circles are resolvable, indicat- 
ing the nominal absence of fine particles or detectable lattice distor- 
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Fig. 1—Correlation of Creep Strain With the Temperature-Compensated Time 
for Annealed High Purity Aluminum. 


tions. Within the sampling error the subgrain structures developed 
during constant-load creep tests appear to be similar at identical 
strains or identical values of 0. 

X-ray photograms are somewhat insensitive measures of the 
subgrain structures due to local variations in deformation and the 
limited samples selected for examination by the narrow X-ray beam. 
In view of such sampling variations, some doubt might exist relative 
to the precision of the previously recorded correlations between the 
subgrain structure and the creep properties. As shown in Fig. 3, the 
true stress — true strain curves at atmospheric temperatures following 
creep straining at 2000 psi depend only on the creep strain. After 
creeping the same amount under 2000-psi stress at various creep tem- 
peratures, essentially identical atmospheric temperature tensile prop- 
erties are obtained. Since tensile properties depend on grain size 
and the pattern of dislocations contained in the volume of each grain, 
it necessarily follows that both the subgrain size and the pattern of 
dislocations produced during creep at constant load are primarily 
functions of the creep strain alone. 





SF 





1954 CREEP AND TENSILE PROPERTIES OF ALUMINUM 685 


Ts §28 ° 


€ «0.085 €+0.15 
(MIDOLE OF PRIMARY STAGE) 


€*0.25 
(INITIATION OF SECONDARY STAGE) (INITIATION OF TERTIARY STAGE } 





Fig. 2—X-Ray Back-Reflection Photograms of High Purity Aluminum Under a 


Creep Stress of 2000 psi for Various Temperatures as a Function of Strain. 


The above-mentioned data and discussion suggest the following 
conclusions: 


1. Creep properties are functions of the subgrain structure that 
is developed during: ¢reep of annealed metals. 

2. As the subgrains acquire greater difference in orientation 
and sizes during primary and secondary creep, the creep resistance 


increases as shown by the reduced creep rate. (These observations 





686 TRANSACTIONS OF THE ASM Vol. 46 





oO 

Qa 

oO 

oO 

° 

wo 

w” 

. 

n Prestrain History Under 

4 Creep Stress of 2000psi 

- Pre- 

b Strain Temp. 

Ec °K 
° 0.000 — 
b 0.086 422 
4A 0.086 477 
s 0.086 528 
a 0.150 422 
a 0.150 477 
2 0.150 528 
o2 0.250 422 
& 0.250 477 
© 0.250 526 
O 0.01 0.02 0.03 0.04 0.05 0.06 


€-True Strain 


Fig. 3—Tensile Properties at 298 °K Following the Series of Creep 
Histories Shown in Fig. 2. 


are not necessarily disqualified by the initiation of tertiary creep 
which is in part due to the ever-increasing true stress and possibly 
other factors such as microfracturing, etc., which are extraneous to 
the present arguments. ) 

3. The resulting tensile properties at 298°K are enhanced as 
the creep strain increases. 

4. The subgrain sizes are functions of the creep stress and creep 
strain or alternately the subgrain sizes are functions of the creep 
stress, and the temperature-compensated time. 

[t is not unexpected that the creep and tensile properties are cor- 
relatable with the structure. But it is well known that the subgrain 
size does not permit unqualified correlations with the low temperature 
tensile properties. Such properties are known to depend on the pat- 
terns and density of the dislocations within the subgrains as well. 
Since knowledge about the number and distribution of the entrained 








1954 CREEP AND TENSILE PROPERTIES OF ALUMINUM 687 


dislocations is not revealed by the Debye-Scherrer technique em- 
ployed here, it is indeed significant that the tensile properties actually 
do correlate with the X-ray structure. 

This correlation, however, is readily resolved if it be assumed 
that, during creep of an originally annealed metal, the developed pat- 
terns and densities of dislocations parallel the various subgrain sizes 
that result during creep. Thus the subgrain sizes and the dislocation 
density and patterns might follow parallel paths during creep. Con- 
sequently, the resulting tensile and creep properties should be directly 
correlatable with the observed subgrain structure. Although this 
assumption of simultaneity of production of dislocations and observ- 
able subgrain sizes appears to be valid during creep of annealed met- 
als, it need not be valid for creep of cold-worked metals. Here the 
starting line for forming the patterns of dislocations and the observ- 
able subgrain structures that are developed during creep might be 
different from that in an annealed specimen. Consequently, differ- 
ent correlations might be expected between subgrain sizes and the 
creep behavior of cold-worked specimens from those which apply to 
initially annealed specimens. 

In many fundamental as well as technical creep investigations, 
the total creep strain has been separated into the so-called “initial 
creep strain” and the “time-dependent creep strain”. This procedure 
implies that the “initial strain” obtained immediately after loading 
arises from a distinctly different mechanism of deformation from the 
subsequent “time-dependent creep strain”. Such a method of analy- 
sis was found to be invalid in the present investigation. As shown 
in Fig. 1, the “initial creep strains’ increase as the test temperature 
is raised. If such “initial creep strains” are subtracted from the total 
creep strain the resulting “time-dependent creep strains’ are no 
longer simple functions of the temperature-compensated time or the 
subgrain structures. These observations suggest that reporting only 
the “time-dependent creep strain” has neither practical nor funda- 
mental justification. 


[1JI—Errect or PRESTRAIN TEMPERATURE ON CREEP PROPERTIES 
AND STRUCTURE 


Since the mechanical equation of state, when expressed as o = f 
(e, T, €) is known to be invalid for plastic deformations at low tem- 
peratures, significantly different internal structures undoubtedly re- 
sult after the same prestrain at different test temperatures. This 
observation suggests that the presumed parallel development of the 
dislocation structure and the detectable subgrain sizes that are devel- 
oped during creep of annealed metals might be replaced by uniquely 
different trends following prestraining the metal in tension prelim- 
inary to creep testing. If such differences in the initial dislocation 
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Fig. 5—Tensile Curves of High Purity Aluminum at 298 °K Fol- 
lowing 15% Prestrain at Various Temperatures and 2 Hours Recovery 
Treatment at 530 °K 


patterns reveal some failure of the correlations between the structure, 
creep and tensile properties previously established after creep of an 
annealed metal, the thesis that polygonization alone is not the sole 
factor involved in determining the creep properties will be well estab- 
lished. For this examination, annealed specimens of aluminum were 
prestrained 15% at several temperatures over the range from 78 to 
700 °K. Each specimen was held at 530 °K for 2 hours before the 
creep stress of 2000 psi was applied. A duplicate set of specimens 
was also held at 530°K for 2 hours and then removed from the 
furnace; following this, back-reflection Debye-Scherrer photograms 








690 TRANSACTIONS OF THE ASM Vol. 46 


0.040 
Temperature 
of Prestrain 
°K 
0.035 > 78 
© 194 
a 298 
v 373 
x 422 
0.030 a 
” 
0.025 
£ 
2 
o 
a 
@ 0.020 
oO 
I 
w 





0.015 


0.005 





O 0.1 0.2 0.3 0.4 0.5 0.6 0.7 
Time-hours 
Fig. 6—Creep Curves of High Purity Aluminum at 530°K and 2000 psi 


Following 15% Prestrains at Various Temperatures and 2 Hours Recovery Treat- 
ment at 530 °K. 


were obtained and the tensile properties of the specimens were eval- 
uated at 298 °K. : 
As shown by the back-reflection photograms of Fig. 4, different 
substructures for each prestrain temperature were obtained after the 
2-hour anneal. The tensile properties, as shown in Fig. 5, reveal 
that the metal prestrained at the lowest temperature had the highest 
deformation strength. The creep properties, as recorded in Fig. 6, 
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reveal that the specimens subjected to prestrains at the lower tem- 
peratures exhibited smaller initial creep rates. 

Insofar as the tensile properties increase as the creep resistances 
increase in the series of previously outlined tests using annealed speci- 
mens and also in the series of tests on the prestrained specimens, 
nominal parallelism between these properties is obtained. But when 
it is noted that a less distinctly polygonized substructure such as that 
obtained after annealing a prestrained specimen for 2 hours at 530 °K 
gives higher tensile deformation strengths at 298 °K and also higher 
initial creep resistance, whereas the creep resistance and the tensile 
strength of the annealed specimens increase as they polygonize more 
completely, it becomes obvious that polygonization alone does not 
correlate with either creep or tensile properties. Thus other hidden 
structural factors must contribute significantly to the creep and tensile 
properties of metals. 


IV—EFFEcT oF STRESS RECOVERY ON THE STRUCTURE 
AND TENSILE PROPERTIES 


The trends obtained in the data recorded in Section III, that the 
tensile and creep properties improve as the Debye-Scherrer arcs be- 
come more diffuse, contradict the trends observed in Section II, that 
the tensile and creep properties become improved as the subgrain 
structure becomes more completely polygonized. It was noted in 
both sets of data that an improvement in the tensile properties at 
298 °K was associated with an improvement in the creep properties 
at 530°K. This might suggest that the same hidden factors that 
improve the tensile properties also play a similar role toward improv- 
ing the creep resistance. But this suggestion contradicts the conten- 
tion made in an earlier report (10) that Equation 1 is invalid for 
low temperature properties (below 422 °K); this fact suggests that 
high temperature and low temperature plastic properties do not obey 
similar laws and therefore differ in some manner from each other. 

If creep and tensile properties do differ fundamentally from each 
other, it might be possible to so modify the structure that one prop- 
erty will decline as the other improves. It has been noted that the 
creep resistance always exhibits a primary and secondary stage inde- 
pendent of the tensile prestrain to which the metal has been sub- 
jected. Therefore, the creep resistance always improves during creep. 
But in view of recovery at creep testing temperatures, cold-worked 
metals might be expected to exhibit a decrease in low temperature 
tensile properties during the preliminary stages of creep. Such an 
observation would furnish definitive proof that fundamental differ- 
ences do in fact exist between high temperature creep and low tem- 
perature tensile properties of metals. 

For the investigation proposed here, high purity aluminum speci- 
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Fig. 7—A Typical Creep Curve at 530°K and 1500 psi of High Purity 
Aluminum Prestrained 15% at 78 °K Followed by 2 Hours Recovery at 530 °K. 


mens were cold-worked by prestraining 15% at 78°K. These were 
then annealed for 2 hours at 530 °K preliminary to creep testing at 
this temperature under a stress of 1500 psi. The creep tests were 
interrupted at various intervals of creep strain and the specimens 
were removed for radiography and tensile testing at 298 °K. 

The creep curve that was obtained following a prestrain of 15% 
at 78 °K and a 2-hour anneal at 530 °K is shown in Fig. 7. In the 
sequence of tests, specimens were removed at (B) immediately after 
loading, and at (C), (D) and (E) within the primary and secondary 
stages of creep. In addition, specimens were also removed at (F), 
(G) and (H) during tertiary creep. All of the specimens had uni- 
form gage sections and thus could be tested in tension at 298 °K. 
Back-reflection Debye-Scherrer photograms of specimens at various 
stages of the treatment are reproduced in Fig. 8. The 2-hour anneal- 
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sile Curves at 298°K of High Purity Aluminum Prestrained 15% at 78 
°K Followed by 2 Hours Recovery at 530 °K. 


ing period at 530 °K did not produce detectable changes in the X-ray 
pattern of the prestrained metal. Following creep straining under 
1500 psi, however, rather rapid polygonization occurred, as shown 
by the remaining photograms. The tensile stress-strain curves fol- 
lowing various creep strains are shown in Fig. 9. 

A comparison of the data in Figs. 7 and 9 reveals that the pre- 
strained (15% at 78 °K) and annealed (2 hours at 530 °K) material 
exhibits increased resistance to creep during the primary and second- 
ary stages at 530 °K; this increased resistance to creep is attended 
by more complete polygonization of the subgrain structure, whereas 
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_ Fig. 10—Effect of Recovery on the Tensile Curves at 298 °K of 
High Purity Aluminum Prestrained 15% at 78 °K. 


the resulting tensile properties of the metal at 298 °K decreases as 
the creep strain increases. Thus, the creep and tensile properties 
do not always parallel each other ; consequently, it becomes necessary 
to assume that they are somewhat dissimilar functions of the total 
structure. 


V—ComMPARISON OF EFFECTS OF RECOVERY AND STRESS RECOVERY 


Wood and Suiter (4) have shown that polygonization during 
annealing of cold-worked metals is negligible in the absence of a 
stress. This observation was confirmed in the current investigation 
wherein it was found that aluminum prestrained 15% at 78 °K 
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polygonized only slightly following 1750 hours annealing at 530 °K 
or 117 hours at 572 °K. A comparison of the stress-strain curves of 
the recovered specimens (Fig. 10) with those for the stress-recovered 
specimens (Fig. 9) reveals that they form two independent homolo- 
gous series. The stress-recovered material exhibits higher rates 
of strain hardening than the material recovered to the same yield 
strength under zero stress. Furthermore the rates of recovery were 
more rapid under stress than in the absence of a stress. These facts 
suggest that recovery and stress recovery might differ in some way, 
yielding different internal structures even when the metal exhibits 
the same yield strength. 


VI—EoQUuUILIBRIUM SUBGRAIN STRUCTURES 


Wood and Rachinger (5) and subsequently other investigators 
have shown that during creep of annealed metals there is a tendency 
to achieve a limiting subgrain size. The results previously reported 
by Sherby and Dorn (7) suggested that this limiting subgrain size 
is a function of the creep stress independent of the test temperature. 
It is probable that the total structure also tends to achieve a limiting 
condition in the general case of creep. Preliminary evidence in favor 
of this possibility has already been presented. In Section II of this 
report reference was made to the fact that during creep of annealed 
aluminum at 2000 psi and 530 °K, the resulting tensile stress-strain 
curve at 298°K increased with creep strain until, after extensive 
creep, it reached a value of about 2000 psi above that for the annealed 
metal. The data recorded in Section III reveal that high purity 
aluminum, prestrained 15% at 78 °K, annealed for 2 hours at 530 °K 
and subsequently subjected to creep under 1500 psi exhibits a de- 
crease in tensile strength at 298 °K, and a limiting stress-strain curve, 
about 1500 psi above that for the annealed state, is approached. It is 
improbable that two such observations are fortuitous; it appears more 
plausible that these observations reveal a fundamental phenomenon 
of creep and therefore warrant more detailed inspection. 

In order to further test the concept that an equilibrium structure 
is approached during creep, additional sets of specimens were pre- 
strained 1, 3, and 8% at 78 °K. Subsequently they were annealed for 
2 hours at 530 °K and then subjected to a creep stress (initial stress ) 
of 1500 psi. Specimens were removed for tensile testing at 298 °K 
after various creep strain intervals ; the resulting deformation strength 
(true stress) at a true strain of e — 0.01 was plotted as a function 
of the creep strain as shown in Fig. 11. The data suggest that the 
tensile stress at e — 0.01, after extensive creep, approaches the broken 
line shown in Fig. 11 independent of whether the tensile stress was 
initially above or below this line. The broken line represents the flow 
strength of the annealed material at e = 0.01 plus the true stress act- 
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Fig. 11—Effect of Stress Recovery at 1500 psi on the Tensile 
Strength of Several Cold-Worked States of Aluminum 


ing on the specimen during creep. This is analogous to the data 
contained in Fig. 3 which reveal that, after extensive creep at 2000 
psi, the tensile stress at e = 0.01 is about 2000 psi above that for the 
annealed state. These data imply that the tensile stress following ex- 
tensive creep might in general lie above that for the annealed state 
by the amount of the true creep stress. 

In order to check this issue more thoroughly, a series of an- 
nealed high purity aluminum specimens and a series of specimens 
prestrained 15% at 78°K were subjected to a creep stress of 3400 
psi. The results are recorded in Fig. 12. Although different creep 
temperatures (422 and 477 °K as compared to 530 °K) and a higher 
creep stress of 3400 psi was used in these tests, the tensile stress at 
¢ = 0.01 appears to be approaching the equilibrium line shown in 
Fig. 12. 


sS- 
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Fig. 12—Effect of Stress Recovery at 3400 psi on the Tensile 
Strength of Two States of High Purity Aluminum. 


V II—FUNDAMENTAL CONSIDERATIONS OF THE RESULTS DESCRIBED 
IN SeEcTIONS IV AND VI 


It was shown in Section IV that as the tensile properties of a 
cold-deformed metal decreased during stress recovery, the material 
became more creep resistant. One must necessarily conclude from 
these results that the structural prerequisites for increased creep re- 
sistance differ from the structural prerequisites for improved tensile 
properties of metals. | 

The results given in Figs. 11 and 12 indicate that there are 
at least two factors that determine the tensile strength of stress- 
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recovered metals. One factor that predominates during the early 
stages of stress recovery decreases the tensile strength, whereas a 
second factor that predominates during the final stages increases the 
tensile strength. 

The initial rapid decrease in tensile properties might be associ- 
ated with the rapid polygonization taking place under stress recovery. 
The subgrains appear to reach an equilibrium size at small creep 
strains (about 4% creep as shown in the X-ray photograms of Fig. 8). 
Hence, this factor alone does not appear to play a role in determin- 
ing the increase in tensile stress during the latter stages of creep 
straining. Another factor must be sought; perhaps creep straining 
introduces additional dislocations in the metal. Such additional dis- 


locations might increase not only the creep resistance but also the 
tensile strength. 


CONCLUSIONS 


1. The subgrain structure developed during creep of annealed 


aluminum correlates with the resulting creep and tensile properties, 
insofar as greater polygonization results in greater creep resistance 
and higher tensile properties. 

2. A contradictory trend is obtained following cold deformation 
of aluminum wherein the metal deformed to the highest tensile prop- 
erties exhibits the highest creep resistance but initially has the least 
polygonized subgrain structure. 

3. During creep the structural features that determine the creep 
and tensile properties approach an equilibrium state which is a func- 
tion of the creep stress independent of the temperature for creep. 

4. The strength at low temperatures following extensive creep 
approaches a value that is greater than that for the annealed state by 
an amount equal to the true creep stress. 
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EFFECT OF SOME SOLID SOLUTION ALLOYING 
ELEMENTS ON THE CREEP PARAMETERS OF NICKEL 


By Tuomas H. HAZLETT AND EArt R. PARKER 


Abstract 


Constant-stress creep studies have been made on four 
series of solid solution nickel alloys. The test results 
have been correlated by means of the time-temperature 
relationship recently proposed by the present authors and 
others. It has been found that the creep equation de- 
scribes the constant-stress creep curves for Ni-Co, Ni-Fe, 
Ni-W, and N1-Ti solid solution alloys. It is also revealed 
that the three creep parameters tnvolved in the equation 
vary in a regular manner with solid solution alloy content. 


AC J)UGH the quantity of both published and unpublished data 
on creep of metals and alloys is voluminous, there is a paucity 
of such information on metallurgically stable materials which were 
tested under constant stress conditions. Such data are highly desir- 
able, if not essential, to provide the necessary experimental founda- 
tion for the development of a sound theory of creep of metals. The 
work reported herein is part of a much larger program which was 
undertaken to provide such data. 

When this program was first conceived, it was believed that the 
so-called “‘secondary creep rate” could be used as the parameter to 
compare the effectiveness of various alloy additions. However, as 
pointed out by Lubahn (1)', under conditions of constant stress load- 
ing, the slope of the creep curve is continuously changing and no true 
constant creep rate is obtained. This concept of a continuously 
changing creep rate was amplified by Fisher and Hollomon (2) who 
found that the creep curves for a number of metals, tested under 
conditions of constant stress, obey a simple relationship between 
strain and time. Recently a more general relationship between strain 
and time was proposed by the present authors (3), and independ- 
ently by Bhattacharga, Congreve and Thompson (4), which fits all 
constant stress creep data investigated to date. This relationship 
may be expressed as 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, Thomas H. Hazlett 
is research engineer, and Earl R. Parker is professor of metallurgy, University 
of California, Berkeley, Calif. Manuscript received March 16, 1953. 
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¢ — &, = At” Equation 1 
where 
e¢ = Total true strain 
€o = Instantaneous strain at moment of loading 
t = Time 
A, b = Constants 


Thus, the quantity (e — e,) may be considered as being the time- 
dependent strain. This yields a linear relationship between log 
(e —e,) and log t. 

It has been found that the quantities A, b and ©, vary with ap- 
plied stress, temperature, structure, and alloy content. The present 
investigation has been concerned with the influence of alloying upon 
these creep parameters. 


MATERIALS AND CONDITIONS 


Nickel of 99.94% purity was used as the base metal for this 
investigation. The test materials were refined, cast and reduced to 
a wrought condition in our own laboratory. Alloy studies to date 
have been confined to the four systems having the composition given 
in Table I, all compositions of which were well within the solid 
solubility limits. 


Table I 
Composition of Nickel Alloys 


Alloy Alloy Addition Alloy Alloy Addition 
Series* in Atomic Per Cent Series? in Atomic Per Cent 
% Fe % Ti 
Ni-Fe 2.55 Ni-Ti 0.25 
4.94 1.0 
9.77 2.0 
% Co % W 
Ni-Co 2.43 Ni-W 0.5 
4.60 1.0 
8.69 


*Determined by chemical analysis. 
+ Determined by spectrographic analysis. 


Elevated temperature creep tests were performed in single-speci- 
men creep units previously described (3), in which tests were con- 
ducted under conditions of essentially constant stress rather than 
constant load; the stress variation was held to less than 4%. Tem- 
perature distribution along the specimens was maintained constant 
within + °C and the temperature of the center of the specimens 
did not vary more than 1 °C during the test. Tandem-type test 
specimens were used and the strains measured with precision dial 
gages which were modified to permit automatic recording of all data. 

Precision Lattice Constants—It has been established that the 
lattice strain caused by the difference in the atomic radii of the host 
and foreign atoms is one factor which affects the amount of solid 
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Fig. 1—Effect of Alloying Elements on the Lattice Constant 
of Nickel at 25 °C. 


solution hardening (5). While no exact method has yet been de- 
vised for determining local lattice strains, it may be expected that in 
binary alloys these are related in some simple manner to the mean 
lattice strain which can be measured with a high degree of precision. 

Lattice parameters of the various alloys were determined using 
a symmetrical precision focusing camera with an X-ray beam of 
nickel-filtered radiation from a copper target source powered with an 
XRD unit. A photodensitometer trace of the film was then made 
and the distance between intensity peaks measured on a Bausch & 
Lomb Profilometer to the precision of 0.0001 inch. Corrections for 
uniform film shrinkage were made by utilizing calibration lines 
printed on all films prior to their photographic development. Ex- 
trapolation to a Bragg angle of 90 degrees was accomplished by use 
of the method described by Nelson and Riley (6). All lattice con- 
stants were corrected to a standard temperature of 25 °C, using the 
value of the linear coefficient of expansion for each alloy. 


EXPERIMENTAL RESULTS 


Lattice parameters for each of the alloy systems are shown in 
Fig. 1. As may be noted in all cases, the lattice parameter a, varies 
linearly with alloy content. 

An indication of the reproducibility of creep test results obtain- 
able on the pure nickel-base material prepared from four different 
ingots is illustrated in Fig. 2. It may be readily seen that the scatter 
band is quite small. This reproducibility is further illustrated in the 
log-log plot of the same data in Fig. 3 and by the values of A, b and 
€, listed in Table II]. The creep rates of these four specimens did not 
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Fig. 2—Reproducibility of Nickel Creep Curves: Temperature 700 


°C (1290 °F), Stress 5750 psi. 


deviate more than approximately 10% from the average, a figure 
which is generally considered excellent for such tests. 

Conventional rectangular coordinate creep curves of each of the 
four solid solution alloy systems are shown in Figs. 4 to 7, and the 
logarithmic plots are given in Figs. 8 to 11. It may be seen that all 
the curves on the logarithmic plots are essentially linear when time- 
dependent strain is plotted against time. 


Table II 
Creep Parameters for Pure Nickel 


Stress = 5750 psi Temp. = 700 °C 


Ingot A b £0 
a 0.017 0.36 0.0098 
b 0.018 0.35 0.0075 
c 0.016 0.36 0.0109 
d 0.020 0.35 0.0085 
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The addition of cobalt up to 8.7 atomic % has no detectable 
effect on the creep strength of pure nickel as shown by the data in 
Figs. 4 and 8; the alloy curves cluster about the pure nickel line in 
a random manner. 

On the other hand, the nickel-iron alloys, shown in Figs. 5 and 
9, reveal a significant increase in creep resistance as the alloy con- 
tent is increased. This is reflected in Fig. 9 by the increasing values 
of e, and b, while A decreases with increasing alloy content. Addi- 
tions of tungsten (Figs. 7 and 11) and titanium (Figs. 6 and 10) 
increase the creep resistance of pure nickel even more, and the 
parameters €,, b and A vary with alloy content in the same manner 
but with different magnitudes, than for the nickel-iron alloys. 


DISCUSSION OF RESULTS 


Examination of Fig. 4 reveals considerable deviation of the 
nickel-cobalt data from that for pure nickel. Moreover, as may be 
noted from both Figs. 4 and 8, this deviation is not consistent with 
alloy content and is a great deal larger than the normal scatter ob- 
tained with duplicate pure nickel ingots as shown in Figs. 2 and 3. 
Although the nickel-cobalt alloys were somewhat higher in trace 
impurities than the other systems tested, the impurities increase with 
increasing cobalt content so that the observed scatter in the creep 
data does not appear to be due to uncontrolled variations in compo- 
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Fig. 4—Creep Curves of Nickel-Cobalt Alloys: Temperature 700 
°C (1290 °F), Stress 5750 psi. 


sition. This is further verified by the self-consistent lattice param- 
eters shown in Fig. 1. Also, the grain sizes are very nearly the same 
for all compositions. It may be seen from Figs. 4 and 8, as well as 
subsequent correlation plots, that the data from the 2.4 atomic % 
cobalt alloy are inconsistent with the other results. Consequently, 
the data from this ingot will be disregarded in the ensuing discus- 
sion. It may be concluded, however, from the test results obtained 
on the other two compositions that the addition of cobalt to nickel 
has but slight effect on the creep strength of the base material. 
Using the formulation e — e, = At” to describe the creep curves, 
the values of the three parameters involved are given in Table III. 
For comparative purposes, the creep rate for time = 10 hours is also 
listed. The latter were computed from the creep parameters using 
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Fig. 5—Creep Curves of Nickel-Iron Alloys: Temperature 700 °C 
(1290 °F), Stress 5750 psi. 


Table III 
Creep Parameters and Creep Rates for Several Nickel Alloys 


Creep Rate 








lloy - Creep Parameters + t — 10 Hrs. 
(Atomic %) b A £0 (in/in/1000 Hrs.) 
Pure Ni 0.362 0.0168 0.0098 1.58 
2.43 Co 0.428 0.0187 0.0114 2.07 
4.60 Co 0.371 0.0155 0.0092 1.33 
8.69 Co 0.399 0.0146 0.0101 1.45 
2.55 Fe 0.449 0.0123 0.0084 1.56 
4.94 Fe 0.499 0.0089 0.0077 1.38 
9.77 Fe 0.614 0.0044 0.0052 1.14 
0.25 Ti 0.418 0.0093 0.0090 1.06 
1.00 Ti 0.668 0.0018 0.0053 0.56 
2.00 Ti 0.870 0.00025 0.06205 0.16 
0.50 W 0.422 0.0063 0.0087 0.71 
1.00 W 0.466 0.0024 0.0065 0.36 
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Fig. 6—Creep Curves of Nickel-Titanium Alloys: Temperature 700 
°C (1290 °F), Stress 5750 psi. 


the following expression : 


e — 1 — paro» — b (e—€0) Equation 2 

dt t 

The self-consistency of the parameters b, A and e, is illustrated 

in Figs. 12, 13 and 14. Fig. 12 reveals that the slope b increases 

directly while Fig. 13 shows that A decreases exponentially with 

alloy additions. The values of ¢, also decrease in a regular manner 

as the solid solution alloy content is increased. These relationships 
may be expressed mathematically as 


A'= Ave“? Equation 3 
b=b+c7 Equation 4 


Eo = (E0)0o—fY Equation 5 
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Fig. 7—Creep Curves of Nickel-Tungsten Alloys: Temperature 700 
C (1290 °F), Stress 5750 psi. 


where 


Y = atomic % solid solution alloy addition 


a,c, f= constants characteristic of the alloying element 
Ao, Do, (€0)o = values of the parameters for pure nickel 


Examination of Equation 2 reveals that the creep rate at any 
given time is a function of both parameters, A and b. For a con- 
stant value of A, the creep rate decreases as b decreases. The same 
is true for decreasing A if b is constant. However, these two param- 
eters change at quite different rates as indicated by Equations 3 and 
4 so that casual inspection of the individual values of these param- 
eters does not necessarily reveal the true situation as to creep resist- 
ance. A better, but still not precise, index of creep resistance is the 


product (A X b). 
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Although several types of cross-plots such as the values of a, c, 
and/or b (from Equations 3, 4 and 5) versus the melting point of 
the alloying addition can be made, the limited number of elements 
from any one long row of the periodic table renders the results ob- 
tained from this procedure open to question. However, the creep 
resistance of nickel does appear to increase as elements are added 
which have higher melting points. It is also impossible at the pres- 
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Fig. 12—Variation of Slope of Creep Curve With Solid 
Solution Alloy Content. 


ent time to relate the creep parameters to the lattice constants in any 
simple manner ; it is probable that no such simple relationship exists. 

The results obtained to date indicate potential correlations be- 
tween creep data and other material constants of alloys. However, 
many additional tests, as well as an extension of the number of alloy 
systems, will be required to clarify the situation. Studies of the re- 
covery characteristics, room temperature tensile tests, and additional 
creep tests at various temperatures and stresses will be made on the 
alloys to further elucidate the role of solid solution alloying on the 
plastic properties of transition elements. 


CONCLUSIONS 
1. The formulation ¢ — e, = At” accurately describes the con- 
stant stress creep curves for Ni-Co, Ni-Fe, Ni-W, and Ni-Ti solid 


solution alloys as well as those for the metallurgically stable metals 
previously reported. 
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Fig. 13—Effect of Solid Solution Alloy Content on Parameter ‘‘A’’. 


2. The three creep parameters A, b and ¢, vary in a regular 
manner with solid solution alloy addition as follows: 

(a) The parameter A decreases exponentially as the alloy 

content increases. 

(b) The parameter b increases directly as the alloy con- 

tent increases. 

(c) The parameter e, decreases directly as the alloy content 

increases. 

3. The data given indicate the possibility of correlations between 
creep parameters and other material constants. However, such cor- 
relations must await the gathering of data on additional alloys as well 
as an extension of the work on current materials. 
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THE ANGULAR-APPEARING CARBIDES IN HIGH SPEED 
TOOL STEELS 


sy Cart J. McHarcue, JosepH P. HAMMOND AND 
CHARLES S. CROUSE 


Abstract 


The angular-appearing particles present in high speed 
tool steels after overheating have been studied in steels of 
the types 18-4-1 and 6-5-4-2. These particles were found 
to be of the same crystal structure, and probably of similar 
composition, as the carbides ordinarily reported for these 
steels. In the 18-4-1, these angular carbides were of the 
form M,C, and in the 6-5-4-2, of the forms M,C and MC. 


HE normal microstructure obtained in high speed tool steels 
upon proper hardening consists of rounded carbide particles 

dispersed in a matrix of alloyed martensite and retained austenite. 
It has been observed that prolonged heating of such steeis in the 
vicinity of the solidus temperature produces a microstructure in which 
some of the carbide particles are present in an angular form. 

There have been indications that the appearance of this angular 
segregate is accompanied by changes in the mechanical properties of 
the steel. Gill (1)? reported that specimens containing this form of 
the carbide were very brittle, and had lower hot-hardness and lower 
as-quenched hardness than properly hardened steels. 

The formation of angular carbides in a steel of the 18-4-1 type 
was studied briefly by Gill (1). This work showed that upon heating 
for extended periods of time at temperatures in the vicinity of 2200 

F (1205 °C) the carbide segregate began to have an angular appear- 
ance. These particles varied in size and degree of angularity with 
time at temperature and, once formed, could not be broken up by 
cold work or by further heating. It was suggested that these angular 
particles might differ in crystal structure or composition from the 
carbides usually observed. 

Payson (2) reported that angular carbides have been observed 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Heat Treatments 


a. 18-4-] 
—2250 °F —— ——2419 °F-— 
Oil Furnace Oil Furnace 
Time Quench Cool Quench Cool 
8 hours X X xX X 
12 hours X X Xx Xx 
24 hours xX X X X 
b. 6-5-4-2 
ie UE cae noone SSD Pina 
Oil Furnace Oil Furnace 
Time Quench Cool Quench Cool 
8 hours X xX xX X 
12 hours X X X X 
24 hours X X X X 


in high, medium, and low tungsten steels, as well as in a 25% 
chromium — 20% nickel austenitic steel which had been in high 
temperature service for several years. 

This paper reports an investigation of the occurrence and nature 
of the angular particles. 


EXPERIMENTAL PROCEDURE 


Materials—Two commercial high speed steels were studied. 
One was of the 18-4-1 type having a nominal composition of 18% 
tungsten, 4% chromium, 1.2% vanadium, 0.7% carbon, 0.25% 
silicon, 0.30% manganese, 0.03% sulphur, and 0.03% phosphorus. 
The second steel studied was of the 6-5-4-2 type. The nominal 
composition of this steel is 5.75% tungsten, 4.5% molybdenum, 4% 
chromium, 2% vanadium, 0.8% carbon and the same amounts of the 
other elements listed above. 

Heat Treatments—In order that the conditions under which the 
spheroidal particles transform to angular ones could be studied, the 
heat treatments summarized in Table I were carried out. 

The heat treatments were carried out on annealed 0.5-inch bar 
stock in a gas-fired Delaware controlled atmosphere furnace using a 
platinum —10% rhodium -— platinum thermocouple with a Brown 
potentiometer for temperature control. The temperature was held 
to +15 °F of that desired. All heating was carried out in a reducing 
atmosphere in order to reduce the formation of scale and to prevent 
the loss of molybdenum from the surface of the 6-5-4-2 specimens. 

Metallographic Examination—An etchant composed of one part 
nitric acid, three parts hydrochloric acid, and two parts glycerine was 
used as a general etchant for outlining the carbides. Since there was 
a possibility of more than one type of carbide, the differential etching 
technique used by Blickwede, Cohen and Roberts (3) was employed. 

The MeC carbide can be selectively attacked by an alkaline- 
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permanganate solution made by saturating a 4% aqueous solution of 
sodium hydroxide with potassium permanganate. The fresh solution 
will outline and stain brown this carbide upon immersion of the speci- 
men for about 5 seconds. 

The MC carbide can be outlined and stained gray or black by 
etching electrolytically for 3 to 5 seconds in a 1% aqueous solution 
of chromic acid, using a stainless steel cathode. 

In order to detect any other carbide, a selected area must be 
photographed after etching with each of the above reagents and then 
photographed again after etching with nital or picral. A comparison 
of photomicrographs leads to an identification of the carbides present. 

The amounts of carbide in the angular and round forms in the 
specimens were estimated by a modified lineal analysis (4). It has 
been shown that the volume proportions of constituents in structures 
are equal to the lineal proportions intercepted by the constituents on 
a random line passed through the structure. In this investigation, 
several lines were drawn on photomicrographs of the specimen taken 
at X 750. A scale was then used to determine the total line length 
and the amount of carbide of each shape traversed. The percentage 
of carbide in the angular form could then be computed. Values de- 
termined from representative photomicrographs from several areas 
of the same specimen showed agreement within 2%. 

Electrolytic Extraction of Carbides—The specimens containing 
large amounts of angular carbides were subjected to an electrolytic 
digestion of the matrix (3, 5,6). The specimen was made the anode 
of a cell and was rapidly dissolved in the presence of less reactive 
solutions than are practical with ordinary chemical methods. Thus 
the possibility of chemical attack of the carbide residue was lessened, 
and the hydrogen released during the electrolysis was evolved at the 
cathode. Since the hydrogen was not in the vicinity of the carbides, 
there was little opportunity for part of the carbon to be removed 
as hydrocarbon gases. It should be pointed out, however, that this 
method of analysis proves the existence of phases, but not always 
the absence of them. 

The electrolyte used in this investigation had a composition of 
60 grams ammonium chloride, 100 grams citric acid, and water to 
make one liter. This electrolyte proved to be more satisfactory for 
high speed carbides than that of 10% hydrochloric acid commonly 
employed (7,8). The cathode was constructed of stainless steel with 
an exposed surface area of 1.5 to 2 times that of the anode (speci- 
men). All connections inside the cell were made with platinum wire. 
To facilitate the collection of the residue, a semi-permeable membrane 
made from collodion was suspended about the anode. 

The collection and washing of the residue was carried out in the 
following manner: The collodion was removed from the separation 
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cell, and the contents were washed into a Gooch crucible containing 
Whatman No. 42 filter paper and attached to a water aspirator. 
The residue was washed five or six times on the filter paper with 
boiling 8% citric acid solution »containing 2% hydrochloric acid. 
This was followed by four or five filtrations with boiling water, and 
a filtration with alcohol. The filter paper was removed to a 50- 
milliliter beaker containing alcohol, and the residue, along with the 
top fibers of the paper, scraped into the beaker. After being allowed 
to settle 3 or 4 hours, most of the alcohol was decanted, and the 
remainder driven off in a warm oven. 

Electron Microscopy—The electron photomicrographs were made 
using an EMU-2A, RCA electron microscope. For the examination 
of the carbides im situ, a plastic replica technique was used. The 
surface of the specimen was first prepared as for high magnification 
optical examination. A thin film of Formvar resin was spread on 
the surface by dipping the specimen in a 1% solution of Formvar in 
ethylene dichloride. After the 250-mesh specimen screen was placed 
on the dried film, stripping was accomplished by carefully placing a 
piece of Scotch tape over the screen and film and gently pulling the 
assembly off. If the stripping is carried out within a few minutes 
of etching, this procedure gives a high proportion of usable replicas. 
The Formvar replica was shadow-cast at a grazing angle of 9 degrees 
with chromium; a re-enforcing film of aluminum was deposited 
vertically. 

In order that the isolated carbides could be studied, specimen 
screens were covered with a thin film of Formvar. A small amount 
of the carbide was dispersed in water and a drop of this dispersion 
allowed to dry on the carrier film. 

X-Ray Diffraction—The residues obtained by the electrolytic 
digestion of the matrix material were examined by X-ray diffraction 
using the Hull-Debye-Scherrer powder method of analysis. A North 
American Phillips 114.59-millimeter powder camera was used with 
the film mounted in the manner of Straumanis. Cobalt radiation was 
employed with an iron filter. 


RESULTS 


18-4-1—-Significant amounts of angular carbide were present in 
the specimens of 18-4-1 heated for 8 to 24 hours at 2410°F (1320 
C) and for 12 and 24 hours at 2250 °F (1230°C). Asa rule, the 
furnace-cooled specimens contained larger carbide particles, both 
angular and round, than did the oil-quenched specimens; however, 
the relative amount. of carbide in each form was approximately the 
same for both forms of cooling. This was also found to be the case 
with the specimens of 6-5-4-2. 

The specimens heated for 8 hours at 2410°F (1320°C) con- 
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Fig. 1—18-4-1 Properly Hardened by Oil Quenching From 2350°F. Mixed 
acids etch. x 500. 


Fig. 2—18-4-1 Heated for 12 Hours at 2410 °F and Oil-Quenched. Mixed acids 
etch. X 500. 


Fig. 3—-18-4-1 Heated at 2410°F for 24 Hours and Furnace-Cooled. Mixed 
acids etch. X 500. 


tained only a few angular particles, which were small in size, along 
with a large amount of moderate-sized rounded particles. Heating 
for 12 hours at this temperature markedly increased the amount of 
angular segregate. Figs. 1 and 2 show the difference in appearance 
of the properly hardened steel and the specimens heated 12 hours at 
2410 °F (1320°C). The amount of carbide in the angular form was 
approximately 60% in the latter specimens. After heating for 24 
hours at 2410 °F (1320 °C), approximately 85% of the carbide was 
in the form of medium to large angular particles (Fig. 3). 

The specimens of 18-4-1 heated for 8 hours at 2250 °F (1230 
°C) showed only a few widely scattered, small angular particles. 
The 12-hour treatment at this temperature produced a slightly larger 
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amount of angular carbide particles. Heating for 24 hours at 2250 °F 
(1230 °C) produced results similar to an 8-hour heating at 2410 °F 
(1320 °C), ie., about 10% of the total carbide in the angular form. 
These results are illustrated in Fig. 4. 

Fig. 5 is an electron micrograph of the specimen heated 12 hours 
at 2410 °F (1320 °C) taken at « 15,000. The angular nature of the 
carbide particles is evident. Each particle in this photomicrograph 
has retained one rounded side, whereas the other sides are straight. 
Fig. 6 is an electron micrograph of 18-4-1 heated 24 hours at 2250 
°F (1230°C). This figure shows the presence of both round and 
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Fig. 4—Percentage of Carbide Segregate in the Angular Form. 


angular particles. Fig. 7 is an electron micrograph of the carbide 
separated from 18-4-1 after being heated 12 hours at 2410 °F (1320 
C). This picture apparently shows the preferred growth directions 
(dark ribs) and the development of the angular nature. 

6-5-4-2—In the specimens of 6-5-4-2, the angular and round 
particles were about the same size, and both were smaller than in 
specimens of 18-4-1 given comparable heat treatments. The growth 
of the particles was also less in the 6-5-4-2. 

The specimens of 6-5-4-2 heated at 2250°F (1230°C) for 8 
hours showed approximately 20% of the carbide to be of the angular 
shape. About one-half of the carbide segregate took the angular form 
in the samples treated for 12 hours at this temperature, and 95% 
was in this form after 24 hours. Figs. 8 and 9 show specimens 
having these treatments. 
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Fig. 5—Electron Micrograph of 18-4-1 Heated 12 Hours at 2410 °F. Mixed 
acids etch. X 15,000. 


Fig. 6—Electron Micrograph of 18-4-1 Heated 24 Hours at 2250 °F. Mixed 
acids etch. 15,000. 


Eight hours at 2100°F (1150°C) produced practically no 
angular carbide, whereas 12 hours caused approximately 10% to be 
in this shape. The 24-hour heating gave similar results to that pro- 
duced by heating for 8 hours at 2250 °F (1230°C). Figs. 10 and 11 
are electron micrographs of carbides electrolytically separated from 
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Fig. 7—Electron Micrograph of Carbide Separated From 18-4-1 Heated 12 Hours 
at 2410 °F. X 6000. 

Fig. 8—6-5-4-2 Heated at 2250 °F for 12 Hours and Oil-Quenched. Mixed acids 
etch. X 500. 





Fig. 9—6-5-4-2 Heated for 24 Hours a 
permanganate etch showing McC particles. X 7 


Fig. 10—Electron Micrograph of Carbide Separated From 6-5-4-2 Heated 12 
Hours at 2250°F. > 6000. 


50°F and Oil-Quenched. Alkaline 


t 22 
50 


the specimen of 6-5-4-2 heated for 12 hours at 2250 °F (1230 °C). 
The majority of these separated particles have the angular shape and 
appear to be approaching either rectangular or triangular shapes. 


DISCUSSION OF RESULTS 


Nature of Carbides Present—The X-ray and metallographic data 
were in complete agreement and showed only the M¢C carbide to be 
present in the 18-4-1 in each condition of heat treatment. The lines 
of the X-ray patterns were sharp and narrow, and every line was 
identified as belonging to the M¢C carbide. The residues chosen for 
X-ray analyses from the 18-4-1 were obtained from specimens con- 
taining 65 to 85% of the total carbide in the angular form. If the 
angular carbide differed in crystal structure, two-phase spectra would 
have appeared. If the carbides were of the same crystal structure 
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Fig. 11—Electron Micrograph of Carbide Separated From 6-5-4-2 Heated 12 
Hours at 2250°F. > 6000. 


Fig. 12—6-5-4-2 Heated for 24 Hours at 2100°F and Oil-Quenched. Chromic 
acid och showing angular and round MC particles. X 1500 


but of different chemical composition, broadening or shifting of the 
lines would be expected with different treatments. The parameter 
of this MgC varied only from 11.070 A for the specimen heated for 
) 12 hours at 2410 °F (1310 °C) to 11.068 A for the specimen heated - 
for 24 hours at 2410 °F (1310 ah 
In the specimens of 6-5-4-2 heated at 2250 °F (1230 °C), only 
the MgC-type carbide was observed, both metallographically and by 
means of X-ray analysis. Both MeC and MC were found in the 
material treated at 2100 °F (1150°C). It had been thought by some 
investigators that the MC would not change in form because of its 
great stability (9); however, it was found that both the M¢C and 
MC carbides take the angular form at 2100 °F (1150 °C) (Fig. 12). 
The parameter of the MgC was found to be 11.062 A for residues 
collected from specimens of 6-5-4-2 treated at both 2250 and 2100 °F 
(1230 and 1150°C) for 12 and 24 hours. The parameter of MC 
was 4.209 A. The X-ray and metallographic data show that the 
angular carbides are the same in crystal structure and very probably | 
the same in composition as the usual rounded carbides for both M¢C 
and MC types. The X-ray data are summarized in Table II. 
At very high temperatures the carbides present in highly alloyed 
tool steels dissolve rapidly, bringing the matrix to a saturated con- 
dition. The undissolved carbides are then free to coalesce during the 
remainder of the time at temperature and to change shape toward the } 
minimum surface energy. 
The total surface energy of a precipitate particle is dependent 
upon both the total surface area and the surface energy per unit area. 
Obviously, a decrease in either term results in a decrease in the total 
surface energy. 
Isotropic materials tend to achieve low values for total surface 
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Table II 


Results of X-Ray Analyses 

Carbide Source Ao (A) 
MeC Westgren and Phragmen (10) 11.04 
MeC Synthetic FeaWe2C 11.070 
MeC Gill (1) 11.05 
MeC 18-4-1, 12 hours at 2410 °F 11.070 
MeC 18-4-1, 24 hours at 2410 °F 11.068 
MeC 6-5-4-2, 12 hours at 2250 °F 11.062 
MeC 6-5-4-2, 24 hours at 2100 °F 11.062 
MC Goldschmidt (11) 4.12—4.30 
MC 6-5-4-2, 24 hours at 2100 °F 4.209 


energy by taking shapes which have the smallest possible surface area. 
This tendency is reflected in the spheroidization of orthorhombic 
FesC, a sphere having the smallest possible surface for a given volume 
of material. 

It has been observed that most crystalline materials form idio- 
morphic crystals when grown from saturated solutions. For most 
crystalline materials the total surface energy can be decreased by 
decreasing the surface energy per unit area. This is brought about 
by growing so that the bounding planes are low-energy (usually 
denser packed) planes. In this manner, prolonged heating of carbide 
particles in a highly alloyed matrix causes the particles to grow as 
polyhedra as the low-energy crystallographic faces are developed. 


SUMMARY 


1. By means of a series of heat treatments carried out on the 
high speed steels 18-4-1 and 6-5-4-2 at temperatures approaching the 
solidus, it has been shown that the shape of the carbide particles de- 
pends upon the time and temperature of heating. A structure con- 
taining 95% of the carbide in the angular form was obtained, and it 
is indicated that a structure containing only angular carbides is 
possible. 

2. Metallographic and X-ray examinations showed that the 
angular and the spheroidal carbide particles have the same crystal 
structure. Moreover, both have very nearly the same, if not the same, 
chemical composition. 

3. It has been shown that both of the carbides present in 6-5-4-2 
tool steel, MgC and MC, take the angular form. The MeC carbide is 
present in both shapes in 18-4-1. 
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GRAIN GROWTH IN HIGH SPEED STEEL 


By Ertc KuLA AND Morris COHEN 


Abstract 


By interpreting the phenomenon of fish-scale fracture 
in doubly hardened high speed steel as a process of discon- 
tinuous grain coarsening, many of its anomalous aspects 
can be readily explained. The proeutectoid carbides that 
dissolve during the first austenitizing treatment precipitate 
as a fine dispersion during the second heating to 1mpede 
grain growth. However, as the second austenitizing tem- 
perature approaches the first, these carbides redissolve 
statistically, and the released grains grow at the expense 
of others that are still inhibited. On this basis, it becomes 
possible to account for the influence of the first austenitiz- 
ing temperature on the subsequent coarsening temperature 
and the resulting grain size. 

In order to set the stage for discontinuous grain 
growth in high speed steel, martensite or bainite must be 
present to endow the austenite formed during reheating 
with subgrains. This substructure enhances the tendency 
for grain growth, and it is not eliminated by ordinary 
tempering or preheating. On the other hand, if spheroid- 
ite is present, whether in the as-recewed steel or in hard- 
ened and annealed steel, discontinuous coarsening does 
not occur. 

Martensite tends to transmit the grain size of its 
parent austenite to the next-generation austenite, and 
therefore if the steel is coarsened by double hardening, 
the grain size will also be coarse during the third harden- 
ing. However, spheroidite 1s not as faithful as martensite 
in this respect, and thus refinement of the coarsened struc- 
ture (removal of the fish-scale fracture) can be attained 
by annealing one or more times before the third harden- 
ing, although the final grain size may not be sufficiently 
small for some commercial purposes. 


This work was conducted at the Massachusetts Institute of Technology under a 
Grant-in-Aid from the Vanadium-Alloys Steel Company, Latrobe, Pennsylvania. It 
constitutes a portion of a thesis being submitted by Eric Kula to the Department of 
Metallurgy in partial fulfillment of the requirements for the degree of Doctor of Science. 
The research was planned and executed in close cooperation with Dr. George A. Roberts, 
Chief Metallurgist of that Company. It led to a more comprehensive program of research 
at the Vanadium-Alloys Steel Company, which is presented in the following paper. 

A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, Eric Kula and Morris 
Cohen, are associated with the Department of Metallurgy, Massachusetts Insti- 


tute of Technology, Cambridge, Mass. Manuscript received April 20, 1953. 
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INTRODUCTION 


HEN high speed steel is hardened and then rehardened, the 

fracture becomes strikingly coarse. This phenomenon has 
long been recognized in tool steel metallurgy, and has been denoted 
by such descriptive terms as “‘fish-scale”, “flaky” or “marble” frac- 
ture. The basic cause of this seemingly abnormal behavior is the 
subject of the present paper. 

Although the occurrence of fish-scale fracture is accompanied by 
marked embrittlement, it should not be regarded as an acute industrial 
problem because high speed steel is not usually rehardened in standard 
practice. Nevertheless, occasions do arise when rehardening becomes 
necessary: for example, if the first heat treatment does not achieve 
the required properties, or if the steel has to be annealed after the 
hardening in order to permit further machining. In such instances, 
it has been found that full annealing prior to the second hardening is 
quite effective in avoiding the undesirable coarsening of the fracture. 
However, despite this simple solution to the practical problem, the 
underlying reasons for coarsening remain obscure, and fish-scale 
fracture continues to be one of the most elusive aspects of the metal- 
lography of high speed steel. 

Previous work on the subject has indicated that the fish-scale 
fracture is a grain growth phenomenon. This was definitely confirmed 
in the present investigation by numerous comparisons between the 
fracture texture and the austenitic grain size. In no case did one 
method show a coarse grain size while the other showed a fine grain 
size, or vice versa, provided that the metallographically polished 
section was taken in the immediate vicinity of the fracture. This 
consistent correlation made it possible to obtain a quantitative measure 
of the coarsening characteristics by means of metallographic deter- 
minations, and, on the other hand, the fracture observations could 
be relied upon in those cases (i.e., for specimens treated at low 
austenitizing temperatures) where the etching techniques proved 
unable to delineate the austenitic grain boundaries. 

As a result of these studies, the authors reached the conclusion 
that the abnormal coarsening of the fracture attending the second 
hardening of high speed steel is a manifestation of sudden or discon- 
tinuous grain growth of the austenite. In contrast, the grain growth 
during the first austenitizing treatment is gradual, relatively uniform, 
and comparatively limited in extent. (Typical examples are given in 
Figs. 4 and 5.) Thus, the classical fish-scale problem in high speed 
steel can now be treated in the light of modern grain growth concepts, 
which have advanced far toward an understanding of the causes of 
continuous and discontinuous grain growth. This approach leads to 
a fairly straightforward explanation of the grain growth behavior of 
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high speed steel, and permits a number of predictions which have 
been subsequently confirmed by experiment. The role of intermediate 
annealing (between the first and second hardening) in preventing 
the fish-scale fracture is clarified, and consideration is also given 
to the possibility of refining the coarsened grain size, once it has 
been produced. 

For the most part, the experiments described in this paper are 
critical in nature. They are not sufficiently exhaustive to answer 
numerous questions concerning the reproducibility of the results or 
the effects of steel chemistry and heat-to-heat variations, because 
grain growth characteristics are remarkably sensitive, even to subtle 
differences. However, the extended work reported by Roberts and 
his associates (23)' in the following paper supplies many of these 
answers, and lends much support for the principles to be dis- 
cussed here. 


Previous WorK 


As early as 1923, French, Strauss and Digges (1) determined 
that flaky fractures appeared in rehardened high speed steel, and that 
a full anneal after the first hardening would prevent the abnormal 
coarsening during the second hardening. However, once the flaky 
fracture had occurred, its removal was difficult. Forging in connec- 
tion with multiple annealing was found necessary to reduce the 
grain size. 

The first explanation for this phenomenon was offered by 
Brophy, Harrington and Merrick (2), who suggested that strains, 
introduced by the first quench, caused recrystallization during the 
second austenitizing. The strains were believed to be of a critical 
magnitude so as to result in very coarse grains on recrystallization, 
in analogy with the strain-anneal process for making single crystals 
or large polycrystals of pure metals and solid solutions. In further 
work (3), these investigators came to the conclusion that the critical 
strains were produced by composition gradients which led to varying 
austenite-martensite ratios in different parts of the steel. With 
regard to strains that were introduced mechanically, it was shown 
that deformation of the ferrite would not cause coarsening of the 
austenite on subsequent hardening, but that coarsening might take 
place‘ if the austenite itself were deformed. 

In the 1936 Campbell Memorial Lecture, Gill (4) reviewed the 
work on the grain growth behavior of high speed steel, and demon- 
strated that extremely slow heating for the second austenitizing 
treatment could prevent coarsening. In terms of the critical strain 
hypothesis, it was possible to account for this new finding on the 
basis that sufficient stress relief had occurred during the slow heating 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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to avoid the recrystallization of the austenite and the attendant 
development of large grains. 

The fish-scale fracture problem has also attracted much attention 
in other countries, especially in the USSR. Pogodin-Alekseev (5), 
adopting the internal strain explanation, thought that machining 
stresses could result in subsequent coarsening. This was refuted by 
Lapotishkin (6), who demonstrated that only deformation of the 
austenite, and not the ferrite, could cause coarse grains on recrystal- 
lization during austenitizing. In the case of double hardening, he 
advanced the suggestion that transformation strains in the retained 
austenite from the first hardening stimulated recrystallization of the 
austenite during the second austenitizing (7). Arkhangelskaya (8) 
and Orosco (9) also studied various aspects of the subject, but shed 
no light on the nature of the phenomenon. 

In a paper published while this investigation was under way, 
Sadovski, Malyshev and V’yal (10) showed definitely that the 
coarsening could not stem from strains in the retained austenite. 
Measuring the austenite content with a ballistic galvanometer, they 
found that even when all the retained austenite was decomposed by 
tempering, the steel would still undergo coarsening during the second 
hardening. The idea of internal strains and recrystallization was not 
abandoned, however. On reheating, the transformation of martensite 
to austenite was thought to take place in a diffusionless manner 
(similar to a reverse martensitic reaction), setting up stresses in the 
austenite which could then recrystallize. The authors recognized that 
tempering of the martensite would take place on heating before its 
conversion to austenite, but assumed that cementite was the only 
carbide to precipitate. Hence, only the alloying elements were con- 
sidered to be involved in the reverse diffusionless transformation. 
Of greater importance was the suggestion that the kinetics and extent 
of the subsequent coarsening were controlled by the carbide distribu- 
tion, a point not fully appreciated by previous investigators. It will 
receive due emphasis in the present paper. 


EXPERIMENTAL PROCEDURE 


Commercial 18-4-1 steel of the following composition was used: 
0.73 C, 0.31 Si, 0.24 Mn, 0.009 S, 0.019 P, 18.00 W, 4.06 Cr, 1.02 V, 
0.36 Mo, 0.078 Ni. The stock was 3%-inch round, and was received 
in the annealed condition. Before heat treatment, the specimens 
were notched transversely to facilitate fracturing. 

Austenitizing was carried out in a carbonaceous muffle, to avoid 
decarburization, usually for a period of 6 minutes at temperature, 
followed by an oil quench. The fracture and microscopic grain size 
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were studied in most cases as a function of single hardening, double 
hardening and triple hardening, with and without various interme- 
diate tempering and annealing treatments. For determining the grain 
size metallographically, the number of grain boundaries intercepted 
by a random traverse of 5 millimeters was used to provide the average 
number of grains per millimeter. This value could then be converted 
into the standard intercept grain size for high speed steel. 

The grain boundaries in specimens quenched from below about 
2100 °F (1150 °C) were not clearly revealed by any of the etchants 
tried. Hence, the grain size could not be measured under the micro- 
scope in such specimens, but it could be inferred from the fractures. 
In every instance in which both the metallographic and fracture grain 
sizes could be determined, there was complete correspondence between 
the two methods. 

Some of the specimens were examined under the electron micro- 
scope by B. S. Lement at M.I.T. He used parlodion replicas, rotary 
shadowed with chromium. It was found that M-2 high speed steel 
responded more favorably to etching than did 18-4-1 for the purposes 
of electron microscopy, and therefore the pictures reported here were 
taken of M-2 steel in order to reveal the pertinent details. The 
composition of the material was: 0.81 C, 0.28 Si, 0.28 Mn, 0.008 S, 
0.021 P, 6.54 W, 4.15 Cr, 1.92 V, 5.09 Mo. 


PRELIMINARY EXPERIMENTS 


The critical-strain-recrystallization hypothesis is immediately 
open to serious question as the primary cause of fish-scale fracture 
because the prevailing gradients of the thermal and transformation 
stresses should result in strains of widely varying magnitude. Recrys- 
tallization would not occur at all where the strain happened to be 
below the critical level, and would yield small grains where the strain 
was above the critical level. Yet the coarsening that takes place 
during the second hardening of high speed steel is generally rather 
uniform across the specimen section, except where undue carbide 
segregation is present. 

To test the above objection, specimens of 18-4-1 steel were 
deformed in the austenitic condition by hammering in various ways 
at 1650°F (900°C). This was followed by heating directly to 
2350 °F (1290 °C) and oil quenching. The fractures revealed that 
some of the specimens had coarsened, but only in localized regions, 
either at the surface, or at the center, or in a narrow intermediate 
zone. It is also worth noting that the coarsening was not obtained 
at all, if the deformation was carried out with the steel in the ferritic, 
instead of the austenitic, condition. Reductions of 0 to 55% on 
tapered bars of the annealed steel, followed by austenitizing at 
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2350 °F (1290 °C) proved ineffective in inducing coarsening (11). 
This is in line with previous findings (2, 6). 

Thus, it is hardly likely that thermal and transformation stresses 
arising from the first hardening operation could exist of precisely 
the correct magnitude and in sufficient uniformity as to result in the 
reproducible coarsening that oceurs during the second austenitizing. 
Moreover, such a precarious condition would then be easily upset by 
tempering effects during the reheating. Yet tempering a normally 
hardened specimen at 1400 °F (760 °C) for 2 hours, which certainly 
relaxed a major part of the internal strains and which completely 
converted the retained austenite, had no observable influence on the 
coarsening that took place during subsequent austenitizing at 2350 °F 
(1290 °C). Similar results were obtained when the tempering was 
increased to 24 hours at 1500 °F (815 °C)*. As a matter of fact, 
even holding once-hardened specimens at 1650 °F (900 °C) (in the 
austenitic state) for 24 hours, followed by direct heating to 2350 °F 
(1290 °C) for the second hardening, did not eliminate the coarsen- 
ing. ‘This is an insurmountable obstacle to any theory of coarsening 
based on strain-recrystallization, whether the strains are presumed 
to originate during the first hardening or during the subsequent 
reaustenitizing. 

These findings encouraged the authors to adopt a fresh approach 
to the phenomenon of fish-scale fracture, and the following working 
picture was evolved. It is postulated that the coarsening character- 
istics of the steel are controlled by the proeutectoid carbides ; namely, 
those carbides which go into solution on heating between the 
eutectoid temperature (approximately 1550 °F (845 °C) for 18-4-1 
steel) and the selected austenitizing temperature. The carbides 
originally present in the commercially annealed state are relatively 
large, but the proeutectoid carbides dissolved during the first austen- 
itizing treatment precipitate during the second heating in an extremely 
fine state of dispersion. Now if the austenitic subgrain structure 
developed just above the eutectoid temperature on the second heating, 
is very small (as is usually the case if it forms from tempered 
martensite or bainite), then the tiny proeutectoid carbides effectively 
impede further grain growth because the numerous particles tend to 
anchor the grain boundaries. However, when the second austenitizing 
temperature is in the vicinity of the first, the proeutectoid carbides 
redissolve and coalesce sufficiently to release some boundaries ahead 
of others, thereby setting up ideal conditions for grain-size contrast 


and the sudden growth of large grains feeding upon the adjacent 
small ones (12). 


2In addition, all the carbides precipitated by these tempering treatments were alloy 
carbides, casting doubt on a previous su estion that the reverse transformation is 
diffusionless and sets up strains for recrystallization (10). 
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NATURE OF THE GRAIN GROWTH PROCESS 

The normal grain growth that takes place in 18-4-1 steel, starting 
with the annealed state, is plotted in Fig. 1. The grain size increases 
gradually, growing from about 89 grains/mm. to 81 grains/mm. 
(No. 12% to 11%) on austenitizing from 2200 to 2400°F (1205 
to 1315 °C). The grain size is also a function of austenitizing time: 
on heating at 2350°F (1290°C) from the standard period of 6 
minutes up to 2 hours, the grain size increases from 83 to 75 
grains/mm. (No. 11% to 10%). However, this grain growth with 
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Final Austenitizing Temperature °F 
Fig. 1—Effect of Austenitizing Temperature on Grain 


Size of 18-4-1 High Speed Steel for Two Different Start- 
ing States. 


respect to temperature and time is trivial compared to the sudden 
coarsening that occurs on rehardening. As shown in Fig. 1, double 
austenitizing at 2350 °F (1290 °C) (total time at temperature being 
only.12 minutes) achieves a grain size of 5 grains/mm. (No. 1%). 
Clearly, fish-scale fracture on double hardening cannot be due to the 
extra time at the austenitizing temperature. 

Specimens that were hardened from 2350 °F (1290°C) were 
then reaustenitized at a series of temperatures ranging from 1650 to 
2400 °F (900 to 1315 °C) and oil-quenched. The resulting grain 
sizes are given in Fig. 1, compared to the normal growth behavior 
in the annealed steel as the starting state. It is evident that the 
prehardened steel coarsens abruptly at about 2250 °F (1230 °C). 
On austenitizing above this temperature, the grain size actually 
becomes somewhat smaller, but is still in the fish-scale category. 
When the prehardened steel is rehardened from below 2250 °F 
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(1230 °C), the grain size remains quite small, signifying that the 
aforementioned coarsening does not take place as the steel passes 
through the eutectoid range. On the other hand, if a prehardened 
sample is reaustenitized below 2250 °F (1230 °C) and is then trans- 
ferred directly to a temperature above 2250 °F (1230 °C), coarsen- 
ing does ensue. 

It must be emphasized that the designated coarsening tempera- 
tures in this and the following discussions are by no means exact. 
The coarsening actually spreads over a range of temperatures, and 
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Fig. 2—Effect of Second Austenitizing Temperature 
on Grain Size of 18-4-1 High Speed Steel as a Function of 
Various Prequenching Temperatures. 


within this range both large and small grains may coexist (see Fig. 
7a). In fact, complete uniformity should not be expected in such a 
complex material as commercial high speed steel. Sometimes one 
part of a specimen may be fully coarsened while another part remains 
fine-grained. If necessary, the coarsening temperature can be defined 
as the temperature at which 50% of the structure is coarsened and 
50% is still fine. In any event, the concept of a coarsening tempera- 
ture becomes a useful means for exploring the fish-scale phenomenon. 

When the first austenitizing temperature is varied, and the 
subsequent grain growth characteristics determined, the curves in 
Fig. 2 are obtained. For the most part, the sudden coarsening 
temperature decreases as the prequenching temperature is reduced, 
with the former lying somewhat below the latter. However, this 
relationship undergoes a reversal in the vicinity of 2000 °F (1095 °C) 
where the coarsening temperature rises above the prequenching 
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temperature. The latter coarsening does not lead to pronounced 
fish-scale fractures, such as occur after the higher prequenching 
treatments; nor does the associated discontinuous grain growth take 
place as abruptly. The dependence of the coarsening temperature 
on the prequenching temperature is presented in Fig. 3. The reversal 
in the main trend is evident, but the discussion of its significance 
will be deferred for a later section. With prequenching temperatures 
below 1900 °F (1040 °C), no discontinuous grain growth is observed 
on reheating. 


2400 


2300 


Coarsening Temperature °F 





2000 2100 2200 2300 2400 
First Austenitizing Temperature °F 


Fig. 3—Coarsening Temperature of 
18-4-1 High Speed Steel During the Second 
Austenitizing Treatment as a Function of 
the First Austenitizing Temperature. 


It is clear from Fig. 2 that the grain size achieved by discon- 
tinuous coarsening becomes smaller with decreasing prequenching 
temperature. After prequenching from temperatures below about 
1900 °F (1040 °C), the grain size produced by the second heating 
is actually smaller than that attained by the first cycle, but most of 
the refinement is lost on reheating to temperatures in the standard 
austenitizing range. Fig. 2 also indicates that when sudden coarsen- 
ing is found, the grain size is a maximum in specimens heated just 
above the coarsening temperature. On austenitizing at still higher 
temperatures, the resulting grain size is not quite so large, confirming 
the curious trend noted in connection with Fig. 1. 


RoLE OF PROEUTECTOID CARBIDES 


In the annealed state, 18-4-1 steel contains about 29 vol. % of 
M,C, M,.C, and MC carbides (13). At the standard austenitizing 
temperature of 2350 °F (1290 °C), there is about 10 vol. % carbides 
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which are predominantly of the M,C type. Undoubtedly, these excess 
carbides play an important part in maintaining the usual fine grain 
size in hardened high speed steel. For the purposes of this paper, 
the solution of the carbides on austenitizing may be considered as 
taking place in two stages. When the steel becomes austenitic on 
passing through the eutectoid reaction,* the eutectoid carbides go 
into solution at that point, and hence are not available for controlling 
grain growth during further heating. The part of the remaining 
carbides that dissolve during further heating will be termed the 
proeutectoid carbides. At any austenitizing temperature, the sum 
of the proeutectoid carbides which have dissolved plus the excess 
carbides which remain is a constant equal to the amount of carbides 
present just above the eutectoid temperature. As the austenitizing 
temperature is raised, more of the proeutectoid carbides pass into 
solution and, correspondingly, a smaller quantity of excess carbides 
remains. 

When hardened steel is reheated, the proeutectoid carbides that 
dissolved during the first austenitizing, say at 2350°F (1290 °C), 
precipitate out in a very fine dispersion. This can be seen by compar- 
ing Figs. 4a and 5a of two specimens that were both austenitized at 
1650 °F (900 °C), the former being previously annealed and the 
latter being prequenched from 2350°F (1290°C). Even after 
reheating to 2200 °F (1205 °C), there is a significant difference in 
the two cases, as disclosed by Figs. 4b and 5b, despite the fact that 
some of the proeutectoid carbides in the 2350°F (1290 °C) pre- 
quenched sample have been redissolved during the subsequent 
austenitizing at 2200 °F (1205°C). Because of their minute size, 
the proeutectoid carbides in the prequenched and reheated specimen 
are vastly more abundant than the original carbides in the annealed 
state, or the excess carbides remaining after the first quench, and 
are therefore appreciably more effective in obstructing grain growth. 
Of course, these fine carbides completely disappear when the second 
austenitizing temperature reaches the first (compare Figs. 4c and 
5c), but by this time discontinuous coarsening has occurred in the 
prequenched specimen. 

The process of coarsening during the second austenitizing treat- 
ment is visualized as follows: As the prehardened steel is reheated, 
the proeutectoid carbides precipitate in an extremely fine dispersion 
along with the eutectoid carbides from the (tempered) martensite 
and retained austenite if present. The eutectoid carbides then dis- 
appear as a part of the eutectoid reaction, leaving the minute 
proeutectoid carbides available to anchor the austenitic grain bound- 
aries during further heating. However, as the temperature rises, 
these fine carbides start to redissolve and coalesce until ultimately 


*Inasmuch as high speed steel is a several-component system the term eutectoid is used 
here in a loose sense for descriptive purposes only. 
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Fig. 4—Microstructures of High Speed Steel After Oil 
Quenching From (a) 1650 °F, (b) 2200 °F, and (c) 2350 °F. 
Starting state was the as-received annealed condition. Nital 
etch. Magnification < 500. 


some boundaries become free to migrate under the ever-present urge 
of the system to lower its interfacial energy via grain growth. This 
release of the grain boundaries is statistical, and hence a limited 
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Fig. 5—Microstructure of High Speed Steel After Oil 
Quenching From (a) 1650 °F, (b) 2200 °F, and (c) 2350 °F. 
Starting state was oil-quenched condition from 2350 °F, as 
shown in Fig. 4c. Nital etch. Magnification x 500. 


number of grains begin to grow while others are still impeded. The 
resulting grain size contrast then leads to the accelerated growth of 
the large grains at the expense of their small neighbors. 
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With this working picture of the discontinuous coarsening in 
rehardened high speed steel, the main trends depicted in Figs. 2 and 
3 are readily understood. The higher the first austenitizing temper- 
ature, the greater is the quantity of proeutectoid carbides that go 
into solution, and the greater is the number of fine proeutectoid 
carbides that precipitate on reheating. Therefore, a higher temper- 
ature is then required to redissclve these carbides sufficiently for 
discontinuous grain growth to set in. This explains why the coarsen- 
ing temperature on second heating increases with the temperature 
of the first heating (neglecting the reversal effect in Fig. 3 for the 
time being). 

According to Fig. 2, the as-coarsened grain size increases gener- 
ally with the coarsening temperature. This is a consequence of the 
fact that the mobility of the grain boundaries, once released by 
appropriate carbide solution, increases exponentially with tempera- 
ture. Hence, at high temperatures, the rapid rate of grain growth 
permits the released grains to accentuate their lead by sweeping out 
other grains before the latter can start growing. In other words, the 
higher the temperature at which effective obstruction to grain growth 
can be maintained (by having more fine carbides present), the more 
cataclysmic is the discontinuous coarsening, once the large-scale 
migration of the boundaries begins. 

With a given prequenching temperature, the coarsened grain 
size decreases as the second austenitizing temperature is raised above 
the coarsening temperature, a trend which seems inconsistent with 
the foregoing discussion. However, in this case there is a fixed 
amount of the fine proeutectoid carbides initially available, and the 
increase in mobility of the boundaries as a function of temperature 
is counterbalanced by an increase in the number of boundaries that 
are simultaneously released due to the greater degree of carbide 
solution at the higher temperatures. Evidently, the latter factor 
becomes relatively more important with increasing temperature in 
this range, and the added number of competing growth centers causes 
a reduction in the final grain size. Accordingly, it should not be 
construed from Fig. 2 that the coarsened grains, once established, 
actually grow smaller on further heating. 


SIGNIFICANCE OF STARTING STRUCTURE IN THE GRAIN 
GROWTH BEHAVIOR 


When the original annealed steel is austenitized, sudden coarsen- 
ing and the concomitant fish-scale fracture are not found, as is well 
known. This normal behavior is quite understandable because the 
existing carbides are relatively coarse, there being no fine dispersion 
of proeutectoid carbides to provide the necessary obstruction of the 
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boundaries for subsequent discontinuous growth. However, another 
important factor must be taken into account. 

If a specimen is first hardened, say at 2350 °F (1290 °C), and 
then annealed [austenitized at 1650 °F (900 °C) for % hour, cooled 
at 50°F per hour to 1400 °F (760 °C), held for 4 hours and air- 
cooled to room temperature], discontinuous coarsening does not take 
place on reaustenitizing at 2350 °F (1290°C). This again confirms 
previous findings, but the annealing following the first hardening does 
not restore the original coarse carbide distribution of the annealed 
steel as received*. The proeutectoid carbides dissolved during the 
first austenitizing at 2350 °F (1290 °C) precipitate as a fine disper- 
sion during the annealing treatment and the coalescence is quite 
limited. Even if commercial annealing is applied to the prequenched 
steel, the original annealed structure is not restored, and the minute 
precipitated carbides are still evident in the microstructure. Yet, on 
reaustenitizing at 2350 °F (1290 °C), coarsening does not occur‘. 

It becomes necessary to conclude that, although the fine pro- 
eutectoid carbides play a major role in controlling the coarsening 
characteristics, this alone is not sufficient for the phenomenon to 
materialize. The presence of martensite (or bainite) in the matrix 
turns out to be a vital prerequisite, and this is why the annealing 
after the first hardening avoids the coarsening, even though the fine 
proeutectoid carbides are present. To demonstrate the validity of 
this conclusion, the following experiments are offered: 


A series of specimens was austenitized at 2350 °F (1290 °C) 
and hot-quenched to 1300 °F (705°C), held for various lengths of 
time, reheated directly to 2350 °F (1290 °C), and oil-quenched to 
room temperature. No coarsening was observed. The first specimen 
was held only momentarily at the 1300 °F level, so that in effect the 
2350 °F (1290 °C) austenite was merely returned to this tempera- 
ture for an extra soak prior to the hardening quench. Obviously, 
coarsening would not be expected in this case. In the specimens held 
for increasing times at 1300°F (705 °C), there was progressive 
transformation of the austenite to a ferrite-carbide aggregate which 
might be termed spheroidite. This was a fine dispersion containing 
both the eutectoid and proeutectoid carbides, and amounts ranging 
from zero up to 100% did not provide the necessary starting struc- 
ture for subsequent coarsening. 

In order to introduce controlled amounts of martensite, a variant 


of the above cycle was then investigated. Samples of the original 
steel were austenitized at 2350°F (1290°C), hot-quenched to 


8In the as-received condition, the carbides are relatively coarse because the commercial 
anneal is applied to steel in the hot-worked state, the finishing temperature being quite 
low compared to 2350 °F (1290 °C). 


4The term “coarsening” as used here is intended to signify marked grain growth of 
the discontinuous type. 
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1300 °F (705°C) for various holding periods, then quenched to 
room temperature, reaustenitized at 2350 °F (1290 °C), and finally 
quenched back to room temperature. During the first quench to 
room temperature, martensite was formed from the austenite remain- 
ing from the isothermal transformation at 1300 °F (705 °C). When 
these samples were reheated to 2350 °F (1290 °C), those containing 
more than about 50% martensite (plus retained austenite), i.e., less 
than about 50% spheroidite, underwent coarsening and exhibited 
fish-scale fractures. 

A similar experiment was performed in which increments of 
bainite were injected into the starting structure. Samples of the 
original steel were austenitized at 2350 °F (1290 °C), hot-quenched 
to 600°F (315°C) for predetermined times, and reaustenitized 
directly at 2350 °F (1290 °C) before quenching to room tempera- 
ture. In this series, coarsening was found to occur during the 
reaustenitizing at 2350°F (1290°C) if more than about 25% 
bainite were present, even though the specimens had not been cooled 
to room temperature first and therefore contained no prior martensite. 

It is clear from these studies that martensite or bainite is a 
prerequisite for subsequent coarsening. If austenite or spheroidite 
is present without martensite or bainite, ng coarsening takes place, 
notwithstanding the fact that the carbide distribution may be favor- 
able. The key to this unanticipated difference lies in the grain 
structure of the austenite that forms from (tempered) martensite 
or bainite on the one hand and from spheroidite (or pearlite) on the 
other. When martensite or bainite is reheated, carbides precipitate 
and the ferritic matrix that develops inherits an acicular configura- 
tion from the martensite or bainite. Nehrenberg (14) has demon- 
strated that this ferritic grain structure leads to a similar configura- 
tion in the austenite above the eutectoid temperature, whereas the 
austenite that stems from a nonacicular ferritic matrix is more or 
less equiaxed. Thus, when martensite is reaustenitized, the austenite 
that nucleates in any given acicular unit may quickly advance through- 
out the unit before, or even without, spreading across the boundaries. 
Such plate-shaped austenitic regions eventually fill in the prior grains 
of austenite with acicular subgrains of a size commensurate with that 
of the martensitic plates. 


When martensite is produced during the first hardening quench, 
the many plates within any one grain of prior austenite bear a definite 
lattice-orientation relationship to the parent grain. During reheating, 
the acicular ferritic matrix inherits this relationship, and tends to 
restore the original lattice orientation in each austenitic grain when 
the steel reaustenitizes on passing through the eutectoid temperature. 
However, inasmuch as the austenite in any one grain is regenerated 
in acicular units, the orientation is not perfect throughout the grain, 
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and is composed of small-angle variations between the acicular 
subgrains. 

If martensite (or bainite) causes a system of related subgrains 
to appear in the austenite on reheating, then it may be predicted that 
the martensitic structure should tend to transmit the grain size of 
the first-generation austenite over to the second-generation austenite. 
The average orientation of the subgrains in any one grain of the 
latter austenite should differ markedly from that of the subgrains 
in a neighboring grain, thus delineating the former austenitic grain 
size. This correspondence was confirmed many times. In a note- 
worthy test case, samples were double-quenched from 2350 °F 
(1290 °C) to evolve grain sizes in the fish-scale category ; on austen- 
itizing again, the grain size was immediately and equally coarse at 
1650 °F (900 °C), and remained so on further heating. This was 
shown both by the fracture method, and by controlled cooling to 
achieve partial transformation to dark-etching spheroidite at the 
austenitic boundaries. It may now be concluded that, once the 
fish-scale fracture has appeared, it cannot be refined by subsequent 
austenitizing if martensite is available to transmit the coarse grain 
size to the next generation. 

An obvious line of mvestigation that suggests itself at this point 
is to eliminate the martensite at various stages by annealing, and 
then ascertain the effect on the next austenitizing. Some experiments 
along these lines are presented in the following section. 

To return to the subgrains in the austenite, as inherited from 
the pre-existing martensite, it is believed that they are vitally involved 
in the coarsening that takes place on double hardening. These sub- 
boundaries constitute a source of appreciable interfacial energy 
because of their large area and complex interlocking shapes. There- 
fore, during heating, the subgrains tend to grow and readjust their 
boundaries. However, the migration is retarded by the aforemen- 
tioned precipitation of the fine proeutectoid carbides. At a suitable 
temperature, this dispersion redissolves or coalesces sufficiently so 
that some subgrains begin to grow ahead of the others. By this 
process, a subgrain that acquires the capacity to grow may sweep out 
the entire austenitic grain in which it is located, and thereby set up 
an enormous grain size contrast with respect to the still-impeded 
subgrains in the adjacent grains of austenite. This situation enables 
the “activated” grain to consume other grains of about the same size 
if the latter still contain their substructures. The role of the fine 
proeutectoid carbides in controlling the coarsening temperature and 
the resulting grain size is exactly as stated earlier, but now it is 
indicated that these carbides operate on subboundaries as well as 
on regular grain boundaries and that the subboundary effect is of 
paramount importance in the fish-scale phenomenon. 
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The presence of a subgrain structure in the austenite on reheat- 
ing prequenched steel has been confirmed with the electron micro- 
scope (Fig. 6) and even with the optical microscope (Fig. 7a)°. 
Actually, the subgrain structure was first disclosed by Grobe, Roberts 
and Chambers (23), who have presented a series of excellent photo- 
micrographs showing this phenomenon. It is also evident from 
their figures, as well as from those in the present paper, that when 
coarsening occurs, the large grains are swept relatively free of 
subboundaries, as postulated. In Fig. 6, the subgrains in the 
uncoarsened austenite are not acicular, suggesting that some readjust- 
ment of the subboundaries has occurred (perhaps with some subgrain 
growth) on heating before one unit can obtain an adequate start over 
its neighbors to result in discontinuous grain growth®. The small 
proeutectoid carbides in the doubly-quenched specimens are readily 
seen with the electron microscope. 


EFFECT OF ANNEALING VARIABLES ON GRAIN COARSENING 


The preceding studies have shown that fish-scale fracture in 
rehardened high speed steel is not observed unless a fine subgrain 
structure is present in the austenite and a dispersion of carbides is 
available to immobilize the subboundaries until they can be “‘triggered 
off” in a discontinuous fashion. Residual stresses are not an essential 
part of this picture. One can now understand why the rate of cooling 
in the first hardening quench has little effect on the subsequent 
coarsening behavior. High speed steel coarsens after air hardening 
as well as after oil and water hardening. Moreover, hot quenching 
and slow cooling through the martensitic range (as in martempering ) 
does not remove the coarsening tendency. Single or multiple temper- 
ing of hardened steel or preheating at 1650 °F (900 °C) prior to the 
second hardening is likewise ineffective because the tiny precipitated 
carbides are too abundant (not sufficiently coalesced) to permit the 
removal of the fine substructure. Hence, despite appreciable stress 
relief, the conditions remain for subsequent coarsening, and such is 
found to be the case. 

However, it is conceivable that these conditions can be altered 
by grossly exaggerating the tempering process. After hardening from 
2350 °F (1290 °C), tempering for 5 days at 1500 °F (815 °C) elim- 
inated the coarsening on subsequent heating to 2350 °F (1290 °C), 
but tempering for 1 day at 1500 °F was not successful. This accounts 
tor the fact that extremely slow heating just under the eutectoid range 


‘For Figs. 6 and 7a,’ M-2 high speed steel has been used because the subgrains are 
more readily discernible than in 18-4-1 steel. The M-2 steel seems to respond more favorably 
to etching than the 18-4-1 steel for this purpose. 


6Since this paper was written, electron microscopic evidence has been obtained to 


show that the austenitic subgrains are acicular when first formed from a martensitic 
structure. 
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Fig. 6—Electron Micrographs of Partially Coars- 
i ened High a Steel Showing (a) Coarsened Grains 
Free of Substructure at Xx 5000, (b) Fine Grains 
With Substructure at x 5000, and (c) Substructure } 
at X 15,000. Note the proeutectoid carbides which 
are small compared to excess carbides. Nital etch. 


during the second austenitizing will sometimes prevent coarsening, 
as reported by Gill (4). 

The most practical way of avoiding the fish-scale fracture on 
rehardening prequenched steel is to remove the acicular matrix 
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structure by replacing it with spheroidite. This is the main function 
of annealing before the second hardening. Except for machining 
purposes, the anneal does not have to achieve complete softening. 
The time at the annealing temperature may be relatively short, and 
the spheroidite may be comparatively hard. Whether the spheroidite 
is formed isothermally or on continuous cooling, a long-cycle commer- 
cial anneal is unnecessary to prevent the fish-scale fracture on 
subsequent hardening. 

It is reported that the fish-scale fracture, once on hand, is difficult 
to remove. If a double-hardened specimen, having been subjected to 
discontinuous coarsening, is austenitized a third time, the new 
austenitic grains are coarse, even at temperatures as low as 1650 °F 
(900 °C), notwithstanding the presence of a large quantity of pro- 
eutectoid carbides. Subgrains may be available in the austenitic 
grains to undergo discontinuous growth on further heating, but since 
the grain size is already tremendous, it is difficult to observe any net 
change in the extent of coarsening. Sadovski, Malyshev and V’yal 
(10) have claimed a grain refinement during the third austenitizing 
at about 2100 °F (1150°C), but this was not confirmed in the 
present work. 

If the martensitic structure in coarsened (doubly hardened) 
steel is replaced by spheroidite, the same coarse grain size is not 
transmitted to the austenite in the third hardening, and it becomes 
possible to refine the structure via annealing. A specimen was 
double-quenched from 2350 °F (1290 °C) to yield a fish-scale fracture 
of 1% grains/mm. (No. 1). After annealing, the specimen was 
reaustenitized at 2350°F (1290°C); the fish-scale fracture had 
disappeared, with a reduction in grain size to about 60 grains per 
millimeter (No. 8%). This is still rather coarse for commercial 
purposes, but multiple annealing may invoke further refinement. The 
reason for the limited refinement by a single anneal is that the 
ferritic matrix of the spheroidite tends to be coarser than usual if 
the previous austenite is coarse, and the austenite that forms subse- 
quently has somewhat larger grains than when the steel is hardened 
for the first time. However, discontinuous coarsening does not 
ensue. Thus, unlike martensite, spheroidite tends to result in grain 
refinement, but there is a correlation between the grain size of the 
ferrite and the previous austenite, and between the ferrite and the 
subsequent austenite. These variations in the ferritic grain size of 
the spheroidite could not be ascertained microscopically, but X-ray 
diffraction pictures revealed smooth ferrite reflections from the 
as-received annealed -structure and from the annealed structure after 
single hardening; whereas spotty ferrite reflections were obtained 
in the annealed structure after double hardening. This is in line 
with the foregoing hypothesis. 
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GENERAL DISCUSSION 


The principles that have been presented here to account for the 
coarsening behavior of high speed steel are fundamentally the same 
as those enunciated 30 years ago by Jeffries and Archer (12) to 
explain exaggerated grain growth in tungsten. More recently, the 
effect of a dispersed phase has been studied in aluminum-manganese 
alloys by Beck, Holzworth and Sperry (16), who nicely demon- 
strated that abnormally large grains can be produced by heating to 
temperatures where the dispersed phase is dissolved. Subgrains are 
not involved in this instance, and it is possible that even high speed 
steel might coarsen discontinuously without requiring the acicular 
subgrain structure if the material could be heated to high enough 
temperatures without melting. 

As shown by Rosi, Alexander and Dube (17) on silver, discon- 
tinuous coarsening may also result from a preferred orientation of 
the grains after cold rolling and primary recrystallization. However, 
this mechanism was not operative in the present case because no 
appreciable orientation texture was detected. 

The whole question of grain growth has been reviewed by Smith 
(18, 19) and Burke (20, 21) from the standpoint of interfacial 
energy and boundary geometry. These concepts help explain why 
the presence of subgrains favors the occurrence of discontinuous 
coarsening. Consider two grain sizes of effective diameters d, and 
d,, and let d, > d,. The driving force for the disappearance of size 
d, in favor of size d, is given by the attendant decrease in interfacial 
energy per unit volume, or the decrease in interfacial area per unit 
volume times the average interfacial energy per unit grain boundary 
area: 


CY (= -*) =c7 (— _ ~) — cy (1 —k) Equation 1 


d* di ds di de 


where a geometric constant depending on grain shape 
average interfacial energy per unit area 


de _ grain size contrast 


di 

Since k > 1, the above expression-is negative, as it should be, 
because a decrease of interfacial energy accompanies the grain 
growth. It is noted that this driving force for growth becomes larger 
with increasing grain size contrast (k), as expected, but for a given 
value of k, the driving force also increases with decreasing grain size 
(d,). This means that in a distribution of grain sizes, a large grain 
has a better chance of growing at the expense of its smaller neighbors 
if the absolute size is small. In the same sense, given differences in 
grain size are more likely to result in discontinuous growth among 
small grains than among larger ones. The need for subgrains in 
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the austenite to cause coarsening appears to be a manifestation of 
this principle. 

This viewpoint has much in common with the mechanism of 
recrystallization of plastically deformed metals, as recently proposed 
by Beck (22). Beck has suggested that recrystallization is a type 
of discontinuous grain growth in which the substructure in the cold- 
worked grains supplies the instability that promotes growth. An 
example of such recrystallization in progress is shown in Fig. 7b. 
Its similarity to the partially coarsened high speed steel in Fig. 7a 
is remarkable. In each case, the growing grain has wiped out the 
substructure, and the advancing front is scalloped in such a way 
that the centers of curvature lie in the small grains being absorbed. 
This geometry is characteristic of discontinuous growth in which 
appreciable size contrast is developed between the growing grain and 
the ones being consumed. Thus, it appears that in high speed steel, 
the austenitic subgrain structure, derived from the previous marten- 
site, provides much the same impetus for the fish-scale phenomenon 
that the cold-worked substructure does for recrystallization. 

The proeutectoid carbides come into play by effectively inhibit- 
ing the migration of the subboundaries until fairly high temperatures 
are reached where the particles go back into solution. The number 
of particles may also be diminished by coalescence. .Then the tend- 
ency for discontinuous coarsening is accentuated because some 
boundaries are released while others remain anchored, and the atomic 
mobility is sufficiently high so that the released boundaries can move 
quickly. As explained earlier, both the subgrain structure and the 
proeutectoid carbides are related to the prior heat treatment. Analysis 
of these factors permits a reasonable interpretation of complex grain 
growth phenomena which might otherwise appear quite baffling. 

In the light of the present findings, discontinuous coarsening 
should be sought in other grades of steel where the same factors are 
operative. It should be emphasized, however, that a rather critical 
combination of these factors and of their temperature dependence 
may be required for conspicuous coarsening behavior, and good 
examples will not prove very common. 

It remains to explain the anomalous reversal in the coarsening 
temperature that occurs as a function of decreasing prequenching 
temperature below about 2000 °F (1095 °C) (Fig. 3). This behavior 
appears as a minor effect in the present study, but shows up more 
prominently in previous investigations (2, 3, 10). Its existence was 
firmly established by Grobe, Roberts and Chambers (23). There- 
fore, it is essential that the suggested principles underlying the fish- 
scale phenomenon should be consistent with (or, preferably, account 
for) the observed reversal in coarsening temperature. In_ all 
instances, when the first austenitizing temperature is on the high side 
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Fig. 7—Comparison Between (a) Discontinuous Grain Growth in Doubly 
Hardened High Sheed Steel at xX 2000 and (b) Recrystallization of a Cold- 
Worked Aluminum-Zinc Alloy at xX 50 [Lacombe and Berghezan (15)]. Note 
that in both cases the boundaries of the small grains being absorbed generally 
move in a direction toward their centers of curvature. It is also evident that 
the substructure in the small grains is swept out by the advancing grain 
boundary. 


of the reversal point, as in Fig. 3, the coarsening temperature lies 
below the prequenching temperature in accordance with the postulates 
discussed thus far. In this range, the difference between the two 
temperatures becomes smaller, the lower the prequenching tempera- 
ture; and the reversal sets in at approximately the point where the 
prequenching and coarsening temperatures become equal. Below the 
cross-over point (see Fig. 3), the coarsening temperature lies above 
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the prequenching temperature, which means that, during the reheat- 
ing, the small proeutectoid carbides all dissolve before the coarsen- 
ing temperature is reached. Consequently, the coarsening tempera- 
tures on the left branch of the curve in Fig. 3 are not controlled by 
the solution of the proeutectoid carbides, as is the case with the 
coarsening temperatures on the right branch, and a different behavior 
must be expected. 

Nevertheless, it is believed that the proeutectoid carbides do 
play a role in the reversal effect. Wéith prequenching temperatures 
corresponding to the right branch of the curve in Fig. 3, the 
abundance of carbides that precipitate during the reheating insures 
that the austenite will inherit a sufficiently fine substructure to 
provide a large driving force for discontinuous grain growth, even 
at relatively low austenitizing temperatures; but the growth is held 
in check until the number of carbides is appropriately reduced by 
solution and coalescence. On the other hand, when the preheating 
temperature is below the reversal point, the number of carbides that 
precipitate during the reheating is evidently inadequate to preserve 
completely the fine substructure in the austenite, and the driving 
force for grain growth is diminished to the extent that coarsening 
can no longer take place below the prequenching temperature. Thus, 
the proeutectoid carbides can be entirely dissolved without resulting 
in coarsening. However, coarsening may subsequently ensue at still 
higher reheating temperatures because of existing differences in 
neighboring subgrains’. This is a milder form of discontinuous 
growth than the very abrupt type that leads to fish-scale fractures. 
For prequenching temperatures below about 1900 °F (1040 °C), the 
available proeutectoid carbides are too sparse to preserve enough of 
the subsbtructure in the austenite*, and the driving force for growth 
becomes so small that discontinuous coarsening is not found, even 
on reheating to the melting point. This explains why the left 
branch of the curve in Fig. 3 rises with decreasing prequenching 
temperature, until the coarsening temperature passes beyond the 
range of the solid state. 

The following critical experiment was designed to test the above 
reasoning. In the borderline region where the reversal appears, it 
should be possible to favor the left branch behavior over that of the 
right branch by preheating at 1650°F (900°C) as a part of the 
second austenitizing treatment. This should permit some readjust- 
ment of the subboundaries which are not too securely anchored 
because of the limited amount of the proeutectoid carbides, and the 
accompanying reduction in the driving force for growth should raise 


7It is conceivable that the excess carbides play some part in this process. 


8Part of the acicular configuration of the ferritic matrix in the tempered martensite 
may also be lost before the eutectoid temperature is reached during the reheating because 
of the insufficiency of fine carbides if the prequenching temperature is too low. 
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the coarsening temperature. The net effect would be to displace the 
reversal temperature and cross-over point in Fig. 3 to higher temper- 
atures by shifting the coarsening behavior from the type associated 
with the right branch to that associated with the left branch. This 
was actually found: after prequenching from temperatures in the 
borderline range of 1900 to 2200 °F (1040 to 1205 °C), subsequent 
preheating at 1650 °F (900 °C) for % hour as a part of the second 
austenitizing treatment raises the reversal temperature by more than 
100 °F. Preheating in this way after prequenching from below 
1900 °F (1040 °C) makes little difference because the coarsening 
temperature designated by the left branch goes above the melting 
point, even without preheating. If preheating is introduced after 
prequenching from above 2200 °F (1205 °C), again the effect is 
relatively small because then the fine proeutectoid carbides are suff- 
ciently numerous to fix the substructure in the austenite despite 
the preheating. 

Finally, it should be emphasized that in most of the previous 
work and in the paper that follows (23), preheating was invariably 
used, whereas it was not employed in the present investigation except 
in a few critical experiments. This serves to explain why the 
reversal phenomenon is more conspicuous in the other papers than 
reported here. However, the over-all picture now seems quite 
consistent. 


CONCLUSIONS 


1. The well-known fish-scale fracture in high speed steel is a 
phenomenon of discontinuous grain growth that occurs during the 
reaustenitizing of previously hardened steels. 

2. During the second heating, the proeutectoid carbides dis- 
solved by the first austenitizing treatment precipitate in a fine disper- 
sion and impede grain growth. However, as the second austenitizing 
temperature approaches the first, these carbides dissolve and coalesce 
sufficiently to release some grains while others are still inhibited, 
thus leading to discontinuous coarsening. In this way, the coarsening 
temperature and the resulting grain size are directly related to the 
prequenching temperature. 

3. In order for discontinuous grain growth in the fish-scale 
category to take place, it is essential for martensite or bainite to 
exist in the prestructure. These acicular products endow the austenite 
with a substructure that enhances the tendency for subsequent grain 
growth. Thus, an annealing treatment which replaces the martensite 
or bainite by spheroidite is effective in avoiding the fish-scale fracture, 
even though fine proeutectoid carbides may still be present. 

4. Martensite tends to transmit the grain size of its parent 
austenite to the next-generation austenite, and therefore if a steel 
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has been coarsened by double hardening, the grain will remain coarse 
during the third hardening. However, refinement can be attained 
by annealing one or more times before the third hardening, although 


the ultimate grain size may not be sufficiently small for some 
commercial purposes. 
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DISCUSSION 


Written Discussion: By P. K. Koh, Research Laboratories, Allegheny 
Ludlum Steel Corp., Brackenridge, Pa. 

Through a detailed study of discontinuous grain growth, the authors 
not only explain the phenomenon of fish-scale fracture of multi-hardened 
high speed steel, but also help to clarify the fundamentals of secondary 
growth. 

I would like to have the authors’ opinion on the following fact which 
we could not readily explain with the authors’ theory. During experimen- 
tation at the Allegheny Ludlum Research Laboratories we have hardened 
a % by &% by %-inch piece of commercial 18-4-1 high speed steel in a 
“diamond blpck” atmosphere at 2350 °F (1290°C) for 48 minutes without 
grain growth. The final grain size of the specimen was the same as its 
counterpart hardened for 5 minutes under similar conditions. No pre- 
heating was used and the material was previously mill annealed. It seems 
that 48 minutes heating at 2350°F (1290°C) should be long enough to 
dissolve any carbide located at grain boundaries. What is the restraining 
force for grain growth in this case? 

Written Discussion: By John J. Gilman, Metallurgical Research De- 
partment, General Electric Co., Schenectady, N. Y. 

The authors, as well as Grobe, Roberts and Chambers, are to be com- 
mended for their clarification of a problem that has puzzled steel metal- 
lurgists for many years. Their discovery that a subgrain structure exists 
at high temperatures in high speed steel and that it plays an important 
role in the behavior of the steel is especially noteworthy. 
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I once conducted a short study of fish-scale fracture and I should like 
to briefly describe two of my experiments which pertain to this paper. The 
result of one of these experiments leads me to believe that the authors’ 
explanation of fish-scale fracture is not entirely correct, and I shall point 
out how I think it might be modified. 

The experiments were performed with high speed steel of the M-2 
type. The first experiment confirms Kula and Cohen's conclusion that 
martensite or bainite in the prestructure is essential to the fish-scale 
coarsening phenomenon. Specimens were austenitized at 2225°F (1220 
°C), quenched into liquid baths at various temperatures in the martensite 
range for 5 minutes, immediately reheated to 2225°F (1220°C), and 
finally quenched in oil. The low temperature baths were at 450, 350, 250, 
and 80°F. The quenches to 450 and 350 °F had little or no effect on the 
grain size, whereas the 250°F quench produced grains that were more 
coarse than the coarse grains of the 80°F quench. (The M, temperature 
in this steel is about 375 °F and the reaction is about 50% complete at 
250 °F.) This experiment, and others which were similar to those of Kula 
and Cohen, indicated that martensite or bainite in the prestructure is 
essential to the abnormal coarsening phenomenon and, furthermore, that 
partial transformation produces more coarse subsequent structures than 
complete transformation. 

The second experiment indicates that retained austenite plays a role 
in the fish-scale phenomenon. A specimen was austenitized at 2225 °F 
(1220 °C), quenched in water and then immediately quenched into liquid 
nitrogen in an effort to convert as much austenite as possible into mar- 
tensite. The specimen was then reheated to 2225°F (1220°C) and oil- 
quenched. The resulting grain size was much finer than that of a com- 
panion specimen not given the liquid nitrogen quench, but not so fine 
as a single-hardened specimen. Also, when a specimen was held 10 min- 
utes at room temperature before the liquid nitrogen quench, it had only a 
slightly finer subsequent grain size than normal double-hardened speci- 
mens. 

The grain sizes referred to above were fracture grain sizes. The 
fracture grain size is a more sensitive indicator of abnormal grain coarsen- 
ing than the intercept grain size because it emphasizes the largest grains, 
whereas the intercept method averages the mixed grain sizes. In all of 
the above specimens, the intercept grain sizes did not vary greatly al- 
though they correlated 1:1 with the fracture grain sizes. 

The new conclusion to be reached from the above experiments is that 
the presence of retained austenite after the first quench of high speed steel 
contributes to the abnormal coarsening phenomenon that occurs upon 
reheating. In fact, I believe that retained austenite is essential to the 
abnormal coarsening phenomenon. 

Kula and Cohen argue, on the basis of their Equation 1, that subgrains 
should be more prone to coarsen than ordinary grains. This, they say, is 
because the interfacial energy depends inversely on the grain size. Their 
argument is invalid in the present case, however, because the average 
interfacial energy, Y, also varies. This they neglect to point out. y is 
probably 10 to 15 times smaller for average subgrain boundaries than for 
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ordinary grain boundaries. Thus, at equal contrasts, the grains must be 
at least 10 to 15 times as large as the subgrains if the subgrains are to 
have the same growth energy. 

Furthermore, subgrain boundaries are largely coherent (except for 
occasional dislocations), whereas ordinary grain boundaries are, for the 
most part, not coherent. This makes a network of subboundaries quite 
stable, yet mobile. (An analogy might be a network of elastic strings 
with sliding knots at the junctions. The configuration of the network 
could be easily changed, but the number of junctions and hence the aver- 
age loop size would be fixed.) It is well known, experimentally; that sub- 
grains of a given size are more stable than ordinary grains. 

The excellent photomicrographs of Grobe, Roberts and Chambers’ as 
well as Kula and Cohen show the regions outside abnormal grains to be 
covered uniformly with networks of subgrain boundaries. On the basis 
of Kula and Cohen’s explanation of the abnormal growth, one would ex- 
pect various grains to be in all stages of subgrain growth. Thus the micro- 
graphs seem to contradict their explanation. 

The present author suggests that retained grains of austenite serve as 
nuclei for the abnormal grains. Having never contained martensite, these 
grains are free of subboundaries and are bounded by incoherent boundaries. 
Thus they are contrasted structurally to the grains containing subbound- 
aries, although they may be of the same size. When the temperature be- 
comes sufficiently high to release the incoherent boundaries from pro- 
eutectoid-carbide precipitates, the few retained-austenite grains grow into 
the higher energy subdivided grains. Since the growth interface is inco- 
herent, the subboundaries are swept out by it. 

The above modification of Kula and Cohen’s explanation explains 
why partial transformation favors abnormal grain growth in high speed 
steel and complete transformation disfavors it. Completion of the trans- 
formation by tempering does not eliminate the abnormal grain growth, 
however, probably because it does not produce martensite. Therefore, 
when the temper-transformed austenite is heated to re-form austenite, the 
new austenite is nonoriented and hence without subgrains. Thus it is able 
to nucleate abnormal grains in the usual way. 

It should be pointed out that the mechanism proposed by Kula and 
Cohen is not believed to be an impossible one. However, the present 
mechanism is believed to be kinetically a more favorable one, and there- 
fore would be expected to occur at a lower temperature than Kula and 
Cohen’s mechanism. In the complete absence of retained grains of aus- 
tenite this mechanism would not be expected to exist. Of course, this 
state is difficult of achievement. 

Written Discussion: By Paul A. Beck, research professor of Physical 
Metallurgy, University of Illinois, Urbana, III. 

The results of this paper are extremely interesting, not only from the 
practical point of view in clarifying the phenomenon of fish-scale fracture 
in high speed steel, but also from a fundamental point of view. The 
authors succeeded in establishing a rather close analogy between the dis- 
continuous grain growth giving rise to fish-scale fracture on the one hand 


®A. H. Grobe, G. A. Roberts and D. S. Chambers, “Discontinuous Grain Growth in 
High Speed Steel”, see this volume of TRANSACTIONS. 
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and the recrystallization of pure metals, such as aluminum, on the other, 
as shown, for instance, by their Fig. 7. Apparently, in both cases the 
principal source of the driving energy of boundary migration is the inter- 
facial energy associated with the subgrain structure of the matrix. 

This analogy suggests that the “nucleation” of the new, growing 
grains may be also similar in both cases. As shown earlier” the growth 
of by far the largest number of the substructure-free areas in slightly de- 
formed high purity aluminum starts at the grain boundaries pre-existing 





in the deformed metal. It was shown" that growth starts independently 
at several points along such a boundary in such a way that the substruc- 
ture-free areas growing into one of the two adjoining grains have the 
same orientation as that of the other, so that the phenomenon may be 
considered as the migration of an already existing boundary, rather than 
the creation of a new boundary by “nucleation”. In accordance with this 
idea, it was found" that growth apparently starts immediately at the be- 
ginning of annealing, without any measurable “induction period”. The 
picture one may form of the start of this process is the following: The 
driving energy of the boundary movement is the energy associated with 
the subboundaries in crystal B (Fig. 8), terminating at the original grain 
boundary between grains A and B adjoining one of the subgrains S in 
grain A. The reason that the original high-angle grain boundary migrates 
in preference to the boundary of subgrain S toward grain A, even though 
this is energetically less favorable, is the much greater mobility of the 
high-angle boundary as compared with the low-angle one. The condition 
for the start of the process schematically depicted in Fig. 8 is then: (a) 
a large disorientation between grains A and B, preferably close to a 111 
rotation of 30 to 40 degrees in face-centered cubic metals and (b) the 
presence of a significantly smaller subgrain size on one side of the bound- 
ary than on the other. A particularly large subgrain in A, directly adjoin- 
ing the boundary and having particularly small subgrains as its neighbors 
in grain B, represents the most favorable situation. This corresponds to 





7°Paul A. Beck and Philip R. Sperry, “Strain-Induced Boundary Migration in High 
Purity Aluminum”, Journal of Applied Physics, Vol. 21, 1950, p. 150. 


Paul A. Beck, ‘Interface Migration in Recrystallization’, ASM Seminar on Metal 
Interfaces, Cleveland, 1952, p. 208. 
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the observation that in aluminum the direction of the strain-induced 
boundary migration proceeds from the less work-hardened grain A, which 
may be expected to have larger subgrain size, toward the more highly 
work-hardened grain B, having smaller substructure. 


Authors’ Reply 


Dr. Koh points out that 18-4-1 high speed steel heated for as long as 
48 minutes at 2350°F (1290°C) may not coarsen beyond the grain size 
achieved within 5 minutes at this temperature. This observation is en- 
tirely consistent with the authors’ explanation of the grain growth charac- 
teristics of high speed steel. In the first place, Dr. Koh’s specimens were 
originally in the annealed condition, and therefore, on heating, the aus- 
tenite did not inherit the substructure that contributes to the driving force 
for discontinuous grain growth in the presence of the prevailing carbide 
distribution. In the second place, gradual grain growth does ensue, at 
least within the first 5 minutes at 2350°F (1290°C) but the extent is 
limited because of the inhibiting action provided by the excess carbides. 
If these carbides could be dissolved, by heating to a much higher temper- 
ature without melting, or by changing the composition to reduce the quan- 
tity of excess carbides, discontinuous coarsening might take place even 
without the formation of a substructure. Experiments on the latter pos- 
sibility are now underway. 

Dr. Gilman has confirmed the authors’ finding that martensite or 
bainite in the prestructure plays a vital role in the subsequent discon- 
tinuous coarsening behavior. It is agreed that the interfacial energy 
varies with orientation; in fact, this is why the interfacial energy appears 
in Equation 1 as an explicit parameter and not as a part of the proportion- 
ality constant. However, the authors are not prepared to accept the 
statement that the subboundary energy under the conditions at hand is 
10 to 15 times smaller than the ordinary grain boundary energy. The 
subboundary structure produced during the rehardening of high speed 
steel is very complex, and the corresponding range of disorientations may 
result in subboundary energies approaching those of regular boundaries. 
In addition, the small size of the subgrains compared to the parent grains 
introduces enough interfacial surface to contribute a high degree of insta- 
bility, even though the unit subboundary energy may be less than the unit 
grain boundary energy. 

The main area of disagreement between Dr. Gilman and the authors 
lies in his suggestion that grains of retained austenite serve as nuclei for 
the discontinuous coarsening. This postulation places a severe restriction 
on the theory which otherwise is sufficiently general to encompass the 
coarsening phenomenon found in many systems, including those in which 
martensitic hardening and retained austenite are not involved at all. 
Accordingly, the authors felt it desirable to subject Dr. Gilman’s inter- 
pretation to careful scrutiny. If particles of retained austenite were the 


nuclei for the coarse grains, the resulting grain size should increase with 
decreasing amounts of retained austenite, because there would then be 
fewer coarsened grains to compete with the growth of one another. 
Thus, a refrigerated specimen should have a coarser grain size on rehard- 








J 


1954 DISCUSSION—GRAIN GROWTH IN H. S. STEEL 757 


ening than does a rehardened specimen without intermediate refrigeration. 
This is contradictory to Dr. Gilman's own observations. On the other 
hand, if subgrains due to acicular martensite are responsible for the 
coarsening, as proposed by the authors, then the additional martensite 
produced by refrigeration should provide more growth centers and hence a 
smaller grain size on coarsening. This is actually found, but the effect is a 
minor one because there is comparatively little difference in the nucleating 
effect between 80% martensite in the as-hardened prestructure and 92% 
martensite in the refrigerated prestructure. 

It is known that retained austenite in high speed steel can be com- 
pletely converted by tempering at 1400°F (760°C), and yet discontinuous 
coarsening takes place during subsequent austenitizing. Dr. Gilman 
accounts for this result on the basis that retained austenite transforms 
isothermally into a nonoriented product at 1400°F (760°C). However, 
the retained austenite can be transformed into martensite by multiple 
conditioning at 1050 °F (565°C), with the martensite forming during cool- 
ing from these tempering treatments. The removal of the retained aus- 
tenite in this way should have a major effect on the coarsened grain size, 
if Dr. Gilman’s suggestion is valid. 

Consequently, two specimens of 18-4-1 steel were quenched from 
2350 °F (1290 °C), one in water and the other in water and then in liquid 
nitrogen. The latter specimen was then tempered three times at 1050 °F 
(565°C) for 2 hours each and water-quenched each time. Next, both 
specimens were rehardened by water quenching from 2350°F (1290 °C). 
Water quenching was adopted in these experiments to minimize possible 
stabilization of the retained austenite. No difference in grain size was 
found in the two cases, as determined both metallographically and by 
fracture. The grain size was in the fish-scale category, being 3.5 grains 
per millimeter. This shows that retained austenite is not essential in the 
discontinuous coarsening behavior under consideration. 

Dr. Gilman states that, on the basis of the authors’ explanation, one 
would expect various grains to be in all stages of subgrain growth. This 
is not a correct conclusion because of the extremely rapid migration of 
the boundaries once they are released by carbide solution. Thus the 
microstructures in process of coarsening should consist mainly of small 
subgrains and large coarsened grains. Such contrast is not only observed, 
but is the essence of the discontinuous coarsening phenomenon. 

The authors are indebted to Professor Beck for emphasizing the close 
similarity between discontinuous grain growth in high speed steel and the 
more familiar phenomenon of recrystallization in metals. His picture of 
the “nucleation” process for coarsening is entirely consistent with the 
results of the present investigation. In fact, there is some evidence that 
subgrains within one grain do grow into an adjacent grain and sweep out 
the substructure there rather than within the original grain. Presumably, 
the “activated” subgrains lie at the boundary between the two main grains. 
Fig. 9 (as well as Fig. 22b of Ref. 23) shows a coarsened grain which is 
generally devoid of subboundaries at Y, but which contains a number of 
unconsumed subgrains at X. There is no definite grain boundary between 
these two regions, signifying that the clear part of the grain has approxi- 
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Fig. 9—Microstructure of M-2 High Speed Steel, Oil-Quenched From 1800 °F 
KR 440 


and Then From 2250 °F. 


mately the same orientation as the subgrains. It should also be noted 
that the region X is about the same size as the uncoarsened grains else- 
where. It is likely that the coarsened grain in question started from a 
subgrain in region X and therefore inherited the same orientation. Region 
Y originally consisted of small grains with quite different orientations 
from that of X, and the “activated” subgrain from X evidently found it 
easier to consume the dissimilarly oriented subgrains existing in region Y 
than the similarly oriented ones in region X. 
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DISCONTINUOUS GRAIN GROWTH 
IN HIGH SPEED STEEL 


By ArTHUR H. Grospe, GEORGE A. ROBERTS AND D. S. CHAMBERS 


Abstract 


The presence of extremely coarse grains in double- 
hardened high speed steel, observed on fractured samples 
as ““fish-scale”’ fracture, is shown to result from a discon- 
tinuous-type grain growth in eight different commercial 
high speed steels investigated. There is a coarsening 
temperature at which, during second hardening, the grains 
abruptly enlarge and which is dependent upon the initial 
hardening temperature. After initial quenching from 
low temperature, discontinuous coarsening is not often 
observed. 

This phenomenon is shown to be related to the pres- 
ence of subgrain boundaries in rehardened samples, which 
are a prerequisite for discontinuous coarsening. These 
boundaries are retained on reheating martensite by the 
presence of a precipitate of alloy carbides that had been 
previously dissolved during the initial heating. 


INTRODUCTION 


HIS investigation of grain growth during the rehardening of 

quenched high speed steel was started to extend exploratory data 
obtained by Kula and Cohen (1, 2)* at Massachusetts Institute of 
Technology. Their work demonstrated that a detailed study of the 
problem by means of a series of prequench and rehardening temper- 
atures would be in order to learn more about discontinuous grain 
growth and the attendant “‘fish-scale” fracture of high speed steel. 


GRAIN GROWTH ON SINGLE HARDENING 


As a first step, let us review the nature of the growth of 
austenite grains in high speed steels on initial hardening. As exam- 
ples, the grain size versus austenitizing temperature for four high 
speed steels is shown in Fig. 1. These steels are 18-4-1, 6-5-4-2, 
8-4-2, and 20-4-2-12, with compositions shown in Table I as Steels 
1, 2, 3, and 4. The curves for 18-4-1 and 6-5-4-2 represent one of 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, Arthur H. Grobe and 
D. S. Chambers are research metallurgists, and George A. Roberts is chief 


metallurgist, Vanadium-Alloys Steel Co., Latrobe, Pa. Manuscript received 
April 10, 1953. 
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Table I 
Composition of High Speed Steels 
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Fig. 1—Grain Size Versus Austenitizing Temper- 


ature After a Single Hardening Treatment for Four 
High Speed Steels. 


the two typical grain growth patterns commonly encountered in 
commercial high speed steels. Here little or no grain growth occurs 
on heating from the temperature at which grains are first clearly 
discernible to the highest commonly employed in commercial harden- 
ing. The curve for 20-4-2-12 is essentially similar except that it 
starts at much finer grain size values and coarsens in a continuous 
manner in the range of commercial hardening (2350 to 2400 °F). 
A second pattern is shown by the example for the 8-4-2 steel in which 
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an initial fine grain size continuously coarsens as the temperature is 
raised above the minimum at which measurements are possible. In 
no case can it be considered that the coarsening behavior is typical 
of the grade of steel chosen to represent it. Depending upon prior 
history, both patterns are possible in any one high speed steel. 

It should be noted that no grain boundary outlines are observable 
with any etchants when hardened below a certain temperature for 


8-4-1 2350°F 
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Fig. 2—Grain Size Versus Second Austenitizing 
Temperature for the 18-4-1 and the 6-5-4-2 High Speed 
Steels. The 18-4-1 steel was prequenched from 2350 °F 
and the 6-5-4-2 from 2225 °F. 


each steel. This is not related to the presence of extremely fine grains 
which might be too small to distinguish at lower hardening tempe-a- 
tures, since even austenite grain sizes coarser than 1 as revealed by 
the fracture cannot be revealed microscopically when low hardening 
temperatures are used. Just below the temperature at which grain size 
can be measured, some incomplete grain boundary traces are visible. 


GRAIN GROWTH ON DousBLE HARDENING 


To describe the abnormal grain coarsening that occurs on rehard- 
ening these steels, let us first consider the case of rehardening 18-4-1 
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and 6-5-4-2 from a series of temperatures, after first hardening from 
2350 and 2225 °F (1290 and 1220 °C) respectively. The samples 
were 42-inch cubes for 18-4-1 (Steel 5, Table 1) and 3g-inch round 
by 2-inch long for 6-5-4-2 (Steel 6, Table 1). First hardening was 
conducted in salt baths using a preheat bath at 1600 °F (870°C). 
The time in the austenitizing salt bath was 5 minutes, after which 
all samples were quenched in oil. Samples were then rehardened in 
a salt bath at temperatures shown in Fig. 2. Grain size measure- 
ments were made in the as-quenched condition. 

The grain size developed during the initial hardening of 18-4-1 
from 2350 °F (1290 °C) was 13.5°. On rehardening, the grain size 
starts at approximately this same level and does not materially coarsen 
until a temperature of 2275 °F (1245 °C) is reached. At this point 
a few very coarse grains are*found, and when the temperature is 
raised to 2300 °F (1260 °C) the entire structure is composed of these 
coarse grains with an intercept grain count of 0.34". An exactly 
similar behavior is shown by the steel 6-5-4-2 in Fig. 2. These are 
typical cases of discontinuous grain growth by process similar to 
nucleation and growth and similar to the secondary recrystallization 
of metals. 

As in the case of nucleation and growth, it is expected that more 
nuclei would be effective at higher degrees of superheat above the 
temperature of sudden growth to create a finer grain size at these 
temperatures. Such is actually observed. Fracture examination 
clearly reveals the striking difference in grain size caused by this 
effect, even though both samples are extremely coarse. Fig. 3 shows 
the fracture appearance of an 18-4-1 sample quenched first from 
2350 °F (1290 °C) and second from 2300 °F (1260 °C). Ata grain 
size of 0.34 intercept, this is a very coarse “fish-scale” pattern. The 
same steel treated from 2350 °F (1290 °C) on the second hardening 
has a grain size of 0.98 and a much finer “fish-scale” pattern, as 
shown in Fig. 4. 


The sudden growth at a critical coarsening temperature can yield 
instances of enormous grain size contrast, especially when only a few 
new grains are actively growing. Fig. 5 is an actual tracing of a 
single coarsened grain growing in a matrix of normal grains in an 
18-4-1 steel treated first from 2350 °F (1290 °C) and then rehard- 
ened at 2275 °F (1245 °C). The intercept grain size of the normal 
grains was 12.6. This grain was found in a polished surface 12-inch 
square in which area only one other coarsened grain could be found. 

Actual photomicrographs of fine grains below the coarsening 
temperature, mixed grains at this temperature, and coarsened grains 
above it are shown for 6-5-4-2 steel in Figs. 6, 7, and 8 respectively. 
It is important to a later discussion of this problem to note that 


2Grains intercepted by a 5-inch line at x 1000. 
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Fig. 3—Fracture of 18-4-1 Steel Prequenched 
From 2350 °F and Then Hardened From 2300 °F. 
Intercept grain size 0.34.  X 5. 

Fig. 4—Fracture of 18-4-1 Steel Prequenched 
From 2350 °F and Then Hardened From 2350 °F. 


Intercept grain size 0.98. xX 5. 


1.) The fine grains of rehardened steels have a darker 
background than the coarsened grains. 

2.) The fine grains of rehardened steels have a darker 
background than similar sized grains in single 
hardened steels. 

To get additional data concerning the exact nature of the 
phenomenon of grain growth on double hardening, a study of eight 


different commercial high speed steels was made. 
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Samples 42-inch square or round by ™%-inch long for each of 
the following steels were prepared: 


184-1 (Steel 1, Table I) 
6-54-2 (Steel 2, Table 1) 
8-4-2 (Steel 3, Table I) 
20-4-2-12 (Steel 4, Table 1) 
18-42 (Steel 7, Table I) 
1.5-8-4-1 (Steel 8, Table I) 
6-5-4-4 (Steel 9, Table I) 
13-5-5-5 (Steel 10, Table 1) 










TS 


TOS ORY 









Fig. 5—Tracing of a Coarse Grain in a Matrix of Normal Grains for 18-4-1, 
2350-2275 °F. X 200. 


Twelve samples of each steel were first hardened from each of 
a series of temperatures from 1600 °F (870°C) up to the normal 
maximum hardening temperature. Temperature intervals of 100 °F 
at low temperatures and 50 °F at high temperatures were employed. 
One sample of each series was retained in the single-quenched state 
for grain size measurements. All other samples from each lot were 
rehardened at approximately the same series of temperatures. All 
preheating and hardening was conducted in gas-fired, semi-muffle 
furnaces, and all quenching was done in oil. Samples were held at 
the hardening temperature for 30 seconds after they had uniformly 
reached this temperature. 
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Fig. 6—Fine Grain Microstructure of the 6-5-4-2 Steel. Prequenched from 2225 
°F and then quenched from 2100 °F. Nital etch. X 500. 





Fig. 7—-Mixed Grain Microstructure of the 6-5-4-2 Steel. Prequenched 
2225 °F and then quenched from 2150°F. Nital etch. X 500. 


from 


Coarsening curves for only four of the eight steels are presented 
in this paper (Figs. 9, 10, 11, and 12), since these represent the typical 
patterns found in, the others. Curves presented are for the four 
standard general-purpose steels: 18-4-1, 6-5-4-2, 8-4-2 and 1.5-8-4-1. 

These four charts show the relation between the intercept grain 
size and the temperature of final austenitizing. On each is the grain 
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Fig. 8—Coarse Grain Microstructure of the 6-5-4-2 Steel. Prequenched from 
2225 °F and then quenched from 2175 °F. X 500. 
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Fig. 9—Grain Coarsening Curves for the 18-4-1 
Steel After the Second Austenitizing Treatment. The 
prequench temperatures are printed near each curve. 
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Fig. 10—Grain Coarsening Curves for the 6-5-4-2 Steel 
After the Second Austenitizing Treatment. The prequench 
temperatures are printed near each curve. 


size : hardening temperature relationship for a single heat treat- 
ment. A study will reveal that.there are again two basic patterns 
which are related to the coarsening patterns on initial hardening 
disclosed in Fig. 1. Thus, the patterns for 18-4-1 and 6-5-4-2 and 
1.5-8-4-1 shown in Figs. 9, 10, and 12 are somewhat different than 
those for 8-4-2 shown in Fig. 11. These differences are especially 
noted when the initial hardening temperature is below 2000 °F 
(1095 °C). In the case of samples exhibiting a flat coarsening curve 
on first hardening, there appears to be a refinement in grain size at 
second hardening temperatures up to 2100 to 2200°F (1150 to 
1205 °C) following initial hardening between 1600 and 2000 °F (8/0 
and 1095 °C). This refinement is of little practical value, however, 
since it disappears at the hardening temperatures required for normal 
cutting operations. It may be useful on those tools used for punches 
or dies and normally hardened from low temperatures. In the case 
of those steels having a rather steep coarsening curve on single hard- 
ening, there is little or no refinement caused by using a prequench 
from temperatures below 2000 °F (1095 °C) and, as a matter of 
fact, the coarsening curve for the second hardening is very similar 
to that for the first hardening. Coarsening curves during second 
hardening for prequenching temperatures of 1600 to 1900 °F (870 
to 1040 °C) are identical in all cases except for 18-4-1, where the 
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1800 and 1900 °F (980 and 1040 °C) curves are displaced to coarser 
values. 

The single hardening grain size curve determines the initial 
grain size obtained on rehardening when the initial hardening temper- 
ature is 2100°F (1150°C) or higher. Thus, if steel 8-4-2 is 
quenched from 2200 °F (1205 °C), a grain size of 14-16 develops. 
On rehardening to 2100 °F (1150 °C), the lowest temperature at 
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_ Fig. 11—Grain Coarsening Curves for the 8-4-2 Steel 
After the Second Austenitizing Treatment. The pre- 
quench temperatures are printed near each curve. 


which the grains were clearly delineated, the grain size was the same 
(see Fig. 11). Similarly, initial hardening from 2250 °F (1230 °C) 
gives a grain size of 6 to 8, which is also obtained if rehardened from 
2100 °F (1150 °C). It is presumed that the grain size so developed 
at 2100 °F (1150 °C) exists at lower temperatures of austenitizing. 
These grains do not change in size until abrupt coarsening is encoun- 
tered. For initial hardening temperatures below 2100 °F (1150 °C), 
the grain size after rehardening is not necessarily determined by the 
single austenitizing curve, since one cannot determine what the grain 
size was at the time of the initial quench. Some later data to be 
presented will show that a refinement is possible, however, when low 
initial quenching temperatures are employed. 
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Fig. 12—Grain Coarsening Curves for the 1.5-8-4-1 Steel After 
the Second Austenitizing Treatment. The prequench temperatures 


are 
printed near each curve. 


[t should be emphasized that there are two kinds of grain coarsen- 
ing taking place on the rehardening of quenched samples of high 
speed steel. These two types of coarsening, continuous and discon- 
tinuous, must be distinguished and careful microscopic examination 
is required to decide which is occurring. The shape of the curves 
shown in Figs. 9 to 12 inclusive is somewhat of a clue as to the 
presence of each type but is not an absolute criterion. For discon- 
tinuous coarsening the curves drop off abruptly over a narrow tem- 
perature range when 18-4-1 and 6-5-4-2 are considered, but slope 
slightly when the molybdenum steels, 8-4-2 and _ 1.5-8-4-1, are 
examined. | 

Continuous coarsening is a gradual enlargement of the average 
grain diameter as either the austenitizing time or temperature is 
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increased. At no point during such a process is there a great contrast 
in the diameters of grains visible on microscopic examination and, 
thus, there is no abrupt change in the grain size over any narrow 
temperature interval. In Fig. 9, for 18-4-1 high speed steel, the 
curves for initial hardening temperatures of 1600 to 2000 °F (870 
to 1095 °C) inclusive represent continuous coarsening. These curves 
are rather flat, similar to the coarsening curve for the single austeni- 
tizing treatment. For the 6-5-4-2 steel the curves representing initial 
hardening temperatures of 1600 to 1900 °F (870 to 1040 °C) inclu- 
sive represent continuous coarsening, as do the same curves for the 
molybdenum steels shown in Figs. 11 and 12. Discontinuous coarsen- 
ing starts in the 18-4-1 steel at a rehardening temperature of 2100 °F 
(1150°C); in the 6-5-4-2 steel at a temperature of 2000°F 
(1095 °C) ; in the 8-4-2 steel at a temperature of 2050 °F (1120 °C), 
and in the 1.5-8-4-1 steel at a temperature of 2000 °F (1095 °C). 
At these temperatures and above, abnormal coarsening takes place 
and over a very narrow temperature range the grain size changes 
abruptly, started by the formation of a few extremely large grains 
in the normal matrix. It is interesting to note that this process can 
take place almost regardless of the initial grain size. For instance, 
the steel 8-4-2 prequenched from 2100 °F (1150 °C) and rehardened 
at 2050 °F (1120 °C) has a grain size of 21 and shows abnormal 
coarsening to a grain size of 2 when the rehardening temperature is 
only 50°F higher. The same steel when initially overheated to a 
temperature of 2250 °F (1230 °C) and a grain size of 8 retains this 
grain size of 8 on rehardening to 2150 °F (1175 °C), but at 2200 °F 
(1205 °C) has discontinuously coarsened to a grain size of 3. It is 
also interesting to note that, similar to the initial example considered 
in Fig. 2, the ends of the discontinuously coarsened curves tend to 
curve up to finer grain sizes in almost all instances. 

Examination of these curves leads to the very obvious concept 
of a coarsening temperature, which is plotted for each of the steels 
in Fig. 13, as a function of the first austenitizing temperature. In 
all instances, the curves have a similar shape. As the initial harden- 
ing temperature is lowered, the coarsening temperature is lowered 
in an almost linear relationship, but passes through a minimum, so 
that for low initial hardening temperatures the coarsening tempera- 
ture again increases. In the upper portion of these curves the 
coarsening temperature is 50 to 100°F lower than the prequench 
temperature. It should be emphasized that these curves represent 
the discontinuous coarsening temperature, and the points used in 
preparing them have been selected as the point at which the grains 
are 50% coarse and 50% fine by area during the second hardening 
operation. Since the curves of grain size versus rehardening temper- 
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Fig. 13—Coarsening Curves for the Four High Speed 
Steels—18-4-1, 6-5-4-2, 8-4-2, and 1.5-8-4-1. 


ature are steep at this point, very little difficulty is encountered in 
pinpointing this coarsening temperature within a narrow tempera- 
ture range. 

The presence of a coarsening temperature could possibly continue 
to still lower initial austenitizing temperatures, if either a higher 
rehardening temperature or a longer rehardening time were possible. 
Thus, for the steel 6-5-4-2 in Fig. 10, the sample initially quenched 
from 2000 °F (1095 °C) and then rehardened at 2250 °F (1230 °C) 
shows the presence of 50% abnormally large grains. It is possible 
that if one had extreme control over the second hardening conditions, 
a coarsening temperature for samples initially hardened at 1900 °F 
(1040 °C) would be found that would be discontinuous in nature. 
The steel 20-4-2-12 showed discontinuous coarsening at temperatures 
of 2350 to 2400 °F (1290 to 1315 °C) when the initial hardening 
temperature was as low as 1700 °F (925 °C), lending credence to 
the above speculation. 

The other four steels studied showed exactly similar behavior. 
A summary of some of the results is shown in Table II. These results 
are selected to bracket the coarsening temperature, and show for 
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several prequench temperatures the grain size prior to and following 
discontinuous coarsening. Note that the grain size resulting from 
discontinuous coarsening of steel 20-4-2-12 for prequench tempera- 
tures of 2000 °F (1095 °C) and below is 7 to 9. Although there can 
be no doubt of the occurrence of this coarsening phenomenon here, 
it did not result in “fish-scale’’ fractures. Also, note that these data 


Table II 


Summary of Coarsening Experiments on Four Specific High Speed Steels 
Not Discontinuously Discontinuously 
- ——Coarsened — ————_—————Coarsened 
Steel Prequench Rehardening Grain Rehardening Grain 
Designation Temp., °F Temp., °F Size Temp., °F Size 
20-4-2-12 2400 2200 6.8 2300 0.27 
2350 2200 15.0 2250 0.50 
2200 2150 18.6 2200 2.6 
2000 2100 17.5 2300 Via 
1800 2200 19.1 2350 7.9 
1700 2300 19.4 2350 9.2 
18-4-2 2400 2300 8.6 2325 0.20 
2350 2250 15.4 2275 0.24 
2200 2150 14.2 2200 a2 
2100 2200 15.2 2300 3.0 
6-5-4-4 2250 2175 13.8 2200 0.57 
2150 2150 14.5 2200 0.80 
2050 2200 15.8 2250 1.0 
13-5-5-5 2250 2175 15.2 


2200 0.94 


as well as the curve of Figs. 9 to 12 show that the lower the prequench 
temperature the finer the coarsened grain size. 

At this point reference should be made to a contribution on this 
subject by Sadovski, Malyshev and V’yal’ (3). In this recent paper 
the authors studied an 18-4-1 steel which apparently had a coarsening 
tendency on initial hardening similar to that for the steel 8-4-2 of 
Fig. 1. However, the grain size was evidently coarser at all temper- 
atures than that typical of the high speed steels used by the present 
authors. Their criterion of coarsening was the attainment of a grain 
size corresponding to an arbitrarily fixed average grain diameter of 
0.5 to 0.7 mm and not microscopic examination of a series of samples 
to determine if the growth were discontinuous. They obtained a 
coarsening curve for the 18-4-1 steel exactly similar to those of 
Fig. 13, and indicated that for a first hardening temperature of 
1830 °F (1000 °C) a coarsening temperature of 2370 °F (1300 °C) 
was found. Without careful microscopic observation, this could 
have been the result of continuous coarsening to grain size larger 
than their arbitrary standard, and thus at least the bottom portion of 
their curve may have. been the result of nondiscontinuous growth. 
For the steel reported in their work, the reversal of the coarsening 
temperature occurred at a first hardening temperature of 2100 to 
2140 °F (1150 to 1170 °C), and at a rehardening temperature of 
2010 to 2100 °F (1100 to 1150 °C), both of which are lower than 
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Fig. 14—-Tempering Curves for the 18-4-1 Steel 
After the Austenitizing Treatments Tabulated on the 
Chart. Double tempers for 2.5 hours at temperatur« 


each time. 


that found in the 18-4-1 steel reported here. These differences are 
undoubtedly associated with the difference in the criterion employed 
and in the average coarsening behavior of the steel chosen. The 
liscontinuous coarsening noted for steel 20-4-2-12 in Table II would 
not have been recognized by this technique. 


RELATED EFFECTS 


It has long been known that samples of high speed steel with a 
“fish-scale” fracture have different cutting characteristics and lower 
toughness. Since it was felt that there might be a significant differ- 
ence in the actual matrix composition of coarsened steels, an investi- 
gation of the effect of the coarse fracture on tempering as measured 
by hardness change was conducted. Fig. 14 illustrates that the 
coarsening phenomenon has little or no effect on the tempering 
reaction, except that the double heating adds to the degree of carbide 
solution obtained. Curve 2350 in Fig. 14 is for samples singly 
quenched from 2350,°F (1230 °C), and this shows slightly less resist- 
ance to tempering than curve 2350-2350, which is for double quench- 
ing from the same temperature (coarsened). Curve 2250 is for 
single quenching from 2250 °F (1230°C) and shows slightly less 
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Fig. 15—-As-Quenched Hardness Curve for All of the 
6-5-4-2 Specimens Which Were Double Quenched. 


softening resistance than curve 2350-2250, which is for double 
quenching, first from 2350°F (1290°C) and then from 2250 °F 
(1230°C). The samples represented by curve 2350-2250 are not 
coarsened since they were hardened more than 75 °F below the initial 
heating temperature, and yet the extra heating has caused an increase 
in the alloy solution and tempering resistance. 

Fig. 15 illustrates the effect of coarsening on the quenched hard- 
ness. In this case all samples of 6-5-4-2 steel used to determine 
Fig. 10 were checked for quenched hardness which is charted as a 
function of the second austenitizing temperature. Between 2100 and 
2250 °F (1150 and 1230 °C) a large number of the samples were 
coarsened but there is no discontinuous effect in the quenched hard- 
ness curve which, in general, shows what would be expected for a 
single hardening treatment. As a further observation on a related 
phenomenon, microhardness readings were made on a sample of 
6-5-4-2 showing both fine and coarse grains in the as-quenched state. 
The sample was prequenched from 2250 °F (1230 °C) and rehard- 
ened from 2175 °F (1190°C). Knoop hardness tests using a 200- 
gram load gave indentation length readings of 2.21 to 2.34 units on 
fine grains and 2.24 to 2.31 on coarse grains. The average Knoop 
hardness value was identical within accuracy of the method, being 
858 for fine grains and 843 for coarse grains. 
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OTHER STEELS 


It has been previously observed that grain growth or “fish-scale”’ 
fracture could be found in other high alloy tungsten-bearing steels, 
but a complete exploration has not been made of the possibility of 
finding this phenomenon in considerably lower alloy materials, with 
or without tungsten. Since it was felt from a theoretical point of 
view that the selective precipitation and coalescence of carbides might 
be responsible for the release of the phenomenon and the starting of 
grain coarsening (1, 2), steels with quite different types and amounts 
of carbides were investigated. These included 

a.) 1.34% carbon tool steel. 
b.) 1.25% carbon, 1.75% tungsten, 0.8% chromium 
die steel, 
c.) 1.50% carbon, 12.00% chromium, 1.00% molyb- 
denum high carbon — high chromium steel. 
d.) 0.35% carbon, 5.00% chromium, 1.00% molyb- 
denum, air hardening hotwork die steel. 
e.) 0.35% carbon, 9.00% tungsten, 3.00% chromium 
hotwork die steel. 
The data obtained, while not completely eliminating all possibility of 
discontinuous coarsening, reveal that steels a and b do not abnormally 
coarsen ; that steels c and d did not coarsen in these tests, and steel e 
coarsened. Fig. 16 is the grain size versus austenitizing temperature 
curve for single and double quenching for the carbon tool steel. It 
will be noted that there is a significant refinement in grain size from 
the very low hardening temperatures below 1550 °F (845 °C), and 
it is felt that this same refinement might be present in high speed 
steels at low hardening temperatures where microscopic measurement 
of the grain size is impossible. This same refinement at hardening 
temperatures below 1650 °F (900 °C) was noted for the low tungsten 
die steel, b, as shown in Fig. 17. Refinement here was quite notice- 
able and measurement was somewhat limited by the fracture grain 
size scale, which stops at a value of 10. At no time was there any 
evidence of a discontinuous type of coarsening occurring on the 
second hardening in either of these steels. Efforts to prove the 
presence or absence of discontinuous coarsening in steels c and d 
were complicated by the difficulty of revealing the grain boundary 
outlines at normal and low austenitizing temperatures. From a 
careful examination of the shape of the grains, and the amount of 
grain contrast, it was concluded that there was no coarsening within 
the scope of this investigation. The tungsten hotwork steel, number 
e, however, definitely coarsened at an extremely high coarsening 
temperature when initially hardened from 2250°F (1230 °C). 
Coarsening occurred on reheating at a temperature between 2200 


and 2250 °F. 
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Tool Steel. 


MEANS OF AvorIpDING DISCONTINUOUS GRAIN 
GROWTH ON SECOND HARDENING 


Numerous investigations in the past have demonstrated that once 
high speed steel has been hardened from a normal hardening temper- 
ature it must be annealed before a second hardening treatment is 
conducted, in order to avoid “fish-scale” formation. A full annealing 
consisting of heating to 1550 to 1650 °F (845 to 900 °C) and furnace 
cooling has been proved effective in this regard. Occasional refer- 
ences to other treatments which prevent coarsening on second harden- 
ing have been made. Gill (4) reported the success of a treatment 
as shown in Table III, stating that a sample of 18-4-1 high speed 
steel given this slow heating cycle as a preheat during the second 
hardening did not become coarse at 2350 °F (1290 °C) until more 
than three or four hardening and controlled heating cycles had been 
carried out. The paper by Sadovski et al, mentioned earlier, reported 
that a 96-hour tempering treatment at 1470°F (800°C) was also 
successful in preventing the tendency to coarsen during rehardening. 
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Fig. 17—Grain Size Versus Austenitizing Temper- 
ature for Single and Double Quenching for the Low 
Tungsten Die Steel. 


In preliminary work connected with this investigation, and conducted 
by Kula and Cohen (1), it was established that an 18-4-1 steel initially 
hardened at 2350 °F (1290°C) would coarsen on rehardening at 
2350 °F if held between the two quenching treatments for either 2 
hours at 1450°F (800°C), 3 hours at 1650°F (900°C), or 24 
hours at 1650 °F (900 °C). In addition, Kula established that hot- 
quenched steels subsequently air-cooled to martensite had the same 
tendency to coarsen as did oil-quenched steels, but that if a steel of 
the 18-4-1 type was quenched to 1300 °F (705 °C) from 2350 °F 
(1290 °C) to permit the formation of at least 50% spheroidite 
isothermally before reheating to 2350°F (1290 °C) it would not 
coarsen. If less than 50% spheroidite were permitted to form and 
the steel was quenched to room temperature and then reheated to 
2350 °F (1290 °C), coarsening would result. Also, Kula demon- 
strated that if more than 25% bainite were formed isothermally at 
600 °F (315 °C) after austenitizing at 2350 °F (1290 °C), direct 
reheating to 2350 °F (1290 °C) would cause discontinuous coarsen- 
ing. These experiments have all tended to show that an acicular 
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Table III 


Effect of Slow Heating on Coarsening Tendency of 18-4-1 
and 6-5-4-2 High S Steels 


Grade: 18-4-1 














—— —— Treatment 
2350 °F—Original Controlled 2350°F—Modified Controlled 
Size Bar 2350-2350 °F eating Cycle* Heating Cyclet 
2 \%-inch round Coarse Fine—Few Coarse Fine 
1%-inch round Coarse * Coarse Fine 
l-inch round Coarse Coarse and Fine Fine 
\4-inch round Coarse Coarse Coarse 
Grade: 6-5-4-2 
— - Treatment— —— ~ 
2250 °F—Original Controlled 2250°F—Modified Controlled 
Size Bar 2250-2250 °F Heating Cycle* Heating Cyclet 
2-inch round Coarse Fine—Few Coarse Fine 
1%-inch round Coarse Coarse Fine 
Fine (around edge) 
1-inch round Coarse Coarse Coarse 
16-inch round Coarse Coarse Coarse—Fine 





*Original Controlled Heating Cycle +Modified Controlled Heating Cycle 


1100 °F—even out 1100 °F—even out 
1200 °F—even out 1200 °F—even out 
1325 °F— hour 1325 °F—\ hour 
1350 °F—¥ hour 1350 °F— hour 
1375 °F— hour 1375 °F—\ hour 
1400 °F—1 hour 1400 °F—1 hour 
1425 °F—1 hour 1425 °F—1 hour 
1450 °F—1 hour 1450 °F—1 hour 
1550 °F—even out 1475 °F—1 hour 
1500 °F—1 hour 
at Quenching Temp., 30 sec 1525 °F—1 hour 
Quench in Oil 1550°F—1 hour 


at Quenching Temp., 30 sec. 
Quench in Oil 


starting structure is necessary in order to cause a steel to have a 
tendency for sudden grain growth on rehardening, and that even 
though this acicular structure be tempered considerably, the tendency 
may still remain. Full annealing presumably eliminates by spheroid- 
ization or carbide coalescence the tendency to coarsen, and it would 
be expected that long isothermal holds just under the lower trans- 
formation temperature would behave similarly. That the treatment 
prescribed by Gill (4) for 18-4-1 steel is not necessarily foolproof 
in all instances and probably depends on minor variations of heating 
rate or starting material is shown by the experiments conducted with 
different sized pieces of 18-4-1 and 6-5-4-2 steel and reported in 
Table III. In this case it will be noted that the original treatment 
recommended did not completely prevent coarsening in all sizes but 
that a modification of it extending the slow heating to higher and 
higher temperatures was more effective. It is felt that the net effect 
of the modified treatment was to provide a longer effective hold 
between 1475 and 1500 °F (800 and 815 °C), which would coincide 
with the reports of Sadovski (3). While coarsening was not pre- 
vented, the coarsening temperature was clearly raised 75 °F. Without 
the controlled heating cycle, the 6-5-4-2 samples would have coars- 
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ened at 2175 °F (1290 °C) and the 18-4-1 at 2275 °F (1245 °C). 
That so many instances of mixed coarse and fine grains were encoun- 
tered is proof that the second hardening temperature employed was 
the coarsening temperature. This concept of shifting the coarsening 
temperature by intermediate treatments rather than the generally 
accepted view of previous investigators that such treatments elim- 
inated the coarsening tendency is important and dictates the full 
exploration of a series of rehardening temperatures if accurate 
evidence is to be obtained. It should also be mentioned that the 
tendency to coarsen under these conditions is not uniform across the 
cross section of a bar, as shown in Figs. 18 and 19, which are photo- 
graphs of the fractures of samples not completely freed of the 
coarsening tendency by subjecting them to the original treatment. 
In these cases isolated patches of coarse grains may remain or an 
entire rim of fine grains may surround a coarse-grained interior. 


MEANS OF ELIMINATING COARSENED GRAINS 


The literature also mentions the elimination of the coarse “‘fish- 
scale” fractures partially by means of annealing before a third hard- 
ening and by means of hot working. It had been generally agreed 
that no single annealing treatment after obtaining “‘fish scale” can be 
completely effective in removing it but that double or triple annealing 
will almost completely remove the condition. These experiments 
have served to clarify the fact that if a coarse grain exists because 
of single heating to a high temperature, or double heating to produce 
‘fish scale”, any reheating in the austenite range, even at a tempera- 
ture as low as 1600 °F (870 °C), will produce an austenite grain size 
that is approximately equal that of the sample as previously hardened. 
It may be interesting to note in this connection that Sadovski’s report 
(3) of a narrow refining zone in the neighborhood of 1900 to 
2000 °F (1040 to 1095 °C) during third hardening of previously 
coarsened high speed steel was not confirmed by experiments with 
6-5-4-2 during the course of this investigation. Samples which have 
been coarsened to produce “fish-scale” fractures by double quenching 
have coarse austenite grain sizes when heated a third time, even 
though the third heating temperature be as low as 1800 °F (980 °C). 

It has been shown in this work that multiple annealing of 
coarsened high speed steel can successfully remove the extremely 
coarse grains, but the degree of refinement is not as great as that 
which might be desired. 

Samples of 6-5-4-2 were double hardened from 2250 °F 
(1230 °C) and then-annealed successively at 1650 °F (900 °C) for 
one to five times. After each anneal a sample was hardened from 
2250 °F (1230°C) and the resultant grain sizes are shown in 
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Fig. 18—Fracture of the 1-Inch Round 18-4-1 Steel Prequenched 
From 2350 °F and Then Given the Original Controlled Heating Cycle and 
Quenched From 2350°F. X 3 





Fig. 19—Fracture of the 2-Inch Round 6-5-4-2 Steel Prequenched From 2250 °F 


and Then Given the Modified Controlled Heating Cycle and Requenched From 2250 


°F. 


x 3. 





— — 
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Table IV 
Effect of Multiple Annealing on Coarsened Grain Size 
6-5-4-2 High Speed Steel 


Heat Treatment 


Hardened Number of Anneals Intercept Grain Size 
2250 °F 1650 °F After Final Hardening at 2250° F 
Single gi 13.2 
Double .< 0.76 
Double 1 7.0 
Double 2 7.8 
Double 3 9.5 
Double 4 9.6 
Double 5 10.3 
Cable IV. The major refinement takes place as a result of the first 


anneal, and subsequent anneals are effective to a smaller degree. 
However, it should be noted that a grain size of 7 (after one 
anneal) would be considered commercially coarse, whereas a grain 
size of 10.3 (after five anneals) is commercially acceptable for 
many tools. 

In addition, it has been established that single annealing after 
double quenching 18-4-1 from 2350 °F (1290°C) will remove the 
tendency for discontinuous coarsening when reheating to 2350 °F 
(1290 °C). However, an extremely fine grain size will not result. 
In one instance the grain size after such a combination of treatments 
was 8.5. Also, it has been demonstrated by Kula that the grain size 
on third hardening with an intermediate anneal is a function of the 
grain size after the second hardening. 


RELATED MICROSCOPIC OBSERVATIONS 


Several interesting observations were made during microscopic 
examination of the samples treated near the coarsening temperature. 
The relatively fast rate of grain growth in certain directions as 
compared to others is apparent by studying the somewhat irregular 
nature of the boundary of the grain trace shown in Fig. 5. This is 
illustrated to a considerable extent by the actual photomicrograph 
shown in Fig. 20, which also demonstrates that even in an apparently 
coarsened grain there are frequently isolated remnants of fine grains 
which have not yet been completely absorbed by the new orientation. 
An additional characteristic of this phenomenon on a microscopic 
scale is the obvious irregularity of the newly formed grain boundary 
between two coarsened grains. This was noted in almost all instances 
where two coarsened grains met and is shown in Fig. 21 for 6-5-4-2 
double hardened from 2250 °F (1230 °C). Perhaps the most reveal- 
ing microscopic observation concerns the difference in the etching 
characteristics of the fine, uncoarsened grains and the coarsened 
grains. This difference, which cannot be explained on the basis of 
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Fig. 20—Microstructures of the 18-4-1 Steel Prequenched From 2350°F and 
Then Quenched From 2275 °F. Nital etch. X 1500. 


their relative size, consistently caused the originally fine grains to 
appear much darker than the coarsened grain, and in many instances 
a very clearly defined subgrain structure was noted in the uncoarsened 
portions. Examples of this substructure and the difference in grain 
darkening are shown in Fig. 22. 
These photomicrographs represent the stage of initial coarsening 
of 6-5-4-2 samples prequenched from 2250 °F (1230 °C), given the 
controlled heating cycle No. 1 of Table III and rehardened from 
2250 °F (1230°C). All grains in Fig. 22a are apparently uncoars- 
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Fig. 21—Microstructure of the 6-5-4-2 Steel Prequenched From 
Then Quenched From 2250 °F. Nital etch. X 500. 


2250 °F and 


ened, but one small grain and a portion of another on the left edge 
are clear and etch white, while all others are darkened. This grain 
is free of the subboundary structure shown to be present in all the 
others in the high magnification picture, Fig. 22c. It is appar- 
ently either a tip of a coarsened grain or a small grain just ready to 
begin rapid growth. Remnants of unassimilated grain boundaries 
and subgrain traces are revealed in Figs. 22b and 22d. The incom- 
plete grain boundary markings frequently seen in single-quenched 
high speed steel are obviously remnants of or poorly developed 
subgrains similar to those shown in Fig. 22. They are never sufficient 
to be related to coarsening behavior in such cases. Thus, while 
coarsened grains etch much lighter than fine grains ready to coarsen, 
they still are not single-phased or uniform. In addition to large 
carbides they contain fine undissolved carbides sometimes aligned in 
traces similar to the subgrain boundaries. Complete solution of the 
carbides obviously precipitated on the subgrain boundaries is not 
essential for discontinuous growth. A critical amount of solution 
(lightening of the background) is apparently necessary. It is felt 
that the heavily etching subgrain boundaries arise from a precipita- 
tion of alloy carbides on discontinuities within the grain arising from 
and related to the formation of martensite or other acicular structures. 
Also, many times the subgrain boundaries appear to be along original 
austenite twins. 

In no instance were these subgrains found in samples which did 
not subsequently coarsen in a discontinuous manner. The subgrains 
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Fig. 22—Microstructures of the 2-Inch Round 6-5-4-2 Steel Prequenched From 
2250 °F and Then Given the Original Controlled Heating Cycle and Quenched From 
2250 °F. Nital etch. a and b, X 500. c and d, X 1500. 


formed in samples with a low prequench temperature (for example, 
steel 20-4-2-12 prequenched 1800°F (980°C) and requenched 
2350 °F (1290°C) had a relatively clear background and little 
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contrast with the coarsened grains, while those in samples with high 
prequench temperatures (steel 20-4-2-12) prequenched 2400 °F 
(1315 °C) and requenched 2200 °F (1205 °C) had an extremely 
dark background prior to coarsening. These prequench temperatures 
are on opposite sides of the minimum in the coarsening curves, such 
as shown in Fig. 13. 


SUMMARY AND CONCLUSIONS 


It has been demonstrated that in all high speed steels a structural 
condition results from certain initial hardening treatments that causes 
discontinuous grain coarsening (and “‘fish-scale” fractures) when the 
steel is reheated above the coarsening temperature. The important 
observations relating to this phenomenon are as follows: 

1.) Both continuous and discontinuous coarsening 

take place on rehardening. Continuous coarsening 

occurs when a low prequench is used. 

A coarsening temperature for discontinuous coars- 

ening exists which depends upon the prequench 

temperature, 

3.) A minimum coarsening temperature exists for 
prequench temperatures in the neighborhood of 

2100 °F (1150 °C). 

4.) The coarsened grain size increases as the pre- 

quench temperature increases. 

Maximum grain size is obtained just above the 

coarsening temperature. 

6.) The grain size established at 1600 to 2000 °F (870 

to 1095 °C) on reheating high speed steel that 

was prequenched from 2100°F (1150°C) or 

higher approximately equals the prior austenite 

grain size. 

The coarsening temperature is shifted to higher 

values by annealing, very long tempering, or con- 

trolled slow heating following a single quench. 

8.) Acicular structures seem to be required as a start- 
ing point for discontinuous coarsening. 

9.) Annealing refines the coarsened grain and multiple 
anneals continue to refine it slightly. 

10.) Discontinuous coarsening has no effect, per se, on 
the quenched hardness or tempered hardness of 
high speed steels. 

11.) Discontinuous coarsening occurs in 9.00% tungsten 
hotwork steels but was not found in lower alloy 
tool and die steels. 

12.) The presence of subgrain boundaries in rehardened 
samples seems a prerequisite for or a companion 
phenomenon to discontinuous coarsening. 

13.) Coarsening is accompanied by a lightening of the 
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grain background (partial solution of fine carbides 
or elimination of subboundaries, or both). 
14.) The higher the prequench temperature, the darker 
the uncoarsened grain, just prior to coarsening. 
These facts must all be accounted for by any theory intended 
to explain the abnormal growth in high speed steels. A _ possible 





First Austenitizing Temperature - °F 








1600 
Melting 
Point 
Coarsening Temperature - °F 


Fig. 23—Schematic Representation of Coarsening 
Temperature and Its Relation to Prequench Tempera- 
ture. 

Condition 1—From annealed structure—no_ sub- 
grains—slow carbide solution rates—mno coarsening. 

Condition 2—1600 to 1900 °F—MasCe at subgrain 
boundary through austenite transformation—later dis- 
solves—few subgrains present—slight coarsening tend- 
ency. 

Condition 3—1900 to 2100 °F—same as 2 except 
many subgrains—more coarsening tendency. 

Condition 4—2100 to 2200°F—many subgrains 
keyed by few MeC carbides. 

Condition 5—2200°F ‘and* up—many subgrains 
keyed by many McC carbides. 

Zone A—About this temperature zone the MasCe 
carbide is completely dissolved and the MeC carbide is 
just beginning to dissolve. 


explanation, the main points of which are shown schematically in 
Fig. 23, is briefly discussed below. 

Discontinuous coarsening does not occur from annealed struc- 
tures [see (1) in Fig. 23] in which all carbides are fully precipitated 
as fairly large spheroids. Such high speed steels are inherently 
fine-grained and coarsen continuously and gradually to the melting 
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point. The restraining influence of the slowly dissolving carbide 
particles is potent. If samples are austenitized from increasing 
temperatures of 1600 to 2100 °F (870 to 1150 °C) [see (2) and (3) 
in Fig. 23], the M,,C, carbides are progressively dissolved and 
disappear while the M,C carbides are dissolved only slightly. 
Quenching retains these carbides in solution, and reheating causes 
their precipitation in finely dispersed form on points of discon- 
tinuity created by the acicular transformation, grain boundaries, and 
twin boundaries. These precipitated carbides key the subboundaries 
and prevent the full reorientation of such zones into normal austenite 
grains during the ferrite-austenite transformation. On _ further 
heating, even though the M,,C, carbides dissolve, the subgrains are 
stable until higher temperatures are reached. The degree of such 
stability probably depends on the number of subgrains present. When 
only a few are retained [(2) in Fig. 23] the situation is not unlike 
that of austenitizing annealed steels and no coarsening occurs, or it 
occurs Only at high rehardening temperatures. As more subgrains 
are carried through to the austenite because of higher amounts of 
M,.,C, carbides at the boundaries and accordingly because of higher 
prequench temperatures [(3) in Fig. 23], their assimilation in one 
grain by orientation change leads to greater and greater effective 
grain size contrast. This affords an increasing driving force for 
discontinuous growth and a lower coarsening temperature. 

When the prequench temperature is increased to 2100 °F 
(1150 °C) or higher [(4) and (5) in Fig. 23], significant quantities 
of the Me¢C carbide are dissolved and subsequently precipitate on 
the subgrain boundaries during reheating. These carbides resist 
re-solution almost until the prequench temperature is reached and, 
despite the evidence of more numerous subgrain boundaries, they 
prevent earlier coarsening. As their quantity becomes greater they 
cause the coarsening temperature to reverse its trend and increase 
with increasing prequench temperatures. Under such conditions the 
background of uncoarsened grains appears quite dark compared to 
the light background of uncoarsened grains prequenched from below 
2000 °F (1095 °C) or the coarsened grains. When sufficient M,C 
has dissolved to permit subgrain elimination, rapid growth yields very 
coarse grains now less restrained by undissolved M,C. 
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DISCUSSION 


Written Discussion: By J. G. Morrison, chief metallurgist, Landis 
Machine Co., Waynesboro, Pa. 

The authors have made a signal contribution to our knowledge on this 
subject. While in their present investigation they have wisely elected to 
do first things first, it is hoped they will continue their investigations on 
this important phase. 

It is somewhat surprising to find such coarse grains resulting from 
prequench temperatures as low as 2000 to 2100 °F (1095 to 1150 °C) when 
followed by the relatively low rehardening temperatures (for the several 
types of steel) of 2150 to 2230 °F (1175 to 1220°C) (Figs. 9 to 12). Have 
the authors any data as regards the effect on grain size when a double 
tempering is carried out between the prequench and the rehardening tem- 
perature? Specifically, would a double draw following the 2100°F (1150 
°C) prequench of the 18-4-1 steel (Fig. 9) produce a grain size finer than 
6 when requenched from 2225 °F (1220°C) or the effect of a double draw 
on the 1.5-8-4-1 steel after a prequench of 2000°F (1095 °C) followed by 
a rehardening at 2150 which shows a grain size of 7? (Fig. 12.) 

In view of the small size of the specimens and the use of semi-muffle 
gas-fired furnaces, can atmosphere influence be precluded, considering the 
several types of molybdenum steels involved? 

Table III provokes our interest, as it indicates the modified heating 
cycle to be more effective in preventing coarsening. The essential differ- 
ence between the two cycles appears to be the rate of heating from 1375 
to 1550 °F (745 to 845°C). From our meager experience the heating rate 
(for “annealing” hardened high speed.steel prior to a rehardening) is 
important if one is to avoid excessive coarseness of grain or fish-scale on 
rehardening. It appears to us the rate of heating through the temperature 
range of 1325 to 1400°F (720 to 760°C) and possibly the rate of con- 
tinuous heating to some temperature below or above the critical temper- 
ature of the steel are of moment. 

In the manufacture of high speed steel tools it is rarely, and then 
most likely by crass accident, that a tool would be rehardened a second 
time without any intermediate treatment. The usual condition which pre- 
vails is that the tool or tools are quenched and double drawn before the 
necessity of annealing and rehardening is discovered. At times it is found 
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that a machining operation has been overlooked, or the tools are found to 
be too soft, due to overtempering, or austenitized at too low a tempera- 
ture, etc. With the quite prevalent use of salt baths, it would be of value 
to know the safe minimum time-temperature cycle that one might employ 
to “anneal” the several high speed steels which are austenitized and double 
drawn, without encountering excessive grain growth or fish-scale on re- 
hardening. 

Several years ago we carried out a number of experiments on 18-4-1, 
Type M-2 and Type M-1 steels treated at 2325, 2220 and 2175°F (1275, 
1215 and 1190°C) respectively in salt baths. After double drawing at 
1025 °F (550°C) for 134 hours in circulated air furnaces, the samples 
(approximately % by 1% by 4 inches) were rehardened at the original 
temperatures for the type steel. Other samples after double tempering 
were given various heating cycles at subcritical temperatures and cooled 
to room temperature before rehardening. The three types of steel appear 
to show that a descending degree of subcritical annealing is effective in 
preventing fish-scale on rehardening. A brief summary is given below: 

(1) 18-4-1 steel, 0.70% carbon. 
Preheat 1550 °F 
Austenitized 2325 °F 
Quench 1125 °F—air 
| Double draw 1025 °F—1% hours 





Pretreatment 





(a) Rehardened at 2325°F. Fractures showed fish-scale. 

(b) Subcritical anneals at 1350, 1485 and 1510°F and combinations 
of continuous heating at 1350 plus 1485°F and 1350 plus 1510 
°F using relatively fast heating rates between the several tem- 
peratures all showed fish-scale on rehardening at 2325 °F. 

(c) A subcritical anneal at 1510 °F for 30 minutes showed fine fish- 
scale and a mixed grain of 1 to 10 when rehardened at 2325 °F. 

(d) A subcritical anneal at 1350°F—15 minutes at temperature 
plus raising temperature to 1500°F in increments of 50°, 15 
minutes at each temperature. No fish-scale and a grain size 
of 15 resulted on rehardening at 2325 °F. 

(Il) Type M-2 steel, 0.88% carbon. 


1500 °F 

2220 °F 

1125 °F—air 

Double draw 1025 °F—1% hours 





Pretreatment | 


(a) Rehardened at 2220°F. Fish-scale fracture. 
(b) Subcritical anneal at 1350°F for 30 minutes. Rehardened. 
Fish-scale fracture. 
(c) Subcritical anneal at 1350 °F for 15 minutes, continued heating 
to 1485°F for 15 minutes. Rehardened at 2220°F. No fish- 
scale and grain size of 14. 
(111) Type M-1 steel, 0.75% carbon. 
1500 °F 
2175 °F 
1125 °F—air 
Double draw 1025 °F—1% hours 


Pretreatment 
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(a) Rehardened at 2175°F. No fish-scale. Grain size 14. 

(b) Three rehardenings at 2175 °F with double tempering between 
each did not cause fish-scale. 

(c) A 0.83% carbon M-1 steel rehardened at 2175 °F did not show 
fish-scale but had a grain size of 7. 

After all the subcritical annealing cycles the samples were taken to 
room temperature before duplicating the pretreatment cycles. 

For the past two years we have followed the practice of “annealing” 
hardened and double drawn tools of M-1 and M-2 steels where required 
as follows: Heat in a salt bath at 1350°F 
heating to 1485 °F at a rate which requires about 45 minutes to reach this 
temperature. Transfer to a salt bath furnace at 1125 °F for 30 minutes 
finish cool in air. This will produce a maximum of Rockwell C-34 which 


for 15 to 20 minutes, continue 


is quite readily machinable. To date this practice has proven adequate in 
all cases. No claim is made that the foregoing is a foolproof practice, as 
only a systematic study would give this assurance. We feel our work on 
18-4-1 insufficient to insure safety, and continue to pack anneal this steel 
using a continuous heating cycle at 1350 and 1550 °F. 

It is believed that subcritical annealing of hardened high speed steels 
prior to rehardening is a fertile field for exploration. In the facile hands 
of the authors, such a study would be most welcome. Salt baths are ad- 
mirably adapted for the study of heating rates, as thermocoupies may be 
placed aside the specimens. 

Written Discussion: By Richard F. Harvey, chief metallurgist, Brown 
& Sharpe Manufacturing Co., Providence, R. I. 

The authors are to be complimented on a carefully planned and well- 
executed study of the grain growth during the rehardening of quenched 
high speed steel. This information relative to discontinuous grain growth 
and “fish-scale” fracture should be of value to every metallurgist dealing 
with high speed steel. 

Of particular interest to the writer is the observation that the grain 
size on rehardening remains essentially unchanged below the coarsening 
temperature. The application of this fundamental information appears to 
provide the answer to one of the problems which has plagued high speed 
steel metallurgists for many years. I refer to the problem of clearly re- 
vealing the austenitic grains in hardened and tempered high speed steel 
so that an accurate determination of the grain size may be made. 

One of the principal characteristics of heat treated high speed steel 
is its austenitic grain size. It is acknowledged that grain size has a pro- 
found effect on the properties of cutting tools, including toughness, red 
hardness, abrasion, and over-all cutting ability. Needless to mention, 
there is no problem in revealing the grain size in hardened high speed steel 
before tempering. However, tempering obscures the grain size and prac- 
tically all cutting tools are in the tempered condition where it is difficult 
to clearly reveal the grain boundaries for an accurate grain size determi- 


nation. This is particularly true of the fine grain sizes, and also multiple 
tempering makes the problem even more difficult. 

It is common practice to employ a number of etching reagents in- 
cluding nital, concentrated hydrochloric acid, and alcoholic solutions of 
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Fig. 24—,%-Inch Round 1.5-8-4-1 High Speed Steel Hardened at 2140 °F 
Salt—10 Minutes. Not tempered. Grain size 19.0 x 1000. 


in 


Fig. 25—y%-Inch Round 1.5-8-4-1 High Speed Steel Hardened at 2140 °F in 
Salt—10 Minutes. Tempered at 1025 °F—2 hours, 3 times. Rehardened at 2125 °F 


in salt—10 minutes. Grain size 19.2. > 1000. 
nitric and hydrochloric acids followed by polishing back to remove some 
of the darkening effect on the grain matrix in an effort to reveal the 
boundaries. While such methods will reveal some of the grain boundaries, 
accurate grain counts are seldom obtained on tempered structures by 
present methods, and about the best a metallographer can do is to esti 
mate the grain size by comparison with standards at 1000 magnifications. 
Often this is little more than an intelligent guess as to the grain size. 

By applying the fundamental information developed by the authors, 
it has been found that hardened and tempered high speed steel may be 
rehardened below the coarsening temperature to reveal clearly the aus- 
tenitic grain size in its prior hardened condition. Thus the austenitic 
grains in hardened and tempered structures can be revealed as clearly as 
in the hardened condition. The writer is not aware of any other method 
which so successfully succeeds in accomplishing this result. 

To reveal the austenitic grains in hardened and tempered high speed 
steel I have found that the optimum temperature for rehardening should 
be about 25°F below the coarsening temperature on rehardening. How- 
ever, if the rehardening is higher and is carried into the coarsening range, 
determination of the grain size on the first hardening can still be made. 
This can be accomplished by determining the grain size of that portion of 
the structure which consists of the relatively smaller, darker-etching 
grains which are readily distinguishable from the much larger, light- 
etching grains formed in the coarsening range. 

The fine grains of rehardened high speed steel etch with a darker 
background than the coarsened grains or than similar sized grains in 
single hardened steels. While this darker background does not percepti- 
bly obscure the grain boundaries, if it is desired a very light polishing 
operation may be employed to outline the grain boundaries more sharply. 
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Figs. 24 and 25 illustrate the method of revealing the austenitic grains 
in hardened and tempered high speed steel of the 1.5-8-4-1 type. The 
sample illustrated represents a fine grain size which could not be accu- 
rately determined in the hardened and tempered condition by conventional 
methods. 

In general it has been found that high speed steel in the hardened 
and tempered condition responds in a similar manner to rehardened high 
speed steel without the intermediate tempering, with the exception that 
the intermediate tempering treatment appears to raise the coarsening 
temperature slightly on rehardening. 

It will be noted in this connection that the specimen of 1.5-8-4-1 high 
speed steel represented by Fig. 25 was rehardened at 2125°F which is 
about 25°F below the actual coarsening temperature on rehardening the 
previously hardened and tempered steel. This is somewhat higher than 
the values shown by the authors for the same steel in Fig. 12 without 
intermediate tempering. 

The technique of rehardening to clearly reveal the grain size is also 
applicable to other high and medium alloy steels which exhibit coarsening 
temperatures on the second hardening. It is possible that it may also 
prove to be helpful in determining the grain size of carbon or low alloy 
steels, although the problem is much more complex; and if successful pro- 
cedures are developed, in all probability they will be more involved. 

Written Discussion: By E. B. Kula and M. Cohen, Department of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

A careful comparison of this paper with the preceding one (2) by the 
discussers shows that there is agreement on all major points. This is 
noteworthy considering the complex nature of the problem involved. Up 
to the present time, no satisfactory explanation for fish-scale fracture has 
been available, but now a reasonably good understanding of the phenom- 
enon seems to be at hand. It is evident that most of the trends reported 
in the two papers are definite and reproducible. While there are some 
minor variations in detail, these can readily be accounted for by differ- 
ences in composition, past history, and heat treatment. It is especially 
gratifying that the authors could so aptly reveal the subgrains micro- 
scopically. The presence of subgrains had been postulated earlier by the 
discussers (1), but they were unsuccessful in finding them at the time. 

The coarsening behavior is influenced by preheating as a part of the 
second austenitizing treatment, at least in 18-4-1 high speed steel. For 
example, in Fig. 13 of this paper there is_a prominent reversal in the curve 
of the first austenitizing temperature versus coarsening temperature. In 
the discussers’ work where no preheating was generally employed, the 
reversal was much less apparent. Accordingly, coarsening curves for 
18-4-1 were redetermined, using a salt bath for the austenitizing treat- 
ments, both with and without preheating. This served to accentuate the 
difference between direct heating and preheating. The results are shown 
in Fig. 26. With preheating, a clear reversal is shown in the vicinity of a 
prequenching temperature of 2000 °F (1095°C). Without a preheat, how- 
ever, discontinuous coarsening after prequenching from below 2100°F 
(1150 °C) was not found, and the reversal was absent. This is not exactly 
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the same behavior noted by the discussers previously (2) where the effect 
of preheating in a muffle furnace was studied, and serves to point out that 
heating rate, as well as preheating, may cause variations in the grain 
growth characteristics. 

The general nature of the reversal phenomenon can be explained as 
follows (2): If a steel is prequenched from a high temperature and re- 
austenitized, the newly formed austenitic grains contain many small sub- 
grains and a fine dispersion of numerous proeutectoid carbides, which 
immobilize the subboundaries. As the steel approaches the final austen- 
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Fig. 26—Coarsening Temperature of 18-4-1 
High Speed Steel During the Second Austenitiz 
ing Treatment as a Function of the First Aus- 
tenitizing Temperature. Specimens austenitized 
in a salt bath. 


itizing temperature, discontinuous grain growth and coarsening take place 
within a narrow temperature range. The coarsening temperature is de- 
termined mainly by the prior austenitizing temperature which controls 
the amount of fine proeutectoid carbide. This process is relatively insen- 
sitive to heating rate, i.e., salt bath versus muffle furnace heating*®, and to 
whether or not preheating is used. With preheating, some carbide co- 
alescence and subboundary migration may occur, which tends to decrease 
the driving force toward discontinuous coarsening, or to raise the coarsen- 
ing temperature slightly; but this is a comparatively small effect, as can 
be seen from Fig. 26. 

When a low prior austenitizing temperature is used, the process on 


SOf course, if the heating rate is extremely slow, as described in Table III, the effect 
on coarsening becomes appreciable. 








794 TRANSACTIONS OF THE ASM Vol. 46 


reaustenitizing is somewhat different in detail. As the steel passes 
through the critical range, there is only a small amount of proeutectoid 
carbide to precipitate, and this is insufficient to lock the subboundaries in 
place. Hence there is some subboundary migration, the extent being de- 
pendent partly on the amount of proeutectoid and excess carbides, but 
also on the time it takes to pass through the critical range as well as the 
total heating time to reach the austenitizing temperature. With a longer 
time in and slightly above the critical range, i.e., slow heating or pre- 
heating, the subboundaries migrate sufficiently to form coarser subgrains 
and may even remove the substructure entirely in some regions. As the 
temperature is raised to the final austenitizing temperature, coarsening 
ensues, not at a fairly fixed temperature as is the case above the reversal 
point, but over a wide temperature range. The proeutectoid carbides are 
completely dissolved before this coarsening range is attained. This be- 
havior is exemplified by the lower branch of the coarsening curve for the 
preheated specimens in Fig. 26. The greater the extent of the early sub- 
grain growth, the higher is the subsequent coarsening temperature. 

If a more rapid heating rate is used, there is little or no time for 
adjustment of subboundaries while in or slightly above the critical range. 
Hence, even if the amount of proeutectoid carbide is small due to a low 
prequenching temperature, the initial growth of the subgrains is circum- 
vented, and temperatures may be quickly attained where the standard 
discontinuous coarsening occurs. However, the coarsening temperature 
may then be so low that grain refinement, rather than net growth, results. 
This would explain why rapid heating, like the elimination of preheating, 
tends to avoid the type of coarsening represented by the lower branch 
of the coarsening curve in Fig. 26 and in the authors’ Fig. 23. 

All of these concepts are entirely consistent with those of the authors; 
there is only a difference in terminology which can be easily clarified. 
It is agreed that the controlling carbides are those which dissolve during 
the first austenitizing treatment and then precipitate and redissolve during 
the second austenitizing treatment. We have called these proeutectoid 
carbides, while the authors have been more specific on designating them 
as MosCse. The effective carbides may in fact be MaCse, judging from the 
solution characteristics of the carbides starting with the annealed state‘, 
but the solution sequence is- not known starting with the hardened state. 
However, the authors’ suggestion is certainly a reasonable one. 

When hardened high speed steel is annealed to prevent fish-scale 
fractures, the coalescence of the proeutectoid carbides is quite limited; 
the carbide distribution of the original~ annealed steel is by no means 
restored. Consequently, carbide coalescence cannot be the reason why 
annealing avoids discontinuous coarsening. The discussers have pointed 
out (2) that the function of annealing in this instance is to prevent the 
formation of a substructure on reaustenitizing a hardened steel. For 
example, if an 18-4-1 steel is hot-quenched from 2350 to 1300 °F (1290 to 
705°C) and held long enough to transform the austenite to spheroidite, 
no discontinuous coarsening will take place on reaustenitizing, even though 
the proeutectoid carbides are precipitated in a fine dispersion. The hard- 





*F. Kayser and M. Cohen, “‘Carbides in High Speed Steel—Their Nature and Quantity’, 
MetTat Procress, Vol. 61, No. 6, 1952, p. 79. 
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ness after this treatment was Rockwell C-35. Unlike martensite or bain- 
ite, spheroidite or pearlite does not transmit a substructure to the austen- 
ite on reheating, and the driving force for growth is insufficient to cause 
discontinuous coarsening. 

The refinement in grain size found in rehardened steels after pre- 
quenching from low austenitizing temperatures is worthy of attention. 
Unfortunately, most of the refinement is lost when the usual austenitizing 
temperature is attained. However, it has been found that fast cooling 
from a low prequenching temperature permits the fine grain size to be 
retained at higher reaustenitizing temperatures than if slow cooling is 
used. For example, two specimens (3% inch diameter by ™% inch long) 





5 


Fig. 27—Austenite Subgrains Forming. in Martensite. 
Steel quenched from 2350 °F and reheated to 1650 °F for 
1 minute and quenched. Dark gray areas were austenite 
at time of quench. > 5000. 


were hardened from 1730 °F (945°C), one by water quenching (Rockwell 
C-54) and one by air cooling (Rockwell C-52). Both were rehardened 
from 2330°F (1275°C). The resulting grain sizes were 124 grains per 
millimeter (No. 16%) and 72 grains per millimeter (No. 10) respectively. 
Obviously this phenomenon merits further investigation. Even with oil 
quenching, the grain refinement persists to high enough hardening tem- 
peratures so that shock-resistant applications might be benefited, as the 
authors have suggested. 

Electron microscope evidence has been obtained to demonstrate that 
austenite, when it forms from a quenched structure, grows in small 
acicular units. Fig. 27 is the structure of a special heat, having the matrix 
composition of quenched 18-4-1 high speed steel, which was quenched 
from 2350 °F (1290°C) and reheated to 1650°F (900°C) for 1 minute in 
a salt bath. The small acicular austenitic areas can be seen, as well as 
the still ferritic matrix. 

Written Discussion: By P. Leckie-Ewing, metallurgist, Union Twist 
Drill Co., Butterfield Division, Derby Line, Vt. 

The paper by Grobe, Roberts and Chambers does much to explain the 
phenomenon of the fish-scale fracture in high speed steel, particularly 
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when read with its companion paper by Kula and Cohen’. The phenom- 
enon is one which most of us who are connected with the practical hard- 
ening of high speed steel do not, if we are fortunate, encounter very fre- 
quently; nevertheless the development of the theory of fish-scale fracture 
in high speed steel is another important step in the full understanding of 
the metallurgy of this most complex material. 

The writer has had occasion in the past to check the coarsening char- 
acteristics of various sizes of different grades of high speed steel after 
several prequench treatments. Since the results of these tests were some- 
what at variance with some of the authors’ conclusions, a fuller investi- 
gation was carried out. 

In particular it was felt that the coarsening reported by the authors 
of the M-1 and M-2 samples prequenched from 1600 to 1900°F (870 to 
1040 °C) was considerably less than had been our experience. To check 
this point, therefore, samples of M-1 and M-2 steels of the following sizes 
were examined after various prequench treatments: 


Sample Type Size 
A M-1 $-Inch Round 
B M-2 -Inch Round 
Cc M-1 2%-Inch Round 
D M-2 3¢4-Inch Round 


One-quarter-inch-thick samples each were cut from all bars, and after 
prequenching sets at 1600, 1700 and 1900°F (870, 925 and 1040°C) each 
set was hardened in salt (together with a mill-annealed “Control” sample) 
at 5 different temperatures from 2100 to 2225 °F (1150 to 1220°C). Sam- 
ples were preheated for 4 minutes at 1500°F (815°C), held 4 minutes at 
the hardening temperature, then quenched into salt at 1100°F (595 °C) 
for 1 minute, and air-cooled. 

Examination for grain size revealed the following: 

(a) Samples A and B (4#$-inch M-1 and M-2) confirmed in general 
the coarsening characteristics for the 1600 to 1900°F (870 to 1040 °C) 
range of prequench temperature shown by the author. The grain refine- 
ment for M-2 in this range of prequench temperatures was very marked 
and continued through to the normal salt hardening temperature of 2225 
°F (1220°C). The prequenched M-1 samples, however, showed some 
coarsening at all prequench and hardening temperatures over the non- 
prequench samples, but this could not properly be considered discontinu- 
ous, as the increase in grain size was not over three intercept numbers. 

(b) For samples C and D, however (2%-inch M-1 and 33-inch M-2), 
a considerably different effect was noted. Both these steels developed 
considerable coarseness at all prequench temperatures when hardened 
from their normal salt hardening temperatures (2175 °F for M-1 and 2225 
°F for M-2). Figs. 28 and 29 show this effect clearly. 

As may be seen from the photographs, a prequench temperature as 
low as 1600 °F (870°C) produces numerous subgrains in these larger bars 
which apparently act to cause a measure of discontinuous coarsening in 
the manner described. Although this coarsening is not discontinuous to 
the degree reported by the authors for higher prequench temperatures, it 


SE. Kula and M. Cohen, “Grain Growth in High Speed Steel”, see this volume of 
[RANSACTIONS. 
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Fig. 28—(a) Normal As-Hardened Structure of High Speed Steel. A very few 
faint subgrain boundary markings may be seen. (b) Considerable coarsening which 
results from the 1600 °F prequench treatment (both samples hardened side by side at 
2225 °F in the same salt bath). Note also the development of subgrain boundaries. 
A similar structure was seen on the 2%-inch M-1 sample. Etchant—5% nital, 4 


oO 
minutes. Specimen—3,,-inch M-2 steel. 
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Fig. 29—Effect of Prequench Temperature on 
a Grain Size of Large Sizes of M-1 and M-2 
Steels. 


is severe enough to seriously reduce cutting efficiency for many tools. 
It is believed the difference in the effect of prequench temperature on 
large and small bars is connected with mill practice as it applies to dis- 








798 TRANSACTIONS OF THE ASM Vol. 46 


tribution of carbides, finishing temperature and annealing. A fine dis- 
tribution of excess carbides in the mill-annealed bar should act to main- 
tain a small grain after solution of the small amount of proeutectoid car- 
bide precipitated at prequenching temperatures of 1900°F (1040°C) and 
below, whereas a coarser distribution of excess carbides might be expected 
to allow grain growth, since the growth of the subgrains would not be 
impeded to such an extent. It is possible also that the effect of finishing 
temperature (which could be considered a pre-prequench) if not removed 
by proper annealing could cause some unexpected coarsening at these 
lower prequench temperatures. 


Authors’ Reply 


Mr. Morrison has asked about the effect of double tempering before 
the rehardening treatment. The authors do not know the effect of double 
tempering between hardening treatments on the final coarsened grain 
size. The double tempering treatment will probably cause a slight increase 
in the coarsening temperature. 

In answer to another of Mr. Morrison’s questions, coarsening can be 
accomplished by heating in salt baths or gas-fired furnaces. The rate of 
heating and the final temperature reached could cause differences in coars- 
ening temperatures between the two methods of heating. The safe mini- 
mum time cycle to annéal the several high speed steels has never been 
determined. This is left to the individual heat treating shop and depends 
a great deal on the equipment available. 

It is interesting to note that Mr. Harvey has adapted the second hard- 
ening treatment to the determination of the grain size of quenched and 
tempered high speed steel. This could be a useful tool for high speed steels 
when used under the supervision of a trained metallurgist. 

The discussion of Messrs. Kula and Cohen requires very little com- 
ment. It was probably incorrect to assign MC. to the carbides which go 
into solution first when high speed steel is heated to the austenite range. 
Even though the composition of the carbides which go into solution first 
is not well defined, the authors believe that the explanation as outlined in 
the Summary of the present paper is a reasonable theory for discontinuous 
coarsening. This explanation is essentially the same as the one proposed 
by Kula and Cohen. 

It has never been proven that grain size per se controls the mechanical 
properties of high speed steels. Further experimental investigation is 
necessary to prove that the fine grain size produced by double hardening 
would increase the toughness of these steels. 


The data presented by Mr. Leckie-Ewing are an interesting addition 
to the knowledge of this grain coarsening phenomenon. These data show 
definitely that the coarsening temperature and the coarsened grain size 
are not an exact function of the grade of steel but are related to the prior 
history of the individual piece of the steel tested. 





EQUILIBRIUM STRUCTURES IN Fe-Cr-Mo ALLOYS 
3y J. G. McMuttrin, S. F. REITER anp D. G. EBELING 


Abstract 


Isothermal sections of the Fe-Cr-Mo ternary diagram 
at 1500 and 1650 °F (815 and 900 °C) are presented. A 
ternary compound not previously reported in this system 
is shown to be stable at both temperatures. 


HREE earlier studies of the Fe-Cr-Mo ternary system have 
T been reported in the literature. Putman, Potter and Grant (1)' 
investigated about 75 arc-melted alloys and presented isothermal sec- 
tions at 2370, 2010, and 1650 °F (1300, 1100, and 900°C). Baen 
and Duwez (2) studied approximately 180 alloys prepared by pow- 
der metallurgy techniques, and their 1200°F (650°C) diagram is 
a reasonable extrapolation of the high temperature sections of Put- 
nam, Potter and Grant. No ternary compound was observed by either 
group of investigators. 

Goldschmidt (3) studied 26 alloys prepared by powder metal- 
lurgy and showed a section at 1150 °F (620°C) which contained a 
ternary compound designated as “N’’ phase. This phase had the 
approximate composition 50% iron, 10% chromium, 40% molybde- 
num by weight, and the X-ray pattern resembled that of the “R” 
phase reported by Rideout et al (4) in the Co-Cr-Mo system. 

In a study of molybdenum-bearing stainless steels and weld de- 
posits, Andrews (5) first reported the presence of an intermetallic 
compound which he designated “chi” phase. This phase was also 
observed in commercial Fe-Cr-Mo alloys and in Type 317 stainless 
steel by Koh (6). 

When recent work by the authors showed that chi was a stable 
phase in pure Fe-Cr-Mo alloys, it appeared desirable to survey at 
least a portion of the ternary diagram so as to determine the position 
of chi phase in the system. 


Ex PERIMENTAL 
Alloy Preparation 


The alloys used in this investigation were arc-melted in water- 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, J. G. McMullin, S. F. 
Reiter and D. G. Ebeling, are associated with the General Electric Research 
Laboratory, The Knolls, Schenectady, N. Y. Manuscript received April 8, 1953. 
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Table I 
Alloy Compositions 





Fe Cr Mo Fe Cr Mo 


Alloy Weight % Alloy Weight % 
No. -———Nominal Compositions. No. ———Nominal Compositions———. 
10 87 10 3 33 60 20 20 
11 82 15 3 34 55 25 20 
12 72 25 3 35 70 25 5 
13 70 27 3 36 75 25 
14 71 28 1 37 45 25 30 
15 67 30 3 38 85 5 10 
16 62 35 3 39 80 15 5 
17 75 15 10 40 65 5 30 
18 70 20 10 41 60 10 30 
19 65 25 10 42 75 10 15 
20 65 20 15 43 70 15 15 
21 60 15 25 44 60 25 15 
22 45 20 25 45 60 30 10 
23 55 15 30 46 65 35 5 
24 50 20 30 ; 
25 55 10 35 Actual Analysis 
26 50 15 35 21 61.0 14.8 24.2 
27 50 10 40 27 50.2 9.9 39.9 
28 56 17 27 28 56.2 16.8 26.9 
30 75 5 20 35 70.0 24.9 $5 
31 70 10 20 39 80.0 14.8 5.1 





cooled copper crucibles under an atmosphere of dry argon. Alloys 
of the compositions listed in Table I were weighed out to give 100- 
gram buttons. 

Previous alloys prepared in this manner demonstrated that the 
buttons always melt down very close to their nominal compositions. 
To verify the accuracy of this procedure, five alloys selected at ran- 
dom were submitted to chemical analysis. The analytical results 
shown at the bottom of Table I are within 1% of the nominal com- 
positions. Most of the alloys were hot-rolled to 0.040-inch strip and 
cut into % by %-inch specimens for heat treatment. Some of the 
alloys containing more than 25% molybdenum were not readily hot- 
rolled. Portions of these buttons were heat treated in the as-cast 
condition. 


Heat Treatment 


The hot-rolled alloys were solution-treated 16 hours in hydro- 
gen at 2100 °F (1150°C) and water-quenched. The unrolled but- 
tons were held 24 hours at 2200 °F (1205 °C) and fast-cooled in a 
stream of hydrogen. All of the specimens for the 1500 °F (815 °C) 
section were held 100 hours at 1500+ 5°F (815°C) in hydrogen 
and water-quenched. The 1650°F (900°C) specimens were held 
72 hours at temperature and water-quenched. 

Specimens of alloy Nos. 16, 17, 18, and 19 were examined after 
treatments of 3, 10, and 30 hours at 1500 °F (815°C). In all four 
alloys the equilibrium structure appeared to be well established after 
10 hours at temperature. These observations indicate that the heat 
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Table II 


X-Ray Diffraction Pattern of Chi Phase 
a =8.920 AU 
h? + k?+ deale. i? 
6 3.642 W 
14 2.384 MW 
16 2.230 W 
18 2.102 VVS 
22 1.902 MS 
24 1.821 M 
26 1.749 MW 
36 1.487 Ww 
38 1,447 MW 
44 1.345 Ww 
48 1.288 M 
50 1.261 MS 
54 1.214 VS 


*Relative intensities; S =strong, M =medium, W =weak. 





treating times of 100 hours at 1500 °F (815°C) and 72 hours at 
1650 °F (900 °C) were adequate to approach true equilibrium. 


X-Ray Diffraction 


X-ray diffraction patterns were obtained directly off the flat sur- 
face of the heat treated specimens by the use of a recording X-ray 
spectrometer. The specimen surfaces were previously polished with 
OO paper and etched electrolytically in ferric chloride. The etch in- 
tensified the patterns of precipitate phases by causing the particles to 
stand out in relief on the specimen surface. Chromium radiation was 
used with a vanadium foil filter to remove the beta lines. Only the 
low-angle portion of the diffraction pattern (26 = 85 to 40 degrees ) 
was examined. It was possible to approximate the relative amounts 
of the phases present from the X-ray pattern, but no attempt was 
made to make a quantitative analysis of the X-ray line intensities. 

The three phases previously reported in this system (1, 2), fer- 
rite, sigma, and epsilon, were readily identified by their X-ray dif- 
fraction patterns. The epsilon pattern matched that usually reported 
as FegsMoe, but for which the designation Fe;Mog was proposed by 
Arnfelt and Westgren (9) since there are 13 atoms in the unit cell. 
The sigma phase patterns observed were generally similar to those of 
iron-chromium alloys except that the lattice dimensions were appre- 
ciably expanded in the higher molybdenum alloys. In addition to 
these phases a complex cubic phase isomorphous with the alpha man- 
ganese-type phase reported by Andrews (5) and Koh (6) was iden- 
tified. Following Andrews’ nomenclature, this compound was desig- 
nated “chi” phase. Table II lists the “d’ values and intensities ob- 
served in the diffraction pattern of Alloy 28 (54% iron, 17% chro- 
mium, 27% molybdenum) which lies near the center of the chi phase 
field. The lattice constant of this alloy (a, = 8.920 AU) is larger 


than that of 8.90 usually observed for chi phase in equilibrium with 
ferrite. 
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Table III 
X-Ray Diffraction Pattern of ‘‘N’’ Phase Observed by Goldschmidt (8) 

d d I 
2.62 WwW 1,255 MS 
2.50 WwW 1.24 WM 
2.36 M 1.225 M 
2.40 Ss 1.21 WM 
2.10 MS 1.195 WM 
2.04 MS 1.176 WwW 
1.99 MS 1.142 WM 
1.95 M 1.081 WM 
1.88 M 1.074 W 
1.77 WM 1.067 W 
1.43 Vw 0.999 W 
1.37 WM 0.986 W 
1.34 WwW 0.965 W 
1.32 W 0.954 W 
1.29 WM 0.911 W 
1.275 WM ° 


*Relative intensities; S =strong, M =medium, W =weak. 








Fig. 1—Photomicrograph of Alloy No. 19 (25% Chromium, 10% Molybdenum) 
Annealed at 1500 °F. Large dark areas are sigma phase. Small light particles are 
chi phase in ferrite matrix. NaOH electrolytic etch. Blue filter. X< 1000. 


The chi phase pattern does not match the pattern of the “N” 
phase reported by Goldschmidt (8) and listed in Table III. This 
phase was not observed by the authors although alloys of the appro- 
priate composition were annealed at temperatures as low as 1200 °F 
(650 °C). 

Metallography 


Metallographic specimens were mounted and polished in the 
conventional manner. Alloys containing less than 10% chromium 
were etched with 2% nital. More stainless alloys were etched elec- 
trolytically with Vilella’s reagent. While other investigators (5, 6) 
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Table IV 





Phases Observed After 72 Hours at 1650 °F 
Alloy X-Ray Micro. 
No. Diffraction Exam. 

10 a a 

11 a a 

12 a a 

13 a a 

14 a a 

15 a a 

16 a a 

17 at+x a+ x 

18 at x a+ x 

19 a+ x a+ x 

20 x ta x+a 

21 x+a x t+ate 

22 x ° 

23 x x+e 
24 x x 

25 xte+a - 

26 xt+e xT27 ¢ 

27 e+ x et X 
28 x ° 

30 ate at+e 
31 a+ x a+xt+te 
32 x+a x +a 
35 a a+ x 
38 a+e a-+e 
39 a a 

40 at+e 

42 a+r x oT * 
43 a+ x a+ x 
44 o+x+a o+xtea 
45 o+x+ea gc+x+aea 
46 o+a o+a 


*Not examined. 





10 20 30 40 50 60 
Weight % Chromium 


Fig. 2—Constitution of Iron-Chromium-Molybdenum Alloys at 1650 °F. 








804 TRANSACTIONS OF THE ASM Vol. 46 








Table V 
Phases Observed After 100 Hours at 1500°F 
Alloy X-Ray Micro. 
No. Diffraction Exam. 
10 a a 
11 a a 
12 a a 
13 a a 
14 a a 
15 at+ge a+go 
16 a a+oe 
17 a+ x a+ x 
18 a+ x a+ x 
19 a+ot+x a+o+x 
20 a+ x a+ x 
21 xt+a xtate 
22 x x 
23 x x 
24 xte xt+e 
25 xt+e xt+eta 
26 x+ot+e baie 
27 € e+ x 
28 x x 
30 ate ate 
31 atet+x a+e+ x 
32 xt+a xt+a 
33 xt+a xt+a 
34 o ra 
35 a+x a+x 
36 a tals 
37 o a 
38 ate ate 
* 39 a+ x a+x 
40 at+e a+e+x 
41 at+e+x a+e+x 
42 at+e at+e+x 
43 at+x atx 
44 xta+oea x-+a+e 
45 o a+oe 





have been unable to differentiate sigma and chi microscopically, the 
following technique has proven satisfactory in the alloys investigated 
by the authors. The specimen is subjected to a brief attack by a 
weak acid, washed, and then etched electrolytically in concentrated 
NaOH using 1% volts. As described by Gilman (7), the sigma 
phase is stained reddish brown in about 5 seconds. The chi phase 
was observed to take on a light brown stain during the first few sec- 
onds of etching, but after about 10 seconds it developed a blue-gray 
tint which persisted through considerable overetching. The contrast 
between the blue chi and brown sigma may be enhanced in a black 
and white photomicrograph by the use of a blue filter. In Fig. 1 
taken through a C5 (Wratten No. 47) filter, the chi particles appear 
white and the sigma dark. 


RESULTS 


The results of the X-ray diffraction and microscopic examina- 
tions are given in Tables IV and V. From these data and the binary 
diagrams (10) the isothermal sections at 1650 and 1500°F (900 
and 815 °C) were drawn as shown in Figs. 2 and 3. 





! 
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Weight % Chromium 


Fig. 3—Constitution of Iron-Chromium-Molybdenum Alloys at 1500 °F. 


DISCUSSION 


The two sections are generally similar, the principal difference 
being that the sigma phase field does not extend to the Fe-Cr binary 
at 1650 °F (900 °C). 

The most interesting feature of the two sections is the ternary 
compound, or chi phase, which corresponds approximately to the 
stoichiometric formula FesCrMo. As shown in Figs. 2 and 3, chi 
phase appears as the second phase when molybdenum is added to 
Fe-Cr alloys containing from 8 to 27% chromium. In alloys contain- 
ing about 27% chromium, both sigma and chi may appear. The 
modified Type 446 stainless steel observed by Koh (6) was in this 
chromium range and formed both sigma and chi. The presence of 
8 to 13% nickel apparently lowers the critical chromium level for chi 
formation to about 18%, since both Koh and Andrews observed chi 
as well as sigma in Types 316 and 317 stainless steels. In these steels 
small composition variables appear to determine whether sigma, chi, 
or both, are stable phases. 
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DISCUSSION 


Written Discussion: By P. K. Koh, Research Laboratories, Allegheny 


Ludlum Steel Corp., Brackenridge, Pa. 


It is gratifying indeed to know that the authors substantiate some 


of the data presented previously by the writer (authors’ Reference 6). 


I merely wish to mention the following two points in which our obser- 


vations appear to differ from those of the authors. 


1. No sigma phase was observed on solid specimens or anodic extracts 
from our CM68 alloy (0.035% carbon, 23.26% chromium, 9.37% 
molybdenum, balance iron; authors’ Reference 6, Table II) aged 
either for 100 hours at 1400°F (760°C) or for 100 hours at 1600 
°F (870°C). The composition of this alloy is close to the nom- 
inal composition of authors’ No. 19 alloy which is nominaily 
65 Fe - 25 Cr-—10 Mo and which is reported to contain only alpha 
plus chi after 72 hours at 1650 °F (900 °C). 

2. Dr. McMullin has kindly informed the writer about their success- 
ful metallographic technique using Dr. Gilman’s electrolytic NaQH 
etching. We found, however, that the staining effect on chi and 
sigma varies greatly with composition and that a structure similar 
to Fig. 1 in this paper was obtained on our CM68 alloy aged for 
100 hours at 1600 °F (870°C). Since no sigma phase was observed 
in the extracted residue from this specimen, we were unable to 
identify the dark areas as sigma. 


~ 
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Written Discussion: By H. J. Goldschmidt, The B.S.A. Group Re- 
search Centre, Sheffield, England. 

I wish to congratulate the authors on this excellent paper; it seems 
especially valuable, being one of the first investigations to ascribe a defi- 
nite composition range to the chi phase of a-Mn type of structure, which 
was first detected by Dr. Andrews in steel extracts; the composition had 
so far remained ill-defined, owing to the difficulty of its isolation in pure 
form and separation from the sigma phase. 

May I| briefly comment on two aspects, on which there is an apparent 
divergence between the authors’ and our work (3); namely, the observa- 
tion of the x-phase, and the question of the compound N? 

In further (so far unpublished) investigations on the Fe-Cr-Mo and 
the Fe-Cr-W systems we have also been able to obtain the x-phase, in 
agreement with the present work. In Fe-Cr-Mo alloys it was found to 
occur within the approximate region 5 to 25 (atomic) per cent chromium 
and 5 to 25% molybdenum, and to coexist with the a, o and N-phases, 
though its exact composition fields have not yet been delineated; the diffi- 
culty is that its stability or replacement by an assembly of the a, o, & 
and/or N-phases depended very critically on minor differences in heat 
treatment history. It too was found that the x-equilibria correspond to 
a temperature higher than 1110 °F (600°C), and that x occurs in the 1650, 
1830 °F (900, 1000 °C) and higher-temperature sections, in conformity with 
Dr. McMullin’s results. Its persistence at 1110°F (600°C) and below is, 
however, not excluded, although its absence may be a genuine feature of 
the difference in temperatures section considered; the place at which x 
ought, according to our data, to be tentatively located is between the o 
and N-phases. There were appreciable differences between the thermal 
and mechanical working treatment given to our sets of alloys; for instance, 
that of preparation respectively by melting and powder metallurgy, which 
may well affect the rate of approach to equilibrium and account for the 
discrepancies. The fact that Putman, Potter and Grant (1) in their work 
on the Fe-Cr-Mo system also failed to find the x-phase must probably be 
regarded in the same light. 

It may be of interest that we have arrived at the conclusion that the 
x-phase is by no means necessarily a pure intermetallic compound, but 
that it was found to dissolve considerable amounts of carbon, such that, 
for saturation, the phase may well be considered equivalent to a carbide. 
The question therefore arises whether small amounts of impurities like 
carbon, nitrogen or other interstitial atoms may not have a profound in- 
fluence on the stability of x and associated phases, in the sense of increas- 
ing that of x. This, of course, should in no way reflect on the purity of 
the present alloys, but is only reported as a matter of principle. 

Further, it may be mentioned that the x-phase has also been observed 
in the Fe-Cr-W system, namely in a region intermediate to the o and e 
fields, but here again the exact stability conditions require establishing, a 
work at present in hand. The x-phase has, in addition, been found to 
occur over a considerable range of molybdenum and tungsten-bearing 
alloys, and to dominate a fair section of the Fe-Cr-Mo-C and Fe-Cr-W-C 


2Denoted & in our work. 
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quaternary systems, in which it coexists with and adjoins the equilibria 
of the eta-carbide. 

The authors raise the question of the compound “N” we had located 
in the Fe-Cr-Mo system between o and e, which they had been unable to 
reproduce. I can only say that its existence is really definite and that its 
pattern, as shown in Table III, is distinctive. An “N” isomorph of iden- 
tical pattern was incidentally also observed in the Co-Cr-Mo system, in a 
position analogous to that in Fe-Cr-Mo. The compound is certainly quite 
different in structure to x, the pattern of which we found to be in good 
agreement with that shown in the authors’ Table II. There is, however, 
a resemblance between the N and o phase patterns, though characteristic 
distinctions exist, and I wonder whether the two phases may conceivably 
have been classed together. 

May I suggest that the final equilibrium diagram should be one in 
which the a, o, e, x and N-phases each find their fields, with the probability 
at given compositions of a partial overlap occurring of different structures 
for different temperatures, and the possibility of more than one allotropic 
form for (nominally) the same compound? 

Reverting once more to the comparison of Dr. McMullin’s and our 
results, the x-phase would thus, according to subsequent findings on this 
part of the diagram, be situated between and in partial coincidence with 
our o and N regions. The transformations and interreactions between these 
compounds are most intricate (no doubt dependent on the variation of 
diffusion rates with temperature), and a critical function of previous heat 
treatment of the alloy, and it may be advisable in this region to distinguish 
clearly between stable and metastable equilibria. Possible factors here 
affecting the approach to equilibrium are whether the alloys had been 
melted or prepared by sintering (a distinction between the present and our 
earlier work) or whether they had been subject to cold work at any stage. 

For a number of Fe-Cr-Mo alloys we have found the phase coexist- 
ences x + N and x +<¢, and the tendency for the assemblies a+e, a+ N, 
a+x, a+eo to follow one another (with the intermediate three-phase 
fields), for increasing chromium content from zero upward to 30% chro- 
mium, and constant molybdenum content. Appreciable lattice-spacing 
variations have furthermore been observed within the x-lattice, for vary- 
ing compositions, indicating a wide degree of isomorphous flexibility of 
this structure. 

Finally, may I compliment the authors on their experimental tech- 
nique. It was interesting to see a further example of the value of the 
arc melting method of alloy preparation in phase diagram investigations 
on high temperature alloy systems, and to note that such good reproduci- 
bility of weighed-in compositions occurred during melting, as well as to 
see the X-ray counter technique come into its own in phase-diagram work. 

Written Discussion: By K. W. Andrews, The United Steel Compa- 
nies Limited, Rotherham, England. 

The work described by these authors establishes the main features of 
the phase diagram in a region which includes some important commercial 
alloys and which is of most interest from the point of view of ferrous 
metallurgy. The existence of chi phase has received further confirmation 
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and it is now established that it is a stable constituent in the system 
Fe-Cr-Mo, at least over a range of temperatures including those investi- 
gated by the authors. A number of points arise in connection with this 
phase. 

Since the existence of chi was first reported, further work in this lab- 
oratory has been mainly concerned with the occurrence of this constituent 
and sigma phase in a number of alloy steels. Some details have been re- 
ported elsewhere*. The manner in which the same steel with the same 
heat treatment could show varying proportions of sigma and chi phase 
and other effects observed with steels of different compositions and heat 
treatments had led to the view that chi could be regarded as a modification 
of sigma phase which could have the same composition. It was suggested 
that the transition between the two might, in its behavior with respect to 
temperature, resemble the transition between hexagonal and cubic cobalt. 
Such an assumption may not be correct if, as the authors state, “small 
composition variables appear to determine whether sigma, chi or both are 
stable phases”. The previously noted effects could have arisen from seg- 
regation which, although small, could still be sufficient. At the time we 
were inclined to doubt whether segregation could have explained the ob- 
served effects and Koh has since reported chi and sigma phases of almost 
identical composition. 

In connection with the possible relationship between chi and sigma 
phases, it is interesting to note that the “N phase” reported by Gold- 
schmidt has a powder pattern which is similar in some respects to sigma 
phase (e.g., the existence of a group of moderate/strong lines between 1.8 
and 2.2A). The present authors have not confirmed its existence but it 
is shown in Goldschmidt’s diagram in a similar region of composition to 
chi phase and it may well be that N is a metastable transition structure 
between sigma and chi, or alternatively forms from chi at low tempera- 
tures (below 650 °C). 

The composition of chi phase is shown to be in a region which includes 
the composition represented by the formula given by the authors, viz., 
Fe;sCr- Mo. It also includes a composition very near to FesCrsMoe (the 
authors’ Alloy No. 22). The samples of chi phase which we have obtained 
have come from alloy steels containing nickel and silicon as well as chro- 
nium and molybdenum. In two cases it has been possible to obtain a 
complete analysis of an electrolytic residue, and after making an allow- 
ance for a small amount of carbide, it appears that the chi phase has the 
following composition (atomic %): 


Fe Cr Mo Ni Si 
Sample A 54.9 27.9 11.1 1.9 4.2 
Sample B 54.1 28.2 12.4 1.7 3.6 


These compositions can be obtained from the authors’ Alloy No. 22 by 
substituting Ni+ Si for molybdenum, since they can be approximately 
represented by FesCrs (Mo, Ni, Si)2, This formula is only a convenient way 
of representing the ratios of the atoms and has no structural significance 
for the reasons given’ below. It is clear, however, that a considerable 
replacement of molybdenum by other elements can occur. One conse- 





8K. W. Andrews and P. E. Brookes, ‘“‘Chi Phase in Alloy Steels; Its Relationship to 
Sigma Phase’, Metal Treatment and Drop Forging, Vol. 18, 1951, p. 301 
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quence is the lower lattice parameter, which in the above cases was 8.888 A 
(similar values reported by Koh), whilst the authors’ chi phase of consid- 
erably higher molybdenum content has a parameter of 8.920 A. An inves- 
tigation of the relevant parts of the systems Fe-Cr-Mo-Ni or Fe-Cr-Mo-Si 
might show how the chi phase region in the authors’ Fig. 2 or 3 moves 
away from the Mo corner as the fourth element is added. 

With regard to the crystal structure of chi phase, the resemblance 
between the powder photographs of chi and a-manganese is undoubtedly 
close, although it need not follow that the structures are identical. A 
density determination on the residues whose analysis is given above 
(allowance made for carbide) suggested that chi contained 56 atoms per 
unit cell. We hope to check this value further, since some doubt might 
be attached to density determination which has been carried out on an 
electrolytic residue. If it is correct, however, and the number of atoms 
per unit cell given by Bradley and Thewlis* for a-manganese, viz., 58, is 
also correct, then the resemblance between chi and a-manganese may only 
extend to the similarity in size of unit cell and the fact that it is body- 
centered cubic unless there are vacant lattice sites in chi. On the other 
hand, should the atomic positions be similar in the two phases and the 
structure of Bradley and Thewlis is correct, then an examination of the 
composition of the two samples of chi, the analysis of which is given 
above, suggests that, if there is any ordering of the atoms in the various 
atomic sites, it would seem likely that 

(a) Fe + Cr atoms occupy two sets of positions—the D, and Dz posi- 

tions (24 atoms each). 

(b) Mo+ Ni-+ Si occupy the 2X and 8A positions (10 atoms). 

The Si atoms are larger than Fe or Cr and although the Ni are smaller in 
size they are comparatively few in number and the substitution seems to 
be mainly Si for Mo. The X and A atomic sites are those which, in a Mn, 
are at the largest interatomic distances from their neighbors. The formula 
indicated above obviously cannot give a correct indication of the propor- 
tions of atoms because the total of 11 is not a factor of 56 or 58, and the 
nearest multiple is 55 which does not give an even number of atoms per 
unit cell. A formula based on 58 atoms would be FewCrsMos, correspond- 
ing to 55.2 atomic per cent iron, 27.6 atomic per cent chromium, 17.25 
atomic per cent molybdenum, which are in almost exact agreement with 
the residue analysis for Sample A if molybdenum is replaced by (Mo + 
Si+ Ni) and in close agreement with Sample B and the authors’ Alloy 
No. 22. A formula based on 56 atoms is simple, Fe,Cr.Mo, but the agree- 
ment is not so good. 

Speculations of this kind must not be pressed any further on present 
evidence, but are sufficient to suggest some interesting possibilities as to 
the nature of chi phase, its relation to a-manganese and sigma phase. The 
present writer has considered some aspects of the connection with sigma 
phase elsewhere’. 


Authors’ Reply 


The authors wish to thank the discussers for their valuable com- 
ments and contributions. 


‘Bradley and Thewlis, Proceedings, Royal Society, Series A, Vol. 115, 1927, p. 456. 
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With reference to Dr. Koh’s first point, we see no disagreement 
between his observations and our own, since his alloy CM68 lies in the 
a +x field in both Figs. 2 and 3. 

The authors are very encouraged to hear of Mr. Goldschmidt’s con- 
tinuing work on the ternary system. We hope that his results will clarify 
the many questions which now exist concerning the equilibrium structures 
in the temperature range around 1200 °F (650°C). In our own preliminary 
work we were not able to precipitate chi phase at 1200°F (650°C), even 
though we aged our specimens as long as 300 hours. Chi phase, formed 
at higher temperatures, remained stable during the same treatment. Both 
arc-melted and powder-compacted alloys of the composition corresponding 
to that indicated as pure “N” phase in Goldschmidt’s diagram (Ref. 3 in 
paper) were aged 300 hours at 1200°F (650°C) but no “N” phase was 
observed. 

Our powder compacts were made from high purity materials and sin- 
tered in hydrogen with a dew point of approximately —85°F. It is possi- 
ble that the lack of impurity particles for nucleation centers accounts for 
our failure to precipitate “N” phase or chi phase at 1200°F (650°C). 

Dr. Andrews’ comments on the crystallography of the chi phase are 
highly appreciated. The crystal structure of the chi phase has been care- 
fully studied by Dr. J. S. Kasper of this laboratory. Dr. Kasper examined 
specimens of our Alloy No. 28 (56% iron, 17% chromium, 27% molybde- 
num) (Fess, Cris, Mow) using both X-ray diffraction and neutron diffrac- 
tion methods. His results, which will be published shortly, show that the 
molybdenum atoms are highly ordered in the 2a and 8c positions. The 
chromium and iron atoms tend to take preferential positions, with most 
of the 24, (Dz) positions occupied by iron atoms.. These results seem to 
be in good accord with the findings of Dr. Andrews. 





THE EFFECT OF SILICON ON THE KINETICS 
OF TEMPERING 


By WALTER S. OWEN 


Abstract 


The general influence of silicon on the tempering of 
medium carbon steels was studied by a magnetic method. 

The effects of the three stages of tempering were sep- 
arated and analyzed by means of the precision length 
measurement technique. From these experiments quanti- 
tative data for the kinetics of the second and third stage 
were obtained. 


The mechanism of the precipitation processes is dis- 
cussed, particular consideration being given to the nature 
of the controlling diffusion processes. 


INTRODUCTION 


HE influence of silicon, in quantities up to 2.2% silicon, on 

the tempering of steel has been clearly demonstrated by the 
recent work of Allten and Payson (1)! who used dilatometric, X-ray, 
hardness, specific volume and electrical resistance measurements to 
follow the changes. However, their data are such that no separation 
of the tempering stages is possible and so no quantitative kinetic 
relationships for these stages can be obtained. The present paper is 
concerned with work on similar alloys which were examined by mag- 
netic and precision length techniques-in addition to the methods em- 
ployed in the previous investigation (1), thus allowing an analysis 
of the effect of silicon on the kinetics of the tempering stages. Con- 
sideration of these findings has prompted suggestions for probable 
mechanisms of decomposition in the second and third stages. 


MATERIALS 


The alloys used in the investigation were obtained from three 
different sources as indicated in Table I. 
1. 80-gram ingots melted in recrystallized alumina crucibles in 
a vacuum better than 10% Hg. The constituent materials 
were of the highest purity available. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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N 


14-kilogram laboratory melts from a high frequency induc- 
tion furnace. The constituent materials were Armco iren, 
silicon metal and graphite. 

3. Commercial steels. 

All the ingots were forged to 3%-inch diameter bars and ma- 
chined to 4%-inch diameter. Each bar was examined microscopically 
and those containing segregation were rejected. 

The hardening temperatures and times were determined by trial, 
the quenched specimens being examined for graphite, ferrite and 
undissolved carbide. Using the temperatures listed in Table I, it 


Table I 
Specimens Used in the Investigation 


Austenitizing Retained Austenite, % 


Identi- Temperature Water Liquid 
fication Carbon Silicon Origin °F Quench Nitrogen 
A 0.94 0.92 H. P. 1800 re as 
B 0.82 1.48 BH. P. 2000 10.1 im“ 
» 0.86 2.38 2. 2000 12.0 “se 
D 1.01 1.47 ee 2 2000 gatas we 
G 0.49 3.80 Commercial 1920 5.8 3.8 
J 0.61 1.57 Lab. Heat. 1600 7.6 2.1 
K 0.78 1.38 Lab. Heat. 1600 9.2 3.0 
O 1.13 0.24 Commercial 2000 19.5 6.3 

H. P. = High purity vacuum-melted ingots. 


Lab. Heats = 14 Kg. induction furnace heats made from: 
Armco iron: Ni 0.004, Cr 0.0066, Mn 0.18, Cu 0.003, Al 0.0005, Mo 0.004 
Silicon: Si 98.63, Fe 0.75, Al 0.06 
Commercial: G—U. S. Steel Corporation Research Labs. Mn 0.25, P 0.011, S 0.006, 
Cr 0.31, Ni 0.04, Mo 0.001, Cu 0.047 
OQ—Mn 0.59, P 0.006, S 0.018 


was found that no graphite was formed in an hour. This time was 
adopted for all of the austenitizing treatments. 

By means of X-ray intensity measurements, the retained aus- 
tenite content of some of the alloys was determined after quenching 
in water and after refrigeration in liquid nitrogen. The results 
(probable error +0.3%) together with a description of the compo- 
sition, origin and hardening treatment of the specimens are given in 
Table I. Comparing these figures with those for plain carbon steels 
(2), it appears that silicon has no significant effect upon the retained 
austenite content produced by a specific heat treatment. 


PRELIMINARY SURVEY OF THE GENERAL EFFECTS OF SILICON 


Alloys A, B, C and D were used for a series of experiments in 
which the variations of the Rockwell C hardness, the X-ray diffrac- 
tion pattern and the specimen length were examined as a function 
of tempering temperature. The results were in complete accord with 
those reported by Allten and Payson (1). 

Additional information was obtained by measuring the change 
of magnetization with temperature during continuous heating and 
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Fig. 1—Changes in Magnetization Versus Temperature for Steels of Different 


Silicon Content. 


cooling cycles. The apparatus employed was a slightly modified form 
of the one described by Zmeskal and Cohen (3). The specimens, 
usually 4% inches long by %-inch diameter, were heated and cooled 
at a rate of 5° F per minute in a field of 1000 gauss. No attempt 
was made to convert the ballistic galvanometer readings to absolute 
measurements, since the investigation required only comparative 
changes. 

Due to the extensive overlap in temperature range, the various 
stages can only be distinguished when they have progressed to such 
an extent that the magnetic effect which they produce dominates the 
effects due to the interfering stages. Thus the data are of the same 
nature as those reported by Allten and Payson (1). However, they 
reveal certain new aspects of the problem which appear to have an 
important bearing on the theoretical considerations to be discussed 
later. 

The interpretation of the curves is most easily followed by con- 
sidering that for the plain carbon steel, Specimen Q, Fig. 1. Tracing 
the curve from low to high temperatures, the first negative deviation 
in the curve is attributed to the first stage, the decomposition of 
martensite to an aggregate of e-carbide in pseudo-equilibrium with 
a low carbon martensite. A rise occurs when the increase in mag- 
netization due to the second stage, the formation of bainite from aus- 
tenite, becomes dominant. The formation of cementite and ferrite, 


termed the third stage, from the aggregates of the preceding stages 
produces a subsequent marked decrease in magnetization. The inter- 
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Fig. 2—Change in Magnetization Versus Temperature for Specimens With Dif 


ferent Retained Austenite Contents 


mediate peak occurs when the increase in magnetization due to the 
second stage is counterbalanced by the decrease due to the third. 
That this point does not correspond to the end of the second stage is 
shown by the results plotted in Fig. 2. The three curves represent 
specimens which differ only in their retained austenite contents. At 
the temperature where the curves coincide, the remaining austenite 
is about the same in each specimen and is very small. Thus, this 
point, which occurs above the temperature of the intermediate peak, 
is a little below, but very close to, the temperature of completion of 
the second stage. It is about 150 °F higher than the terminal tem- 
perature of the second stage for the corresponding plain carbon steel. 
At higher temperatures the overwhelming influence is that of the 
third-stage decomposition. 

The data presented in Fig. 1 clearly demonstrate that appreciable 
retardation of the third-stage reaction is produced by the addition of 
silicon. Comparison of the curves for Specimens B and D suggests 
that, within the restricted carbon range under examination, the influ- 
ence of carbon content upon the third-stage kinetics is negligible. 

In the third-stage range, initially there is a rapid decrease in 
magnetization on heating. However, at higher temperatures, the 
separation between the heating and cooling curves indicates that the 
decomposition does not readily go to completion. In other words, 
although the reaction rate for the major part of the third stage in- 
creases markedly with increasing temperature, the final part of this 
decomposition suffers a retardation and requires appreciably higher 
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temperatures to attain completion in a reasonable time. This anomaly 
has been observed previously in plain carbon steels (4, 5), and is 
now shown to become more prominent in the presence of silicon 
(compare curves for Specimens B and Q in Fig. 1 and K in Fig. 2). 

Numerous determinations of the carbide Curie temperature in 
specimens which had been tempered at temperatures greater than 
necessary to complete the third stage (as indicated by the converg- 
ence of the heating and cooling curves) all gave results between 400 
and 420 °F (see, for example, cooling curves in Figs. 1 and 2). This 
range includes the usually accepted value for cementite Fes;C. Thus 
it may be concluded that silicon does not remain in the ultimate car- 
bide phase to any measurable extent. This is in agreement with pre- 
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Fig. 3—Change in Magnetization Versus Temperature for B Steel 
Tempered at Temperatures Shown (0.82% C, 1.48% Si). 


vious X-ray (4) and chemical (5) investigations of the problem 
However, magnetization curves of specimens which have been tem- 
pered only part way through the third stage showed Curie tempera- 
tures higher than that of pure cementite (Fig. 3). The magnetic 
change temperature approached 410 °F as progressively higher tem- 
pering temperatures were employed. 

The continuous heating magnetization curves for the 3.8% sili- 
con steel (Fig. 4) were of a different form than those of the remain- 
ing alloys. Due to the marked stabilization of the second and third 
stages and the resulting large overlap, no magnetization peaks (cor- 
responding to those described earlier) were detected. However, 
between 850 and 950 °F (455 and 510°C) small changes in direc- 
tion of the curves were observed. It is thought that these are a result 
of an effect which is not a part of the usual three tempering stages, 
and will be referred to later. 
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Fig. 4—Change in Magnetization Versus Temperature for G Steel. 


PRECISION LENGTH MEASUREMENTS. SEPARATION OF THREE STAGES 


The changes in length per unit length with time were measured 
(8) on specimens of Alloys J, K and G tempered isothermally at six 
selected temperatures. The experiments were carried out in the 
same manner and with the same apparatus as that used by Roberts, 
Averbach and Cohen in their study of the kinetics of the tempering 
of plain carbon steels (2). Two sets of specimens with different, but 
known, quantities of retained austenite were used. Thus the length 
changes attending the austenite decomposition could be separated 
from those reflecting the behavior of the martensite. The results for 
short tempering times are less accurate, relative to those at longer 
times, since a period of 50 to 60 seconds was required for the speci- 
mens to reach temperature in the salt baths, and at short times this 
represents a large percentage of the total tempering interval. 
Further, the results for the second stage are considerably less accu- 
rate than those for the martensite decomposition due to the large 
ratio of martensite-to-austenite in the specimens which magnifies the 
experimental errors when separating the austenite component. 


The Third Stage 


The unit length changes for 100% martensite in each of the 
steels, J, K and G, are shown in Figs. 5, 6 and 7. The curves for 
Steels J and K follow the same general pattern as those for plain 
carbon steels (2). Due to the delay in the start of the third stage, 
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Fig. 5—Length Changes on Tempering 100% Martensite of Alloy J (0.61% C, 
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Fig. 6—Length Changes on Tempering 100% Martensite of Alloy K' (0.78% C, 
1.38% Si). 


the first stage persists to higher temperatures than in the plain carbon 
steels. Before the third-stage kinetics could be treated, it was neces- 
sary to subtract the length changes due to the first stage. From a 
consideration of the relative shapes of the curves, the total unit length 





a I TTT 





1954 EFFECT OF SILICON ON TEMPERING 819 


End of IS Stage Corresponding 
to Plain Carbon Steel ‘?) 


Estimated End 
of 1St Stage 


Estimated End of 
3" Stage 


0 100 1000 10,000 100,000 
Time - Secs 





3000 


Fig. 7—Length Changes on Tempering 100% Martensite of Alloy G (0.49% C, 
3.80% Si). 


changes a, to the end of the first stage were estimated. The values 
were found to be close to those for the corresponding plain carbon 
a 





—) versus log t 
a—y 3 


in the kinetic analysis of the third stage, which is discussed later, 
suggests that the estimates of a, are reasonably accurate. 

The curves clearly demonstrate that, for a selected time interval, 
the third stage is moved to much higher temperature ranges than 
those for plain carbon steels. For example, for Specimen K to reach 
the halfway point in the reaction in 1 hour, a temperature of 720 °F 
(380 °C) is required compared with approximately 550 °F (290 °C) 
in the case of the corresponding plain carbon steel. Since toward 
the end of the third-stage reaction the rate of approach to comple- 
tion is very slow, some difficulty was encountered in determining the 
total length change produced by this reaction. However, although 
the time effect is large, the length change involved is very small 
and it is thought that any error introduced from this source is insuf- 
ficient to invalidate the subsequent deductions. 

Alloy G, which has a lower carbon content and more than twice 
the silicon content of Alloys J and K, produced a family of curves 
with several differences from those of the lower silicon steels. The 
plain carbon steel total length change for the first stage did not give 
a good fit with the data, the total contraction being very much greater 
in the case of Alloy G. The delay in the start of the third stage is 
very pronounced. The end of the third stage can be estimated al- 
though it is partially masked by an anomalous change in direction of 


steels. The linearity of the plots of log log ( 
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the curves. This occurs at approximately the same stage in the 
decomposition as the unusual magnetization effects at 800 to 900 °F 
(425 to 480 °C) reported earlier (Fig. 4). 

For all three alloys it was found that the observed data for the 
third stage could be represented by a rate equation of the form (2) 


oma ae (2 — £) (™ Equation 1 


{ = fraction transformed 

t — time 
K = temperature-dependent rate constant 
m — constant 


If y is the observed unit length change and a the total unit length 
change for the third stage, the integrated form of the equation is 


log log (— ‘.) = (m+ 1) logt + log Gat -i;) Equation 2° 


a—y 2.3 (m+ 1) 
; . a ' : 
Plots of log log {———) versus log t gave straight lines from 
a—y 


which the values of m and K could be found. The activation ener- 
gies (Ox) were estimated using the temperature dependence of the 
rate constant K 


K = Aexp (—Q:/RT) Equation 3 


The values thus obtained were transformed to dimensions time”! 
and are listed as Ox ¢«¢?) in Table II. 


Table II 
Experimental Values of Activation Energies and Index n 


Ox/n = 


Ox as Oxce™ Qt «em Ox/n’ 
Second Stage cal/mol m-+1_ cal/mol cal/mol n’ cal/mol 


Plain carbon steel, Balluffi (9) 
1.07 C, 0.23 Si 58,000 1.6 36,000 38,000 4. 


5 38,700 
Plain carbon steel, Roberts (2) 
ARIAS, Spree Br Ue etl | Any alee ie aed Dae SR rete a Rs os bi ti ke eee 
35,800 
Silicon steels J and K (Average) 20,750 0.5 41,500 36,500 0.5 41,500 


Third Stage 
Plain carbon steels, Balluffi (9) 


1.07 C, 0.23 Si 11,000 0.3 42,300 40,100 0.5 22,000 
Plain carbon steels, Roberts(2) 
Average of all results, 


Greet ange af eee aey | hae ewan 1 a 38,000 aie es) <i aris 
Silicon steels: K 0.78 C, 1.38 Si 75,000 oe Tee. >, hawewe 1.5 50,000 
J 0.61 C, 1.57 Si 79,000 1.3 SAnee <-- weves 1.5 52,700 

G 0.49 C, 3.80 Si 60,200 0.9 NE, 0 ee 1.0 60,200 


Qx—Obtained directly from plots according to Equation 1. 

m—and hence n, obtained from same plots as Ox. 

Ox «t~)—QOk reduced to dimensions t-. 

Or «t-)—Obtained by plotting log t vs. 1/T, i.e., using Equation 4. Has dimensions t-*. 
n’—An assumed value for the index in the Zener (10) equation f = const. t®. 





| 
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The Second Stage 


The length changes expressed in terms of 100% austenite are 
shown in Figs. 8, 9 and 10. By comparing these curves with those 
for the corresponding plain carbon steels (2) it will be seen that sili- 
con exerts a stabilizing influence on the second stage. 

The contraction after the reaction is well advanced, which is 
observed in the curves for specimens treated at higher tempering 
temperatures, has been noted previously (2, 9) and has been attrib- 
uted to the decomposition of bainite. At a still later stage in the 


10000 
gOO0°F 
8000 
720°=s 
© +6000 
~ 600°F 
a 4000 
2000 n00°* 
CG — — 
10 100 1000 10,000 100,000 
Time-Secs 
Fig. 8—Length Changes on Tempering 100% Austenite of Alloy J (0.61% C, 
1.57% Si). 


reaction, in the case of Alloy G an appreciable increase followed by 
a further decrease was detected. As the effect occurs after the nor- 
mal decomposition of austenite is completed and at times which cor- 
respond to an advanced point in the third stage, it is probably a 
result of the extraneous reaction previously mentioned. 

The activation energies were estimated in the same manner as 
those for the third stage. The results, transformed to dimensions 
time! (Ox «")) are listed in Table II which also shows the activa- 
tion energies calculated by an alternative method using the relation- 
ship it : 

1/t = Bexp (—Q./RT) Equation 4 
where t = time for a given fraction to transform. 


DISCUSSION OF RESULTS 


There is no evidence to suggest that the basic mechanism is 
altered in the first stage. The large contraction noted for the 3.8% 
silicon steel may be indicative of a modification in the nature of the 
e-carbide, but no difference was detected by the X-ray examination. 
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Fig. 9—Length Changes on Tempering 100% Austenite of Alloy K (0.78% C, 
1.38% Si). 
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It seems more probable that it results from a change in the composi- 
tion of the low carbon martensite which coexists with the e-carbide 
in the aggregate. 

The studies of the first stage in plain carbon steels (2) have 
suggested that the kinetics of the second and third stages might be 
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0 x 
A. Depletion of solute in B. Build-up of solute in 
front of advancing front of advancing 
interface. interface. 


where C=Solute concentration, gm-atoms per cc. 


Cpy=Concentration in the matrix far away from 
the precipitate. 


Ce=Concentration in the matrix in equilibrium 
with the precipitate. 


Cg= Concentration in the precipitate 


Fig. 11—Models Used in the Kinetic Analysis. 


usefully treated in terms of growth-controlled processes, it being 
assumed that all the nuclei are present immediately after quenching. 
Zener (10) has treated single-phase precipitation reactions of this 
type using the models illustrated in Fig. 11. In this analysis 


f = const. t" Equation 5 


a = const. t"-* = const. t™ Equation 6 


The index n reflects the shape of the precipitate, having the values 
5/2 for disks, 2 for rods and 3/2 for spheres. For a pearlite type of 
two-phase growth in one direction m is reduced to unity since the 
diffusion distance remains constant. Aggregate precipitates may be 
treated in a similar manner, provided it is assumed that only the con- 
tinuous constituent of the aggregate forms an interface with the 
retreating matrix. The simple case of a plane front advancing inter- 
face has been discussed by Roberts, Averbach and Cohen (2) who 
showed the index m to have the value 1/2. If other forms of the 
interface are considered it can be shown that the index is determined 
by the shape of the volume enclosed by the boundary, the numerical 
values being those found for the same shapes by the Zener analysis. 
The indices may be modified by impingement of the precipitated 
particles. For example, Hollomon (11) has shown that if the growth 
is restricted by edgewise impingement the index for rods is reduced 
to 1 and that for plates to 1/2. Further, when the process is con- 
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tinuously nucleated during the reaction, the index of t is changed. If 
the rate of nucleation is uniform with time, the index is increased by 
unity. 

The experimental values of n for the second and third stages for 
both plain carbon and silicon steels are listed in Table II. Electron 
microscope studies have shown that the precipitates are not uni- 
formly of the simple shapes envisaged. For this reason the subse- 
quent use of the nearest ideal index (n’) is considered to be justifi- 
able. 

In the second stage an aggregate (bainite) is precipitated from 
the matrix (austenite). The plain carbon steel index of 1.6 suggests 
that either the interface takes the form of a growing sphere in a 
purely growth-controlled process or, alternatively, the precipitate 
grows as plates restricted by edgewise impingement in a reaction 
dependent upon both steady nucleation and growth. In view of the 
existing knowledge of the nature of bainite, the latter suggestion ap- 
pears the more probable. However, it seems that the process is dif- 
ferent when silicon is present. The index 0.5 indicates a model in 
which the nucleation is complete either at t =O or at a very early 
stage in the reaction, the precipitate growing with an advancing plane 
interface. 

The model which best fits the experimental results for the third 
stage of plain carbon steel is that of very thin plates of cementite, 
surrounded by ferrite, precipitating from low carbon martensite, the 
carbon content of which is maintained by resolution of the e-phase. 
This is similar to the case of aggregate precipitation with a plane 
front interface considered by Roberts, Averbach and Cohen (2) 
and the experimental index (0.3) supports this view. However, the 
index for the silicon steels suggests a different type of precipitation. 
It appears that the precipitate is spherical, tending to be rod-like or 
pearlitic in the high silicon steels. 

Electron microscope studies support the idea that the precipi- 
tate is spherical. A photograph of the structure of Specimen J tem- 
pered for 1 hour at 1000 °F (540°C) is shown in Fig. 12. In the 
main the carbide particles are concentrated at the grain boundaries 
and are predominantly spheroidal in shape. The structure of the 
corresponding iron-carbon alloy tempered to the same point in the 
third stage contains many more elongated particles and some precipi- 
tate enveloping the ferrite grains, Fig. 13. When this steel is tem- 
pered to 1000°F (540°C) spheroidization of the carbide results. 
Although this fact is irrelevant to the discussion of the kinetics, it 
does suggest that spheroidal precipitation in the silicon steels may 
be simply explained as being a corollary of the influence of silicon, 
the effective temperature range for the third-stage reaction being 
raised so that spheroidization rapidly takes place. 
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Fig. 12—Electron Micrograph of J Steel (0.61% C, 1.57% Si) Austenitized 
1600 °F, Water-Quenched, Refrigerated in Liquid Nitrogen, Tempered 1 Hour at 
1000 °F. X 10,000. 





Fig. 13—Electron Micrograph of a High Purity Iron-Carbon Alloy (0.78% C) 
Austenitized at 1500°F, 1 Hour, Water-Quenched, Tempered 1 Hour at 600 °F. 
< 10,000. 


On -the basis of the models under discussion, if the process is 
diffusion controlled the activation energy for the diffusion process 
should be related to that for the decomposition. It turns out that 
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Qn = Ws Equation 7 


where Qp is the activation energy for the diffusion. 

The values of Ox/n’ are given in the last column of Table II. Due 
to the magnification of experimental errors there is considerable scat- 
ter in the results for the second stage. Since, in this case, there is 
very little difference in the values of n and n’, Q; «°1) should agree 
with Ox/n’. Wells, Batz and Mehl (12) found values of Op for the 
diffusion of carbon in austenite to be 28,000 to 34,000 cal/mol in the 
carbon range here being considered. The values of Q; «¢7!) and O«/n’ 
for both the plain carbon steels and the silicon steels lie in the range 
27,000 to 41,500 cal/mol which, allowing for the poorer accuracy of 
the latter figures, appears to be a not unreasonable correlation. Thus, 
it is concluded that the second-stage decomposition is carbon diffusion 
controlled in both classes of steel. It follows that the retardation of 
the precipitation is a result of the influence of silicon on this diffu- 
sion process. 

The third-stage data for plain carbon steels give a value for Ox/n’ 
of 22,000 cal/mol, which is in good agreement with the activation 
energy for diffusion of carbon in ferrite reported by Wert (13) 
(20,000 cal/mol), indicating that in this case also the process is car- 
bon diffusion controlled. The activation values for the silicon steels 
are of a quite different order of magnitude, averaging 54,300 cal/mol 
and thus the controlling mechanism suggested for the plain carbon 
steels cannot be operative in this case. However, the values can be 
explained in terms of a silicon diffusion phenomenon if it is assumed 
that the silicon content of the cementite is small compared with that 
of the matrix causing a build-up of silicon in front of the advancing 
interface (Model B, Fig. 11). Then, for the precipitation to continue, 
silicon must diffuse from the interface to the matrix at the same time 
as carbon is diffusing in the opposite direction. Since the activity of 
carbon is increased by the presence of silicon (14) there will be an 
interaction between the two diffusion processes. It seems that at 
low silicon concentration in the alloy, carbon diffusion is the control- 
ling factor, but on increasing the silicon content, a point is reached 
when the control transfers to the silicon diffusion process. The acti- 
vation energy for silicon diffusion has been determined by Mehl (15) 
at 48,000 + 6,000 cal/mol, which is in agreement with the values of 
Ox/n’ for the alloys under discussion. This suggests that the silicon 
contents of these alloys are greater than that required to produce the 
change-over of the control process. 

This model does not require the complete absence of silicon in 
the cementite phase. When metastable equilibrium is reached the 
silicon content is negligible (4, 5), but Kuo and Hultgren (7) have 
shown that the first formed cementite contains appreciable quantities 
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of silicon which is subsequently transferred to the matrix. Long 

tempering times at high temperatures are required to complete this 

transfer; for example a 0.51% carbon, 1.66% silicon steel needs 

1000 hours at 930 °F (500°C). The slowness of the final approach 

to equilibrium at the end of the third stage may be accounted for by 

the sluggishness of the transfer of silicon atoms from the cementite 
to the matrix. 
CONCLUSIONS 

1. In the presence of silicon much higher tempering temperatures 
are necessary before any appreciable third-stage decomposition 
can be detected. Higher tempering temperatures are required to 
complete the second and third stages. 

2. Carbon diffusion controls the kinetics of the second and third 
stages in plain carbon steels, but when the silicon content is suf- 
ficient, this control is no longer operative in the third stage, the 
reaction being controlled by the diffusion of silicon away from the 
interface. 

3. The final approach to metastable equilibrium in the silicon steels 
is sluggish, probably due to the slow transfer of silicon atoms 
from the precipitated cementite to the matrix. 
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DISCUSSION 


Written Discussion: By A. G. Allten, Research Laboratory, Crucible 
Steel Company of America, Harrison, N. J. 

Dr. Owen’s paper is a valuable contribution to the literature on tem- 
pering, and helps greatly to clarify the manner in which silicon affects 
the tempering process. 

In connection with this paper it may be of interest to report that we 
have tried to establish whether other elements have an effect on temper- 
ing similar to that of silicon. In this work we have used only the qualita- 
tive dilatometric method described in the paper by Allten and Payson. 

As indicated in Fig. 14, aluminum retards the contraction which is 
associated with the third stage of tempering. The dashed curve indicates 
the length changes which were observed during the tempering of a steel 
of SAE 4140 composition with only residual aluminum content. The solid 
curve indicates the behavior of a steel of the same base composition which 
contained about 1% aluminum. Higher tempering temperatures are, there- 
fore, required to effect the third-stage decomposition in the presence of 
high aluminum contents. 

We also studied the effect of phosphorus on the tempering behavior 
of the SAE 4140-type steels with the results shown in Fig. 15. Here, 
again, comparison of the dashed and solid curves indicates that 0.6% of 
phosphorus exerts a considerable retarding influence on the contractions 
which accompany the formation of cementite. 

We hope to be able to present further and more quantitative data 
on the effects of aluminum and phosphorus at a later date. 

Finally, could Dr. Owen give an opinion as to the cause of the extra- 
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_ Fig. 14—(Left)—Effect of Aluminum on_ the 
Dilations Observed During the Tempering of SAE 
4140-Type Steels at a Constant Heating Rate. 
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_ Fig. 15—(Right)—Effect of Phosphorus on_the 
Dilations Observed During the Tempering of SAE 
4140-Type Steeis at a Constant Heating Rate. 


neous reaction which was observed when his 0.49% 


carbon, 3.80% silicon 
steel was tempered in the range between 850 and 950 °F (455 and 510°C)? 


Author’s Reply 


Mr. Alliten’s new information concerning the effects of aluminum and 
phosphorus on the kinetics of the third stage of tempering is very inter- 
esting and we look forward to the publication of his quantitative data. 

The appearance of a transition precipitate appeals as the most straight- 
forward explanation of the extraneous reaction observed in the 0.49% 
carbon, 3.80% silicon specimen. Consequently, we have carried out a 
detailed X-ray study of this and several similar alloys after appropriate 
tempering treatments. To date, we have not succeeded in detecting any 
unfamiliar phases which could account for the observed deviation. 





EFFECT OF NONMARTENSITE DECOMPOSITION 
PRODUCTS ON THE PROPERTIES OF QUENCHED 
AND TEMPERED STEELS 


By E. F. BAILEy 


Abstract 


Times necessary for 10% and 30% decomposition to 
ferrite, pearlite and bainite in AISI 1340, 2340 and 5140 
were determined using Charpy bar-size specimens quenc hed 
into isothermal baths. Test-bar blanks were given the 
determined treatments for isothermal decomposition of 
austenite and tempered to 150,000 psi. Generally no sig- 
nificant damage to mechanical properties as compared to 
the fully quenched and tempered condition resulted from 
10% decomposition. The magnitude of the damage to 
mechanical properties caused by 30% decomposition was 
not the same for the three steels but in general the 700 °F 
bainite had no injurious effect and as the temperature of 
decomposition increased, the greater was the impairment 
to mechanical properties. 

The difference between steels appears to be the degree 
to which the austenite is enriched before carbide product 
is precipitated. Substitution of steels on the basis of hard- 
ness hardenability 1s justified if tensile strength 1s wmpor- 
tant; if notch toughness is paramount, the microstructure 
hardenability must be considered. 


INTRODUCTION 


UE to the present shortage of alloying elements, and with an 
even grimmer picture for the future, the subject of slack quench- 

ing is again one of prominence. In addition, the increasing impor- 
tance of impact properties, or notch toughness, plus the recent findings 
of Troiano (1, 2)* (that steels of similar Jominy hardenability* do not 
have the same microstructure hardenability*) have re-emphasized the 
importance of the effects of slack quenching and have raised questions 





1The figures appearing in parentheses pertain to the references appended to this paper. 


“An indication of hardenability by measuring hardness along the length of an end- 
quenched right circular cylinder. 


’An indication of hardenability by studying microstructure at various cooling rates. 
Usual methods of reporting are transformation diagrams or depth to which a percentage of 
martensite is formed in quenching of a cylinder. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, E. F. Bailey, is metal- 
lurgist, Ferrous Alloys Branch, Metallurgy Division, Naval Research Labora- 
tory, Washington, D. C. Manuscript received April 9, 1953. 
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concerning substitution of steels merely by Jominy ratings where 
slack quenching cannot be avoided. 

Hollomon et al (3) isothermally decomposed an AISI 3135 steel 
to large percentages of pearlite and bainite and determined notch 
toughness at a nominal tensile strength of 125,000 psi. They found 
pearlite to have a very detrimental effect and bainite to be less detri- 
mental in its influence. Herres and Lorig (4) reported that high 
temperature bainite caused more impairment than low temperature 
bainite in a 0.20%C, Mn, Ni, Cr, Mo steel. Wells, et al (5) found, 
however, in a 0.33%C steel containing Ni, Cr, Mo, V, and having a 
total alloy content of 2%, that higher temperature bainites yielded 
better impact properties than lower temperature bainites. 

The work reported here was initiated in an attempt to resolve 
some of the dissenting findings concerning the effects of bainites and 
of the substitution of steels by Jominy hardenability, and to add 
knowledge of a quantitative nature of the effects of ferrite, pearlite 
and bainite at the 150,000-psi tensile strength level. 

EXPERIMENTAL PROCEDURE 
Material 

The steels used in this study were AISI 1340, 2340 and 5140. 
These were selected because they contain a single alloying element 
and are similar in Jominy hardenability. The analyses are listed in 
Table I. They were made in the laboratory in a basic induction fur- 
nace with the raw materials being Armco ingot iron, silicon metal, 





Table I 





Composition—% 
Steel . Mn Si P Ss Ni cr 
1340 0.38 1.71 0.25 0.006 0,017 
2340 0.40 0.89 0.35 0.006 0.017 3.34 
0.021 


5140 0.40 0.90 0.28 0.024 


ferrochrome, electrolytic nickel, electrolytic manganese, and graphite. 
The steels were Al-killed in the furnace, using 14% pounds of alumi- 
num per ton. Each heat weighed 350 pounds, and was poured into 
five ingots, which were sliced transverse to the longitudinal axis prior 
to forging into 44-inch square bars. The bars were normalized, cut 
to Charpy bar and tensile bar lengths and then machined to within 
0.012 inch of the finished cross section dimensions. 


Heat Treatment 


AISI 2340 and 1340 were austenitized at 1550°F (845°C); 
AISI 5140 at 1575°F (860°C). After austenitizing they were 
quenched into molten lead at temperatures from 1300 to 700 °F (705 
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Table II 








Heat Treatment for Mechanical Property Specimens 
Decomposition Tempering Hardness After Tempering 
Decomposition -—Time (sec). —-~Time (min.)- - - -Re- ———. 

Steel Temperature (°F) 10% 30% 10% 30% 10% 30% 
1340 700 11 32 60 15 > ee) 33.5 
800 7 13 60 15 32.5 33.5 
lempered 900 5 9 60 15 se 32.0 
at 1000 5 10 60 15 33.2 32.0 
950°F 1100 11 16 60 15 32.0 32.0 
1200 21 70 60 15 32.0 32.0 
2340 700 75 105 105 a 31.5 
800 25 38 105 105 33.0 31.5 
lrempered 900 21 38 105 105 33.0 32.0 
at 1000 30 57 105 105 33.0 32.5 
900 °F 1100 150 300 105 105 33.0 32.5 
5140 700 20 40 60 10 32.5 33.0 
800 18 29 60 10 32.5 32.0 
Tempered 900 25 28 60 10 33.0 32.0 
at 1000 35 122 60 10 32.5 33.0 
1000 °F 1100 30 ye 60 a 32.0 Hea 

1200 32 60 , 32.5 a 
1300 240 420 60 20 32.0 32.0 


to 370°C), for times listed in Table II, and oil-quenched. They 
were tempered at a constant temperature for each steel, with the 
time varied to produce the desired hardness (see Table II). For 
comparison, test bars were also prepared for each steel in the fully 
quenched and tempered condition. 


Metallographic Studies 


Conventional heat treating cycles for the determination of TTT- 
diagrams were employed. The specimen was of 0.012 inch oversize 
Charpy bar dimensions so that the amount of microconstituents would 
be the same as in bars used for study of the mechanical properties. 
The specimens were cut transverse to the longitudinal axis and 
polished on the transverse face. The etchant was 1% nital. The 
quantitative determination of microconstituents was performed with 
a lineal analysis counter at a magnification of & 1500. 

Cooling curves from austenitizing to isothermal bath tempera- 
tures were also determined for each specimen. In making these 
curves a No. 28-gage chromel-alumel thermocouple, embedded in the 
center of the specimen, was used in conjunction with a high speed 
recorder. 


Mechanical Property Tests 


Standard Charpy “V”-notch bars and 0.357-inch diameter tensile 
bars were used to determine notch toughness and tensile properties. 
Approximately 20 Charpy bars were broken for each heat treatment 
over a wide range of temperatures, generally from —320 to 240 °F 
(—196 to 116°C) as was: described previously (6). Initially, an 
indication of the transition curve is established by breaking the bars 
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every 40 °F, then the remaining bars are broken to better interpolate 
between the 40 °F increments. In general, due to the cleanliness of 
the steel and the precise control of heat treating, specimen finish, and 
testing, only single bars were tested at each temperature unless an 
obvious deviation from the smooth transition curve resulted. Dupli- 
cate tensile bars of each heat treatment, from which data for conven- 
tional engineering and true stress—true strain diagrams were ob- 
tained, were tested. Rockwell “C’ hardness measurements were 
made on representative impact and tensile bars; hardnesses reported 
are the average of five readings. 


RESULTS 
Kinetics 


The cooling curves revealed that a large amount of transforma- 
tion occurred during cooling to the isothermal bath temperature ; thus 
the amounts of nonmartensite decomposition products reported are 
not entirely a result of isothermal decomposition. The temperatures 
at which 10 and 30% transformation was realized during cooling to 
the various isotherms are listed for each steel in Table III. This 
temperature which is accurate to +10°F was found by comparing 
the transformation — time curve with the temperature — time curve for 
a given quenching condition. It is obvious that AISI 2340 has the 
best microstructure hardenability, 1.e., less decomposition takes place 
during cooling to the isotherms. The microstructure hardenability 
of AISI 5140 was the poorest of the three steels and in order to 
control its decomposition the austenite grain size had to be increased 
to ASTM 5. Even with this enlarged grain size, the 30% decom- 
position at both 1200 and 1100°F (650 and 590 °C) could not be 


Table III 
Actual Temperature at Which Decomposition Was Completed 
Temp. (°F) Temp. (°F) Temp. (°F) 
Quenching 10% 30% 
Steel Media lransformation Transformation 
1340 1300 1300 1300 
1200 1200 1200 
G.S. 7-8 1100 1190 1160 
1000 1200 1140 
900 1200 1125 
700 930 740 
2340 1100 1100 1100 
1000 1910 1000 
G.S. 7-8 900 915 900 
800 800 800 
700 700 700 
5140 1300 1300 1300 
1200 1260 ert 
G.S. 5-6 1100 1190 ‘amie 
1000 1010 1000 
900 960 950 
800 930 880 


700 900 750 
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Fig. 1—AISI 1340 Steel Reacted as Follows: (a) 10% Decomposition at 1200 
°F; (b) 10% at 1100 °F; (c) 10% at 900 °F; (d) 10% at 700 °F. Etchant 1% nital. 
xX 1500. 


controlled. AISI 1340 had intermediate microstructure harden- 
ability ; but, even in this steel, 30% decomposition took place during 
cooling except at the higher temperatures where austenite is more 
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Fig. 2—AISI 2340 Steel Reacted as Follows: (a) 10% Decomposition at 1000 
°F; (b) 30% at 1000 °F; (c) 30% at 1100 °F; (d) 30% at 700 °F, Etchant 1% nital. 
x 1500. 


stable. In addition, quenching this steel in lead between 1200 and 
900 °F (650 and 480°C) did not lower the temperature at which 
10% decomposition formed. The microstructure resulting from 
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+ 





Fig. 3—AISI 5140 Steel Reacted as Follows: (a) 10% Decomposition at 1000 
°F; (b) 30% at 1000 °F; (c) 30% at 1300 °F; (d) 30% at 700°F. Etchant 1% nital. 
<x 1500. 


these quenches was different, however, as shown in Fig. 1; grain 
boundary ferrite was formed during the quench to 1200 °F (650 °C) 
while bainite formed during quench to 900 °F (480°C). This sug- 
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Table IV 
Percentage Primary Microconstituents 
As- As- 
Decompo- —— -10% - Quenched . 30%— . Quenched 
sition q q % Hardness % % x Hardness 
Steel Temp., °F Ferrite Pearlite Bainite Rct Ferrite Pearlite Bainite R« 
2340 1100 10 trace ‘ 54 16.7 10.8 : 51 
*1000 7 1 3 53 7 19 3 50 
900 10 52 . 30 49 
800 10 53 30 48 
700 ; 10 53 30 51 
5140 1300 10 1 55 21.3 8.7 52 
*1200 4 6 55 
1100 1.8 55 
1000 ; 10.5 55 s 22 50 
900 ; 10.1 55 30 49 
800 s 10 54 30 47 
700 10 54 30 50 
1340 1200 10 56 28.4 1.6 52 
*1100 9.4 trace 56 9 21 50 
1000 2 2 6 56 2 iZ.> 16 50 
900 : 3% 10.6 56 10.5 19.5 50 
800 ag stad 10 55 30 48 
700 . 10 57 30 51 


*Nose of Pearlite Transformation (1). 
+Fully Martensitic Hardness was Rockwell C-58 for all Steels. 


gests that possibly a cooling rate rather than temperature controls 
the type of early decomposition in these steels. Some typical micro- 
structures (prior to tempering) of SAE 2340 and 5140 are shown 
in Figs. 2 and 3 respectively. Table IV gives the amount of each 
microconstituent resulting from each heat treatment ; “acicular ferrite” 
is listed as bainite. 


Mechanical Property Tests 


The transition (impact energy versus temperature) curves are 
shown in Figs. 4, 5, and 6. The solid-line curves are for the oil- 
quenched and tempered condition. It is readily apparent that in most 
cases 10% of decomposition products is not detrimental. Only the 
1300 °F (705 °C) product of the AISI 5140 is definitely deleterious. 
It must be remembered that the AISI 5140 had a larger grain size 
and thus may be more affected by 10% grain boundary ferrite than 
the finer-grained AISI 1340 and 2340. 30% decomposition in the 
AISI 2340 steel caused no significant change in maximum energy. 
The somewhat higher maximum energy for the 7O00°F (370°C) 
treatment is felt to be an effect of the slightly lower hardness. It is 
to be noted, however, that the data for the 1100 °F (595°C) de- 
composition is consistently poorer than the data for the other heat 
treatments. The results on the AISI 5140 and 1340 steels show a 
clearer trend with type of microstructure. The higher temperature 
decomposition products (pearlite and equiaxed grain boundary ferrite ) 
cause more impairment of notch toughness than do the lower temper- 
ature acicular-type products. Thus, it appears that the more acicular 
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Fig. 4—Energy Versus Testing Temperature Curves of AISI 1340 
Steel Containing 10% and 30% Nonmartensite Decomposition Products. 


and the closer the decomposition product is the nominal analysis, the 
less injurious is the result. 
The less injurious effect of the 30% decomposition products in 
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Fig. 5—Energy Versus Testing Temperature Curves of AISI 2340 
Steel Containing 10% and 30% Nonmartensite Decomposition Products. 


AISI 2340 is felt to be an effect of the higher alloy content in this 
steel slowing down the rate of carbon enrichment of the austenite. 
As is shown in Table IV, after 10% and 30% decomposition the as- 
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Fig. 6—Energy Versus Testing Temperature Curves of AISI 5140 Steel Con- 
taining 10% and 30% Nonmartensite Decomposition Products. 


quenched hardness of AISI 2340 is more affected by the presence of 
the softer “isothermal” decomposition products when compared to 
the fully martensitic hardness than the other two steels. The most 


ene 
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Fig. 7—Energy Absorbed in Impact Testing at —40°F and 80 °F 
as a Function of Decomposition Temperature. 
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likely explanation of this effect is that in the other two steels the 


austenite is more enriched by the formation of ferrite. 


When 
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°-10% Decomposition 
°- 30% 
*- Quenched and Tempered 


Lowest Temperature (°F) For 100% Ductile Fracture 
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Fig. 8—Effect of Type and Amount of Decomposition on the Lowest 
Temperature for 100% Ductile Fracture. 


quenched, the enriched austenite will have a hardness commensurate 
with a higher carbon steel which counterbalances the softening from 
the formation of ferrite and pearlite. This enrichment can also be 
verified by microstructure. The AISI 1340 had no pearlite existing 
after 10% decomposition at 1100 °F (595 °C), while some did exist 
in the AISI 2340 and 5140; however, in the 2340, considerable 
amounts of the ferrite had internal structure not unlike the beginning 
of pearlite precipitation. In addition, the fact that a larger amount 
of pearlite forms in the AISI 2340 than in the other steels above the 
pearlite nose of the TTT-curve indicates that eutectoid composition 
may be lower in this steel. Furthermore, it is well known that upper 
bainite, per se, is harder than a ferrite and pearlite mixture and causes 
less carbon enrichment, if any, of the remaining austenite; yet in this 
bainite region the hardness for all steels drops off rapidly as the 
amount of this decomposition product increases to 30%. Thus, it 
appears likely that the carbon enrichment of the austenite is the main 
governing factor for the as-quenched hardness in the presence of non- 
martensite products. If this explanation of hardness is adopted, then 
two very plausible reasons for the less injurious effect of ferrite and 
pearlite in the AISI 2340 as compared to AISI 1340 and 5140 are: 
lower carbon martensites have better impact properties than higher 
carbon martensites for the same hardness (7, 8), and this difference 
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Fig. 9—Influence of 30% Nonmartensite Decomposition Products 
Stress — True Strain Relationships. 


on True 


in carbon content will also be reflected in the actual as-tempered 
hardness of the martensite present, i.e., the more enriched the steel 
by the formation of ferrite, the higher the hardness of the tempered 
martensite for a given over-all hardness of the piece. 

The data presented in the transition curves can be further broken 
down so as to show the effect of decomposition products on energies 
at room temperature (80 °F) and —40 °F. These results are plotted 
in Fig. 7. Ten per cent of decomposition products caused no large 
effects at either 80°F or —40 °F. Thirty per cent of decomposition 
products in general showed a decrease in energy as the decomposition 
temperature increased. In AISI 1340 and 2340, the same degree of 
impairment was attained at 80 and —40 °F as the temperature of de- 
composition increased. The large difference in energies between 80 
and —40 °F in AISI 5140 is attributed to the fact that the —40 °F 
is below the temperature for 100% fibrous fracture appearance for 
this steel. 
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The effect of amount and type of decomposition on the lowest 
temperature for 100% fibrous fracture appearance is depicted in Fig. 8. 
It is apparent that both AISI 1340 and 2340 have 100% fibrous 
fracture appearance at —40 °F, even with the presence of 30% non- 
martensite products. A comparison of Figs. 7 and 8 shows that 
although fracture appearance may be 100% fibrous, there is a steady 
decrease in energy as the decomposition temperature increases. Thus, 
100% fibrous fracture appearance would appear to be not as sensitive 
to nonmartensite products as absorbed energy. 


Tensile Properties 


The data collected from the engineering tensile and the true 
stress —true strain tests are listed in Table V. In general, 10% of 
decomposition products is not injurious to the tensile and yield 
strengths. Thirty per cent of decomposition products is not injurious 


Table V 





Tensile Properties 
SAE 1340 ; 
Isothermal q Fracture 
Bath Non- Tensile Vield = Fracture Strain 
Tempera- martensite Strength Strength YS. % Slope Strength In Ao 
ture Products Re X10* psi X10* psi T-S. R.A, 105 X10* psi A 
90° (Oil) None a2 32 148 137 0.925 58.5 102 244.5 0.876 
700 10 33.0 148 138 0.93 57.0 102.5 246.5 0.846 
800 10 32.6 142 132 0.94 57.0 101.5 243.5 0.846 
900 10 33.0 144 132 0.925 59.0 101 244.5 0.887 
1000 10 32.4 146 134 0.918 59.0 101 250 0.887 
1100 10 31.8 142 131 0.914 57.5 100.5 241 0.855 
1200 10 31.6 143.5 132 0.920 59.0 100 248 0.880 
700 30 32.1 153 143 0.933 58.6 105 260.5 0.890 
800 30 31.5 148 133 0.895 60.0 104 252 0.918 
900 30 33.5 143 134 0.836 58.7 103 247 0.892 
1000 30 33.6 ° 148 134 0.905 56.5 104.5 243 0.840 
1100 30 32.0 142 126 0.850 55.0 102 231 0.800 
1200 30 32.0 145 129 0.890 49.3 105 226.5 0.700 
SAE 2340 
90° (Oil) None 33.0 154.0 143.0 0.929 61.8 104.0 267.5 0.965 
800 10 $2.3 148.0 137.0 0.925 58.5 106.0 250.0 0.875 
900 10 32.7 149.0 138.5 0.923 59.6 106.0 256.0 0.916 
1000 10 32.8 151.0 138.5 0.923 56.2 109.5 249.0 0.802 
1100 10 32.6 150.0 137.0 0.920 56.0 109.0 243.0 0.780 
700 30 32.0 148.0 139.7 0.880 61.3 103.5 255.0 0.950 
800 30 32.3 146.0 131.0 0.900 59.7 109.0 252.0 0.900 
900 30 32.0 147.0 134.2 0.915 58.0 107.0 247.0 0.860 
1000 30 32.1 146.5 131.5 0.885 57.5 106.0 243.0 0.850 
1100 30 32.3 144.0 533 ..S 0.900 53.5 106.0 233.0 0.774 
SAE 5140 
90° (Oil) None 33.0 151.0 139.5 0.923 58.4 105.0 250.0 0.870 
700 10 34.0 150.0 137.5 0.920 56.7 104.0 244.5 0.842 
800 10 33.6 148.3 136.5 0.925 55.6 100.0 238.0 0.790 
900 10 34,0 150.5 137.5 0.920 54.5 104.0 241.0 0.775 
1000 10 33.6 150.0 199.3 -@.932 52.5 103.0 236.0 0.770 
1100 10 33.5 152.0 138.5 0.915 50.0 107.5 246.0 0.706 
1200 10 34.0 149.0 135.0 0.910 55.0 104.5 242.0 0.790 
1300 10 32.0 150.0 130.0 0.880 36.0 110.0 204.5 0.542 
700 30 33.3 152.0 139.5 0.920 60.2 103.0 261.0 0.920 
800 30 32.3 147.0 130.0 0.885 59.9 100.0 250.0 0.912 
900 30 33.3 145.0 129.2 0.895 54.5 104.0 237.0 0.790 
1000 30 33.0 150.0 129.0 0.870 48.0 110.0 230.0 0.650 
1300 30 33.0 0.875 42.0 110.0 205.0 0.452 
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if formed at 700 °F but, despite the constant hardness, is injurious if 
pearlite and ferrite are formed. The percentage reduction of area in 
general decreases as the decomposition temperature increases. 

A study of the true stress —true strain data shows that the frac- 
ture strength and fracture strain are also impaired by the presence of 
30% high temperature decomposition products. The true stress — 
true strain data shown in Fig. 9 are for steels having 30% decom- 
position. The 10% curves showed no significant trends and are not 
included. It is apparent that fracture stress and fracture strain de- 
crease as the decomposition temperature increases. Since decompo- 
sition products do not appear to affect the rate of work hardening, 
it is reasoned that the fracture stress is decreased due to a change in 
ductility (fracture strain). 


SUMMARY 


Of the three steels studied, AISI 2340, 5140 and 1340, the im- 
pact properties of AISI 2340 are the least affected by the presence of 
nonmartensite products, with the 1340 being slightly less affected than 
5140. The greater effect on AISI 5140 may be due in part to the 
difference in austenitic grain size. It appears that the difference in 
impairment caused by ferrite and pearlite in these steels may be due 
to a difference in amount of carbon enrichment of austenite as the 
ferrite is being formed. AISI 2340 appears to have the least enrich- 
ment; thus there is less chance of a deleterious effect of a higher 
carbon martensite contributing to the detrimental effect of the ferrite 
and pearlite present. Therefore, for the same degree of slack quench- 
ing (as determined by percentage nonmartensite decomposition prod- 
ucts), a higher alloy steel is more desirable than a leaner alloy steel. 
The difference within a single steel between the effects of high tem- 
perature and low temperature decomposition products can also be 
attributed to austenite enrichment. In addition there is the already 
well-known fact that an acicular product is usually more desirable 
than a nonacicular product in steel. 

Tensile test results were affected in the same manner as impact 
results ; that is, the higher the decomposition temperature, the greater 
the impairment of properties. The changes were manifested pri- 
marily by a decrease of the tensile and yield strength and % R.A. 
The true stress — true strain analyses reveal no change in work hard- 
ening, suggesting that the % R.A., or strain at fracture, decreases the 
true stress at failure. The tensile properties of each steel, however, 
were affected to approximately the same degree by slack-quench 
products. Therefore, where slack quenching cannot be avoided and 
tensile properties are of paramount interest, steels may be substituted 
by Jominy ratings. 
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CONCLUSIONS 


1. Steels of similar Jominy hardenability can be substituted if 
not more than 10% nonmartensitic products are expected in a slack 
quench. 

2. If 30% nonmartensite products cannot be avoided, then steels 
cannot be substituted on the basis of Jominy hardenability alone. In 
these cases the “microstructure hardenability” must be considered: 

3. The effect of 30% nonmartensite decomposition on impact 
properties depends on alloy amount and type of decomposition prod- 
uct. (The more highly alloyed the steel and the lower the decompo- 
sition temperature, the less is the effect. ) 

4. The lack of correlation between “Jominy hardenability” and 
“microstructure hardenability”, and the different effects of similar 
amounts of nonmartensite decomposition products on notch toughness, 
appear to lie in the degree of carbon enrichment of austenite while 
the nonmartensite product is forming. 

5. Despite a constant hardness, yield and tensile strength gen- 
erally were lowered as the amount of high temperature nonmartensite 
products increased. 

6. True stress — true strain data show that the formation of non- 
martensite products does not affect the rate of work hardening but 
controls fracture strength by decreasing ductility. 
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DISCUSSION 


Written Discussion: By A. L. Christenson, The Timken Roller Bear- 
ing Co., Canton, Ohio. 

Since the work of Janitzky demonstrating that the mechanical prop- 
erties of alloy steels tempered to a hardness of 200 to 400 Brinell are fairly 
independent of the amount and type of alloy addition, provided the as- 
quenched structure is fully martensitic, there has been considerable com- 
mercial interest in the extent to which the mechanical properties are im- 
paired by the presence of nonmartensitic constituents in the quenched and 
tempered structures. This paper, therefore, is a welcome contribution 
toward the determination of that question. 

A study similar to this was undertaken some time ago in our labora- 
tory, but unfortunately is as yet incomplete. However, the data obtained 
to date are in good agreement with Mr. Bailey’s results. Samples of 
SAE 3141, 4840, 4140, and 5145 were quenched from 1550 to T00°F (845 
to 370°C) and held for varying times sufficient to produce up to 50% 
dark-etching bainite in the microstructures. The specimens were then 
tempered to hardnesses from Rockweil C-28 to C-37 and tested for ulti- 
mate strength, 0.2% yield strength, reduction of area, and elongation. No 
change, of practical significance, was observed in these properties. Addi- 
tional samples of the SAE 4140 steel were Charpy impact tested at temper- 
atures ranging from the ambient of 90°F to minus 100 °F, and little effect 
of bainite contents up to 50% was noted. 

These results, of course, represent only one condition of Mr. Bailey’s 
test program, but it is gratifying to learn of the agreement of his data 
with ours. The commercial importance of this information lies in the 
indication that the presence of surprisingly large amounts of lower tem- 
perature nonmartensitic constituents, such as those normally obtained in 
slack-quenched, medium carbon, bainitic steels, does not seriously impair 
mechanical properties, and one need not become alarmed unless the pres- 
ence of higher temperature constituents is detected. 

Written Discussion: By R. D. Chapman and W. E. Jominy, Engineer- 
ing Division, Chrysler Corp., Detroit. 

After considering this carefully executed piece of work by the author, 
we find that we are not in complete agreement with some of his state- 
ments. The conclusion that 30% nonmartensitic products cannot be sub- 
stituted on the basis of hardenability alone we believe should be prefaced 
by: “when the application is one of low temperature notched impact”. 
The author has shown by his data that the tensile properties manifest lit- 
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Fig. 10—Continuous Cooling Diagrams for SAE 5140 and 2340 Steels. 


tle or no difference between the steels tested. This he states in his sum- 
mary, but some readers may not realize that, in the vast majority of auto- 
motive parts or machine elements, resistance to fatigue stressing is vital 
and impact is of very minor importance. No one has been able to relate 
impact resistance to service life. Furthermore, according to Harry Knowl- 
ton, “There is a very great doubt with regard to the correlation of notched- 
bar impact data with actual performance of commercial parts in service” 
(TRANSACTIONS, American Society for Metals, Vol. 44, 1952, p. 799). We 
have shown that, regardless of the low or high impact resistance, no dif- 
ference could be found in the endurance limit of an SAE 5135 steel which 
was heat treated to approximately the same hardness but considerably dif- 
ferent impact values (TRANSACTIONS, American Society for Metals, Vol. 45, 
1953, p. 710). 

The author has used isothermal treatments to obtain his slack- 
quenched structures. In commercial practice very little steel is quenched 
by such methods, but rather by continuous cooling. Fig. 10 gives the con- 
tinuous cooling transformation diagrams of SAE 5140 in half tones with 
the SAE 2340 steel diagram superimposed upon it. These curves were cal- 
culated after the method of Grange and Kiefer (TRANSACTIONS, American 
Society for Metals, Vol. 29, 1941, p. 85). We have investigated micro- 
structures under the electron microscope of 50% martensite obtained by 
continuous cooling an SAE 5140 steel. Under such cooling conditions, no 
pearlite could be found, but rather the structure was martensite, bainite 
and ferrite. When a cooling rate as slow as 30°F per second at 1300 °F 
as shown on the figure is used (producing about 15% martensite), no 
pearlite should be formed in the SAE 5140. Therefore, those structures 
which the author shows containing pearlite in a 70% martensite structure 
are not normal with continuous cooling and are seldom encountered in 
commercial practice. 

Although the author purposely coarsened the grain in the SAE 5140 
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steel, which would raise the transition temperature, the room temperature 
impact values between steels are very comparable. Since the acuity of a 
notch in the Charpy impact test is great, it will show a higher transition 
temperature than would be obtained in service with a less sharp notch. 
Thus, the Charpy impact test rates only the relative resistance of steels 
and has little commercial significance. 

In conclusion, we contend that if the application of a part is one in 
which tensile strength or endurance limit is of prime consideration, steels 
having 70% martensite and less can be substituted by the hardenability 
principle. 


Author’s Reply 


The author wishes to thank the discussers for the valuable informa- 
tion and opinions which they have added to the knowledge which this 
paper has tried to convey. It is always gratifying to know that independ- 
ent investigations, like that of Mr. Christenson, yielded similar results. 

Messrs. Chapman and Jominy wish to emphasize the fact that tensile 
properties manifest little or no difference between steels tested when non- 
martensite products are present. This is true and I think emphasized very 
strongly in the paper; however, in caution, it must be pointed out that the 
energy necessary for tensile fracture is reduced as the decomposition tem- 
perature is raised, and under some conditions, where a small offset proof 
stress is important, the presence of small amounts of nonmartensite prod- 
ucts may cause service failures. 

The use of impact testing as a method of evaluating material is now 
accepted because there is quantitative agreement between certain service 
failures and the transition curves of steels. Thus, the information gained 
from the impact data in this paper, although not useful for all, does have 
value when such service failures are anticipated. 

As for the isothermal treatments, it is recognized that these are not 
normal treatments, but it is the only way in which the amount of non- 
martensite products could be reproducibly controlled and, as is pointed out 
in Table III of the paper, except for the AISI 2340 all the nonmartensite 
decompositions actually took place during continuous cooling. In addition, 
Table III throws some doubt on the calculated curves shown in Fig. 10. 
Such calculations are suspect, since some portions of the isothermal curve 
may actually be a result of continuous cooling’. Furthermore continuous 
cooling curves determined dilatometrically for AISI 2340 and 5140 have 
been published by Niconoff® which suggest the superior microstructure 
hardenability of 2340. Another cause for suspicion of calculated continu- 
ous cooling transformation curves arises from the fact that isothermal 
studies for same steels do not agree—Note AISI 2340 in ASM Hanpsoox, 
1948, page 608, and that presented by Troiano®. Further proof of the 
dissimilar microstructure hardenability of these two steels exists in micro- 


‘E. F. Bailey and W. J. Harris, Jr., ‘Decomposition of Austenite in Low Carbon, Ni, 
Mo Steel Weld Metal’’, Research Supplement, Welding Journal, Vol. XVIII, March 1953. 
; 5—D. Niconoff, Discussion of ‘“‘Limitations of the End-Quench Hardenability Test’’, 
RANSACTIONS, American Society for Metals, Vol. 44, 1952, p. 793. 

®*A. R. Troiano, ‘“‘The Transformation and Retention of Austenite in SAE 5140, 2340 


and T1340 Steels of Comparable Hardenability’, Transactions, American Society for 
Metals, Vol. 41, 1949, p. 1098. 
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photographs cut from quenched Jominy bars of the two steels and pre- 
sented by Troiano®. It is true that it is unlikely that pearlite and mar- 
tensite would coexist after an acceptable commercial heat treatment but 
the effect of pearlite in the microstructure is definitely detrimental both in 
tension and notch impact, even in the presence of 70% tempered mar- 
tensite, thus emphasizing the very deleterious role of such a microstruc- 
ture. I do not hold with the discussers that the Charpy V notch is less 
severe than those notches found in service, especially when compared with 
a fatigue crack or an arc strike. I have often wondered how many “fa- 
tigue” failures, for example, in the rear axles of automobiles, are a combi- 
nation of a fatigue crack and inertial impact. 

In their concluding remarks the discussers concur completely with 


the statements of the author. 





MICROSTRUCTURAL CHANGES ON TEMPERING 
IRON-CARBON ALLOYS 


By B. S. LEmeEntT, B. L. AvVERBACH AND Morris COHEN 


Abstract 


This investigation consists of an electron microscopic 
study of the microstructural changes that occur in high 
purity iron-carbon alloys during tempering up to 700 °F 
(370°C). It is found that subgrains exist in martensite 
which are inherited from the austenite as a result of the 
hardening transformation. During the first stage of tem- 
pering, a network of e-carbide appears at martensitic sub- 
boundaries in tron-carbon alloys containing above about 
0.25% carbon. In the early part of the third stage, the 
subboundary carbide dissolves and cementite precipitates 
both at martensitic boundaries and within the martensite. 
There appears to be a correlation between the formation 
of cementite films along martensitic plates lying at prior 
austenitic grain boundaries and the phenomenon of “500 

F or A-embrittlement”. A detailed analysis is made of 

the relation of observed microstructural and hardness 
changes on tempering up to 700°F.. This investigation 
is being continued and the microstructural changes that 
occur on tempering from 700°F up to Ac, will be re- 
ported later. 


INTRODUCTION 


LTHOUGH the tempering of steel has been the subject of 
numerous investigations, our knowledge is still incomplete with 
respect to the phase transformations involved, the changes in micro- 
structure that occur, and the relationships between microstructure 
and mechanical properties. The present investigation was under- 
taken to obtain a more detailed picture concerning the microstructural 
changes that occur during tempering, and was carried out on a series 
of high purity iron-carbon alloys ranging from 0.15 to 1.4% carbon. 
Considerable use was made of the electron microscope in this pro- 
gram. | 
The chief points of interest were the changes that take place in 
martensite as a result of tempering. The first stage of tempering 
A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, B. S. Lement is on 
the research staff, B. L. Averbach is assistant professor of physical metallurgy, 


and Morris Cohen is professor of physical metallurgy, Massachusetts Institute 
ot Technology, Cambridge, Mass. Manuscript received March 19, 1953. 
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consists of the formation of e-carbide and a low carbon martensite 
containing about 0.25% carbon (1)'. This is followed by what is 
known as the third stage of tempering: conversion of e-carbide and 
low carbon martensite into cementite and ferrite. The second stage 
of tempering, transformation of retained austenite into bainite, was 
not studied in detail here but is known to overlap the temperature 
ranges of both the first and third stages. Because of the scope of this 
investigation, the results are more conveniently presented in two 
reports. The first covers the microstructural changes observed on 
tempering the hardened alloys up to 700 °F (370°C), which repre- 
sents the temperature range comprising the first stage and part of the 
third stage of tempering. The second will cover tempering from 
700 °F (370°C) up to Aci, thus completing the third stage of 
tempering. 


EXPERIMENTAL PROCEDURE 


Heat Treatment—This investigation was carried out on the same 
high purity iron-carbon alloys studied by Roberts (1), and informa- 
tion on casting, forging, and annealing is given in that reference. 
Specimens ¥% inch thick by % inch diameter were austenitized in a 
dry nitrogen atmosphere. With the exception of the 1.4% carbon 
alloy, two austenitizing temperatures were used in order to produce 
both a fine and coarse grain size in each alloy. Quenching of 
specimens was done in iced brine at 40°F. In some experiments, 
refrigeration in liquid nitrogen at —320 °F (—196 °C) immediately 
followed the brine quench. Specimens were tempered in salt baths 
maintained within +5 °F at temperatures up to 700°F (370°C) 
followed by cooling in water to room temperature. 

Hardness Tests—Rockwell hardness tests were carried out on 
refrigerated and tempered specimens. The Rockwell C scale was used 
for 0.8 and 0.4% carbon specimens ; however, this scale resulted in 
cracking of 1.4% carbon specimens and too deep an impression in 
0.15% carbon specimens. These difficulties were overcome by use 
of the Rockwell A scale for 1.4 and 0.15% carbon specimens and the 
readings were converted to Rockwell C units. The precision of the 
Rockwell hardness measurements is estimated to be about +0.3 
Rockwell C units. 

Light Microscopy—Specimens were polished metallographically 
using diamond dust laps. The etchant was a modified picral solution 
containing 4% picric acid and 0.01% hydrochloric acid in ethyl 
alcohol. Observations were made at 2000 diameters with an oil 
immersion lens in order to judge when specimens were adequately 
etched. It was found that satisfactory replicas for examination in 
the electron microscope would result if the specimens were etched to 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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bring out maximum detail when viewed under the light microscope. 


Electron Microscopy—Negative replicas of properly etched speci- 
mens were prepared by using a 1.5% solution of parlodion dissolved 
in butyl acetate. Dry stripping of these replicas was accomplished 
with the regular scotch-tape method, a 200-mesh nickel grid being 
interposed between the replica and tape. Examination of the shad- 
owed replicas was carried out with an RCA Model B electron micro- 
scope having a resolution of about 80 A. Electron micrographs were 
taken at a magnification of 15,000 diameters or lower. 

A departure from the regular method of shadowing was found 
to give improved results. This technique which may be called 
“rotary shadowing” was introduced by Hemmets (2) in connection 
with biological specimens. Instead of having the replicas remain 
stationary during shadowing, they were rotated at a speed of about 
120 rpm. This was accomplished by a small motor in the evacuated 
bell jar which rotated a circular magnet holding the nickel grids at 
a fixed angle of 27 degrees to the small tungsten filament from which 
chromium was evaporated. The current in the filament was adjusted 
so that evaporation took about 1 minute and produced a deposit of 
about 40 A on the horizontal plane of the replica. Under these con- 
ditions, a vertical boundary due to a cylindrical-shaped phase with its 
central axis normal to the plane of the matrix would be outlined by 
a dark border about 25 A wide, which is below the resolving power 
of the electron microscope used. However, the width of the border 
increases if the phase boundary has a more gradual slope, and in 
general such a border can be detected. 

Rotary shadowing has distinct advantages with respect to metal- 
lographic structures. The confusing effect of long white shadows on 
fine structure is eliminated, and the. boundaries between phases are 
more sharply defined. This increases the amount of detail that can 
be seen; however, contrast may be somewhat reduced and the 
3-dimensional effect of shadowing is less pronounced. An example 
of the increased detail due to rotary shadowing is illustrated in Fig. 1. 
Fig. la is the result of rotary shadowing and shows a subgrain struc- 
ture not evident in Fig. 1b which is the result of static shadowing of 
a replica of the same specimen. 

Fig. lc is an electron micrograph at 60,000 diameters of a rotary 
shadowed replica that indicates the presence of subgrains in both tem- 
pered martensite and retained austenite. The presence of a sub- 
boundary carbide in tempered martensite is also designated. Another 
interesting feature is that the boundary between the two constituents 
appears to follow an intergranular path along neighboring subgrains. 
The occurrence of etching pits in tempered martensite is also shown. 
All of these features will be discussed in greater detail. 

In order to avoid possible misunderstanding with respect to the 
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Figs. la and 1b—Comparison of Rotary and Static 
Shadowing Carried out on Negative Parlodion Replicas 
of the Same Specimen of 1.4% Carbon Alloy, Brine- ' 
Quenched From 2200 °F and Tempered 1 Hour at 450 °F. r 


Fig. la—Rotary Shadowed With Chromium at Angle 
of 27 Degrees. Subgrain structure of tempered martensite 
is evident. X 15,000. 


Fig. 1b—Static Shadowed With Chromium at Angle 
of 27 Degrees. Subgrain structure of tempered martensite 
is not evident. X 15,000. 


terms “subgrains” and “subboundaries” as used in this paper, the 
following definitions apply : 
subgrains—an aggregate of crystallites each of which differs 
slightly in orientation from its neighbors. 
subboundaries—the common boundaries between subgrains. 


According to the electron microscopic evidence, each martensite plate 
and retained austenite region contains a network of subboundaries 
and therefore consists of a multitude of subgrains. 


RESULTS 





Carbon Content and Grain Size—The carbon contents and grain 
sizes of the four alloys are given in Table I. The high purity of 
these alloys, less than 0.01% total impurities, is due to vacuum melt- 
ing. Austenitizing the 0.8 and 0.4% carbon alloys at 2200 °F (1205 
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Table I 
Carbon Content, Hardening Treatment, and Grain Size of Iron-Carbon Alloys 
Nominal Carbon Actual Carbon Austenitizing ASTM 
Content Content * Temp.t Grain 
% % °F Size 
1.4 1.43 2200 <1 
0.8 0.78 1500 >8s 
2200 <1 
0.4 0.39 1550 6-7 
2200 i-3 
0.15 0.14 1650 3-4 
2200 1-2 
*Mn,S,P <0.001% 
Si, O <0.01% 
N <0.0002% 


+Quenched into 10% brine at 40°F. 





Retained 
Austenite 





Fig. 1c—Electron Micrograph at xX 60,000. Rotary shadowed replica of 1.4% 
carbon alloy, brine-quenched from 2200 °F and tempered 1 hour at 350 °F, showing 
subgrain structure in martensite and retained austenite. 1. Single subgrain in mar- 
tensite. 2. Subboundary carbide in martensite. 3. Etch pit in martensite. 4. Sin- 


gle subgrain in retained austenite. 5. Boundary between martensite and retained 
austenite. 








856 TRANSACTIONS OF THE ASM Vol. 46 


°C) produces a much coarser grain size than austenitizing at about 
100 °F above their Acg points. The grain size of the 0.15% carbon 
alloy is fairly coarse after austenitizing at 1650°F (900°C), with 
only a small amount of further growth taking place in the range of 
1650 to 2200 °F (900 to 1205 °C). 

Hardness Tests—In order to determine the hardness changes 
occurring in martensite on tempering, specimens of the 1.4, 0.8, 0.4, 
and 0.15% carbon alloys were first brine-quenched from 2200, 1500, 
1550, and 1650°F (1205, 815, 845, and 900°C) respectively and 
immediately refrigerated in liquid nitrogen at —320 °F (—196 °C). 
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Fig. 2—Plot of Hardness Versus Tempering Temperature 
for Quenched and Refrigerated Iron-Carbon Alloys. 


With the exception of the 1.4% carbon alloy, refrigeration reduces 
the amount of retained austenite so that it plays an inconsequential 
part in the hardness changes on subsequent tempering. 

The results of Rockwell C hardness tests on the refrigerated 
specimens tempered for 1 hour at temperatures up to 700°F (370 
“C) are shown in Fig. 2. The 1.4% carbon alloy, which at first is 
softer than the 0.8% carbon alloy because of retained austenite, ex- 
hibits an initial hardening effect and surpasses the hardness of the 
0.8% carbon alloy at a tempering temperature of about 200°F. The 
hardness of the 1.4% carbon alloy reaches a maximum at 250 °F and 
then gradually decreases on tempering up to 700 °F (370°C). The 
0.8% carbon alloy displays a slight increase in hardness up to 200 °F 
followed by softening which is most pronounced between 400 and 
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500 °F (205 and 260°C). The 0.4% carbon alloy undergoes re- 
tarded softening up to 200°F followed by approximately the same 
variation in slope of the hardness curve as found for the 0.8% carbon 
alloy. The 0.15% carbon alloy has a constant hardness up to 400 °F 
(205 °C) which is followed by softening at a slower rate in the range 
of 400 to 500 °F (205 to 260°C) than found for the higher carbon 
alloys. 

The initial hardening in the 1.4 and 0.8% carbon alloys and the 
initial resistance to softening in the 0.4% carbon alloy are associated 
with the onset of the first stage of tempering. Hardening due to the 
precipitation of e-carbide is opposed by the softening effect attending 
the reduction of carbon in the martensite (1). Evidently there is a 
sufficient amount of e-carbide formed in both the 1.4 and 0.8% 
carbon alloys to produce actual hardening rather than merely re- 
tarded softening as in the 0.4% carbon alloy. The increased rate of 
softening in both alloys in the range of about 400 to 500 °F (205 to 
260 °C) correlates with the beginning of the third stage of tempering 
(1). 

The constant hardness of the 0.15% carbon alloy on tempering 
up to 400 °F (205 °C) is similar to the behavior of a 0.20% carbon, 
2% silicon steel reported by Allten (3) and suggests that precipitation 
of e-carbide does not take place in this temperature 1ange if the carbon 
content is below about 0.25%. According to the concept that the 
low carbon martensite in metastable equilibrium with e-carbide at the 
end of the first stage of tempering contains about 0.25% carbon (1), 
a martensite initially containing less than 0.25% carbon in solid 
solution is undersaturated with respect to e-carbide and therefore 
precipitation of this phase should not occur. However, this does not 
preclude the possibility of a transformation of the low carbon mar- 
tensite to an aggregate of ferrite and e-carbide or to ferrite and 
cementite. 

Electron Micrographs—The results of examination of the tem- 
pered iron-carbon alloys using the electron microscope are shown in 
Figs. 3 to 25. Although two austenitizing temperatures were em- 
ployed in studying the 0.8, 0.4, and 0.15% carbon alloys, electron 
micrographs corresponding to only a single austenitizing temperature 
are shown, since this variable was not found to result in any appre- 
ciable difference in the microstructure of the tempered alloys. 

A. 1.4% Carbon Alloy: Figs. 3 to 8 reveal the changes in 
microstructure that occur on tempering for 1 hour at temperatures 
from 350 to 700 °F (175 to 370°C). It was not possible to reveal 
any detail in the martensite tempered below 350 °F (175°C). The 
structure after a 350 °F temper (Fig. 3) consists of martensite and 
retained austenite, both of which contain subgrains. A subboundary 
carbide network is evident in the martensite and may also exist in 
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) Figs. 3 to 8 Electron Micrographs at X 15,000 of 1.4% Carbon Alloy Quenched 
From 2200 °F and Tempered 1 Hour at Temperatures in the Range of 350 to 750 °F. 
Negative parlodion replicas rotary shadowed with chromium. 

Fig. 3—Tempered at 350°F. Subboundary carbide network in martensite. 
Austenite-martensite boundary follows intergranular path. Dark etching pits encom- 
pass several subgrains. 

Fig. 4—-Tempered at 400°F. Subboundary carbide network within martensite 
plate. Dark etching pits encompass several subgrains. 


Fig. 5—Tempered at 450 °F. Formation of elongated carbide films has occurred 
at boundaries between martensite plates. Subboundary carbide network still prominent. 

Fig. 6—Tempered at 500°F. Nucleation of carbide platelets has apparently oc- 
curred at interfaces between subboundary carbide network and martensitic matrix. 

Fig. 7—Tempered at 600°F. Carbide platelets are oriented within martensite 
plates. Subboundary carbide network has completely dissolved. 

Fig. 8—Tempered at 700 °F. Coarsening of carbide films at martensitic bound- 
aries has occurred. 
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the retained austenite. The boundary between the austenite and 
martensite appears to follow an intergranular path along neighboring 
subgrains of both phases*. The subboundary carbide in the mar- 
tensite resulting from a 400 °F (205°C) temper (Fig. 4) is some- 
what coarser than that after a 350°F temper. Elongated carbide 
films first appear at martensitic boundaries after a 450 °F (230 °C) 
temper (Fig. 5). Virtually all of the retained austenite transforms 
during a 500°F (260°C) temper. At the same time, there is a 
marked solution of the subboundary carbide, coarsening of the elon- 
gated carbide films at martensitic boundaries, and precipitation of 
carbide platelets within the martensite (Fig. 6). These platelets 
form at the expense of the subboundary carbide and seem to be 
oriented in a preferential direction with respect to the martensitic 
matrix. Although the carbide platelets are elongated, they appear to 
follow an intergranular path along several subgrain boundaries. This 
may indicate that the platelets nucleate at interfaces between e-carbide 
and martensite. If transformation “in situ” had occurred, the new 
phase should have the same shape and distribution as the initial sub- 
boundary carbide network, which is not found to be the case. After 
tempering at 600 °F (315 °C) (Fig. 7) complete solution of the sub- 
boundary carbide occurs and the carbide platelets appear larger and 
straighter. There is a noticeable increase in the total amount of 
carbide present and the matrix is either ferrite or martensite pos- 
sessing a carbon content below 0.25%. The 700 °F (370 °C) temper 
(Fig. 8) has resulted in appreciable coarsening of the elongated car- 
bide films. 

B. 08% Carbon Alloy: Figs. 9 to 14 illustrate the microstruc- 
tural changes that occur on tempering the 0.8% carbon alloy for 
1 hour at temperatures from 300 to 700 °F (150 to 370°C). A non- 
uniformly distributed subboundary carbide network is found after a 
300 °F temper (Fig. 9). This network becomes more prominent 
and uniformly distributed after a 400 °F temper (Fig. 10). Pro- 
gressive solution of the subboundary carbide network takes place as 
a result of 450 and 500 °F (230 and 260°C) tempers (Figs. 11 and 
12). This is accompanied by the formation of carbide films at mar- 
tensitic boundaries and by the formation of platelet and globular 
carbides within the martensite. As revealed by the electron micro- 
scope, regions of the matrix in which remnants of the subboundary 
carbide still exist generally appear to be more resistant to etching 
than those regions in the vicinity of the new carbide films, platelets, 
and globules. This etching effect may be due to a higher carbon 
content in regions of the matrix near the remaining subboundary 
carbide ag compared to those regions near the new carbide, inasmuch 





*This observation may be of significance with respect to the mechanism of the austenite- 
martensite reaction. It suggests that the formation of a martensite plate is the result of an 
integral number of unit subgrain transformations. 
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Figs. 9 to 14—Electron Micrographs at X 15,000 of 0.8% Carbon Alloy Quenched 
From 1500 °F and Tempered 1 Hour at Temperatures in the Range of 300 to 700 °F. 
Negative parlodion replicas rotary shadowed with chromium. 


Fig. 9—Tempered at 300°F. Subboundary carbide network is nonuniform. 


Fig. 10—Tempered at 400°F. Subboundary carbide network has become more 
uniform and prominent. 


Fig. 11—Tempered at 450°F. Formation of elongated carbide films at mar- 
tensitic boundaries, and both globular and _—! carbides within martensitic plates. 
Subboundary carbide has partially dissolved. 


Fig. 12—Tempered at 500 °F. Subboundary carbide network still not completely 
dissolved. ? 


Fig. 13—-Tempered at 600°F. Subboundary carbide network has dissolved. 


Fig. 14—Tempered at 700 °F. Coarsening of carbide films at martensitic bound- 
aries has occurred. 
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as the carbon content of the martensite adjoining the subboundary 
carbide would tend to remain at about 0.25% while solution of this 
carbide occurs. However, the portions of the matrix adjacent to the 
_ various forms of the new carbide may be either ferrite or martensite 

possessing a carbon content below 0.25%. Tempering at 600 and 
700 °F (315 and 370 °C) causes a coarsening of the carbide films at 
martensitic boundaries and an increase in the total amount of carbide 
present (Figs. 13 and.14). 

C. 0.4% Carbon Alloy: The microstructural changes that occur 
on tempering the 0.4% carbon alloy from 300 to 700°F (150 to 
370 °C) are shown in Figs. 15 to 20. The subboundary carbide 
structure appears to be fully developed after a 300 °F temper (Fig. 
15). Partial disappearance of the subboundary carbide takes place 
during a 400 °F (205 °C) temper (Fig. 16) and results in a differ- 
ential etching effect in the matrix similar to that observed for the 
0.8% carbon steel tempered at 450 °F (230°C). The matrix of the 
0.4% carbon alloy is nonuniform and contains some small regions 
which appear to be low in carbon content. The formation of these 
regions does not seem to be accompanied by precipitation of a new 
carbide phase as in the case of the 0.8% carbon alloy; however, the 
size of any new carbide particles may be too small to be detected. 
A 450 °F (230°C) temper does make visible the new carbide phase 
which is in the form of elongated films at martensitic boundaries and 
both globules and platelets within martensitic plates (Fig. 17). The 
carbide films at martensitic boundaries become more pronounced on 
tempering at 500 °F (260°C) (Fig. 18). Complete solution of the 
subboundary carbide as well as a noticeable increase in the total 
amount of carbide occurs after a 600 °F (315 °C) temper (Fig. 19). 
Coarsening of the carbide films at martensitic boundaries occurs after 
both 600 and 700 °F (315 and 370°C) tempers (Figs. 19 and 20). 

D. 0.15% Carbon Alloy: The microstructural changes that take 
place on tempering the 0.15% carbon alloy for 1 hour at temperatures 
from 400 to 600°F (205 to 315°C) are illustrated in Figs. 21 
to 24. The existence of subgrains as revealed by etching for a long 
period is shown after a 400 °F (205°C) temper (Fig. 21). How- 
ever, no evidence of carbide formation was found after tempering at 
400 °F (205°C) or below. A subboundary carbide network does 
appear after a 450°F (230°C) temper (Fig. 22), which correlates 
with the initial decrease in hardness found for this alloy. Partial 
solution of the subboundary carbide along with the precipitation of 
elongated carbide films at martensitic boundaries and globular carbide 
particles within martensitic plates occurs after a 500°F (260°C) 
temper (Fig. 23). .Complete solution of the subboundary carbide as 
well as coarsening of the elongated carbide films results from a 600 °F 


(315 °C) temper (Fig. 24). 
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_ Figs. 15 to 20—Electron Micrographs at X 15,000 of 0.4% Carbon Alloy Quenched 
From 1550 °F and Tempered 1 Hour at Temperatures in the Range of 300 to 700 °F. 
Negative parlodion replicas rotary shadowed with chromium. 

Fig. 15—Tempered at 300°F. Subboundary carbide network is present. 

Fig. 16—Tempered at 400 °F. Subboundary carbide network has partially dis » 
solved. Nonuniformity of matrix is evident. 

Fig. 17—Tempered at 450°F. Formation of elongated carbide films at mar- 
tensitic boundaries and both globular and platelet carbides within martensitic plates 
has occurred. 

_ Fig. 18—Tempered at 500°F. Elongated carbide films at martensitic bound- 
aries are more evident. Remnants of subboundary carbide still present. 

Fig. 19—-Tempered at 600°F. Subboundary carbide network has dissolved and 
coarsening of carbide films at martensitic boundaries has occurred. 

_ Fig. 20—Tempered at 700 °F. Coarsening of carbide films at martensitic bound- 
aries has occurred. 








f 
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Figs. 21 to 24—Electron Micrographs at xX 15,000 of 0.15% Carbon Alloy 
Quenched From 2200°F and Tempered 1 Hour at Temperatures in the Range of 
400 to 600 °F. Negative parlodion replicas rotary shadowed with chromium. 


Fig. 21—Tempered at 400°F. Etching pits reveal presence of subgrains. 
Fig. 22—Tempered at 450°F. Subboundary carbide network is present. 


Fig. 23—Tempered at 500 °F. Initial formation of elongated carbide films at 
martensitic boundaries and globular carbides within martensitic plates. 


Fig. 24—-Tempered at 600°F. Coarsening of elongated carbide films at mar 
tensitic boundaries and solution of subboundary carbide network have occurred. 


E. Summary of Microstructural Changes: The temperatures at 
which the observed microstructural changes occur in the four high 
purity iron-carbon alloys studied are listed in Table II. For the 0.4, 
0.8, and 1.4% carbon alloys these changes may be summarized as 
follows : 

1) Formation of a subboundary network of carbide which be- 
comes detectable after tempering at 300 to 400 °F (150 to 205 °C). 
This carbide is visible evidence of the e-phase previously identified 
with the first stage of tempering (1, 4). The e-carbide then pro- 
gressively dissolves in the low carbon martensitic matrix on temper- 
ing at temperatures of 400 to 600 °F (205 to 315 °C). 

2) Formation of elongated carbide films at martensitic bound- 
aries as well as both platelet and globular carbides within the mar- 
tensite on tempering at 450 to 500°F (230 to 260°C). All these 
forms of carbide will be identified as cementite in a later section. 
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Table II 
Microstructural Changes in Tempered Iron-Carbon Alloys 





Tempering Temperature* (°F) at Which Microstructural Change Occurs 


1.4% Carbon 0.8% Carbon 0.4% Carbon 0.15% Carbon 
—Austenitized—. —Austenitized—. —Austenitized—. —Austenitized—- 


Microstructural at at at at at at at 
Change 2200 °F 1500°F 2200°F 1550°F 2200°F 1650°F 2200°F 
Subboundary carbide 
first visible 350 300 300 300 300 450 450 
Subboundary carbide 
virtually absent 600 550 550 550 500 500 550 


Elongated carbide films 
at martensitic - 
boundaries visible 450 450 450 450 450 450 500 


Globular carbides within 
martensitic plates first 
visible pans 450 450 450 450 450 500 


Carbide platelets within 
martensitic plates first 
visible 500 450 450 450 450 450 500 


*The tempering time is 1 hour in all cases. 


The carbides within the martensite in the 1.4% alloy are mainly in 
the form of oriented platelets; however, the proportion of globular 
carbides increases with decrease in carbon content of the alloy. An 
increase in the amount of total carbide precipitated together with 
coarsening of the elongated carbide films at martensitic boundaries 
occurs on tempering at 600 to 700 °F (315 to 370°C). The matrix 
becomes either ferrite or martensite with a carbon content below 
0.25%. 

Similar microstructural changes occur on tempering the 0.15% 
carbon alloy. However, the subboundary carbide which precipitates 
at about 450 °F (230 °C) is believed to be a form of cementite rather 
than e-carbide, since earlier work (1) indicates that a 0.15% carbon 
martensite is undersaturated with respect to e-carbide. It may also 
be noted that the subboundary carbide becomes visible in the 0.15% 
carbon alloy after tempering 100 to 150 °F higher than in the other 
three alloys, again suggesting a difference in the nature of the sub- 
boundary carbide. After tempering above 450 °F (230 °C), the sub- 
boundary carbide dissolves in favor of films at martensitic boundaries 
and globular particles within the mariensite. 

Size of Subgrains and Thickness of Subboundary Carbide—The 
calculated average diameters of the martensitic subgrains in the four 
iron-carbon alloys are listed in Table III. These values are based 
on a determination of the average number of linear intercepts with 
subboundaries on traversing the electron micrographs for a measured 
distance. From such a determination it is possible to calculate the 
subboundary interfacial area per unit volume of alloy using the follow- 
ing relationship due to Smith and Guttman (5): 
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Table III 
Size of Subgrains in Tempered Martensite 


% Austenitizing Average Number Average Grain 
Carbon Tempera- of Subboundary Diameter (d) 
‘ Alloy ture, °F Intercepts (N/L) per Cm. in Cms. 
1.4 2200 8.2 xX 104 2.0X 10-5 
0.8 1500 1.1 105 1.5 10-5 
2200 1.1 10° : 3x ig 
0.4 1550 1.2xX 105 1.4 10-5 
2200 1.4 105 1.2 10-5 
0.15 1650 8.0 xX 104 1. tie 
2200 8.7 x 104 1.9 xX 1075 
N 
Sy=2 Equation 1 


L 
where S, = subboundary interfacial area per unit volume of alloy 


average number of linear intercepts 
= length of traverse 


Pr Zl 
| 


Assuming that the subgrains are in the form of Kelvin’s equal-sided 
cubo-octahedra which completely fill space, the following geometric 
relations listed by Rutherford (6) may be used: 


V=8VvV2P Equation 2 
S= (6+ 12¥V3) F Equation 3 
s, = 15-1185 


Jed hee, Equation 4 
2V l 
where V = volume of a cubo-octahedron 
1 = length of side of cubo-octahedron 
S = surface area of cubo-octahedron 
S, = interfacial area per unit volume for contiguous cubo-octahedra. 


Defining the average subgrain diameter, d, as follows: 
T 3 , = . - 
6° = ¥ Equation 5 


and combining with Equations 2, 4, and 1: 


d = 2.781 — 3:29 — 165 & 
S, N 





Equation 6 


As shown in Table III, the calculated average subgrain diameters 
vary from 1.2 to 2.1 10° cm. No apparent correlation exists 
between subgrain size and either carbon content or austenitizing 
temperature. 

Calculations were also made to determine the thickness of a 
uniform subboundary e-carbide network at the end of the first stage 
of tempering in the 0.4, 0.8, and 1.4% carbon alloys. A similar 
calculation was made for the 0.15% carbon alloy assuming the sub- 
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boundary carbide is cementite. The following relations were utilized : 
From a weight balance, 


Ve ae We Vee 
— = = + — Equation 7 
Ve wet We 
Krom a carbon balance, 
Cove ial CV C i " . 
= oF. S a Equation 8 
Vp Ve Ve 
Combining Equations 7 and 8 gives the volume fraction of sub- 
boundary carbide: 
V. er C.— G.- . . 
— = = X | Equation 9 
V~ Ve C. — Ce- 
The thickness of a uniform carbide network is given by 
ae ; ; 
Fe Equation 10 
Soy P 
Therefore 
V. C.. aa 
[ae _ 3 Equation 11 
Sy\ P ( oS ( e 
where: t = thickness of uniform subboundary carbide network. 


Sy = subboundary interfacial area per unit volume of alloy. 


C. = weight fraction of carbon in subboundary carbide. C. = 0.0822 
for e-carbide (Fes.C) and C. = 0.0668 for cementite (FesC). 


V., Ve = total volume and specific volume of subboundary carbide. 
V. = 0.140 cms.*/gram for e-carbide in 0.4, 0.8, and 1.4% car- 
bon alloys and V. = 0.130 cms.*/gram for cementite in 0.15% 


carbon alloy. ; 
C, = weight traction of carbon in alloy. 
V», Vp = total volume and specific volume of as-quenched alloy. 
V, = 0.127, 0.128, 0.129, and 0.131 cms.*/gram for 0.15, 0.4, 0.8, 
and 1.4% carbon alloys respectively. 


C,. = weight fraction of carbon in matrix containing subboundary car- 
bide. C. = 0.0025 for 0.4, 0.8, and 1.4% carbon alloys and Ce 
= 0.0 for 0.15% carbon alloy. 

V., Ve = total volume and specific volume of matrix coexisting with 
subboundary carbide. V.— 0.128 cms.*/gram for 0.4, 0.8, and 


/ 


1.4% carbon alloys and V. = 0.126 cms.*/gram for 0.15% car- 
bon alloy. 

As shown in Table IV, the calculated thickness of a uniform 
subboundary e-carbide network varies from about 8 to 100A for 
0.4, 0.8, and 1.4% carbon alloys and that of a uniform subboundary 
cementite network is about 13 A in the 0.15% carbon alloy. Based 
on the unit cell dimensions of e-carbide and cementite given in Table 
IV, these thickness values correspond to a variation of from about 
3 to 35 unit cells of carbide. With so few unit cells in a particular 
direction, the X-ray diffraction pattern of the subboundary carbide 
would be expected to show anomalous line intensity effects. 
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Table IV 


Comparison of Calculated and Measured Thickness 
of First-Stage Subboundary Carbide 


Subboundary Calculated Thick 


i ry Measured 
Interfacial Area Fractional ness of Uniform Maximum 
% per Unit Volume Volume of Subboundary Car Thickness of 
Carbon of Alloy (Sy)* Subboundary bide Network Subboundary 
Alloy in Cms- Carbide (Ve/Vp) (t) in A Carbide in A 
1.4 1.6 & 105 0.1587 1007 180 
0.8 2.2 K 105 0.0727 337 160 
0.4 2.4 X 105 0.0197 SF 160 
0.15 1.6 * 105 0.021 13f 100 
ey ies ' ,N . ‘ 
Calculated from Table III on basis that Sy, 25 (Reference 7). 
+Assumes that subboundary network is hexagonal close-packed e-carbide of the following 
unit cell dimensions: a 2.7A,C¢ 4.4 A (Reference 4). 


tAssumes that subboundary network is orthorhombic cementite of following unit cell 
dimensions: a= 4.5 A, b= 5.1 A, c 6.7 A (Reference 4). 


Measurements*® were made of the apparent maximum thickness 
of the subboundary carbide in electron micrographs of each alloy in 
which this carbide was most clearly defined and the reSults are 
included in Table IV. The observed values of maximum thickness 
are about 2 to 20 times greater than the calculated values of uniform 
thickness. These differences may be due to nonuniformity of pre- 
cipitation, occurrence of coalescence, and the fact that the true thick- 
ness direction does not in general coincide with the plane of polish. 


DISCUSSION OF RESULTS 


Subboundary Carbide Precipitation—This investigation has re- 
vealed the presence of subgrains in austenite which are apparently 
inherited by martensite as a result of the hardening reaction. The 
occurrence of subgrains has been found in other metals and alloys 
and is usually attributed to small differences in orientation within a 
regular grain that probably result from either misalignments in 
growth during solidification or plastic deformation. It is not known 
whether the subgrains found in retained austenite are present at the 
austenitizing temperature or form as a result of deformation during 
the hardening quench. The size of subgrains in the austenite and 
martensite falls within the range of 10°° to 10°* cms. cited by Barrett 
(7) for a variety of metals and alloys. 

The precipitation of e-carbide at the martensitic subboundaries 
along with the discontinuous conversion of the primary martensite 
to a low carbon martensite containing about 0.25% carbon constitutes 
the first stage of tempering. No evidence was found that e-carbide 
nucleates along the boundaries of lamellar regions set up in the mar- 
tensite by the second strain of the hardening transformation as pos- 





®The thickness of the dark border resulting from rotary shadowing with chromium was 
taken into account in these measurements. 
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tulated elsewhere (1). The interfaces of the subgrains evidently 
provide convenient nucleation sites for carbide precipitation in both 
martensite and retained austenite at relatively low tempering temper- 
atures. The bulk of this carbide precipitation occurs at subgrain 
interfaces rather than at martensite-martensite or austenite-martensite 
boundaries, even though the latter locations are regions of higher 
interfacial energy per unit area because of marked orientation and/or 
structural differences. This may be due to the much smaller distance 
over which carbon atoms have to diffuse in order to reach sub- 
boundaries as compared to martensitic boundaries. 

It appears that the subboundary e-carbide in tempered martensite 
is ““2-dimensional” or film-like in form rather than “1-dimensional’”’ 
or rod-like as inferred from the X-ray work of Jack (4). As pointed 
out by Folke (8), platelets of e-carbide in which the large surfaces 
are perpendicular to the (101) plane could give rise to “1-dimensional 
effects” observed by Jack (4). For the 0.4, 0.8, and 1.4% carbon 
alloys, itpis fairly certain that the subboundary precipitate is e-carbide 
with a composition given by the approximate formula Fe24C as 
calculated by Lement (1). However, the identity of the subboundary 
carbide that forms in the 0.15% carbon alloy is not established. It 
is probably not e-carbide because the carbon content of the alloy is 
less than the saturation limit of martensite with respect to e-carbide, 
about 0.25% carbon, and because of the fact that e-carbide forms.at 
much lower tempering temperatures in all of the higher carbon alloys 
studied. It may be a form of cementite that finds subboundaries 
convenient for the early stage of precipitation when these locations 
are not already occupied by e-carbide. 

The initial hardening found in the 0.8 and 1.4% carbon alloys 
confirms the work of Averbach (9) who reported that precipitation 
hardening occurs during the early part of the first stage of tempering 
of a 1% carbon steel. If coherency hardening is responsible for this 
phenomenon, the hardness maximum might correspond either to a 
critical thickness of e-carbide above which coherency with the low 
carbon martensitic matrix is lost or to counterbalancing of coherency 
hardening by the attendant softening due to depletion of carbon from 
the martensite. However, in view ot-the occurrence of e-carbide as 
a network structure, more than coherency hardening may be actually 
involved. Possibly the very existence of e-carbide at subboundaries 
results in hardening by acting as a barrier to the movement of dis- 
locations. Such a barrier would presumably become stronger with 
increase in carbide thickness, and therefore the higher the initial 
carbon content of the martensite the greater is the hardening effect. 
The softening due to the concurrent formation of low carbon mar- 
tensite could eventually overcome the hardening component, and thus 
a hardness maximum would be observed. In the 0.4% carbon alloy, 
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the formation of low carbon martensite must be the dominant factor 
throughout the first stage, since retarded softening instead of actual 
hardening is found. 

The hardness level at the end of the first stage of tempering 
should increase with initial carbon content of the martensite because 
of the larger amount of e-carbide that can be formed. Since the 
intrinsic hardness of the 0.25% carbon martensitic matrix is about 
Rockwell C-45, the increment in hardness conferred by the presence 
of e-carbide at the end of the first stage (corresponding to a 1-hour 
temper at 350 to 400 °F) ranges up to about 20 Rockwell C units 
in the 1.4% carbon steel. 

The precipitation of a subboundary carbide in the retained aus- 
tenite of the 1.4% carbon alloy could also result in hardening. By 
microhardness tests, Hanemann (10) has shown that the hardness of 
retained austenite increases with tempering temperature. Assuming 
that a carbide actually forms at austenitic subboundaries, its identity 
remains to be determined. 

Nature of Third-Stage Carbide—Identification of the new carbide 
that appears during the early part of the third stage of tempering has 
been a matter of controversy. According to X-ray and electron 
diffraction experiments (4, 8, 11, 12) this carbide is a form of 
cementite (FesC), whereas according to magnetic analysis (13, 14) 
it may be the Hagg carbide*. The results of these investigations, as 
well as one based on electron microscopy (15), are summarized in 
Table V. Since the several observers used various combinations of 
time and temperature, it is difficult to compare their findings directly. 
However, from the precision length results of Roberts (1) and 
Balluffi (16) it is possible to convert the actual tempering treatments 
to an effective 1-hour temper on the assumption that two combinations 
of time and tempering temperature are equivalent if they produce the 
same length change. 

From the data in Table V, it is possible to summarize the sig- 
nificant tempering temperatures (based on | hour) as follows: 


a) highest temperature at which e-carbide is reported present. ...470 to 600 °F 
b) lowest temperature at which “2-dimensional” or “thin-plate” 

Gemmemeren SS TOREPSOR HTC oo en heb ccc sven dedees 450 to 600 °F 
c) lowest temperature at which Hagg carbide (FeaCs) is reported 

a a i a kt col ay is ge ce 
d) lowest temperature at which regular “3-dimensional” cementite 

Se I ae acco VaWwcdh aedbedsotubovepess bth eae. 480 to 930 °F 


From a comparison with Table II, it is evident that the first 
appearance of the third-stage carbide as elongated films at the mar- 
tensite boundaries and as both platelets and globules within the mar- 
tensite results in X-ray patterns that have been ascribed to either 
‘“2-dimensional” (4) or “thin-plate” (8) cementite, and in electron 


‘The composition of Hage carbide is generally considered to be Fe2oCe; however, this 
may be only an approximate formula. 
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Table V 


Identification of Carbide Phases in Tempered Steel as Reported 
by Various Investigators 


Equivalent 


Investigator , 1-Hour Reported 
Reference % Carbon Actual Temper Temper Carbide 
and Method in Steel °F —- Phases 
Jack (4) 1.3 960 hrs. at 250 410 e-carbide 
X-ray 288 hrs. at 320 470 e disappears 
diffraction 288 hrs. at 480 600 **2-dim.”” FesC appears 
504 hrs. at 660 730 **2-dim.”’ FesC 
Folke (8) 0.39 120 hrs. at 200 310 e-carbide 
X-ray lhr. at 400 400 “‘thin-plate’’ FesC appears 
diffraction lhr. at 500 500 € disappears 
1.16 55 hrs. at 200 280 e-carbide 
55 hrs. at 500 600 ‘*thin-plate’’ FesC and trace e 
10 hrs. at 900 930 **3-dim.”’ FesC 
Heidenreich (11) 0.9 0.5 hr. at 390 370 FesN* 
electron 0.5 hr. at 660 620 FesN* and FesC 
diffraction 0.5 hr. at 750 720 FesC 
Calnan (12) 0.6 lhr. at 480 480 **3-dim.”’ FesC 


electron 
diffraction 


Hofer (13) 1.437 97 hrs. at 460 540 FesC and Hagg carbidet 
magnetic 1.5 hrs. at 570 580 FesC 
analysis 

Crangle (14) 0.84 570 °F§ FesC and Hagg carbide 
magnetic 72 250 °F§ e-carbide 
analysis 

[Trotter (15) 0.6 lhr. at 340 340 Non-FesC nuclei 
electron lhr. at 480 480 Non-FesC platelets 
microscopy lhr. at 840 840 FesC 


*This is now believed to be e-carbide. 

‘Same iron-carbon alloy used in present investigation. 

tHagg carbide was tentatively identified but confirmation is yet to be made. 
$Tempering time not stated. 


diffraction patterns that have been ascribed to “3-dimensional” (12) 
cementite. The formation of the Hagg carbide in tempered steel has 
not been confirmed by diffraction experiments. The existence of this 
carbide has been postulated in order to explain some of the magnetic 
data (13, 14); however, it is also possible to explain these data on 
the basis that the early form of cementite may possess different mag- 
netic properties than what is considered regular cementite because of 
differences in size, state of strain, and chemical composition. 

It seems inaccurate to describe the early form of cementite as 
‘‘2-dimensional”. A true ‘“2-dimensional” pattern as revealed by the 
absence of certain diffraction lines in the cementite pattern would be 
expected from platelets of thickness of only a few unit cells, under 
about 10 A. However, according to the present investigation, the 
platelets in the 1.4% carbon alloy grow to a thickness of at least a 
few hundred angstroms after tempering at 600 °F (315 °C), yet the 
X-ray diffraction pattern of the carbide remains anomalous in that 
it still does not conform to regular “3-dimensional” cementite. This 
apparent contradiction has been resolved by Folke (8) on the grounds 
that the so-called “2-dimensional” cementite pattern is in reality due 
to the effect of line broadening caused by the small thickness- 
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dimension of the cementite particles. Such line broadening could lead 
to sufficient decrease of the intensity of certain X-ray diffraction lines 
as to render them difficult to detect although not actually absent. For 
this reason Folke recommends that the term “thin-plate’” cementite 
be used instead of ‘‘2-dimensional’’ cementite. However, the term 
“thin-plate’”’ may be inadequate, since cementite apparently precipi- 
tates as globular particles as well as platelets. On the basis of 
electron diffraction experiments by Calnan (12) who found that the 
early form of third-stage carbide yields cementite diffraction lines of 
normal intensity, it appears quite certain that this carbide is actually 
‘‘3-dimensional”’ cementite. Because of the shorter wave length asso- 
ciated with electrons, electron diffraction is less susceptible to particle- 
size line broadening than is X-ray diffraction. 

Details of Third-Stage Reaction—There are several possibilities 
as to the nature of the third stage. It is known that during this stage 
an aggregate of e-carbide and low carbon martensite is eventually 
converted into an aggregate of cementite and ferrite; however, this 
could occur by a variety of reactions. 

With respect to conversion of the e-carbide there are two main 
possibilities: (a) transformation of e-carbide to cementite “in situ’, 
or (b) solution of e-carbide concurrently with formation of cementite. 
Based on electron microscopic observations, it is doubtful whether 
any appreciable amount of the e-carbide transforms directly into the 
new carbide phase “in situ’. Rather, it seems that the new carbide 
nucleates at interfaces between e-carbide and the martensitic matrix. 
When partial solution has occurred, there is some evidence that the 
martensitic matrix immediately surrounding the e-carbide network 
remains higher in carbon content than where solution of this carbide 
is complete. This is in line with the concept that the martensite 
matrix should tend to remain in metastable equilibrium with the 
e-carbide while it dissolves. 

Based on the dislocation barrier viewpoint discussed in connection 
with the initial hardening observed during the first stage, solution of 
e-carbide would be expected to introduce a softening factor because 
of the removal of this carbide from subboundaries in the low carbon 
martensite. Although definite evidence could not be obtained, there 
is also the possibility that some coalescence of e-carbide occurs in the 
process of its solution. Coalescence could also contribute to softening 
because the attendant decrease in uniformity of carbide distribution 
at subboundaries would provide a less effective barrier to movement 
of dislocations. 

With respect to the decomposition of the low carbon martensite 
there are three maiti possibilities: 1) continuous transformation in- 
volving precipitation of cementite accompanied by a uniform decrease 
in the carbon content of the remaining martensite until it eventually 
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becomes ferrite; 2) discontinuous transformation to an aggregate of 
cementite and martensite below 0.25% in carbon content; and 3) 
discontinuous transformation to an aggregate of cementite and ferrite. 
Since the electron microscopic evidence obtained in this investigation 
indicates that the matrix is nonuniform in carbon content during the 
early part of the third stage, it appears that a discontinuous rather 
than a continuous process occurs. However, it could not be estab- 
lished whether the regions of the matrix that form adjacent to 
cementite during the initial period of the transformation are mar- 
tensite or ferrite. It has been shown by Bokshtein (17) that the 
average carbon content of the matrix of 0.4 and 0.7% carbon steels 
tempered at 750 °F (400 °C) is still about 0.05%. Inasmuch as the 
matrix of the iron-carbon alloys studied in this investigation becomes 
rather uniform after a 700 °F (370°C) temper, it seems likely that 
if any ferrite is produced during the early part of the third stage it 
would contain an appreciable amount of carbon in solid solution. 
The eventual depletion of this matrix carbon accounts for the observed 
increase in quantity of cementite that continues to precipitate after the 
e-carbide has disappeared at 550 to 600 °F (290 to 315 °C). 

The cementite phase precipitates both within the martensite and 
at the martensitic boundaries. Within the martensite, it takes the 
shape of platelets and globular particles. At martensitic boundaries, 
it exists as more or less discontinuous films which on a polished 
surface appear in elongated form. These films coarsen appreciably 
as cementite continues to precipitate from the matrix. When tem- 
pering is carried out at temperatures above 700 °F (370°C), arbi- 
trarily selected as the limit for this paper, coalescence of the cementite 
particles occurs within what have probably become ferritic grains. 
This is manifest by solution of some of the cementite particles and 
growth of others. The net effect is a progressive decrease in the 
amount of cementite within the ferritic grains accompanied by coars- 
ening of the cementite films at ferritic boundaries. After tempering 
for 1 hour at 1000 °F (540 °C), practically all of the cementite is at 
ferritic boundaries in a 1.4% carbon alloy (Fig. 25). These phe- 
nomena will be described in more detail later. 

The hardness changes that occur during the early part of the 
third stage are the combined result of solution of the e-carbide and 
conversion of the low carbon martensite which initially contains about 
0.25% carbon. As has been previously discussed, solution of e-carbide 
produces a softening effect. Decomposition of the low carbon mar- 
tensite would be expected to contribute both a softening component 
due to lowering of the average carbon content of the matrix and a 
hardening effect due to precipitation of cementite. In the early stages 
of formation, cementite may promote hardening as a consequence of 
its form, size and distribution, as well as its intrinsic hardness. Thus 
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Fig. 25—Electron Micrograph at 10,000 of 1.4% Carbon Alloy Brine 
Quenched From 2200 °F and Tempered 1 Hour at 1000°F. Structure consists of 
cementite films at ferritic grain boundaries and globular cementite particles within 
grains. Negative parlodion replica rotary shadowed with chromium. 


cementite platelets could contribute coherency® hardening; cementite 
platelets and globules, dispersion® hardening; and cementite films, 
hardening due to dislocation barriers at boundaries. 

Since the observed hardness change during the third stage is an 
over-all softening, it appears that the hardening effect caused by 
cementite formation is overshadowed by the combined softening due 
to e-carbide solution and lowering of the average carbon content of 
the matrix. Solution of e-carbide starts at the end of the first stage, 
approximately 350 to 400 °F (175 to 205 °C) for 1 hour’s time, and 
is completed at about 550 to 600 °F (290 to 315°C). Even after 
tempering to 600 °F, the hardness of the 0.8 and 1.4% carbon alloys 
is above that of an as-hardened 0.25% carbon martensite, about 
Rockwell C-45, which indicates that the increase in hardness from 
cementite formation is actually greater than the decrease due to low- 
ering of the average carbon content of the matrix. This implies that 
the main softening process during the early part of the third stage is 
solution of e-carbide rather than lowering of the average carbon 
content of the matrix. Solution of e-carbide in the 0.4 and 0.8% 
carbon alloys was found to occur quite rapidly in the range of about 
400 to 500 °F (205 to 260°C), which correlates with the observed 
increase in the rate of softening. Beyond the point of e-carbide 
solution, about 600 °F (315°C), softening is mainly caused by 


depletion of the carbon content of the matrix although growth of 


5Conventional terminology with respect to hardening effects are employed here for de- 
scriptive purposes although these effects can be explained on the basis of dislocation theories. 
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cementite particles may also be a factor. With continued tempering 
above about 700 °F (370°C), coalescence and transfer of cementite 
to ferritic grain boundaries play a more dominant role in softening. 

With respect to the 0.15% carbon steel, it was found that the 
hardness remains constant on tempering up to about 400 °F (205 °C) 
and then exhibits less of a decrease than the higher carbon alloys on 
tempering beyond this temperature. Assuming that cementite starts 
to precipitate at subboundaries, a hardening effect should be produced. 
This factor is apparently overbalanced by softening due to depletion 
of the carbon content of the matrix. Since in this case precipitation 
rather than solution of a subboundary carbide takes place, the rate 
of softening of the 0.15% carbon alloy is lower than in the higher 
carbon alloys. On tempering up to about 550 °F (290°C), solution 
of the subboundary carbide occurs in the 0.15% carbon alloy, and is 
sufficient to increase the rate of softening in spite of concurrent 
cementite formation. Beyond about 550°F (290°C), continued 
softening results from depletion of the carbon content of the matrix 
and to an increasing extent from coalescence and displacement of 
cementite to grain boundaries. 

Relationship of Third Stage to Embrittlement—It is well known 
that a minimum in the plot of notched-bar impact energy (measured 
at room temperature) versus tempering temperature for medium 
carbon steels occurs at about 500 to 600°F (260 to 315°C). As 
shown by Baeyertz (18), this embrittlement is characterized by an 
increase in transition temperature and a decrease® in the maximum 
obtainable impact energy on testing V-notch charpy impact specimens 
above room temperature. When static tensile tests of unnotched 
specimens are carried out at room temperature, it is generally found 
that ductility increases with tempering temperature. However, if the 
testing temperature is decreased or the tensile specimens are notched, 
it has been shown by Ripling (19) that a decrease in ductility results 
from tempering to 500 to 600 °F (260 to 315°C). These manifes- 
tations of embrittlement in both impact and tensile tests are known 
as the “500°F or A-embrittlement’”. Various theories have been 
advanced to explain this phenomenon such as (a) transformation of 
retained austenite (20), (b) formation of “martensite spines” at prior 
austenitic grain boundaries (20), (c) precipitation of nitrides (21), 
and (d) formation of cementite (20, 22). 

The evidence obtained in the present investigation supports the 
theory that cementite formation results in embrittlement. As dis- 
closed by the electron microscope, cementite films develop at mar- 
tensitic boundaries during the early part of the third stage. The 
presence of cementite films of appreciable size is believed to facilitate 
both nucleation of cracks and their subsequent propagation in a 


®*This may be due to the limitation imposed by having to restrict the maximum testing 
temperature to below the tempering temperature. 








4 





1954 TEMPERING IRON-CARBON ALLOYS 875 


brittle fashion along the martensitic boundaries. Since the formation 
of cementite films is accompanied by a net softening, the increased 
ductility of the matrix apparently overbalances the embrittling tend- 
ency due to cementite films when an unnotched tensile test is carried 
out at room temperature. However, this embrittling tendency could 
become manifest from lowering the testing temperature, increasing 
the speed of testing, or notching the test specimens. Such variations 
act to decrease the amount of plastic deformation that the matrix is 
capable of undergoing. 

Cementite films would be expected to produce a brittle-type 
transgranular fracture (relative to prior austenitic grain boundaries ) 
except where martensitic boundaries coincide with austenitic bound- 
aries, in which case a brittle-type intergranular fracture could be 
induced. Both Grossmann (20) and Baeyertz (23) have reported 
that the notched-bar impact fractures of coarse-grained medium- 
carbon low alloy steels tempered at 500 °F (260°C) are predomi- 
nantly intergranular. This indicates that brittle failure occurs more 
readily along prior austenitic boundaries. The austenitic boundaries 
become martensitic boundaries in the hardened steel, but probably 
have higher interfacial energy on the average than the martensitic 
boundaries within the austenitic grains. This condition may lead to 
a faster build-up of detrimental carbide films along martensitic plates 
lying at austenitic grain boundaries than in the case of those lying 
within the austenitic grains. 

On tempering just above the 500°F (260°C) embrittlement 
range, the transition temperature decreases and the maximum impact 
value increases (18). This may be attributed to increased ductility 
of the matrix attending the softening caused by carbon depletion. 
The impact fracture at low temperatures has been found to be a mix- 
ture of brittle-type intergranular facets and ductile transgranular 
cleavages (23), indicating a competitive process between brittle 
fracture along prior austenitic boundaries and ductile fracture across 
martensitic plates. 

CONCLUSIONS 


1. Subgrains about 1000 to 2000 A in diameter exist in austenite 
and are inherited by martensite as a result of the hardening trans- 
formation. 

2. During the first stage of tempering of iron-carbon alloys 
containing more than about 0.25% carbon, e-carbide precipitates 
along the subboundaries in martensite as a network less than 200 A 
in thickness. The hardening promoted by the formation of e-carbide 
is opposed by the softening effect due to attendant formation of low 
carbon martensite. Depending on the amount of subboundary carbide 


that precipitates, either actual hardening or retarded softening is 
observed. 
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3. A subboundary carbide network also forms in the martensite 
of iron-carbon alloys containing below 0.25% carbon, and possibly 
in retained austenite, but their identities have not been established. 

4. During the early part of the third stage of tempering, the sub- 
boundary e-carbide network dissolves in the low carbon martensitic 
matrix and produces a softening effect. This is attended by a dis- 
continuous transformation of the matrix which contributes a softening 
component due to carbon depletion and a hardening component due 
to cementite formation. The cementite precipitates as elongated films 
at martensitic boundaries and as both platelets and globular particles 
within the martensite. The over-all softening that accompanies these 
phenomena is at first mainly caused by e-carbide solution, but later 
carbon depletion of the matrix becomes the dominant factor. 

5. The occurrence of cementite films along martensitic plates 
lying at prior austenitic boundaries appears to result in the phenom- 
enon known as “500°F or A-embrittlement’. Softening due to 
carbon depletion of the matrix on tempering above 500 °F is believed 
mainly responsible for overcoming of the “500 °F embrittlement’. 

6. With continued tempering above about 700°F (370°C), 
coarsening of the cementite films at boundaries proceeds at the ex- 
pense of solution of carbide particles within what have presumably 
become ferritic grains. The details of these phenomena are now 
being studied. 


ACKNOWLEDGMENTS 


The authors wish to express their appreciation to Miss Miriam 
Yoffa who prepared the metallographic specimens and plastic replicas, 
to Leonard Sudenfield who carried out the heat treatment and hard- 
ness tests, and to both Lauren P. Neal and Walter Fitzgerald who 
were responsible for the maintenance of the electron microscope. The 
authors are also indebted to the Instrumentation Laboratory of M.I.T. 
for financial support. 


References 


1. C. S. Roberts, B. L. Averbach and M. Cohen, “The Mechanism and Kine- 
tics of the First Stage of Tempering”, TRANSACTIONS, American Soci- 
ety for Metals, Vol. 45, 1953, p. 576. 

*, Hemmets, “Modification of Silica Replica Technique for Study of Bio- 
logical Membranes and Application of Rotary Condensation in Elec- 
tron Microscopy”, Journal of Applied Physics, Vol. 20, 1949, p. 385. 

3. A. G. Allten, Discussion to Reference 1. 


K. H. Jack, “Structural Transformations in the Tempering of High Car- 
bon’ Steels”, Journal, Iron and Steel Institute, Vol. 169, September 
1951, p. 26. 


._ S. Smith and L. Guttman, “Measurement of Internal Boundaries in 
Three-Dimensional Structures by Random Sections”, Journal of Met- 
als, Vol. 5, January 1953, p. 81. 


. B. Rutherford, R. H. Aborn and E. C. Bain, “Relation of Grain Area 


h 
— 


sn 
OQ 


o 
ey 








ee LT a 


ge 


: 
; 








oe naeeeniallagg, Ae 





1954 


a | 


9. 


10. 


19, 


20. 





DISCUSSION—TEMPERING IRON-CARBON ALLOYS 877 


on a Plane Section and the Grain Size of a Metal’, Metals and Alloys, 
Vol. 8, 1937, p. 343. 


C. S. Barrett, “The Structure of Metals and Alloys”, McGraw-Hill, 1943, 
p. 221. 

G. Folke, “Tempering of Martensite in Iron-Carbon Alloys”, M.I.T. The- 
sis, Department of Metallurgy, Massachusetts Institute of Technology, 
1952. 

B. L. Averbach and M. Cohen, “Isothermal Decomposition of Martensite 


and Retained Austenite”, TRANSACTIONS, American Society for Metals, 
Vol. 41, 1949, p. 1024. 


H. Hanemann, “Microhardness Study of Martensite and Austenite”’, Met- 
allurgia, Vol. 32, 1945, p. 62. 

R. D. Heidenreich, L. Sturkey and H. L. Woods, “Investigation of Sec- 
ondary Phases by Electron Diffraction and the Electron Microscope”, 
Journal of Applied Physics, Vol. 7, 1946, p. 127. 

*. A. Calnan and C. J. B. Clews, Discussion to References 4 and 14, 
Journal, Iron and Steel Institute, Vol. 170, March 1952, p. 252. 

L. J. Hofer, “A Study of Iron Carbides”’, Physical Chemistry Section, Syn- 
thetic Fuels Research Branch, Progress Report No. 1, April to June, 
1952. Thermomagnetic analysis by E. M. Cohn and L. J. E. Hofer 
supported by U. S. Air Force under project No. 52-670A-270. 

J. Crangle and W. Sucksmith, “Magnetic Analysis of Iron-Carbon Alloys 
—The Tempering of Martensite and Retained Austenite”’, Journal, 
Iron and Steel Institute, Vol. 168, June 1951, p. 141. 


. Trotter and D. McLean, “Electron Microscope Study of Quenched and 
Tempered Steel”, Journal, Iron and Steel Institute, Vol. 163, 1949, p. 9. 


. W. Balluff, M. Cohen and B. L. Averbach, “The Tempering of Chro- 
mium Steels”, TRANSACTIONS, American Society for Metals, Vol. 43, 
1951, p. 497. 

S. Z. Bokshtein, “Influence of Alloying Elements on Decomposition of 
Martensite”, Doklady Akademii Nauk SSSR, Vol. 73, 1950, p. 491. 

{. Baeyertz, W. F. Craig and J. P. Sheehan, “The Behavior of Tempered 

Martensite in the V-Notch Charpy Test”, Report No. 31, Armour 

Research Foundation, Oct. 16, 1951. 


E. J. Ripling, “Tensile Properties of a Heat Treated Low Alloy Steel at 
Subzero Temperatures”, TRANSACTIONS, American Society for Metals, 
Vol. 42, 1950, p. 439. 

M. A. Grossmann, “Toughness and Fracture of Hardened Steel’, Trans- 
actions, American Institute of Mining and Metallurgical Engineers, 
Vol. 167, 1946, p. 39. 

P. Payson, “Embrittlement of Tempered Martensite Better Defined’, Jron 
Age, Vol. 168, Sept. 27, 1951, p. 86. 

M. Cohen, “The Stages of Tempering”, X-Ray Diffraction Society Con- 
ference held in Pittsburgh, April 1952. 

M. Baeyertz, E. S. Bumps and J. P. Sheehan, “V-Notch Charpy Fracture 
Transitions of 0.40% Carbon Medium Alloy Steels’, Report No. 36, 
Armour Research Foundation, June 16, 1952. 


« 
Lm 


— 
“~ 


— 


DISCUSSION 


Written Discussion: By C. Sheldon Roberts, Physical Metallurgy Sec- 


tion, Metallurgical Laboratories, The Dow Chemical Co., Midland, Mich. 


It was a pleasure to read this significant contribution to the science 


of the tempering process. The authors’ conclusions are certainly well 


reinforced by the admirable series of electron micrographs. 
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I have one specific suggestion. It has been shown that the cementite 
network is forming at martensite-martensite and martensite-retained aus- 
tenite boundaries with tempering temperatures and times which condition 
500 °F (260°C) embrittled fracture predominantly at prior austenite grain 
boundaries. The association of these occurrences as an explanation of this 
embrittlement is appealing. However, would not an electron microscopy 
study of the structural changes at the prior austenite grain boundaries be 
desirable for better establishing a cause-and-effect relationship? The 
object would be to prove experimentally the faster build-up of carbide 
films at these sites as postulated by the authors on the 25th page of the 
paper. Perhaps they have taken this direct approach, but I was unable 
to find electron micrographs of these key boundary regions in the paper. 

Written Discussion: By S. T. Ross, project engineer, Metallurgical 
Research Engineering Division, and E, J. Dofter, general supervisor, Mate- 
rial Testing Laboratory, Missile Branch, Chrysler Corp., Detroit. 

The paper by Dr. Cohen and associates represents a notable contri- 


bution to the metallurgy of steel. The authors are to be congratulated on — 


their interesting and novel work. 

There is some information, which we have gathered in the past sev- 
eral years while working in the same field, which we feel to be relevant to 
a discussion of this paper. The authors report that satisfactory replicas for 
examination with the electron microscope result if specimens are etched 
to bring out maximum detail when viewed under the light microscope at 
x 2000. They also report the occurrence of many etching pits. It has 
been our experience that a satisfactory etch for electron microscopy may 
well be too light for optical microscopy. Thus, we ask if the authors’ 
etching techniques might be regarded as overetching and the cause of the 
etch pits as referred to on page 855 of the paper. 

Concerning rotary shadowing and its advantages over stationary shad- 
owing, the authors give examples of tempered martensite stationary 





Fig. 26—Electron Micrograph of 0.31% Carbon Amola Steel. Structure: mar- 
tensite tempered at 210 °F. Etch: Ferric chloride. Replica: shadowed formvar. 
Fig. 27—Electron Micrograph of 0.31% Carbon Amola Steel. Structure: mar- 


tensite, as quenched. Etch: Ferric chloride. Replica: shadowed formvar, Both 
replicas X 15,000. 
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shadowed at a 27-degree angle. They state that the confusing effects of 
long white shadow-caps on fine structure mask detail. We have found 
the same to be true, but find that 27 degrees is a rather low shadow angle 
and that a higher shadow angle is to be desired for stationary shadowing. 
D. M. Teague of our corporation has found that a higher shadowing angle 
will minimize the masking effect of shadow-caps and also permit better 
contrast than the rotary shadowing used by the authors. 

It has been stated that it was not possible to reveal any detail in the 
martensite tempered below 350°F. We feel that this is due to the adverse 
effects of rotary shadowing since, in the course of investigation here at 
the Chrysler Corporation, electron micrographs have been taken of mar- 
tensite tempered at 210°F, and even of untempered martensite, which 
show the presence of a subgrain structure. Fig. 26 shows SAE 4030 steel 
quenched from 1575 °F and tempered at 210°F. You will notice the defi- 
nite subgrain structure in the martensite. This replica was etched with a 
ferric chloride solution and stationary shadowed at a 45-degree angle. The 
replica consists of formvar shadowed with chromium. Fig. 27 is of the 
same steel quenched but untempered. Some fine detail is apparent in the 
martensite, although it is not as pronounced as that obtained by temper- 
ing the same steel at 210 °F. 

Written Discussion: By H. W. Paxton and C. C. Busby, Carnegie 
Institute of Technology, Pittsburgh. 

The authors are to be congratulated on these further experiments in 
a difficult and important field. The situation in steels containing less than 
about 0.25% carbon is not clarified. We should like to describe experi- 
ments carried out at Carnegie Institute of Technology which indicate that 
important changes in properties can occur on tempering for short times 
at 210°F in low carbon martensites. The authors did not observe any 
changes in microstructure below tempering temperatures of 400 °F in their 
0.15% carbon steel. 

Thirty-four different steels with carbon contents ranging from 0.11 
to 0.28% were examined. Tensile tests were carried out on water-quenched 
and oil-quenched specimens, and also after tempering these at 210°F for 
various times. The following observations were made. 

1. No significant change of hardness was noted in any treatment of 
a given steel at 210 °F. 

2. The reduction of area per cent and elongation per cent markedly 
increased after tempering times of the order of 4 hours at 210°F. The 
tensile strength also increased somewhat, probably due to avoidance of 
premature failure (common in the as-quenched specimens), caused by the 
increased ductility. Tempering times up to 144 hours did not further 
change the properties. 

3. The time to reach the improved mechanical properties increased 
with carbon content of the steel, and was never more than 8 hours. 

4. The reduction of area per cent and elongation per cent are always 
greater at any given tensile strength than those of higher carbon steels 
(0.30 to 0.50% carbon) quenched and tempered to the same tensile strength’. 


™W. E. Patton, ‘‘Mechanical Properties of NE, SAE and Other Hardened Steels’, 
Meta Procress, Vol. 43, 1943, p. 726. 
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Impact strengths were improved by the tempering treatment and 
transition temperatures were lowered. 

It seems unlikely from the observations noted above that a precipita- 
tion process is occurring, especially if this were coherent. No good reason 
can be advanced by us at the moment, but it may be significant that the 
temperature and carbon contents are such as to agree quite reasonably 
with Zener’s thermodynamic analysis® for loss of order, and hence loss of 
tetragonality, in martensite. 


Authors’ Reply 


Dr. Roberts points out the desirability of directly establishing that 
there is a faster build-up of cementite films at martensitic boundaries 
which coincide with prior austenitic grain boundaries than at martensitic 
boundaries within the prior austenitic grains. Although careful examina- 
tion was made with the electron microscope, it could not be directly de- 
termined that cementite build-up is faster at prior austenitic grain bound- 
aries on tempering up to 500°F (260°C). Because of the high magnifi- 
cations involved, it is not easy to find many austenitic grain boundaries 
for study under the electron microscope. However, on tempering at 
higher temperatures it was found that such films are on the average some- 
what coarser and definitely more resistant with respect to spheroidization. 
Because of this evidence of the greater stability of cementite at prior 
austenitic boundaries, it was inferred that the rate of initial build-up 
might be faster. On the other hand, even if the rate of build-up were 
the same at the two types of locations, it is possible that embrittlement 
is mainly induced at prior austenitic grain boundaries because they offer 
greater distances for propagation of cracks nucleating at the carbide films. 

The authors are pleased to note that subgrains in martensite have 
also been observed by Messrs. Ross and Dofter. Since they used a dif- 
ferent steel, etching reagent, replica material, and shadowing technique, 
more reliance can be put on the observation that subgrains exist in 
martensite. 

The discussers ask whether the etching technique employed by the 
authors may be regarded as overetching. It is true that the occurrence 
of pitting is usually taken as evidence of overetching. However, it was 
found necessary to etch the high purity itron-carbon alloys for relatively 
long periods of time in order to bring out the subboundary carbide so that 
it could be observed under the electron microscope. This involved some 
sporadic pitting but did not seriously interfere with either stripping of 
the replicas or observation of the structure. 

In the early phases of this investigation, static shadowing was tried 
at high angles without much success for revealing structures in specimens 
tempered below about 500°F (260°C). This difficulty was overcome to 
a considerable extent by rotary shadowing. However, as the discussers 
demonstrate, it is also possible to obtain good results with high-angle 
static shadowing. Whether this is due to the differences in steel compo- 
sition or in etching reagent cannot be decided at the present time. 

The fact that it is dificult to reveal detail in the martensite tempered 


*C. Zener, “Kinetics of the Decomposition of Austenite’’, Transactions, American Insti- 
tute of Mining and Metallurgical Engineers, Vol. 167, 1946, p. 550. 
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below about 350°F (175°C) in the 1.4% carbon alloy and below 300 °F 
(150°C) in the 0.8 and 0.4% carbon alloys is not believed due to the 
adverse effects of rotary shadowing. Recently, with this technique it has 
been possible to reveal subgrains in as-quenched 0.6% carbon, 1.5% silicon 
steel etched with picral containing HCl. Thus it appears that steel com- 
position is an important factor, and the readiness with which subgrains 
can be revealed may depend on the etching response of the steel to a 
given reagent. 

Messrs. Paxton and Busby refer to their investigation of low carbon 
steels in which tempering at 210 °F (100°C) resulted in increased ductility 
and impact strength, even though the hardness remained constant. They 
agree with the evidence of this paper in that carbide precipitation is not 
involved and suggest the possibility of a disordering reaction by which 
martensite loses its tetragonality and becomes disordered ferrite. The 
occurrence of such a reaction near the end of the third stage of tempering 
of higher carbon steels has also been suggested by Kurdjumov’. However, 
there are two other alternatives that should receive attention: (a) stress 
relief, and (b) migration of carbon atoms to subboundaries without actual 
precipitation. Just how these phenomena would affect mechanical prop- 
erties is difficult to predict, and further experimentation is required to 
clarify the situation. 


*G. Kurdjumov and L. Lyssak, “‘The Applicaticn of Single Crystals to the Study of 
Tempered Martensite”’, Journal, Iron and Steel Institute, Vol. 156, 1947, p. 29. 





ANOTHER LOOK AT QUENCHANTS, COOLING RATES 
AND HARDENABILITY 


By D. J. CARNEY 


Abstract 


The purpose of this investigation was to examine the 
quenching constant H and the correlation of cooling rates 
and hardness in quenched rounds and end-quench bars of 
low alloy steels. It was observed that the H varied with 
temperature, size of round and distance from the quenched 
surface. Improved correlation curves were obtained for 
equivalent cooling positions in rounds and end-quench bars. 
An wmproved curve was also obtained for correlating the 
ideal critical diameter D; with distance on the end-quench 
bar. Correlation curves based on equal 50, 80 and 95% 
martensite positions were obtained for rounds and end- 
quench bars using moderate to good quenches in oil and 
water. An experiment was performed which indicated an 
effect of quenching strains on the rate of transformation 
and thereby hardness of quenched rounds. The practical 
significance of the results obtained is discussed. 


URING the period from 1939 to 1946 major advances were 

achieved in the development of methods for effectively evalu- 
ating the hardening characteristics of steel. In these years, Gross- 
mann (1)? introduced a mathematical approach to the prediction of 
the depth that a steel would harden in various quenches, Jominy and 
30egehold (2) developed the end-quench bar for measuring the hard- 
enability of steel, and a method of calculating hardenability from the 
chemical composition of a steel was developed (3). This latter work 
led to the determination of hardenability factors for the various 
elements occurring in steel. Today, such terms as end-quench bars, 
critical diameter, ideal diameter, H values and hardenability factors 
are commonly used and accepted by metallurgists. The end-quench 
bar has been accepted by steel consumers and producers as a basis 
for ordering steel and is the common method of describing the hard- 
enability of various alloy steels. Hardenability correlation curves for 
predicting the hardness in quenched rounds and end-quench bars have 
been published and are widely used by practical heat treaters. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, D. J. Carney, is chief 
development metallurgist, United States Steel Corp., South Works, Chicago. 
Manuscript received February 9, 1953. 
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In some of the early work of Grossmann in the development of 
the above hardenability concepts, an apparent exception to the as- 
sumption of a quenching constant or severity of quench was observed. 
As a result of this work and with the hope of obtaining further refine- 
ment of hardenability concepts and correlation curves, work on the 
hardenability of steel has been continued at the South Works of the 
United States Steel Corporation. One report (4) has been pre- 
viously presented which gave the results of a study of the quenching 
constant using measured cooling rates in rounds rather than the 
customary hardness measurements to determine H values. In this 
study, an austenitic grade of stainless steel was used as the base 
material. It was observed that the quenching constant varied with 
the size of test piece and with the position in the test piece being 
studied. 

The present work was begun initially to study the variation in 
the severity of quench using high, intermediate and low hardenability 
steels of various analyses. In the course of this work, hardness and 
cooling rates in both rounds and end-quench bars were determined. 
A study was then made of both the severity of quench and the cor- 
relation of hardness and cooling rates in rounds and end-quench bars 
for the various steels tested. These observations form the basis of 
this paper and should be of interest to metallurgists concerned with 
the heat treatment of steel. Improved curves for correlating hardness 
in end-quench bars with hardness in rounds quenched in oil and water 
have been obtained. 


EXPERIMENTAL PROCEDURE 


Considering the nature of this investigation, it was necessary to 
maintain equivalent quenching conditions for all sizes in each of the 
grades tested. Caution was therefore exercised in all aspects of 
selecting, preparing, heating and quenching of specimens to realize 
this control. 

Rounds of plain carbon and alloy steels of the chemical compo- 
sitions listed in Table I were used in this investigation. These steels 


Table I 
Chemical Analyses of Steels Used in Investigation 








D 

ZA 

oC | 
4 

~ 

ra 

~ 


Grade ee 


Mn P S Si I I 
9460M 0.61 1.51 0.019 0.024 0.33 0.54 52 0.12 
4340 0.39 0.67 0.013 0.009 0.23 1.79 0.77 0.24 
1080 0.80 0.75 0.015 0.028 0.21 arid ; a 
8620 0.18 0.79 0.015 0.030 0.33 0.45 0.54 0.22 
17 Cr 0.08 0.55 0.022 0.016 0.34 0.25 16.38 0.02 
TS 4142 0.44 0.98 0.008 0.018 0.29 0.11 1.10 0.11 
TS 4140 0.41 0.89 0.023 0.028 0.27 0.04 1.03 0.11 
TS 8640 0.43 0.85 0.018 0.035 0.27 0.41 0.66 0.09 
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were chosen to give a wide range of hardenability and carbon content. 
The manganese content is high for the 9460 grade, so this steel is 
listed as 9460M. For the three grades listed last in Table I, complete 
data were obtained on hardness, but only a few selected cooling rates 
were measured. 

All steel was received in the form of 34-inch rounds secured 
from centrally located billets of middle ingots of regular production 
heats where the effect of segregation was minimized. Specimens for 
quenching were forged from the 3'%-inch round stock and, after 
normalizing, were machined into five different cylindrical sizes: 
¥-inch diameter by 3 inches long, 1 by 4, 1% by 6, 2% by 9, and 
3 by 12 inches, as well as into the standard end-quench specimens. 
In all cases, the specimens were forged to a diameter % inch oversize 
prior to machining. The length of each specimen was sufficient to 
avoid end effects in quenching. Each specimen was finished with a 
fine machined cut to produce a smooth and uniform surface. 

For measuring cooling rates in quenched rounds, holes to accom- 
modate thermocouples were % inch in diameter and were drilled 
longitudinally from the top of the round specimen to a point midway 
along its length, at which position the bars could be assumed to be 
of infinite length. Small beads were fused on 22-gage chromel-alumel 
thermocouples with a carbon arc using a borax flux. After the drilled 
holes were cleaned, the thermocouples were welded to the bottom of 
the drilled holes by means of an are welding device. Sections of steel 
pipe were welded to the top of the specimens to protect the thermo- 
couples from the quenchant. One to three thermocouples were used 
in each specimen: one at the center and the others at mid-radius or 
near surface positions. Thermocouples were checked periodically be- 
fore and after use and were found to be within the prescribed limits 
of calibration. Fig. 1 illustrates a typical specimen. 

For measuring cooling rates in end-quench bars, thermocouples 
were welded either to the surface or in longitudinal holes drilled mid- 
way from the center to the surface. Holes of different depths were 
employed to determine cooling rates at various distances from the 
quenched end. The majority of measurements were made with sub- 
surface couples. Very little difference was observed between surface 
and subsurface temperature readings. This might be expected be- 
cause of the small contribution of air cooling to the end-quench bar 
cooling curve. These end-quench bars were cooled for 10 minutes 
in a standard fixture. 

With a resistance furnace at 1550 °F (845 °C), the round speci- 
mens were placed in the furnace in a muffle and heated in an atmos- 
phere of spent carburizing compound. The time in the furnace was 
so regulated that the center of each specimen was at temperature for 
at least 20 minutes. Each specimen was removed from the furnace 


1954 QUENCHANTS, COOLING RATES, HARDENABILITY 885 


rapidly and quenched manually in circulating water or mineral oil 
by rotating the specimens in a 2 to 3-foot circular path in 5-foot 
diameter quenching tanks. The time to transfer specimens from the 
furnace to the quenchant was approximately 1 to 2 seconds, and the 
speed of rotation was about 40 feet per minute. End-quench bars 
were heated in preheated drilled graphite blocks in the resistance 
furnace. 


Thermocouples 


ae 
(Lik kh dhhhedidecdedle 


\ Lk hhdhdidkeadke 


XG 


Weld 


SO 


SO 


Drill Hole 
1" nj 
8 Dia. 





Cs 


Fig. 1—Construction of a 
Typical Specimen for Cooling 
Rate Measurements. 


The recording mechanism consisted of three Gilbert-Weston 
amplifiers and three variable speed Esterline-Angus recorders with 
chart speeds of 3, 6 and 12 inches per minute, and 12 inches per hour. 
The recorders were capable of traveling full scale in 0.5 second or a 
rate of approximately 3000 °F per second. Three instruments were 
used when there were three couples welded to the specimen. The 
timing of the beginning of quench was effected by a Thyraton trigger 
circuit through the specimen and quenchant which produced a slight 
jog in the cooling curve at the instant the specimen contacted the 
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quenchant. ‘This was illustrated in the previous paper (4). 

The H values were calculated from the cooling curves with the 
aid of Russell’s tables (5). The H values are dependent on the 
amount of cooling (measured in terms of U, proportional temperature) 
for a given increment of time (measured in terms t, reduced time) 
between the austenitizing temperature and the temperature being 
considered. A sample calculation is presented in Table II. The 


Table II 


Sample Calculation of H Values 

For 1%-Inch Round Date 6-27-50 
a* = 0.0099 Heat No. 220,952 Grade 9460M 
b? = 0.5625 Inch Spec. No. 2 Pos. of T/C.—Ctr 
T = a? t/b? Instrument No. 3 
r/b = 0.0 Temp. of Quenchant 
b = Radius of Test Piece; Hr = hb Water 70 °F 
r = Radius of Position Considered; He = “%h AS 
a* = Diffusivity, in2/sec. tC er 
t = Time Fce. Condition—Spent Carb. Compound 

T t (sec.) T (°F) U Hr = hb He = %h 

0.02 1.14 1550 1.0 0 0 

0.04 2.27 1550 1.0 0 0 

0.06 3.41 1547 0.997 - — 

).08 4.55 1543 0.996 0.3 0.2 

0.10 5.68 1523 0.982 0.52 0.35 

0.20 11.36 1273 0.814 in 1.02 

0.30 17.05 999 0.628 1.89 1.26 

0.40 22.73 798 0.492 1.89 1.26 

0.50 28.41 650 0.392 1.79 1.19 

0.60 34.09 557 0.329 1.65 1.10 

0.70 39.77 507 0.295 1.52 1.01 

0.80 45.45 461 0.264 1.34 0.89 

0.90 51.14 406 0.227 1.30 0.87 

1.0 56.82 350 0.189 1.30 0.87 

1.2 68.18 271 0.136 1.27 0.85 

1.4 79.55 221 0.102 1.19 0.79 

1.6 1.08 0.72 


definition of the various terms used in this calculation was given by 
Russell (5). 

After quenching, all rounds were sectioned transversely at a 
location within 4 inch of the thermocouple junction to determine the 
correlation between hardness and cooling rate. Specimens were cut 
with a water-cooled abrasive wheel and then were carefully surface 
ground to avoid tempering. After the hardness readings were taken, 
specimens were etched to reveal possible tempering, and if this con- 
dition were present, the specimens were re-ground and hardness again 
measured. Occasionally specimens were examined microscopically 
to confirm the absence of tempering. The end-quench bars were 
surface ground to the standard depth on four diametrically opposite 
faces, and the average of the hardness readings for equivalent positions 
on several bars was recorded. Hardness surveys were taken with a 
Rockwell hardness machine at distances of ;'g of an inch, transversely 
in rounds and longitudinally in end-quench bars. 
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EXPERIMENTAL RESULTS 


Because of the large number of grades and sizes used in this 
investigation, all of the data cannot be included here. As many of 
the results are reported as are required to illustrate the more impor- 
tant findings. Over 300 specimens were quenched in this work. At 
least two and usually three specimens were quenched to establish 
reasonable reproducibility for each experimental condition. H values 
and cooling times were reproducible within +8%. 


2.6 
All Center Couples 
A-+inch Round 
2 
2.2 B- 1 inch Round 
C-I5 inch Round 
1.8 
< 
1.4 
® 
2 
oO 
> 
+ !.0O 
0.6 D-2 inch Round 
E -3 inch Round 
Water Temperature 65°F 
0.2 





200 400 600 800 loOO =«61200~=CO1400 
Temperature °F 


Fig. 2—Variation of H Value With Temperature and Size for 9460 
Water-Quenched From 1550 °F. 


Severity of Quench, H 


H values for water and oil quenches were calculated from the 
cooling curves as shown in Table II and plotted against the terminal 
temperatures from 1550 to 200 °F (845 to 95°C). The data for the 
centers of the various size rounds are illustrated in Figs. 2, 3 and 4. 
Fig. 5 shows similar data obtained in the previous report (4) for 18-8. 
These data were obtained using a water quench. Figs. 6 and 7 show 
the H values obtained at the center of the 9460M and 1080 grades 
quenched in oil. The above data are typical of the H results obtained 
for steels with high and low hardenability. Figs. 8 and 9 illustrate 
the variation of H obtained within a single water-quenched round for 
center, midway and near surface positions. 

For end-quench bars the H value at several distances from the 
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Fig. 3—Variation of H With Temperature and Size for 1080 Water 
OQuendiel From 1550 ° 


All Center Couples 

A-% inch Round 
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Fig. 4—Variation of H Value With Temperature and Size for 17 Cr 
Water- ‘Quenched From 1550 °F, 
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quenched end was calculated at the half-temperature time. The latter 
quantity is the time to cool from the austenitizing temperature, 1550 
°F (845 °C), to half the temperature difference between the austen- 
itizing temperature and the temperature of the quenchant. Because 
the same austenitizing temperature and approximately the same 
quenchant temperature were employed throughout this work, the 
half-temperature quantity was always about 810°F (430°C). 


Water All Center Couples 


Temperature A- + inch Round 
60°F . 
B - 1 inch Round 


C -l ‘ inch Round 


H Value, in. 


D-2 4 inch Round 
E-3 inch Round 





200 400 600 800 1000 1200 !14001600 
Temperature °F 


Fig. 5—Effect of Temperature and Size on H Value for 
18-8 Water-Quenched From 1550 °F. 


H values for the end-quench bars were calculated in the manner 
previously described by Russell (14) and by Grossmann (8) to 
obtain the D; versus Ja correlation curve. In this method the end- 
quench bar is assumed to be half the thickness of an infinite plate. 
These H values were plotted against the distances from the quenched 
end of the bar for 9460M, 4340, 1080 and 8620 steels in Figs. 10 to 
13. These data show the large increase in H near the quenched end 
of the bar. Additional data concerning the severity of quench, H, 
are included in the later discussion. 


Cooling Rates in Rounds and End-Quench Bars 


Three common criteria for correlating hardness and cooling rates 
are: 
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Fig. 6—Variation of H Value With Temperature and Size for 9460 
Oil-Quenched From 1550 °F. 


1. Half-temperature time, which was defined above, 

2. 1350-T times, that is, cooling times from 1350 °F to various 
lower temperatures such as the time to cool from 1350 to 
800 °F, and 

3. Cooling rate at 1000 °F, or 1300 °F. 

In this work, half-temperature times and 1350-T times were 
obtained for all rounds and end-quench bars. On a few bars, cooling 
rates at 1000 °F were obtained by inspection of the cooling curves. 
These latter data have not been included in this report. 

The half-temperature times for different positions in rounds of 
various sizes and grades quenched in water and oil are listed in 
Table III. Figs. 14 to 17 give the half-temperature times for the 
corresponding end-quench bars. Typical 1350-T times for rounds of 
9460M, 4340, 1080 and 8620 steels quenched in water and oil are 
presented in Table IV. Figs. 18 through 21 show these times for 
end-quench bars. 


Hardness 


In most hardenability work, it is customary to determine the 
positions which harden to 50% or other higher specified percentages 


Ses Ai eke 
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H Value, in.7! 
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A- $ inch Round 


B- 1! inch Round 


C-15 inch Round 


D-22 inch Round 
E-3 inch Round 
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Fig. 7—Variation of H Value With Temperature and Size for 1080 
Oil-Quenched From 1550 °F. 


of martensite. Consequently, rather than list the complete hardness 
penetration curves for all the rounds and end-quench bars, the 
positions of 50, 80 and 95% martensite have been tabulated for each 
grade and size, see Tables V and VI. These points were selected 
initially on the basis of hardness from the curves of Hodge and 
Orehoski (6). To determine if the selected hardness levels were 
reasonably accurate, microscopic examinations of end-quench bars 
and a few rounds were made to establish the 50, 80, and 95% mar- 
tensite positions and the corresponding hardness values. 


DISCUSSION OF RESULTS 
Severity of Quench, H 


A mathematical derivation of the H value originated in 1822 with 
Fourier. Grossmann (1) applied the same mathematics to quenched 
steel in 1939 and chose to call the H value the quenching constant. 
In the mathematical derivation of H, certain assumptions had to be 
made. Some impofttant assumptions were: (a) A body is initially 
at a uniform temperature, (b) Newton's law of heating or cooling is 
obeyed, (c) thermal conductivity is independent of temperature, and 
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Table III 
Half-Temperature Times for Various Size Rounds and Steel Grades 








Quenched in Oil and Water 


Round Size Position (r/b) Half-Temp. Time (sec. ) 
Inches Water Oil Water Oil 
Grade 9460M 
VY 0 0 3.5 8.5 
l 0 0 10.0 17.5 
0.5 0.5 8.0 16.3 
ly 0 0 22.0 37.5 
0.5 0.5 16.0 29.5 
0.87 0.85 4.3 17.2 
2% 0 0 45.5 75.5 
0.5 0.5 34.5 54.7 
0.87 0.85 8.5 32.4 
3 0 0 77.0 119.0 
0.5 0.5 57.0 95.0 
4340 
ly, 0 0 3.5 7.4 
] 0 0 9.5 18.3 
0.5 0.5 Y Pe 15.0 
1% 0 0 21.0 37.5 
0.5 0.5 14.0 31.0 
0.83 0.89 5.2 21.9 
2% 0 0 46.0 74.5 
0.5 0.5 31.0 53.0 
0.87 0.85 6.5 31.0 
3 0 0 75.6 118.5 
0.5 0.5 50.0 104.0 
0.88 0.90 6.0 40.0 
1080 
WA 0 0 3.5 8.5 
l 0 0 11.5 19.0 
0.5 0.5 9.2 17.0 
ly 0 0 22.5 37.0 
0.5 0.5 20.0 33.0 
0.85 0.88 6.7 20.0 
2u% 0 0 45.0 73.5 
0.5 0.5 32.5 54.8 
0.22 0.86 14.0 34.0 
3 0 0 71.0 116.0 
0.5 0.5 53.0 100.0 
0.88 ‘ 5.2 a 
8620 
4 0 0 3.1 10.1 
1 0 0 BR 17.5 
0.5 0.5 9.5 15.0 
1% 0 0 19.0 46.0 
0.5 0.5 13.0 30.0 
0.81 0.73 7.5 24.0 
2% 0 0.1 41.0 65.0 
0.5 0.5 33.0 60.5 
0.87 0.87 8.5 31.5 
3 0.2 0.1 63.0 123.5 
0.5 0.5 54.0 101.0 
0.85 0.90 15.0 67.5 
Quenched in Water 
Grade TS 8640 
Round Size Position (r/b) Half-Temp. Time (sec.) 
Inches Water Water 
1 0.5 7.6 
1% 0 20.5 
3 0 87.6 
3 0.5 58.5 


Grade TS 4140 


] 0.5 8.0 
1™% 0.5 13.5 
3 0 78.5 
3 0.5 59.3 


Grade TS 4142 
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Fig. 9—Variation of H Value Within a 2%-Inch Round of 1080 
Water- Tiesuhen From 1550 °F. 
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Table IV 
The 1350°F to Terminal Temperature Times of Steel Rounds Quenched in Oil and Water 


Oil Quench 


Water Quench 


Grade 9460M 
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Table IV—(Continued) 
The 1350 °F to Terminal Temperature Times of Steel Rounds Quenched in Water 


Grade TS 8640 


Round Size Position 1350 to T (sec. )———___—_- 
Inches (r/b) 1000 900 800 700 600 500 
] 0.5 2.3 3.6 4.8 6.8 8.9 11.2 
ly 0.0 6.6 8.8 11.4 14.1 18.1 23.6 
3 0.0 30.3 40.2 48.5 51.9 68.0 80.5 
3 0.5 21.5 24.2 39.2 49.5 66.0 84.5 
Grade TS 4140 
l 0.5 3.4 4.9 6.5 8.7 11.9 14.9 
1% 0.5 4.8 6.7 8.6 11.0 14.6 18.6 
3 0.0 26.8 38.1 46.2 54.5 64.3 76.3 
3 0.5 21.6 29.6 38.3 52.0 66.1 81.1 
Grade TS 4142 
l 0.0 4.1 5.6 7.3 10.3 12.8 15.4 
I radius of position considered. 
b = radius of test piece. 
20 


inches~! 


H Value, 





0 


0 0.4 0.8 1.2 4... 2 
Distance From Quenched End-inches 


Fig. 10—Variation of H Value in 9460 End- 
Quench Bar. 


(d) there is no recalescence in the temperature range being studied. 
In addition to these assumptions which were necessary to simplify 
the mathematical treatment, Grossmann in his work (1) made an 
additional but important assumption. This was that positions im 
quenched steel of equal hardness were also positions of equal cooling 
rates, in his case defined as equal half-temperature times. This 
assumption was made so that the actual measurement of the cooling 
rate, which is a difficult operation, would not be necessary. It was 
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Table VI 


The 95, 80 and 50% Martensite Positions in End-Quench Bars of Steels 
Used in This Investigation 








95% M 80% M 50% M 
Distance From Distance From Distance From 
Quenched End Quenched End Quenched End 
Grade Re Inches Re Inches Re Inches 
9460M 62 1.75 57 -- 52 — 
4340 54 0.94 50 1.35 45 2.00 
1080 63 0.14 -- — 53 0.16 
8620 42 0.09 33 0.21 29 0.26 
TS 4140 54.5 0.40 48.5 0.60 44 0.75 
TS 4142 55.5 0.65 51 0.97 45.5 1.35 
TS 8640 53.0 0.35 47.5 0.47 43 0.57 
25 
20 
- 
w 
= 
o 15 
= 
— 
2 
oO 
> 
x 10 
5 
0 


O 0.4 0.8 1.2 cs. +20 
Distance From Quenched End -inches 


Fig. 11—Variation of H Value in 4340 End- 
Quench Bar. 


mentioned in a previous paper by the present author on the subject 
of H values (4) that early work at South Works indicated that the 
H value as determined by the Grossmann method was not always 
constant. Grossmann suggested at that time that this finding be 
investigated more thoroughly by using actual measured cooling rates, 
which is the fundamental measurement, rather than hardness in the 
study of H values. This was done in this previous paper (4). The 
severity of quench was evaluated by measuring cooling rates in an 
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18 Cr—8 Ni austenitic steel whose thermal diffusivity was relatively 
insensitive to temperature variations and in which case no recalescence 
occurred. Thus, of the assumptions listed above, (c) and (d) were 
essentially followed. In spite of this, it was observed in this report 
that the mathematical H value varied with temperature, passing 
through a maximum during cooling and that H varied with size and 
position in both round and end-quench bars. This variation of H 
was attributed to the fact that assumption (b), that of Newton’s law 


25(5 

20 

® 15 

x = 

UO 

c 

: 

3 

210 

- 

5 

O oy 
0 O04 O8 1.2 l6 20 


Distance From Quenched End-inches 


Fig. 12—Variation of H Value in 1080 End 
Quench Bar. 


of cooling, was not obeyed. It was observed that the surface heat 
abstraction coefficient, C, which is the proportionality constant in 
Newton’s law, varied with the three stages of a liquid quench, being 
low at the start, increasing rapidly to a maximum in the second stage 
of the quench, and decreasing to a low value at the third stage of the 
quench. H is mathematically defined as being equal to % C/K, with 
K being the thermal conductivity of the material being quenched. 
In a work of similar nature by Jones and Pumphrey (12) and by 
Sinnott and Shyne (13) using measured cooling rates for H values, 
the data obtained by these authors verified the findings presented 
above. 


In the present study, data similar to that obtained previously for 
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H Value, inches”! 





O 0.4 0.8 1.2 1.6 2.0 
Distance From Quenched End-inches 


Fig. 13—Variation of H Value in 8620 End- 
Quench Bar. 
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Fig. 14—9460 Jominy Results Compared With The- 
oretical Curve (Constant H). 





1954 QUENCHANTS, COOLING RATES, HARDENABILITY 901 


240 


—— Grossmann -Asimow 
Experimental 


i) 
© 
Oo 


: ©-Couple Arc 
Welded - Midway 
x- Couple Peened 
to Surface 
4-Couple Spot 
40 Welded to Surface 
Quenched From |550°F With 
3 Couples in each Specimen 


@ 
oO 


Half Temperature Time -seconds 





O 0.4 0.8 1.2 1.6 20 2.4 
Distance From Quenched End-inches 


Fig. 15+-4340 Jominy Results Compared With The 
oretical Curve (Constant H). 
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40 Quenched From |I550°F With 
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Fig. 16—1080 Jominy Results Compared With The- 
oretical Curve (Constant H). 


18-8 were obtained for various steels which transformed to martensite, 
bainite, pearlite and ferrite. In this study, observations were made 
concerning all four basic assumptions regarding H values which were 
listed above. In general, it was observed for all steels tested that the 
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_Fig._ 17—8620 Jominy Results Compared With The 
oretical Curve (Constant H). 
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Fig. 18—-Time to Cool From 1350 °F to Temperatures of 1000 to 500 
°F for 9460 Steel Quenched From 1550 °F. 


H values obtained from the cooling curves varied in a manner quite 
similar to the variations observed for the nontransforming 18-8 grade 
at positions of greater than 50% martensite (see Figs. 2 and 5). 
That is, (a) H values increased and then decreased with decreasing 
temperatures going through a maximum, (b) H values at centers of 
rounds decreased with increasing diameter, and (c) within a single 
round, H increased going from the center to the surface of the round. 
The explanation for these results is as follows: For the positions of 


2 ER A IT IET ne me 


1954 QUENCHANTS, COOLING RATES, HARDENABILITY 903 


Distance From Quenched End - 
sixteenths 





. =.% 2 Bh 20 40 70 100 200 300 500 
Cooling Time -seconds 


Fig. 19—Time to Cool From 1350 °F to Temperatures of 1000 to 500 °F 


for 
$340 Steel Quenched From 1550 °F. 


Distance From Quenched End- 
sixteenths 








Sn: & Se @ lO 20 40 lOO 200 400 
Cooling Time -seconds 


Fig. 20—Time to Cool From 1350 °F to Temperatures of 1000 to 500 °F 
for 1080 Steel Quenched From 1550 °F. 


greater than 50% martensite, the changes in diffusivity were appar- 
ently small and recalescence was not a major problem. The changes 
of H, which were very similar to those obtained for the nontrans- 
forming 18-8, were caused largely by the variation of the surface heat 
abstraction coefficient, C, which is assumed to be constant in the 
mathematical treatment. For these positions of greater than 50% 
martensite the diffusivity and heat changes associated with the 
austenite-to-martensite transformation are not sufficient to mask the 
heat transfer changes at the surface. For the positions of less than 
50% martensite, the diffusivity and heat changes are large enough 
to affect the mathematical H values quite markedly. In these cases, 
assumptions (c) and (d) listed above are not obeyed within reason- 
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able limits. This can be seen from an examination of Figs. 3 and 13 
which show the H data for structures which are largely transformed 
to pearlite and ferrite, respectively. 

The 17 Cr grade was included in the H study since its thermal 
conductivity, K, is constant with temperature. However, the increas- 
ing H curves (Fig. 4) indicated that the thermal diffusivity of this 


Distance From Quenched End- 
sixteenths 





i we. 2. 4-3 lO 20 40 lOO 200 400 
Cooling Time-seconds 


; Fig. 21—-Time to Cool From 1350 °F to Temperatures of 1000 to 500 °F 
for 8620 Steel Quenched From 1550 °F. 


steel must vary with temperature in spite of the constant, K. No data 
are available on the specific heat of 17 Cr at high temperatures, but 
data are available for 12 Cr steel. Calculation of the diffusivity of 
17 Cr based on 12 Cr specific heat values showed, as expected, that 
the diffusivity of 17 Cr increases with a decrease in temperature. 

In summary of the observations regarding H values which were 
obtained in the present paper, it can be stated that for positions for 
less than 50% martensite in quenched steel, the use of the H concept 
by metallurgists is in error by large amounts because of the violation 
of three of the four basic assumptions involved in the mathematical 
derivation of the H concept. However, for practically all metallur- 
gical work regarding hardenability, we are concerned largely with 
estimating positions of greater than 50% martensite. The data in 
this report indicated that for these positions only one of the basic 
assumptions was violated to any great extent. This was the assump- 
tion of Newton’s law of cooling, for which certain corrections can be 
made as discussed below. 

Before discussing the corrections of H values for metallurgical 
purposes, some mention should be made regarding the choice of the 
thermal diffusivity value in this report. The use of H values by 
metallurgists arose from Grossmann’s work and most H values quoted 
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and used for quenchants were obtained by the Grossmann method. 
It should be remembered that with Grossmann’s assumption of equal 
cooling rates yielding equal hardness values, a choice of a thermal 
diffusivity value was not necessary. In determining the H value 
from cooling curves, a choice of thermal diffusivity value is necessary. 
In all H values calculated in this report a constant thermal diffusivity 
of 0.0099 square inch per second has been used. This was done, first, 
so that the mathematical problem could be simplified as has been done 
in all previous work on hardenability; second, so that H data for 
various grades might be compared more easily ; and third, so that the 
effect of transformation on the assumption of constant diffusivity 
could be observed. The question of the proper choice of thermal 
diffusivity was closely examined. When H values for the steels used 
in this work were obtained from hardness measurements and from 
cooling curves, certain facts were brought to light. Most important 
of these was that, in general, the H values obtained from hardness 
and cooling rates were of the same order of magnitude when a thermal 
diffusivity of 0.0099 for cooling curves at the half-temperature time 
was employed. However, since H does change with size of round 
and position within a round, it is seldom, when Grossmann’s method 
is employed, that three positions in rounds of the three different sizes 
fall on a smooth H curve. They will only form a smooth curve when 
the variation in round size is small or when the 50% martensite 
positions in small rounds happen to match the near surface positions 
in larger rounds as regards the H value. In cases where there are 
large variations in size and position without a match of H value, an 
average H value for all the rounds quenched is obtained by the Gross- 
mann method. These observations can also be made on some of 
Grossmann’s original data. In summary of the question of the choice 
of the diffusivity, it can be stated that for the position of greater than 
50% martensite the 0.0099 diffusivity value resulted in reasonable 
H values and curves. 

The practical importance of the above observations concerning 
the severity of quench can be illustrated briefly as follows: 

Hardenability correlation curves used quite frequently are those 
of Lamont (7). These curves show the equal cooling times for rounds 
and end-quench bars and are based on the end-quench cooling data 
of Grossmann and on the assumption of a constant H value. The 
present data were used to obtain an improved hardenability corre- 
lation curve, taking into account the variation in H observed for 
different sizes and positions, which process is essentially a correction 
for the variation of the surface heat abstraction coefficient. For 
positions of greater than 50% martensite, Figs. 22 and 23 summarize 
the observed changes in H values using moderate to good water and 
oil quenches. These data, of course, are based on actual measured 





906 





TRANSACTIONS OF THE ASM Vol. 46 


ad 
co 


™ 
b 


Midway Position 


~ 
Oo 


Center Position 


O 
oo 


O 
b 


H Value at Half Temperature Time-inches~! 





O 
0 | 2 3 
Round Diameter- inches 


Fig. 22—Variation of H Value at Half-Temperature 
Time in Rounds Water-Quenched From 1550 °F. 
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Fig. 23—Variation of H Value at Half-Temperature 
Time in Rounds Oil-Quenched From 1550 °F. 
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cooling times. Correlation curves of equal cooling times in end- 
quench bars and in rounds quenched in water and oil are shown in 
Figs. 24 and 25. These curves do not agree with the calculated curves 
of Lamont. It is common practice to use published average H values 
for a given quenchant and method of quenching such as severe, good, 
poor, or still, rather than to actually measure the H value. By doing 
this and ignoring the variations of H with size and position for a given 
quenching procedure, it is probable that the predicted depth of hard- 


Midway Position 


Center Position 


Round Diameter - inches 





O 0.4 0.8 1.2 1.6 2.0 
Distance From Quenched End-inches 


Fig. 24—Equal Half-Temperature Time 
Relationship Between Distance on the End- 
Quench Bar and the Center and Midway Posi- 
tions of Round Bars Water-Quenched From 
1550 °F. 


ening will be less than that actually obtained in the smaller size 
rounds and will be much greater than that actually obtained in the 
larger size rounds. When this has happened, it has meant that some 
heat treaters using a given quenchant could have used a leaner alloy 
steel for the smaller sections and should have used a deeper harden- 
ing alloy for the larger sections. If one does not use an average 
tabulated value for H but actually measures the H value by Gross- 
mann’s hardness method, error can still result, depending on the 
round size used to obtain the H value. As mentioned previously, 
when using Grossmann’s method, one obtains an average H value 
which depends on the round sizes used to determine H. For a given 
quenchant, the H value must be adjusted for round size and position. 
This variation of H has been measured in the present study for good 
quenches in oil and water (Figs. 22 to 25). 

The second use made of the present data was to calculate an 
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Fig. 25—Equal Half-Temperature Time 
Relationship Between Distance on tle End- 
Quench Bar and the Center and Midway Posi- 
tions of Round Bars Oil-Quenched From 1550 °F. 
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Fig. 26—Correlation Between Ideal Diameter 
and Distance on the End-Quench Bar. 
improved correlation curve of ideal diameter, D;, and distance on the 
end-quench bar, Jp. This curve is used quite frequently to determine 
hardenability factors and to predict the depth of hardening. The 
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original curve by Grossmann (8) was calculated on the basis of a 
constant H and with cooling data which apparently were not obtained 
from structures consisting of greater than 50% martensite. Using 
the cooling times for the 4340 and 9460M steels, which hardened to 
at least 50% martensite at 2 inches on the end-quench bar, an im- 
proved curve was calculated in the manner used by Grossmann, and 
is given in Fig. 26. The end-quench cooling times obtained for the 
4340 and 9460M steels agreed remarkably well with data of Russell 
(9) for a 0.40% carbon steel of moderate hardenability. This curve 
can be used to obtain more reliable hardenability factors than could 
be derived through the use of earlier data. From Fig. 26, it can be 
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observed that the new ideal diameter versus end-quench curve is 
somewhat different from the previously published curve, particularly 
at distances of less than 1% inch on the end-quench bar. Since many 
of the published hardenability factors have been obtained through the 
use of the earlier curves, it is possible that re-evaluating the earlier 
hardenability factor data in light of the new curve may yield harden- 


ability factors of greater precision. 
HARDNESS AND CooLING RATES 


Since cooling rates and hardness were measured for the end- 
quench bars and for rounds of various sizes quenched in water and 
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Fig. 32—Equal Hardness Relationship Between Distance on the End 
Quench Bar and the Center and Midway Positions of 4340 Rounds Oil 
Quenched From 1550 °F. 


oil, their correlation was closely examined. It has been assumed in 
almost all work on hardenability that, for a given steel, equal cooling 
rates will yield equal*hardnesses. That is, regardless of the shape of 
test piece or of the position in a test piece, equal hardness positions 
are positions of equal cooling rates. The only variable in most hard- 
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: Fig. 33—-Hardness Differences Between End-Quench and Round Bars 
for Various 1350-T Times in 9460 Steel. 
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Fig. 34—Hardness Differences Between End-Quench and Round Bars for 
Various 1350-T Times in 4340 Steel. 


enability work has been the definition of the cooling rate. Common 
criteria used have been half-temperature time, 1350-T time, and cool- 
ing rate at 1300 or 1000 °F. In this work, as previously mentioned. 
the first two definitions were examined in greater detail than the 
third. 


When employing half-temperature time, Figs. 27 to 30 show the 
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Fig. 35- ‘Hardness Differences Between End-Quench and Round Bars for 
Various 1350-T Times in 1080 Steel. 
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_ _Fig. 36—Hardness Differences Between End-Quench and Round Bars for 
Various 1350-T Times in 8620 Steel. 


difference in hardness between end-quench bars and rounds for the 
various grades at positions having equal half-temperature times. The 
data may be illustrated also by comparing Figs. 31 and 32, which 
show positions of equal hardness in 4340 rounds and end-quench 
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bars, with Figs. 24 and 25, which show positions of equal half- 
temperature times. These data indicate that, for all grades tested, 
the end-quench bars yielded higher hardnesses than the quenched 
rounds at positions of equal half-temperature time. In regard to 
1350-T times, Figs. 33 to 36 show the hardness differences of rounds 
quenched in water and oil and of end-quench bars at positions of 
equal 1350-T times. Again, it is apparent that the end-quench bar 
yielded higher hardness than the rounds at positions of equal 1350-T 
times. 

In similar work published by Weinman, Thomson and Boegehold 
(10), end-quench bars were found to be both harder and softer than 
rounds for equivalent 1350-T cooling times. However, inspection 
of their data suggests that, in cases where end-quench bars were 
softer than rounds, severe positive segregation had occurred. Their 
steels were chosen without regard to chemical segregation. Even so, 
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in the majority of their specimens, the rounds were softer than the 
end-quench bars under equivalent cooling conditions. 

Close inspection of the data in this report reveals that, although 
half-temperature time or 1350-T time results in a poor correlation 
with hardness, half-temperature time appears to be slightly better 
than the 1350-T time. Cooling rate at 1000 °F (815 °C) in the few 
instances examined also appears to yield a poorer correlation with 
hardness than half-temperature time. This finding agrees with that 
of Grossmann (1) in his original work on hardenability. 
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Fig. 38—Hardness Traverse of a 4340 3-Inch Round With Center 
Pin Insert Oil-Quenched From 1550 °F. 


The data in Figs. 27 to 36 also indicate that difference in hard- 
ness between the end-quench bars and rounds at the same cooling 
rates are greatest near the 50% martensite position. This, of course, 
is largely because, at positions of 100 to 95% martensite or 15 to 0% 
martensite, very little difference in hardness is obtained with wide 
differences in cooling rates. In this respect, hardness is not a very 
reliable criterion of cooling rates. This fact has tended in some past 
work to increase the apparent percentage of hardness values correctly 
predicted from cooling rates. These ranges of microstructure cor- 
respond to the flatter portions of the end-quench hardness curve. 

In a comparison of round against round at positions of equal 
cooling times, differences in hardness were also observed if there were 
a large difference in positions within the two rounds investigated, and 
if their external dithensions differed significantly. For the same 
quenchant, shorter half-temperature times were needed at interior 
positions in rounds to produce the same hardness as near surface 
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Fig. 39—Photomicrographs of Insert Pin and Adjacent Zone of a 3-Inch Round 
of 4340 Oil-Quenched From 1550°F. Saturated picral etch. X 500. 


positions. A comparison of water and oil quenches indicated that 
for a given cooling time, higher hardnesses were produced with the 
water quench than with the oil quench (Tables III and V). Close 
examination of the cooling curves and hardnesses did not yield a 
reasonable explanation for the observed phenomena. 

To explain the above findings, one of the first items examined 
was chemical segregation. As mentioned previously, all steel was 
chosen from middle billets of middle ingots of heats to minimize 
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Fig. 40—-Hardness Traverse of a 4140 2%4-Inch Round With Center 
and Two Midway Pin Inserts, Water-Quenched From 1550 °F. 
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Fig. 41—The 95% Martensite Relationship Between End- 
Quench Bars and the Center % Radius and 4 Radius Positions 
of Round Bars Water-Quenched From 1550 °F. 


chemical segregation. Drillings taken from these steels revealed that 
longitudinal segregation was negligible and that transverse segregation 
was negative. That is, the carbon and manganese contents were 
slightly lower in the centers than at the surfaces of rounds. Although 
this variation in composition is in the direction of explaining part of 
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Fig. 42—-The 80% Martensite Relationship Between End- 
Quench Bars and the Center % Radius and % Radius Positions 
of Round Bars Water-Quenched From 1550 °F. 
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the difference in hardness between end-quench bars and rounds, the 
magnitude of the variations is too small to explain the large hardness 
differences. The actual variations in chemistry from the surface to 
center for the various grades are presented in Table VII. As a fur- 
ther check to show that chemistry does not explain the hardness 
differences, the hardness of several end-quench bars was measured 
at the center and midway positions for correlation with centers and 
midway positions of rounds. The rounds were still softer than the 
end-quench bars at equal cooling rates, particularly at the critical 
positions (80 to 50% martensite). 
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Fig. 44—The 95% Martensite Relationship Between End 


Quench Bars and the Center % Radius and 34 Radius Positions 
of Round Bars Oil-Quenched From 1550 °F. 
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Fig. 45—The 80% Martensite Relationship Between End- 
Quench Bars and the Center % Radius and 4% Radius Positions 


of Round Bars Oil-Quenched From 1550 °F. 


Since no other explanation could be found, it was postulated that 
differences in strain during cooling between end-quench and round 
bars might account for the differences in hardness at the same cooling 
rates. It was proposed that strains resulting from cooling and trans- 
formation might affect the M, temperature and possibly the isother- 
mal transformation curyes. Recent work of Kulin, Cohen and Aver- 
bach (11) clearly showed the effect of strain on martensite trans- 
formation. This work added confidence to the above premise. In 
this work of Cohen et al, compressive stresses lowered the M, tem- 
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perature and tensile stresses raised the M, temperature. It is also 
possible the compressive stresses shift the isothermal S-curves to the 
right and tensile stresses shift the isothermal S-curve to the left. 
Experimental confirmation of the proposed strain theory was 
obtained in the following manner. A method similar to that of ASTM 
specification for the insert end-quench bar was used. From the center 


Table VII 


Transverse Chemical Segregation—Results of Chemical Analyses on 
Samples Secured From Designated Locations 


Round Size 


Grade Inches Location Cc Mn 
4340 1y% Surface 0.42 0.67 
1% Center 0.39 — 
4340 3 Surface 0.40 0.67 
3 Center 0.39 0.65 
9460 1y% Surface 0.62 1.51 
1% Center 0.56 = 
9460 3 Surface 0.63 1.51 
3 Center 0.56 1.48 
1080 1% Surface 0.81 0.75 
1% Center 0.80 — 
1080 3 Surface 0.82 0.78 
3 Center 0.82 0.75 
8620 1% Surface 0.19 0.79 
1% Center 0.16 — 
8620 3 Surface 0.18 0.81 
3 Center 0.15 0.76 
TS 4142 3 Surface 0.44 0.98 
3 Center 0.43 0.97 
TS 8640 3% Surface 0.44 0.85 
3% Center 0.42 0.84 
TS 4140 3% Surface 0.41 0.91 
34 Center 0.39 0.86 


position of a 4340 3-inch round, a pin ¥% inch in diameter and 
2 inches long was machined. A hole slightly larger than the pin was 
drilled in the center of another section of the same round. The pin 
was then placed in this hole midway along the length of the bar and 
Woods metal was fused around the pin in the drilled hole (Fig. 37). 
In this manner, it could be assumed that upon quenching the pin 
would cool at approximately the same rate as the center of an un- 
drilled bar. This specimen was quenched in the previously described 
manner. After cutting and grinding, a hardness survey was made 
of the bar and pin, see Fig. 38. The pin had practically the same 
hardness as the outer surface of the round and was 9 Rockwell C 
points harder than the adjacent material. This observation was con- 
firmed by performing the experiment a second time. The pin and 
adjacent areas were examined microscopically and the photomicro- 
graphs are shown in Fig. 39. 

Similar pins placed at mid-radial positions in the 3-inch bars 
showed only slightly higher hardness. Pins which were tested in 
l-inch rounds of 1080 steel at positions below 50% martensite ex- 
hibited little difference in hardness, but gave an indication of slightly 
finer pearlite spacing. 
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Pins inserted as above near the 50% martensite locations in 4140 
rounds revealed higher hardnesses than the adjacent areas (Fig. 40). 
The only possible explanation of these findings with insert pins is 
that the difference in the strain pattern of the pin and the adjacent 
metal causes a difference in the rate of transformation which results 
in a change in hardness. This hardness variation can be detected 
most readily at the 50% martensite location. 

Because of the presence of these stresses, the correlation of cool- 
ing rates with hardness in rounds and end-quench bars was not par- 
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Fig. 46—The 50% Martensite Relationship Between End- 
Quench Bars and the Center % Radius and 4% Radius Positions 
of Round Bars Oil-Quenched From 1550 °F. 


ticularly good. Therefore, it was apparent that a hardness correlation 
curve, based on the data for the rounds and end-quench bars studied 
in this research, would be a useful contribution to our knowledge of 
hardenability. To obtain this correlation, additional grades, 4140, 
4142 and 8640, were added to the previous four steels to give a wide 
range of 50, 80 and 95% martensite positions on the end-quench bars. 


/ 


Equivalent 50, 80 and 95% martensite positions were determined 
in % to 3-inch rounds quenched in water and oil as well as in the 
end-quench bars. These data are presented graphically in Figs. 41 
to 46. These new equal hardness curves should be more useful for 
practical heat treatment purposes than the calculated curves based on 
equal cooling rates. It should be noted, however, that severe chemical 
segregation can shift the plotted curves to higher or lower values. 
In cases of minor transverse chemical segregation, the curves should 
prove to be a reliable guide. 
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SUMMARY AND CONCLUSIONS 


The original purpose of this study was to examine more closely 
and to refine, if possible, the techniques developed by Grossmann and 
others for predicting depth of hardening of quenched steel. This re- 
search has demonstrated that refinements of the commonly accepted 
techniques can and should be made. This is particularly true when 
one desires to accurately predict positions of 50 to 80% martensite, 
where previous methods were the least accurate. From a practical 
viewpoint, the more important data are summarized in Table VIII 
which is a tabulation of Figs. 24, 25, 26 and 40 through 46. These 
data illustrate for the center positions of rounds the observed effects 
of the change in H with size and also the apparent effect of strain 
on hardenability. The difference between the data in sections III 
and IV is the difference in hardenability that was not explainable by 
differences in cooling rate alone. The pin experiment data appear to 
support the effect of strain on hardenability. For the larger sections 
both the effect of the lower H value and the strain are additive in 
suppressing hardness and tend to make the predicted hardness values 
higher than the actual hardness values. In smaller sections the in- 
creased H values tend to oppose the strain effect. As an example, if 
one uses the published average H values for quenchants to establish 
the depth of hardening, the actual hardness obtained will be higher 
than predicted for the smaller sections and much lower than predicted 
for the large sections. This can mean that for a given quenching 
procedure, a leaner alloy than calculated may be used for small size 
rounds and deeper hardening alloys are required for large size rounds. 
Also, from data obtained in this research, it is possible that more 
accurate hardenability factors may be obtained by the use of the 
refined curve correlating end-quench distance with ideal diameter. 

The more important findings of this investigation may be sum- 
marized briefly as follows: 


Severity of Quench 


1. The severity of quench, H, was found to vary with temper- 
ature, size of round, and distance from the quenched surface of alloy 
steels quenched in water and oil. The observed variations in H were 
caused largely by the variation in surface coefficient of heat abstrac- 
tion with temperature. : 

2. For the steels investigated, equivalent positions containing 
greater than 50% martensite cooled at approximately the same rates. 
This observation suggests nearly equal thermal diffusivities for micro- 
structures above 50% martensite for the grades studied in this report. 

3. For positions of greater than 50% martensite, a thermal dif- 
fusivity value of 0.0099 square inch per second proved to be satis- 
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Table VIII 


A Summary of the Observed Correlation of the End-Quench Bar With 
Center Positions of Rounds Quenched in Oil and Water 


I Il iil 


End-Quench Ideal Round Size, Equal Half 
Distance, Diameter, Temp. Time, Inches 
1/16 Inch Inches Water Oil 

1 0.60 ~- -- 
2 1.00 0.70 0.40 
4 1.75 1.25 0.80 
8 2.75 2.05 1.50 
12 3.65 2.80 2.15 
16 4.50 3.50 2.80 
24 5.75 4.60 3.45 
32 6.70 5.40 4.30 
IV 
Round Size, Equal Microstructures, Inches 
95% Martensite 80% Martensite 50% Martensite 
Water Oil Water Oil Water Oil 
0.40 0.25 0.40 0.25 0.55 0.25 
0.75 0.45 0.75 0.50 1.0 0.50 
1.45 0.80 1.60 0.95 1.65 1.0 
1.95 1.15 2.05 E50 2.10 1.45 
2.30 1.50 2.40 1.75 2.60 1.85 
2.75 2.05 2.90 2.40 3.10 2.45 
-- 2.55 - 2.90 - 2.95 


factory for use in calculating H values from cooling curves. 

4. For positions of less than 50% martensite, the cooling rates 
were affected by the variable diffusivity of pearlite, ferrite, bainite 
and martensite. 


Hardenability, Hardness and Cooling Rates 


1. Improved hardenability correlation curves, based upon equal 
half-temperature time relationships, were obtained for rounds and 
end-quench bars subjected to moderate to good quenches in water 
and oil. The influence of the additional variable, H, which had been 
considered constant in previously published correlation curves, was 
incorporated in these curves. 

2. An improved curve was obtained for correlating the ideal 
critical diameter, D;, with distance on end-quench bars, Jp. 

3. A significant discrepancy was encountered in assuming equal 
half-temperature time as the criterion for establishing equal hardness 
values in quenched rounds and end-quench bars. The employment 
of other cooling criteria resulted in similar discrepancies. 

4. More reliable hardenability correlation curves, based upon 
equal 50, 80, and 95% martensite positions instead of upon cooling 
rates, were obtained for various and end-quench bars subjected to 
moderate to good water and oil quenches. 

5. Experiments; based upon a modification of the ASTM insert 
end-quench bar technique, indicated that quenching strains affect the 
rate of transformation and thereby the hardenability. 
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DISCUSSION 


Written Discussion: By John C. Shyne, research engineer, Ford 
Motor Company, Dearborn, Mich. 

Dr. Carney has presented a paper which is an important contribution 
to the study of the quenching process. His presentation and analysis of 
a large body of experimental data do much to clarify and -expand the 
existing state of knowledge about this subject. Metallurgists and others 
recognizing the importance of the quenching process have long studied 
and attempted to develop a convenient and accurate mathematical treat- 
ment of the unsteady-state heat flow conditions that exist during quench- 
ing. The widely used simplified methods of handling the problem in con- 
nection with the heat treating of alloy steels have not proved entirely 
satisfactory. This paper demonstrates how some of the limitations of the 
usual treatments arise. 

As the author indicates, the most important source of inaccuracies 
comes from the application of Newton’s law of cooling as a boundary con- 
dition in the mathematical solution of the problem. Any treatment of the 
quenching process that assumes a constant severity of quench, H, implic- 
itly assumes that Newton’s law of cooling is obeyed and that the surface 
heat abstraction coefficient or boundary conductance has a constant value 


throughout the quench. This is far from true. In any quenching medium, 


water, oil, or molten salt, the surface heat transfer coefficient varies over 
wide limits, depending on the temperatures of the quench bath and of the 
surface of the cooling metal. It is unfortunate that few quantitative values 
of instantaneous surface heat transfer coefficients have been measured and 
published in the literature. It seems that the extensive data obtained by 
the author in this investigation could be analyzed to yield values for the 
instantaneous heat transfer coefficient. 

The experiment concerning the effects of stresses on hardenability 
is especially interesting. The author has shown that stresses significantly 
influence the rate of transformation from austenite. It is difficult to con- 
ceive of any other explanation for the experimental results. However, the 
author’s interpretation of the data on the composite quenched rounds is 
disputable. Dr. Carney concludes, from the higher hardness of the un- 
stressed pins relative to the surrounding metal of the quenched rounds, 
that compressive stresses shift the isothermal S-curves to the left and 
tensile stresses shift the S-curves to the right. In other words, compres- 
sive stresses increase the rate of transformation while tensile stresses slow 
it down. This behavior would be in direct contradiction to Le Chatelier’s 
principle which states that when a stress is placed on a system the system 
will respond in such a way as to tend to relieve the stress. The trans- 
formation of austenite is always accompanied by an expansion. There- 
fore it is to be expected that compressive stresses would retard the trans- 
formation of austenite, while tensile stresses would increase the rate of 
transformation. A consideration of the stress distribution involved in the 
quenching of solid cylinders indicates that Le Chatelier’s principle was not 
contradicted. It is most probable that the stresses in the centers of the 
rounds were tensile stresses during the quench. As the unstressed pins 
exhibited higher hardenability than the stressed metal around them, it can 
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be assumed that tensile stresses move the isothermal S-curve to the left 
and compressive stresses move the isothermal S-curve to the right. 

Written Discussion: By N. Bredzs, associate metallurgist, Armour 
Research Foundation of Illinois Institute of Technology, Chicago. 

Very extensive laboratory and theoretical work certainly was neces- 
sary for the broad study that this paper effectively summarizes. It will 
be valuable not only to those interested in the theoretical aspects of hard- 
enability, but also to those confronted with operating responsibilities. 

Particular interest is attached to the influence of stresses on austenite 
transformation. This subject has received much attention in the past, and 
some of these investigations lead one to concepts that are divergent from 
those developed by the present paper. It is desired to refer briefly to 
the earlier data as a discussion of this point. 

In 1935, Wratzky’ described the progress of austenite transformation 
under a pressure of 20,000 kg/cm’* (284,500 psi) with conditions close to 
uniform hydrostatic compression. Using a eutectoid carbon steel with a 
maximum cooling rate of 70°C per second, the final microstructure was a 
“martensite-troostite’” mixture. Since the microstructure would have been 
completely pearlitic under ordinary pressures, the data indicated that pres- 
sure could be considered to displace the isothermal transformation curve 
to the right. This view is not in accord with the postulation given in the 
present paper, wherein it is stated that compressive stresses possibly shift 
the isothermal S-curves to the left. 

A later investigation by Efremow et al* appeared to support Wratzky’s 
interpretation. They used in their experiments a plain carbon steel with 
0.87% carbon. A cylindrical specimen was placed in a die block of heat 
resistant steel, and the die block was heated with the specimen to 1000 °C 
(1830 °F). After this temperature was reached, the pressure was applied 
and kept constant while the specimen cooled. These experiments showed 
that under a pressure of 25,000 kg/cm’ (355,500 psi) and at a cooling rate 
of only 38°C per second, the austenite-pearlite transformation was sup- 
pressed, so that the microstructure was 100% martensitic. At the same 
cooling rate, but under a pressure of 18,400 kg/cm’ (261,700 psi), they 
obtained a mixed “martensite-troostite” structure. 

The apparent discrepancy in interpreting these several researches 
may relate to the extreme uncertainty about the stress operating in the, 
specimens during all stages of the cooling period. In the older researches, 
the high external pressure undoubtedly overshadowed any thermal or 
transformation stresses, leading to a high net compressive stress operating 
during all stages of cooling. On the other hand, the stresses in the center 
of a quenched round have a very complex relationship to the thermal 
gradients, elastic and permanent deformations, and the progress of trans- 
formation during cooling. Accordingly, the stress systems operative in 
the bar may be entirely different from the hydrostatic compressive stresses 
that suppress the pearlite reaction; and this interpretation would not nec- 
essarily imply that compressive stresses shift the isothermal decomposition 
curve to the left. 


2M. W. Wratzky, “Hardening Under Pressure’, Zhurnal Technitsheskoy Phyiski, Vol. 
7, 1935, p. 1178. 


8]. N. Efremow, I. P. Slesiskiy and P. I. Georgiewsky, Metallurg, 1938, p. 20. 








Apc 








1954 DISCUSSION—QUENCHANTS, COOLING RATES 927 


Written Discussion: By Carl M. Carman, metallurgist, Pitman-Dunn 
Laboratories, Frankford Arsenal, Philadelphia. 

In these days of critical alloy shortages and the development of tenta- 
tive specification and boron steels to conserve alloys, the problem of good 
hardness correlation between test specimens and rounds or production 
parts is of very great importance. The recent publications on this subject 
denote the interest in this problem. 

It is interesting to note that Grossmann’s half-temperature time or a 
modification of this parameter is the best parameter for hardness correla- 
tion. Recent work at Frankford Arsenal* using water and marquenched 
Jominy specimens indicates that better hardness correlation may be ob- 
tained if the correlation is based on the time spent in the transformation 
range of the steel as determined from the continuous transformation dia- 
gram for that steel. Attempts to correlate either equal hardness or equiv- 
alent structures on the water and marquenched Jominy specimens using 
the half-temperature time have resulted in errors of as great as 200%. 

This theory is now being investigated at Frankford Arsenal. 

The results obtained by the author clearly demonstrate that H values 
and, by the same token, heat transfer coefficients at the solid boundary 
cannot be assumed constant without introducing large errors in calcula- 
tions. For this reason correlation of the experimental data presents great 
difficulties. Knowledge of the relationship between surface temperatures 
and heat transfer coefficients should permit more exact evaluation of the 
quenching processes. This approach to the problem is also being investi- 
gated at the Pitman-Dunn Laboratories. 

The shape and the relative position of curves in Figs. 6 and 7 of the 
paper cannot be explained either by variation in H values or recalescence. 
We wonder if the author would comment further on these two figures. 


Author’s Reply 


[ would like to thank Messrs. J. C. Shyne, N. Bredzs and C. M. 
Carman for their kind comments and additional information regarding the 
quenching process. A part of their comments mentioned a statement made 
in the preprint on the 39th page which said, “. . . compressive stresses shiit 
the isothermal S-curves to the left and tensile stresses shift the isothermal 
S-curve to the right.” This was an error in the preprint which went un- 
noticed and has now been corrected to read, “It is possible that compres- 
sive stresses shift the isothermal S-curves to the right and tensile stresses 
shift the isothermal S-curve to the left.” 

In answer to C. M. Carman’s question regarding the shape and posi- 
tion of the curves in Fig. 7, the explanation for the shape of these curves 
involves not only variations in the surface heat abstraction coefficient and 
recalescence, but also the variation in the thermal conductivity and dif- 
fusivity. In Fig. 7, a major portion of the quenched rounds of the 8620 
grade were ferritic in structure. To obtain more exact H value curves, one 
should use a different thermal conductivity in H calculations for ferrite 
than that used for structures such as 50 to 100% martensite. This point 
was mentioned briefly in the text. 


‘C. M. Carman, D. F. Armiento and H. Markus, ‘“‘Analysis of Hardenability Under 
Marquenching Conditions’’, see this volume of TRANSACTIONS. 





THERMAL REPRODUCIBILITY OF THE 
END-QUENCH TEST 


By JoHN BrrtaLan, R. G. HENLEY, JR., AND A. L. CHRISTENSON 


Abstract 


This investigation comprises an extensive study of 
the various factors, among these being water pressure, 
water temperature, bar scale condition, and transfer time 
from furnace to quenching fixture, that influence the 
thermal reproducibility of the Jominy end-quench test. 
This study was made by measuring simultaneously the 
cooling curves at several end-quench positions during 
more than one hundred individual quench tests. The gen- 
eral conclusion is that while adherence to certain proce- 
dures is necessary, and certain precautions must be ob- 
served, the end-quench test has excellent reproducibility 
and is certainly reproducible to an extent that most of the 
disagreement among laboratories must be the result of 
inadequate standardization of technique and equipment 
and not reproducibility of test. 


HE present trend toward specifying heats on a hardenability 

basis has emphasized the importance of obtaining laboratory- 
to-laboratory reproducibility of the measurement of hardenability. 
The standard end-quench test is commonly used throughout industry 
as a specification hardenability check although it is well known that 
different laboratories obtain results with this test that occasionally 
vary widely. Cursory inspection of the techniques used in perform- 
ing the test has provided little understanding of this variation and, 
as a consequence, some loss in confidence of the inherent reproduci- 
bility of this test has resulted. 

In recognition of these facts, the Society of Automotive Engi- 
neers revised their standard end-quench testing procedure in 1945 
in an effort to eliminate variables that might be influencing the test 
results. However, a cooperative program conducted by fourteen lab- 
oratories using this revised testing procedure to test four steels, each 
at a different hardenability level, gave disappointing results (1)?. 
Though specimens from the same heats gave reproducible results 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
3oston, March 4 and 5, 1954. The authors, John Birtalan, R. G. Henley, Jr., 
and A. L. Christenson, are associated with the Metallurgical Department, The 
Timken Roller Bearing Co., Steel and Tube Division, Canton, Ohio. Manu- 
script received April 10, 1953. 
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at a given laboratory, the laboratories did not agree with each other 
and the more laboratories that were included, the wider was the 
spread in results obtained. A later investigation of factors that may 
have been responsible proved unfruitful in explaining a large portion 
of this variable. However, only two of these factors were concerned 
with the critical portion of the testing procedure; that is, the quench 
itself. If these cooling conditions are not satisfactorily reproduced 
from test to test, the consideration of other factors is of less impor- 
tance. 

For these reasons it was decided to measure the time-tempera- 
ture relation simultaneously at several positions along the end-quench 
specimen using the ASTM tentative standard procedure for the 
quench, and then determine the effect that various departures from 
the recommended procedure has on this time-temperature relation. 
It was hoped that this study would indicate the inherent reproduci- 
bility of the end quench and indicate whether further refinements in 
the testing procedure are practical. The advantage, from the stand- 
point of technique simplicity and ultimate test objective, in using 
hardness or metallographic structure as a criterion of test reproduci- 
bility was recognized. But the lack of sensitivity of these factors to 
variation in cooling conditions, except over a narrow range of cooling 
rates depending on the hardenability of the steel, would require a 
study of the effect of the different test variables on steels at several 
hardenability levels. Therefore, the direct procedure of observing 
the time-temperature relation was chosen in the belief that it is more 
fundamental, more sensitive and, furthermore, eliminates possible 
inconsistencies arising in the hardness determination itself. 


INSTRU MENTATION 


In order that precise temperature measurements could be 
achieved simultaneously over the wide range of cooling rates encoun- 
tered in the end quench, it was necessary to use a multi-channel 
galvanometer-type recording oscillograph to indicate the relative emf 
levels of the separate thermocouples as a function of time. A Hath- 
away Type S5-1 twelve-channel oscillograph was employed for this 
purpose. This oscillograph was equipped with Hathaway Type OC-2 
galvanometers strung to a sensitivity of 55 mm/ma at 1 meter’s dis- 
stance, under which condition their deflections remained constant 
over a frequency range of 0 to 100 cycles per second and attenuated 
approximately 5% at 130 cycles per second. A sufficiently flexible 
choice of recording speeds and time markers was available to enable 
measurements to be taken at intervals of 0.01 second if necessary 
or desired. 

One precaution must be observed in using galvanometers to indi- 
cate the output of thermocouples. Since the galvanometer, being a 
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current-sensitive device, cannot measure the emf of the thermocouple 
directly but only the current generated in the circuit by the emf of 
the thermocouple when the thermocouple is connected in series with 
the galvanometer, it is necessary that the resistance of the circuit 
remain constant for the galvanometer deflection to be proportional 
to the emf of the thermocouple. Therefore, to obtain a calibration 
of the galvanometer deflection in terms of temperature that does not 
change when the test piece and attached couple are removed from 
the heating chamber to be quenched, it is required that the resistance 
change of the couple and lead-in wire be negligible in comparison to 
the total electrical resistance of the galvanometer and couple con- 
nected in series. 

There are three possible methods of obtaining this condition. 
Sufficient additional resistance can be incorporated into the circuit 
so that any resistance change in the couple would be minor relative 
to the total circuit resistance. This technique is very effective but 
obviously reduces the current available for galvanometer deflection. 
Another approach is to reduce the thermocouple resistance itself by 
using larger couple wire. A remaining alternative is to so insulate 
the thermocouple wires that the temperature along their length (and 
likewise resistance) remains essentially constant and independent for 
the duration of the period of measurement despite the abrupt change 
in environmental temperature. 

To some extent all three methods of circumventing this diffi- 
culty were employed. It was, of course, imperative that very fine 
wire be used at the hot junctions to prevent thermal disturbance of 
the test bar surface and permit accurate positioning of the couples. 
However, as observed in Fig. 1, the 28 B and S gage chromel-alumel 
wire used at the hot junctions was butt-welded less than 1 inch back 
from the junctions to similar 20 B and S gage lead-in wire. The 
lead-in wires were then enclosed within %-inch diameter ceramic 
tubes which were bundled and sheathed by a stainless steel cover 
(Fig. 2) about 12 inches long from which the wires ran back to the 
cold junction at the oscillograph some 10 feet away. 

The total resistance of the circuits including thermocouples and 
galvanometers averaged 13.8 ohms, with the test bar and thermo- 
couples at maximum temperature ready to be quenched. Resistance 
measurements taken at intervals during the first 4 minutes of the 
quench indicated a maximum resistance drop of 0.17 ohm. This 
lowering of resistance, therefore, resulted in a maximum percentage 
error in temperature measurement of 1.23%. - This value may, at 
first glance, appear prohibitive, but the actual error in temperature 
measurement is a product of the per cent error and the temperature, 
and since the calibration is made at maximum temperature, the per 
cent error at the higher temperatures is nil and only approaches the 








: 
; 
: 
' 


1954 THERMAL REPRODUCIBILITY 931 





Fig. 1—Detail of Welded Hot Junctions and Test Bar. 


above value at the lower temperatures where the product thus remains 
small. Computation quickly disclosed the maximum error in tem- 
perature measurement, due to this cause, at all temperature levels 
to be less than 7 °F. 

The magnitude of this error was subsequently verified by simul- 
taneously recording the output of one of the attached couples by 
means of the galvanometer and a Speedomax “G”’ recorder instru- 
mented in such fashion that neither instrument could affect the other. 
The couple was positioned sufficiently distant from the quenched end 
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Fig. 3—Output of Single Thermocouple Recorded Simultaneously on Speedomax 
““G”’ Recorder and Oscillograph. 


so that the Speedomax could faithfully follow the change in tempera- 
ture, and at this distance the maximum error in galvanometer indica- 
tion should be expected. The results from this experiment are shown 


in Fig. 3, which clearly demonstrates the validity of the measure- 
ments. 


PROCEDURE 


At the hot junctions the 28-gage thermocouple wires (0.013 inch 
diameter) were flash-welded to the test specimens in shallow slots 
milled 0.015 inch wide and 0.015 inch deep at intervals of 4% inch 
from the quenched end. The presence of the grooves enabled greater 
precision in locating the couple wires. One couple was welded di- 
rectly to the quenching surface (Fig. 1) to give an exact indication 
of the start of the quench. A %3-inch diameter stainless rod was 
threaded into the opposite end of the end-quench bar to serve as a 
handle for rapidly manipulating the test bar and as an anchor for the 
various couple wires. 

The first step necessary to this study was to measure the cooling 
curves under the ASTM prescribed conditions for the quench in or- 
der that its reproducibility under these conditions be ascertained, and 
that a set of standards be derived, from which the effect of variation 
in the test technique could be determined. A series of SAE 8640? 


20.40% carbon, 0.83% manganese, 0.27% silicon, 0.50% chromium, 0.60% nickel, 0.21% 
molybdenum. 
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Fig. 4—Quenching Fixture Showing Location of Specimen 
Positioning Fingers and Test Specimen. 


specimens, therefore, were prepared and quenched for this prelimi- 
nary information. No protective atmosphere was provided and the 
bars were positioned and supported for the quench by an ordinary 
ring-type fixture upon which the specimen collar rested. Otherwise, 
the following conditions were adhered to: 

Specimen size—l1l inch O.D., 4 inches long. 

Water spray diameter at spray outlet—™ inch. 

Water spray pressure at outlet—2™% inches free height. 


Clearance between spray outlet and test specimen—'% inch. 
Water temperature—75 + 5 °F. 


int Ww ho 


The results of this preliminary work were seriously disappoint- 
ing. Although the hardness patterns were not markedly altered from 
sample to sample, little reproducibility in cooling curves was obtained 
from quench to quench. The total spread was of sufficient magnitude 
that any evaluation of one particular variable appeared impossible. 
It was immediately evident that some closer control of the quench 
variables must be achieved before their separate evaluation could be 
accomplished. Reconsideration of the factors not yet regulated sug- 
gested the following possible sources of irregularity: 


1. Positioning of quenching surface in spray; sometimes water crept up 
bar sides. 
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Fig. 5—Couple Assembly and Test Bar in Fixture During Quench. 


Stray air currents against sample; laboratory windows often open. 
Scale condition of sample not constant. 


Ww Po 


In order to minimize the first variable, a special quenching fix- 
ture (Fig. 4) was designed which, by means of four pointed fingers 
extending 35 inch from the quenching surface, insured quick posi- 
tioning of this surface with an accuracy of 0.005 inch. The fixture 
was then provided with an air shield approximately 4 inches in diam- 
eter which surrounded the sample as shown in Fig. 5. The third 
variation was somewhat more difficult to correct. From an experi- 
mental standpoint, it appeared easier to prevent scale formation than 
to control it. This was accomplished by building an airtight heating 
chamber which could be evacuated after the specimen had been in- 
serted and refilled with dry nitrogen at a pressure a little higher than 
atmospheric. As a result, no scale appeared on the bars though dis- 
coloration did occur. 

With these refinements in procedure, no difficulty was later en- 
countered in reproducing quenches. 
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Fig. 6—Variation in Cooling Curves Obtained at 4/8-Inch Position in Four- 
teen Quenches Over a Period of Three Years. 


DATA 


All specimens were machined from 1%-inch bar stock of the 
SAE 8640 heat mentioned previously, then normalized from 1625 °F 
(885 °C) and austenitized at 1535 °F (835°C) for 1 hour. 

Evidence of the excellent reproducibility achieved by the afore- 
mentioned procedure is illustrated in Fig. 6. This figure shows the 
total variation in the cooling curves obtained at 4/8-inch distance 
in 14 quenches made over a 3-year period. This particular distance 
was selected as representing neither extreme in rate of cooling. A 
total variation at any given time is observed to be +20 °F, which 
probably arises mainly from a furnace temperature variation of 
+10 °F, and some deviation in specimen transfer time which resulted 
in a variation of +15 °F in the drop in specimen surface tempera- 
ture during the transfer. 

The curves obtained by averaging. similar data at other end- 
quench distances, up to and including the 9/8-inch position, are pre- 
sented in Fig. 7. Again, the inherent. reproducibility of the end 
quench, if a standard procedure is closely followed, is evident by 
comparing the averaged data from a number of quenches made in 
the winter of 1949, with similar data obtained during the following 
winter, both by the same observer, and then comparing these data 
with the solid curves representing the results from a third series of 
tests conducted by a second observer in the spring of 1952. 

It is noted in Fig. 7 that, whereas the test pieces were heated 
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Fig. 7—Cooling Curves for the Various End-Quench Positions Using ASTM 


Tentative Standard Procedure. 
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Fig. 8—The Reduction in Surface Temperature Incurred 
Transfer of Specimen From Furnace to Quenching Fixture. 
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to 1535 °F (835 °C), their surface temperatures were only 1440 to 
1480 °F (780 to 805°C) at the start of the quench. This results 


from a nonuniform lowering of the bar surface temperature in the 
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Fig. 9—The Effect of 15 Seconds Delay During Specimen Transfer on Time 
Cemperature Relation. 


interval of time that it is disturbed from its position in the furnace 
and is quenched in the fixture. A plot of temperature as a function 
of time backward from the instant water comes in contact with the 
bar to its original place in the furnace is made in Fig. 8. This time 
interval is divided into three periods by the required physical manipu- 
lation. In the first period the atmospheric seal is broken and the 
specimen gradually withdrawn from the furnace. This operation re- 
quires 3 to 5 seconds time, and a 30 to 35 °F loss in surface tempera- 
ture results from the bar passing through the cooler zones of the 
furnace. The test piece is then quickly transferred to the quench 
fixture, but though the time necessary for the transfer is generally 
less than 2 seconds, an additional loss of 40 to 60°F is observed. 
Finally, the specimen is seated in the fixture and the water valve 
opened. During this final -period little or no decrease in temperature 
obtains and occasionally a slight increase_is apparent. 

The significant effect of quenching temperature on the cooling 
time through any given subcritical temperature range is well known. 
Therefore, in view of the fact that the surface temperature loss dur- 
ing specimen transfer was marked, and the hardness measurements 
are taken very close to the surface, it was believed desirable to deter- 
mine the influence of the transfer time on the time-temperature 
relationship. This influence is shown in Figs. 9, 10, and 11 for trans- 
fer times of 15, 30, and 45 seconds, respectively, which data are 
compared to the cooling curves from the standard procedure encom- 
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Fig. 11—The Effect of 45 Seconds Delay During Specimen Transfer on Time- 
Temperature Relation. 


passing a transfer time of 4 to 6 seconds. Of course, no one would 
intentionally delay a quench for these periods of time, but it is con- 
ceivable that severe air draft conditions would accomplish cooling 
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Fig. 12—The Effect on Hardness Gradient Caused by Variation in Specimen 
Transfer Time (SAE 8640-A). 
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Fig. 13—The Effect on Hardness Gradient Caused by Variation in Specimen 
Transfer Time (SAE 8640-B). 


in a much shorter time similar to that obtained here wherein the 
bars during the delay period were surrounded by an air shield. 
The pronounced and increasing effect of these transfer times is 
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obvious from these figures. On the other hand, the alteration in 
specimen hardening characteristics brought about by this variation in 
cooling depends on the sensitivity of the particular steel to this varia- 
tion. The hardness patterns of two SAE 8640 steels, having differ- 
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Fig. 16—The Variation in Hardness Gradient Caused by Changing the Water 
Temperature. 


ent hardenabilities, resulting from intentional delays during transfer 
are shown in Figs. 12 and 13. 

That water temperature has an effect is equally definite, but this 
factor is probably less important. When the water temperature was 
raised to 125 °F (Fig. 14) the cooling at a given end-quench distance 
became somewhat slower and the hardness pattern correspondingly 
dropped 2 points R, (Fig. 16). At the low water temperature of 
50 °F, slightly faster cooling was noted (Fig. 15) but little or no 
change in hardness was realized. Of course, a greater effect on hard- 
ness may have resulted by these adjustments in water temperature 
had steels of other hardenabilities been tested. However, the magni- 
tude of the change in cooling characteristics induced here by a water 
temperature difference of 75°F certainly suggests that the normal 
water temperature variation of +5 or 10 °F easily maintained in the 
laboratory has an inconsequential effect. 

Water pressures, or spray height, as one perhaps might intui- 
tively surmise, proved to exert little influence on the cooling be- 
havior of the end-quench bars if the volume of water was sufficient 
to maintain an umbrella. The result of increasing the free water 
height from 1 to 5 inches is shown in Figs. 17 and 18, which indicate 
any change in the time-temperature relation at distances beyond % 
inch to be within experimental error. An anomaly will be observed 
at the %-inch positions where the effect, though small, of increasing 
water pressure is opposite in direction to that expected. No reason 
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Fig. 18—The Effect of Reducing the Water Spray Height to 1 Inch on Time 
Temperature Relation. 


for this anomalous behavior could be found, although the spread in 
data within the series of quenches made under each condition was 
less than the deviation of the curves shown, thus inferring the dis- 
crepancy to be real. Correspondingly, the total spread in the aver- 
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Fig. 19—The Effect of a Thin Tight Specimen Surface Scale on the Time 
[emperature Relation. 


aged specimen hardness patterns resulting from all three conditions 
of quench did not exceed 1% Rg. 

The final variable investigated was the surface scale condition. 
A means was established for passing air through the furnace at cer- 
tain constant rates that would create surface oxidation varying from 
discoloration to heavy, loose scale formation. Two conditions in 
particular were studied: a thin, tightly adherent scale and loose, 
heavy scale. The results of this work indicate that if the scale is 
adequately thin to permit it to adhere well to the test bar during the 
shrinkage of the steel while it is being quenched, no deleterious effect 
of the scale is observed (Fig. 19). If, however, the scale thickness 
is sufficient to cause heavy flaking during the cool or to tend toward 
formation of a loose sheath easily removed when the bar has cooled, 
some departure of the time-temperature curves toward lower cooling 
rates is contracted (Fig. 20). Moreover, the magnitude of this 
departure proved neither constant nor-predictable. For this reason 
the data of Fig. 20 represent only one quench in contrast to all previ- 
ous data presented, which were the average of many similar tests. 
In this latter condition of heavy scale, the shrinkage of the steel away 
from its coating of scale probably gives rise to a thin insulation bar- 
rier of air between the two surfaces that reduces the usual heat loss 
by radiation. 


SUMMARY AND DISCUSSION 


For the purpose of this study, the cooling curves of over 100 
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Fig. 20—The Effect of a Heavy Loose Specimen Surface Scale on the Time 
femperature Relation. 


individual quenches were determined. The general conclusion is that 
while adherence to certain procedures is necessary if reproducibility 
is to be attained, these procedures are in no way intolerable and, if 
followed, the end-quench test is inherently reproducible to an extent 
perhaps not generally recognized and certainly to an extent that much 
of the disagreement that has arisen in the past between laboratories 
is not warranted. 

Specifically, the following findings were made: 

1. Water Temperature—A normal laboratory variation of +5 
or 10°F should be unimportant in view of the relatively small effect 
measured for a 75 °F variation. An increase in water temperature 
is more serious than a decrease. 

2. Water Pressure—No effect on the mean cooling curves was 
obtained by varying the free water height from 1 to 5 inches, though 
the scatter in data became somewhat greater at the low pressures. 
Therefore, it does not appear desirable to reduce the spray height 


below 2% inches. 

3. Water Cleanliness—No attempt was made to prevent the 
usual small contamination of the water by such materials as oil, soap, 
and brine, and these did not appear to affect the cooling curves. 

4. Transfer Time—The time incurred in transferring the speci- 
men from furnace to fixture is important because it affects the speci- 
men surface temperature drop during this transfer, and the surface 


temperature at the time the quench is started influences the rate of 
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cooling of the surface. It is true that while this surface temperature 
loss is marked, the actual heat loss is not very great and at the greater 
distances from the quenched end there will be sufficient time for heat 
to flow from the interior of the bar and minimize the loss in tempera- 
ture at the surface. However, this effect is never eliminated, even 
though internal heat flow does take place. It is recognized that this 
part of the procedure is primarily dependent on equipment and equip- 
ment layout which is difficult to standardize, but is believed to be of 
sufficient importance that provision be made for accomplishing the 
transfer in 3 to 7 seconds. 

5. Scale Condition—The end-quench test loses reproducibility 
when the test bar becomes scaled to the point that the scale flakes 
from the bar during the quench or tends to form a loose sheath 
around the bar. If the scale is sufficiently thin that it adheres tightly 
to the specimen, no change in the cooling curves is evident. 

6. Specimen Positioning—The quench fixture should be de- 
signed to permit quick, accurate centering of the quenched end of the 
specimen over the water spray in order that the water flow over its 
end surface be uniform and no spray impinged along the bar length. 
Little reproducibility was obtained in this work until this was done. 

7. Draft Conditions—When laboratory windows adjacent to the 
quenching fixture were left open, deviations from the normal cooling 
curves resulted. These deviations were largely eliminated by the 
introduction of an air shield around the quenching fixture, but severe 
air currents still exerted an indirect influence by increasing the sur- 
face temperature loss incurred during specimen transfer. 

The remaining geometrical factors of water spray outlet diam- 
eter, specimen size, and clearance between spray outlet and test speci- 
men were not investigated, since they may be prescribed and con- 
trolled at will. Neither was any evaluation made of instantaneous 
cooling rates at specific temperatures nor was the time to cool through 
particular temperature ranges tabulated as was done in Jominy and 
Soegehold’s original study (2). Information of this nature is of 
more importance in hardenability correlation work than in the meas- 
urement of hardenability by means of a standard test. In the latter 
instance it is necessary only that we know that the cooling rates, 
whatever they may be, remain constant from test to test. 

Since, in a standard hardenability test, we are interested in 
reproducing cooling rates, the evaluation or estimation of the effect 
on the hardenability measurement of the departures from accepted 
technique that are known to alter the cooling rates is not worth 
lengthy consideration. It suffices to note that variations in technique 
which may give rise to significant errors in measurements of high 
hardenability steels may, on the other hand, have little effect on the 
measurements of low hardenability steel and vice versa. 
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The difficulties that have arisen in the use of the end-quench test 
appear to be the result of inadequate standardization of test technique 
rather than any lack of thermal reproducibility inherent to the test 
itself. Perhaps, in retrospect, this should have been anticipated, since 
the differences in test results have usually occurred between labora- 
tories and little trouble has been encountered in obtaining consistent 
measurements at any given laboratory. 
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PRECIPITATION HARDENING IN AUSTENITIC 
CHROMIUM-NICKEL STEELS CONTAINING 
HIGH CARBON AND PHOSPHORUS 


By A. G. ALLTEN, J. G. Y. Chow anp A. SIMON 


Abstract 

Evidence that high hardnesses could be produced by j 
precipitation in high carbon, and high carbon, high phos- 7 
phorus, austenitic chromium-nickel steels led to further ‘ 
investigation by means of hardness, X-ray diffraction, i 
electrical resistivity, and metallographic methods. A series j 
of 21% chromium, 12% nickel steels containing 0.3 to 3 
0.7% carbon and 0.03 to 0.5% phosphorus were studied. ; 


It was found that hardnesses as high as Rockwell 
C-40 could be obtained when a 0.5% carbon, 0.03% 
phosphorus steel was solution treated 2250 °F (1230 °C) 
water quenched and aged at 1300 °F (705°C). The ad- 
dition of 0.5% phosphorus to such a steel made it possible 
to use a lower solution temperature, 2150°F (1175 °C), 
to get a higher hardness (Rockwell C-46) after the aging 
treatment. The increase of phosphorus content was found 
to increase the rates of precipitation, precipitation harden- 
ing, and overaging in the above type of steel. Increased 
phosphorus also caused an increase in the degree of dis- 
persion of the precipitate formed in the steels. 

Plastic deformation, as evidenced by slip lines, oc- 
curred when the high carbon, and high carbon, high phos- | 
phorus steels were quenched from the solution treatment. | 

The only precipitate detected in either the high or low 
phosphorus high carbon steels was a carbide having the 
structure of CresCg and a lattice parameter of 10.60 A.U. 

Since no evidence of the precipitation of a phosphorus 
compound could be found, an alternative mechanism was 
postulated in an attempt to explain the effects of phos- 
phorus. This mechanism is based on the assumption of 
an increase in the strain energy in the austenite lattice by 
interstitially dissolved phosphorus. 


URING an investigation of austenitic steels for an exhaust valve 
application, at the laboratory with which the authors are asso- 
ciated, it was found that 21% chromium, 12% nickel steels containing 
A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, A. G. Allten and A. Simon are 
metallurgists, Research Laboratory, Crucible Steel Company of America, Har- 


rison, N. J., and J. G. Y. Chow is metallurgical engineer, Arabian American 
Oil Co., New York City. Manuscript received April 21, 1953. 


948 





— a 
PRR RRR Es 


OMT RTE IGE, GR AGES. 













1954 CHROMIUM-NICKEL STEELS 949 


about 0.5% carbon could be hardened by a solution and aging treatment 
to a hardness of about Rockwell C-40, provided a very high solution 
temperature was used. Also, it was found that an addition of about 
0.3% phosphorus to the high carbon austenitic steel caused the steel 
to harden appreciably when a solution temperature was used which 
was much lower than that necessary to develop high hardness in the 
low phosphorus steel. These phenomena were quite unexpected and 
the literature was searched for references which might help explain 
them. 

Carbide precipitation in low carbon, austenitic stainless steel has 
been studied extensively during the past three decades. Also, Aborn 
and Bain (1)? have studied carbide precipitation in compositions 
containing up to 0.25% of carbon. The possibility of increasing 
hardness by carbide precipitation in the latter type of steels has been 
considered, and discounted, according to Monypenny (2). Most 
investigations have shown that carbide precipitation occurs predom- 
inantly in the grain boundaries of the austenitic chromium-nickel 
steels, unless the annealed steels are cold-worked prior to an aging 
treatment. Therefore, this precipitation does not serve to strengthen 
the austenitic matrix. 

It was shown by Greulich (3), however, that in a series of steels 
containing about 11% chromium, 35% nickel, and from 0.2 to 0.5% 
carbon, the hardness of the steels could be appreciably increased, that 
is to about Rockwell C-22, by a treatment consisting of heating at 
2190 °F (1200 °C) for 1 hour, water quenching, and aging at 1290 
°F (700 °C) for 8 to 24 hours. The results of Greulich are undoubt- 
edly in line with those referred to above, but are inadequate to account 
for the magnitude of the hardness changes found in the steels investi- 
gated in the authors’ laboratory. 

In regard to the effect of phosphorus, Clarke (4) has stated 
that additions of phosphorus in austenitic steels containing carbon up 
to 0.25% improve the strength of these steels at elevated temperatures. 
Clarke refers to solution and aging treatments which enhance the 
load-carrying capacity of the steel, but he gives no indication of the 
magnitude of hardening possible in these steels. 

In view of the fact that the literature did not satisfactorily 
account for the hardening which was encountered in the high carbon 
austenitic steels, with and without phosphorus, it was thought that 
the data concerning precipitation phenomena in these steels would be 
of general interest. 

The applications of these steels are not discussed in this paper 
and it is expected that they will be covered in later publications. 


MATERIALS 





The compositions of the steels which were investigated are given 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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in Table I. The steels were prepared as 15-pound induction-melted 
ingots and were forged to bars of about 5¢@ inch square cross section. 

The nitrogen contents of the steels of Table I are included, since 
evidence was obtained (not presented in this paper) which indicates 
that nitrogen, as well as carbon, can cause precipitation hardening 
when phosphorus is present in the austenitic chromium-nickel steels. 


Table I 
Analyses of Experimental 21% Chromium, 12% Nickel Steels 


Steel Nominal Carbon and 

No. Phosphorus Content*, % Cc Mn P Si Ni Cr N 
1 0.3 C, 0.03 P 0.26 2. ae 0.035 0.43 12.28 19.50 0.10 
2 0.5 C, 0.03 P 0.50 0.386 0.034 0.70 a3.35 20.67 0.067 
3 0.7 C, 0.03 P 0.68 0.81 0.034 0.28 11.54 20.89 0.067 
t 0.5 C, 0.16 P 0.50 0.86 0.16 0.32 11.95 21.73 0.070 
5 6:3 ¢. 8.25 0.56 0.78 0.28 0 38 11.19 21.14 0.073 
6 0.540.357 0.48 0.85 0.47 0.42 11.33 21.01 0.080 
*These nomina! carbon and phosphorus contents are used to designate the steels in the 


text of the paper 


However, the contribution of nitrogen to the precipitation hardening 
of the steels of Table I was probably insignificant. 


EXPERIMENTAL METHODS 


The effects of three solution treatments on precipitation in the 
steels of Table I were studied. The solution treatments consisted of 
a l1-hour heating at 2050, 2150, or 2250 °F (1120, 1175, or 1230 °C), 
and were followed by a water quench to room temperature. Longer 
solution times than 1 hour did not produce significantly different 
maximum hardnesses, and this is in accord with the results of 
Greulich (3). 

[t was found that liquid phase formed in the 0.5% carbon steels 
containing 0.3 and 0.5% of phosphorus (Steels 5 and 6, respectively ) 
when these steels were heated at 2250 °F (1230°C). Therefore, the 
data which were obtained for the latter steels and solution treatment 
were omitted from most of the results reported below. 

Aging treatments at 1100, 1200, 1300, 1400, and 1500 °F (595, 
650, 705, 760, and 815 °C) were performed in lead baths and fur- 
naces controlled to +5 °F. 

Samples about 1 inch long from each of the six steels of Table I 
were given the above three solution treatments and were aged isother- 
mally at the five aging temperatures mentioned. The aging was inter- 
rupted periodically and the samples were water-quenched for hardness 
tests. A calibrated Rockwell hardness tester was used, and readings 
were taken in Rockwell B or C units, according to the hardness levels 
of the samples. The hardness values were converted to Vickers dia- 
mond pyramid hardness numbers by means of standard tables (5) 
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to facilitate plotting of the curves of Figs. 1 to 7. This conversion 
of the hardness values may be considered a questionable procedure 
at the hardness levels below Rockwell C-20, but a uniform hardness 
scale was thereby provided. Aside from those in Figs. 1 to 7, hard- 
ness values are given in Rockwell B and C units below. 

X-ray diffraction techniques were used in an effort to identify 
the phases present in the steels of Table I in the as-forged and 
solution-treated conditions, and after aging treatments designed to 
produce maximum hardness, or overaging at the various aging 
temperatures. Solid specimens as well as electrolytically extracted 
residues were studied by means of techniques which have been de- 
scribed elsewhere (6). 

The lattice parameters of the carbides and austenite present in 
Steels 2 and 6 of Table I were obtained for the steels as solution- 
treated from 2050 and 2150 °F (1120 and 1175 °C), and as over- 
aged at 1600 °F (870°C). 

A 10-centimeter diameter focusing back-reflection camera was 
employed for the lattice parameter determinations. The camera was 
calibrated with reference to sodium chloride. Solid steel samples 
were ground to fit the curvature of the camera, heat treated, reground, 
and deeply etched electrolytically to remove cold-worked surfaces. 
A temperature of 25 °C (75 °F) was maintained in the camera during 
exposures for lattice parameter determinations. Chromium radiation 
was employed for all of the above X-ray investigations. 

Electrical resistivity tests were made on '%-inch diameter by 
4-inch long samples of Steels 2, 4, and 6 of Table I. Resistivities 
were determined for Steels 2 and 4 as solution-treated 1 hour at 2250 

F (1230 °C), water quench, and for Steels 2, 4, and 6 as solution- 
treated 1 hour at 2150 °F (1175 °C), water quench. The resistivity 
samples were overaged from the above solution treatments for 16 
hours at 1600 °F (870 °C), and their resistivities were redetermined. 

Samples of Steels 2 and 4 as solution-treated at 2250 °F (1230 

C) and of Steel 6 as solution-treated at 2150 °F (1175°C) were 
aged at 1300 °F (705°C) and were quenched to room temperature 
periodically during the aging treatment for resistivity measurements. 

Samples ™% inch by 5 inch square were heat treated for metal- 
lographic examinations and were used in the investigation of quench- 
ing strains referred to below. 


HARDNESS RESULTS 


The progress of precipitation hardening in the 21% chromium, 
12% nickel steels of Table I was very slow at temperatures below 
1100°F (595°C) and very rapid at temperatures over 1500 °F 
(815°C). Temperatures outside the 1100 to 1500°F (595 to 815 
C) range were, therefore, not suited to convenient study. 
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Much of the data given below is for an aging temperature of 
1300 °F (705 °C), since maximum hardening and overaging occurred 
in the steels within reasonable times at this tempe:ature. 


Effect of Carbon Content 


Fig. 1 shows the hardnesses which were obtained on three 0.03% 
phosphorus, 21% chromium, 12% nickel steels of varying carbon 
content which were given a common solution treatment at 2250 °F 
(1230 °C), water quench, and aged at 1300 °F (705 °C). 

3oth the 0.5 and 0.7% carbon steels of Fig. 1 contained residual 
carbides as solution-treated, but the 0.3% carbon steel had all car- 
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Fig. 1—Effect of Carbon Content on the Hardness of 0.03% Phosphorus, 
21% Chromium, 12% Nickel Steels (Steels 1, 2, 3) Solution-Treated 1 Hour 
at 2250 °F (1230 °C), Water-Quenched, and Aged at 1300 °F (705 °C). 


bides completely dissolved. The presence of residual carbide in the 
solution-treated steel is an obvious indication that the austenite of the 
steel was saturated with respect to carbon. 

The increase from solution-treated._ to maximum aged hardness 
is, as would be expected, primarily governed by the amount of carbon 
in solid solution prior to aging treatment. Thus, both the 0.5 and 
0.7% carbon steels of Fig. 1 show nearly the same increase in hard- 
ness after an aging treatment of 8 hours at 1300 °F (705 °C), where- 
as the lower carbon austenite of the 0.3% carbon steel hardens to a 
much smaller degree. 

It is evident from Fig. 1 that high hardnesses may be obtained 
in the austenitic steels of high carbon content when suitable solution 
and aging temperatures are employed. 
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Effect of Solution Temperature 


The amount of carbon dissolved in the austenitic chromium- 
nickel steels is determined by the solution temperature which is used, 
as well as by the amount of carbon available. The solution temper- 
ature is, of course, limited by the solidus temperature of the steel 
which, in turn, is affected by the carbon and phosphorus content of 
the austenite. The solidus temperature of the 0.5% carbon, 0.03% 
phosphorus steel of Fig. 1 (Steel 2) was about 2320 °F (1270 °C), 
and solution treatment of the latter steel at 2300 °F (1260 °C) pro- 
duced somewhat higher as-aged hardnesses than are shown in Fig. 1. 
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Fig. 2—Effect of Solution Temperature on the Hardness of 0.5% Carbon, 
0.03% Phosphorus, 21% Chromium, 12% Nickel Steel (Steel 2) As-Aged at 1300 
°F (705 °C). 


Considerably higher maximum as-aged hardnesses can be pro- 
duced when a solution temperature of 2250 °F (1230 °C) is employed 
than when a solution temperature of 2150 °F (1175 °C) is used, as 
shown for the 0.5% carbon, 0.03% phosphorus steel (Steel 2) in 
Fig. 2. Increased solution of carbon at 2250°F (1230°C) is, in 
part, responsible for the latter behavior. However, as will be shown 
below, the 2250°F (1230°C) solution treatment produces micro- 
structural changes which seem to affect the precipitation hardening 
of these high carbon, austenitic steels. 


Effect of Aging Temperature 


The effect of aging temperature and time on the hardness of the 
0.5% carbon, 0.03% phosphorus steel (Steel 2), as solution-treated 
2250 °F (1230°C), water quench, is shown in Fig. 3. The curves 
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of Fig. 3 are similar to many which have been obtained for various 
precipitation hardening alloy systems. 

The curves of Fig. 3 resemble those published by Greulich (3) 
for a 0.4% carbon, 12% chromium, 36% nickel steel, with respect 
to effect of aging temperature and time on the progress of precipita- 
tion hardening. However, maximum hardness values shown for the 
various aging temperatures of Fig. 3 are considerably higher than 
those attained in the steel described by Greulich. 

Intermediate maxima have been observed by Fink and Smith (7) 
in the precipitation hardness curves of aluminum-copper alloys and 







500 49 

450}- | 0.5C, 0.03P, 21 Cr, 12Ni Stee! 145 2 
a | c 
> | | | -O = 
= © 
% 350 | 36 o 
a £ : 
z | “Hh 2 S 
o - ° 
t 300 | _ a 30 & 
wo 4 
2 2" | a a - 

250 °F 22 
: ‘—s— Zn B a a 

e—-{As-Q. | 
200 , 
Solution-Treated 2250°F W.Q. | 
150 
0.01 0.1 10 lOO 1000 
Aging Time, hours 
Fig. 3—Effect of Aging Temperature on Hardness of 0.5% Carbon, 0.03% 


Phosphorus Steel (Steel 2) Solution-Treated 1 Hour at 2250°F (1230 °C), 
W ater-Quenched. 


were attributed to localized precipitation along slip lines and grain 
boundaries followed by overaging in these regions. General precipi- 
tation within the grains of the aluminum-copper alloys caused a rise 
to a second hardness maximum. The curves for the 1300 and 1400 

F (705 and 760 °C) aging treatments of Fig. 3 show retardations 
in the rate of hardness increase between aging times of 0.5 and 1 hour. 
These retardations may be caused by the same mechanism as de- 
scribed above for the aluminum-copper alloys, since metallographic 
evidence of early localized precipitation was also found in the steel 
of Fig. 3. 


Effect of Phosphorus Content 


The effect of phosphorus additions on the age hardening behavior 
of the 0.5% carbon, 21% chromium, 12% nickel steels is illustrated 
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in Fig. + for a common solution treatment of 2150°F (1175 °C). 
Phosphorus increases the maximum hardness to the extent that the 

fully age-hardened 0.5% carbon, 0.5% phosphorus steel of Fig. 4 is 

harder than many martensitic steels would be after a temper at 1300 
F (705 °C). 
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Effect of Solution Temperature, Phosphorus Steels 


The effects of both phosphorus additions and solution treatment 
are shown in Fig. 5, in which the maximum hardness increase ob- 
tained by aging treatment at 1300°F (705°C) is plotted against 
phosphorus content. Fig. 5 shows, first, that a given hardness in- 
crease can be obtained with lower solution temperature if the phos- 
phorus content is increased. 

Also, Fig. 5 indicates that the effect of phosphorus on the 
increase from the solution-treated to the maximum aged hardness at 
1300 °F (705 °C) is approximately the same whether solution treat- 
ment occurs at 2050 or 2150 °F (1120 or 1175 °C). For example, 
an increase in phosphorus content from 0.03% to 0.47%, as seen in 
Fig. 5, is accompanied by a rise of 150 DPH units in the maximum 
hardness obtainable with a solution temperature of 2050 °F (1120 

C) and an aging treatment at 1300°F (705°C). An increase of 
180 DPH units is obtained if a 2150 °F (1175 °C) solution treatment 
is used. 
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Effect of Phosphorus Content 
and Solution Temperature in 
0.5C, 21Cr, |l2Ni Steels 
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Fig. 5—Effect of Phosphorus Content and Solution 
Treatment on the Maximum Increase From Solution-Treated 
Hardness in 0.5% Carbon, 21% Chromium, 12% Nickel Steels 
(Steels 2, 4, 5 and 6) As-Aged at 1300°F (705°C). The 
two steels of highest phosphorus content contained liquid 
phase at 2250 °F (1230 °C). 


Effect of Aging Temperature, Phosphorus Steels 


Figs. 6 and 7 show the effect of aging temperature on two high 
phosphorus 0.5% carbon, 21% chromium, 12% nickel steels. Com- 
parison of Fig. 6 for the 0.5% carbon, 0.16% phosphorus steel 
(Steel 4) with Fig. 3 for Steel 2 (0.03% phosphorus) indicates that 
the effect of aging temperature on the progress of precipitation hard- 
ening is much the same in both steels. 

The important differences between the curves for the low phos- 
phorus steel of Fig. 3 and the high phosphorus steel of Fig. 7 apply 
to all five aging temperatures and may be summarized as follows, 
with reference to Figs. 3 and 7: 

1. The aging time required for the initial, pronounced increase 
in rate of hardening to manifest itself is shorter at all aging temper- 
atures in the high phosphorus steel. 

2. The rate of hardening, after this initial increase in rate has 
taken place, is greater in the high phosphorus steel, as measured by 
the slope of the aging curves at about half of maximum hardness. 

3. The maximum hardness attained at any given aging temper- 
ature is considerably greater in the high phosphorus steel than in the 
low phosphorus steel. 

4. All of the above behavior of the high phosphorus steels must 
be considered to be further modified by the fact that the high phos- 
phorus steel of Fig. 7 was solution-treated at a lower temperature 
than was the low phosphorus steel of Fig. 3. 


5. The maximum hardnesses produced by the 1100, 1200, 1300, 
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Hour at 2150 °F (1175 °C), Water-Quenched. 


and 1400 °F (595, 650, 705, and 760°C) aging temperatures are 


more nearly the same as shown in Fig. 7 than in Fig. 3. 
6. Finally, the high phosphorus steel softens (overages) 





more 
rapidly than does the low phosphorus steel when aging is continued 
for longer times than those required to produce maximum hardness. 
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This is true, at least, for temperatures of 1300, 1400, and 1500 °F 
(705, 760, and 815 °C). 


Effect of Cooling Rate Ikrom Solution Temperatures 


Slow cooling rates, such as those produced during an air or 
furnace cool, greatly decrease the hardnesses which can be obtained 
when the'low phosphorus steels are precipitation-hardened. Table I] 
shows the effect of an air cool versus a water quench on the hardness 
produced after the 0.5% carbon, 0.03% phosphorus steel (Steel 2) 
and the 0.5% carbon, 0.5% phosphorus steel (Steel 6) were aged at 


Table Il 


Effect of Cooling Rate on Precipitation Hardening in 
21% Chromium, 12% Nickel Steels 


As-Aged 

Steel Solution Aging Hardness 

No ype Treatment Treatment Rockwell (¢ 
, 0.5% C, 0.03% P 2150°F, Water-Quenched 1300°F, 8 Hours 37 
2150°F, Air Cool 1300 °F, 8 Hours 23 
6 0.5% C,0.5% P 2150°F, Water-Quenched 1300°F, 2 Hours 47 
2150°F, Air Cool 1300°F, 2 Hours 46 


1300 °F (705 °C) for the time required to produce maximum hard 
ness in the water-quenched steels. It is evident that the low phos- 
phorus steel is affected to a much greater degree with respect to as- 
aged hardness than is the high phosphorus steel. 

The data of Table II imply that the high phosphorus austenitic 
chromium-nickel steels can be hardened to maximum hardness in 
relatively heavy sections compared to low phosphorus steels. 


X-RAY DIFFRACTION RESULTS 


Geisler (8, 9) has pointed out that single matrix crystal speci- 
inens provide the most sensitive and significant X-ray diffraction 
means for the study of precipitation from solid solutions. Such single 
crystals were not available for the present investigation, and X-ray 
methods were, therefore, confined to a study of the nature of the 
equilibrium precipitates present in the 21% chromium, 12% nickel 
steels of Table I. A careful study of the carbides formed during 
early stages of precipitation in the 0.5% carbon steels of Table I was 
not made because of the difficulty of distinguishing between the pre- 
cipitated and the residual carbides. 

However, no phases other than austenite, or a carbide having 
the structure of the cubic CresCg carbide were found in any of the 
steels, or in any of the conditions which were studied. 

The lattice parameter of the cubic chromium carbide, as residual 
after solution treatment, and as precipitated at 1600°F (870°C), 
was found to be 10.60 A.U., as shown in Table III. This is a lower 
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Table III 
Lattice Parameters of Austenite and Carbide in Heat Treated 
21% Chromium, 12% Nickel Steels 


Lattice Parameter at 


7 Condition 25+1°C (A.U.*) 
Steel Solution Aging Cubic 
No. Type Treatment Treatment Carbide \ustenite 
2 0.5% C, 0.03% P 2050°F, 1 Hr., W.Q. 10.598 3.596 
2050°F, 1 Hr., W.Q. 1600°F, 16 Hrs. 10.604 3.588 
2150°F, 1 Hr., W.Q. 10.595 3.600 
2150°F, 1 Hr., W.Q. 1600°F, 16 Hrs. 10.603 3.592 
6 0.5% C, 0.5% P 2050°F, 1 Hr., W.Q. 10.599 3.600 
2050°F, 1 Hr., W.Q. 1600°F, 16 Hrs. 10.599 3.591 
2150°F, 1 Hr., W.Q. 10.596 3.605 
2150°F, 1 Hr., W.Q. 1600°F, 16 Hrs 10.600 


*Based on chromium Kai wave length of 2.2896 A.U. 


value than the 10.66 A.U. (10.64 kX) reported by Westgren (10) 
and others, for the carbide CrozCg. Investigations of the cubic chro- 
mium carbide, in low carbon chromium-nickel austenitic steels, have 
indicated that CresCg is precipitated during sensitization (11, 12). 
The cubic carbide in the high carbon steels of Table I may contain 
iron atoms as well as chromium atoms, since the carbide lattice pa- 
rameter might then be lower than that of CresCg. Ifa (Cr, Fe)osCe 
carbide is present in the high carbon austenitic chromium-nickel steels, 
chromium must be partitioned between the austenite and carbide 
phases, since there is more than enough chromium available in these 
steels to form CrosgCg with the carbon. 

The lattice parameters of the austenite, as shown in Table III, 
differ but slightly with respect to the phosphorus contents of the steels. 
The high phosphorus steel (Steel 6), however, has an austenite lattice 
parameter which is slightly higher than that of the corresponding low 
phosphorus steel (Steel 2) for a given thermal treatment. 


ELECTRICAL RESISTIVITY TESTS 


The electrical resistivities of Steels 2, 4 and 6 were compared 
for the solution-treated conditions, and as-overaged at 1600 °F (870 
C) to see if significant differences in resistivity could be correlated 
with phosphorus content, since electrical resistivity usually increases 
with amount of dissolved solute constituents. Rosenberg and Irish 
(11) have shown that the solubility of carbon in austenitic chromium- 
nickel steels at 1600 °F (870°C) is under 0.04%, and treatment at 
1600 °F for a long enough period would be expected to precipitate 
most of the carbon as carbide from Steels 2, 4, and 6. 

Table IV shows that the resistivity of Steel 4 (0.16% phos- 
phorus) is lower than that of Steel 6 (0.5% phosphorus) when 
equivalent heat treatments are compared. This indicates that phos- 
phorus causes a slight ‘increase in electrical resistivity in these steels. 
Unfortunately, Steel 2 (0.03% phosphorus) had a higher silicon 
content than Steels 4 and 6 and, therefore, cannot be compared with 
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Table IV 
Effect of Phosphorus on Electrical Resistivity of 0.5% Carbon, 
21% Chromium, 12% Nickel Steels 





Decrease from 


Electrical As-Solution 
Resistivity Treated 
Steel Solution Aging at 25 °C Resistivity 
No. Type Treatment Treatment Microhm cm. Microhm cm. 
2 0.5% C, 0.03% P 2250°F, 1 Hr., W.Q. 82.9 
2250°F, 1 Hr., W.Q. 1300°F, 256 Hrs. 78.8 4.1 
4 0.5% C,0.16% P 2250°F, 1 Hr., W.Q. 81.7 
2250°F, 1 Hr., W.Q. 1300°F, 256 Hrs. 78.6 1 
2 0.5% C,0.03% P 2150°F, 1 Hr., W.Q. 82.7 
2150°F, 1 Hr., W.Q. 1600°F, 16 Hrs. 79.3 3.4 
4 0.5% C. 0.16% P 2150°F, 1 Hr., W.Q. 81.9 
2150°F, 1 Hr., W.Q. 1600°F, 16 Hrs. 70.2 $.2 
6 0.5% C,0.5% P 2150°F, 1 Hr., W.Q. 83.0 
2150°F, 1 


Hr., W.Q. 1600°F,. 16 Hrs. 79.7 3.3 





them with respect to electrical resistivity. (Tests made on another 
series of steels of varying phosphorus content have confirmed the 
above effect of phosphorus content on electrical resistivity. ) 

It would be expected that if dissolved phosphorus and carbon 
precipitated as compounds from solid solution during aging treat- 
ments, the resultant decrease in resistivity would be greater than that 
observed if carbon alone precipitated. Table IV shows that both high 
and low phosphorus steels undergo very nearly the same changes in 
resistivity when identical heat treatments are compared. There cer- 
tainly does not seem to be any greater decrease in resistivity in the 
high phosphorus steels which would indicate loss of phosphorus from 
solid solution during precipitation treatment. 

The changes in electrical resistivity which took place when 
Steels 2 and 4 (solution-treated 2250°F) and Steel 6 (solution- 
treated 2150°F) were aged at 1300°F (705°C) are plotted with 
respect to time in Fig. 8. The initial rate of decrease of resistivity is 
greater in the 0.5% phosphorus steel than in the lower phosphorus 
steels of Fig. 8. It is believed that this effect indicates a greater rate 
of precipitation in the 0.5% phosphorus steel, even though this steel 
was solution-treated from a lower temperature than the 0.03 and 
0.16% phosphorus steels. 

Almost the entire decrease from solution-treated to aged resis- 
tivity occurs within 2 hours at 1300 °F (705 °C) in the 0.5% phos- 
phorus steel, and Fig. 7 shows that maximum hardness occurred in 
this steel after a 2-hour aging period at 1300°F (705°C). Similar 
correlations may be found when the curves of Fig. 3 for the 0.03% 
phosphorus steel and Fig. 6 for the 0.16% phosphorus steel are com- 
pared with the resistivity curves of Fig. 8 for these steels. 


MICROSTRUCTURES 


The limitations of light microscopy with respect to the study of 
carbide precipitation in austenitic steels have been discussed by Mahla 
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Electrical Resistivity Changes in 
0.5% Carbon, 21% Chromium, |2% Nickel Steels 
Aged at |300°F 
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Fig. 8—Changes From Solution-Treated Electrical Resistivity Produced by 
Aging Treatment at 1300°F (705°C) of 0.5% Carbon, 21% Chromium, 12% 
Nickel-Base Steels as Affected by Phosphorus Content (Steels 2, 4 and 6). Re- 
sistivities were measured at room temperature. 


and Nielsen (12). In the microstructures described below, the 
severity of attack of the etchants should not be considered as an 
indication of the amount of precipitation. Vilella’s hydrochloric acid — 
picral reagent was used for most of the metallographic work described 
below, since this etchant revealed structural details in the early stages 
of precipitation. For high magnification examination of the struc- 
tures, the 25% hydrochloric acid in alcohol etch described by Kinzel 
(13) was found to be preferable. 


Grain Size and Residual Carbides 


Samples of most of the steels of Table I were compared with 
respect to ASTM grain size and residual carbide content in the 
solution-treated condition. The residual carbide contents were deter- 
mined by means of lineal analysis of the microsections. The results 
of the comparisons are shown in Table V. 

Table V shows that a marked increase in grain size occurred 
when the 0.5% carbon, 0.03% phosphorus steel (Steel 2) was 
solution-treated at 2250°F (1230°C), compared to the grain size 
present in this steel at 2050 and 2150 °F (1120 and 1175 °C). With 
the increase in grain size, and, in part, the cause of it, there occurred 
a decrease in the amount of residual carbides present. 

These structural changes are believed to affect the precipitation 
process in the low phosphorus steels. Fig. 9a shows the considerable 
number of residual carbides present in the microstructure of the 0.5% 
carbon, 0.03% phosphorus steel (Steel 2) as solution-treated at 2050 
°F (1120°C). Fig. 9b indicates that precipitation occurred near the 
interfaces of the residual carbides and the matrix. Grain boundaries 
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Table V 


Grain Size and Residual Carbide Content of Solution-Treated 
21% Chromium, 12% Nickel Steels 


% 
Steel Solution ASTM Residual 
No. Type Treatment Grain Size Carbide 
2 0.5% C, 0.03% P 2250°F, 1 Hr., W.Q. 2to5 3 
2150°F, 1 Hr., W.Q. 6to8 5 
2050°F, 1 Hr., W.Q. 7 to8 10 
og wh FS oA ena 13 
} 05% C, 0.16% P 2250°F, 1 Hr., W.Q. >1 1 
2150°F, 1 Hr., W.Q. 4to7 3 
2050°F, 1 Hr., W.Q 8 11 
6 0.5% C, 0.5% P 2250°F, 1 Hr., W.Q. 1 to 3* O* 
2150°F, 1 Hr., W.Q. 3 to 6 6 
2050°F, 1 Hr., W.Q. 6to7 9 
1700 °F, 6 Hrs., W.Q. ra 12 


*Liquid phase present at solution temperature. 





Fig. 9—Microstructure of Steel 2 (0.5% Carbon, 0.03% Phosphorus, 21% Chro- 
mium, 12% Nickel). Solution treatment: 1 hour at 2050 °F, water-quenched. (a) 
Solution-treated, hardness Rockwell C-22 (Vilella’s etch). »%* 750. (b) Aged 256 
hours at 1300 °F, hardness Rockwell C-30. (Etch: 25% HCl in alcohol). X 2000. 


and twin sides, and particularly twin ends, appear to be sites of heavy 
precipitation. The latter high energy interfaces, as has been noted 
in the past (1), sap the austenite grains of their relatively low carbon 
content. However, a sparse precipitation may be seen within the 
grains in Fig. 9b. 

At high solution temperatures such as 2250°F (1230 °C) the 
grains are coarser and the residual carbides are fewer, as indicated 
in Fig. 10a. With the increase in grain size and decrease in number 
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of residual carbides, there is a decrease in the areas in which rapid 
precipitation of carbide can occur, and, at the same time, there is an 
increase in the amount of solute constituents available for precipitation. 
These factors combine to produce carbide precipitation within the 
austenite grains, with consequent increased interference to deforma- 
tion by slip after such precipitation has taken place. 

Table V indicates that the count of residual carbides in the 0.03% 
phosphorus steel is nearly the same as in the 0.5% phosphorus steel 
after all solution treatments between 1700 and 2150°F (925 and 
1175°C). Although metallographic observation showed a greater 
number of fine residual carbides in the low than in the high phos- 
phorus steels, there was no metallographic evidence to indicate that 
the solubility of the carbide was affected by phosphorus content. 

A careful study was made of the particles visible in the micro- 
structure of the high and low phosphorus steels as forged and after 
the 1700 °F (925 °C) solution treatment of Table V. Various etch- 
ants were employed, but no evidence was found that constituents were 
present in the high phosphorus steels which could not be found in the 
low phosphorus steels. 


Effect of Aging 


Figs. 10a to 10d show the changes in microstructure which were 
produced by precipitation in the 0.5% carbon, 0.03% phosphorus 
steel (Steel 2). Fig. 10a shows differential staining on grains and 
twinned areas of different orientations. Precipitation is shown at 
the austenite grain boundaries in Fig. 10a, but, as mentioned above, 
this appearance is not necessarily indicative of the amount of pre- 
cipitation. 

Fig. 10b shows the evidence of localized precipitation along twin 
sides and slip lines which occurred with short aging periods at 1300 

F (705°C). The slip lines shown in Fig. 10b were not apparent 
in samples of Steel 2 solution-treated from 2050 °F (1120°C) or 
below, and aged. 

The localized precipitation may account for the initial peak in 
the precipitation hardening curve, as described above. 

After 16 hours of aging, dark-etching patches were found be- 
tween the delineated slip lines (Fig. 10c) and were considered to be 
evidence of general precipitation. 

After 256 hours at 1300 °F (705 °C), as indicated in Fig. 10d, 
general precipitation is evident over most of the surfaces of the grains 
in Steel 2, and the regions near slip lines are diffuse. Occasional 
nodular patches containing coarse carbide appeared in the sample of 
Fig. 10d. These patches are evidence of discontinuous precipitation 
similar to that which occurs in many precipitation hardening systems. 
According to Geisler (8) such discontinuous precipitation occurs as 
a mode of recovery of a highly strained solvent matrix. The mech- 
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Fig. 10—Effect of Aging Time on Microstructure of Steel 2 (0.5% Carbon, 


0.03% Phosphorus, 21% Chromium, 12% Nickel). Solution treatment: 1 hour at 
2250 °F, water-quenched. Vilella’s etch. 750. (a) Solution-treated, hardness 
Rockwell C-17. (b) Aged 1 hour at 1300 °F, water-quenched, hardness Rockwell 
C-25. (c) Aged 16 hours at 1300°F, water-quenched, hardness Rockwell C-39. 
(d) Aged 256 hours at 1300 °F, water-quenched, hardness Rockwell C-38. 


anism of recovery (8) includes recrystallization or reorientation of 
the matrix to strain-free grains in which coarse, often lamellar, par- 
ticles of solute phase are formed. 
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Figs. lla to 1ld show the changes in microstructure which 
occurred in the 0.5% carbon, 0.5% phosphorus steel (Steel 6) during 
aging treatment at 1300 °F (705 °C). 

Fig. 1la shows an unusual rippled, or furrowed, structure which 
occurred when the solution-treated high phosphorus steels were etched 
in Vilella’s reagent. The cause of this structure is unknown. 

Fig. 11b is similar to Fig. 10b, in that both high and low phos- 
phorus steels showed evidence of localized precipitation along grain 
boundaries and slip lines. However, a dark, uniform stain rapidly 
developed on the surfaces of the grains of the high phosphorus steels 
when the Vilella etch was applied to the sample of Fig. 1lb. The 
grains of the low phosphorus steel of Fig. 10b were not attacked in 
the latter manner, and it is believed that there is early, general pre- 
cipitation in the high phosphorus steels which renders them suscep- 
tible to such etching attack. This general precipitation is apparently 
of very small particle size, since it could not be optically resolved. 

Fig. 1lc shows less evidence of localized precipitation than Fig. 
1lb. Discontinuous precipitation, as discussed in connection with 
Fig. 10d, is evident in the grain boundaries of Fig. 1lb. The dis- 
continuous precipitation appeared in samples of the 0.5% carbon, 
0.5% phosphorus steel (Steel 6) after 2 hours of aging at 1300 °F 
(705°C) and is probably responsible for the rapid softening de- 
scribed above. After 256 hours of aging at 1300 °F (705 °C) the re- 
crystallized areas have consumed about 40% of the original structure 
of the 0.5% carbon, 0.5% phosphorus steel, as indicated in Fig. 11d. 

The above recrystallization process could be studied readily in 
the high phosphorus steel of Fig. 11. Nodules which marked the 
beginning of the discontinuous precipitation usually appeared on one 
side of a grain boundary as described by Smith (14), but frequently 
patches appeared to straddle a grain boundary. The carbides in the 
recrystallized areas showed a lamellar distribution at the outset of 
the process. 

The changes in microstructure which occurred when Steels 2 
and 6 were aged at temperatures of 1100, 1200, 1400, and 1500 °F 

(595, 650, 760, and 815°C) will not be described here. The 
sequence of structures which were produced was similar to those 
described in connection with Figs. 10 and 11, and may be deduced 
from these illustrations, if allowance is made for the effect of temper- 
atures on the time at which the various structures appeared. Thus, 
after 16 hours at 1500 °F (815 °C), the structure of the high phos- 
phorus Steel 6 consisted of relatively coarse spheroidal carbides in 
an austenitic matrix, as a result of completion of the discontinuous 
precipitation process. Discontinuous precipitation did not begin in 
the latter steel at 1100 °F (595 °C) prior to 256 hours of aging. 
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Fig. 11—Effect of Aging Time on Microstructure of Steel 6 (0.5% Carbon, 
0.5% Phosphorus, 21% Chromium, 12% Nickel). Solution treatment: 1 hour at 2150 
°F, water-quenched. Vilella’s etch. 750. (a) Solution-treated, hardness Rock- 
well C-20, (b) Aged 1 hour at 1300 °F, water-quenched, hardness Reckwell C-42. 
(c) Aged 16 hours at 1300 °F, water-quenched, hardness Rockwell C-47. (d) Aged 
256 hours at 1300 °F, water-quenched, hardness Rockwell C-42. 


Effect of Quenching Strains 


Evidence of precipitation along slip lines, as shown in Figs. 10b 
and 11b, prompted an investigation as to whether slip had, in fact, 
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’ water-quenched, age-hardened more rapidly than samples which were 
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occurred. Samples of the 0.5% carbon, 0.5% phosphorus steel 
(Steel 6) and the 0.5% carbon, 0.03% phosphorus steel (Steel 2) 
were given the treatments indicated in Figs. 12a and 12b, respectively. 
The treatments were designed to permit precipitation to occur in 
samples which were relatively free from plastic deformation such as 
would be caused by stresses of thermal contraction. Figs. 12a and 
12b should be compared with Figs. 11b and 12d, respectively. It is 
evident from such comparison that plastic deformation occurred by 
slip in the water-quenched steels. Such plastic deformation could be 
made to occur in samples which were quenched from the solution 
temperature to 1300 °F (705 °C), equalized at 1300 °F, and water 
quenched, as indicated in Fig. 12c. 

Samples of both high and low phosphorus steels which had been 
solution-treated, quenched to the aging temperature, equalized, and 


aged without the intermediate water quench. Although this indicates 
that plastic deformation increased the rate of precipitation hardening 
of the steels, the same maximum hardness could be produced whether 
or not the samples had been water-quenched to induce slip. 


DISCUSSION 


It has been shown that high carbon, austenitic chromium-nickel 
steels of usual phosphorus contents can be hardened to an appreciable 
degree by precipitation of chromium carbide. The results also show 
that the addition of from 0.2 to 0.5% of phosphorus to the high 
carbon, austenitic chromium-nickel steels increases the rate and degree 
of precipitation hardening for a given, dissolved carbon content 1n 
these steels. Lower solution treatments may, in consequence, be em- 
ployed to give high, as-aged hardnesses in the high phosphorus steels, 
as compared to the low phosphorus steels. The degree of precipitation 
hardening of the high phosphorus steels does not seem to be affected 
by slow rates of cooling from the solution treatment as much as that 
of the low phosphorus steels. 

The time for the start of precipitation, in the austenitic high 
carbon, chromium-nickel steels, is shortened, and the rate of precipi- 
tation is apparently increased, by the presence of high phosphorus 
contents as indicated by the electrical resistivity data. Metallographic 
data indicate that the dispersion of the precipitate, as well as the rate 
of continuous precipitation, is increased by phosphorus. Discontinu- 
ous precipitation (recrystallization reaction) started after short aging 
times and proceeded at a rapid rate in the high phosphorus steels. 

Precipitation of a phosphorus compound, in addition to that ot 
chromium carbide, has been considered as a possible explanation for 
the above effects of phosphorus. Although no information regarding 
the solubility of phosphorus in austenitic chromium-nickel steels 
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Fig. 12—Effect of Quenching Strains on Microstructure of 0.5% Carbon, 21% 
Chromium, 12% Nickel Steels. Solution treatment: (a) 1 hour at 2150 °F; (b, c and 
d) 1 hour at 2250 °F; (a, b and d) Quenched from solution temperature to 1300 °F. 
All Vilella’s etch. 750. (a) Steel 6 (0.5% phosphorus) held 1 hour at 1300 °F, 
water-quenched, hardness Rockwell C-40. (b) Steel 2 (0.03% phosphorus) held 8 
hours at 1300 °F, water-quenched, hardness Rockwell C-31. (c) Steel 2 (0.03% 
phosphorus) held 12 minutes at 1300 °F, water-quenched, reheated 1300 °F, 1 minute, 
water-quenched 3 times, then held to total time of 8 hours at 1300°F, water- 
quenched, hardness Rockwell C-32. (d) Steel 2 (0.03% phosphorus) water-quenched 
from 2250 °F, aged 8 hours at 1300 °F, hardness Rockwell C-36. 
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could be found in the literature, the data of Vogel (15) indicate that 
the solubility of phosphorus in a 0.5% carbon iron-phosphorus alloy 
should be at least 1%. The results of the electrical resistivity tests, 
X-ray diffraction and metallographic examinations, which have been 
described, did not give evidence of precipitation, other than that of 
chromium carbide, in the high phosphorus steels. Apparently, there- 
fore, phosphorus remains in solid solution, and does not precipitate 
as a compound in the steels which were investigated. 

A striking analogy to the behavior of the high phosphorus steels 
exists in that of the arsenic-bearing 0.85% antimony-in-lead alloys 
which were studied by Hopkin and Thwaites (16). Hopkin and 
Thwaites found that a high purity lead—0.85% antimony alloy, to 
which 0.001% of arsenic had been added, age-hardened rapidly and 
to higher degree than did binary lead — 0.85% antimony alloys which 
had been solution-treated from higher temperatures than the alloy 
containing arsenic. Precipitation of an arsenic compound was dis- 
counted as an explanation of the latter effects. 

Also, Hardy (17) observed that minute additions of cadmium, 
indium, or tin affected the age hardening properties of an aluminum — 
4% copper — 0.15% titanium alloy, in much the same manner as has 
been described above for the high phosphorus, austenitic chromium- 
nickel steels and arsenic-bearing lead —0.85% antimony alloys. 

Hopkin and Thwaites (16) credit Hume-Rothery with the sug- 
gestion of a mechanism to account for the behavior of their alloy. 
Hume-Rothery’s suggestion for the arsenic — lead —0.85% antimony 
alloys, and also Hardy’s hypothesis for the aluminum —4% copper — 
0.15% titanium alloys, involved the assumption that the dissolved 
minor constituent caused an increase in the strain energy of the lattice 
of the major constituent of the alloys. 

A hypothesis based on the assumption that dissolved phosphorus 
causes an increase in the strain energy of the austenite lattice can 
partly account for the behavior of the high phosphorus austenitic 
chromium-nickel steels according to the following considerations: 

The atomic radius of phosphorus in binary iron-phosphorus 
alloys has been given as 0.87 A.U. (18) and that of iron as 1.25 A.U. 
The ratio of the atomic radius of phosphorus to that of iron is, there- 
fore, 0.7. Hume-Rothery (16) has suggested that arsenic could be 
dissolved interstitially in lead, although the atomic radius of arsenic 
to that of lead was 0.7. Phosphorus as well as carbon and nitrogen 
might, therefore, dissolve interstitially in the austenitic structure 
formed by chromium, nickel, and iron, in the steels which have been 
described. 

Such interstitially dissolved atoms, whether of carbon or phos- 
phorus, produce local expansions of the solvent lattice. If sufficient 
numbers of phosphorus atoms are present in solution, an increase of 
the austenite lattice parameter should be observed, in comparison 
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with that of austenite containing few phosphorus atoms. The some- 
what meager data presented in Table III indicate that such a differ- 
ence in lattice parameter existed between the 0.03% phosphorus and 
0.5% phosphorus steels of 0.5% carbon content. 

The strain energy of a system containing dissolved carbon, phos- 
phorus, and chromium could be reduced by precipitation of chromium 
carbide at a suitable aging temperature, since substitutional chromium 
atoms as well as carbon atoms could thus be removed from the 
solution. 

Nucleation of carbide would be expected to occur first in those 
regions where the work required to form a stable particle of precipi- 
tate is a minimum (grain boundaries, slip lines, etc.). In the absence 
of phosphorus, such localized precipitation would decrease the strain 
energy and degree of supersaturation of the austenite markedly, and 
further nucleation of carbide particles within the austenite grains 
would be a relatively slow process. 

Precipitation might be expected to occur rapidly in steels of high, 
dissolved phosphorus content, if phosphorus was not removed from 
solid solution by the precipitation. Increased rate of general pre- 
cipitation would probably be accompanied by a finer particle size and 
greater degree of dispersion of the precipitate and might also result 
in an increased rate of hardening. 

These speculations, however, do not satisfactorily account for the 
relatively minor effect of slow cooling from the solution temperature 
on the age hardening characteristics as observed in the high phos- 
phorus steels. They are offered only to suggest that alternative 
mechanisms to those which involve precipitation of a phosphorus 
compound may exist to account for the effect of phosphorus on pre- 
cipitation hardening in the austenitic chromium-nickel steels. Obvi- 
ously, the correct mechanism can only be indicated by further experi- 
mental investigation. 


SUMMARY 


An investigation was made of precipitation hardening in austen- 
itic 21% chromium, 12% nickel steels which contained from 0.3 to 
0.7% of carbon and from 0.03 to 0.5% of phosphorus. The precipi- 
tation was also studied in these alloys by means of X-ray diffraction, 
electrical resistivity, and metallographic methods. 

Some of the results of the investigation are as follows: 

1. Hardnesses as high as Rockwell C-40 can be obtained in 
0.5% carbon, 0.03% phosphorus, 21% chromium, 12% nickel steels 
by solution at 2250 °F (1230 °C), water quench, and aging at 1300 
~F (705 °C). Higher hardnesses (Rockwell C-46) can be obtained 
with lower solution temperatures, 2150 °F (1175 °C), in the above 
type of steel, if the phosphorus content is increased to 0.5%. 


2. The times for the start of precipitation hardening were de- 
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creased, and the rates of precipitation and precipitation hardening 
were increased by an increase of phosphorus content in the steels. 
Also, the rate of softening, or overaging, was increased in the high 
phosphorus steels because of the advent of discontinuous precipitation. 

3. Localized precipitation along slip lines, as well as at grain 
boundaries, was observed in the 0.5% carbon steels of both high and 
low phosphorus contents, as water-quenched from high solution tem- 
peratures. It was established that slip occurred at temperatures below 
1300 °F (705 °C) during the quench from the solution temperature. 

4. The degree of dispersion of the precipitate found in the 
steels was greatly increased by an increase in phosphorus content. 

5. No precipitate, other than one having the structure of the 
cubic chromium carbide, was found in either high or low phosphorus 
steels. The carbide had a lattice parameter of 10.60 A.U. as observed 
in the 0.5% carbon, high and low phosphorus steels. It was thought 
to be (Cr, Fe)o3Ceg, rather than Cro3Ceg, in these steels. 

6. Since no precipitation of a phosphorus compound was ob- 
served, an alternative mechanism was postulated as an explanation 
of the effects caused by phosphorus. This mechanism is based on 
the assumption of an increase in the strain energy of the austenite 
lattice of the steels by interstitially dissolved phosphorus. 
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EFFECT OF GRAIN SIZE AND CARBON CONTENT ON THE 
LOW TEMPERATURE TENSILE PROPERTIES 
OF HIGH PURITY Fe-C ALLOYS 


By R. L. Smitu, G. SPANGLER AND R. M. BricKk 


Abstract 


Several low carbon ferrites, approximately 99.9+-% 
pure apart from added carbon and substantially free of 
oxygen, nitrogen and hydrogen, were prepared and tested 
in tension under various conditions of heat treatment, fer- 
rite grain size, and test temperature. True stress-strain 
curves were calculated and the significant tensile param- 
eters evaluated. 

Ferrite grain size was shown to be the sole factor de- 
termining ductility of 0.02% carbon alloys at liquid air 
temperature; decreasing the grain size causes a remark- 
able increase in ductility. With more than 0.02% carbon, 
carbide morphology has an important effect on the ductil- 
ity. Heat treatments which resulted in carbides at the 
grain boundaries materially reduced the low temperature 
ductility. 

Ihe exponent of strain hardening was found to 
decrease with decreasing temperature, increasing carbon 
content, and increasing grain size. The initial presence 
of a substructure or a decrease in grain size markedly in- 
creased the yield stress at liquid air temperatures. Twin- 
ning was not found to contribute to the low temperature 
brittleness. 


fa Spey se investigations on the low temperature behavior 
of ferritic steels have been conducted in the last decade. Be- 
cause of the interaction of variables such as impurity elements, dis- 
tribution of second phase, grain size and mechanical variables, the 
results obtained from such investigations cannot be interpreted in 
fundamental terms. For example it is known that a decrease in 
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grain size lowers the transition temperature from ductile to brittle 
behavior. However, the methods used to vary grain size have been 
such that the beneficial effects could also be attributed solely to some 
less obvious cause. 

It has long been known that fine-grained ferrites retain their 
tensile ductility to a lower temperature than coarse-grained ferrites 
(1, 2)*. Several investigators have determined the effect of ferrite 
grain size on the impact strength of various low carbon steels (3, 4, 
5, 6,7). Ina few cases, no significant variation in transition tem- 
perature was reported. Generally, however, impact transition tem- 
perature has been found to increase with increasing grain size, chang- 
ing as much as 30°F with an increase in grain size of one ASTM 
number. These investigations were conducted on commercial fer- 
rites. In most cases, the different grain sizes were obtained by sig- 
nificantly different heat treatments. In some instances, thin sheet 
stock or wires were tested where size effect complicated the test 
results. However, all of these investigations have shown that the 
effect of grain size must be determined quantitatively if the mechan- 
ical properties are to be evaluated unambiguously. 

In contrast to this, N. P. Allen (8) has reported that variation 
of the grain size by subcritical anneals does not affect the impact 
transition temperature or general properties of “pure” irons tested 
at the National Physical Laboratory, whereas different grain sizes 
obtained by supercritical heat treatments and varying cooling rates 
altered the properties considerably. 

This paper is the result of an investigation designed to delineate 
the effect of carbon content and ferritic grain size on the mechanical 
properties of relatively pure ferrites as determined by the axial ten- 
sion test over a range from room temperature to liquid air temperature. 


ALLOY PREPARATION 


Some alloys were prepared by melting a high-grade electrolytic 
iron under strongly oxidizing conditions and slagging with lime. 
Carbon was added by dropping sugar charcoal directly on the surface 
of the oxidized melt. These air-melted alloys were remelted in high- 
fired beryllia crucibles in a high frequency vacuum melting furnace. 
The initial FeQO:C reaction was controlled by conducting the actual 
melting under nearly an atmosphere of evolved gases and then slowly 
evacuating to a pressure of less than one micron. 

A second approach was to melt electrolytic iron under strongly 
oxidizing conditions and cast the metal, high in FeO, into a slab 
which was first hot-rolled and then cold-rolled to a thickness of about 
0.010 inch. This thin stock was deoxidized in dried (—190 °C dew 
point) hydrogen at 1100 °C (2010 °F) for 6 weeks. The hydrogen- 





I1The figures appearing in parentheses pertain to the references appended to this paper. 
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wt 


deoxidized stock was then remelted in vacuo in a high-fired BeO 
crucible with a sufficient amount of high purity carbon to produce 
the desired carbon content. No significant difference in either chem- 
ical analysis (Table I) or mechanical properties has been observed 
between alloys made by the two different methods of preparation. 


Table I 
Analyses of Iron-Carbon Alloys 





Hydrogen- Deoxidized Carbon-Deoxidized 
Iron-Carbon Alloy Iron-Carbon Alloy 
( 0.02 0.03 
Mn (Spectrographic) 0.0005 0.0005 
Mn (Wet Method) 0.003 0.002 
Si 0.005 0.001 
Be 0.0013 0.0007 
Ni 0.0008 <0.0003 
Cr 0.0004 0.0004 
O (NBS)* 0.0006 0.0007 
(BMI)t 0.0010 0.0014 
N (NBS)* 0.0008 0.0011 
(BMI)t 0.0003 0.0004 
H (NBS)* nil 0.00007 
(BMI)t <0 .00004 <0 .00004 


*Average of duplicate vacuum fusion analyses by National Bureau of Standards, courtesy 
J. G. Thompson. 


+Duplicate vacuum fusion analyses by Battelle Memorial Institute, courtesy C. E. Sims. 

NOTE: The amount of each element present, other than carbon, is near the limit of experi- 
mental error of the available analytical methods. Therefore, although two to four times as much 
nitrogen or oxygen, for example, is reported by one laboratory as compared to another, the dif- 
ferences generally are not significant, since the amount present is in the vicinity of 0.000X%. 


The alloy ingots were hot-forged to l-inch rounds, hot-rolled to 
Yg-inch square bars, then air-cooled and cleaned. These bars were 
vacuum-annealed at 1000 °C (1830°F) for 100 hours to eliminate 
gas absorbed during hot working. The annealed stock was cold- 
rolled and heat treated in vacuum or helium to the desired grain size. 
The heat treated bars were then machined to tensile specimens having 
a l-inch gage length by 0.200-inch diameter. The bars were given 
a final hand polish with 600 emery paper. 


MECHANICAL TESTING AT Low TEMPERATURES 


The mechanical testing of the tensile specimen was done in a 
hydraulic testing machine provided with special equipment for low 
temperature work (9, 10, 11). 

The specimen was submerged in a suitable refrigerant kept at the 
desired constant low temperature. The cooling fluid was contained 
in a Dewar vessel, supported around the test bar without interfering 
with the movements of the specimen grips and their alignment. Such 
a setup is shown schematically in Fig. 1. By use of a flexible bellows, 
alignment of the grips during the test takes place freely without being 
hindered by the rather’ weighty test vessel. Practically ideal self- 
alignment during the test was obtained by use of case-hardened chains 
to transfer the tensile force to the specimen. 
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The cooling media used in this investigation were liquid air for 
—185 °C and Freon No. 12, cooled by liquid air, for the range —150 
to 30°C. Temperatures were regulated by an automatic control 
circuit. An air bubbler stirring arrangement was used to keep the 
temperature as uniform as possible. 

Natural stress-strain data were obtained at low temperatures 
using a microformer-type diameter gage immersed with the test speci- 
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Fig. 1—Schematic Diagram of Tensile-Test Apparatus. 





men in the heat transfer fluid (Fig. 2). A strain pacer was connected 
in series with the diameter gage and an autographic recorder. The 
investigator traverses the gage length of the specimen with the jaws 
of the diameter gage. While the specimen is decreasing in diameter, 
the diameter gage causes the strain pacer pointer to rotate clockwise. 
If the spacing of the jaws of the diameter gage increases by leaving 
the neck, the pacer reverses its direction of rotation. Thus it is 
readily possible to find the region of necking and then to remain in 
the position of minimum diameter. 


EFFECT OF TEMPERATURE, CARBON AND FERRITIC GRAIN SIZE 
ON ToTAL STRAIN 





In order to evaluate the effect of grain size on tensile ductility, 
most of the tests for this investigation were conducted at liquid air 
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temperature. At this temperature, the differences in total strain ap- 
pear to be most marked (Fig. 10). The test is rapid and economical 
of material. At liquid air temperature, the total strain is usually 
relatively small and reasonably reproducible. Post-fracture measure- 
ments on the fractured specimens agree within 0.002 of an inch with 





Fig. 2—Recording Diameter Gage Used in Tensile Testing. 


the diameter gage measurements at the neck of the specimen recorded 
at the instant of fracture. On the other hand, for the low carbon 
alloys at room temperature, ellipticity and a rim effect on the order 
of 0.010 inch may obscure the strain measurements. 

A plot of ferrite grain size versus total strain at liquid air 
temperature for an 0.02% carbon alloy, Fig. 3, shows a nearly linear 
relation of marked slope. A grain size change of one ASTM number 
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Fig. 3—Effect of Ferrite Grain Size on Total Strain 
at Liquid Air Temperature. (0.02% carbon alloy.) 


changes the total strain by about 0.2. The grain size was varied by 
heat treatment at different temperatures, by use of varied times, or 
by varying the amount of cold work prior to heat treatment. Details 
of the heat treatments used are given in Table II. When the same 
grain size was obtained by heating at different temperatures, the same 
total strain at liquid air temperature was obtained. This is good evi- 
dence to support the rather remarkable conclusion that for this 0.02% 
carbon alloy, the ductility at liquid air temperature is solely deter- 
mined by grain size. 

Further examination of the data in Table II shows that in most 
cases the larger grain sizes were obtained by means of a heat treat- 
ment above the A, temperature, Fig. 5. If solution and precipitation 
of FesC from ferrite were significant, then cooling at different rates 
from the maximum solubility temperature (723 °C) should also result 
in differences in ductility, due to retained solution of carbon or its 
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precipitation with different cooling rates. It can be seen that speci- 
mens quenched, air-cooled, and furnace-cooled from this temperature 
and tested within a week do not vary significantly in total strain at 
—185°C. Apparently, then, quench aging is not a factor affecting 
ductility of unnotched tensile specimens of this pure 0.02% carbon 
alloy. It is shown later that heat treatment affects the yield stress 
values considerably. 

Fig. 6 shows the grain size versus total strain values at liquid air 
temperature for an alloy of 0.04% carbon. At this carbon level, 
stringers of carbides oriented parallel to the rolling direction were 
present in all specimens that were cold-rolled and recrystallized below 


— 


the A, temperature, Fig. 7. A few scattered areas of free pearlite 
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Fig. 4—0.02% Carbon Alloy Heat Treated 1 Hour 620°C, Air-Cooled. Nital 
etch. x 750. 


Fig. 5—0.02% Carbon Alloy Heat Treated 20 Minutes 930°C, Furnace-Cooled 
to 750 °C, Air-Cooled. Nital etch. X 750. 


and networks of discontinuous grain boundary carbides were visible 
in this 0.04% carbon alloy when heat treated above the A, temper- 
ature, Fig. 8. The various heat treatments for this alloy are given 
in Table III. 

The points representing the subcritical heat treatments show a 
grain size effect on liquid air ductility nearly the same as the lower 
carbon alloy (0.02% carbon) represented by the dashed line. The 
points representing the supercritical heat treatments of this alloy lie 
well below the scatter band of the 0.02% carbon alloy. Therefore, 
for this alloy, heating above the A, gives less ductility than heating 
below the A,;. This can be seen by-examining the values for an 
ASTM number 5 where the spread is from e = 0.546 (42% R.A.) 
for a subcritical recrystallization to e=0.063 (6% R.A.) for a 
supercritical recrystallization. This difference shows that with carbon 
present in excess of the solubility limit, carbide morphology as well 
as grain size controls low temperature ductility. Carbides in the 
0.04% carbon supercritically heated alloy were generally at ferrite 
grain boundaries or grain junctions. 

Reheating the supercritically recrystallized specimens at 600 °C 
for 4 hours improved the ductility by about 0.1 natural strain or 20%. 
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Fig. 6—Effect of Ferrite Grain Size on Total Strain 
at Liquid Air Temperature. (0.04% carbon alloy.) 


Perhaps longer times of tempering might increase this value mate- 
rially. On the other hand, it may be that unless the specimens are 
recrystallized subcritically, no time of tempering would be sufficient 
to overcome the embrittling effect of carbides at ferrite grain bound- 
aries. Attempts at spheroidization by cycling through the A; tem- 
perature resulted in abnormal grain growth. 

Fig. 9 shows the total strain at liquid air temperature versus 
_ grain size for two higher carbon alloys (0.05 and 0.12% carbon), 
co-plotted with data for the 0.02% carbon alloy (Table IV). It can 
be seen that although the grain size varies considerably, the total 
strain for these two alloys as subcritically heat treated remains essen- 
tially constant. At these higher carbon contents, two opposing vari- 
ables are affecting the ductility ; i.e., with increasing time of isothermal 
subcritical heat treatment, the ferrite grain size increases and the car- 
bides tend to spheroidize. The two opposing factors appear to balance 
each other for these higher carbon alloys so that the net change in 
ductility is not significant. 
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Fig. 7—0.04% Carbon Alloy Heat Treated 1 Hour 650°C, Air- 
Cooled. Nital etch. 750. 

Fig. 8—0.04% Carbon Alloy Heat Treated 10 Minutes 920 °C, 
Furnace-Cooled to 840°C, Air-Cooled. Nital etch. > 750. 


For a given grain size and heat treatment, it can be seen that the 
0.05% carbon alloy is always more ductile; i.e., shows greater total 
strain’ than the 0.12% carbon alloy. However, the limiting heat 
treatment at 600 °C (1110 °F) for 96 hours which spheroidizes the 
carbides, making them relatively ineffective, results in a total strain 
for both of these higher carbon alloys equal to that of the low, 0.02% 
carbon alloy of the same grain size. This is evidence that ferrite grain 
size has the same effect on total strain for the higher carbon alloys 
that it does for the lower carbon alloys, provided it can be separated 
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Table III 
Tensile Data for Iron - 0.04% Carbon Alloy 


Spec. Temp Total Grain /inch? Heat Treatment 
No. z Strain at X 100 c 

2 +26 1.394 15 10 min. 920, F.C. 

840, A.¢ 
: 29 +26 1.345 15 10 min. 920, F.C. 
840, A.C. 
30 +-26 1.570 58 ihr. 650, A.C. 

31 +26 1.500 58 1 hr 650, A.C 
5? —105 1.560 47 2. — ws oo 

53 -102 1.479 45 lhr. 650, A.C 
| 55 —100 1.361 13 10 min. 920, F.C. 
840, A.C 
54 — 109 1.275 15 10 min. 920, F.C. 
‘ 840, A.C. 
: 26 —185 0.805 54 26 hrs. 600, A.C. 
27 —185 0.780 54 26 hrs. 600, A.C. 
E —185 0.779 52 1 hr. 650, A.C. 
| 63 —185 0.774 31 45 min. 700, F.C. 
D —185 0.769 49 1 hr 650, A.C. 
| 64 ~185 0 673 31 45 min. 700, F.C. 
24 —185 0.665 28 26 hrs. 600, A.C. 
94X —185 0.632 28 26 hrs. 600, A.C. 
9 —185 0.604 21 4.5 hrs. 600, A.C. 
11 —185 0.565 20 48 hrs. 600, A.C, 

11 ~185 0.558 32 45 min. 700, Q. 
12 —185 0.546 16 94 hrs. 600, A.C. 
16 185 0.543 29 45 min. 700, A.C. 
13 185 0.520 16 94 hres. 600, A.C. 

' 7 185 0.514 18 26 hrs. 600, A.( 
14 185 0.505 32 45 min. 700, A.C. 

6 —185 0.502 18 26 hrs. 600, A.¢ 

g 185 0.486 19 +.5 hrs. 600, A.( 
10 —185 0.478 19 48 hrs. 600, A.C. 

10 185 0.475 32 45 min. 700, QO. 

16 185 0.345 37 10 min. 920, A.( 
17 i185 0.326 37 10 min. 920, A.C. 

15 ~—185 0.27 22 30 min. 800, A.¢ 
5 185 0.231 9 26 hrs. 600. A.C. 
32 -185 0.181 16 10 min. 920, F.C. 

840, A.¢ 
temp. 4.5 hrs. 600, A.C. 
33 —185 0.156 16 10 min. 920, F.C. 
' 840, A.C 
temp. 4.5 hrs. 600, A.C. 
15 —185 0.126 13 10 min. 920, F.C. 
840, A.C. 
14 -185 0.133 12 45 min. 700, A.C. 
17 —185 0.100 22 30 min. 800, A.C. 

1 —185 0.090 13 10 min. 920, F.C 
840, A.C 

4 —185 0.090 11 45 min. 700, A.C 
2 —185 0.084 9 45 min. 700, A.C. 
39 —185 0.063 16 10 min. 920, F.C. 

840, A.C 
8 —185 0.063 16 10 min. 920, F.C. 
' 840. A.C. 
039 10 10 min. 920, F.C. 

840, A.C 


from the carbide morphology. This does not necessarily hold true 
for grain sizes attained other than by recrystallizing below the A, 
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ductility from that of. grain size, a series of tests were run at three 
temperatures: room temperature, —100 °C, and liquid air tempera- 
ture (Fig. 10). The results show that the difference in ductility re- 
sulting from these two specific heat treatments is three to four times 


temperature. 
In attempting further to separate the effect of carbon content on 
as great at liquid air temperature as at room temperature. This diver- 
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Fig. 9—Effect of Ferrite Grain Size on Total Strain at Liquid Air Temperature. 


Table IV 
Tensile Tests at Liquid Air Temperature 


0.05% Carbon Alloy 





Grain Size 


Specimen Total grain /inch Heat Treatment 
No. Strain at xX 100 ae 
3la 0.756 89 i hr. 600, A.C. 
31b 0.761 88 1 hr. 600, A.C. 
34a 0.835 69 10 hrs. 600, A.C. 
34b 0.704 58 10 hrs. 600, A.C. 
33a 0.705 43 96 hrs. 600, A.C. 
33b 0.820 43 96 hrs. 600, A.C. 
11 0.049 15 10 min. 910, F.C. 
820, A.C. 
7 0.054 10 min. 910, F.C. 
820, A.C. 
0.12% Carbon Alloy 
33a 0.534 82 1hr. 600, A.C 
33b 0.544 lhr. 600, A.C 
33c 0.652 10 hrs, 600, A.C 
33d 0.680 63 10 hrs. 600, A.C 
33e 0.632 30 96 hrs. 600, A.C 
33f 0.644 96 hrs. 600, A.C 
31 0.070 21 10 min. 900, F.C 
780, A.C 
27 0.094 10 min. 900, F.C 
780, A.C 
ee eee eee ee Sqnndhenpanety ee _- 





gence at liquid air temperature is due to the major effect of grain size 
on ductility at liquid air temperature and it is this effect which masks 
the effect of carbon content on ductility. 

In summation, it appears that the major factor determining the 
ductility at liquid air temperature of high purity iron containing 
0.02% carbon is ferrite grain size. For the 0.02% carbon alloy, there 
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is no effect of heat treatment or cooling rate other than its effect on 
grain size. For the higher carbon, 0.03 to 0.12% carbon alloys, there 
is in addition the effect of heat treatment on the state of the carbides. 
Supercritical heat treatments, which result in carbides or pearlite at 
ferrite grain boundaries, materially reduce low temperature ductility. 
Subcritical annealing of cold-worked structures, which gives spheroid- 
ized carbides aligned in the testing direction, considerably or com- 
pletely eliminates their detrimental effect. 


Heat Treated | hr. 650°C 
Air-Cooled, ASTM Number 6.5 


| 
On arn 
: Z| 
Heat Treated !Omin. 
920°C 





Furnace-Cooled to 
840°C, Air-Cooled 
ASTM Number 4.9 


Total Strain (In Ao/A) 











-200 -I60 -!20 -80 -40 O 40 
Temperature °C 


Fig. 10—Effect of Temperature on Total Strain. (0.04% 
carbon alloy.) 


The above observations apply with certainty only to high purity 
alloys containing substantially no oxygen or nitrogen. 


EFFECT OF CARBON AND FERRITE GRAIN SIZE ON STRAIN HARDENING 


Although the slope of the plastic region of the stress-strain curve 
is frequently used to evaluate strain hardening, it is not a satisfactory 
indicator in the case of the low carbon ferrites reported here. This 
is illustrated by Fig. 11 showing the uniform strain regions of two 
tensile specimens tested at two different temperatures. It is apparent 
that temperature affects the upper yield, lower yields, and yield point 
elongation. An examination of points (a) and (b) at a given con- 
stant strain reveals that, for the example shown here, the instantaneous 
rate of strain hardening, do/de, is greater at the low temperature. 
However, such a comparison does not have any fundamental sig- 
nificance because of the difference in strain history prior to strain, 
¢ =0.12. A comparison of do/de values at constant strains from the 
minimum in the stress-strain diagrams is somewhat more meaningful, 
as it is a measure of the ability of the material to strain harden after 
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Fig. 11—Natural Stress-Strain Curves for Iron-Carbon Alloy Containing 


the start of uniform deformation (12). Even this comparison is 
somewhat nebulous, as it has been shown that the inherent ability 
of a material to work harden is affected by the deformation history 
@ FF 

It is common to talk of do/de in the linear region of the true 
stress-strain curve. Since do/de remains constant in this range, the 
limitation of comparing it at some constant strain is removed. For 
ferrites and, in fact, for most materials this linearity begins at the 
point of maximum load and continues in the early stages of necking 
(Fig. 12). However, the triaxial stresses imposed by the formation 
of a neck require that a correction be made by subtracting the trans- 
verse stress components, thus reducing the slope of this portion of 
the stress-strain diagram (14). The amount of this correction de- 
pends upon the severity of the neck. If the shape of the neck were 
the same under all conditions of testing, it would be possible to 
utilize relative changes in do/de. ‘There is no reason to assume that 
this would be the case. On the contrary, there is evidence that the 
opposite is true. 

Necking is a manifestation of localization of deformation. If 
conditions are such as to accentuate this localization, e.g., lowering 
the temperature, it seems that the radius of the neck would decrease. 
It has been shown that increasing the speed of testing increases the 
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Fig. 12—Natural Stress-Strain Curves for Iron-Carbon Alloy Containing 
0.02% Carbon. 


severity of necking (15). In ferrites, increasing the strain rate has 
been found to be comparable to decreasing the temperature. This 
implies that a greater correction for triaxiality would be necessary 
at the lower temperature of testing. This correction might easily be 
large enough so that the slope of the linear portion of the stress-strain 
curve would show a decrease with a decrease in the temperature of 
testing. Unless a valid correction is applied for triaxiality, do/de 
cannot be used as a measure of strain hardening over the linear por- 
tion of the stress-strain curve. 

A commonly used measure of strain hardening is that designated 
as the strain hardening exponent (n) in the well-known equation 
o= Ke". This is the rate of change of the logarithm of true stress 
with respect to the logarithm of natural strain, dln o/dIne, and can 
be shown to be numerically equal to the strain at maximum load (16, 
17, 18). Experimentally, the relationship o = Ke" is reasonably 
valid in the uniform strain region or between the lower yield point 
and maximum load. This is illustrated by a typical curve as shown 
in Fig. 13. 

Necking strain is not as important as uniform strain in governing 
the absorption of energy, since this requires a relatively large volume 
of deformed metal. Gensamer (19) has shown the importance of. the 
plastic properties in determining energy absorption by their ability 
to control the distribution, or localization, of strain. He pointed out 
that the strain gradient, de/dx, may depend, not on the capacity for 
deformation as measured by reduction of area or other principal 
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Fig. 13—Typical Plot of Log Stress Versus Log Strain. 


strains at fracture, but on strain hardening as measured by the strain 
hardening exponent. By differentiation of the expression o = Ke" 
he found the strain gradient to be inversely proportional to the ex- 
ponent of strain hardening, ie., de/dx « 1/n. A brittle material 
would be one where strain is localized, resulting in a small amount 
of uniform strain, a high strain gradient and correspondingly a low 
strain hardening exponent. 

Although the relation o = Ke" is of limited application, it is 
useful in that n is as good a measure of strain hardening as can be 
obtained for materials exhibiting heterogeneous yielding; therefore 
this paper reports the variation of the strain hardening exponent with 
temperature, grain size, and carbon content. 

It was pointed out above that n = e,, where e, = strain at max- 
imum load. For this investigation, although the strain values for 
maximum load are reported in nearly all cases, the numerical values 
are subject to some uncertainty. Maximum load holds over a con- 
siderable range of strain. Uniform strain was taken at the drop in 
load at the end of this range, but this drop occurs very slowly and 
was difficult to observe accurately. Nonlinearity often occurs before 
the drop in load at the maximum. For these reasons, uniform strain 
is not as reproducible a measure of the exponent of strain hardening 
as the slope, d In o/d Ine. 

It should be emphasized at this point that n and do/de are not 
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Fig. 14—Effect of Temperature on Strain Harden- 
ing. (0.02% carbon alloy heat treated subcritically.) 


equivalent, even in an approximate sense. G. V. Smith (20) pointed 
out that it is often erroneously assumed that n and do/de vary in a 
like manner. Fig. 14 is presented showing n versus temperature for 
the 0.02% carbon alloy co-plotted with do/de versus temperature 
taken at a constant strain of e = 0.15 from the minimum in the stress- 
strain curve. Whereas (n) decreases from room temperature to 
—100 °C and then remains constant to liquid air temperature, do/de 
decreases from room temperature to —90 °C, and then rises sharply 
from —90 °C to liquid air temperature! The instantaneous rate of 
strain hardening, do/de, for this alloy obtained from the expression 
do/de = n(o/e) also agrees with the value of do/de obtained graph- 
ically. This should serve to emphasize the necessity of differentiating 
between the apparent rate of strain hardening, do/de, and the expo- 
nent of strain hardening, n. 

Hollomon (21) found that increasing the carbon content or de- 
creasing the temperature increased the slope of the linear portion of 
the stress-strain curve. This observation has been confirmed by 
others and forms the basis for the often-repeated statement that 
‘strain hardening” increases with decreasing temperature. It is im- 
portant to keep in mind that this applies to necking strain and that 
a correction for triaxiality could reverse this trend. 

The strain hardening exponent need not change in a like manner. 
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Strain Hardening. All heat treatments are supercritical 
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Fig. 16——Effect of Ferrite Grain Size on the Strain Hardening Exponent of 
an 0.02% Carbon Alloy Tested at Liquid Air Temperature. 


This is illustrated in Fig. 15, which shows the exponent of strain 
hardening decreasing with increasing carbon content and decreasing 
temperature. A decrease in the grain size is seen to increase the 


eater 
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exponent of strain hardening (n) at liquid air temperature (Fig. 16). 

The observed decrease of n with increasing grain size and with 
decreasing temperature would increase the strain gradient and tend 
to restrict deformation to a relatively small volume. This restriction 
correlates satisfactorily with the embrittlement effects of low temper- 
ature and large grain size. 

Thus it appears that although do/de and n are mathematically 
related, they do not behave similarly in relation to other variables 
such as temperature, carbon content and grain size. The expression 
6 = Ke" holds during the period of uniform strain for ferrites. The 
exponent of strain hardening, n, is found to decrease, generally, with 
decrease of temperature, increase of carbon content, and increase of 
grain size. It is this measure of strain hardening that directly affects 
the distribution of deformation in a given material. Additional sup- 
port for this perhaps tenuous evidence that strain hardening of ferrite 
is less at low temperatures and that this is important with regard to 
low temperature brittleness is offered by the fact that, for copper, the 
strain hardening exponent m increases with decrease in temperature 
(29). 


Ie<FFECT OF FERRITE GRAIN SIZE AND TEMPERATURE 
ON THE YIELD POINT 


It is well known that decreasing the size of the ferrite grains of 
mild steel increases the flow stresses at room temperature (22, 23). 
Data illustrating the grain size effect on yield points at liquid air 
temperature for the 0.02% alloy are shown in Fig. 17. Here upper 
yield stress is plotted as a function of grain size. Lower yield stress 
behaves in the same manner. 

The curve drawn through solid points, representing subcritically 
heat treated specimens, shows the expected grain size effect. How- 
ever, the open-circle points representing supercritically heat treated 
specimens show a still greater effect on the yield point for an essen- 
tially constant grain size! A careful examination in Table II of 
yield stresses for duplicate test specimens will show that the scatter 
in this plot is not due to poor alignment of specimens, surface imper- 
fections or inadequate fillets, since in most cases duplicate test speci- 
mens have nearly the same yield stress. 

Such a plot as this should clearly emphasize the danger of ex- 
tending to other temperatures generalizations that are valid at one 
temperature. In this case it is believed that it is safe to say that, at 
liquid air temperature, decreasing the grain size increases the yield 
stress. However, unlike its effect on total strain, grain size is clearly 
not the major variable governing yield stress. 

An examination of the microstructure of supercritically heat 
treated specimens (Fig. 5) revealed the presence of a veined sub- 
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structure which was absent in the subcritically heat treated specimens. 
Higher heat treatment temperatures and faster cooling rates generally 
gave higher yield points and in these specimens veining was more 
readily detected. The conditions for veining in ferrites have been 
discussed at length by Hultgren and Herrlander (24). The sub- 
structures observed in the supercritically heat treated specimens pre- 
sumably were caused by the volume change in the y =a transfor- 
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Fig. 17—Effect of Ferrite Grain Size on the Upper Yield 
Point at Liquid Air Temperature. (0.02% carbon alloy.) 


mation. This volume change induces stresses in some grains sufficient 
to deform them slightly. Subcritically recrystallized and unstrained 
grains did not show veining substructures. 

Cottrell’s theory is universally known and generally accepted as 
being the most logical explanation of the yield point phenomenon 
(25). If this theory is extended to include the effects of substruc- 
tures, observations of this investigation, e.g., Fig. 17, are rather sim- 
ply explicable. 

Cottrell utilizes the concept that solute atoms (interstitial carbon 
and nitrogen in iron) diffuse to, and lock, dislocations. A stress that 
is sufficient to tear the dislocations loose from their solute atmos- 
pheres is greater than that necessary to keep them moving; thus the 
load drops at the initial yield. A grain boundary can be regarded as 
an array of dislocations, and when the boundary contains solute 
atoms, distributed so that the strain energy is reduced, yielding can- 
not easily start from or propagate through grain boundaries. Upon 
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application of stress, a number, (n), of dislocations move within the 
grain from regions of high stress concentration until they are stopped 
by the grain boundary. These dislocations produce a force against 
the grain boundary which is (n) times the force exerted by one dis- 
location. These dislocations add to the externally applied stress and 
force dislocations out of the grain boundaries. The larger the grain, 
the greater the number of dislocations piled up at the grain boundary ; 
thus a lower applied stress is required to initiate yielding. The 
theory does not require that grain boundaries be present for yielding, 
since the criterion here is the initiation of yielding within the grain. 

With the above concept in mind, consider two test specimens 
identical in all respects except that one possesses a substructure as a 
result of a particular heat treatment. The substructure boundaries 
would affect yield stresses qualitatively the same as primary grain 
boundaries, by interfering with dislocations moving through the lat- 
tice. Since decreasing the grain size increases the yield stress, it is 
probable that the presence of such a substructure would tend to nullify 
the effect of larger grains. Although subgrain boundaries act to im- 
pede the motion of dislocations, it is likely that the dislocations move 
more easily from such boundaries than from regular grain boundaries. 

In evaluating the possible effect of initial substructure on frac- 
ture, it should be kept in mind that, for iron, slip may take place on 
many planes containing the <111> close-packed direction, whereas 
cleavage or brittle fracture is almost wholly restricted to the cube 
planes. The disregistry of subgrains is small so that fracture does 
not have to change direction appreciably in propagating along a cube 
plane. In contrast, the difference in orientations between neighboring 
grains is large, thus requiring a large change in direction of fracture. 
Decreasing the grain size increases the number of changes of path of 
transcrystalline fracture appreciably, whereas the creation of a sub- 
structure causes a relatively small increase in changes of fracture 
path. 

It is to be expected that impurity atoms will have a tendency to 
segregate at grain boundaries and, in the case of oxygen atoms, 
initiate cleavage there (30). Not only are clusters of impurity atoms 
sites of relatively high stress concentration but in most cases they 
form sites which do not slip easily. Small grains offer a greater total 
surface area over which to distribute impurity atoms than do large 
grains. This reduces the concentration per unit area and minimizes 
the probability of formation of clusters of a brittle phase large enough 
to form microcracks. It is likely that at some given applied stress, 
fracture initiates in a region of high stress concentration where the 
yield point is high in comparison to the surrounding material and 
then propagates through the grain along cleavage planes. Inter- 
granular fracture is not likely (except in the presence of a large 
amount of an embrittling impurity such as oxygen), since the fracture 
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path would require a considerable change in direction. The above 
mechanism could be the reason why there is such a marked increase 
in total strain at —185 °C with a decrease in grain size. Likewise, 
the observed pronounced effect of grain size on low temperature 
ductility supports the concept of impurity segregation at grain 
boundaries. 

The presence of mechanical twins in ferrite has been well estab- 
lished. For the strain rates used in this investigation (approximately 
10-* sec? ), twinning occurred below about —100°C. It should be 
noted that for specimens which have an appreciable ductility at liquid 
air temperature, extensive twinning is present. An examination of 
the curves in Figs. 14 and 16 reveals that the exponent of strain 
hardening, n, decreases with increasing grain size and decreasing 
temperature; but that (n) remains essentially constant at tempera- 
tures below that where twinning is encountered for the specified strain 
rate. We might conclude from this that the formation of twins acts 
in the same manner as grain boundaries in that twinning increases 
(n), thus counteracting the tendency of temperature to decrease (n). 
On the basis of this analysis, it may be postulated that the presence 
of twin boundaries, if anything, acts to increase ductility. 

The effect of temperature on yielding has been thoroughly dis- 
cussed by Cottrell and Bilby (26). The extension of temperature 
effects to the plastic region is limited to a qualitative explanation and 
is not readily amenable to a mathematical analysis. However, it does 
not appear logical that temperature effects should cease to be of im- 
portance after the completion of yielding. 

A temperature dependence probably occurs through thermal fluc- 
tuations of the dislocation loops. Seitz states, “If dislocations can tie 
each other down as indicated by Frank, then thermal fluctuations at 
the point of locking can be important in breaking the dislocations 
loose” (27). In this mechanism, it is assumed that the applied stress 
causes the bowing out between obstacles and the thermal fluctuations 
simply act in joining the sides of the bows. The amount of blocking 
of dislocations is dependent on temperature, and thermal fluctuations 
seem to be necessary to aid the movement of dislocations if they are 
to be moved with the addition of small applied stress. In the absence 
of thermal fluctuations of sufficient magnitude, the applied stress must 
be higher to remove the blocking. At some point, the stress necessary 
to move anchored dislocations may be so large that fracture along a 
cleavage plane is the preferred process. 

Mott (28) points out that the most effective agents for locking 
impurities are to be expected in lattices other than face-centered cubic. 
For a solute atom to interact with a screw dislocation, it may be 
necessary for it to strain the lattice unequally in different directions. 
Cottrell (25) points out that this is probably because the field around 
a screw dislocation is primarily shear stress with practically no hydro- 
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static component. Solute atoms which distort the lattice equally in all 
directions can interact with a hydrostatic stress field, but, in order to 
interact with a shear stress, the distortion must not be spherically 
symmetrical. The tetragonal distortion that carbon and nitrogen 
produce in iron leads to a nonspherical distortion, but according to 
Cottrell there are no known principles which would lead one to expect 
nonspherical distortions around solute atoms in a face-centered cubic 
lattice. Thus solute atoms would be expected to anchor only edge 
dislocations in face-centered cubic metals, but both edge and screw 
dislocations are anchored by interstitial atoms in body-centered cubic 
metals. A row of interstitial carbon atoms in iron exerts a strong 
interaction extending only over a short distance, a situation that is 
favorable for the introduction of pronounced thermal effects such as 
the decrease in total strain with decrease in temperature that is ob- 
served in ferrites. 


CoNCLUSIONS 


1. The sole factor determining the ductility under uniaxial ten- 
sion at liquid air temperature of high purity iron containing 0.02% 
carbon is ferrite grain size. For the 0.02% carbon alloy, there is no 
effect of heat treatment or cooling rate other than its effect on grain 
size. 

2. In the case of higher carbon, 0.03 to 0.12% carbon alloys, 
liquid air ductility is determined by grain size and by the state of 
the carbides. Supercritical heat treatments which result in carbides 
or pearlite at ferrite grain boundaries or junctions materially reduce 
low temperature ductility. . Subcritical annealing of cold-worked 
structures which gives aligned spheroidized carbides may consider- 
ably or completely eliminate their detrimental effect, at least on duc- 
tility in the rolling direction. 

3. The exponent of strain hardening, n, decreases with decreas- 
ing temperature, increasing carbon content and increasing grain size. 
This strain hardening exponent appears to be more significant, with 
respect to low temperature ductility, than the slope of the uncorrected 
natural stress-strain diagram. 

4. The initial presence of a substructure or a decrease in grain 
size markedly increases the yield stress at liquid air temperatures. 

5. The total strain under uniaxial tension decreases rapidly 
with decreases in temperature below about —100 °C (the exact tem- 
perature depends upon grain size). It is probable that the following 
three factors contribute to this low temperature embrittlement: 

(a) The loss of thermal ‘aid in moving dislocations. 

(b) The effectiveness of interstitial solute atoms in a body- 

centered cubic lattice in blocking dislocations. 

(c) The effect of a decreased value of the strain hardening 
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exponent ‘n’ in restricting the distribution of deformation. 
6. There seems to be no reason to postulate that twinning is a 
significant contributing factor to low temperature brittleness. 
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NOTCH-BAR TENSILE PROPERTIES OF VARIOUS 
MATERIALS AND THEIR RELATION TO THE UNNOTCH 
FLOW CURVE AND NOTCH SHARPNESS 


By Harry SCHWARTZBART AND W. F. Brown, Jr. 


Abstract 


The primary objectives of the present investigation 
were the determination of the effects of strain hardening 
characteristics and notch sharpness on notch tensile prop- 
erties. Circumferentially notched tensile bars of a wide 
range of materials including annealed brass, annealed and 
hard drawn copper, titanium, 24S-O and S-816 were 
tested; previously reported data for various aluminum 
and steel alloys were also included in the comparisons. 
Notches varying in sharpness (sharpness equals the ratio 
of half the diameter of the bar at the notch bottom to the 
radius of curvature of the notch) from 0, or no notch, to 
100 were employed. 

It was found that as the notch sharpness increases, 
the true stress-strain curve is elevated and the ductility 
decreases. These effects wsanitedt themselves as follows: 
(a) The yield strength increases rapidly at low sharp- 
nesses, decreasing in rate at higher shar pnesses ; (b) the 
notch strength and fracture stress usually wmcrease at low 
sharpnesses, reach a maximum, then decrease at high 
sharpnesses 

The higher the unnotch necking strain, or the higher 
the strain hardening rate: (a) The slower is the rate at 
which triaxiality increases with sharpness; (b) the less is 
the amount of triaxiality developed; (c) the higher is the 
sharpness at which the maximum triaxiality is developed. 

A correlation was found between the rate of strain 
hardening and the extent to which the ductility is reduced 
by the presence of a sharp notch. 


INTRODUCTION 


HE static tension test performed on a circumferentially notched 
cylindrical bar has attracted considerable interest for the evalu- 
ation of metals for service. It has been recognized that the ordinary 
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tension test is frequently incapable of predicting the behavior of a 
material in service, especially if service conditions entail embrittling 
factors such as stress raisers. Under these circumstances, the notch 
test is a better criterion of service performance than the unnotch 
tension test. 

There have been many investigations of notch tensile properties 
and the effects of many variables such as notch sharpness, section size, 
heat treatment, test temperature, etc., on these properties (1 to 7 and 
11)*. However, the factors governing the flow and fracture of notched 
bars are still not completely understood. It has been emphasized by 
Ripling (11) that the notch fracture characteristics of low alloy steels 
are closely related to the transition temperature and that other ma- 
terials possessing transition temperatures may behave in a similar 
manner. 

lt is the purpose of this investigation to examine the influence 
of the unnotch flow characteristics on the notch properties of a variety 
of materials having a wide range of unnotch stress-strain characteris- 
tics. In addition, the test conditions were chosen so that data ob- 
tained by previous investigators could be correlated with the present 
results. The heat treatment and temper were varied for certain alloys 
in order to obtain a range of various unnotch flow curves. The effect 
of notch sharpness on the tensile properties was also investigated. 


MATERIALS 


Table I lists the materials whose properties were compared in 
this paper and the sources of the data. 

The 70:30 brass specimens were machined from slugs cut from 
an annealed +;-inch thick plate with the longitudinal axis of the 
specimen in the rolling direction. The copper specimens were ma- 
chined from ¥%-inch hard drawn electrolytic tough pitch c ypper bar 
stock ; specimens were annealed after machining by holding at 750 °F 
(400 °C) for % hour and air cooling. Titanium specimens were cut 
trom a 2¥2-inch bar of commercial purity supplied by the Remington 
Arms Company ; the history of the material is unknown. Specimens 
were machined from 24S-T and heat treated to the S-O condition. 
The S-816 specimens were machined from slugs cut longitudinally 
trom a 4-inch square billet. The slugs were solution-treated at 2300 

F (1260 °C) for 1 hour and air-cooled, aged at 1400 °F (760 °C) 
tor 16 hours and air-cooled, after which the specimens were machined. 

A few specimens of hard drawn copper were stress relief-annealed 
at 400 °F (205°C) for 1 hour to determine the effect of residual 
stress level on the notch properties. This temperature is about 100° 
below the recrystallization temperature for a 1-hour anneal. 


'The figures appearing in parentheses pertain to the references appended to this paper 
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Table I 
Materials Analyzed 


Material Source of Data 


Annealed 70:30 brass Present investigation 
Annealed copper Present investigation 
Hard drawn copper Present investigation 
Titanium Present investigation 
24S-O Aluminum alloy Present investigation 
24S-T Aluminum alloy Reference 7 
24S-T86 Aluminum alloy Reference 7 
75S-T Aluminum alloy Reference 7 
S-816* Present investigation 


Heat treatment: 
2300 °F— 1 hr. air cool 
1400 °F—16 hrs. air cool 
SAE 1025 Steel Reference 5 


SAE 3140 Steel References 1, 2 
Quenched and tempered to 
240,000-psi tensile strength 


SAE 3140 Steel References 1, 2 
Quenched and tempered to 
190,000-psi tensile strength 


*Analysis of the S-816: Co 43%. Ni 20.4%, Cr 19.8%, Mo 4.3%, W 4.05%, Cb 3.51% 
Fe 2.8%, Mn 1.53%, C 0.38%, Si 0.26%. 


EXPERIMENTAL PROCEDURE 


Cylindrical buttonhead-type tension specimens illustrated in 
Fig. 1 were used in the present investigation. The notch specimens 
were of the V-type with a flank angle of 60 degrees and with 50% 
of the cross sectional area removed by the notch. The notch geometry 
is described by a parameter called notch sharpness which is equal to 
a/r where a is half the diameter of the bar at the notch bottom and r 
is the radius of curvature of the notch. 

Tension tests were carried out on a 120,000-pound Baldwin- 
Southwark tensile machine. Axiality of loading was achieved through 
the use of a specially designed fixture previously described (8). This 
fixture insured that at the beginning of the test the load axis was not 
more than 0.0005 inch removed from the specimen axis. Strains were 
computed from change of diameter readings obtained with a mechan- 
ical gage, also previously described (8). A minimum diameter change 
of 0.00005 inch could be determined over a total range of 0.024 inch. 
This change corresponds to a minimum longitudinal strain of 6= 
0.00057 and a maximum longitudinal strain of 8 =0.292. Strains 
greater than this value were measured with point micrometers. Data 
were plotted in the form of true stress-strain curves. The true stress 
6 was computed as the load divided by the instantaneous area, and the 
natural strain § as 21Ind,/d where d, is the original diameter and d 
is the instantaneous diameter. In the notch tests these are actually 
average values, as the stress and strain are not uniform across the 
cross section. The tensile strength or notch strength was computed 
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as the maximum load divided by the original area. The ductility 8, 
is the average natural strain at fracture. A measuring microscope 
was used to determine the diameter of the broken halves at three 
positions 120 degrees apart. The average of these three readings was 
used to compute 8. The fracture stress o¢ was obtained by extra- 
polating the stress-strain curve to the fracture strain 8; and deter- 
mining the value of the ordinate. This was considered more satis- 
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A-Surfaces Must be Flat, Square and Concentric 
(as Applicable) to Within 0.0005 in. 


Fig. 1—Specimens Used in This Investigation. 


factory than using the breaking load which is subject to more experi- 
mental error. 

Examples of the stress-strain curves obtained are presented in 
Fig. 2 which illustrates the extent of extrapolation used to determine 
the fracture stress. The curves are for 24S-O with a mild notch 
(a/r = 0.27) and a sharp notch (a/r = 29.6). The fracture point 
determined by observation of the breaking load lies above the extra- 
polated curve for the mildly notched specimen but lies below the 


extrapolated curve for the sharply notched specimen. While these 
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relative positions for the fracture points of the sharply notched speci- 
mens were obtained for all the materials investigated, the relative 
positions for the fracture points of the mildly notched specimens 
varied from material to material, the behavior within any one material, 
however, being constant. 

The necking strain 6, was obtained by graphical differentiation 
of the stress-strain curves to find the strain at which do/dé = o. 
This has been shown to be the point of instability in tension (9). 
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Fig. 2—True Stress-Strain Curves for Notch Bars of 24S-O. 


It has also been shown by Low and by Hollomon (10) that the 
necking strain is equal to the exponent n of the expression: 6 = K8", 
which expression has been used to describe the true stress-strain 
curve. In this equation K is a constant relating to the strength of 
the material and n is a constant which describes the relative slope 
of the stress-strain curve and is called, therefore, the strain hardening 
exponent. If the logi9o is plotted as a function of log 3, the slope 
of this curve is equal to the necking strain, n, and the constant K is 
a measure of the strength of the material being equal to o at = 1. 
For the purposes of this analysis the necking strain 8, is taken to be 
representative of the relative strain hardening of a particular alloy. 

RESULTS AND DISCUSSION 

Unnotch Stress-Strain Curves—Unnotch true stress-strain curves 
for the various materials compared are presented in Fig. 3. It can 
be seen that a wide variety of stress-strain characteristics is repre- 
sented in the range of materials and material conditions studied. All 
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of the materials were ductile, ranging from 8 —= 0.315 for S-816 to 
1.33 for brass. S-816 is the only material which fractured before 
necking. The “relative amount of strain hardening” is illustrated by 
the slopes of the curves when plotted on log-log coordinates as in 
Fig. 4. It can be seen that the steepest curves are those for brass and 
annealed copper while the flattest are those for SAE 3140 and hard 
drawn copper. 

Effect of Notch Sharpness on Flow and Fracture—Stress-strain 
curves for unnotch and notch specimens of varying sharpness for hard 
drawn copper and annealed brass are presented in Figs. 5 and 6. 
These two materials have very flat and very steep unnotch stress- 
strain curves respectively. 
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Examination of these figures reveals that increasing the notch 
sharpness has two effects: (a) The stress-strain curve is elevated; 
(b) the ductility is decreased. For both materials the elevation of the 
flow curve is explained by the increase in triaxiality with increasing 
notch sharpness. This increase is rapid at the low notch sharpnesses 
and then gradually fades out at the higher notch sharpnesses. It can 
be further seen that hard drawn copper (relatively flat stress-strain 
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Fig. 4—Unnotch True Stress-Strain Curves on Log-Log Coordinates. 


curve) develops more triaxiality than the annealed brass (relatively 
steep stress-strain curve). These effects of unnotch stress-strain 
characteristics on the notch strength behavior will be discussed in 
detail later. The decrease in ductility at low notch sharpness has been 
shown (6) to be due primarily to the increase in triaxiality with 
increasing notch sharpness. For the sharp notches the fracture gen- 
erally begins at the surface of the bar, and the decrease in ductility 
with increasing notch sharpness may be due to both the effects of 
the biaxial stress state and the strain gradient (if plastic flow has 
occurred). The strain gradient should be related to the stress-strain 
characteristics of the metal. 

Consider, now, from examination of Figs. 5 and 6, the variation 
of fracture stress and notch strength with notch sharpness. The 
fracture stress is merely the end point of the stress-strain curve and, 
for the hard drawn copper, the fracture stress increases with increas- 
ing sharpness and begins dropping slightly above a sharpness of about 
5, while for the annealed brass the fracture stress decreases continu- 
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Fig. 6—True Stress-Strain Curves for Notch and Unnotch Bars of Annealed Brass. 


ously with increasing sharpness. The variation of notch strength with 


sharpness is more complicated. The notch strength, being the maxi- 


mum load divided by the original area, depends upon the necking 
strain and whether the material fractures before or after necking”. 


_ 2As will be shown later, the notch necking strain for annealed brass is very much higher 
than for hard drawn copper. 
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The necking strain for the hard drawn copper is considerably less 
than the ductility of even the sharpest notch. Therefore the notch 
strength versus sharpness function should be similar to the triaxiality 
versus sharpness function, increasing continuously but at a decreasing 
rate. The necking strain for the annealed brass, on the other hand, 
is bracketed by the range of notch ductilities obtained ; therefore, for 
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Fig. 7—vVariation of Tensile Properties With 
Notch Sharpness for Hard Drawn Copper. 


mild notches the notch strength is influenced by the triaxiality only, 
but for the sharp notches the notch strength is a function of triaxiality 
and ductility, since fracture precedes necking. Thus, the notch 
strength first increases with increasing sharpness, goes through a 
maximum, then decreases. 

In Figs. 7 through 12 are presented the plots of the variations 
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Fig. 8—Variation of Tensile Properties With 
Notch Sharpness for Brass. 


of fracture stress, notch strength, 0.2% yield strength, and ductility 
with notch sharpness for the various materials investigated. From 
these figures it can be seen that the ductility always decreases with 
increasing sharpness, usually at a gradually decreasing rate. The 
yield strength, in every case except for the hard drawn copper, in- 
creases with increasing sharpness, also at a decreasing rate. For the 
hard drawn copper (Fig. 7) the yield strength increases to a maxi- 
mum at a sharpness of about 5, after which it decreases. This unusual 
behavior is due to the presence of residual stresses. This is borne 
out by the data obtained from the stress relief-annealed specimens. 
The yield strength of these specimens varies with sharpness in a 
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Fig. 9—vVariation_of Tensile Properties With 
Notch Sharpness for Titanium. 


manner similar to the other materials. The notch strength, fracture 
stress and ductility were not affected by the stress relief anneal, indi- 
cating that the effect of residual stresses is exerted on yield strength 
but is eliminated by plastic flow. 

The effects of triaxiality in elevating the flow curve and in de- 
creasing the ductility have already been discussed in relation to Figs. 
5 and 6 for hard drawn copper and annealed brass. In order to 
compare the effect of unnotch stress-strain characteristics on notch 
behavior for all materials, it is necessary to bring their notch strength 
versus sharpness curves to the same relative strength level. This has 
been done by dividing the notch strength by the unnotch tensile 
strength and plotting this ratio against sharpness for all the materials 
examined. These curves are presented in Fig. 13a for the materials 
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Fig. 10—vVariation of Tensile Properties With 
Notch Sharpness for 24S-O. 


investigated herein and in Fig. 13b for the data taken from the 
literature. It is these curves, their individual shapes and the differ- 
ences from curve to curve, which one would like to correlate with 
unnotch behavior. 

Examination of Figs. 13a and 13b reveals that as the sharpness 
increases the notch strength ratio for most materials increases, goes 
through a maximum, and then decreases. The curve for the hard 
drawn copper never does go through a maximum; it increases con- 
tinuously at a decreasing rate. The value of the notch strength ratio 
for the sharpest notch a/r = 100 is greater than 1 for all materials 
except for the SAE 3140 at the 240,000-psi strength level. 

The general shape of the curves in Figs. 13a and 13b and, in 
particular, the positions of the maxima in these curves can be ex- 
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Fig. 11—Variation of Tensile Properties With 
Notch Sharpness for S-816. 


plained by: (a) triaxiality; (b) the influence of sharpness on the 
necking strain and premature cracking ; and (c) notch ductility. The 
effects of these various factors are illustrated schematically in Fig. 14. 
Curve ABC is the function of triaxiality versus sharpness; it is also, 
therefore, the function of notch strength ratio versus sharpness for a 
material which does not crack before necking, and for which the neck- 
ing strain is independent of sharpness and is always less than the 
notch ductility. FBE is the nominal fracture strength function which 
is affected by notch ductility as well as triaxiality. The intersection 
between these two curves, B, is then the sharpness at which the notch 
ductility equals the necking strain and is the maximum of the notch 
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Fig. 12—Variation of Tensile Properties With 
Notch Sharpness for Annealed Copper. 


strength ratio curve. Sometimes, however, the onset of cracking be- 
fore final fracture can cause the observed stress-strain curve to flatten 
at high strains. This can be observed in the curves for the sharply 
notched specimens of brass presented in Fig. 6. This causes the 
observed necking strain to change, giving an actually observed notch 
strength ratio curve of ADG with a maximum shifted from point B 
as indicated. 

That there is a relationship between unnotch necking strain and 
position of the maximum in the curves of Figs. 13a and 13b can be 
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Fig. 13a—Variation of Notch Strength Ratio 
With Notch Sharpness for Materials Tested in This 
Investigation. 


seen from Fig. 15. In this figure is plotted the sharpness where the 
notch ductility equals the unnotch necking strain against the sharpness 
where the notch strength is maximum. If the materials behaved as 
represented on the curve ABE on Fig. 14 (no cracking and constant 
necking strain), then all the points on Fig. 15 would fall on the 
45-degree line indicated. Deviations from this line are caused by the 
shifting of the maximum on the notch strength ratio — sharpness curves 
due to cracking as illustrated by the curve at D on Fig. 14. Further 
deviations are caused by experimental error in determining the posi- 
tion of the maximum, which error can be large, especially if the maxi- 
mum is broad. The points for hard drawn and annealed copper are 
not shown in Fig. 15. Both these materials neck before fracture at 
the highest sharpness investigated. Therefore, no maximum should 
occur in the notch strength ratio versus notch sharpness curve. This 
is true for the hard drawn copper, Fig. 13a, but not for the annealed 
copper which appears tc exhibit a slight maximum. This decrease 
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Fig. 13b—Variation of Notch Strength Ratio 
With Notch Sharpness for Data Taken From the 
Literature. 


in notch strength ratio at high sharpnesses for annealed copper is due 
to cracking before final fracture, which can easily be observed during 
the course of the test. 

Evidence in support of the argument that materials with flat 
stress-strain curves on a log-log plot develop greater triaxiality than 
materials with steep stress-strain curves is presented in Fig. 16 where 
the maximum notch strength ratio (from Figs. 13a and 13b) is 
plotted against unnotch necking strain*®. Although there is wide 
scatter in these points, there is an observable decrease in notch 
strength ratio as the unnotch necking strain increases. 

The value of the notch strength ratio at a sharpness of 1 is con- 
sidered a measure of the rate at which triaxiality is developed in the 
material, and this valué is also plotted against unnotch necking strain 
in Fig. 16. From this curve it can be seen that the higher the un- 


8The point for S-816 has an arrow which indicates that it fractured before necking in the 
unnotched test. 
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Fig. 15—Sharpness Where the Notch Ductility Equals the 
Unnotch Necking Strain Versus the Sharpness Where the 
Notch Strength Ratio Is Maximum. 


notch necking strain the lower the notch strength ratio at a sharpness 
of 1. In other words, triaxiality is developed more rapidly in mate- 
rials with relatively flat unnotch stress-strain curves. 

Another notch characteristic which should be a function of the 
relative strain hardening is the ductility. The result of plastic flow 
at the notch bottom is to reduce the stress concentration and to sub- 
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Fig. 16—Variation of Notch Tensile Properties With Unnotch 
Necking Strain. 


stitute a strain concentration. This strain concentration is present 
at fracture, and influences the ductility of sharply notched specimens 
which fracture at the surface. It is assumed that if the specimen 
necks, the fracture is controlled primarily by the triaxial stress state 
in the interior of the bar. On the other hand, the sharply notched 
specimens, which do not neck, fracture when a limiting surface strain 
is reached. The average notch ductility for a given material then 
should be lower the steeper the strain gradient (the sharper the 
notch). For the purpose of this analysis it is assumed that a relative 
measure of the limiting strain at the notch bottom is indicated by the 
unnotch ductility. In addition, the magnitude of the strain gradient 
for a given surface strain should be a function of the strain hardening 
characteristics of the metal. 

On the basis of the above discussion, the ratio between the un- 
notch ductility (a/r =O) and the notch ductility at a/r = 100 is 
used as a measure of the effect of sharp notches on ductility. Accord- 
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Fig. 17—Variation of Average True Stress With 
Sharpness at Various Strain Values for Brass. 


ingly in Fig. 16, this ratio is plotted against the unnotch necking 
strain. It is seen that this ratio is very high for the materials with 
the lowest unnotch necking strain and decreases rapidly to a constant 
value at a necking strain of about 0.25. The hard drawn copper does 
not fit the curve, probably because the notch ductility is much greater 
than the necking strain. 

Another method of representation which illustrates the inter- 
relations of triaxiality, sharpness, strain, ductility and cracking is 
used in Figs. 17 and 18. Here, the average true stress, 6, is plotted 
against sharpness for brass and 5-816 with strain as a parameter. 
For the brass (Fig. 17) for any given strain the stress (triaxiality ) 
rises rapidly at low values of sharpness, leveling out and becoming 
almost constant at higher sharpnesses. For strains greater than 
§ = 0.200 the stress decreases at higher sharpnesses, indicating the 
commencement of cracking before final fracture. The lines have been 
continued dotted to indicate that the actual stress (triaxiality) is not 
actually decreasing but only that the commencement of cracking is 
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yielding an observed stress lower than is actually present. The 
fracture stress curve and the values of ductility are also given. It 
can be seen that if cracking did not occur, the fracture stress values 
would be higher than actually observed. 

The plot for S-816 (Fig. 18) exhibits the same features as that 
for brass except for the fact that this material does not show pro- 
eressive cracking. The stress never decreases with sharpness and the 
ductilities have the proper positions in relation to the strain curves. 
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Fig. 18—Variation of Average True Stress With 
Sharpness at Various Strain Values for S-816 


Variation of Necking Strain With Sharpness—Necking is an 
instability phenomenon which occurs when the rate of strain hard- 
ening becomes equal to the rate of decrease in cross sectional area. 
This is the point of maximum load and, therefore, determines the 
tensile or notch strength. The decrease of cross sectional area can 
occur either by strain only, as is the case in unnotched or mildly 
notched specimens, or by cracking, as is the case in some sharply 
notched specimens. Fig. 19 presents the variation of necking strain 
with sharpness for the materials investigated. 

Data are presented only for the mild notches where the necking 
strain is not influenced by cracking. For the hard drawn copper the 
necking strain is considerably less than the fracture strain at any 
sharpness so that the necking strain is probably never influenced by 
cracking. The brass, annealed copper and 24S-O exhibit load max- 
ima at high sharpnesses because of cracking. This apparent necking 
strain due to cracking decreases with increasing sharpness. Exami- 
nation of Fig. 19 reveals that for brass, annealed copper and 24S-O 
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the necking strain decreases with increasing sharpness (triaxiality ) 
for mildly notched specimens. For the hard drawn copper the neck- 
ing strain remains almost constant with increasing sharpness, then 
increases. A possible explanation for this behavior is as follows: 
The necking strain for this material is low enough, about 6 = 0.05, 
that it is influenced by the shape of the stress-strain curve in the 
region of yielding. It has been shown previously (1) that as the 


Hard Drawn Copper 
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Fig. 19—Variation of Necking Strain With Sharpness. 


notch sharpness increases, the transition from the elastic to the plastic 
region of the stress-strain curve becomes more gradual. This effect 
tends to increase the necking strain, but, counterbalanced by the effect 
of triaxiality, the necking strain remains essentially constant. The 
effect of triaxiality becomes less important at high sharpnesses, 
leaving the elastic-to-plastic transition effect to raise the necking 
strain. 

Fracture Appearance—From the appearance of the fracture sur- 
face and by fitting the broken halves of the specimen together, infor- 
mation was obtained concerning the origin of fracture and of the effect 
of notch sharpness on fracture. With the exception of S-816 all the 
materials tested exhibit the cup-cone type of fracture in the unnotched 
and mildly notched condition. This consists of an area in the center 
of the bar which is perpendicular to the bar axis, and an area at the 
rim which is inclined to the bar axis at an angle of about 45 degrees. 








| 
| 
| 
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In these specimens fracture begins at the center of the bar. The 
width of the inclined rim area decreases with increasing sharpness. 
At a sharpness of between 2 and 4 the inclined rim area completely 
disappears. At higher notch sharpnesses the fracture begins at the 
surface of the bar at the base of the notch. These results are con- 
sistent with those previously observed for SAE 1025 and 24S-T (5 
and 6). However, the disappearance of the cup-cone fracture and 
the beginning of surface cracking occurred at lower sharpnesses in 
the present investigation. The sharpness at which surface cracking 
started may have been influenced by the spring pressure on the trans- 
verse gage since, at these sharpnesses, it was observed that cracking 
usually started at the portions of the bar in contact with the gage 
knife edges. 

The S-816 does not exhibit the cup-cone fracture at any sharp- 
ness; the entire fracture always is straight across the bar. It was 
difficult to determine for this material whether fracture started at the 
center or the surface of the bar. Regardless of the origin, fracture 
occurred suddenly. 


CONCLUSIONS 


Notch tension tests have been performed on a variety of materials 
and, together with data taken from the literature, have been used to 
study the effect of notch geometry and unnotch stress-strain charac- 
teristics on notch tensile properties. 

As the notch sharpness (ratio of half the bar diameter to the 
notch radius) increases: (a) The true stress-strain curve is elevated ; 
(b) the ductility decreases. 

These effects are most pronounced at low sharpnesses, decreasing 
in rate at higher sharpnesses. Both effects in mildly notched speci- 
mens are due primarily to the increase in transverse tensions with 
increasing sharpness. For sharp notches the fracture conditions for 
a large number of materials appear to be controlled primarily by the 
surface strain gradients, which limits the ductility and reduces the 
fracture stress. These effects manifest themselves as follows: (a) 
The yield strength increases continuously with sharpness, rapidly at 
low sharpnesses and less rapidly at higher sharpnesses; (b) the notch 
strength and fracture stress usually increase at low sharpnesses, reach 
a maximum, then decrease at high sharpnesses. 

An analysis of the data indicates the following relations between 
the unnotch necking strain and the triaxiality. The higher the un- 
notch necking strain, or the higher the relative strain hardening rate: 
(a) The slower is the rate at which triaxiality increases with sharp- 
ness; (b) the less is the amount of triaxiality developed; (c) the 
higher is the sharpness at which the maximum triaxiality is developed. 
The unnotch necking strain also influences the extent to which 
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the ductility is reduced by a sharp notch. As the necking strain 
increases from 8, = 0.035 the ratio of unnotch to notch ductility drops 
rapidly at first, decreases in rate, and becomes constant for 8, > 0.25. 

The effect of notch sharpness on the necking strain and cracking 
have been examined. The necking strain of mild notches decreases 
with sharpness for all materials except hard drawn copper. For this 
material the necking strain remains essentially constant at low sharp- 
nesses, then increases to a higher nearly constant value. 

For 24S-O, brass, titanium, annealed and hard drawn copper, 
fracture started at the center of the bar for unnotched and mildly 
notched specimens. The cup-cone type of fracture was obtained. At 
sharpnesses between 2 and 4, fracture began at the surface of the bar 
at the notch bottom. The fracture surface was entirely perpendicular 
to the bar axis, the cup-cone feature having disappeared. This mode 
of fracturing occurred also at higher sharpnesses. 
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EFFECT OF GRAIN SIZE ON HIGH TEMPERATURE 
FATIGUE PROPERTIES 


3y J. E. BREEN AND J. R. LANE 


Abstract 


Tensile-fatigue and stress-rupture tests were run on 
alpha brass between 550 and 1000 °F (290 and 540 °C), 
and at room temperature. At room temperature and at 
550 °F (290°C), fine-grained material was considerably 
stronger in tensile-fatigue than coarse-grained material. 
As the temperature was raised the superiority of fine- 
grained material became progressively less. However, at 
no temperature did coarse-grained material exhibit greater 
fatigue strength. Stress-rupture tests, run at the same 
mean stress as the tensile-fatigue tests for each tempera- 
ture, also showed the superiority of fine-grained material 
at lower temperatures. At higher temperatures there 
were combinations of stress and temperature at which 
coarse-grained or medium-grained material was stronger. 


(> size has long been recognized as an important metal- 
lurgical variable. The influence of grain size on fatigue and 
on high temperature properties has been extensively investigated. 
Clark and White (1)* in their study of the creep properties of both 
coarse and fine-grained specimens of copper-zinc-tin alloys found that 
fine-grained material was stronger at low temperatures, while coarse- 
grained material was stronger at high temperatures. Teed (2), in 
his summary on the effect of microstructure on room-temperature 
fatigue, showed that grain size affects fatigue life in most metals to 
about the same extent that it affects ultimate tensile strength. In 
steel this effect is slight; in alpha-beta brasses the effect is more 
important. For example, a fourfold increase in grain size decreases 
room-temperature fatigue life about 30%. At elevated temperatures, 
Toolin and Mochel (3) have demonstrated that the structure which 
gives the best stress-rupture properties does not necessarily give the 
best high temperature fatigue properties. 


The influence of temperature and strain rate on the flow and 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. The authors, J. E. Breen and J. R. Lane, are asso- 
ciated with the High Temperature Alloys Branch, Metallurgy Division, Naval 
Research Laboratory, Washington, D. C. Manuscript received May 6, 1953. 
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= Table I “ 
Chemical Composition of Alpha Brass Test Material 
Cu Sn Pb Zn 


69.71 0.05 <0.10 Bal. 


fracture of metals at elevated temperatures has been reported by many 
investigators. Shahinian and Lane (4) found that the optimum grain 
size shifted toward larger grain sizes for higher temperatures and 
slower strain rates. Grant (5), considering fatigue tests from the 
point of view of strain rate, concluded that low temperature behavior 
could be expected at a considerably higher temperature in fatigue 
tests than in stress-rupture tests. Toolin (6) found that a fine- 
grained cobalt-base alloy was stronger in reverse bend tests at low 
temperature, while at high temperature the fatigue life of the coarse- 
grained material approached that of the fine grain. 

The purpose of this investigation was to determine the effect of 
grain size on the high temperature tensile fatigue properties of a 


single-phase wrought material over as wide a range of test conditions . 


as practicable. Three grain sizes were tested at each combination of 
stresses and temperature. 


SPECIMEN PREPARATION AND TESTING METHOD 


The material selected for these tests was alpha brass. The 
complete chemical analysis is shown in Table I. The material in 
wrought form (34 inch round) was annealed, then cold-worked by 
swaging and re-annealed at 900, 1100, and 1300 °F (480, 595, and 
705 °C) respectively to produce three different grain sizes. The 
grain sizes are listed in Table II. Specimens as shown in Fig. 1 
were then machined. Final polishing was in the longitudinal direc- 


Table II 
Grain Size of Specimens 





Grains per 0.357-Inch 


Batch Average Grain Diam. Cross Section 
Number Diameter (mm.) Area of Specimen 

F-1 0.030 70,290 

F-2 0.025 102,010 

F-4 0.031 66,664 

F-5 0.030 70,290 

F-6 0.033 57,760 

M-1 0.094 7,237 

M-2 0.115 4,909 

M-4 0.100 6,002 

M-5 0.090 7,892 

M-6 0.115 4,909 

C-1 0.57 194 

C-2 0.67 144 

C-4 0.63 160 

C-5 0.65 152 

C-6 0 


.63 160 
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tion with 000 emery paper. A Sonntag SF-4 axial-load, 3600-rpm 
fatigue testing machine was used. The mean load was maintained 
constant throughout each test. 


RESULTS AND DISCUSSION 


Fatigue tests were run at room temperature, 550, 625, 700, 800, 
900, 950, and 1000 °F (290, 330, 370, 425, 480, 510, and 540°C). 
The results are listed in Table III, and are shown graphically in Figs. 
2a and 2b. Stress-rupture tests were run at the same mean stress for 
each temperature, the data being listed in Table IV and shown graph- 
ically in Fig. 3. Fatigue tests at room temperature, 550 and 625 °F 

290 and 330°C) show the unquestionable superiority of the fine- 
grained material. Above 700 °F (370 °C) the superiority of the fine- 
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Fig. 1—Fatigue Specimen. 


grained material progressively decreases. However, at all tempera- 
tures the fine-grained material exhibits a consistent, if slight, supe- 
riority under the conditions of these tests. At 1000°F (540 °C) 
(mean stress 1500 psi, dynamic stress 500 psi), the effect of grain 
size is practically nil. Slight grain growth was observed in those 
specimens initially annealed at 900°F (480°C) and tested at 950 
and 1000 °F (510 and 540 °C), but the change in grain size was not 
enough to affect the results. 

Stress-rupture tests run at the same mean stress as the fatigue 
tests for each temperature (see Fig. 3) also show the superiority of 
fine-grained material at 550, 625, and 700 °F (290, 330, and 370 °C). 
Above 700 °F (at 800, 950, and 1000 °F) the test results reveal an 
optimum grain size, consistent with the findings of Shahinian and 
Lane (4) on the effect of grain size on the high temperature proper- 
ties of wrought monel. 

Three series of fatigue tests were run in the vicinity of 700 °F 
(370°C). In these tests one variable (temperature, dynamic stress, 
or mean stress) was altered at a time. Fig. 4 shows the effect of 
varying mean stress while holding the temperature and dynamic stress 
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Table III 


Summary of Fatigue Tests 


Average 
Grain 
Diam. (mm.) 


0.025 
0.067 


.0.030 
.0.030 


.0 094 
.0.094 
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0 : 
0.67 
0.031 
0.100 
0.63 


0.031 
0.031 
0.100 
0.100 
0.63 
0.63 


0.031 
0.100 
0.63 


0.031 
0.090 
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0.090 
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Cycles to 
Fracture 
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_. Fig. 3—Effect of Grain Size on Rupture 
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constant. At all loads the fine-grained material is the stronger. As 
the mean stress is lowered, the superiority of the fine-grained material 
increases. Fig. 5 shows the effect of varying the dynamic stress 
while holding the temperature and mean stress constant. The higher 


Table IV 
Summary of Stress-Rupture Tests 


Average Cycles 
Temp. Stress Grain Time Elongation Creep Rate 
°F (psi) Diam. (mm.) Equivalent (x 10)* [inches (xX 10)~8] [inches ( X 10) ~*/hr.] 
550 12,000 0.031 31,397 242 1.1 
550 12,000 0.030 20,536 192 hae 
550 12,000 0.090 11,780 92 lias 
550 12,000 0.094 7,671 56 1.54 
550 12,000 0.63 4,169 15 1.0 
625 10,000 0.031 6,926 182 4.0 
625 10,000 0.030 6,242 250 5.5 
625 10,000 0.090 1,922 70 6.4 
625 10,000 0.65 1,123 oat 4.2 
700 5,000 0.030 10,572 200 ae 
700 5,000 0.030 12,269 192 2.4 
700 5,000 0.090 9,914 99 0.86 
700 5,000 0.65 2,806 44 2.1 
700 5,000 0.65 5,335 35 0.7 
800 4,000 0.030 3,439 205 8.3 
800 4,000 0.030 2,722 207 10.0 
800 4,000 0.090 4,117 108 3.6 
800 4,000 0.090 3,240 110 4.0 
800 4,000 0.65 5,837 40 ae 
800 4,000 0.65 1,879 54 4.5 
900 3,000 0.030 5,212 144 5.0 
900 3,000 0.090 3,617 136 4.4 
900 3,000 0.65 2,169 58 4.0 
950 2,000 0.030 2,851 152 6.2 
950 2,000 0.090 3,910 120 5.2 
950 2,000 0.65 3,478 94 2.9 
1000 1,500 0.030 5,400 130 2.8 
1000 1,500 0.090 6,437 115 2.0 
1000 1,500 0.65 4,039 82 2.6 
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the dynamic stress, the greater is the superiority of the fine-grained 
material. Values obtained from stress-rupture tests (zero dynamic 
stress) are included for purposes of comparison. It should be noted 
that the fatigue life at 1000 psi dynamic stress is greater than that at 
zero dynamic stress. Other investigators (7) have observed tests 
where the superposition of a relatively small alternating load on a 
steady load causes an increase in time to fracture. Previous work 
by the authors (8) on the effect of amplitude of dynamic stress did 
not show this to be a consistent behavior. Therefore the points for 
zero dynamic stress have been shown on the graph but these points 
were not considered in drawing the curve. 

From Figs. 4 and 5 it can be concluded that the influence of 


grain size on rupture life is a function’ of stress ratio. The higher 








1030 TRANSACTIONS OF THE ASM Vol. 46 


Creep Rate (inches x |0°7/ hr.) 





0.01 0.1 i 
Mean Grain Diameter (mm.) 


Fig. 10a—Effect of Grain Size on Creep Rate During Tensile 
Fatigue Tests (Various Temperatures and Stresses). 
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Fig. 10b—Effect of Grain Size on Minimum Creep Rate During 
Tensile Fatigue Tests (700 °F; Various Stresses). 


the ratio of dynamic stress to mean stress the greater is the tendency 
for fine-grained material to be superior. Fig. 6 shows that as the 
temperature is lowered the superiority of fine-grained material 
increases. 

Figs. 7, 8 and 9 show the variation of ductility with grain size 
as measured by the elongation at fracture. The change in elongation 
with grain size at various temperatures is indicated by the two curves 
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Fig. 12—Variations in Creep Rate With Mean Stress 
(Temperature = 700 °F; Dynamic Stress = 1000 psi). 


in Fig. 7, other temperatures yielding curves of similar shape. 
Raising the mean stress causes an increase in elongation, while in- 
creasing the dynamic stress has the opposite effect. It had been 
found previously (8) that at values of dynamic stress higher than 
employed in this work (at stress ratios of about 0.3) a minimum 
was reached, and with even larger dynamic load the ductility sub- 
sequently increased. However, at all loads ductility increases with 
decreasing grain size. From Figs. 8 and 9 it is seen that elongation 
varies with both mean stress and dynamic stress. 

Figs. 10a and 10b show the influence of grain size on creep rate 
under fatigue conditions. If low creep rate is to be taken as the 
criterion rather than fatigue life, the fine-grained material is still 
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superior at the lower temperatures, while at the higher temperatures 
(700 °F and above) the coarse grain is superior. Fig. 11 is a plot 
of grain size versus creep rate for stress-rupture tests run at the same 
mean stress as the fatigue tests for each temperature. In stress- 
rupture, coarse-grained material has a creep rate as low or lower 
than the other sizes at all test temperatures. In contrast, under 
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Fig. 13—Variations in Creep Rate 
With Dynamic Stress (Temperature 
700 °F; Mean Stress = 8000 psi). 


fatigue, the fine-grained samples had the lower creep rate at 550 and 
625 °F (290 and 330°C), but the coarse grain was preferable at 
higher temperatures. 

The influence of grain size, mean stress, and dynamic stress on 
creep rate is shown in Figs. 12 and 13. Similar to the results ob- 
served for elongation, higher mean stress increases creep rate, while 
a probable minimum in the creep rate curve occurred as the dynamic 
stress was raised. Because of the short life of the coarse-grained 
specimens at high dynamic load, the shapes of the curves could not 
be established beyond question. | 
Integration of the results on ductility and creep rate shows that 
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Fig. 14—Typical Fractures. (a) Fine grain, 
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Fig. 14—Typical Fractures. (d) Fine grain, 550 °F, 12,000 + 2000 psi. X 75. 
(e) Medium grain, 550 °F, 12,000 + 2000 psi. 50. (f) Coarse grain, 550 °F, 
12,000 + 2000 psi. x 10. 
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specimen life is a function of both factors. In all fatigue tests con- 
ducted during this investigation, the greater ductility of the fine- 
grained material was sufficient to give it the longer fatigue life. This 
superiority of fine grain was not the case in all the stress-rupture 
tests run at similar temperatures and stresses. 

Metallographic examination of fractures that occurred at 550 °F 
(290 °C) and 12,000 + 2000 psi, and 800°F (425°C) and 4000 
+ 500 psi, revealed them to be intercrystalline in both cases, as shown 
in Fig. 14. These two were selected as typical; all other fractures 
had the same appearance except those that occurred at room temper- 
ature, and these were transcrystalline. 


CONCLUSIONS 


1. At low temperatures fine-grained material is superior in both 
fatigue and stress-rupture. 

2. At higher temperatures the superiority of fine-grained mate- 
rial in fatigue progressively decreases and at the highest temperature 
tested is slight and unimportant. 

3. At temperatures and stresses comparable to the mean stress 
in fatigue tests, stress-rupture results tend to show coarse-grained 
material to better advantage. 

4. Ductility in fatigue and stress-rupture increases with de- 
creasing grain size at all temperatures and stresses. 

5. In stress-rupture, the coarse-grained material had the lowest 
creep rate at all test temperatures. This was true in fatigue only 
above 700 °F (370°C). 

6. The effect of grain size on fatigue life is a function of tem- 
perature, stress, and stress ratio. Lower temperature, higher stress, 
and higher stress ratio increase the tendency for the fine-grained 
material to be superior. 
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DISCUSSION 


Written Discussion: By Alexander Yorgiadis, staff engineer, Sandia 
Corp., Albuquerque, N. M. 

The dynamic properties of materials are affected by a large number 
of variables. The information available in the technical literature on this 
subject is voluminous, but it is far from complete because of the numerous 
possible tests which have still to be conducted before exhausting the field. 
The authors have contributed to our knowledge by studying the combined 
effects of grain size and temperature on tension-fatigue and creep-rupture 
properties of alpha brass. The importance of these two factors is indi- 
cated by the way they affect the properties under investigation. 

The effect of grain size on the fatigue strength of alpha brass was 
recently studied by Karry and Dolan*, who report a significant decrease 
in fatigue strength with increasing grain size at room temperature. This 
is in agreement with the first conclusion of the authors. Karry and Dolan 
performed their tests on a rotating beam fatigue machine which subjects 
the specimens to reversed bending, while the authors tested their speci- 
mens under tension only. The different mode of stressing does not per- 
mit quantitative comparison of the two results. . 

The writer feels that this paper would have been of substantially 
greater value were it not for the following: 

1. The authors ran their fatigue tests to very few cycles of stress. 
More than 60% of the tests lasted less than 1 minute (3600 cycles) and 
none were carried beyond 1 hour (216,000 cycles). Fatigue tests are usu- 
ally presented up to a minimum of 2 million cycles, and for brasses it is 
necessary to carry the tests still further. 

2. The fillet at the end of the cylindrical portion of the specimens 
has a relatively sharp (0.25-inch) radius. The resulting stress concen- 
tration must have affected the relative fatigue results, since the notch- 
sensitivity of alpha brass varies with grain size. 

3. When comparing fatigue properties of different materials, it is 


®R. W. Karry and T. J. Dolan, “Influence of Grain Size on Fatigue Notch-Sensitivity’’, 
presented at the 56th Annual Meeting of the American Society for Testing Materials, 
Atlantic City, N. J., June 28, 1953. 








1954 





INFLUENCE OF GRAIN SIZE 1037 


customary to compare fatigue stresses for a given number of cycles to 
failure, rather than the number of cycles to failure at a given stress, as 
done by the authors. 

alternating stress, required a load on the testing machine corresponding to 
+1% of its alternating load capacity. It is felt that a specimen of larger 
area and same length would increase the load accuracy of these tests. 


4. The authors used a somewhat small specimen, which, at £500 psi 


Authors’ Reply 


The authors appreciate comments from one so prominently identified 
with the development of fatigue testing machines. 

The most serious criticism is due to an apparent failure of the dis- 
cusser to observe the “10*’ in the figures and tables. When the cycles-to- 
fracture are multiplied by this factor, it can be seen that the tests ranged 
in life to 39 days (202,727 x 10° cycles), with all but one test being over an 
hour in duration. 

The specimen dimensions were adopted after previous work had indi- 
cated that fractures normally occurred within the gage length. The very 
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few specimens which fractured in the threads or fillets are not reported in 
the paper. 

This work was not intended as an engineering evaluation for design 
purposes of the fatigue properties of brass, but rather as a study of the 
influence of grain size on a single-phase material in fatigue. Only a lim- 
ited portion of the data is usable for a plot of fatigue stress for a given 
number of cycles to failure. Such relationships are shown in Fig. 15. 

To obtain the desired grain sizes, the brass was cold-reduced by swag- 
ing. The specimen size was limited by the capacity of the available swag- 
ing machine. 

The additional reference, not available when the paper was submitted, 
is a valuable addition to the bibliography. 





THE SUBSTITUTION OF MANGANESE FOR NICKEL 
IN 16-25-6 ALLOY 


3y We tts E. ELLIs AND MARTIN FLEISCHMANN 


Abstract 


This investigation covers the room temperature me- 
chanical properties, with and without cold work, precipi- 
tation hardening data and microstructural characteristics 
of a modified 16-25-6 alloy in which 10% of the nickel ts 
replaced by 6% manganese. Limited stress-rupture data 
in the 1100 to 1400 °F range are given and all properties 
compared with the regular 16-25-6 alloy. 


[INTRODUCTION 


HE advent of the gas-turbine, the turbo-supercharger and, more 
Zz recently, the mass production of jet engines has created a de- 
mand for new materials of construction which can withstand the high 
stresses at high temperatures encountered in the operation of these 
units. Frequently, these materials are referred to as “Superalloys” 
ind one of the most widely used is the 16-25-6* alloy (1)* which has 
found its principal application in the turbine wheel. 

While the 16-25-6 alloy has a relatively low strategic alloy num- 
er, that is, it does not contain highly strategic elements like colum- 
ium, cobalt, or tungsten, it nevertheless uses 25% nickel in its com- 
sition to assure a fully austenitic microstructure, Jet engines today 
re mainly “military hardware” which would have to be produced in 
unprecedented volume in case of an emergency. Therefore, it appears 
national importance to develop a material with the lowest possible 
loy content without sacrificing the desirable properties which are 

iilable in the 16-25-6 alloy. 

The original considerations which led to the development of the 
6-25-6 alloy are still valid. A chromium content of 16% is neces- 
sary to maintain the required corrosion and oxidation resistance at 

the anticipated service conditions. The addition of 6% of molybde- 
num still offers the most simplified approach to obtaining the desired 
high temperature strength. The material should have a low carbon 
*"Trade-Mark registered U. S. Patent Office by The Timken Roller Bearing Company. 
'The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954., ‘The authors, Wells E. Ellis and Martin Fleisch- 
mann, are, respectively, research metallurgist and metallurgical engineer with 
lhe Timken Roller Bearing Company, Steel and Tube Division, Canton, Ohio. 
Manuscript received April 23, 1953. 
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content to assure good forging and welding characteristics and it 
should be fully austenitic. 

In order to obtain a fully austenitic alloy it was necessary to 
balance the given chromium and molybdenum contents with 25% of 
nickel, thus arriving at the fundamental composition of the 16-25-6 
alloy. Therefore, any savings in alloy has to be made by lowering 
the nickel content. The most logical substitution for nickel appeared 
to be manganese, and a series of experimental heats were produced 
replacing various amounts of nickel with different manganese con- 
tents. After a study of the microstructures of forged bars from these 
experimental heats, the conclusion was reached that 10% of the nickel 
could be replaced by 6% of manganese without materially changing 
the microstructure, provided the carbon content does not exceed 
0.08%. The following comparison may be made between the chem- 
ical specifications of the 16-25-6 alloy and its new modification: 


16-25-6 Alloy Modification 
Se ie een 0.12 Max. 0.08 Max. 
NG fe rs ocr 2.00 Max. 6.50— 8.50 
a ke 1.00 Max. 1.00 Max. 
Re. ah 15.00-17.50 15.00-17.50 
i Pa EE Ie 24.00-27.00 14.00-17.00 
BM tri ee. 5.50— 7.00 5.50- 7.00 
ee tc te 0.10— 0.20 0.15— 0.25 
PROCEDURE 


A 1-ton electric furnace heat was melted to the above specifica- 
tion for the initial evaluation of the mechanical properties. This pilot 
heat, No. 02400, was poured into a 16-inch ingot which was then 
forged and rolled to 1% by 34-inch bars. Throughout the forging 
and rolling operations, the material was processed under the same 
conditions as are normally used for the regular 16-25-6 alloy. In 
each stage of processing, the modified alloy reacted the same as the 
16-25-6 alloy. Additional material for this study was obtained from 
a 25-ton electric furnace production heat. The production heat was 
poured into 19-inch ingots which were then forged and rolled into 
l-inch rounds and 3 by 134-inch bars. The chemical compositions 
for the two heats are as follows: 


Heat No. ‘ Mn P S Si Cr Ni Mo N 


02400 0.070 7.10 0.016 0.009 042 1616 1560 610 0.168 
12337 0.052 7.40 0.015 0.010 020 1634 15.24 590 0.190 


Duplicate tensile coupons were heat treated in bar form prior to 
machining to standard 0.505-inch diameter specimens. The cold- 
worked properties were obtained by elongating l-inch round bars in 
a tensile machine to give varying percentages of elongation from 0 
to 30% in 5% increments. Elongation was measured between 4-inch 
gage marks after which the center 6-inch section was used for stand- 
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Fig. 1—Effect of Quenching Temperature on the Room Temperature 
Mechanical Properties of Hot-Rolled 1-Inch Rounds, Heat No. 12337. 


ard 0.505-inch diameter tensile specimens. Hardness was measured 
on duplicate samples cut transverse to the rolling direction. Repre- 
sentative microstructures are shown of longitudinal sections with the 
photomicrographs taken at 100 and 1000 diameters magnification. 


Room TEMPERATURE MECHANICAL PROPERTIES 


The modified alloy, like the 16-25-6 alloy, is austenitic and non- 
magnetic. The hot-rolled mechanical properties of these austenitic 
alloys are greatly affected by both the amount of hot working as well 
as the finishing temperature. Recrystallization of the hot-rolled alloy 
normally starts at a temperature between 1800 and 1900 °F (980 
and 1040 ° ‘C), whereas the finishing temperature is usually lower 
than 1800 °F (980°C). A variable amount of work hardening is 
thus introduced and this effect persists at all temperatures below the 
recrystallization temperature. In practice, the mechanical properties 
are controlled by either reheating or equalizing at a specified temper- 
ature which is above the recrystallization temperature, followed by 
either water quenching or air cooling to room temperature. Gen- 
erally, the equalizing conditions of temperature and time represent a 
compromise between the factors of grain size, solution of the carbide 
phase, and hardness. In order to obtain the best combination of 
room temperature and elevated temperature mechanical properties, 
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the material may subsequently be cold-worked at room temperature 
or below its recrystallization temperature to a specified hardness 
range (2). 

The effect of reheating temperature upon the mechanical prop- 
erties was evaluated for l-inch round hot-rolled bars at temperatures 
ranging from 1700 to 2200 °F (925 to 1205°C). The samples were 
held at 1700°F (925°C) 1 hour, 1800°F (980°C) 1 hour, 1900 
‘F (1040 °C) 30 minutes, 2000 °F (1095 °C) 15 minutes, 2100 °F 
(1150 °C) 10 minutes, 2150 °F (1175 °C) 10 minutes, and 2200 °F 
(1205 °C) 5 minutes, prior to water quenching. The resulting ten- 
sile properties are presented in the graph shown in Fig. 1. The hot- 
rolled strength persists up to 1800 °F (980 °C) ; above this temper- 
ature the strength decreases and approaches a constant level while 
the ductility increases to a maximum. Maximum ductility, which is 
indicative of carbide solution, is reached after heating to 2150 °F 
(1175 °C) and water quenching. These samples showed ductility 
values of 50% for elongation in 2 inches and a reduction of area of 
73%. Rapid grain coarsening takes place at temperatures above 
2150 °F (1175 °C), which corresponds to the temperature for prac- 
tically complete solution of the carbide phase. 

The effect of tempering treatments upon the mechanical proper- 
ties of both hot-rolled and solution-quenched material was determined 
for 15-hour tempers at temperatures from 1200 to 1600 °F (650 to 
870 °C). These data are shown in Figs. 2 and 3. Tempering the 
hot-rolled material at 1200 °F (650°C) for 15 hours, for example, 
lowers the yield strength (0.02% offset) from 80,000 to 60,000 psi. 
The ductility also decreases during tempering, indicating that some 
precipitation hardening has taken place. This effect of tempering 
continues at higher tempering temperatures although an elongation 
of 22% and a reduction of area of 20% indicates that good ductility 
was still retained after 15 hours tempering at 1600°F (870 °C). 
The samples which were solution-quenched from 2150 °F (1175 °C) 
prior to tempering also show a slight precipitation effect after the 15- 
hour tempering treatments. However, longer tempering treatments 
are required to develop maximum strength from precipitation in the 
solution-quenched condition. Ductility values of 37% elongation 
and 40% reduction of area are present after tempering 15 hours at 
1600 °F (870°C). The yield stfength remains almost constant fol- 
lowing the above tempering treatments, while the hardness increases 
slightly. Fig. 4 shows the mechanical properties for the 16-25-6 
alloy following 12-hour tempering treatments at the above tempera- 
tures. A comparison of the properties for the two alloys, Figs. 3 and 
4, show good agreement in the room temperature mechanical proper- 
ties. 


For longer tempering treatments the aging curves of hardness 
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Fig. 5—Effect of Tempering Temperature and Time Upon the Hardness of the 
Solution- ical Alloy, Heat No. 12337, 1-Inch Rounds. 


versus time at various temperatures (Fig. 5) depict the more char- 
acteristic curve shape usually associated with precipitation hardening 
The hardness increases from 167 BHN as solution-quenched to 195 
BHN after tempering 216 hours at 1300 °F (705°C). At 1600 °F 
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Fig. 6—Effect of Cold Work on the Room Somteines | Mechanical 
Properties of Equalized 3 by 134-Inch Bars, Heat No. 12337 


(870 °C), the hardness has increased to 230 BHN after 216 hours 
aging. These curves show that the modified alloy, like the 16-25-6 
alloy (3), develops a portion of its strength from precipitation hard- 
ening. 


EFFECT OF CoLtp WorK ON THE MECHANICAL PROPERTIES 


Hot-rolled bars having a cross section size of 3 by 134-inch were 
processed for a study of the cold-worked properties to provide an 
indication of the properties to be expected in larger sections such as 
a rim forging. The hot-rolled bars were equalized in 13-inch lengths 
at 1950 °F (1065 °C) for 15 minutes and then water-quenched. Fol- 
lowing quenching the material was machined to a diameter of 1 inch 
before cold working, which was accomplished as outlined in the pro- 
cedure. All of the bars were then given a stress relieving temper of 
15 hours at 1300°F (705°C). The resulting properties are pre- 
sented in Fig. 6. 

Cold work has a définite strengthening effect upon the mechan- 
ical properties of this alloy, resulting in strength levels that are com- 
parable to those found in the 16-25-6 alloy. This effect is fairly uni- 
form, showing an increase in yield strength (0.02% offset) from 
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Fig. 7—-Microstructure of the Hot-Rolled 1% by 3%4-Inch Bars, BHN 283, Heat 
No. 02400, Glyceregia Etch. (a) * 1000; (b) X 100. 


46,000 psi at 0% cold work to 84,000 psi for 30% cold work. Thé 
ductility as expressed by % elongation decreased from 41 to 24% 
at the above strength levels. These properties represent the com- — 
bined effect of work hardening and precipitation hardening. 


MICROSTRUCTURE 


The microstructure of the modified alloy observed in the hot- 
rolled 1144 by 34-inch bars is shown in Fig. 7 as consisting of a fine- 
grained austenite with another phase which is believed to be a carbide 
phase distributed in bands. The photomicrographs in Figs. 8 to 10 
show the effect of water quenching from temperatures of 1800 to 
2150°F (980 to 1175 °C) upon the microstructure of hot-rolled 
bars. At 1800 °F (980 °C) (Fig. 8) coalescence of the carbide phase 
is underway, while at 1900 °F (1040 °C) the appearance of unde- 
formed twins in the newly formed austenite grains indicates that 
recrystallization has started. At 2000 °F (1095 °C) solution of the 
carbide phase is well advanced (Fig. 9) and the microstructure cor- 
responding to the 2150°F (1175°C) treatment (Fig. 10) shows 
practically complete solution leaving recrystallized austenite grains 
free from carbides. A further increase in the quenching temperature 
to 2200°F (1205°C) did not materially alter the microstructure 
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Fig. 8——Hot-Rolled, Heated to 1800°F (980 °C) 
Quenched, BHN 233, Heat No. 02400, Glyceregia Etch. 


Fig. 9—Hot-Rolied, Heated to 2000 °F (1095 °C) 
Quenched, BHN 196, Heat No. 02400, Glyceregia Etch. 
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Fig. 10—Hot-Rolled, Heated to 2150 °F (1175 °C) for 10 Minutes and Water- 
Quenched, BHN 177, Heat No. 02400, Glyceregia Etch. (a) x 1000; (b) X 100. 





Fig. 11—Hot-Rolled, Equalized at 1950 °F (1065 °C) for 15 Minutes and Water- 
Quenched, BHN 188, Heat No, 12337, Glyceregia Etch. (a) X 1000; (b) X 100. 
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Fig. 13—Equalized at 1950°F (1065°C) for 15 Minutes, Water-Quenched, 
Elongated 30% by Cold Work, and Tempered 15 Hours at 1300°F (705°C), BHN 
262, Heat No. 12337, Glyceregia Etch. (a) x 1000; (b) X 100. 
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Fig. 14—-Solution-Quenched, Cold Upset 90%, and Tempered 1000 Hours at 
1500 °F (815 °C), BHN 254, Heat No. 02400, Glyceregia Etch. (a) x 1000: (b) 


except that some grain growth had taken place. The optimum tem- 
perature for maximum solution of the carbide phase has been estab- 
lished as 2150 °F (1175 °C), which is in agreement with the results 
from the tensile tests previously discussed. 

Figs. 11 to-13 are photomicrographs showing the changes in 
the microstructure as introduced by varying amounts of cold work. 
The difference in grain boundary attack caused by the etchant as 
shown between Figs. 11 and 12 is associated with precipitation of the 
carbide phase. This precipitation becomes more general after cold 
working, occurring along slip planes, grain boundaries, and through- 
out the austenite matrix. For the same tempering treatment a 
greater amount of cold work causes.an-increase in the amount of 
precipitation which is apparent in Fig. 13 for 30% cold work. 

In alloys of this type, major changes in composition may intro- 
duce a sigma phase which forms during prolonged tempering treat- 
ments in the range of temperatures from 1200 to 1500 °F (650 to 
815 °C). Cold work accelerates the transformation to sigma phase 
to such a degree that its presence can usually be detected by metal- 
lographic examination after 1000 hours tempering at 1500 °F (815 
°C) if the alloy composition is not balanced. Samples having the fol- 
lowing prior treatments, (a) hot-rolled, (b) solution-quenched from 
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Fig. 15—Stress-Rupture Curves for the 16-25-6 Alloy in Comparison With the 
Modified Alloy. Both alloys were solution-quenched from 2150 °F (1175 °C). Mbodi- 
fied alloy Heat No. 02400. (Values shown 


on curves denote per cent elongation to 
tracture. ) 


2150 °F (1175 °C), and (c) solution-quenched and cold upset 90%, 
were tempered for 1000 hours at 1500 °F (815°C). Sigma phase 
was not found present by metallographic examination in either the 
16-25-6 alloy or the modified alloy following the above treatments. 
The photomicrograph in Fig. 14 shows the resulting microstructure 
for the modified alloy corresponding to the cold work and 1000-hour 
tempering treatment. Normally, sigma phase, if it had been present, 
would have been attacked and etched dark by the glyceregia etchant. 
A further examination for sigma phase will be made using X-ray 
diffraction methods as soon as material becomes available from long- 
time creep tests. 


Hicu TEMPERATURE PROPERTIES 


The factors of cold work and precipitation hardening, which have 
been shown to influence the room temperature properties, also con- 
tribute to the high temperature strength of the modified alloy. The 
resistance to oxidation appears to be similar to that of the 16-25-6 
alloy. Some preliminary stress-rupture data are available and further 
tests are now in progress for the purpose of evaluating the high 
temperature properties. Fig. 15 shows the stress-rupture data ob- 
tained to date on the modified alloy in the solution-quenched condi- 
tion, superimposed on the curves previously published (3) for the 
16-25-6 alloy. The results from these tests indicate that the high 
temperature strength in the solution-quenched condition is compar- 
able to the 16-25-6 alloy at temperatures from 1100 to 1400 °F (595 
to 760°C). Only the 1400-hour specimen at 1400°F (760 °C) 
falls significantly below the curve for the 16-25-6 alloy. At 1100 °F 
(595 °C) the modified alloy has higher strength with greater ductil- 
ity and, under conditions where the rupture strengths of the two 
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Fig. 16—Stress-Rupture Curves for the Hot-Rolled Modified 16-25-6 Alloy. 
Tempered at 1300 °F (705 °C) for 15 hours, BHN 285, Heat No. 02400, 1% by 
¥Y%-inch bars. (Values shown on curves denote per cent elongation to fracture.) 


alloys are equal, the modified alloy has the higher ductility. The duc- 
tility results are compared in Table I at identical levels. 

Fig. 16 shows the incomplete stress-rupture data available at the 
present time on the modified alloy in the hot-rolled and tempered 
condition. The material was hot-rolled to a 1% by 3%-inch section 





Table I 


A Comparison of the Stress-Rupture-Ductility Properties for 
16-25-6 and the Modified Alloy at Identical Stress Levels 





Condition: Solution-Quenched From 2150 °F (1175 °C) 


Time to 
Temperature Stress Fracture Elongation Reduction 

Material by "% psi Hours % % 
16-25-6 1100 (595) 50,000 226 9.0 16.7 
16-15-6 1100 50,000 549 13.5 15.0 
16-25-6 1300 (705) 25,000 263 16.0 18.9 
16-15-6 1300 25,000 377 81.5 68.3 
16-25-6 1400 (760) 20,000 106 15.5 24.1 

63.0 62.5 








16-15-6 1400 20,000 92 





and tempered for 15 hours at 1300 °F (705°C). A final hardness 
of 285 BHN was obtained by this treatment. At times beyond 1000 
hours at 1200°F (650°C) and at higher temperatures the rupture 
strength of the modified alloy falls below analogous values previously 
published (3) for the 16-25-6 alloy while the elongation at fracture 
is higher in all cases. The latter data, however, were obtained on 
l-inch diameter hot-rolled bars, finished at a sufficiently low tempera- 
ture that, after tempering 6 hours at 1275 °F (690 °C), a final hard- 
ness of 308/321 BHN was obtained. Hence, the results are not 
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strictly comparable to those of Fig. 16. More information will have 
to be acquired for final evaluation of the high temperature properties 
of the modified alloy. 


CONCLUSIONS 


1. The substitution of 6% manganese for 10% of the nickel in 
the 16-25-6 alloy produces a lower nickel modification of this alloy 
which can be processed under the same conditions as are used for the 
16-25-6 alloy, and results in similar room temperature mechanical 
properties. 

2. Incomplete stress-rupture properties in the temperature range 
of 1100 to 1400 °F (595 to 760°C) indicate the modified alloy to 
be the equal of the regular 16-25-6 alloy in the solution-quenched 
condition except possibly at times beyond 1000 hours at 1400 °F 
(760 °C). The hot-rolled and tempered properties of the modified 
alloy may be inferior to those of the 16-25-6 alloy at times beyond 
1000 hours at 1200 °F (650 °C) and at higher temperatures, although 
the lower tempered hardness and different section size of the modified 
alloy make direct comparison difficult if not impossible. The elonga- 
tion at fracture for the modified alloy was higher under all conditions. 

3. Precipitation hardening effects contribute to the strength of 
the alloy without causing a major sacrifice in ductility. 
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DISCUSSION 


Written Discussion: By R. C. Downey, Metallurgical Development 
Unit, Materials Laboratory, Aircraft Gas Turbine Division, General Elec- 
tric Co., Cincinnati. 

To those concerned with materials engineering in the jet engine indus- 
try, who are constantly plagued by “dat ole debbil” strategic alloy content, 
the unfamiliar sound of the term “lower strategic alloy content” can truly 
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serve to revive hopes and raise up sagging spirits. Certainly here is such 
a case, in which is seen the evolution of the old faithful 16-25-6 alloy into 
a new one having considerably less critical alloy content. It is felt that 
the authors deserve real commendation for their accomplishment in a field 
wherein too much emphasis cannot be placed. 

The authors have indicated by their test results that, propertywise, 
their manganese-modified alloy is a very near equal to the conventional 
16-25-6 alloy. An investigation of this material by the laboratories of the 
General Electric Company has substantiated the authors’ properties data 
in all important respects. 

In ‘order to further the investigation along lines of especial interest 
to the General Electric Company, a number of J-47 turbine wheel rims 
were forged from billets having the manganese-modified composition. 
Conventional forging practice for J-47 rims was used throughout. The 
forgings were hot-cold-worked 15% from 1200°F (650°C) and _ finally 
stress-relieved for 8 hours at 1200°F (650°C). Forgeability was consid- 
ered good. 

Cut-up testing of one rim forging and comparison of its properties 
with those of 16-25-6 rims revealed the following: 

1. Tensile properties compared favorably with those of 16-25-6 alloy. 

2. Rupture strengths also compared favorably, with indications of 

slightly higher ductility in the manganese-modified material. 

3. The forging was definitely notch ductile in stress rupture as tested 
at 1200 °F (650°C) with the particular notch employed. 

The obvious conclusion to be drawn from the foregoing is that the 
inanganese-modified alloy could certainly be seriously considered as a 
replacement for 16-25-6 material in forging applications with no loss in 
mechanical properties and with considerable saving in strategic alloy 
content, 

One additional point should be made. The authors have concluded 
that the strength of the alloy in the cold-worked and stress-relieved con- 
dition is a combined result of work hardening and precipitation hardening. 
While precipitation hardening effects assuredly are present in the cold- 
worked material, such precipitation hardening as does take place must do 
so as a direct result of cold working, since little precipitation effect would 
be expected in noncold-worked material with the tempering time and 
temperature employed by the authors on the cold-worked material (15 
hours at 1300°F). In other words, the strength attained in the material 
is a direct function of cold working, and the alloy, in its present stage of 
development, must be considered primarily a. work hardening one as op- 
posed to a precipitation hardening one. 

On the other hand, it cannot be denied that moderate precipitation 
hardening effects are evident after prolonged tempering, or aging, of the 
solution-quenched alloy (as shown in Fig. 5). The discusser wonders 
whether it is not within the realm of practicability to suggest that further 
efforts at modification of this alloy, which already shows some tendency 
to precipitation harden, might conceivably result in a material which could 
develop its properties fully by precipitation hardening. In these days 
when more and more interest is being shown in precipitation hardening 


alloys of this type, such efforts would certainly not be misdirected. 





1954 DISCUSSION—ALLOY 16-25-6 1055 


Authors’ Reply 


We certainly appreciate the discussion written by Robert C. Downey 
of the Aircraft Gas Turbine Division of the General Electric Company 
and wish to thank him for his kind and complimentary remarks. 

We have realized for a long time the interest which has been ex- 
pressed for a precipitation hardening alloy for high temperature service 
which would eliminate the necessity for the cold working operation. In 
fact, the development of the 16-15-6 alloy may be considered an outcrop 
of extensive work conducted by us in an effort to develop a commercial 
precipitation hardening alloy which could be produced in large quantities 
and of uniformly high quality. We have to admit that we have not reached 
this goal although we tried to get the precipitation hardening effect by 
addition of many alloying elements like titanium, aluminum, zirconium, 
boron, and others. It is true that by the use of these alloys many prom- 
ising compositions could be developed in the laboratory furnaces; their 
tonnage production in large commercial steel melting furnaces, however, 
created difficulties which by no means have been solved. The advent of 
the vacuum melting procedure may offer a possible solution for the future, 
but simpler cold working procedures, especially feasible for turbine wheel 
rims, may be the answer for today. 








ISOTHERMAL TRANSFORMATION OF TITANIUM- 
MANGANESE ALLOYS 


sy P. D. Frost, W. M. Parris, L. L. Hirscu, J. R. Doric 
AND C. M. SCHWARTZ 


Abstract 


Observations were made of the isothermal-transfor- 
mation characteristics of binary titanium alloys containing 
2.91, 7.72, and 12.3 weight % manganese at temperatures 
between 450 and 650°C (840 and 1200°F). The Ti- 
2.91% Mn alloy exhibited a martensitic transformation to 
alpha prime during continuous cooling to temperatures 
below about 535°C (995°F). The other two alloys 
transformed isothermally from beta to alpha by a nuclea- 
tion and growth process. Decomposition of the beta phase 
to a Ti-Mn compound did not occur within the transfor- 
mation periods used. X-ray diffraction data are pre- 
sented for the omega phase, which was reported by the 
authors in an earlier publication (1)?. 


INTRODUCTION 


HIS RESEARCH supplements a similar investigation conducted 

earlier on the isothermal transformation of titanium-chromium 
alloys (1)*. Both investigations were undertaken to provide infor- 
mation which has been useful in the development of structural titanium 
alloys for the Air Force (2). 

Three hypoeutectoid alloys containing nominally 3, 8, and 12% 
manganese were selected for this study. The actual compositions were 
Ti-2.91% Mn, Ti-7.72% Mn, and Ti-12.3% Mn. 


MATERIALS AND PROCEDURES 


Ingots of the three alloys were prepared from Process A titanium 
sponge and electrolytic manganese by arc melting in a cold-wall, 
tungsten-electrode furnace, machining to chips, and remelting. The 
ingots were forged and rolled into 0.064-inch sheet, from which 
specimens 3 by % inch were prepared. These were beta-ized 30 





'The figures appearing in parentheses pertain to the references appended to this paper. 
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Schwartz are research engineer, and supervisor, respectively, Physics Division, 
sattelle Memorial Institute, Columbus, Ohio. Manuscript received May 11, 1953. 


1056 





1954 TITANIUM-MANGANESE ALLOYS 1057 


minutes at 950 °C (1740 °F) in dried argon, quenched into lead baths 
at the desired transformation temperature, and finally quenched into 
ice water. 

The isothermally transformed specimens were cut in two sections. 
One section was mounted in a room-temperature-curing casting resin 
for Vickers hardness measurements. This section was later removed 
from the mount and used for X-ray diffraction studies. The second 
half was mounted in Bakelite for metallographic examination. Polish- 
ing procedures were the same as those described earlier (1). The 
etching reagent consisted of 1.5% HF -—3.5% HNOsz in water. 

The X-ray diffraction specimens were trimmed to ;4g by 744 by % 
inch and chemically etched to slivers 0.025 inch, or less, in diameter. 
The chemical etchant consisted of 15 ml lactic acid, 20 ml HNQOs, 
and 4 to 10 ml HF. Another etchant used contained 50 ml HNOs 
and 1 to 5 ml HF, with no lactic acid. In some instances, an electro- 
polishing solution developed by Rem-Cru Titanium, Inc., was used 
to repolish the slivers when it was found that hydrogen was absorbed 
from the chemical etchant. This solution contained 90 ml ethyl 
alcohol, 10 ml butyl alcohol, 6 g AlCls, and 28 g ZnCle. 

The absorption of hydrogen by some specimens during etching 
caused undesirable alterations of their X-ray diffraction patterns. 
Specimens containing large amounts of untransformed beta were par- 
ticularly susceptible. Specimens having appreciable amounts of alpha 
were affected only slightly, if at all. The presence of hydrogen was 
manifested by the appearance of the TiH pattern and an apparent 
expansion and distortion of the beta lattice. These effects sometimes 
disappeared in the Ti—7.72% Mn alloy when they were allowed to 
stand approximately two days after etching. In the Ti—12.3% Mn 
alloy, however, the lattice expansion effect was still apparent after 
much longer times, so that calculation of the alloy content of the beta 
phase from lattice parameter data could not be made. 

The X-ray diffraction samples were examined while being rotated 
ina 57.3-mm Debye camera. In most cases, unfiltered radiation from 
a vanadium target was used, the titanium in the sample providing self- 
filtration. Filtered copper radiation was used in some instances to 
check the results obtained with the vanadium radiation. Vanadium 
radiation was used because its characteristic Kg-wavelength does not 
excite fluorescence in either the titanium or the manganese alloy 
component. In addition, it provides maximum dispersion in the X-ray 
photogram. 

The sliver samples gave photograms similar in quality to those 
obtained from wedge samples used in the earlier study (1). Since 
the slivers underwent complete rotation, their patterns were some- 
what simpler to interpret. 


Because the parent beta grains were coarse, the patterns obtained 
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did not consist of continuous Debye rings, but were spots or short arcs 
at the positions of the Debye rings. 


RESULTS AND DISCUSSION 
Eutectoid-T emperature Determination 


The titanitum-manganese phase diagram for Process A sponge 
titanium exhibits a eutectoid reaction at about 675 °C (1245 °F) and 
a composition of 20% manganese (3). The eutectoid temperature 
was checked for the Ti— 2.91% Mn alloy. Specimens were beta-ized 
30 minutes at 950 °C (1740 °F) and quenched in ice water to pro- 
duce a martensitic, alpha prime structure. They were then reheated 
in a lead bath at 675, 700, and 725 °C (1245, 1290, and 1335 °F) 
for 1 hour and again quenched. The alpha prime needles persisted 
after reheating at 675 °C (1245 °F), but beta was observed after the 
700 °C treatment. It was thus established that the eutectoid temper- 
ature was quite close to the reported value of 675 °C (1245 °F). 


Phase Transformations 


The three titanium-manganese alloys, like the titanium-chromium 
alloys studied earlier (1), behaved differently with respect to their 
transformation kinetics. The alloy containing 2.91% manganese 
exhibited a shear-type transformation from beta to alpha prime when 
quenched from 950 °C (1740 °F) into ice water. In the other two 
alloys, the beta phase was retained after quenching. The time for 
initiation of the proeutectoid alpha separation also increased with 
increasing alloy content. Unlike the Ti-Cr alloys (1), no evidence 
of a Ti-Mn compound was found at any transformation temperature. 

Ti—2.91% Mn Alloy—Fig. 1 is a photomicrograph of the Ti- 
2.91% Mn alloy as quenched from 950 °C (1740 °F) into ice water. 
This structure is essentially all alpha prime. The M, temperature was 
located by the modified Greninger-Troiano procedure described in 
earlier publications (1,4). Briefly, this consisted of quenching speci- 
mens from the beta field into a lead bath at temperatures near the M, 
temperature, holding a few seconds, then transferring to a second 
bath maintained at 650 °C (1200 °F), and finally quenching into ice 
water. Ifthe first bath temperature was below M,, martensite needles 
would form. Upon transferring to the second bath, the remaining 
beta would partially transform to Widmanstatten alpha, from which 
the alpha prime needles could be distinguished. The M, temperature 
for this alloy was established between 520 and 535°C (970 and 
995 °F). 

Isothermal transformations were carried out at 550, 600, and 
650°C (1020, 1110, and 1200°F). Proeutectoid, Widmanstatten 
alpha was rejected from the beta phase at all temperatures in less 
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Fig. 1—2.91% Manganese Alloy As-Quenched From 950°C in Ice Water. 
Structure: Alpha prime. X 500. 


Fig. 2—2.91% Manganese Alloy Isothermally Transformed for 312 Hours at 
550°C. Structure: Widmanstatten alpha in beta matrix. » 500. 
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Fig. 3—-Isothermal Transformation Diagram for the Ti-— 2.91% Mn Alloy. 


than 10 seconds. The alpha-beta structure was relatively coarse at 
these temperatures. Fig. 2 shows a typical structure obtained after 
holding the alloy 312 hours at 550°C (1020°F). There was no 
evidence of a Ti-Mn compound after the longest transformation 
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_ Fig. 4—7.72% Manganese Alloy As-Quenched in Ice Water From 950 °C. 
Structure: Retained beta. X 500. 


Fig. 5—7.72% Manganese Alloy Isothermally Transformed at 450°C for 168 
Hours. Structure: Alpha in beta matrix. X 500. 


periods. A TTT-diagram for the Ti—2.91% Mn alloy is shown in 
Fig. 3. 

Ti-7.72% Mn Alloy—The Ti-7.72% Mn alloy was selected 
for study partly because its composition is similar to that of the 
commercial alloy RC-130A. Isothermal treatments for this alloy 
were carried out at five temperatures between 450 and 650°C (840 
and 1200 °F). 

The alloy transformed more sluggishly than the Ti—2.91% Mn 
alloy. When quenched into ice water after a beta-izing treatment at 
950 °C (1740 °F), the Ti-— 7.72% Mn alloy did not form alpha prime 
but retained the beta structure shown in Fig. 4. The small, black 
particles in this photomicrograph are apparently an impurity phase; 
they were randomly located in the as-quenched structure and also in 
specimens transformed at all temperatures. Even when present in 
considerable quantities, the phase was not detected by X-ray diffraction. 

Proeutectoid alpha was first detected microscopically at times 
ranging from 30 seconds at 550 °C (1020 °F) to 5 minutes at 450 °C 
(840 °F). These transformation periods were longer than those for 
the Ti—2.91% Mn alloy. The form of the alpha phase varied con- 
siderably with transformation temperature. Thus, a very fine, dot- 
like precipitate formed at 450 °C (Fig. 5). The structure was coarser 
at 550°C (1020°F), and a very coarse Widmanstatten structure 
formed at 650 °C (1200 °F), as shown in Figs. 6 and 7, respectively. 
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Fig. 6—7.72% Manganese Alloy Isothermally Transformed at 550°C for 312 
Hours. Structure: Widmanstatten alpha in beta matrix. > 500. 


Fig. 7—7.72% Manganese Alloy Isothermally Transformed at 650°C for 312 
Hours. Structure: Widmanstatten alpha in beta matrix. X 500. 


Transformation periods up to 312 hours failed to produce evidence 
of the titanium-manganese compound. The TTT-diagram for this 
alloy is shown in Fig. 8. 

Ti— 12.3% Mn Alloy—The transformation characteristics of the 
Ti-—12.3% Mn alloy were very similar to those of the Ti-—7.72% 
Mn alloy. The transformation was somewhat more sluggish; the 
initiation of the proeutectoid alpha rejection required a minimum of 
approximately 2 minutes at 550 to 600°C (1020 to 1110°F). The 
increased sluggishness was characteristic of the alloy throughout the 
transformation at all temperatures. Thus, the microstructures ob- 
served at the several transformation temperatures were similar to 
those of the Ti—7.72% Mn alloy, except that relatively more beta 
phase was present in the higher manganese alloy after comparable 
transformation periods. Representative microstructures are presented 
in Figs. 9, 10, and 11. The TTT-diagram for the Ti-12.3% Mn 
alloy is shown in Fig. 12. 


‘Hardness and X-Ray Diffraction Studies 


Vickers hardness measurements made on the alloys at intervals 
during the transformation process present an interesting comparison 
with the microstructures described in the previous section. 

The hardness of the Ti—2.91% Mn alloy was relatively low 
under all conditions of heat treatment investigated. The hardness 
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Fig. 8—Isothermal Transformation Diagram for Ti—7.72% Mn Alloy. 
g ; 


values obtained during isothermal transformation at the several tem- 
peratures fell within the range shown in Fig. 13. The low hardness 
of this alloy is associated with the comparatively small amount of 
manganese dissolved in the beta phase during the beta-izing treatment. 
The consequent instability of this phase and its rapid decomposition 
into relatively coarse alpha at the transformation temperatures result 
in a soft structure. The hardness of the alpha prime structure pro- 
duced by quenching directly in ice water from the beta field was only 
slightly higher than the values attained by isothermal transformation. 

The Ti-—7.72% Mn alloy, on the other hand, had higher hard- 
nesses as quenched to the several transformation temperatures, as 
may be seen in Fig. 14. This is attributed to the retention of larger 
quantities of beta phase. As transformation proceeded at the lower 
temperatures, e.g., 450 °C (840 °F), substantial hardening occurred. 
At the same time the formation of omega phase (1) and/or alpha was 
observed by X-ray diffraction. 

The hardness curves for the Ti—12.3% Mn alloy were some- 
what similar to those of the Ti—7.72% Mn alloy in that considerable 
hardening occurred at the lower transformation temperatures (Fig. 
15). As would be expected from the sluggish nature of the trans- 
formation, the Ti—12.3% Mn alloy did not increase in hardness 
nearly so rapidly as did the Ti—7.72% Mn alloy. Furthermore, the 
hardness of the higher manganese alloy, in general, did not drop so 
quickly after prolonged transformation periods. 

The results of X-ray diffraction studies on these two alloys are 
presented in Table I. The separation of alpha phase was accompanied 
by an increase in the manganese concentration of the remaining beta, | 
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Fig. 9—12.3% Manganese Alloy Isothermally Transformed at 450°C for 168 
Hours. Structure: Aipha in beta matrix. X 500. 

Fig. 10—12.3% Manganese Alloy Isothermally Transformed at 550°C for 312 
Hours. Structure: Alpha in beta matrix. X 500. 

Fig. 11—12.3% Manganese Alloy Isothermally Transformed at 650°C for 312 
Hours. Structure: Widmanstatten alpha in beta matrix. > 500. 


the composition change being observed from lattice-constant measure- 
ments. Alpha was precipitated with its basal plane (0002) parallel 
to the dodecahedral plane (110) of the parent beta phase. Similar 
beta enrichment and crystallographic alignment were previously ob- 
served in the first stage of the isothermal transformation of titanium- 
chromium alloys (1). 

In the Ti—7.72% Mn alloy transformed at 550°C (1020 °F), 
the alpha phase was first detected by X-ray diffraction after 60 
seconds at temperature. It was observed metallographically after 
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Eutectoid Temperature, 675°C 
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Fig. 12—Isothermal Transformation Diagram for Ti—12.3% Mn Alloy. 
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Fig. 13—Hardness Versus Time for Isothermally Transformed Specimens 
of the 2.91% Mn Alloy. 


20 seconds, as indicated in the TTT-diagram, Fig. 8. At 450°C 
(840 °F), the alpha phase was not found by X-ray examination until 
60 minutes had elapsed. However, the pattern of the intermediate 
omega phase was evident at transformation times of 10, 30, and 60 
minutes. 

After 10 minutes, the omega pattern was still rather low in 
intensity, but was relatively sharp. Some untransformed beta (£,) 
was still observed. Still more beta phase was observed in the form 
of streaks running from the original positions of the 8, reflections in 
the direction of increasing Bragg angle. These streaks, which cor- 
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respond to a continuous variation in the positions of the reflections, 
show a change in the beta phase in the direction of decreasing lattice 
constant, and are believed to indicate local and continuous increases 
in manganese concentrations within the grains. The material having 
the reduced lattice constant has been designated B;. 

After 30 minutes, the 8, streaking was changed little, but the 
intensity of the omega pattern was considerably stronger. At 60 
minutes, the streaks were at still higher Bragg angles and each one 
was practically resolved from an omega reflection beside it. Thus, 
each reflection of B,, together with an omega reflection, appeared as 
a doublet, as illustrated by the reflections marked B and B’ in Fig. 
16. Such a condition indicates a crystallographic orientation between 
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_ Fig. 14—Hardness Versus Time for Isothermally Transformed Specimens 
of the Ti-— 7.72% Mn Alloy. 


undetermined (hkl) planes of omega and given (HKL) planes of 
beta. 

After 60 minutes, only scant evidence of alpha was detected. 
However, at 4 hours, alpha was found in quantity and omega was no 
longer visible. Simultaneously, the lattice constant of the untrans- 
formed beta reached the very low-value characteristic of its ultimate, 
or Buy, state. 

The structure of omega is not known. The diffraction patterns 
of this phase are generally diffuse and difficult to measure. Table II 
gives the diffraction data for the 7.72% Mn sample transformed 60 
minutes at 450°C. The omega pattern in this photogram, a portion 
of which is reproduced in Fig. 16, is relatively sharp. Within the 
precision of these data, the interplanar spacings fit a cubic lattice with 
lattice constant of 8.0 A, or other possible values. However, this fit 
may be fortuitous, for in quenched and aged titanium-iron alloys in 
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Fig. 15—Hardness Versus Time for Isothermally Transformed Specimens 
of the Ti— 12.3% Mn Alloy. 





Fig. 16—Portion of X-Ray Diffrac- 
tion Photogram of Ti-—7.72% Mn Alloy 
Transformed 60 Minutes at 450 °C. 
xX 2.75. Reflections A and C are the 
2.81 and 2.30A interplanar spacings of 
w-phase, B’ is a 110 reflection of beta 
phase of lattice constant 3.23 A (Br). 
B is an omega reflection. D is a 2.23 A 


reflection believed to be the (1011) re- 
flection of alpha; vanadium radiation. 


which the omega pattern was very diffuse, the fit appeared to deviate 
slightly from cubic. Although it is too soon to generalize, it 1s pos- 
sible that the ‘“‘pseudocubic” omega structure is caused by lattice- 
registry strain. So far, omega has not been found unequivocally in 
the Ti—12.3% Mn alloy, but the study of this alloy has not been 
very extensive. 
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The formation of the omega phase coincides with the marked 
hardness peak which was observed during the transformation of the 
Ti-—7.72% Mn alloy at 450°C (840 °F) (see Fig. 14). The hard- 
ness decreased very sharply after a transformation period of 1 hour. 
At about the same time the omega phase disappeared. Thus, a higher 
hardness was attained in the titanium-manganese samples which con- 
tained omega than in any of the specimens which did not contain this 


Table III 
Hardness and X-Ray Diffraction Data(1) for Quenched 
and Aged Ti-Cr, Ti-Fe, and Ti-Mo Alloys 





Relative Intensities of 


Nominal Quenching Quenching Aging Hardness, Phases (2) 
mposition, % Temp., °F Medium Treatment VHN B a w 
8 Cr 1900 Iced brine None 359 S - — 
1742 Liquid nitrogen None 405 VS 0 MFd 
1900 Iced brine 2 hrs. at 500 °F 450 (3) VS 0 VFd 
1700 Iced brine 4 hrs. at 700 °F 529 VS, Sh+d 0 M 
4 Fe 1900 Iced brine None 534 VS 0 Fd 
1900 Iced brine 2 hrs. at 500 °F — VS 0 Md 
5 Fe 1900 Iced brine None 503 VS 0 VVF vd 
1900 Iced brine 2 hrs. at 500 °F 505 VS 0 VF vd 
10 Mo 1900 Iced brine None 339 S 0 0 
1700 Iced brine 4 hrs. at 700 °F 504 VS 0 VF sh 


(1) Photograms made in a 57.3-mm-diameter Debye camera. o2 
(2) Symbols: S = strong; M = medium; F = faint; V = very; d= diffuse; Sh = sharp. 
(3) Beta-phase spots distorted. 


phase. This suggests a possible relationship between omega phase 
and the hardening and embrittlement which occur in high-strength 
titanium alloys which are quenched and aged for short periods of time 
at temperatures below 400 to 500°C (750 to 930°F). It will be 
shown in another paper (5) that good ductility is restored to alloys 
so treated when the aging period is extended well beyond the time 
during which the peak hardness and the omega phase occur. 

The omega phase has now been found in specimens of several 
different alloy systems, as may be observed in Table III. It will be 
noted that the specimens of the several alloys which were hardened 
by a heat treatment all contained the omega phase. In general, 
omega was never detected by X-ray diffraction unless the hardness 
was 400 VHN or higher. The omega phase is apparently a transition 
phase in the decomposition of certain beta compositions. It is ob- 
served early in the transformation process. and later disappears. 
According to the information in Table I, the reaction involving omega 
could be written 

Bo —> Br + w—> Bu +a, 
or, if there is no essential difference between B,; and Bu, 
Bo —> Bu +o 
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The additional reaction, By —a-+ Ti-Mn compound, may occur 
under equilibrium conditions, but the eutectoid transformation was 
not detected in the present work. 

The possibility that omega requires impurity atoms in its struc- 
ture is being investigated, as is the possibility that it is impurity- 
sensitive. A Ti-—7.72% Cr alloy made from iodide titanium and 
electrolytic chromium, which was quenched from the beta field 
(927 °C) and aged 4 hours at 370°C (700 °F), gave a diffraction 
pattern of omega phase about as strong as that observed in the same 
composition made from sponge titanium. As quenched, the specimen 
had a hardness of 355 VHN. This increased to 542 VHN during 
the aging treatment. Thus, the phase is associated not only with 
commercial-purity titanium, but also with purer materials. 

Some preliminary experiments have been made to determine 
whether residual hydrogen might be associated with omega phase. 
(Hydrogen is present even in iodide titanium.) A specimen of the 
same Ti—7.72% Mn alloy used for the isothermal transformation 
studies was held under high vacuum for 4 hours at 900 °C (1650 °F). 
This treatment is very effective in removing dissolved hydrogen. It 
was then sealed in a Vycor tube, beta-ized at 950°C (1740 °F), 
quenched in water, and finally aged 16 hours at 370°C (700°F). 
In this condition, the specimen had a hardness of 540 VHN. An 
X-ray diffraction examination revealed that it contained about the 
same amount of omega as is found in nondegassed samples given 
suitable heat treatment. 

These experiments are being continued. However, the evidence 
accumulated thus far indicates that omega is not an impurity phase, 
nor an impurity-sensitive phase, but is a transition phase character- 
istic of titanium-base alloys. 


SUMMARY 


The isothermal-transformation characteristics of titanium-manga- 
nese alloys containing 2.91, 7.72, and 12.3% manganese were studied. 
The Ti—2.91% Mn alloy, quenched from 950 °C (1740 °F), trans- 
formed to martensitic alpha prime at temperatures below 520 to 535 

C (970 to 995 °F). The other two alloys, quenched to room tem- 
perature, retained the beta phase. Upon holding at temperatures be- 
tween 450 and 650°C (840 and 1200 °F), all three alloys trans- 
formed partly to alpha’ by a nucleation and growth process. No 
evidence of a titanium-manganese compound was found by X-rays or 
by light microscopy after transformation periods of up to 312 hours. 

Additional evidence of the omega phase is presented. It has 
been found by X-ray diffraction in specimens of binary alloys of 
manganese, chromium, iron, and molybdenum made from commercial 
sponge titanium. It has also been found in a Ti—8% Cr alloy made 
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from iodide titanium. The structure and origin of this phase have 
not yet been established. 
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DISCUSSION 


Written Discussion: By W. Rostoker, senior metallurgist, and D. W. 
Levinson, research metallurgist, Metals Research Department, Armour 
Research Foundation of Illinois Institute of Technology, Chicago. 

There are three points of discussion which we would like to raise con- 
cerning the text of this paper: 

1. On the third page, the authors have used a most unusual method 
of determining the eutectoid temperature. The implication seems to be 
that the martensitic alpha prime phase should disappear by reheating to 
temperatures above the eutectoid temperature. It does not seem reason- 
able that the tempering process of alpha prime should necessarily be con- 
nected with the eutectoid temperature. One might expect, as the authors 
possibly have, that alpha prime tempers by rejection of the intermediate 
phase TiMn below the eutectoid temperature and by rejection of beta 
above the eutectoid temperature. However, there is no reason to exclude 
the possibility that the alpha prime phase might also proceed to another 
state of metastability below the eutectoid temperature by precipitating 
beta. Until the mechanisms and kinetics by which alpha prime tempers 
have been fully established, the authors are not justified in using this 
method of establishing a eutectoid temperature. 

2. The isothermal transformation diagrams seem to be quite incom- 
plete. The single C-curves shown are presumably to delineate the start 
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of alpha precipitation. But what of the curves of completion of transfor- 
mation? The authors have arbitrarily limited their studies to below the 
eutectoid temperature when in fact the rejection of alpha from beta occurs 
over the much wider range of temperatures between the M, and beta/ 
alpha plus beta critical temperature. In the case of the 2.91% manganese 
alloy, there is an uninvestigated temperature range of 300°F (150°C) or 
more. 

3. The occurrence of a transition phase is certainly an important dis- 
covery. However, the interpretation of the evidence is open to some ques- 
tion. The lattice designation “pseudocubic” used by the authors is not 
familiar to us. We are only aware of the 14 lattices given in standard 
texts. In addition, the reason for the choice of lattice constant of 8.00 A 


for the omega phase is not apparent, since the data for the omega phase 








850 
Commercial | 
RC-I30A 
750 ene RE 2 — 
Li 
. | 
= | 
~~ | 
o 650+— - or a — — - bt 
@ | 
Qa | 
. From 
a Fig.8 
550 SI ! 
450 S 
0.1! 10 io? 10° 


Time, seconds 


Fig. 17—-Transformation Start Curves for Commercial RC-130A and 
7.72% Manganese Alloy of Fig. 8. 


presented in Table II can be indexed on a smaller cubic cell of edge dimen- 
sion 5.60 A. 

Written Discussion: By C. W. Phillips, instructor, University of 
Michigan, Ann Arbor, Mich. 

Work done on 0.1-inch plugs of a commercial Ti-Mn alloy, RC-130A, 
with 7.9% manganese and 0.13% carbon, solution-treated 1 hour at 1650 
F (900°C) in argon resulted in the TTT-diagram presented in Fig. 17. 
The curve of Fig. 8 is reproduced for direct comparison. It is obvious 
that marked differences in reaction times may occur in alloys of the same 


nominal composition. The reason for this is not certain, but it has been 
stated that oxygen which would be expected to be present in greater 
amount in commercial alloys has an accelerating effect. Carbon, which is 
also an interstitial element in titanium, may also contribute. 
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Fig. 18—Rockwell C Hardness Curves of Isothermally Transformed 
Commercial RC-130A. 


Rockwell C hardness determinations of several of these isothermal 
transformation series (five impressions per sample) are shown in Fig. 18. 
Using the RC-VHN conversion for steel as given in the ASM Merats 
HANDBOOK, it is seen that the commercial alloy is generally harder for a 
given transformation temperature, but the relative positions and trends 
of the curves are similar. The sharp drop of the 840°F (450°C) curve in 
Fig. 14 near 1 hour appears to be due to experimental variation; the 
greater area of impression of the Rockwell C test would be expected to 
give more uniform results, since the material is coarse-grained. 

The black particles noted in Fig. 4 were also found in the commercial 
alloy. 

The X-ray line observed at 39.9°@ using Cu radiation, attributed to 
the omega phase, was observed on spectrometer traces of samples trans- 
formed at 850 °F (455°C) between 0.1 and 1 hour. 

This work was done at the University of Michigan Engineering Re- 
search Institute under Contract DA-20-018S-ORD-11456, U. S. Army Ord 
nance Corps, Watertown Arsenal Laboratory. 


Authors’ Reply 


The authors wish to thank Messrs. Rostoker and Levinson, and Mr. 
Phillips for their appropriate comments on this paper. 

The method of determining the approximate eutectoid temperature 
of the Ti-Mn alloys, perhaps, was not sufficiently clarified in the paper. 
It was not intended to provide an accurate determination of this temper- 
ature, but merely a check on established values. Actually, we were not 
concerned with the mechanism of tempering of alpha prime, but rather 
with the transformation of a part of the alpha prime to beta at tempera- 
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tures above the eutectoid. We realized that there was a slight possibility 
of a metastable beta phase being rejected during the tempering of alpha 
prime below the eutectoid temperature. Such a reaction was considered 
very unlikely, however, and since the appearance of the first traces of 
retained beta in the microstructures coincided with the established value 
of the eutectoid temperature for Ti-Mn alloys made from sponge titanium, 
we felt justified in reporting this method. The same technique was used 
in checking the eutectoid temperature of Ti-Cr alloys*, and the tempera- 
ture determined was very close to those reported in phase diagrams for 
this system. 

Regarding the completeness of the TTT-diagram, the authors did not 
feel justified in establishing a curve for completion of the alpha transfor- 
mation based upon the data which they obtained. Microscopically, it is 
difficult, if not impossible, to determine completion of transformation at 
temperatures below about 600°C (1110°F). The beta phase cannot be 
resolved in many of the structures, even though lines of strong intensity 
still appear in X-ray diffraction photograms. 

The primary purpose of this work was to obtain information on the 
transformation kinetics of the Ti-Mn system which could be used in de- 
veloping commercial heat treatments. For this reason, reactions above 
the eutectoid temperature were not considered, since it is well known that 
the equilibrium beta existing at these temperatures, if retained by quench- 
ing, is highly unstable at temperatures above about 200°F. Therefore, 
the usefulness of alloys heat treated in this temperature range would be 
very limited. 

As we stated in the text, we do not know the structure of omega 
phase, and, therefore, we did not intend to assign any lattice constant for 
it. Within the low precision of the data in Table II, it is possible to fit 
the interplanar spacings to a cubic cell with a lattice constant of about 
5.65 A, 8.00 A, or other values. However, in certain samples, omega ap- 
pears to be noncubic, specifically in titanium-iron alloys, giving a very 
diffuse pattern of omega. A sensitive test for failure to fit the cubic cell 
consists of measuring the separations of the diffuse omega reflections from 
the adjacent (110) and (211) reflections of cubic untransformed beta. In 
some cases, the phase appeared to be pseudocubic in the sense that the 
pattern departed only slightly from cubic symmetry. 

It is hoped that further work will permit the determination of the 
structure and composition of omega and give more information about the 
mechanism of transformation. 

The authors were pleased to learn of Mr. Phillips’ detection of X-ray 
diffraction lines of the omega phase in isothermally transformed RC-130A. 
The differences in reaction times between RC-130A and the Ti-7.72% 
Mn alloy described in this paper are probably associated with the relative 
amounts of interstitial impurities as suggested by Mr. Phillips. 


2p, D. Frost, W. M. Parris, L. L. Hirsch, J. R. Doig and C. M. Schwartz, ‘‘Isotherma] 
Transformation of Titanium-Chromium Alloys’. See this volume of TRANSACTIONS. 
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EFFECT OF DISPERSIONS OF CuAl, ON THE ELEVATED 


TEMPERATURE TENSILE PROPERTIES OF 
ALUMINUM-COPPER ALLOYS 


By C. D. Starr, R. B. SHAw aAnp J. E. Dorn 


Abstract 


The tensile properties of 3, 4 and 5% copper- 
aluminum alloys containing a dispersion of CuAl, particles 
in an aluminum-copper solid solution were investigated 
over the temperature range from 295 to 700°K. In 
contrast to low temperature properties, the stress-strain 
curves at intermediate temperatures did not form an 
homologous family because the coarser dispersions re- 
covered at a slower rate than the finer dispersions. Con- 
sequently, in the vicinity of 500 °K the coarser dispersions 
were stronger than the finer dispersions. At higher tem- 
peratures where recovery is essentially complete, however, 
the finer dispersions again exhibit a somewhat superior 
flow stress to the coarser dispersions, in harmony with 
the trends at low temperatures. 


ANY alloys commonly used for high temperature service con- 

sist of hard, brittle constituents dispersed in a ductile phase. 
It is now known how the low temperature plastic properties of such 
alloys depend on the fineness of the dispersion (1-3)*. But no 
systematic investigation has yet been reported on the influence of 
such dispersions on the elevated temperature plastic properties of 
alloys. The primary objective of this investigation is to determine 
the effect of dispersions of CuAls in a saturated solid solution of 
copper in aluminum on the elevated temperature properties of high 
purity aluminum-copper alloys. 

The selection of aluminum-copper alloys for the proposed in- 
vestigation was based on the following considerations: 

1. The effect of temperature on the plastic properties of high 
purity alpha solid solutions of copper in aluminum is now known 
(4, 5}. 

2. The effect of CuAly dispersions on the plastic properties of 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
3oston, March 4 and 5,'1954. Of the authors, C. D. Starr and R. B. Shaw are 
research engineers, and J. E. Dorn is professor of physical metallurgy, Univer- 
sity of California, Berkeley, Calif. Manuscript received November 21, 1952. 
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high purity aluminum-copper alloys at low temperatures has been 
established (3). 

3. Complications arising from precipitation, strain aging effects, 
or dissolution of unknown or unsuspected auxiliary dispersed phases 
are known to be largely absent. 

4. Methods of heat treatment to obtain constant grain sizes and 
fairly uniform random dispersions of CuAls in a saturated solution 
of copper in aluminum are known. 


Test MATERIALS 


The chemical composition, grain size, and the volumetric mean 
free path (V.M.F.P. = A) between the CuAls particles in the alloys 
used in this investigation are recorded in Table I. The volumetric 
mean free path between the CuAls particles was defined as the mean 
distance in the alpha phase between the CuAls particles. 


Table I 
Chemical Composition, Grain Size and Volumetric Mean Free Path 


—- ——Composition by Weight*———— 


V.M.F.P. Chemical 
Grain Size in in cm. Analysis ———Spectrochemical Analyses——— 

Dispersion grains/mm. r Cu Si Fe Mn Zn 

3a th of = Goes 3.05 0.002 0.002 trace 0.0004 

4% F 2.3 0.00078 

4% M ane 0.00155 4.03 0.002 0.002 0.001 0 0004 

4% C 2.4 0.0064 

5% F 2.1 0.00062 

5% M aa 0.0047 5.05 0.003 0.002 0.002 0.0006 

5% C ai 0.0069 


*Chemical analyses by courtesy of the Aluminum Company of America Research Laboratories. 
+F =fine; M =medium; C =coarse. 


The volumetric mean free path (V.M.F.P.) was calculated by 
assuming that each intermetallic compound of uniform radius r was 
surrounded by a spherical domain of uniform radius R representing 
the volume of the particle of the CuAle and its associated solid 
solution. The calculations were thus reduced to a simple problem 
of geometrical probabilities. The values of r and R were calculated 
from experimental data on the number of particles per unit area on 
a plane of polish, (N), and the volume fraction, f, of the particle to 
the alpha solid solution by the following equation 





ia A ni gi 2 ce 
{1 —/1 — (r/R)*} 
and . 
Lis r 
aa 2 R® Equation 1 
Sis tL 


es 


(= 
: 
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Fig. la—Stress-Strain Curves for 5% Coarse and 4% 


Coarse Copper- 
Aluminum Dispersion Alloys. 


Table II 
Heat Treatments for Dispersions of CuAl.* 

Designation Recrystallization - Preliminary Aging Treatment Grain 

% Cu Time Temp. Time Temp. Time Temp. Sizet 
Dispersion min. Cc Hrs. e Hrs. Cc grains/mm. 

3-C 2% 540 W.Q. 24 455 2.3 

3-N 3 540 W.QO. 4 455 W.Q. and 3 350 2.4 

4-C 2% 540 W.Q. 24 465 2.4 

4-M 2% 540 W.Q. lo 440 A.C. and 3 350 2:3 

4-F 1% 540 W.Q. 0.025 415 W.Q. and 3 350 ace 

5c 4 540 W.Q. 1 525 2.3 

5-M 3% 540 W.O. i 500 2.2 

5-F 2% 540 W.Q. 0.025 525 W.Q. and 1 400 2.1 


*Symbols: C =coarse; M =medium; F =fine; W.Q. =water-quenched; A.C. =air-cooled. 
+By intercept method. 


Since the derivations of these equations have been given in a 
previous paper (3), they will not be reproduced here. The mean free 
paths recorded in Table I are average values estimated from a number 
of independent measurements. 
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Fig. 1b—Stress-Strain Curves for 3% Coarse and 5% Medium 
Copper-Aluminum Dispersion Alloys. 


The special heat treatments employed to obtain fairly random 
dispersions of CuAle in the form approximating fairly uniform 
spheroids dispersed in an alpha solid solution of copper in aluminum 
of constant grain size are recorded in Table II (3). 

Following the treatments shown in Table II the alloys were > 
annealed for a total of 96 hours at 578 °K before testing. Precision 
lattice constant determinations revealed that the resulting alpha solid 
solutions contained about 0.19 atomic % copper. 


EXPERIMENTAL RESULTS 


The plastic properties of the dispersion alloys are reported in 
Figs. la to 1d in terms of true stress —true strain curves for a series 
of temperatures up to 700°K. The plastic strains were determined 
to an accuracy of +0.001 and the stresses were evaluated to an 
accuracy of better than +25 psi. All tests were conducted at a strain 
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Fig. 1c—Stress-Strain Curves for 4% Medium and 3% Medium 
Copper-Aluminum Dispersion Alloys. 


rate of 0.118 per minute. The temperature was held to within +2 °C 
of the reported value throughout each test. 

For purposes of comparison, analogous data for an alpha solid 
solution having a mean grain diameter of 0.30 millimeter and con- 
taining 0.19 atomic % copper are shown in Fig. 2. These data were 
obtained by interpolation of previously reported data on the plastic 
properties of alpha solid solutions (5). 


DISCUSSION OF RESULTS 


A comparison of Figs. 1 and 2 reveals the anticipated trend that 
the alloys containing dispersions of CuAly have greater resistance to 
plastic deformation than the alpha solid solution at all test temper- 
atures. Thus hard dispersed phases strengthen alpha solid solutions 
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Fig. 1d—Stress-Strain Curves for 5% Fine and 4% Fine Copper- 
Aluminum Dispersion Alloys. 


at elevated temperatures as well as at low temperatures. But the 
increase in deformation strength arising from the dispersions is 
greater at the low temperatures. 

The data given in Figs. la to 1d suggest that the plastic prop- 
erties of dispersions at elevated temperatures depend on the mean 
free path independent of alloy content somewhat analogous to the 
previously reported data for low temperatures (3). 

In order to illustrate more clearly the effect of temperature, the 
original data for the 5% coarse dispersion are replotted in Fig. 3 in 
terms of the flow stress at various strains as a function of the test 
temperature, 
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Fig. 2—-Stress-Strain Curves for Aluminum-Copper Solid Solutions 
Containing 0.194 Atomic % Copper. 


Similar curves for a 0.19 atomic % copper alpha solid solution 
are shown in Fig. 4. A plateau in the stress-temperature diagram 
occurs just below 422 °K for the alpha solid solution alloy. This 
plateau was observed in a previous investigation for very dilute alpha 
solid solutions containing concentrations of alloying elements that 
were well within the solubility limits; such plateaus which were ab- 
sent in high purity aluminum were ascribed to a Cottrell interaction 
between the moving dislocations and their diffusing atmosphere of 
solute atoms; additional evidence of the validity of this explanation 
was presented previously (4). 

The data given in Fig. 3 reveal that the same plateaus are 
present in the dispersion alloys. Since these alloys were aged at 578 

K, it is possible that these plateaus might be caused by minor 
amounts of precipitation from the supersaturated solid solution during 
straining at the lower test temperatures. But the fact that no evidence 
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Fig. 3—Effect of Test Temperature on the Flow Stress of a 5% Copper-Aluminum Alloy. 
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Fig. 4—Effect of Test Temperature on the Fiow Stress of Alpha Solid Solu- 
tion of Aluminum Containing 0.194 Atomic % Copper for a Series of Strains. 


of strain aging was detected during these tests or those on the dilute 
alpha solid solutions suggests that the plateaus for these alloys are 
also the result of solute atom-dislocation interaction in the solid 
solution matrix. 

Above 422 °K, the rate of strain hardening rapidly diminishes 
with increasing temperature until at 700 °K practically no strain 
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Fig. 5—X-Ray Back-Reflection Photograms of a Series of 
Fractured 5% Copper-Aluminum Coarse Dispersion Alloys. 
(T = Test temperature; e¢ = Strain to necking.) 
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Fig. 6—Effect of Volume-Free Path on the Deformation Stress of Aluminum- 
Copper Alloys at a Plastic Strain of e = 0.10. 


hardening occurs because of the rapid rates of recovery and polygoni- 
zation. Such polygonization is shown by the Debye-Scherrer back- 
reflection radiograms* of Fig. 5 following fracturing of the 5% coarse 
dispersion alloys at a series of temperatures from 78 to 700 °K. For 
temperatures below 422 °K, the specimens exhibit diffuse X-ray dif- 
fraction arcs commonly observed in cold-worked metals. At high 
temperatures, i.e., 700 °K, the photograms show small arcs composed 
of a series of sharp distinct diffraction spots which are typical of 
polygonized structures. In the intervening temperature range, the 
photograms exhibit a uniform trend from the diffuse arcs to the 
distinct diffraction spots. Since metallographic examination of the 
gage section of the test specimens also showed that neither recrystal- 
lization nor grain growth had occurred during the test, the precipitous 
drop in the deformation strength at temperatures just above 422 °K 
is ascribed to crystal recovery. 

It was previously demonstrated that, at low temperatures, the 
deformation strength o of an alloy containing CuAl, particles dis- 
persed in an alpha solid solution of copper in aluminum was given 
by (3) 


e¢=A (T,e) xe Equation 2 


“All radiograms were taken using a copper target operated at 40 kilovolts and 15 mil- 
liamperes. A small pinhole covered with a nickel filter and 0.27 millimeter diameter was 
used with a film-to-specimen distance of 2 centimeters. All exposures were 6 hours long. 
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Fig. 7—Effect of Temperature on the Deformation Strength of a 5% 
Copper-Aluminum Alloy and a Solid Solution Aluminum-Copper Alloy at a 
Strain of e— 0.10. 


where 
\ = mean free path between the dispersed particles 
n = aconstant of the order of magnitude of 0.15 to 0.10, 
dependent on the strain only 
A (T,e) = aconstant dependent on the temperature and strain. 


This suggests that at a prescribed strain, the logarithm of the defor- 
mation strength decreases linearly with the logarithm of the mean 
free path, the slope of the curve being independent of temperature. 
The temperature independence of n is readily acceptable, since it 
merely implies that the increase in the flow strength is simply a 
function of the dispersion. The current data, as shown in Fig. 6, 
however, suggest that the same value of n is obtained from 78 to 
380 °K and again at 700 °K; at 420 °K and somewhat above 600 °K, 
n is practically zero, whereas n is negative at the intervening tem- 
peratures between about 450 °K and about 650 °K. Thus the coarser 
dispersions are noted to be slightly stronger than the finer dispersions 
over this intervening range of temperatures. 
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This observation might at first appear to be somewhat un- 
expected and anomalous. The reason for this observation, however, 
is clarified by the typical results for the coarse and fine dispersions 
of the 5% copper alloy shown in Fig. 7. Evidently the alloy having 
the more finely dispersed structure begins to recover at a lower 
temperature ; and somewhere above 422 °K it recovers more rapidly 
than the alloy having the more coarsely dispersed structure. But at 
700 °K the recovery rate for both dispersions appears to be so great 
that the deformation strength is practically independent of strain. 
Consequently, from about 450°K to about 620 °K the coarser dis- 
persion alloy exhibits the higher strength but at 700 °K the normal 
trend of increase in strength with refinement of dispersion again 
prevails. Undoubtedly these same factors play a significant role in 
the creep properties of dispersion alloys. 


CONCLUSIONS 


1. Alloys, consisting of a dispersion of CuAls particles in an 
alpha solid solution of copper in aluminum, exhibit superior tensile 
properties to the alpha solid solution at all test temperatures. 

2. At low temperatures where recovery is insignificant and at 
high temperatures where recovery is more rapid than strain hardening, 
the usual increase in tensile properties with fineness of dispersion is 
obtained. 

3. In the intervening range of 450°K to about 620°K, the 
coarser dispersions give superior tensile properties. This inversion 
is attributed to the slower recovery rates of the coarser dispersions. 
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DISCUSSION 


Written Discussion: By W. R. Hibbard, Jr., and R. W. Guard, Re- 
search Laboratory, General Electric Co., Schenectady, N. Y. 

The data presented by the authors on the properties of dispersion- 
strengthened materials are a welcome addition to the literature on the 
properties of metals at elevated temperatures. However, it does not 
appear to be conclusive that the behavior observed in the intermediate 
temperature region can be attributed to simple differences in dispersion 
strengthening. This is particularly true in view of the facts that different 
treatments were used to obtain different dispersions. In order to clarify 
this point, would the authors care to comment on the following: 

1. Does all of the precipitation which occurs during the treatment 

at 578 °K occur on previously nucleated particles ? 

2. Did they examine the “coarse” dispersions carefully at x 2000 
in order to establish that there were no particles other than the large 
ones which are visible at xk 500? M. L. V. Gayler® has published 
photomicrographs of a similar alloy (Al—4 Cu) aged four days at 
300 °C which shows a-considerable number of particles which would 
not be resolved at x 500. 

3. Do the treatments used insure complete transformation of the 

precipitate to CuAl (@) rather than the unresolvable transition pre- 

cipitate (6°)? Wassermann*‘ indicates that aging for 50 to 100 hours 
at 300 °C (578 °K) results in a mixture of 50% @ and 50% @. 

It is probable that during test at temperatures below the final aging 
temperature (578 °K), additional precipitation may occur under the stim- 
ulus of stress. Unless this precipitation occurs on existing particles and 
is kinetically independent of the existing particle distribution, it is prob- 
able that relative strength of the materials with various dispersions will 
be affected. A different effect might occur during tests at higher tem- 
peratures; namely, the tendency for agglomeration and re-solution will 
certainly be a function of the particle size. Thus, at higher temperatures 
the alloys with various dispersions may have different amounts of copper 
in solid solution. In Fig. 7, the two dispersions have nearly equal strength- 
ening effects at 600 °K, approximately the temperature of the final aging 

°M. L. V. Gayler, Proceedings, Royal Society (London), Vol. A173, 1939, p. 83-91. 

*G. Wassermann, Zeitschrift fiir Metallkunde, Vol. 30, 1938, p. 62-67. 
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treatment. Below this temperature the coarser dispersion produces more 
strengthening, possibly because it is less likely that additional precipitation 
will occur in existing particles. Above this temperature the finer dispersion 
produces slightly more hardening, possibly because there is less tendency 
to agglomerate, and more tendency for re-solution. Additional solute will 
tend to resist recrystallization and cause more strain hardening. 

Unless it can be clearly shown that the dispersions obtained by the 
different treatments vary only in size and that they are equally resistant 
to solution and/or agglomeration, it does not seem entirely proper to 
attribute the behaviors observed to differences in dispersion size alone. 


Authors’ Reply 


The authors would like to thank Messrs. Hibbard and Guard for their 
pertinent discussion and questions. 

It appeared to the authors that most if not all of the auxiliary pre- 
cipitation of CuAls during the final aging at 578 °K occurred on previously 
precipitated particles of CuAl. This was suggested by the fact that rela- 
tively few isolated fine particles were noted at x 2200 magnification fol- 
lowing the final aging of even the coarsest dispersion alloy. Of course 
some small unresolvable particles might have formed and thus escaped 
detection. The rare incidence of the few resolved fine particles in the 
coarsest dispersion permitted the use of X 500 magnification without 
introducing serious errors in the mean free path determinations. The« 
retention of some of the coherent 6 was considered unlikely in the present 
alloys. No broadening of the lines of back-reflection Debye-Scherrer 
X-ray radiograms was detected and no crystallographically oriented etch- 
ing streaks were detected in the microstructures. But it was not possible 
to be positive that no #& was present from this evidence alone. 

Although strain aging might have influenced the stress-strain curves 
at low temperatures, no effects of strain aging were noted and the same 
effects of dispersions on the stress-strain curves were obtained over the 
range from 78 to 380°K. And although the alpha matrix at 700 °K might 
have contained more copper in solution, the same effects of dispersions 
were again obtained. Only in the range of from slightly below 422 °K to 
slightly above 600 °K, where recovery first becomes pronounced, were any 
anomalous results obtained. It therefore appears that the trends observed 
below 422 °K and above 600 °K were attributable principally to the differ- 
ences in dispersions, whereas the anomalies obtained in the range of 422 
to 600 °K were ascribable to differences in the recovery processes for the 


variously dispersed alloys. 





A HYPOTHESIS FOR THE BORON HARDENABILITY 
MECHANISM 


By J. W. SpRETNAK AND RUDOLPH SPEISER 
Abstract 


A working hypothesis for the mechanism of the boron 
hardenability effect is formulated from a critical appraisal 
of existing knowledge on boron metallurgy and of the 
fundamental mechanisms of retarding the rate of decom- 
position of austenite in steels. The wmportance of the 
allotropic transformation in determining the kinetics of 
decomposition of austenite is discussed; the conditions 
leading to partitioning of alloying elements in the for- 
mation of proeutectoid ferrite and pearlite are evaluated. 
It is postulated that ferrite forms from austenite by a 
shear mechanism and that the boron effect is a_ solid 
solution effect giving rise to scattering points which act as 
impediments to the shearing process. The magnitude of 
the strain energy effects in austenite is calculated for 
carbon, nitrogen and boron. 


HE USE of small amounts of boron to enhance the hardenability 
£ of heat treatable steels is a well-established procedure in the 
technology of hardenable steels. From the technical viewpoint, the 
unique effect of boron is of importance because, at present, it is the 
only workable substitute for the common alloying elements such as 
chromium, nickel, and molybdenum which will probably continue to 
be short in supply. From the scientific point of view, the problem is 
of particular interest because of the concentrations of boron involved. 
A typical boron content of 0.001% amounts to a ratio of 19,300 atoms 
of iron to one atom of boron, or 4800 unit cells of gamma iron to one 
atom of boron. The elucidation of the mechanism of the boron effect 
undoubtedly will involve a clarification of the basic mechanisms by 
which ‘hardenability in steels is enhanced by alloying elements in 
cveneral. 

A program of fundamental research on the mechanism of the boron 
hardenability effect has been initiated by the Aeronautical Research 
Laboratory, Wright Air Development Command. In the initial phase 

This research on the mechanism of the boron hardenability 
the Aeronautical Research Laboratory, Wright Air 
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Development Command, under Contract 
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of the research at the Ohio State University, it was judged advisable 
to formulate a working hypothesis for the boron mechanism as a 
guide to planning experimental work. The following is an account 
of the evolution of the hypothesis based on a critical evaluation of the 
existing knowledge on the chemistry and metallurgy of boron (1)? 
and on mechanisms of enhancing hardenability of heat treatable steels. 


SPECIFIC EFFECTS OF BoRON 


It is logical first to consider the specific effects of boron in hard- 
enable steels. The principal effect, of course, is a significant increase 
in hardenability with as little as 0.0005% boron; i.e., the critical cool- 
ing rate is decreased by boron. The effectiveness of boron is inversely 
proportional to the carbon content and is essentially nil at eutectoid 
composition. There is some divergence in opinion as to whether or 
not boron exerts an effect in hypereutectoid steels. However, the 
best information indicates that the boron effect is indeed restricted 
to hypoeutectoid steels. This point should be established definitely 
by experimentation, since it is important fundamentally. Accepting 
the above tentative conclusion, one can state, consequently, that the 
effectiveness of boron is inversely proportional to the amount of pro- 
eutectoid ferrite characteristics of the carbon content. 

Examination of transformation diagrams of boron steels leads to 
some general observations (2) : 

1. Boron effectively delays the start of transformation in the 
temperature range from Aeg to roughly the middle of the bainite 
range. 

2. Boron likewise delays the beginning of the transformation to 
pearlite following the formation of proeutectoid ferrite. 

3. Boron has essentially no effect on the time for completion of 
the transformation. A single exception can be cited for the upper 
bainite region just under the nose of the curve. This region will be 
discussed in a subsequent section. It appears that this effect is a 
result of a change in the basic transformation mechanism induced by 
boron in this temperature range. 

From the viewpoint of engineering properties, it may be said that, 
in general, boron imparts only a hardenability effect without a change 
in the inherent combination of mechanical properties when quenched 
out to martensite. Care must be exercised, in comparing properties, 
always to take into account the base composition of the steels. There 
are some reports that boron reduces impact properties, but this point 
needs clarification. 


GRAIN BOUNDARY EFFECTS 


There have been at times suggestions that boron in steel may 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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form a film entirely around the austenite grain which is responsible 
for the boron hardenability effect. The possibilities of forming such a 
continuous film were examined in a prior publication (3) for ASTM 
grain sizes | to 10 inclusive and for a boron range of 0.0005 to 0.0030 
weight per cent. The monatomic boron film was considered to be 
composed of equilateral hexagons. The hypothetical cases of 100% 
and 10% adsorption were considered (all boron atoms in a grain and 
10% of all boron atoms in a grain respectively are located at the grain 
surface). The calculations show that even for 100% adsorption, the 
continuous film could form only on the smaller grains at the higher 
boron contents. For the best case of grain size No. 1 and 0.003% 
boron, the required degree of adsorption was calculated to be 3.9%. 
The degree of adsorption at grain boundaries is restricted by the 
solubility of the solute in the solvent lattice. Taking into account this 
restriction, it is concluded that the formation of a continuous boron 
film in austenite grain boundaries is highly unlikely and that the boron 
hardenability effect cannot be attributed to such a film. 

Although it is very unlikely that either a boron film or an iron 
boride film is the underlying boron hardenability mechanism, the 
possibility of adsorption effects involving boron in solid solution in 
austenite appears to be of primary importance in explaining some 
aspects of the boron hardenability effect. By adsorption it is meant 
the enrichment or depletion of a solute atom in the vicinity of the 
grain boundary without precipitation as a result of surface tension 
effects. Positive adsorption signifies an enrichment of the grain 
boundary and negative adsorption a depletion of the solute at the 
grain boundary. The underlying principle of adsorption effects is the 
minimizing of the total free energy of the system by minimizing the 
surface energy. A solute species with surface tension lower than the 
solvent species would tend to concentrate at the grain boundary and, 
in the reverse case, in the interior of the grain. Effects of this type 
have been reported previously in the literature for aluminum-copper 
alloys (4) and for zinc-copper alloys (5). 

Spretnak and Speiser (6) have examined the thermodynamic 
conditions leading to adsorption effects. The following basic equation 
[originally derived by Guggenheim (7) | is given: 





..? > . 
Nz (— — — ) =— ee ——— Equation 1 
Ne N, RTO In (feNe) 
where 
N:, Ne = mole fraction of solvent and solute respectively in the homogeneous 
phase 
I’ = surface excess 


Y = surface tension 

R = gas constant 

T = absolute temperature 

fs = activity coefficient of solute in the homogeneous phase. 
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Positive adsorption occurs when 
r,? a I, 
Ne WN, 


and negative adsorption occurs when 


I xamination of Equation 1 shows that if the surface tension de- 
creases as the mole fraction of solute in the homogeneous phase is 
increased, an excess of solute will be present in the surface phase, 
whereas if the surface tension increases, there will be a deficiency 
of the solute in the interface. 

[t was further demonstrated that the temperature coefficient of 
adsorption is positive if the temperature coefficient of the surface 
tension is negative. Also, the positive adsorption at the interface is 
greater, the greater the positive deviation of the homogeneous phase 
from Raoult’s law. Phase separation can be considered as a case of 
extreme physical adsorption at the interface. Carbon has been found 
to exhibit a marked positive deviation in austenite (8). Since one 
would expect the surface tension of solid iron to decrease with tem- 
perature, carbon will concentrate increasingly at the austenite grain 
boundaries with rising temperature and will diffuse away from the 
grain boundary with decreasing temperature. Formation of pro 
eutectoid ferrite can be considered to be a case of extreme negative 
adsorption on reduction of temperature into the subcritical range. 

There are no direct data as yet on the activity of boron in aus- 
tenite. However, certain aspects of the hardenability effect strongly) 
point to the occurrence of significant adsorption effects of boron in 
gamma iron. Important to consider in this respect is the metallo- 
graphic test for boron (9). Briefly, the process is to austenitize the 
specimen at a very high temperature, quench rapidly to a subcritical 
temperature at which a ferrite rim can form, and finally quench to 
room temperature in order to convert the remaining austenite to 
martensite. The boron precipitate occurs as fine dots in the ferrite 
rim. It is evident that the solid solution at the grain boundary 
brought down from the high temperature must become a_ super- 
saturated solid solution at the reaction temperature ; the concentration 
at the high temperature must be more than the solubility at the ferrite 
reaction temperature. This enrichment can be explained by increas- 
ing positive adsorption of boron with increasing austenitizing temper- 
ature. It is also necessary to cool rapidly through the austenite range 
to prevent diffusion of boron from the grain boundary to the interior 
of the grain as discussed previously for the case of carbon. In agree- 
ment with this explanation, it is observed that the higher the boron 
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content, the lower is the austenitizing temperature required to form 
the boron precipitate. 

It is of interest to consider the order of magnitude of the adsorp- 
tion effects. For the purpose of these calculations, ASTM grain size 
No. 7 is selected and the solubility of boron in austenite is estimated 
to be 0.0015% at the subcritical reaction temperatures ; the enriched 
grain boundary area will be assumed to be 50 A in thickness. For an 
initial boron content of 0.0005%, 0.085% adsorption will be required 
to double the boron content in the grain boundary volume. This 
means that 0.085% of the boron atoms in the interior of the grain 
must diffuse to the grain boundary. To obtain 0.0015% boron (the 
assumed saturation) at the grain boundary, 0.17% adsorption is 
required. In the case of initial content of 0.001% boron, 0.043% 
adsorption would be required for saturation. It is evident that the 
magnitude of adsorption effects to enrich the grain boundary volume 
is of relatively small order. 

In this connection, it is of interest to note that 0.0004% boron 
is reported to be the lower limit for obtaining the boron precipitate 
(10). Using again the assumed solubility of 0.0015% boron at the 
subcritical reaction temperatures, it is evident that, employing the 
iNaxiimum austenitizing temperature, the grain boundary can be en- 
riched by adsorption to a maximum of somewhat over triple the 
average concentration. 


CLUSTERING EFFECTS IN AUSTENITE 


There are two basic steps in the formation of proeutectoid ferrite 
trom austenite in steels. The first step is the depletion of carbon 
content in a region to a concentration corresponding to the solubility 
of carbon in alpha iron. The second step, of course, is the transfor- 
mation of iron from the face-centered lattice to the body-centered 
lattice. The sequence of steps might be argued; namely, that the 
transformation precedes the partitioning of carbon. However, the 
latter sequence is not likely, as will be discussed in detail in the 
section on the mechanism of transformation of austenite to ferrite. 

Thus, an important step in the formation of proeutectoid ferrite 
is the occurrence of embryo of austenite with very low carbon con- 
tents. A schematic diagram is given in Fig. 1 for distributions of 
embryo concentrations in a hypoeutectoid steel for the cases of ideal 
solution behavior, positive deviation from Raoult’s law, and for nega- 
tive deviation from Raoult’s law. The diagram is a method of illus- 
trating the concentration fluctuations in austenite. For the case of 
the ideal solution, the distribution is symmetrical about the average 
composition as the central value. In this case, the probability of ob- 
taining compositions corresponding to either ferrite or cementite is 
low. If carbon exhibits a positive deviation in austenite (as it 
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actually does), then the distribution of compositions is given by Curve 
No. 2. Now the probability of obtaining composition of clusters cor- 
responding to ferrite is relatively high and that for cementite is low. 
If a negative deviation is exhibited, the distribution curve is shifted 
to higher carbon contents, increasing the probability of nucleating 
cementite (Curve No. 3). In a hypoeutectoid steel, the nucleation 


1. Ideal solution 
2. Positive deviation 
3. Negative deviation 


- 


Composition 
| 


2 





Probability 


Fe %C—> 


Fig. 1—Schematic Diagram for Distribution of 
Embryo Concentrations for Ideal Solution Behavior, 
Positive Deviation and Negative Deviation Erom Ideality. 
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Fig. 2—Interstitial Holes in Face-Centered Cubic Lattice. The 
nearest neighbors to an interstitial hole are iron atoms, and the next 
to nearest neighbors are holes. 


of cementite leading to pearlite formation results from a continuous 
enrichment of the austenite ahead of the ferrite, pushing the dis- | 
tribution curve continuously to the right until cementite forms. 
Thus from the viewpoint of composition requirements, the ferrite 
reaction might be influenced by (a) a diminished rate of diffusion of 
carbon, and (b) a change from a positive deviation from Raoult’s law 
of carbon in austenite to a negative deviation (or at least a reduced 
positive deviation). Before evaluating these two possibilities, it is 
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necessary to examine the properties of the interstitial holes in gamma 
iron. 

Fig. 2 illustrates the interstitial holes in the face-centered cubic 
lattice in which the carbon and boron atoms are located. An inter- 
stitial hole is surrounded by six nearest neighbors of iron atoms at a 
distance of 0.5 a, and by 12 next to nearest neighbors of interstitial 
holes at a distance of 0.707 a,. Thus, an interstitial atom is in an 
environment essentially of iron because of the geometry of the lattice. 
The interaction energy falls off as 1/r™ where r is the distance and 
n.is a number from 6 to 10. Assuming n= 6, the interaction be- 
tween an interstitial solute atom and a nearest neighbor interstitial 
atom is about one-tenth that of the interaction with iron. The argu- 
ment against important interaction between carbon and boron is 
strengthened if one considers the concentrations. A composition of 
0.40% carbon and 0.001% boron is assumed with a uniform distri- 
bution of solute atoms. The mole fractions are the following: 


Nc = 0.01832 
Ns = 0.00005 
Nre = 0.98111 


Since the number of holes per lattice is the same as the number of 
iron atoms, the mole fraction of the holes is equal to the mole fraction 
of iron. At this concentration, one out of 55 holes is filled with 
carbon and one out of 19,300 holes is filled with boron. Consider 
next a given carbon atom. It is surrounded by six nearest neighbors 
of iron and twelve next to nearest interstitial holes. The probability 
of any given hole being filled with boron is 0.00005. The probability 
that this carbon atom will have a next to nearest boron neighbor is 
0.0006, or six chances in ten thousand. Thus, from these arguments 
it is very unlikely that there is any important chemical interaction 
between carbon and boron atoms in gamma iron. Each would be 
expected to behave as they do in binary solid solutions in gamma iron. 

Because of this likely lack of interaction between boron and 
carbon, it is presumed that boron does not have an important effect 
on the diffusivity of carbon in austenite. Molybdenum, a strong 
carbide-former but a substitutional alloying element, was found to 
have but a minor effect on diffusivity of carbon compared to the 
hardenability effect (11). For an 0.80% carbon, 0.80% molybdenum 
steel, the time of the pearlite formation was increased by a factor of 
28,000 as compared to a plain carbon steel but the diffusivity of 
carbon was decreased by a factor of only 5. Despite these arguments, 
the effect of boron on the diffusivity of carbon in austenite probably 
should be checked experimentally. The probability of boron causing 
carbon to show a negative deviation in solid solution can be considered 
to be nil. 


Out of these considerations comes the question as to what effect 
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increasing the carbon content will have on the solubility of boron in 
gamma iron. As more carbon atoms are introduced into the lattice, 
more strain energy arises. This in general would be expected to 
reduce the ability of boron to fit into the interstitial sites and thus 
clecrease the solubility. The effect of carbon content on the solubility 
of boron in austenite should be checked. If such an effect is observed, 
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Fig. 3—Isothermal Transformation Kinetics of a Mn-Cr- 
Si Steel With and Without Boron at 650 and 600°C (12). 


it could explain in part the decreased effectiveness of boron with 
increasing carbon content. 


TRANSFORMATION KINETICS IN A BORON STEEL 


Gudtsov and Nazarova (12) have studied in detail the kinetics 
of decomposition of austenite in a base composition steel with and 
without boron. The steel was a manganese-silicon-chromium steel 
of the following composition : 


C Mn Cr Si B 
0.30 1.20 1.30 1.30 0.0017 


The progress of isothermal transformation was followed by magneto- 
metric methods. 
The fraction transformed is plotted against the logarithm of 
elapsed time in seconds in Fig. 3 for 650 and 600 °C (1200 and 1110 
F) for the base composition and for the base composition with 
0.0017% boron. The temperature of 650°C (1200 °F) corresponds 
to the pearlite knee and 600°C (1110°F) is in the upper bainite 
region. Both curves at 650°C (1200°F) and the curve for the 
boron steel at 600°C (1110°F) are typical sigmoid curves of the 
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type expected for isothermal nucleation and growth reactions. The 
base composition steel gives a highly distorted sigmoid curve at 600 
C (1110°F). None of the four curves are parallel to a computed 
curve in which the rate of nucleation and the rate of growth remain 
constant. Thus, it is clear that either or both of these factors vary 
during the transformation. At both temperatures, it is apparent that 
boron delays the initiation of the transformation, but has little effect 
on the time for completion of the transformation. 
The basic equation for an isothermal nucleation and growth 
reaction is given by Johnson and Mehl (13) as 


, \ ee fe 
f(t) = 1— exp ) = NG't'( Equation 2 


where 
f(t) = fraction transformed 
N = rate of nucleation expressed as number of nuclei per unit volume 
of untransformed matrix per unit time 
G = rate of growth of a nucleus expressed as increase in radius 
per unit time 
t = elapsed time 


A reaction proceeds by nucleation and growth if a thermodynamically 
stable nucleus forms and grows by diffusion across the interface 
formed by the stable and the metastable phase. The kinetics of such 
reactions is complicated by impingement of growing nuclei. 

It is desirable to analyze the curves of Fig. 3 in terms of N 
and G. A simplifying assumption is made that the rate of growth 
of pearlite remains constant in an isothermal reaction. This assump- 
tion is harmonious with experimental work on pearlite (14). A 
reasonable value of G = 3 & 10° cm/sec was selected for the analysis. 
Examination of Equation 2 shows that in order to determine the rate 
of nucleation, a trial and error method would be required. Also since 
G was assumed constant, then N must vary with time and a form of 
[quation 2 must be used in which a variation in N is provided. In 
order to circumvent such a laborious procedure, Johnson (15) has 
suggested a rapid method to obtain an equation for the change of N 
with time. He selects the following form to express the change of N 
with time: 





N = Not® 
where 
t — elapsed time 
No, x are constants for a particular 
reaction temperature Equation 3 


Assuming a constant G and introducing Equation 3 into Equation 2, 
the general nucleation equation becomes 


8rG’* Not“**’ 


f(t) = 1—exp : . 
(x +1) (x +2) (x+3) (x 4+ 4). 


Equation 4 
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Transposing and taking logarithms twice yields 
82G* No 


1 
log in | ——___ | = log ——————————————— c 
” Mie o (x +1) (x+2) (x+3) jase Che 5) 0m 


Equation 5 
A straight line results if the logarithm of the natural logarithm of 
I : . ; re . 
if) is plotted against the logarithm of time. The slope of this 


line is (4¢-+-x). The value of No is obtained from the lateral dis- 
placement of the line. Thus Equation 3 can be evaluated. 


10 
650°C. 600° C. 


© No Boron 
© 0.001I7% Boron 





10 lOO 1000 
Time in Seconds 
Fig. 4—Plots Used for Obtaining the Equations 


Giving the Rate of Nucleation as a Function of Time 
for the Reaction Data in Fig. 3. 


Such plots of the data for 650 and 600 °C (1200 and 1110 °F) 
temperatures are presented in Fig. 4. At 650°C (1200°F), the 
steel without boron interestingly shows two straight-line sections. 
At this temperature, the data for the boron-containing steel yield 
but one straight line. However, at 600°C (1110°F) in the upper 
bainite region, one straight line is obtained for both steels; the line 
for the boron-free steel is nearly parallel to the initial portion of the 
same steel at 650°C (1200 °F), whereas the line for the boron steel 
at 600 °C (1110°F) is more nearly parallel to the second part of 
the curve. 

The above analysis for No and x was applied to the data for 
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650°C (1200°F). It is of interest that x has a negative value for 
the initial line for the boron-free steel. This is interpreted as a 
breakdown of the analysis of the initial stage of transformation in 
terms of nucleation and growth of impinging spheres. A negative 
value of x gives a continuously decreasing N, contrary to all data on 
previous measurements for decomposition of austenite which show 
either constant N or increasing N with time. Since this is a 0.30% 
carbon steel, the initial part of the curve very likely describes the 
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Fig. 5—Plot of Rate of Nucleation as a Func- 
tion of Time for the Pearlite Reaction at 650 °( 
for the Mn-Cr-Si Steel. 


progress of the formation of proeutectoid ferrite. The second part 
of the curve then describes the formation of pearlite. Consequently, 
boron at this temperature essentially completely suppresses the for- 
mation of proeutectoid ferrite since only one straight line is obtained. 
The equations for rate of nucleation of pearlite as a function of time are 


N = 0.067 t°** Equation 6 


for the boron-free curve, and 


N = 6.489 t®™ Equation 7 


for the boron-containing steel. These curves are plotted in Fig. 5. 
Thus, the rate of nucleation of pearlite is accelerated in the boron 
steel, accounting for the comparable times for completion of the trans- 
formation despite the delay in the start of transformation caused by 
boron. Boron has a potent effect in suppressing the formation of 
ferrite. This in turn suppresses the formation of pearlite, since it 
does not enrich the austenite in carbon ahead of the ferrite phase, 
making the probability of nucleating Fe;C small. Once started, the 
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pearlite formation is actually faster in the boron steel, perhaps be- 
cause of the increased incubation period. At the nose of the curve, 
boron serves only to suppress the formation of ferrite. 

At 600°C (1110°F), the curve for the boron-free steel also 
gives a negative value for x. By similar reasoning, the formation of 
upper bainite in terms of nucleation and growth breaks down. How- 
ever, the curve for the boron-containing steel at 600°C (1110 °F) 
yields a positive value of x and can be analyzed in terms of nucleation 
and growth. It is evident that boron causes a considerable delay 
in the start of the transformation. It must be concluded that boron 
has a potent effect in suppressing the formation of upper bainite. 
Furthermore, the effect at this temperature is such that the mode of 
transformation is apparently changed completely from upper bainite 
formation to pearlite formation. Since no microstructures were 
available, this tentative conclusion is based entirely on kinetics. 
Interestingly, it is only in this region that boron has an appreciable 
effect on the time for completion of transformation. Simply as a 
prediction, it is proposed that this effect on time for completion of 
transformation arises from the suppression of the upper bainite for- 
mation in favor of transformation to pearlite. 

To summarize, boron is potent in its suppression of both pro- 
eutectoid ferrite and upper bainite. It does not slow down the for- 
mation of pearlite. The concept ef the breakdown of the analysis of 
the transformation to proeutectoid ferrite and to upper bainite in 
terms of nucleation and growth is of fundamental importance. There 
are at least two arguments applicable to this behavior. The first states 
that the analysis breaks down simply because of a change in mor- 
phology. Since 650°C (1200°F) corresponds to the nose of the 
diagram, the proeutectoid ferrite may be the Widmanstatten type and 
fails to fit N and G analysis because of its acicular form. Upper 
bainite is definitely acicular in form. The second argument deals 
with two different fundamental processes: (a) nucleation and growth, 
and (b) nucleation and shear. In this concept, the N and G analysis 
of proeutectoid ferrite and bainite formation fails because these prod- 
ucts form by the fundamentally different process of nucleation and 
shear. In this process, the kinetics of transformation depends on the 
rate of nucleation. The second argument-is preferred as will be dis- 
cussed in a later section. 


HARDENABILITY MECHANISMS OF ALLOYING ELEMENTS 


From the previous discussions, boron acts fundamentally in 
suppressing the transformation of austenite to proeutectoid ferrite 
and upper bainite. It is in order now to discuss the current state of 
knowledge concerning the actual mechanisms by which alloying ele- 
ments contribute to the hardenability of heat treated steels. 
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A study of the literature leads to the conclusion that these basic 
mechanisms have been only partially clarified. It is generally agreed 
that pearlite is nucleated by cementite, and bainite by ferrite. Pro- 
eutectoid ferrite, pearlite, and bainite are treated as being formed 
by a nucleation and growth process, whereas the martensite forma- 
tion is treated as a nucleation and shear process (17). Most of the 
previous quantitative work on transformation has consisted of the 
measurements of the rates of nucleation and growth of pearlite as a 
function of temperature. Such work can evaluate the effect of an 
alloying element on the rate of nucleation and rate of growth, but 
contributes only in an indirect manner to the knowledge of the basic 
mechanisms. 

A significant advance of the knowledge of these basic mechanisms 
was made by the Climax Molybdenum Research Laboratory on the 
alloying element molybdenum (18-22). Molybdenum is of particular 
interest in that it has considerable effect of retarding both ferrite and 
pearlite and it affects the upper part of the transformation diagram 
very much more than the lower part. 

The pearlite reaction is considered first. Since the rate of growth 
‘§ pearlite is mainly a function of the rate of diffusion of carbon in 
austenite, it is logical first to ask if molybdenum acts to slow down 
the diffusion of carbon, particularly since it is a strong carbide- 
former. It was found that at high temperatures, molybdenum accel- 
erated diffusion of carbon, at intermediate temperatures it had no 
measurable effect, and at lower temperatures decreased it some- 
what. In the 0.80% molybdenum, 0.85% carbon steel studied, the 
maximum effect of molybdenum occurs at 566°C (1050°F). At 
this temperature the time of completion of transformation is increased 
28,000-fold as compared to the plain carbon steel. However, the 
diffusivity of carbon is diminished only about 5-fold by the molyb- 
denum. Thus the effect of molybdenum on the diffusivity of carbon 
is essentially a negligible factor. It was found, however, that molyb- 
denum partitions to the carbide phase in pearlite in increasing amounts 
as the molybdenum content is increased. Up to about 0.50% molyb- 
denum the carbide retains the cementite structure; above this amount 
the cubic (Fe,Mo)o3Cg carbide phase forms in the pearlite. Since 
the diffusivity of molybdenum in austenite is low (10°! cm? per sec), 
the pearlite hardenability effect then is due to the slow diffusion of 
molybdenum in austenite to the advancing carbide plates. Hultgren 
(23) has reported a similar partitioning of manganese to the carbide 
phase in pearlite. Thus, as a principle, an alloying element would be 
expected to retard pearlite formation if it is a carbide-former which 
partitions to the carbide and which has a low order of diffusivity 
in austenite. 


The possibility of partitioning of molybdenum in ferrite was also 
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investigated. It was found that the time for start of the transforma- 
tion to proeutectoid ferrite increases as the molybdenum content in- 
creases. Thus, for a hypoeutectoid steel containing 0.94% molyb- 
denum, the time for start of transformation at 705 °C (1300 °F) is 
about 5 times the start time of the same base alloy with 0.24% 
molybdenum ; the start time for ferrite is delayed in direct proportion 
to the molybdenum content. It was further found that the molybde- 
num content of the ferrite was exactly that of the austenite and no 
partitioning effects occurred in the formation of ferrite. Thus the 
molybdenum effect on ferrite formation is a solid solution effect. 
In connection with the lack of partitioning of molybdenum, it is inter- 
esting to note that molybdenum is more soluble in alpha iron than 
in gamma iron and, arguing from the solubility viewpoint, there is 
no need for molybdenum to partition in forming proeutectoid ferrite. 
The maximum solubility of carbon in ferrite is 0.019%. On this 
basis it would be argued that carbon must partition essentially com- 
pletely to the austenite in forming ferrite. This is in fact the ob- 
served behavior. The degree of partitioning is less in upper bainite 
and nil in lower bainite and martensite. From this argument a ten- 
tative principle for partitioning in ferrite formation can be stated: 
it is expected that an element in solid solution in austenite should 
partition to the austenite during ferrite formation to the extent of its 
solubility in alpha iron. 

Bowman (22) offers the following possibilities of explaining the 
effect of molybdenum on ferrite formation: 

(a) Direct effect of molybdenum on the diffusion of carbon is 

small. 

(b) May affect the carbon gradient at the ferrite-austenite 

interface. 

(c) May reduce the solubility of carbon in ferrite, thus causing 

more carbon to diffuse to form ferrite. 

(d) Molybdenum may slow down the basic gamma-alpha trans- 

formation in iron. 

Based on arguments presented in the next section, the writers 
prefer the last possibility as the explanation; namely, the effect of 
molybdenum in solid solution on the basic gamma-alpha transfor- 
mation in iron. 


Tue MECHANISM OF THE TRANSFORMATION OF AUSTENITE 
TO FERRITE 


From the preceding sections, it is evident that the effect of boron 
in increasing the hardenability of steels arises from its effect in sup- 
pressing the formation of proeutectoid ferrite. It is important next 
to consider the mechanism of formation of ferrite. 

As previously stated, the formation of proeutectoid ferrite is 
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generally considered to proceed by nucleation and growth. Thermo- 
dynamically stable nuclei of ferrite are formed which then grow by 
diffusion of iron atoms across the austenite-ferrite interface. Since 
ferrite forms isothermally, then it follows that ferrite must be nucle- 
ated by thermal nucleation (nuclei which come into being with time 
at the reaction temperature). The sequence of events in the forma- 
tion of ferrite is not clear. Obviously two steps are required: (a) 
the carbon content must be reduced to very low values in the vicinity 
of the nucleus, and (b) face-centered iron must transform to body- 
centered iron. It can be argued that (a) precedes (b), or conversely 
that (b) precedes (a). In the latter case, the transformation must 
occur with the carbon in solid solution, which then diffuses to the 
austenite through the body-centered lattice. However, in this case 
it is most likely that the excess carbon would precipitate as the carbide 
in the ferrite instead of diffusing to the austenite. This is not the 
observed behavior; ferrite is essentially free of carbide particles. 
Thus, one is forced to conclude that the carbon diffuses away before 
the transformation occurs. However, the upper bainite reaction 
occurs with only a part of the carbon diffused away, and martensite 
forms with all of the carbon in solid solution. 

This leaves the more important question as to the basic mech- 
anism of the transformation from face-centered to body-centered iron. 
If we accept the mechanism of nucleation and growth, then ferrite 
nuclei form and grow by diffusion of iron atoms across the interface. 
The diffusion of iron is relatively slow, an order of magnitude of 
|O-** cm*/sec at the Aeg temperature, and decreases rapidly with 
temperature. To explain the observed maximum in the rate of ferrite 

mation, one must argue entirely on a maximum in the rate of 
icleation. 

Hultgren (23) proposes a somewhat different explanation for 

ormation of ferrite. In pure iron he proposes the existence of 

ryo of alpha iron which form by statistical fluctuations both above 

| below the equilibrium temperature. In the gamma iron region, 
here is no stable size for alpha iron nuclei. Below the transforma- 
tion temperature, the embryo can grow to stable size and become 
nuclei which continue to grow by diffusion. When gamma iron con- 
tains carbon in solid solution, he resolves the difficulty of the con- 
centration requirement for ferrite also through statistical fluctuations 
in the carbon content. It would seem, however, that the probability 
of simultaneous occurrence of the two events in a given embryo would 
be extremely low. 

There are serious objections to the concept of ferrite formation 
from austenite as a process of nucleation and growth. The major 
objections will be discussed under three general topics : (a) orientation 
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relationships, (b) kinetics of the reaction, (c) reversibility of the 
reaction. 


a. Orientation Relationships 


Mehl and Smith (24) found a lattice orientation relationship in 
ferrite formed from gamma iron in pure iron. This is the Kurdjumov 
and Sachs relationship, namely 


{111}, |] {110}. 
[110], || [111]. 


It is of interest to note that gamma iron cannot be retained, even by 
the most drastic quenching. This fact is difficult to rationalize on 
the basis of nucleation and growth since, after passing through the 
temperature range of the maximum rate of nucleation, the rate of 
nucleation continuously decreases as does the rate of growth. The 
same lattice orientation relationship was found for proeutectoid ferrite 
(28). Bainite was found to obey either the Kurdjumov and Sachs 


relationship or the Nishiyama relationship (26) which is 


{111}, || {110}. 
[211], || [110]. 


Martensite is found to obey either of the two relationships, depending 
upon the type of alloy studied. Thus the body-centered decomposition 
products—proeutectoid ferrite, bainite, and martensite—all exhibit a 
definite orientation relationship with the austenite from which they 
form. Martensite is considered here as a ferrite structure which is 
distorted by the carbon in solid solution. 

The presence of these orientation relationships is difficult to 
reconcile using the nucleation and growth mechanism. The nucleation 
theory imposes no orientation requirements on the embryo which 
eventually grows into stable nuclei. These embryos are conceived as 
either springing into being (as in gases) or attain a certain size by 
atom-to-atom additions. No sound argument apparently appears in 
the literature to explain the lattice relationship observed for ferrite 
or the other products in terms of nucleation and growth. 


b. Kinetics of Ferrite Formation 


Surprisingly little quantitative data on the kinetics of formation 
of proeutectoid ferrite can be found in the literature. Most of the 
quantitative work on the decomposition of austenite has been done 
on the formation of pearlite. It may be presumed that in part the 
argument for ferrite forming as a nucleation and growth process arises 
from the nature of the martensitic transformation. Martensite for- 
mation in heat treatable steels is essentially time-independent and 
proceeds by a shear mechanism. Therefore, any other decomposition 
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that proceeds isothermally with time can be looked upon as proceeding 
by nucleation and growth. It will be later demonstrated that kinetics 
is not a reliable criterion for a martensitic or Shear transformation. 

Quantitative measurements on the rate of ferrite formation in 
hype eutectoid steels were made by McBride, Herty and Mehl (27). 
The study was concerned with the effects of silicon deoxidation and 
aluminum deoxidation on the rate of ferrite formation. Twelve plain 
carbon steels were studied covering a range of carbon of 0.33 to 
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20 


% Proeutectoid Ferrite 
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% \sothermal Martensite 
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Fig. 6—Kinetics of Isothermal 
Formation of Proeutectoid Ferrite 
(Upper Diagram) and of Isothermal 
Formation of Martensite (Lower 
Figure). 


0.50%. The data were with some exceptions analyzed satisfactorily 
in terms of a first-order reaction which states that the rate of reaction 
is proportional to the amount of reactant (austenite) remaining. The 
equation used is 

dF/dt = K (1 — F) Equation 8 
or Inl/(1—F) = Kt Equation 9 
where F = amount of ferrite 
t = elapsed time 

(1 — F) = fraction of austenite remaining 

Thus, the basic relationship is apparently quite different from that 
tor nucleation and growth. The form of the curves obtained is illus- 
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trated in the top diagram of Fig. 6. The curves are not the sigmoid 
type, characteristic of nucleation and growth processes. The flat 
initial part of the cufve arises from the uncertainty of zero time at 
the reaction temperature. 

The difference in grain size was taken into account by dividing 
the rate constant K by the grain surface per unit volume S. The 
logarithm of K/S is plotted against the reciprocal of the absolute 
temperature in Fig. 7 for a silicon-killed steel and an aluminum-killed 
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Fig. 7—Kinetics of Proeutectoid Ferrite 
Formation in a Carbon Steel Deoxidized With 
Silicon, Aluminum, 


steel. It will be noted that the rate of ferrite formation increases 
with decreasing reaction temperature. Also, even with the grain size 
taken into account, the ferrite forms more slowly in the silicon- 
treated steel. No explanation of this effect was attempted in the 
paper. It is suggested here that nitrogen in solid solution is effective 
in restraining the formation of ferrite from austenite. In the silicon 
steel, it would be expected that nitrogen would be essentially in solid 
solution in austenite. Aluminum, on the other hand, is a strong 
nitride-former and in aluminum-deoxidized steels the nitrogen would 
be mainly tied up as aluminum nitride. 

In Fig. 7, along with the K/S values are plotted the rates of 
diffusion of carbon in alpha and gamma iron, and the rate of self- 





ee 
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diffusion of gamma iron. It will be noted that as the reaction tem- 
perature is decreased the rate of formation of ferrite increases, but 
the rate of diffusion of carbon in gamma iron decreases. Thus, in 
the formation of ferrite from austenite, the diffusion of carbon in 
austenite is not the rate-controlling factor. It still may be argued 
from nucleation and growth that the increasing rate of ferrite for- 
mation results from an increasing rate of nucleation. However, the 
rate of growth which would depend on diffusion of iron would be 
very slow. It should be pointed out that K/S cannot be directly 
compared with self-diffusion rates of gamma iron. 

Kulin and Speich (28) have made a significant contribution to 
the understanding of the martensitic or shear transformation. They 
studied the martensite formation in an essentially carbon-free iron — 
14% chromium —9% nickel alloy at reduced temperatures. It was 
found that martensite readily forms isothermally, in contrast with 
the previous concept of a temperature-dependent reaction. Isothermal 
martensite formation has been reported by other investigators. 
Typical curves for the isothermal formation of martensite are pre- 
sented in the bottom diagram of Fig. 6. The similarity of curves for 
isothermal martensite formation and isothermal ferrite formation is 
striking. Both are distinctly different from sigmoid curves typical 
of nucleation and growth processes. 


The logarithm of In ( ) is plotted against the logarithm 


1 — f(t) 
of time for the various ferritic reaction products in Fig. 8. This is 
the type of plot previously used to analyze the rate of nucleation in 
a nucleation and growth reaction. The data for ferrite at the knee 
and upper bainite are those of Gudtsov and Nazarova (12), the data 
for proeutectoid ferrite between Ae3 and Ae, are after McBride, 
Herty and Mehl (27), and martensite from Kulin and Speich (28). 
It will be recalled that analysis in terms of nucleation and growth 
broke down for ferrite at the knee and for upper bainite. Such is 
also the case for proeutectoid ferrite between Aes; and Ae; and for 
martensite. It is postulated here that all these reactions proceed by 
nucleation and shear. From these plots, it is evident that the rate 
of shear nucleation goes through a maximum with decreasing reaction 
temperature. 

The observation of isothermal martensite formation is of funda- 
mental importance. The previous concept of time independence as a 
necessary criterion for the martensitic reaction is not valid, since shear 
transformation can proceed with time at a constant temperature. It 
is believed that isothermal martensite formation proceeds with diffi- 
culty in heat treatable steels because of the comparatively large amount 
of carbon in solid solution in austenite which suppresses the shear 
into martensite. Steels containing up to 0.6% carbon have been made 
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Fig. 8—Analysis of Kinetics of Isothermal Forma- 


tion of Proeutectoid Ferrite, Upper Bainite, and Mar- 
tensite. 


to transform isothermally to martensite at sufficiently low tempera- 
tures. Thus, a martensitic transformation must be established on 
the basis of the mechanism (absence of diffusion in the common 
sense) and on the reversibility of the transformation. 


c. Reversibility of the Ferrite Transformation 


Nehrenberg (29) has made a valuable contribution to the estab- 
lishment of the reversibility of the ferrite reaction in steels. He found 
that the shape of the austenite formed just over the Aes temperature 
is entirely dependent upon the shape of the ferrite from which it is 
formed. A martensitic steel has an acicular ferrite matrix and accord- 
ingly the austenite formed is acicular. Likewise, a steel transformed 
in the pearlite range has an equiaxed ferrite matrix which subse- 
quently forms equiaxed austenite. It was observed that the trans- 
formation does not cross over into an adjoining grain. Thus, it is a 
transformation in situ. Such behavior seemingly can be explained 
only in terms of a fundamental shear mechanism of transformation. 
This work also demonstrates the reversibility of the martensite re- 
action, despite the fact that the excess carbon is precipitated as a 
carbide on reheating to the austenite range. 

From the above arguments, one is led to conclude that ferrite is 
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formed by a shear mechanism, as are bainite and martensite. Pearlite 
is the only decomposition product that forms by nucleation and 
growth. An impediment to the acceptance of ferrite formation as a 
shear transformation is the variety of morphological shapes that it 
forms. However, it is expected, as will be discussed, that because 
of increased atomic thermal vibrations with increasing temperature, 
the length of the individual shear will become shorter. At the lower 
limit, martensite shears completely across the grain. These short 
shear paths can lead to a variety of shapes. Kurdjumov (30) has 
presented a strong argument for various morphologies being formed 
by shear transformations. It is significant in this connection that 
ferrite usually does not form a spherical shape as might be expected 
for the growth of a nucleus. Also, in the interpretation of the kinetics 
of ferrite formation in terms of a first-order reaction, the fraction of 
austenite remaining is also roughly proportional to the amount of 
austenite-ferrite interface for a spherical grain. One would expect 
a shear to initiate more easily at an interface because of the presence 
of excess strain energy. 

It would appear that most of the fundamental transformations in 
metals should proceed by shear. A tentative principle might be stated 
that a transformation is expected to proceed by shear except if (a) 
the new lattice is considerably different in symmetry, and (b) the 
new phase has a significantly different composition. 


THE Boron HARDENABILITY EFFECT 


In formulating a working hypothesis for the mechanism of the 
boron hardenability effect, two factors stand out as being basically 
important. These are that boron acts principally in suppressing the 
formation of ferrite and upper bainite and that the fundamental mech- 
anism is a shear mechanism. It follows then that the boron effect is 
a solid solution effect arising from exceptionally high strain energy 
peaks in the vicinity of the boron atoms. In general, introducing an 
interstitial solute atom into the iron lattice introduces strain energy, 
the magnitude of which is proportional to the difference in the size 
of the solute atom and the size of the interstitial hole. It is postulated 
that these localized energy peaks increase the resistance to the funda- 
mental shear mechanism. 

In this connection, it is interesting to estimate the expected rela- 
tive effects on ferrite formation of the interstitial solute atoms carbon, 
nitrogen, and boron. These calculations are based entirely on the 
solubility of these elements in gamma and alpha iron. The magnitude 
of the strain energy is taken as being inversely proportional to the 
solubility. This, of course, assumes that the solubility limit depends 
entirely on the strain energy effect. The maximum solid solubilities 
in atomic per cent of carbon, nitrogen, and boron in alpha and gamma 
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Table I 


Calculations of Effectiveness Factors for Carbon, Nitrogen, and Boron on the 
Transformation of Gamma to Alpha Iron 


A B & Effective- 
Maximum Maximum Strain ness Ratio 
Solubility in Solubility in Energy Factor to 
Element a Fe-a/o vy Fe-a/o Factor ASC Carbon 
Carbon 0.088 8.673 1.207 0.107 1 
Nitrogen 0.397 10.469 1.000 0.397 4 
Boron 0.016 0.036 289.903 4.636 43 


iron are listed in Table I. The strain energy factor in column C is 
based on the solubilities in gamma iron. Since nitrogen is most 
soluble, it is given a factor of one. The factors for carbon and boron 
are calculated by dividing their respective solubilities into that of 
nitrogen. The next problem is the amount of these elements present 
when gamma iron transforms to alpha iron; that is, the degree of 
partitioning in the formation of ferrite. The best assumption ap- 
peared to be that these elements partition to the extent of their maxi- 
mum solubilities in alpha iron. Therefore, the effectiveness factor 
was calculated by multiplying column A by column C. The results 
indicate that carbon is least effective in suppressing ferrite formation. 
Nitrogen is four times as effective and boron is forty-three times more 
effective than carbon! 

Corroboration of the greater effectiveness of nitrogen as com- 
pared to carbon is found in the work of Bose and Hawkes (31) on 
the kinetics of the eutectoid decomposition in the iron-nitrogen system. 
At the nose of the curve, the eutectoid composition (2.35% nitrogen) 
started to form a pearlite structure after 15 seconds. This is com- 
pared to about 1 second for eutectoid steel. Interestingly, the hypo- 
eutectoid compositions did not form ferrite but transformed directly 
to pearlite. This behavior substantiates the concept of nitrogen as an 
effective agent in suppressing the formation of ferrite. It was pre- 
viously pointed out that nitrogen in solid solution is the probable 
explanation of the difference in rate of ferrite formation in silicon 
deoxidized steels and aluminum deoxidized steels. 

The role of the extent of partitioning in determining the degree 
of effectiveness of an element in suppressing ferrite formation is im- 
portant. If the solubility of an element is greater in gamma iron than 
in alpha iron, then partitioning of the atom will occur in forming 
ferrite to the extent of its solubility in alpha iron and a maximum 
effect will be observed beyond which concentration no further effect 
will be realized. Thus, an optimum concentration of boron is ob- 
served for maximum hardenability which depends upon the solubility 
of boron in alpha iron at a reaction temperature corresponding to the 
nose of the curve. This principle follows also for carbon. In com- 
paring SAE 1019 steel (0.17 C, 0.92 Mn) with SAE 1050 steel (0.50 


1954 THE BORON HARDENABILITY MECHANISM 1111 


C, 0.91 Mn) (Ref. 2), the time for start of formation of proeutectoid 
ferrite 200 °F below the Aes temperatures is 2 seconds for both steels. 
Thus, the effectiveness of carbon is restricted by its low solubility in 
alpha iron and the high degree of partitioning in ferrite formation. 
In the opposite case in which the solute is more soluble in alpha iron 
than in gamma iron, no partitioning in ferrite formation is expected 
and the effect on ferrite formation should be proportional to the 
concentration. Molybdenum is a good example of this type of solute 
atom. The maximum solubility of molybdenum in gamma iron is 
3% by weight and 1.77 atomic per cent. Referring to Table I, this 
gives molybdenum a strain energy factor of 5.9 which places it be- 
tween nitrogen and boron in the degree of straining of gamma iron. 
_Since the solubility of molybdenum in alpha iron is large, the ferrite 
effect should be proportional to the concentration. A 0.8 Mo—0.4 C 
steel (0.36 C, 0.17 Mn, 0.82 Mo) is compared with a 0.2 Mo-—0.40 C 
steel (0.42 C, 0.20 Mn, 0.21 Mo) (Ref. 2). The time for start of 
ferrite formation 100 °F below Aes for the 0.2 Mo steel is 5 seconds, 
and for the 0.80 Mo steel is 20 seconds. Thus, the effect of molyb- 
denum on suppression of ferrite formation is proportional to the con- 
centration. This strong effect of molybdenum on ferrite formation 
may be the fundamental reason why it partitions to the carbide phase 
in pearlite formation. Its potent effect on both ferrite and pearlite 
formation makes it an outstanding alloying element for the upper part 
of the transformation temperature range. 

The kinetics of the formation of upper bainite warrants some 
discussion. It will be recalled from Fig. 3 that a highly distorted 
sigmoid curve is obtained to describe the isothermal reaction in this 
range. This is a different form of curve from that for ferrite and 
martensite. It will be recalled that the rate of formation of pro- 
eutectoid ferrite apparently is not controlled by the rate of diffusion 
of carbon in austenite. However, this diffusivity is decreasing rapidly 
as the reaction temperature is lowered and one would expect that at 
some temperature range the diffusion of carbon will influence the 
reaction kinetics. This apparently happens in the upper bainite curve, 
and the reaction curve can be interpreted as the summation of two 
factors: (a) rate of diffusion of carbon in austenite, and (b) rate of 
nucleation of shear. 


From the previous arguments, the diminishing effectiveness of 
boron with increasing carbon content can be rationalized. The argu- 
ment mainly stems from the fact that boron acts only in suppressing 
ferrite formation, and as the carbon content approaches eutectoid 
composition, the amount of ferrite that forms decreases. The concept 
of boron acting to retard ferrite formation is substantiated by the 
general observation that boron steels characteristically show less fer- 
rite in the structure. The probability of nucleating pearlite increases 
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as the carbon content increases. At low carbon contents, considerably 
more ferrite must be formed before cementite is nucleated. As the 
carbon content approaches eutectoid, very little enrichment of austenite 
by ferrite formation is required before cementite is nucleated. 
According to these arguments, the boron effect should become zero 
at the eutectoid composition. Also, boron should be expected to have 
no effect on the start time of decomposition to pearlite in the hyper- 
eutectoid steels. Finally, boron should not be expected to affect the 
rate of pearlite formation because even if it partitions to the cementite, 
its diffusivity is comparable to that of carbon. A possible secondary 
effect may be a reduction of solubility of boron in gamma iron with 
increasing carbon content. 

The proposed boron mechanism has interesting engineering ram- 
ifications. The effect is principally a delay in the start of transfor- 
mation. Boron, then, should be an effective alloy substitute in engi- 
neering parts of such geometry that all points in it cool at rates in 
excess of the critical cooling rate. However, in slack-quenched parts, 
the hardness will fall off more rapidly in the interior of the part and 
in this case boron is expected to be inferior to the substitutional solute 
atoms such as manganese, chromium, and molybdenum which also 
affect the pearlite reaction. Also, boron would be expected to be 
ineffective in carburized cases with carbon contents in excess of the 
eutectoid composition. 


STRAIN ENERGY EFFECTS IN INTERSTITIAL SOLID SOLUTIONS 


Since the effect of boron in suppressing the shear transformation 
of gamma iron to alpha iron depends upon the exceptionally high 
strain energy peaks associated with the boron atoms in solid solution, 
some calculations will be made on strain energy effects of carbon, 
nitrogen, and boron dissolved interstitially in gamma iron. 

The relation between the lattice parameter, the per cent inter- 
stitial solute atom, and the diameter of the solute atom can be for- 
mulated from the elastic theory of isotropic solids. In this treatment, 
the expansion of the interstitial hole by the larger solute atom is 
directly related to the experimentally determined ratio of the change 
in lattice parameter to the change of concentration of the interstitial 
atom. This relationship has been previously derived by Speiser, 
Spretnak and Taylor (32). 

The relationship derived by this treatment for diameters of inter- 


stitial atoms is, for the case of face-centéered cubic lattices, the following : 


AV 
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AR= 





Equation 10 
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where 
AR is the increase in the radius of the interstitial hole as a result of inserting 
the solute atom 
Aa is the observed expansion of the interstitial alloy 
a. is the lattice parameter of the alloy 
Z is the number of solvent atoms per unit cell 
fe is the ratio of solute to solvent atoms in the crystal. 


The effective diameter of the interstitial atom in solid solution 
in face-centered lattices is 


d= (a = ~. a.) +2AR 


= 0.293a,+2AR 


Irol 


Equation 11 


For carbon in gamma iron, the effective diameter is 1.32 A and for 
nitrogen 1.42 A. Thus, carbon in gamma iron is about 23% ionized 
and nitrogen is either neutral or slightly negatively ionized. It is to 
be noted that carbon requires a smaller hole than does nitrogen. This 
is in agreement with the observations of Jack (33) who found that 
nitrogen in interstitial solid solution has a radius of 0.7 A. He also 
observed that the lattice parameter of the compound FeC, increased 
as carbon was replaced by nitrogen (34). 

No parameter data were available for boron in gamma iron to 
calculate its effective diameter. However, it can be inferred that the 
boron atomic diameter in gamma iron is in the range 1.80 to 1.90 A. 
This follows from a study of the behavior of boron in its compounds. 
It is well known that boron has more stable orbitals than valence 
electrons ; 1.e., it tends to increase the electron density in its vicinity. 
Boron, then, would tend to be neutral or slightly negative in combi- 
nation with elements such as iron. This is further substantiated from 
the fact that although many interstitial compounds, such as CrN, FeO, 
TaC, TiC, TiN, Ti0, UN, VC, have a sodium chloride structure 
(which implies a covalent bond), FeB on the other hand is a dis- 
torted NiAs structure (orthorhombic) which is characteristic of inter- 
stitial compounds formed with a transition element and a rather 
electro-negative element. Furthermore, boron has a very strong 
tendency to form chains (FeB) and sheets (TiBo, ZrBs, CbBe, TaBz, 
and VBe), and cage-like structures in compounds such as CeBg and 
LaBs. Consequently, it is reasonable to expect that boron is un- 
ionized or slightly negatively ionized in iron. Thus, a diameter of 
1.85 A for boron in interstitial solid solution is reasonable. From the 
above arguments, the solubility of boron is dependent essentially on 
its size, since its electro-negativity is 2.0 compared to 2.1 for iron, 
whereas the electro-negativity for carbon and nitrogen is 2.5 and 3.0 
respectively. The difference in solubility of carbon and nitrogen is 
undoubtedly due in part to their electro-negativities. This is borne 
out by the relatively large change in solubility of carbon and nitrogen 
in gamma iron with temperature compared to the relatively low 
change for boron. 





1114 TRANSACTIONS OF THE ASM Vol. 46 


The strain energy introduced by an interstitial solute can be 
calculated from expressions developed by Prescott (35), Lawson 
(36), and Frenkel (37) 


AS=2GN AV 
3 


oe = 8mrr. (r —re)* GN Equation 12 


oO 





This equation arises from the assumption that the solid solution is an 
elastic medium in which the interstitial positions are holes of radius 
to, (Vo = 4/3nr,*). Then the strain energy is the work necessary 
to force N spheres of radius r into N holes. G is the modulus of 
rigidity, and AV = 4rr,?(r — r,). The strain energy per atom then is 


AS = 8rr. (r —r.)?G Equation 13 


The strain energies calculated per atom in gamma iron, using 
formula 13, are the following, assuming that G for gamma iron is 
1.8 & 10" dynes/cm?: 


Strain Energy 


Element per Atom in Ergs Ratio 
. 0.75 x 10°" 1 
N 1.48 x 10°" 2 
B 7.36 X 10°" 10 


Since these values are strain energy per atom, the values can be inter- 
preted as the heights of the strain energy peaks at the location of the 
interstitial atoms. Thus, the strain energy peak is much higher for 
the boron atom than for carbon and nitrogen. It is also of interest 
to note that the peak for nitrogen is about twice that for carbon, in 
keeping with previously presented evidence that nitrogen is more 
effective in suppressing ferrite as compared to carbon. 

It appears logical to presume that the effectiveness of an inter- 
stitial atom in suppressing a shear transformation should also depend 
upon the number of unit cells affected by the atom. The magnitude 
of the strain energy as a function of the distance from the solute atom 
is calculated by the following method. 

The strain energy is given by the expression 


AS = 8rr. (AR)*G Equation 14 


From elastic theory, it follows that the expansion of a sphere of 
radius r is given by 


AR —AARa Equation 15 
r? 
where 

A is a constant 


AR, is the expansion of the interstitial hole. 


Then 


d (AR} = — SAALS dr Equation 16 
r 





ee ee 
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*. 
AR _ ARa —_—_— 2ARa | r dr 
To 


Integrating 


Equation 17 


AR=AR.s+ARA 1 is “4 


Atr=0o,AR=o 


1\- 
o=ARa | 1+A (— - -) | Equation 18 
3 
Aas 
Therefore, 
. 1/ 
AR=AR,a+ARa Ve a ae 
r ) 
= AR, | + a — 1 | Equation 19 
r 
— ARaro* 
r’ 


It is convenient to express the distance r in terms of unit cells. 
Let ro = ao/2 
then r = a./2x 
where x is the number of unit cells 
_ ARa 


2 


"..AR 


Equation 20 
x 


Substituting in Equation 14 
AR,a\? 
A S — Srfro G ae 


x? 
Equation 21 
AR,’ 
— 4mao G rs 





x 
Thus, it is evident that the strain energy falls off as the fourth 
power of the distance expressed in unit cells. 
The data used for calculating the strain energy peaks are the 
following : 


Element ARa AR,’ 
ic 0.25 0.0625 
N 0.35 0.1225 
B 0.78 0.6084 


If the strain energy peak associated with the carbon atom is 
assigned the value of 1.0, the peak for nitrogen is 1.96 and for boron 
it is 9.73. The peaks associated with the solute atoms and the man- 
ner in which the strain energy falls as a function of distance from the 
solute atom are illustrated in Fig. 9. In order to illustrate more 
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Strain Energy in Arbitrary Units 








Distance from Interstitial Atom in Terms 
of Unit Cells 


Fig. 9—Strain Energy Peaks and Strain Energy 
as a Function of Distance From the Atom for an Atom 
of Carbon, Nitrogen, and Boron in Solid Solution in 
Gamma Iron. 


clearly the manner in which the strain energy falls off with distance, 
calculations were made on the number of unit cells which have 1% 
or more of the peak strain energy associated with the carbon atom. 
For a carbon atom 133 unit cells are so affected, 198 cells by a 
nitrogen atom, and 730 unit cells by a boron atom. It would appear 
that the effectiveness of an interstitial atom in suppressing shear 
transformations is some sort of product of the strain energy peak and 
the volume distorted. The nature of this effectiveness factor is not 
known at present, but if one assumes a straight product of these two 
factors, the effectiveness ratio of C:N:B would be of the order 
}:3: 50. 
SOURCES OF SHEAR IN TRANSFORMATIONS 


An allotropic transformation in a metal is possible only when 
the free energy of one modification is lower than that of the other 
modification. The stable phase is one with the lower free energy. 
This condition is a thermodynamic requirement, but the transfor- 
mation is possible only if sufficient energy is available to surmount 
any potential barrier which hinders the transformation. In pure 
metals, this activation energy is very low and the transformation will 
proceed without difficulty. 

The fundamental difference between diffusion and a phase trans- 
formation is that in the former process the atoms change their posi- 
tions at random and independently (as a first approximation), where- 
as in the latter process the movement of the atoms is coordinated over 
quite large distances. Another viewpoint is that in a diffusion process 
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the system goes from a higher state to a lower state of energy by a 
disordering process, whereas in a crystal transformation the system 
goes from a higher state to a lower state by a cooperative process. 
Since the energy necessary for a crystal transformation can arise only 
from thermal energy and since it is evident that this is a cooperative 
process, this means that the mechanism by which a crystal transforms 
from one modification to another must be through one or more of the 
normal modes of vibration of the crystal which lead (with only slight 
adjustments of the positions of the atoms) to the new crystal modifi- 
cation. As a general principle, one can state that a nucleation and 
growth process takes place when a system passes from a disordered 
state to a more highly ordered state (such as the transformation from 
liquid state to the solid state, precipitation of a compound from solid 
solution). On the other hand, shear transformations (allotropic 
transformations) involve cooperative movement from one ordered 
state to another ordered state. 

It can be demonstrated that these normal modes of vibration of 
a crystal are in their over-all consequence combinations of shearing 
movements which lead to the formation of a new crystalline form. 
The length of the individual shearing path will depend upon the de- 
gree of undercooling, temperature and the perfection of the crystal. 
Increasing the undercooling leads to a larger difference in free energy 
between the metastable and stable states. This free energy difference 
tends to lower the free energy barrier for transformation. However, 
solute atoms may cause deformations of the lattice which will increase 
the height of the barrier. It should be remembered also that lowering 
the temperature reduces the thermal energy, making the transforma- 
tion more difficult. It would be expected that if the undercooling is 
large, a large number of atoms can participate in the cooperative mo- 
tion and the shearing path should be longer. The effect of raising the 
reaction temperature is to reduce the length of the shear path, because 
the increased amplitudes of vibrations of the atoms around their equi- 
librium positions lead to scattering of the standing normal modes of 
vibration so that the amplitude of these modes is modulated in such a 
way that their effective shearing path is considerably reduced. Espe- 
cially effective in reducing the length of shearing paths is the presence 
of interstitial solute atoms which give rise to local potential energy 
barriers. The extent of the influence of these atoms depends upon 
the difference between the size of the atom and the size of the inter- 
stitial hole. These local distortions also act as scattering centers of 
the thermal waves and act effectively in suppressing the cooperative 
movement of solvent atoms over any significant range. 


SUMMARY 


On the basis of critical evaluation of the existing information on 
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the boron hardenability effect, a working hypothesis for the mech- 
anism of the boron has been evolved. The essential features of the 
hypothesis are the following : 

(a) The effect of boron in steels is the retardation of the for- 
mation of proeutectoid ferrite and upper bainite. Boron does not 
retard the formation of pearlite. 

(b) Adsorption effects of boron at austenite grain boundaries 
are very likely important factors in the hardenability effect. 

(c) Important chemical interactions between carbon and boron 
in austenite are unlikely. : 

(d) It is concluded that proeutectoid ferrite forms from austenite 
by a shear mechanism. 

(e) The boron hardenability effect is a solid solution effect. 
The high strain energy peaks in austenite associated with the boron 
atoms are effective in retarding the shear formation of ferrite. 

(f{) Fundamentally, carbon, nitrogen, and boron affect harden- 
ability by the same mechanism, but boron is considerably more effec- 
tive than carbon and nitrogen. 

(g) The strain energy peaks associated with carbon, nitrogen, 
and boron atoms were calculated and were found to be in the ratio 
3.2530 

(h) A shear transformation occurs by a cooperative movement 
of several atoms, whereas in diffusion the atoms change their positions 
at random and independently. 

(i) The source of shear in allotropic transformations are shear- 
ing movements associated with the normal modes of thermal vibra- 
tions of the crystal. The higher the temperature of transformation, 
the shorter the individual shearing path. 

(j) Asa general principle, a nucleation and growth process takes 
place when the system passes from a disordered state to a more highly 
ordered state; shear transformation involves cooperative movement 
from one ordered state to another ordered state. 
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DISCUSSION 


Written Discussion: By M. E. Nicholson, Institute for the Study of 
Metals, University of Chicago, Chicago. 

Based on their literature survey, the authors conclude that boron 
increases the hardenability of steels by decreasing the rate of ferrite for- 
mation. With this conclusion, I believe, most of us interested in this 
subject will agree. However, concerning their hypothesis that ferrite 
forms by nucleation and shear, I am inclined to disagree, first, on the 
basis that such a hypothesis is not necessary to explain the existing data, 
and second, on the basis that such a hypothesis does not predict the ob- 
served behavior of the gamma-alpha transformation. 

The authors, using the 1936 data of McBride, Herty and Mehl, con- 
clude that the kinetics of the gamma-alpha transformation are best rep- 
resented using a model of nucleation and shear, since the reaction rate 
curve does not exhibit a sigmoid character. Recent isothermal transfor- 
mation studies on boron-treated and boron-free steels carried out by the 
Battelle Memorial Institute (still unpublished) show that the reaction rate . 
curve for the formation of ferrite clearly has a sigmoid character typical 
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of nucleation and growth transformations. Using the Johnson and Mehl 
method of analysis, the data for 8620 and 86B20 at 1375 °F (745 °C) 
8635, 86B35, 8655 and 86B55 at 1250°F (675°C) yield an exponent “n” 
which varies from 3.1 to 4.8 with an average for the six stee!s of about 4. 
Thus it would appear that kinetic data are available which support the 
argument that proeutectoid ferrite forms by nucleation and growth. 


and 


Although the authors have developed in great detail the boron influ- 
ence based on a nucleation and shear mode of transformation, it appears 
that the transformation as described should have certain characteristics 
which are not observed in the formation of ferrite. 

First, shear transformations usually have an activation barrier which 
produces a marked hysteresis in the temperature of transformation. Such 


a hysteresis is not observed in the gamma-alpha transformation. <A 
hysteresis would not be expected if the shear modulus approached zero 
at the A; temperature. However, no such change in modulus has been 


observed. 

Second, if my interpretation is correct that a ferrite aggregate is 
formed by successive processes of nucleation and shear, then boron should 
affect the rate at which the ferrite aggregate increases in size, i.e., the 
parameter normally called rate of growth. Experiment has shown that 
the rate of growth of ferrite is virtually unaffected by boron. 

Since these objections are quite cbvious ones, I am sure that the 
authors have explanations to overcome them. Therefore, what is needed 
are experiments to test the hypothesis. In this connection, it might be 
of interest to investigate whether or not the morphology of proeutectoid 
ferrite is altered from the normal when it is formed while the specimen 
is under a tensile load. It would seem, based on the authors’ hypothesis, 
that ferrite should form and grow preferentially in the direction of the 
maximum resolved shear stress. 

Written Discussion: By D. Niconoff, Canton Metallurgical Laboratory, 
Republic Steel Corporation, Canton, Ohio. 

The authors are to be complimented for presentation of a very ex- 
haustive analysis of many factors contributing to the hardening effect of 
boron in steel. 

Insofar as the effect of this element upon the formation of proeutec- 
toid ferrite is concerned, however, it is rather unfortunate that the authors 
had based their deductions entirely upon the transformation data obtained 
under isothermal conditions. For while all of the conventional TTT- 
curves published for boron steels clearly indicate such effect, it is gener- 
ally known that these curves do not necessarily represent accurately the 
results obtained under conditions of continuous cooling in practice. 

To illustrate this point, it might be of interest to present here the 
transformation data for a boron-treated TS 8117 steel, obtained at the 
Canton Metallurgical Laboratory of the Republic Steel Corporation in the 
course of determination of the effect of alloying elements upon the posi- 
tion of critical points of steel which is usually done under conditions of 
heating and cooling the:specimens at several predetermined rates. 

To afford a comparison between the original and the boron-treated 
steel of the same composition, one ingot of an O.H. heat was treated in 
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Fig. 10—Dilatometric Cooling Curves Obtained at Constant Rates of 10 
and 150 °F per Hour and Under Conditions of Air Cooling Corresponding to 
About 40 °F per Minute Through the 1300 °F Range. 


the mold with Grainal No. 79 to give 0.0011% boron, and similar tests were 
run both for the boron-treated and the base analysis product. 


S Mn Si Ni Cr Mo B 
Original 0.18 0.78 0.23 0.29 0.39 ee = a 
Boron-reated 0.20 0.81 0.24 0.28 0.40 0.10 0.0011 


Fig. 10 shows the dilatometric cooling curves obtained at constant 
rates of 10 and 150°F per hour, and also under conditions of air cooling 
corresponding to about 40°F per minute through the 1300 °F range. 

The lower curves, representing the conditions of slow cooling, show 
that the addition of boron suppressed the Af, point from 1540 to 1440 °F 
(840 to 780°C), and that the first hump on the curve corresponding to the 
proeutectoid ferrite reaction was also somewhat reduced in size, while the 
second hump, indicating the pearlite reaction, was made more pronounced. 
The Ar; point was 1230°F (665°C) for both steels. The hardness of the 
original steel was Rockwell B-70 as compared to Rockwell B-75 for the 
treated steel. 

The curves corresponding to the intermediate cooling rate show again 
lowering of the Ar, point from 1520 to 1430°F (825 to 775°C) and nearly 
the same relative proportions for the ferrite and pearlite humps. The Ar: 
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temperature of 1230°F (665°C) for the original steel was depressed to 
1200 °F (650 °C) by the addition of boron, but the corresponding hardness 
was raised from 74 to 78 Rockwell B. 

Under conditions of air cooling, the Ars point again was lowered 
about 100 °F by boron, and the relative extent of the ferrite reaction ap- 
peared to be about the same as before; but the region of the pearlite 
reaction plainly visible on the upper curve had been completely eliminated 
in the boron-treated specimen and the Ar: point lowered from 1050 to 
830 °F (565 to 445°C), or within the bainitic temperature range. This 
was accompanied by an increase in hardness from 81.5 to 92 Rockwell B. 

In the light of this information it appears, therefore, that, under con- 
ditions of continuous cooling of the steel involved, the effect of boron 
upon the formation of proeutectoid ferrite is relatively unimportant except 
that the reaction temperature is lowered by about 100°F. But the pres- 
ence of this element might extend, at certain cooling rates, the tempera- 
ture range of the formation of iron-carbide aggregate considerably below 
the Ar: point of the base composition. 

The statement that boron does not retard the formation of pearlite, 
appearing in the authors’ summary, would probably call for additional 
clarification before it could be applied to the conditions of continuous 
cooling usually encountered in practice. 

Written Discussion: By Arthur E. Powers, Materials and Processes 
Laboratory, Turbine Division, General Electric Co., Schenectady, N. Y. 

The authors’ statement that the temperature coefficient of adsorption 
is positive if the coefficient of surface tension is negative seems to be 
contrary to basic physical principles. This hypothesis, which implies that 
the tendency toward interfacial adsorption becomes greater as temperature 
is raised, was first derived by the authors in a paper dealing with temper 
embrittlement and is here again applied to the behavior of boron in steel. 

Spontaneous adsorption is associated with a lowering of free energy 
and is usually associated with a liberation of heat, AH. In such a case an 
increase in temperature should tend to diminish the adsorption effects 
according to Le Chatelier’s principle. 

Looking at it in another manner, the addition of a solute to a solution 
usually lowers, in the majority of known cases, the surface tension. This 
is stated in Traube’s rule as 


arpameen SS Equation 22 
or in Szyszkowski’s equation as 


Yo — V7 





_ = mIn& Equation 23 
Yo n 
where 7. is the surface tension of the pure solvent, y that of the solution, 
c the concentration of the solute, and k, m, and n the constants. 
For dilute solutions, either relation will serve as well, so if we differ- 
entiate Equation 23 and substitute 
d¥ 


— — 2 
dinc 
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into Gibbs’ adsorption equation, 


eee ee 
~ RT dine’ 


we get 


I" sata Yo m 


‘ Equation 24 
RT 


Since an increase in temperature almost invariably lowers surface tension, 
Equation 24 implies that surface adsorption I will simultaneously be re- 
duced toward zero. 

The implications of Equation 24 may help to explain the loss in hard- 
enability of boron steels*after long soaking periods at very high austen- 
itizing temperatures and it may also explain why we can eliminate temper 
embrittlement by heating to just under the Ac; temperature. 

Written Discussion: By C. R. Simcoe and A. R. Elsea, Battelle Me- 
morial Institute, Columbus, Ohio. 

Considerable work has been done at Battelle Memorial Institute under 
the sponsorship of the Wright Air Development Center on the mechanism 
of the boron effect. As part of this investigation, a study was made of 
the effect of boron on the ferrite reaction. Measurements were made of 
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Fig. 11—Radius of Largest Ferrite Parti- 
cles Present Plotted as a Function of Time at 
"1375 °F for SAE 8620 and 86B20 Steels. 


the particle size and the number of particles after various isothermal re- 
action times in both untreated and boron-treated steels with the same base 
composition. The data on the size of the largest ferrite particles visible 
at a magnification of « 500 as a function of the reaction time at 1375 °F 
(745 °C) are plotted in Fig. 11. The number of visible particles at a mag- 
nification of X 500 is plotted as a function of the reaction time at 1375 °F 
(745 °C) in Fig. 12. The slopes of the curves in Fig. 11 represent the rate 
at which the ferrite particles increase in size. As shown in this figure, 
boron has little effect on this rate. However, the curves in Fig. 12 show 
that boron has a considerable effect on the formation of particles—the 
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rate of nucleation. Therefore, whether ferrite forms by nucleation and 
growth or nucleation and shear is of little importance in explaining the 
boron mechanism, since the boron effect is accomplished mainly by de- 
creasing the rate of nucleation. 

The authors assume in their analysis of the austenite decomposition 
reactions that boron almost completely suppresses the formation of ferrite 
at the nose of the “S” curve [1200°F (650°C)]. This has not been ob- 
served in boron steels and would be very unusual in a steel of 0.30% car- 


bon. This assumption cannot be accepted without some experimental evi- 
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Fig. 12—Number of Ferrite Particles pet 
Unit Area of Specimen Surface Plotted as a 
Function of Time at 1375 °F for SAE 8620 and 
86B20 Steels. 


lence. In addition, the authors assume that the decomposition product 
at 1110 °F (600 °C) is bainite. Reference to the original paper? from which 
the authors’ data were taken shows the bainite formation region to be 
210 to 300 °F below this temperature. 

Smith and Mehl* determined not only the relationship between pri 
eutectoid ferrite, bainite, and martensite, and the parent austenite, which 
Spretnak and Speiser have reported, but they also determined the follow- 
ing relationships between the ferrite in pearlite and the parent austenite: 


(110), {|| (112). 
(112),/| (110), 
and 


(321), || (331). 
(331),|| (321). 


Yet, there is no doubt that the pearlite reaction takes place by a nuclea- 
tion and growth mechanism. Therefore, the orientation relationships 
which exist between the reaction products and the parent austenite can 
_  #N. T. Gudtsov and T. N. Nazarova, “Influence of Boron Upon Kinetics of Austenite 
l'ransformation in Steel’’, Jzvestiya Akademii Nauk SSSR, Otd. Tekh. Nauk, No. 3, 1950; 
Brutcher Translation No. 2617, 

8G. V. Smith and R. F. Mehl, “Lattice Relationships in Decomposition of Austenite to 


Pearlite, Bainite, and Martensite’’, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 50, 1942, p. 211. 
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hardly be argued as evidence of a nucleation and shear mechanism. 

In addition, the authors state that if ferrite forms by a nucleation 
and growth process, the rate of growth would be limited by the self- 
diffusion rate of iron. However, the rate of growth involves the move- 
ment of atoms across an interface between a stable phase and an unstable 
phase. Thus, the driving force for the movement of atoms under these 
conditions may be considerably greater than for the random movement in 
self-diffusion. As to the morphology of ferrite, work of Mehl and Dube* 
has shown that ferrite has a higher rate of growth along the grain bound- 
aries than toward the centers of the grains. This prevents the formation 
of spherical particles. 

[It is well established that martensite forms by a shear mechanism. 
The authors’ arguments would suggest that boron should affect martensite 
formation as well as ferrite if both are shear mechanisms. However, the 
evidence is that boron does not affect martensite formation” *. This fact 
stands out as an apparent contradiction that certainly needs explanation. 

Written Discussion: By C. M. Carman and J. Carosiello, metallurgists, 
Pitman-Dunn Laboratories, Frankford Arsenal, Philadelphia. 

A fundamental explanation of the action of boron in increasing the 
hardenability of steel has been much needed in modern metallurgy. The 
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Fig. 13—Comparison of Jominy Harden- 
ability Curves for 81B40 Steel Quenched From 
1500, 1550, 1600 and 1650°F and Harden- 
ability Band for 81B40 Steel. 


authors are to be complimented on their application of strain energy cal- 
culations to hardenability. 

Would the authors care to comment on the loss of hardenability ex- 
hibited by boron steels when quenched from above the normal austeni- 
tizing temperature? This phenomenon was first described by Grange and 
Garvey®. Later work by Imhoff and Poynter’ on 81B40 steel shOws this 
trend. In Fig. 13 it will be observed that the hardenability of 81B40 steel 
is less when quenched from 1600 and 1650 °F (870 and 900 °C). 

Recent work at the Pitman-Dunn Laboratories on 4170-type steel 


4R. F. Mehl and A. Dube, ‘“‘The Eutectoid Reaction”, Phase Transformations in Solids, 
John Wiley and Sons, Inc., N. Y., 149, 1951, p. 545-580. 

5M. C. Udy, “Boron in Steel: Principles and Practice’, Electric Furnace Steel Con- 
ference, December 1951. 

®R. A. Grange and T. M. Garvey, ‘“‘Factors Affecting the Hardenability of Boron- 
Treated Steels”, Transactions, American Society for Metals, Vol. 37, 1946, p. 136. _ 
TRobert N. Imhoff and James W. Poynter, “81B40”, Mera Procress, July 1953. 
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Fig. 14—Effect of Austenitizing Temperature on 
Hardenability of 4170-Type Steel Plus Boron. 
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Fig. 15—Effect of Austenitizing Temperature on Hard- 
enability of 4170-Type Steel. 


shows the same trend. The hardenability studies were conducted on a 
special controlled cooling hardenability test. In Fig. 14 it will be observed 
that the 4170-type steel plus boron shows less hardenability when quenched 
from 1650°F (900°C) than when quenched from 1600°F (870°C). The 
straight 4170-type steel shows approximately the same hardenability when 
quenched from both 1600 and 1700 °F (870 and 925°C) (Fig. 15). 

The theory that the boron hardenability mechanism is due to the sup- 
pression of the proeutectoid ferrite reaction is not compatible with the 
observed increase in hardenability observed for the 4170-type plus boron 
steel (Cf. Figs. 14 and 15). The carbon and alloy contents of these steels 
make them essentially eutectoid steels. Would the authors like to com- 
ment on this point? 

Written Discussion: By H. I. Aaronson, research metallurgist, Metals 
Research Laboratory, ahd R. F. Mehl, professor of metallurgy, Depart- 


ment of Metallurgical Engineering, Carnegie Institute of Technology, 
Pittsburgh. 
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This paper is, in fact, a general discussion of the process of the for- 
mation of ferrite from austenite. Stated simply, Drs. Spretnak and Speiser 
propose that proeutectoid ferrite in hypoeutectoid steels forms from aus- 
tenite by shear, as does martensite, rather than by nucleation and growth. 
And from this the authors argue other matters which they take as relative. 
It is to this thesis, however, that proeutectoid ferrite forms by shear, that 
this discussion is directed. 

Many studies of the mechanism of the formation of ferrite from aus- 
tenite have been reported in the literature, and much experimental evi- 
dence is available. When dealing with such a subject, we believe it man- 
datory that all evidence be considered; theories developed should then be 
in accord with what is known. In this case, however, citation of evidence 
is only fragmentary. 

Henry Marion Howe’ essentially recognized, in 1911, that the process 
of the formation of ferrite from austenite is one of nucleation and growth. 
Many subsequent workers, using either the anisothermal method of Howe 
or the isothermal reaction technique of Davenport and Bain® have repeat- 
edly confirmed the results of Howe. The important paper by Carpenter 
and Robertson”, together with the work of Dube and Mehl" ™, reported 
several years ago, are examples of some of the more extensive experimen- 
tal studies by the two different methods. Indeed, Dube and Mehl meas- 
ured the rate of growth of ferrite along austenite grain boundaries and 
found it to be far lower than that which characterizes martensite reactions. 
In both of these papers, extensive bibliographies were given. 

At heart, the argument used by the authors is this: Since the isother- 
mal reaction curves for the process are not of the shape demanded by the 
generalized form of the Johnson-Mehl* equation, the reaction cannot be 
one of nucleation and growth. Although there is wavering on this, it re- 
mains the central argument. Yet Johnson and Mehl clearly specified that 
this equation applied only to reactions in which the product is spherical 
in shape and where nuclei occur purely randomly throughout the system. 
These conditions are essentially met in the process of the formation of 
pearlite from austenite. Modifications in the equation were made for 
variations in the rate of nucleation and in the rate of growth with time 
and for disposition of nuclei preferentially at grain boundaries. But no 
modification is available for nonspherical reaction-product geometry, such 
as is exhibited by proeutectoid in considerable complexity. There are 
several basic morphological types of this reaction product, the occurrence 
of which in a single steel varies radically with temperature, as Carpenter 


SH. M. Howe, ‘‘Life History of Network and Ferrite Grains in Carbon Steel’, Proceed- 
ings, American Society for Testing Materials, Vol. 11, 1911, p. 262-386. 


*E. S. Davenport and E. C. Bain, “Transformation of Austenite at Constant Sub-Critical 
Temperatures”, Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 90, 1930, p. 117-154. 

“H. C. H. Carpenter and J. M. Robertson, ‘““The Formation of Ferrite From Austenite’’, 
Journal, Iron and Steel Institute, Vol. 123, 1931, p. 345-394. 

“UR. F. Mehl, “The Decomposition of Austenite by Nucleation and Growth Processes’, 
Journal, Iron and Steel Institute, Vol. 159, 1948, p. 113-129. 

2R. F. Mehl and C. A. Dube, “The Eutectoid Reaction’, Phase Transformations in Sol- 
ids, John Wiley & Sons, Inc., New York, 1951, p. 545-587. 

i3W. A. Johnson and R. F. Mehl, “Reaction Kinetics in Processes of Nucleation and 


Growth”, Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 105, 
1939, p. 416-458. 
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and Robertson” and Dube and Mehl’ * have shown in detail. The initial 
form is ferrite which nucleates at grain boundaries, growing along them 
while thickening; ferrite idiomorphs and Widmanstatten plates form intra- 
granularly; ferrite grows out from austenite grain boundaries as side- 
plates; and as the reaction continues toward completion, all morphological 
types thicken by growth, and what is called “massive ferrite” appears in 
the fully reacted specimen, especially in low carbon steels. To derive an 
equation expressing, in terms of rates of nucleation and growth, the over- 
all rate of so intricate a process would be very difficult indeed. The lack 
of agreement of the Johnson-Mehl equation with the measured over-all 
rates of the ferrite reaction is thus of no significance whatsover with re- 
spect to whether the process proceeds by nucleation and growth. Even 
were such agreement to be fortuitously obtained, however, no statement 
could be made as to the type of fundamental process involved. The 
Johnson-Mehl equation is not a test of whether a process proceeds by 
nucleation and growth; it is simply a quantitative treatment in terms of 
the rate of nucleation and the rate of growth when it is already known 
that the process is actually of this type. 

Knowledge of whether or not a reaction is a nucleation and growth 
process is readily obtained: If successive samples, reacted for increasing 
lengths of time, show a larger number of particles and if the sizes of these 
particles steadily increase, then the process is clearly one of nucleation 
and growth. Conversely, martensite, the prototype of nucleation and 
shear processes, whether formed isothermally or anisothermally, shows 
particles which, once formed, do not grow. It is on this firm basis that 
all previous workers have identified the formation of proeutectoid ferrite 
as a process of nucleation and growth; and on this basis also, Smith and 
Mehl”, Jolivet”, and Flinn, Cohen and Chipman” some years ago, and Ko 
and Cottrell” more recently, have shown that bainite similarly forms 
through the action of the same mechanism. Consider, for example, the 
structures shown in the following photomicrographs, taken at 250 diam- 
eters of specimens of an 0.29% carbon, 0.76% manganese steel which had 
been austenitized for 30 minutes at 1300°C (2370°F). Fig. 16 shows 
Widmanstatten sideplates after 20 seconds of reaction at 700 °C (1290 °F). 
Fig. 17 shows the same type of structure after 120 seconds at the same 
temperature. Note that the lengths of the ferrite sideplates increase with 
time. Fig. 18 shows a similar development at 550°C (1020°F) after re- 
action for 3 seconds, and Fig. 19 shows the corresponding morphology at 
the same temperature after 7 seconds. This is clearly growth, and not 
shear. If the shearing path length is reduced by assumption to minuscule 
lengths, it becomes indistinguishable from growth. Such a shear-stop- 
shear-stop-etc. process, which would thus be necessary for the formation 

4G. V. Smith and R. F. Mehl, “Lattice Relationships in Decomposition of Austenite 


Pearlite, Bainite, and Martensite’’, Transactions, American Institute of Mining and Metal- 
iurgical Engineers, Vol. 150, 1942, p. 211-226. 

6H. Jolivet, ‘““Transformation of Austenite on Cooling: Morphology and Genesis of th: 
Aggregates Formed”’, Journal, Iron and Steel Institute, Vol. 140, 1939, p. 95P-114P 

16R. A. Flinn, M. Cohen,and J. Chipman, “‘The Acicular Structure in Ni-Mo Cast I 
PRANSACTIONS, American Society for Metals, Vol. 30, 1942, p. 1255-1288. 

7T. Ko and S. A. Cottrell, “‘The Formation of Bainite’’, Journal, Ircn and Steel Inst 
tute, Vol. 172, 1953, p. 307-313. 








1130 TRANSACTIONS OF THE ASM Vol. 46 





Fig. 16—Widmanstatten Sideplates After 20 Seconds of Reaction at 700 °C. 
Fig. 17—Same Type of Structure After 120 Seconds at Same Temperature. 
Fig. 18—Similar Development at 550 °C After Reaction for 3 Seconds. 
Fig. 19—Corresponding Morphology at Same Temperature After 7 Seconds. 


of a single Widmanstatten plate, requires experimental evidence, presum- 
ably micrographic, beyond the reach of even the electron microscope. All 
presently available evidence, which appears to be quite complete, demon- 
strates that ferrite and bainite form only by nucleation and growth. 
Several secondary arguments require at least brief mention: (a) that 
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nucleation and growth cannot account for a maximum in the rate of for- 
mation of ferrite is denied by the equations of Becker™ for nucleation, and 
of Mehl and Dube” for growth, in both of which maxima were predicted 
in the variations with temperature of the rates of these processes. The 
frequently demonstrated maximum in the over-all rate of the ferrite re- 
action is thus to be expected on theoretical grounds. (b) That statistical 
fluctuations are too improbable to be of significance in the formation of 
ferrite cannot be upheld; the number of nuclei actually observed is very 
small, in keeping with the low probability of statistical fluctuations. (c) 
That observed orientation relationships for ferrite and bainite cannot be 
explained as nucleation and growth is inadmissible; orientation relation- 
ships in such processes require only that the original nucleus be oriented, 
for subsequent growth normally maintains the relationship, as shown in 
many analyzed cases of Widmanstatten figures in age hardening and other 
systems. In nucleation, simultaneous minimization of interfacial energy 
and strain energy in order to maximize the probability of nucleation, 
which is importantly dependent upon both of these factors, normally re- 
sults in good lattice matching across the interface (and a tendency toward 
a plate or stringer type of nucleus). To achieve this close correspondence 
of atomic positions on opposite sides of the interphase interface requires 
the highly specific orientation relationships, which are observed. (d) That 
Nehrenberg’s” interesting work on the formation of austenite in alloy 
steels is proof that austenite does not form from aggregates of ferrite and 
carbide by nucleation and growth is an insupportable conclusion if one 
examines Nehrenberg’s photomicrographs, which clearly show that the 
growth of individual austenite grains occurs quite slowly. The consump- 
tion of a single ferrite crystal by a single growing austenite grain can 
thus be halted by quenching; the development of an individual martensite 
plate, of course, cannot be suppressed in this fashion. Roberts and Mehl” 
studied austenite formation in plain carbon steels years earlier and actu- 
ally measured the rates of nucleation and growth of austenite. 


Authors’ Reply 


The authors are gratified by the widespread interest exhibited in the 
mechanism of the boron hardenability effect. Thanks are due to the nu- 
merous discussers for their stimulating comments. 

Judging from some of the comments, it seems to be in order to point 
out again that this paper presents a hypothesis. It purports to prove 
nothing. The purpose of such a hypothesis is to aid in the design of criti- 
cal experiments to deduce the ultimate detailed boron mechanism. Sug- 
gestions that some of the essential points be verified experimentally are 
therefore redundant. 

Aaronson and Mehl correctly point out that the most fundamental 
question to be answered is that of the mechanism of the formation of fer- 


_ _®R. Becker, ““On the Formation of Nuclei During Precipitation”, Proceedings, Physical 
Society of London, Vol. 52, 1940, p. 71-76. 


“A. E. Nehrenberg, ‘‘Growth of Austenite as Related to Prior Structure’, Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 188, 1950, p. 162-174. 
20G. A. Roberts and R. F. Mehl, “Effects of Inhomogeneity in Austenite on the Rate of 


the Austenite-Pearlite Reaction in Plain Carbon Steels”, Transactions, American Institute of 
Mining and Metallurgical Engineers, Vol. 154, 1943, p. 318-334. 
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rite from austenite. Their position is that the issue is closed and that 
there can be no doubt that face-centered cubic iron transforms to body- 
centered iron by a nucleation and growth process. Our position differs 
in that we are not convinced that the present criteria cited are conclusive 
and it is felt that the shear hypothesis (suggested by theoretical consid- 
erations) should be either confirmed or refuted by. experimentation. Such 
work is in progress in this laboratory. As more knowledge is gained from 
study of allotropic transformations in other metal systems, the difficulty 
of generalizations becomes increasingly evident. The allotropic transfor- 
mation in steels is unfortunately complicated by the presence of the inter- 
stitial element carbon. An example of the difficulty of taking a firm stand 
on this matter is that during this same Metal Congress, Bunshah and 
Mehl* presented convincing evidence that the face-centered cubic to body- 
centered cubic transformation in iron-nickel alloys occurs by shear. Con- 
currently, Aaronson and Mehl vigorously argue that the same transforma- 
tion occurs by nucleation and growth through the simple expedient of tak- 
ing the nickel atoms out of the lattice. There are powerful arguments 
available for the shear mechanism not discussed in the paper. However, 
little is to be gained by conducting a dress debate on the subject at this 
time. The importance of this question in the whole field of hardenability 
is evident. It must be admitted that in a nucleation and growth mech- 
anism, the arguments must be based essentially on diffusion effects. The 
only tenable arguments in solid solution effects is their possible influence 
on diffusion rates. It seems, to the writers at least, that such a restric- 
tion significantly limits our understanding of hardenability. 

Some specific remarks of Aaronson and Mehl need comment. We 
readily agree that the Johnson and Mehl analysis is no proof of a shear 
transformation. The problem of morphology was recognized and discussed. 
The other possibility of a different mechanism was introduced as an addi- 
tional, more fundamental, alternative. However, we cannot agree com- 
pletely with the statement that pearlite fits the requisite conditions. It is 
true that, over a limited temperature range, pearlite forms in more or less 
spherical nodules. However, unless we have completely misunderstood 
the Johnson and Mehl analysis, it does not treat the formation of an 
aggregate of two phases, one formed by a disorder-to-order reaction 
(cementite) and the other by an order-to-order reaction (ferrite). We 
also cannot agree that an increase in particle size with time is definite 
proof of nucleation and growth. The fundamental question to be answered 
is whether this growth is continuous or discontinuous. It is correctly 
stated by the discussers that, in the limit, the two processes are the same. 
The writers are not aware that the possibility of a maximum in reaction 
rate for ferrite formation by a nucleation and growth analysis is denied. 
It was only pointed out that the rate of growth (diffusion) continuously 
decreases with undercooling. A maximum in reaction rate, of course, 
comes from a maximum in nucleation rate. The Becker analysis yields 
such a maximum through the effect of a decreasing frequency factor 
(diffusion) and an increasing probability factor with undercooling. Finally, 
it is true that some precipitates form in solid solutions (N & G process) 


21R. F. Bunshah and R. F. Mehl, “Rate of Propagation of Martensite’’, Journal of 
Metals, September 1953, p. 1251. 
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preferentially on certain crystallographic planes. The suggestive point is 
that orientation relationships are the same for proeutectoid ferrite and 
martensite. 

Dr. Nicholson’s principal objection also is against the idea of ferrite 
forming by a shear process. This matter has been discussed in detail 
in answering Aaronson and Mehl. Again we wish to caution against 
generalizations on shear transformations. Dr. Nicholson’s choice of cri- 
teria consists of kinetics and hysteresis. From our meager knowledge of 
allotropic transformations, it would seem that a large hysteresis seems 
to be associated with transformations in which the energy change is very 
low. The question of boron affecting “growth” rate of ferrite is impor- 
tant. The unpublished Battelle data appear to substantiate what the 
transformation diagrams indicate: namely, that boron only delays the start 
of ferrite formation. Therefore, it is possible that an effective concentra- 
tion of boron occurs only in the vicinity of grain boundaries. The inves- 
tigation of effect of applied loads on shear transformations is a well- 
established technique. 

The information presented by Dr. Niconoff on continuous cooling 
transformation of boron steels is appreciated. Such data are of consider- 
ible practical importance, since most of our decomposition of austenite in 
rractice occurs in continuous cooling. The authors are not skilled in the 
nterpretation of continuous cooling curves. However, it seems that the 
vehavior in continuous cooling reflects the essential features found in 
sothermal transformation. 

Mr. Powers objects to the temperature coefficient of surface adsorp- 
ion presented in the paper. Equation 23 gives y as a function of the 
oncentration at constant temperature. Under isothermal conditions it is 


true that the expression 
0” ona Yom 
RT 


Equation 24 


in be derived. However, the quantity m is a function of the temperature. 
heretore, 


a... wt OM Y Om Yom : : 
ee eer mee eae omen Se eee Equation 25 
os. Be Oe RT O17 RT* 
The question of whether dI'/OT is positive or negative depends on the 
Yo Om 
sign and magnitude of the term —- 
RT oT 


[It can be easily shown by a hypothetical case that this term can be a large 
positive number so that dI/dT is positive, thus leading to increased 
adsorption with an increase in temperature. 

If one assumes a series of isothermal equations of the Szyszkowski 
type (as assumed by the discusser), each of which corresponds to ¥Y as a 
function of c at different temperatures, such that 

Yo = 7 mi In — (i = 1, 2,3, etc.) 

Ver mi 
where mi, ms, ms, etc., are the values of these temperature-dependent 
quantities at the temperatures T;, To, Ts, etc., and where it is assumed that 


Equation 26 
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Ti << T:<Ts< Ti. Then a hypothetical plot of the isotherms (Equation 
26) could look as follows: 


Yo! 
Yor T; 
Tp 

3 
Yo T3 
Yo* T4 
Yo° Ts 

Inc — 


The slope of these isotherms is negative and equal to mi. This corresponds 
to the assumption of the discusser. 


Now a plot of the slopes of the isotherms versus the temperature will 
look as follows: 


Mo 


mM | 





It is clear that dm/dT in the figure is positive. In the authors’ opin- 
ion, the hypothetical case herein discussed might conceivably correspond 
to the binary system, Fe-B. This is suggested by the procedure in the 
metallographic test for boron developed by Grange. 

The remarks of Messrs. Simcoe and Elsea are appreciated. They are 
conducting part of the work on boron sponsored by the Aeronautical 
Research Laboratory. We, of course, do not agree with the philosophy 
expressed in their statement that the mechanism of ferrite formation is 
irrelevant. The importance of this point has been discussed previously. 
Granted boron does reduce the rate of nucleation of ferrite, the ques- 
tion still remains “how?”. It is true that we could not be certain of the | 
structures involved in the Russian steels discussed. Only data on kinetics 
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obtained by magnetometric means are presented. We again wish to clarify 
our position on the pearlite mechanism. We agree that cementite forms 
by nucleation and growth. We are not convinced that the ferrite in pearl- 
ite forms by nucleation and growth. Messrs. Simcoe and Elsea dismiss 
the hypothesis on the basis that boron does not affect the M, point. It 
must be remembered that martensite forms with no partitioning of the 
carbon to remaining austenite. It is entirely possible that carbon can 
damp out the effect of boron. The arguments are too detailed to be pre- 
sented here. This possibility is borne out in the lack of effect of boron 
in the formation of lower bainite. In this case, as in martensite, no car- 
bon migrates away before the transformation occurs. 

Messrs. Carman and Carosiello ask about loss of boron hardenability 
effect. Two effects are currently recognized: (a) a temporary effect 
which seems to depend upon the distribution of boron in solid solution, 
and (b) a permanent loss in hardenability at high temperatures. In this 
case, a stable compound of boron must form which will not go into solu- 
tion on subsequent austenitizing. Care must be exercised in experimenta- 
tion on permanent losses. It is our experience that deboronization occurs 
rapidly at high temperatures in small specimens. This can be confused 
with a permanent loss in hardenability. We have no particular sugges- 
tions to offer on the apparent boron effect in the 4170-type steel, except 
to ascertain if proeutectoid ferrite is actually absent in this steel. 








A SURVEY OF VANADIUM BINARY SYSTEMS 


By W. RosToKER AND A. YAMAMOTO 


Abstract 


A summary is presented of pertinent information on 
the terminal solubility limits, identities of intermediate 
phases and reactions between intermediate phases and ter- 
minal solid solutions of 21 binary systems. The informa- 
tion was obtained through review of the literature and by 
experimental studies on more than 150 alloys prepared by 
arc melting. Vanadium appears to enjoy wide solid solu- 
bility limits for a large number of alloy additions. A num- 
ber of new intermediate phases have been discovered and 
X-ray diffraction patterns recorded. Sufficient informa- 
tion was obtained on a number of systems to sketch the 
probable forms of the phase diagrams. 


NECESSARY prerequisite to a program of exploration of the 

physical and mechanical properties of vanadium alloys is a sur- 
vey of the phase relationships involved in potentially important sys- 
tems. It is useful to know approximate terminal solubility limits, 
identities of intermediate phases and the reactions between interme- 
diate phases and terminal solid solutions. The work herein reported 
summarizes these pertinent points of information as obtained by re- 
view of the literature and by experimental studies of intentionally 
limited scope. 

Twenty-one binary systems have been surveyed and each is dis- 
cussed separately, the presentation being in order of atomic number 
of the alloying elements. The discussion of each system is divided 
into two parts: a review of existing literature and a report of experi- 
mental work conducted to amplify the existing information to satisfy 
the objectives of the survey. It is to be emphasized that there is no 
intent to define the complete phase relationships in any one system. 
In several cases sufficient information was obtained to give a reason- 
able outline of a system. These outlines have been presented in 
graphical form but are not intended as final and acceptable phase 
diagrams. 

Much of existing information on vanadium alloy systems is open 


This work was performed under Contract No. AF 33(038)-8517 for the Wright Air 
Development Center, Dayton, Ohio. 
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held in Cleveland, October 17 to 23, 1953. Of the authors, W. Rostoker is 
senior metallurgist, and A. Yamamoto is associate metallurgist, Metals Re- 
search Department, Armour’ Research Foundation, Chicago. Manuscript re- 
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Table I 
Summary of Compositions of Alloys Examined 





Alloying Compositions 


Element (weight @) 

Be O26 ee O. 20, SeaDoo. Oe ae Be 2 

B 0.25, 5, 10 

tb Oe Oa 8, Bie eo ae Fe Reve oe. 2S. 24, 19 
N @.32,:4..5 

oO 0.25, 0.82, 5, 23.9 

Al 1, 2.5, 5, 7.5, 10, 20, 30, 34.5, 40, 55, 68, 79 
Si 1. 2:3, 5, 7.5, 0.35, @ 2, 

Ti ‘. 2.5, 5; 7.0, 20. 35. 25.,. a5, 45, 65. 8S 

cy¥ 5. ace ones ee ae oe oe 

Mn 0.34, 0.96, 3.09, 3.63, 5.71, 9.19, 10.36, 15 
Fe ae eM ee ee a 

Co 2.5.5. 7.5, 3, 233: 3.2 

Ni 0.8, 2.5, 5, 7, 10, 15, 20, 30, 40, 45, 60 

Cu ', 2.3. 5, 7: R25 

Zr 2, 4, 6, 8, 10, 20, 30, 40, 50, 60, 80 

Cb(Nb) 1.3, 2.5, 5, 7.5; 1%. 2, 3B, @. 50, @, 70 
Mo i, 2.5, 5, 7.5, 10, 30..350; 0, 75 

\g 2.5, 5, 10 (nominal) 

Sn 1. 2.3. 5, 7.5, 10 

Ta 1, 2.5, 5, 7.5, 10, 25, 40, 50, 60, 80 

W 2, 4, 6, &, 10, 50 


to question because of the purities of metal used. It is only recently 
that vanadium metal of reasonable purity has become available. For 
this reason, occasion has been taken to check already reported facts. 

For each binary system, a number of alloy compositions were 
arbitrarily chosen to cover the expected range of interest. A com- 
plete list of the alloys prepared and examined is presented in Table I. 
All compositions have been expressed in weight percentages. Por- 
tions of the cast ingots were annealed at 900°C (1650°F) for 1 
week and quenched. In all cases, both as-cast and annealed struc- 


tures were examined metallographically. Analyses of X-ray diffrac- 
tion powder patterns were used to identify phases present. A 14 cm. 
camera and Cu K, radiation (a, — 1.54123kX) were used for this 
work. 


Twenty-gram ingots of all alloys were melted in a nonconsum- 
able, water-cooled copper crucible, helium arc melting furnace. The 
construction and operation of this type of furnace has been adequately 
described elsewhere (1)*. Deviations from nominal analyses were 
checked and corrected by weight losses. In several cases where weight 
losses were appreciable, it was found that chemical analyses checked 
closely with adjusted analyses calculated from weight losses. Every 
effort was made to secure alloy additions in their purest available 
form. To locate the approximate temperatures of eutectic and peri- 
tectic reactions, incipient melting measurements were made. Effec- 
tively this constitutes heating a specimen under protective conditions 
until the sharp corners collapse because of the onset of melting, the 
temperature being measured by an optical pyrometer. The method 
is calibrated against the known melting points of pure metals. A 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Typical As-Cast Structure of Low Alloy Content. In this instance the 
alloy contains 1% Ti. Etchant: 60% glycerine; 20% HNOs; 20% HF. x 250. 
Fig. 2—-Typical Annealed Structure of Low Alloy Content. In this instance, 
the alloy contains 1% Ti. Etchant: 60% glycerine; 20% HNOs; 20% HF. X 250. 


full description of equipment and techniques is given in Reference 1. 

In almost all of the systems with appreciable solubility ranges, 
the alloys of low alloy content showed a finely divided, dispersed 
phase which on annealing dissolved and reprecipitated at the grain 
boundaries. Typical as-cast and annealed structures are shown in 
Figs. 1 and 2. It has been assumed that these dispersions did not 
belong to the pure binary phase relationships both because of their 
generality of occurrence in solid solutions and because they disap- 
peared gradually with increasing alloy additions without ever devel- 
oping to a state of more than a trace constituent. Large hardness 
changes often were associated with the annealing of these structures, 
especially at very low alloy contents. Unalloyed vanadium itself 
does not show this effect but very small additions of oxygen develop it. 


Tue METAL VANADIUM 


Unalloyed vanadium was supplied by the Electro-Metallurgical 
Division of the Union Carbide and Carbon Corporation. A typical 
lot analysis is as follows: Carbon 0.06%, oxygen 0.07%, nitrogen 
0.10%, hydrogen 0.002%. Analysis by the Analytical Chemistry 
Department at the Armour Research Foundation finds an iron con- 
tent of 0.005%. 

Using material supplied by the Armour Research Foundation, 
Adenstedt, Pequignot and Raymer (2) determined the melting point 
of this vanadium to be 1900 + 25°C (3450°F). In contributed 
discussion to this paper, D. J. McPherson, of the Foundation, con- 





——— 
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firmed their measurements. This melting point is appreciably higher 
than the 1735 + 50°C (3155 °F) listed in the Merats HANDBOOK, 
A.S.M. (1948). In view of the undoubtedly higher purity of the 
presently available metal, this low value must be considered as in- 
correct. 

Metallographic examination of pieces of as-received vanadium 
discloses trace inclusions of undissolved tungsten originating pre- 
sumably from an arc-melting stage in the manufacture of the metal. 
Spectrographic analysis confirms the presence of traces of tungsten. 

The unmelted vanadium has a hardness of 143 VHN. Melted 
buttons show hardnesses of 180 to 210 VHN. This has been taken 
as indicative of the behavior of the V-O-N terminal solid solubility 
boundary. At elevated temperatures of melting and chill casting, the 
inherent gaseous content, present as rejected phases in the unmelted 
material, is introduced and retained in solid solution, thereby increas- 
ing the hardness. Pieces of unmelted vanadium heated quickly in 
vacuum and quenched gave the following results: 


quenched from 1200 °C hardness of 165 VHN 
1500 °C 163 VHN 
1700 °C 181 VHN 


From these results it is felt that the hardness pickup on melting is 
inherent to the metal and not to additional contamination. 

Experiments were performed to determine the recrystallization 
temperature range of unalloyed vanadium. Sheet specimens 0.010 
inch thick were annealed at 920°C (1690°F) for 3 hours. The 
annealed hardness was 181 VHN. Specimens were cold-rolled to 5, 
10, 25, 50, 75% reductions in cross section and annealed for 90 min- 
utes at various temperatures. The results of hardness measurements 
are summarized in Table Il. Combined metaliographic examination 
and hardness testing place the recrystallization temperatures between 
650 and 800 °C (1470 °F). 


THE SYSTEM VANADIUM-BERYLLIUM 


Literature Review—The intermediate phase V Bes (26.15% Be) 
has been identified (3) as hexagonal (C14 type) isomorphous with 
MgZny. No other information on this system was found. 


Table II 
Recrystallization of Cold-Rolled Vanadium 


—Vickers Hardness Numbers ~- —-—--- 

Cold-Reduced — -—- - -Annealed 90 minutes at ~ ~ 
(%) As-Rolled 650°C 800 °C 825°C 850° C 875°C 900 °C 

5 195 203 188 190 178 188 188 

10 206 210 193 188 185 193 193 

25 221i 210 190 199 185 188 187 

50 236 229 199 192 185 187 187 


75 246 244 186 188 183 193 185 
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Present Work—Alloys containing up to 25% beryllium were 
prepared. The solubility of beryllium in vanadium was found to be 
less than 0.8%. At higher beryllium contents a eutectic appears. 
The eutectic composition occurs at about 15% beryllium. The phase 
VBee was identified by X-ray diffraction analysis as entering into 
equilibrium with vanadium. The appearance of the eutectic in a 5% 
alloy is shown in Fig. 3. Incipient melting measurements on the 5% 
alloy place the eutectic temperature at about 1680°C (3055 °F). 
However, a similar measurement on a 25% alloy placed the onset of 
melting at 1580°C (2875°F). Since these were only single trial 
tests, they must be regarded as only tentative. 


THE SYSTEM VANADIUM-BORON 


Literature Review—Two intermediate phases, VB (17.52% B) 
(4) and VBes (29.81% B), have been identified. Norton et al (5) 
have analyzed the structure of VBz as hexagonal (C32 type) with 
lattice parameters C = 3.057 kX; a=2.998kX; C/a=1.02. This 
phase was found to be isomorphous with other diborides (Ti, Zr, Cb, 
T'a)Be. No information was found relating to the solubility of boron 
in vanadium. 

Present Work—Two alloys containing 0.25 and 5% boron, re- 
spectively, were melted. As seen in Fig. 4, eutectic appears in the 
0.25% alloy. The 5% alloy shows a peritectic residue within den- 
drites surrounded by eutectic (Fig. 5). This would indicate that 
the eutectic proportion is less than 5% and that the VB phase is 
formed by a reaction VBo+ melt VB. An incipient melting 
measurement indicated the eutectic temperature to be about 1780 °C 
(3235 °F). 





THe SYSTEM VANADIUM-CARBON 


Literature Review—The intermediate phases V;C (4.5% C), 
VeC (10.54% C), VaC3 (15.02% C), VC (19.08% C), V2Cs 
(26.12% C) have been reported. In many cases, the methods of 
preparation cast doubt on the validity of the results. The compound 
VC has been definitely established as having an NaCl structure 
(6-11) and a broad range of homogeneity. The compound V;C 
phase reported by Osawa and Oya (12) is disputed by Hansen (13) 
and Hagg (7). Since a hexagonal structure was found, it is prob- 
able that they were actually working with the V2C phase according 
to the present work. The V4C; phase was reported by Arnold and 
Read (14), Maurer (15) and Krainer and Mitsche (16). Morette 
(17) found V4Cg to be in equilibrium with cast iron. Osawa and 
Oya (12) identified this phase as having a face-centered cubic struc- 
ture. Maurer et al (9) suggested that V4C3 was in fact within the 
range of homogeneity of the VC phase and that a defect lattice 
occurred. 
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Fig. 3—Structure of 5% Be-V Alloy. Primary dendrite of solid solution and 
eutectic of (V+ VBee). Etchant: 60% glycerine; 20% HNOs; 20% HF. X 250. 
Fig. 4—Structure of V-—0.25% B Alloy. Primary dendrites of solid solution 
in a matrix of eutectic. Etchant: 60% glycerine; 20% HNOs; 20% HF. xX 250. 
Fig. 5—As-Cast Structure of V-5% B Alloy. VB surrounding residue of VBe 


from incomplete peritectic reaction. Matrix of eutectic of (V+ VB). Etchant: 
60% glycerine; 20% HNOs; 20% HF. xX 500. 


Mol’kov and Vikker (18) have investigated the mixed carbides 
of Ti-V-C, Mo-V-C, W-V-C, and Ti-Mo-W-V-C. It was shown 
that VC forms uninterrupted solid solutions with TiC, (Ta, Nb)C, 
and TaC, is moderately soluble in WC and only slightly soluble in 
HfC and ZrC. 

Ruff and Martin (19) determined the temperature of the onset 
of melting for alloys with nominal carbon contents of 1.15 to 19.1%. 
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Their rough measurements showed a steep rise from 1750 °C (3180 
°F) for 1.15% carbon to a flat maximum at 2750 °C (4980 °F) for 
VC. 

Tammann and Schonert (20) found that carbon does not dif- 
fuse into vanadium at 800 to 900 °C (1470 to 1650 °F). This sug- 
gests that the solubility of carbon in vanadium is very small. 

Present Work—Alloys containing up to 19% carbon were pre- 
pared. An examination of the cast structures yielded the following 
results: From 0.4 to 0.8% carbon, the structure was one of coarse 
grains with a small amount of dispersed second phase. The 1% 
alloy shows interdendritic eutectic. With increasing carbon content, 
the proportion of eutectic increases and the eutectic composition ap- 
pears to be between 3.5 and 5% carbon. The possibility of a V5C 
phase is therefore considered unlikely. At greater than 5% carbon, 
primary dendrites of an intermediate phase appear in increasing 
amounts. At 10.5% carbon, the structure is apparently single phase. 
This corresponds to the composition VeC. An X-ray diffraction pat- 
tern identified this structure as hexagonal close-packed (L’3 type) 
(C=4.50kX; a=2.89kX) isomorphous with (W, Mo, Ta)0oC. 
Alloys containing 15, 17, and 19% carbon were all shown to be in the 
miscibility region of the VC phase (NaCl-type structure). The sin- 
gular phase V4C; was not found. 

An incipient melting measurement placed the eutectic tempera- 
ture of the reaction liquid —~ V + VeC at 1650 °C (3000 °F). Figs. 
6 and 7 show microstructures pertinent to this discussion. A sketch 
of the probable form of the phase diagram is shown in Fig. 8. 


THE SYSTEM VANADIUM-NITROGEN 


Literature Review—The presence of an intermediate phase hav- 
ing the atomic proportions VN (21.6% N) has been established 
(21-24). The structure is cubic, of the NaCl type (6, 25, 26), as in 
the case of many other oxide, nitride, and carbide phases with other 
metals and of this formula. Hahn (26) has shown that this phase 
has limits of miscibility between 16.4 and 21.6% nitrogen. The 
melting point is approximately 2050 °C (3720 °F). 

Some question exists as to the presence of a V2N phase (12% 
N). Muthmann et al (27) were unable to recognize its presence, 
whereas Hahn (26) has identified it and determined its structure to 
be hexagonal with lattice parameters a = 2.835 kX and c = 4.541 kX. 
This probably puts it in the class of the WeC and V2C type of phase. 

No information exists on the solid solubility of nitrogen in 
vanadium. 

Present W ork—Only three alloys in this system were prepared 
using VN as a nitrogen-rich master alloy. The 1% alloy in the as- 
cast conditions showed only a single-phase structure. On annealing 
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Fig. 6—As-Cast Structure of V-—0.2% C Alloy. 
V2C rejected from solid solution. Etchant: 60% glycerine; 20% HNOs; 20% HF. 


50 


Saturated solid solution with 


Fig. 7—Structure of V-—3.5% Alloy Showing Almost Complete Eutectic 
(V+ V2C). Etchant: 60% glycerine; 20% HNOs; 20% HF. x 250. 


at 900 °C (1650 °F) for 170 hours, a rim of second phase appears 
around the grain boundaries (Fig. 9). 

The 5% alloy in the annealed state showed the same twinned 
structure as the 5% oxygen alloy (Fig. 10). An X-ray diffraction 
pattern identified the same tetragonal lattice. The lattice constants 
were determined by a body-centered tetragonal indexing of the lines 
to be c= 3.388 kX; a= 2.964kX; c/a= 1.143. A summary of 
observed lines is given in Table III. The discussion of the origin 
and nature of the tetragonal phase in the V-O system applies to this 


case also. 


Table III 


Summary of Observed Powder Pattern Lines of the Tetragonal Structure 
at 5 Weight % Nitrogen 


I hkl dobs (kX) 
weak medium 101 2.221 
weak medium 110 2.087 
very medium 002 1.691 
weak 200 1.478 
weak 112 1.315 
medium 211 1.233 
very weak 202 1.114 
very very taint 103 1.055 
very weak 220 1.047 
weak 301 0.9481 
weak 310 0.9371 
very weak 222 0.8913 
very faint 213 0.8604 
weak medium 312 0.8205 
0.7992 


medium 321 
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THE SYSTEM VANADIUM-OXYGEN 


Literature Review—A large number of intermediate phases have 
been found in this system. A summary of published information is 
given in Table IV. 

Some information is available on the solubility of oxygen in 
vanadium. Klemm and Grimm (28) found that oxygen is soluble 
to the extent of 11.2% and that the lattice is distorted tetragonally. 
A very recent paper by Allen, Kubaschewski and v. Goldbeck (37) 
finds the solubility at low temperatures to be about 0.25%. If both 
authors are correct, then the solubility boundary sweeps back radi- 
cally from very high temperatures, and age hardening characteristics 
are likely. 


Table IV 


Summary of Published Information on the Intermediate Phases 
in the Vanadium-Oxygen System 


Atomic Weight & 
Proportions Oxygen References Remarks 
? ? 28 Found at low temperatures. 

VO(V202) 23.9 28, 29, 30 Cubic structure. NaCl type. 

V20s. 28.8 — 34.1 28, 31, 32, 33 Hexagonal lattice. Corundum type. 
Melting point 1900°C (3450 °F) 

Vi0s 33.4 - 36.1 28 

VOz2 36.1 -— 38.6 34, 31 Tetragonal lattice. Rutile type. 
Melting point 1350 to 1545°C 
(2460 to 2815 °F). 

Vi20286 40.5 35, 31 Monoclinic. 

V20s 44.4 36 Orthorhombic. Melting point 658 °C 


(1215 °F). 











Present Work—For purposes of alloying, a master alloy of 
23.9% oxygen was prepared by melting vanadium and V2O;. Since 
the oxygen content of the as-received vanadium is already about 
0.07%, this figure was added to nominal analyses. At the time of 
writing, only five alloys had been examined. Alloys with oxygen 
content between 0.1 and 0.82% all showed a dispersion of some finely 
divided phase (Fig. 11). It would appear that the solubility is less 
than 0.1% if this dispersion is related to the vanadium-oxygen system. 

An alloy containing 5% oxygen shows a phase which exhibits 
pronounced twinning (Fig. 12). Since a body-centered cubic lattice 
twins only under very special circumstances, the twinned structure 
is interpreted as some new structure. X-ray diffraction powder pat- 
terns showed a single phase with a tetragonal structure. Indexed on 
a body-centered tetragonal lattice, the parameters were calculated 
to be c = 3.295 kX; a= 2.982 kX; c/a= 1.104. Since the lattice 
parameter of body-centered cubic vanadium is 3.003 kX, this new 
structure is apparently a distorted version. The unit cell of the size 
indicated could not tolerate more than two atoms of vanadium. Yet 
the composition of 5% oxygen indicated atomic proportions of V¢O. 
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Fig. 8—Sketch of Probable Form of Vanadium-Carbon Diagram. 


Therefore it is not possible to position one oxygen atom in each unit 
cell. It is suggested that this structure is the result of an ordering 
reaction wherein the oxygen atoms dispose themselves in some super- 
lattice such that they are uniformly far apart from each other. On 
the average, one oxygen atom will be associated with three unit cells 
of vanadium atoms disposed in a body-centered tetragonal lattice. 
The diffraction lines from the powder pattern for this phase are listed 
in Table V. Very recently Seybolt and Sumsion (38) reported rec- 
ognition of the ordering effect. 

The master alloy containing 23.9% oxygen was found to be 
almost single phase. X-ray diffraction analysis identified the VO 
phase with the NaCl structure and lattice parameter a = 4.08 kX. 


THE SYSTEM VANADIUM-ALUMINUM 


Literature Review—A survey of published information yielded 
the suggested compositions of intermediate phases shown in Table 
VI. Duwez (43) found that aluminum is soluble in vanadium up to 
34.6%. 

Present Work—Alloys containing up to 79% aluminum were 
prepared. Examination of annealed alloys places the solubility limit 
between 30 and 34.5% aluminum. The latter alloy showed some 
rejection from solid solution. It was established that the VAI, phase 
enters into equilibrium with vanadium solid solution by means of a 
peritectic reaction. Incipient melting measurement places the peri- 
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I 


medium 
medium 

faint 

weak medium 
weak 

medium strong 
very weak 
very weak 
very faint 

very very faint 
weak 

weak 

very weak 
Taint 

weak medium 
medium 


Table V 
Summary of Observed Powder Pattern Lines of the Tetragonal Structure 


at 5 Weight % Oxygen 


Table VI 


hk] 
101 
110 
002 
200 


dobvs (kX) 


dh ph het ie ee ete BD ED 


~ as 
_-~— 


.201 


105 


.643 
.488 


295 


. 234 


105 


.054 


031 
013 


.951 


943 
888 
849 


.819 


803 


Summary of Published Information on Intermediate 
Phases in the Vanadium-Aluminum System 


Weight 


Atomik 

Proportions % Al 
V2Al 20.93 

VAI 34.6 

Ve2Als or VAle 44.3 51.4 
VAI 61.4 

VAl, 67.9 

VAI 78.7 


Table VII 


Literature 
sources 


39 


39, 40 


39 
41 


4 
4 


Nm h\ 





Vol. 46 


Notes 


Tetragonal structure 
c =8.305 kX: a=5.34 kX 


Observed and Calculated* Powder Pattern Lines in the Phase VAI;-« 


I hkl 
weak 111 
diffuse 210 
diffuse 220 
very weak 311 
very weak 222 
taint 400 
faint 331 
very faint 422 
weak 440 
medium 531 
very weak 600, 442 
weak medium 611, 532 
weak medium 620 
very faint 621, 540, 443 
strong 533 
medium 444 
very faint 642 
faint 733 
weak 822, 660 
faint 751,555 
very weak 840 
very weak 911, 753 
faint 844 
very weak 933,771, 755 
very faint 10, 21-854 


medium 


*Calculated on basis of a cubic lattice and a =14.47 kX. 


10, 21-666 


dovs (kX) 


et ee NNN NN Nw OG UD OO 


404 
350 
062 
354 
190 
630 


.320 
.958 
.562 


445 


.410 
.334 
. 288 
. 248 


207 


.089 
.933 
. 768 


705 


.674 
.617 
.588 


477 


.454 
411 
.393 


deal 


8 


tt et et et et et et DOIN NNN WW UD 


(kX) 
354 
471 


.116 


363 
177 


618 


.320 
.954 
.558 


446 


.412 


347 
288 


. 260 
. 207 
.088 


934 


. 768 
.705 
.671 
.618 
.588 
477 
.454 


412 


.392 
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Fig. 9—Structure of Annealed V-1% N Alloy Showing Grain Boundary Phase. 
Etchant: 60% glycerine; 20% HNOs; 20% HF. x 250. 

Fig. 10—Structure of Annealed V-—5% N Alloy Showing Twins. Etchant: 
60% glycerine; 20% HNOs; 20% HF. xX 500. 


Fig. 11—As-Cast Structure of V-—0.25% O Alloy. Etchant: 60% 
20% HNOs; 20% HF. xX 250. 

Fig. 12—As-Cast Structure of V-5% O Alloy Showing Twinning of Tetragonal 
Structure. Etchant: 60% glycerine; 20% HNOs; 20% HF. x 500. 


glycerine; 


tectic temperature at about 1370 °C (2500°F). An alloy containing 
68% aluminum is a two-phase, completed peritectic structure, one 
phase of which was also identified by X-ray diffraction to be VAI. 
Incipient melting tests place the peritectic temperature below 1210 °C 
(2210°F). The second phase was found to enter into equilibrium 
with aluminum in the 79% alloy. The exact composition of the phase 
was not determined, but it must reasonably be between VAI; and 
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Fig. 13—-Sketch of Probable Form of Vanadium-Aluminum Diagram. 


VAl,. A clear powder pattern was obtained for this phase. The lines 
could be indexed on a cubic lattice having a lattice parameter a = 
14.47kX. Examination in systematic extinctions did not permit 
assignment of a singular space group to the structure. Its true lat- 
tice type may, therefore, be regarded as in question. Since this phase 
has not been previously reported, the powder pattern lines are re- 
ported in Table VII. 

As a result of this work, the phase diagram can be tentatively 
sketched as in Fig. 13. No evidence was found for the existence of 
the phases V2Al, VAI, VeoAls, VAle, VAly, VAl;. Figs. 14 and 15 


are microstructures pertinent to the above discussion. 
THE SYSTEM VANADIUM-SILICON 


Literature Review—No published information was found on the 
solubility of silicon in vanadium. A number of intermediate phases 
have been recognized. A review of the information is given in Table 
VIII. 

A partial phase diagram has been constructed for the silicon- 
rich end of the system (51). The essential points are as follows: 
The intermediate phase VSiz has an open maximum melting point 
of 1654 °C (3010°F) and forms a eutectic with silicon, the eutectic 
composition occurring at about 95% silicon and the eutectic tempera- 
ture at about 1415 °C (2580°F). Some evidence was found for a 
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Table VIII 


Summary of Published Information on Intermediate Phases 
in the Vanadium-Silicon System 


aap ———— —__—_—— aa RS — 


Atomic Weight Literature 





Proportions % Si Sources . Remarks 
V3Si 15.51 44, 45 8-tungsten-type cubic 
structure (42); 
a=4.712 kX. Isomorphous 
with Cr;Si. 
V2Si 21.59 46, 47, 48, 49 
VSie 52.41 45, 46, 47, 48, 50, 51 Hexagonal structure (43); 


a =4.562 kX, c=6.359 kX. 
Isomorphous with NbSiz, 
TaSiz. 





Fig. 14—Structure of V-—40% Al Alloy Showing (VAls+ Vs.s.).  Etchant: 
60% glycerine; 20% HNOs; 20% HF. xX 250. 


Fig. 15—As-Cast Structure of V-55% Al Alloy Showing VAls and VAls-« in 
an Incomplete Peritectic Reaction. Etchant: 60% glycerine; 20% HNOs; 20% HF. 
xX 750. 


miscibility range on the vanadium-rich side of the VSiz phase. More 
recent work (45) confirms these points in general. 

Present Work—Vanadium-silicon alloys containing up to 40% 
silicon were melted. Portions of the cast ingots were annealed at 
900 °C (1650 °F) for 170 hours. The solubility limit of silicon in 
vanadium appears to be just less than 5%. The annealed 2.5% Si 
alloy showed a rejected phase indicating a reduced solubility bound- 
ary. The limited vanadium solid solution enters into a eutectic reac- 
tion with an intermediate phase. The eutectic composition appeared 
to be about 7.5% Si and the eutectic temperature by incipient melt- 
ing measurement is about 1840°C (3345°F). X-ray diffraction 
analysis identified the intermediate phase of the eutectic to be V3Si. 

Examination of cast structures indicates that V3;Si enters into 
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equilibrium with a phase richer in silicon by means of a peritectic 
reaction. The composition of this phase was not determined but it is 
unlikely to be V2Si as reported in the literature. From the fact that 
V3Si could be identified by X-ray diffraction in a 30% alloy, a VSi 
(35.5% Si) phase is more likely. It was not possible to determine | 
the structure of this phase from the alloys prepared. The 30% alloy , 
showed incipient melting at about 2060 °C (3740 °F). 
Fig. 16 summarizes these results coupled with published infor- 
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Fig. 16—Sketch of Probable Form of Vanadium-Silicon Diagram. 


mation to give the probable form of the phase diagram. Figs. 17 and 
18, respectively, show the eutectic of (vanadium + V3S1) and the 
peritectic structure of V3Si with the unknown phase. 


THE SYSTEM VANADIUM-TITANIUM 


Literature Review—In a recent study of the Ti-V system (52), 
it was found that vanadium was miscible with the body-centered 
cubic modification of titanium in all proportions. 

Present Work—Alloys containing 1 to 85% titanium confirmed 
the occurrence of a complete range of solid solutions. 


THE SYSTEM VANADIUM-CHROMIUM 


Literature Review—A series of alloys examined by Martens and 
Duwez (53) disclosed a broad range of solid solutions. Attempts to 
disclose a sigma phase were fruitless. Pearson et al (49) were also 
unable to obtain a sigma phase in vanadium-chromium alloys. 

Present Work—Additions of up to 40% chromium were made. 
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Fig. 17—Structure of V—7.5% Si Alloy Showing Almost Complete Eutectic 
of (V+ VsSi). Etchant: 60% glycerine; 20% HNOs; 20% HF. x 500. 

Fig. 18—As-Cast Structure of V—-20% Si Alloy Showing Predominantly Vs3Si 
and an Incomplete Peritectic Reaction. Etchant: 60% glycerine; 20% HNOs; 20% 
MP. 500. 


Fig. 19—-Structure of Annealed V —60% Ni Alloy Showing Predominantly Nickel 
Solid Solution (as Identified by X-Ray Diffraction) and a Small Amount of Segre- 
gated Eutectic. Etchant: 60% glycerine; 20% HNOs; 20% HF. x 250. 

Fig. 20—As-Cast Structure of V-—10% Cu Alloy Showing Grains of Vanadium 
Solid Solution and an Intergranular Network of a Copper-Rich Solid Solution. 
Etchant: 60% glycerine; 20% HNOs; 20% HF. x 150. 


The results confirm the previous work in that solid solubility was 
found to persist up to the maximum addition of chromium. 
THE SysteEM VANADIUM-MANGANESE 


Literature Review—Cornelius et al (54) have investigated alloys 
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with more than 20% manganese. Their alloys contained in excess 
of 4% impurities. For vanadium, they found 680 VHN, and for 
manganese, 878 VHN, which indicate substantial contamination. 
They report three intermediate phases as follows: 
(a) About 30% manganese—unidentified. ‘ 
(b) Probably VMn (51.9% Mn)—cubic structure, a = 10.7 kX. 
(c) A manganese-rich phase. 

Pearson et al (49) found that the equi-atomic alloy had a body- 
centered cubic structure, but that an alloy with 77% manganese had 
a typical sigma-phase structure. 

Present Work—Manganese is a relatively volatile metal and 
considerable amounts of additions are lost during melting. For this 
reason, all alloys had to be analyzed. In some cases it was found 
that nearly one-half of the manganese added had been lost during 
melting. 

Alloys containing up to 15% manganese were prepared. In 
these alloys the solubility limit of manganese in vanadium was not 
reached. 


THE SYSTEM VANADIUM-IRON 


Literature Review—Because of its relationship to vanadium 
steels, this system has been studied more thoroughly than any other 
containing vanadium. Although no published data pertain to the 
range 0 to 30% iron, there is little reason to expect other than com- 
plete solid miscibility. 

The freezing range for alloys with more than 30% iron has been 
determined (55, 56). In general, the results point to a continuous 
range of solid solution and a freezing point curve with a flat minimum 
at about 1470 °C (2680 °F) and 68% iron. Although earlier results 
(55, 56) showed complete miscibility throughout the system (except 
for the gamma loop), later work (57) discovered the rejection of a 
new phase on slow cooling. Thermal effects located the presence of 
the new phase between 40 and 81% iron. The VFe phase was found 
to be isomorphous with the sigma phase FeCr (57, 58). A recent 
determination (53) has shown the limits of the sigma phase at 700 
°C (1290 °F) to be 45 and 65% iron, and of the alpha plus sigma 
boundaries at the same temperature, 36 and 78% iron. The iron- 
rich end of the system has been studied extensively, but is of no great 
interest in this work. 

Present Work—Alloys containing up to 10% iron were melted. 
Examination verified the complete solid miscibility of iron in vana- 
dium within this range of composition. 


THE SYSTEM VANADIUM-COBALT 


Literature Review—The existence of the intermediate phases 


V3Co (27.8% Co) (59), and VCo (53.6% Co) (59, 60) has been 
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reported by Duwez. The former phase has a cubic lattice of the 
A-tungsten type. The latter phase is a member of the sigma-phase 
family. Pearson et al (49) have confirmed the existence of VCo 
as a sigma phase. No information was found on the solubility of 
cobalt in vanadium. 

Present W ork—Alloys containing up to 60% cobalt were melted. 
Solid solubility was shown to exist up to 23% cobalt. The latter 
alloy shows a small amount of second phase on annealing. The phase 
relations by which V3Co and VCo enter into equilibrium are complex 
and the few alloys made were insufficient to make positive statements. 


THe SYSTEM VANADIUM-NICKEL 


Literature Review—The solidification range for a series of alloys 
with more than 64% nickel has been determined (51). These results 
show a minimum at 1335 °C (2435°F) and 79% nickel. Between 
64 and 80% nickel, the structures were two-phase. The existence of 
a sigma phase has been established (60, 49). The latter reference 
sets the limits of occurrence of sigma phase as between 38 and 48% 
nickel. 

Present W ork—Alloys containing up to 60% nickel were melted. 
The solubility limit of nickel in vanadium appears to be between 7 
and 10% nickel. The as-cast 10% alloy shows an interdendritic 
phase. There are at least three intermediate phases in this system. 
A V3Ni (27.74% Ni) phase was discovered to be isomorphous with 
V3;Co (59). This same phase has not previously been reported. It 
has a B-tungsten cubic structure and a lattice parameter a = 4.70 kX. 
Table IX lists the powder pattern lines of this phase. The V3Ni 
phase enters into equilibrium with the vanadium solid solution but 
the microstructures are complex. A third unknown phase is present 
in alloys containing 15 and 20% nickel. 

Alloys containing 30 to 45% nickel give diffraction patterns 
predominantly of sigma phase. There has been some confusion on 
the assignment of a lattice type to this phase. Duwez and Baen 
(60) indexed their pattern on a tetragonal lattice with parameters 
calculated to be c = 9.209kX;a—=6.28kX. Ina subsequent publi- 
cation (61) the pattern was re-indexed on an orthorhombic lattice. 
A clear diffraction pattern was obtained for this phase. It was found 
that the first 27 lines could be indexed on a tetragonal unit cell with 
parameters c= 9.16kX;a—6.20kX. Table X lists the lines, their 
measured spacings calculated from the estimated parameters. Re- 
cently, Christian and Pearson (62) reported the results of a single- 
crystal rotation pattern,study. They report that the unit cell is 
tetragonal with parameters c = 4.63 kX; a= 8.95kX. These results 
can be shown to be quite similar to those found in the present work, 
if the unit distance in the C direction is halved and the “a” parameter 
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Observed and Calculated* Powder Pattern Lines of V:Ni (a = 4.701 kX) 
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Table X 


Observed and Calculated* Powder Pattern Lines 
of the Sigma Phase in the V-Ni System 
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*Computed from c =9.16 kX; a=6.20 kX. These parameters were calculated from a least 


squares solution of equations of interplanar spacing of 6 higher angle lines. 


is indexed from a cell which is face-centered rather than body- 


centered (6.20 X \/2 = 8.77). 


and Pearson is more likely to be correct. 
The 60% alloy (Fig. 19) showed primary dendrites and inter- 


dendritic divorced eutectic. 


present in this structure. 


hausen (51) must, therefore, be recognized as a eutectic. 


Since a powder pattern is less reli- 
able in recognizing the smallest unit cell, the unit cell of Christian 


Nickel solid solution was identified as 


The liquidus minimum reported by Giebel- 
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THE SYSTEM VANADIUM-COPPER 


Literature Review—Some confusion exists regarding the phase 
relationships at the copper-rich end of the system. In the range 75 
to 90% copper, Guillet (63) found two-phase structures. Norris 
(64) found a fine eutectic as 7% vanadium. Giebelhausen (51), in 
opposition, reported that alloys containing 79 to 98% copper were 
immiscible in the liquid state. Dowson (65) presented a probable 
constitution diagram for copper-rich alloys which showed the solu- 
bility of vanadium in copper to be small. None of this work pertains 
to the vanadium-rich end of the system. 

Present Work—Alloys containing up to 25% copper were pre- 
pared. The 7.5% alloy shows a cored solid solution, while the 10% 
alloy gives evidence of copper distributed interdendritically and in 
globular fashion (Fig. 20). The solubility limit of copper in vana- 
dium is therefore between 7.5 and 10%. The 25% alloy showed 
only increased amounts of copper. The co-presence of vanadium 
solid solution and copper precludes the presence of intermediate 
phases. The evidence available cannot distinguish between the equal 
likelihood of a monotectic, peritectic or eutectic invariant reaction. 


THE SYSTEM VANADIUM-ZIRCONIUM 


Literature Review—The intermediate phase VoZr (47.23% Zr) 
has been recognized by Wallbaum (66) and its lattice identified as 
hexagonal (C14 type) and isomorphous with MgZns. Lattice param- 
eters were reported as c= 8.647kX; a=5.277kX. No informa- 
tion was found to pertain to the solubility of zirconium in vanadium. 

Present Work—Alloys containing up to 80% zirconium were 
melted. The solubility limit of zirconium in vanadium was found to 
be about 3%. This low value is not surprising, since the size factor 
is 17.7%. Only one intermediate phase was found, namely, VoZr. 
This phase forms as the product of a peritectic reaction between 
vanadium solid solution and the melt. Incipient melting measure- 
ments place the peritectic temperature at about 17/40 °C (3165 °F). 
The V2Zr phase enters into equilibrium with zirconium by means of 
a eutectic equilibrium. Incipient melting measurements on a 60% 
alloy place the eutectic temperature at about 1360°C (2480°F). 
Primary crystallization of V2Zr occurs between about 60% zirconium 
and the eutectic proportion which was not determined. Figs. 21 and 
22 show microstructures of (V + VoZr) and (V + VoZr + eutectic) 
respectively. The probable form of the phase diagram is sketched in 
Fig. 23. 


THE SYSTEM VANADIUM-COLUMBIUM (NIOBIUM ) 


Literature Review—No published information was found to per- 
tain to this system. 
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Fig. 21—As-Cast Structure of V-10% Zr Alloy Showing Primary Vanadium 
Solid Solution and Interdendritic Compound, Vo2Zr. 


r Etchant: 60% glycerine; 20% 
HNOs; 20% HF. xX 500. 

_Fig. 22—As-Cast Structure of V-40% Zr 
Peritectic Structure and Eutectic Deriving From 
glycerine; 20% HNOs; 20% HF. xX 750. 
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Fig. 23—Sketch of Probable Form of Vanadium-Zirconium Diagram. 


Present Work—Alloys containing up to 70% columbium were 
melted. The as-cast structures over the whole range of compositions 
studied showed only solid solution structures. Alloys containing 30 
and 40% columbium after annealing at 900°C (1650°F) for 170 
hours showed small amounts of a grain boundary precipitate. It was 
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not possible to produce enough of this phase to permit a structure 
determination by X-ray diffraction analysis. Fig. 24 shows the mi- 
crostructure of the annealed 40% alloy. It seems very possible that 
another member of the sigma-phase family occurs in this system, since 


the second phase appears in the range of the 1:1 proportion and is 
rejected from the solid solution. 


THE SYSTEM VANADIUM-MOLYBDENUM 


Literature Review—Vanadium has been reported (67) to be 
soluble in molybdenum at least to the extent of 20% by weight. 

Present W ork—Alloys containing up to 75% molybdenum were 
prepared and examined. The cast structures showed generally heav- 
ily cored structures. Annealing at 900°C (1650 °F) for 170 hours 
developed small amounts of a new phase in the range 10 to 60% 
molybdenum (Fig. 25). It was not possible to develop sufficient of 
this phase to get a sharp diffraction pattern although faint lines could 
be seen. Its identity therefore remains unknown. 


THE SYSTEM VANADIUM-SILVER 


Literature Review—Giebelhausen (51) concluded from experi- 
ments that vanadium and silver are immiscible at 1800 °C (3270 °F). 

Present Work—Alloys having nominal analyses of up to 10% 
silver were prepared. However, subsequent chemical analyses were 
unable to detect any silver in the resultant ingots. The magnitude 
of weight losses during melting agreed with the analyses, and the 
ingots possessed hardnesses which were similar to that obtained with 
unalloyed vanadium. Since the boiling point of silver is 2210 °C 
(4010 °F), which is very close to the melting point of vanadium 
(1900 °C), it seems probable that silver is immiscible in vanadium 
in both the liquid and solid state and that the silver additions were 
completely distilled off. Similar experiences have been noted with 
manganese, whose boiling point is only 70 °C lower than that of sil- 
ver. The capacity for solution of manganese is taken as the reason 
why it too was not completely lost in melting. 


THE SYSTEM VANADIUM-TLIN 


Literature Review—A survey of published literature revealed no 
published information applicable to this system. 

Present Work—Examination of alloys containing up to 10% 
tin showed a range of solid solution within the limits studied. 


THE SYSTEM VANADIUM-LTANTALUM 


Literature Review—No published information was found on 
alloys of this system. 
Present Work 





Alloys containing up to 80% tantalum were 
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Fig. 24—Annealed Structure of a V-—40% Ch Alloy Showing the Rejection 
From Solid Solution of an Unidentified Phase. Etchant: 60% glycerine; 20% 
HNOs; 20% HF. xX 500. 

Fig. 25—Annealed Structure of a V—-50% Mo Alloy Showing a Heavily Cored 
Structure and the Appearance of an Unidentified Phase. Etchant: 60% glycerine: 
20% HNOs; 20% HF. X 250. 


Fig. 26—As-Cast Structure of a V-—40% Ta Alloy. Etchant: 60% glycerine; 
20% HNOs; 20% HF. X 250. 


Fig. 27—Annealed Structure of V-—40% Ta Alloy Showing Appearance of 
Sigma Phase. Etchant: 60% glycerine; 20% HNOs: 20% HF. xX 250. 


melted. As-cast alloys showed simple solid solution structures 
throughout. Alloys annealed at 900°C (1650°F) for 170 hours 
showed the rejection of a second phase between 25 and 80% tantalum 
with a maximum proportion of rejected phase at the 50% composition. 

The second phase was tentatively identified by X-ray diffraction 
studies as a member of the sigma-phase family. The powder pattern 
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Table XI 
Observed and Calculated* Powder Pattern Lines 
of the Sigma Phase in the V-Ta System 


Lobs hk] dobs deal 
very faint 103 2.707 2.652 
medium 202 2.510 2.511 
very very faint 212 2.353 2.322 
strong 203 2.143 2.119 
very faint 300 2.054 2.035 
very faint 222 1.948 1.939 
very very faint 302 1.877 1.848 
very faint 132 1.783 1.769 
faint 115 1.636 1.635 
very very faint 224 1.559 1.543 
very weak 304 1.515 1.496 
weak medium 314 1.453 1.453 
very faint 331 1.416 1.420 
weak medium ; 420 1.371 1.365 
very very taint 206 1.331 1.326 
weak 404 1.260 1.255 
very weak 414 1.240 1.230 
very very faint 500, 226 1.221 1.221 
very weak 431 1.204 1.209 
very very faint 316 1.174 . tes 
weak 521 1.126 1.124 
weak 440 1.087 1.079 
faint 504 1.074 1.068 
very taint 530 1.047 1.047 
taint 611 0.998 1.011 
very weak 621 0.9608 0.9595 
weak medium 541 0.9526 0.9478 
weak medium 641 0.8413 0.8427 


*Calculated from parameters c =8.833 kX; a =6.104 kX. 


was almost identical with that obtained for the sigma phase of the 
V-Ni system. The V-Ta sigma phase was indexed on a tetragonal 
lattice and parameters were calculated by a least squares solution of 
equations for interplanar spacing of high-angle lines. The calculated 
parameters were: c = 8.833 kX; a= 6.104kX. It was also possible 
to index this pattern on an orthorhombic lattice but the agreement 
between observed and calculated interplanar spacings was not as 





good. Since this member of the sigma-phase family has not been 
previously recognized, a list of the observed lines is given in Table 
XI. If the work of Christian and Pearson (62) on the V-Ni sigma 
phase is correct, the unit cell obtained is probably not the smallest 
possible. By analogy, it is probable that the unit cell dimensions are 
as follows: 

c = 8.833 & 1/2 = 4.417 kX 

a = 6.104 x V2 = 8.631 kX 
Figs. 26 and 27 show the microstructures of as-cast and annealed 
specimens of a 40% tantalum alloy. 


THE SYSTEM VANADIUM-TUNGSTEN 
Literature Review-No published information was found per- 
taining to this system. 


Present Work—Considerable difficulty was encountered in get- 
ting tungsten into solution. The problem was solved by making a 
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homogeneous master alloy of 50% vanadium, 50% tungsten by re- 
peated melting. Homogeneous alloys containing up to 10% tungsten 
were successfully melted. In this range of composition only vana- 
dium-base solid solutions were observed. The microstructure of the 
as-cast master alloy showed small amounts of a second phase. The 
identification of this phase was not pursued. It seems likely that | 
solid solubility of tungsten in vanadium persists to higher than 40%. 
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DISCUSSION 


Written Discussion: By J. T. Williams and B. A. Rogers, Ames Lab 
oratory, U. S. Atomic Energy Commission, Ames, Iowa. 

The survey of vanadium binary alloy systems by Messrs. Rostoker 
id Yamamoto was of special interest to us because of the inclusion in it 
of a tentative vanadium-zirconium diagram. We have been working on 
this diagram and recently completed measurements of the solidus tem 
peratures. 

As may be seen from our slide, we also find that the solidus line has 


two horizontal portions. Furthermore, the positions of these portions 


suggest an intermediate phase with a composition near the value specified 
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by the authors. Our results point to the higher of these horizontals as 
being a peritectic but our data are not completely conclusive. 

The main discrepancy between Fig. 23 and the diagram on our Fig. 28 
is in the temperatures of the horizontal lines. Both of ours are lower, 
and the presumed peritectic line lies 450°C below the position assigned it 
by Messrs. Rostoker and Yamamoto. 

We have no suggestions concerning the cause of this discrepancy but 
we do have confidence in our own results. Our measurements were made 
on specimens held between large copper clamps and heated electrically. 
The specimens had reduced cross sections at the central portion and in 
this portion they were provided with a small, drilled hole that gave black- 
body conditions. Pressure in the vessel surrounding the specimen was 
about 10° mm Hg. Temperatures were read with a Leeds and Northrup 
optical pyrometer sighted through a pyrex plate on the hole in the speci- 
men. The beginning of melting was indicated by the appearance of a 
black spot in the hole. The pyrometer was calibrated several times during 
the tests and several measurements were made on the melting point of 
unalloyed zirconium as an additional check on the accuracy of the deter- 
minations. Correction for the sight glass was made either by measure- 
ment of its transmission characteristics or by calibrating the pyrometer 
with the glass inserted in front of the calibrating light. 


The alloys were made with hafnium-free zirconium and vanadium 
from the Electro Metallurgical Corporation. 

Written Discussion: By Alan U. Seybolt, General Electric Research 
Laboratory, Schenectady, N. Y. 

Rostoker and Yamamoto’s survey is welcome as a useful compilation 
of vanadium binary systems, hitherto not available in so convenient a 
form. There are two photomicrographs in which the interpretation is 
questionable, and, in addition, an omission to which attention might be 
called. In Fig. 6, a photomicrograph of a 0.2% carbon alloy, the prominent 
needles are referred to as VeC rejected from solid solution. I have seen 
similar structures in vanadium containing more than ordinary amounts of 
nitrogen. In the absence of a positive identification of the needles of 
Fig. 6, I would merely suggest that the possibility of a nitride or of a 
carbonitride not be overlooked. 

Regarding Fig. 11, a photomicrograph of an alloy containing 0.25% 
oxygen, the authors call attention to a “finely-divided phase”, and there is 
no doubt that this photomicrograph appears to show such a phase. How- 
ever, if one looks back to Fig. 1 showing a “typical as-cast structure of 
low alloy content”, there is a remarkable similarity to Fig. 11. Fig. 1 
happens to be a photomicrograph of a 1% titanium alloy, but the authors 
remark that almost all of the systems with appreciable solubility ranges 
show such dispersoids. On this basis, and because of the close similarity 
between Figs. 1 and 11 (at least as reproduced in the paper), it is hard 
to see how Fig. 11 can typify alloys containing a small amount of oxygen. 
Furthermore, none of the binary oxygen alloys examined in the investi- 
gation reported by Seybolt and Sumsion showed such a precipitate. 

The omission referred to above is the somewhat strange lack of men- 
tion of the work of Seybolt and Sumsion under vanadium-oxygen alloys, 
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except a very brief comment in connection with a minor phase of this 
work. If Rostoker and Yamamoto have information contrary to that 
given by Seybolt and Sumsion, it would appear that this survey paper 
would be an excellent vehicle in which to express it. 

Written Discussion: By P. Greenfield, research associate, Department 
of Metallurgy, University of Illinois, Urbana, Ill. 

I would like to congratulate the authors on their interesting and valu- 
able paper. I would like to point out, however, that the X-ray diffraction 
data presented on the vanadium-tantalum intermediate phase in no way 
supports their contention that this phase is isomorphous with sigma. 
Numerous X-ray investigations and work done in this Department show 
that sigma is characterized by a number of strong reflections which are 
listed in Table XII. A multiplication factor can be used for the data on 
any sigma phase to reduce the sin*@ values for equivalent reflections to 
a common value... These values are also shown in Table XII. No such 
multiplication factor can be obtained from the sin*®@ values calculated 
from the data presented in this paper. Indeed these values present little 
resemblance to those obtained from true sigma. It is also found that no 
great accuracy can be obtained in indexing these reflections using a tetrag- 
onal unit cell of parameters C—4.417 kX and a=8.631 kX. It would 
certainly appear that if this phase is tetragonal at all, it is not isomor- 
phous with sigma, as a different set of reflections are involved. 

The sigma structure is also mentioned in connection with an inter- 
mediate phase in the vanadium-niobium system, principally because it 
occurs in the range of the 50:50 composition. This proportion is charac- 
teristic of several structures but it is not characteristic of the sigma phase 
which occurs in the manganese-chromium and manganese-vanadium sys- 
tems at about 80 atomic % manganese. There seems no reason to believe, 
therefore, that the VNb phase is sigma. 


Table XII 
Calculated Sigma Sigma Sigma 
Relative Fe-Co V-Mn V-Fe c——__ V - Ta 
Intensity hk] sin?4 sin?é & 1.009 sin? X 1.028 hkl sin? 
14 002 0.2528 0.2535 M.S. 0.2528 M. 103 0.1789 V.Ft. 
* - ta els > eaten. 0.2870 S. 202 0.2081 M. 
13 330 0.3034 0.3049 S. 0.3037 M.S. 212 0.2369 V.V.Ft. 
11 202 0.3203 0.3201 M.S. 0.3204 M. 203 0.2855 S. 
> 9 >) 
7 4203 0.3371 0.3376 S. 0.3370 S. 300 0.3108 V.Ft. 
12 411 0.3498 0.3501 S. 0.3502 S. 222 0.3455 V.Ft. 
14 331 0.3666 0.3669 S. 0.3672 M.S. 302 0.3723 V.V.Ft. 
10 222 0.3877 0.3870 M. 0.3878 M.W. 132 0.4125 V.Ft. 
9 
: $303 0.4214 0.4210 M. 0.4212 M.W. 115 0.4895 Ft. 
3 322 0.4720 0.4708 M.W. 0.4728 W. 224 0.5397 V.V.Ft. 
2 501) oe ; , 
4 4315 0.4846 0.4837 M.W. 0.4848 W. 
3 511 0.5015 0.5003 M.W. 0.5009 W. 


_ All values of sin®# have been measured or converted to those obtained for Cr Ka radia- 
tion. Only lines of Relative Intensity greater than 1, on the scale used here, have been listed. 

The values of hkl for V-Ta are those used in the paper, obtained from C = 8.833 kX 
and a = 6.104 kX. 
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Written Discussion: By W. B. Pearson, Low Temperature and Solid 
State Physics, National Research Council, Ottawa, Canada. 

In the V-Al system, reference should be made to the X-ray and 
electrical resistance work of Roth? who established the limit of solid solu- 
bility of vanadium in aluminum as 0.37 weight % at 630°C and concluded 
that the boundary did not vary with temperature. 

Koster and Lang*, working on the ternary Co-V-Fe system, showed 
a temperature-composition section for alloys containing 5% iron between 
0 and 50% cobalt which gives a useful indication of the probable phase 
boundaries in the Co-V system. 

In the Ni-V system, the work of Pearson and Hume-Rothery* has 
shown the phase boundaries up to ca. 60 atomic % vanadium. They found: 
(a) a NisV phase with Al,Ti-type structure, (b) a NisV phase, interesting, 
because it appears to be a superlattice distortion of the nickel solid solu- 
tion at an atomic ratio of 2:1, and (c) the Ni-V sigma phase which under- 
goes a transition at ca. 800°C. Rostoker in discussion of this Ni-V paper® 
referred to his discovery of the V;Ni phase with §8-tungsten structure and 
proposed a modified equilibrium diagram in which the VsNi phase forms 
peritectically at high temperature, ca. 1400°C (2550°F). However, in 
Pearson and Hume-Rothery’s work‘ an X-ray photograph of a powder of 
analyzed composition, 74.01 atomic % vanadium, quenched from 1100 °C 
(2010 °F), showed a homogeneous o-phase structure. Another powder 
containing ca. 80% vanadium quenched from the same temperature showed 
¢ aS a main constituent, while the other constituent might have been th: 
vanadium solid solution. As the o parameters of each sample were the 
same, the o-phase boundary lies at ca. 74 atomic % vanadium at 1100 °¢ 
(2010 °F) and the V;Ni phase must form at lower temperatures. 

A phase with 8-tungsten structure was also observed* with paramete: 
a — 4.7145 kX, which chemical analysis showed to be V;Si. Crystals oi 
the phase were formed by vapor phase interaction when an alloy of high 
vanadium content was annealed at 1100°C (2010°F) in an alumina collar 
sealed in an evacuated silica tube. 

In conclusion it should be pointed out, regarding Rostoker and Yama- 
moto’s discussion of the o-phase structure, there is now general agreement 
that the appropriate unit cell for the o-phase structure is one containing 
30 atoms and having c/a ~ 0.5°™. 

A further review of vanadium alloys has been given by Pearson." 


2A. Roth, “Ein Beitrag zur Kentnis des Systems Aluminium-Vanadium”’, Zeitschrift 
fiir Metallkunde, Vol. 32, October 1940, p. 356. 

8W. Koster and K. Lang, “Die Kobaltecke des. Systems Ejisen-Kobalt-Vanadin”’, Zeit- 
schrift fiir Metallkunde, Vol. 30, September 1938, p. 350. 

4W. B. Pearson and W. Hume-Rothery, “‘The Constitution and Structure of Nickel- 
Vanadium Alloys in the Region 0-60 At. % Vanadium’’, Journal, Institute of Metals, Vol. 
80, 1951-1952, p. 641. 

5W. Rostoker, Discussion of Several Papers on ‘Constitution of Transition-Metal 
Alloys’, by various authors, Journal, Institute of Metals, Vol. 80, 1951-1952, p. 698. 

®*B. G. Bergman and D. P. Shoemaker, ‘““The Crystal Structure of a Sigma Phase. 
FeCr’’, Journal, American Chemical Society, Vol. 72, December 1950, p. 5793. 

7B. G. Bergman and D. P. Shoemaker, “The Space Group of the o-FeCr Crystal 
Structure’, Journal of Chemical Physics, Vol. 19, April 1951, p. 515. 

8G. J. Dickens, A. M. B. Douglas and W. H. Taylor, “Sigma-Phase in the Co-Cr and 
Fe-Cr Systems’’, Journal, Iron and Steel Institute, Vol. 167, January 1951, p. 27. 

®J. S. Kasper, B. F. Decker and J. R. Belanger, “The Crystal Structure of the Sigma- 
Phase in the Co-Cr System”, Journal of Applied Physics, Vol. 22, March 1951, p. 361. 
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Authors’ Reply 


The contributed discussion has raised appropriate points of issue and 
has added further pertinent information to the survey. 

We are somewhat concerned at the magnitude of the differences be- 
tween our measurements of the invariant temperatures in the V-Zr system 
and those reported by Messrs. Williams and Rogers. We cannot, from 
the information given, critically comment on the methods used at the 
Ames Laboratory but we do feel confident in the reliability of our own 
methods. One point has occurred to us which could account for the ob- 
servation of a low value for the peritectic temperature. If the specimens 
were in the as-cast state or not annealed to equilibrium, we have observed 
the presence of nonequilibrium eutectic on the vanadium-rich side of V2Zr. 
Unless the eutectic is completely removed by prolonged anneal, melting 
measurements are surely to be influenced by premature formation of 
eutectic liquid. 

We have not made reference to Seybolt and Sumsion’s paper on the 
vanadium-oxygen system because it appeared in print at about the same 
time that this paper was sent to the American Society for Metals. We 
have, however, in preparation a paper on the subject of this system, in 
which we shall thoroughly discuss their work. The structure of the 0.2% 
carbon alloy in Fig. 6 is characteristic of a rejection from supersaturated 
solid solution, and similar structures are to be found in countless systems. 
We see no reason to infer that anomalous nitrogen contents need be 
considered. 

The occurrence of the finely dispersed phase in binary vanadium- 
oxygen alloys and in nominally binary vanadium-titanium alloys is not 
incompatible. It is our interpretation based on the observations of a large 
number of dilute alloys that the range of existence of the dispersed phase 
structures reflects the shape of the saturation surface of the body-centered 
cubic phase in the ternary systems V-X-O where X is a metallic addition. 
lf one considers that the dispersed phase represents very small quantities 
of the body-centered tetragonal phase encountered in the V-O system, 
then the ternary systems must surely contain a two-phase field of some 
spatial magnitude. The occurrence of the dispersed phase may then be 
expected to appear or not to appear, depending on whether the saturation 
surface intersects the line of inherent oxygen content in the unalloyed 
vanadium (~0.07%). 

Mr. Greenfield’s points concerning the identity of supposed sigma 
phases are well taken. The identifications were considered to be tentative 
only. 

Dr. Pearson's additional references are welcomed. Regarding the 
occurrence of the V;Ni phase, we can assure him that there is no reason 
to expect a confusion with the V;Si phase. If reaction with Vycor bulbs 
did occur it should have been apparent in all of the work performed. 
There seems to be insufficient definitive work in the composition range of 
74% vanadium —36% nickel to resolve the differences between Pearson 
and Hume-Rothery’s work and our own. It is well to point out that 
different methods of alloy preparation were used. 








EFFECTIVE DIAMETER OF SOLUTE ATOMS IN 
INTERSTITIAL SOLID SOLUTIONS 


By RupotpH Spetser, J. W. SPRETNAK AND W. J. TAYLOR 


Abstract 


Formulas are derived relating the observed change 
of the lattice parameter in interstitial solid solutions to 
the effective diameter of the solute atom. The effective 
diameters of C, N and O are computed from experimental 
data. 


HE mechanical properties and the transformation characteristics 
of metals and alloys are significantly altered by the presence of 

boron, carbon, nitrogen and oxygen in solid solution. Minute quan- 
tities of these elements in solid solution are apparently sufficient. 
Unless extraordinary precautions are taken, carbon, nitrogen and 
oxygen are dissolved at high temperatures during normal metal- 
lurgical operations of melting, annealing, heat treating, etc. This 
problem is especially troublesome in the case of the refractory metals 
such as molybdenum, tantalum, columbium, etc., and other transition 
metals such as titanium, chromium and zirconium. The preparation 
of ductile shapes and forms of these metals is extremely difficult and 
is dependent upon the control of the quantity of carbon, oxygen and 
nitrogen dissolved in them. For this reason, the effects of inter- 
stitial solid solutions of these nonmetals upon metals of various lat- 
tice types are being investigated. 

Interstitial solid solutions are defined as those solid solutions in 
which the crystal structure of the solvent is retained as the solute ele- 
ment dissolves in the interstices of the crystal lattice. Experi- 
mentally, solutions of this kind are recognized by the expansion of 
the unit cell as solution proceeds. Examination of the available data 
in the literature shows that interstitial solid solutions are formed 
only with the elements hydrogen, boron, carbon, nitrogen and oxy- 
gen and the transition elements. It seems plausible that this is partly 
due to the fact that these elements are the only ones small enough to 
fit within the interstices of a metallic lattice. But criteria of geo- 


This work was done under contract between the Office of Naval Research and The Ohio 
State University Research Foundation. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, Rudolph Speiser and J. W. 
Spretnak are associate professors, Department of Metallurgy, The Ohio State 
University, and W. J. Taylor is assistant professor, Department of Chemistry, 
The Ohio State University. Manuscript received March 9, 1953. 
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metric fitting alone do not provide a complete explanation, because 
some metals, e.g., copper, zinc and cadmium, do not seem to yield 
interstitial solid solutions. Yet the interstitial holes in these metals 
are larger than those in the transition metals. The presence of un- 
filled d-orbitals in the transition metals probably accounts for this 
difference in behavior. The variations in the solid solution behavior 
of boron, carbon, nitrogen and oxygen are due to differences in the 
stability of the bonding orbitals, the difference in size and the differ- 
ence in the electronegativity of these metalloid elements. 


Tue EFFECTIVE DIAMETER OF INTERSTITIAL ATOMS 
IN SoLIp SOLUTION 


The differences in the behavior of solute atoms such as boron, 
carbon, nitrogen and oxygen in interstitial solid solution are under- 
standable in terms of the differences in size and in chemical or other 
interaction with the lattice characteristic of these atoms. The effective 
size of the metalloid atom depends upon its environment. For in- 
stance, covalently bonded oxygen has an atomic radius of ~0.74A 
and an ionic radius of 1.40 A (O?-). The type of bonding depends 
upon the electronic structures of the solute and solvent atoms and 
upon their difference in electronegativity. A clue to the kind of 
bonding involved can be obtained from the determination of the diam- 
eter of the metalloid atom in a particular solvent. The effective 
diameter of an interstitial solute atom can be estimated from the 
observed change in lattice parameter of the solvent, as it increases 
with the concentration of the solute. Experimentally, the lattice 
parameters are determined from the precision X-ray powder diffrac- 
tion measurements (1)?. The relation of lattice parameter expan- 
sion to solute atom diameter can be estimated in the following way: 

It will be assumed that the solvent lattice can be replaced by a 
continuous perfectly elastic isotropic medium, and that the solution is 
sufficiently dilute so that the effects of the solute atoms in expanding 
the medium (lattice) are additive. Of course, each solute atom oc- 
cupies a hole, and in most cases must enlarge this hole, thus straining 
the medium. However, in calculating the strains in the medium due 
to a given solute atom, we neglect the effect of the discontinuities in 
the medium represented by other holes or solute atoms. In order 
to establish a connection between this model and the real lattice, it 
will subsequently be assumed that the displacement of each lattice 
atom is that of the continuous medium at the site of the lattice atom. 

Let 


m ‘ : 
<= Equation 1] 
Mm 


equal the ratio of solute atoms to solvent atoms. Let z equal the 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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number of solvent atoms per unit cell. The average number of solute 
atoms per unit cell is then zfy. From X-ray data, the change in. 
volume per cell is 


AV. = (ao + Aao)* — a.” & 3a.” Aa Equation 2 
in the case of a cubic crystal. This AV, is effectively produced by 


(zf2) solute atoms, where zfe is in practice, a fraction much less than 
one ; therefore, the increase in volume per solute atom is 


AV= AVo 
zie 





Equation 3 


For sufficiently dilute solutions 


, 


AV = (V2). Equation 4 


where (V2) (per atom) is the thermodynamic partial atomic volume 
at an infinite dilution. The X-ray expansion data provide the most 
sensitive indication that in dilute interstitial solutions the over-all 
expansion of the lattice is proportional to the number of solute atoms, 
so that (Vo) « has a finite value characteristic of the system. Now 
consider an isolated solute atom producing AV over-all expansion of 
the crystal as computed above. At relatively large R, the crystal acts 
like a continuum and the radial displacement, AR, is inversely pro- 
portional to R*. This asymptotic form for AR follows from elastic 
theory (2), and shows that at large R an elastic medium subject to 
spherically symmetric stresses behaves like an incompressible fluid. 
The volume of material displaced through a spherical shell of radius 
R is 
AV =47rR’°AR Equation 5 


and approaches asymptotically to a constant value as R increases. 
Thus, this asymptotic form for AR is also the only tunctional form 
satisfying the requirement that in dilute solutions each solute atom 
produces a characteristic over-all expansion of the system.’ 

From Equations 2, 3, and 5, 


AR — AV_ — 3ac® Ado 
4rR* 42zfe R* 





Equation 6 


This expression will represent an approximation for AR for small 
R (in cubic crystals) and we assume that it can be extrapolated to 


2(There is one aspect of this problem which may seem puzzling—namely, how do the 
highly inhomogeneous displacements of the lattice produced by each solute atom combine 
to produce an essentially uniform over-all expansion of the lattice which maintains its basic 
periodicity. That they do so combine is strongly indicated by the sharpness of the Bragg 
reflections from the lattice; as is well known, the Bragg reflections in a disordered lattice 
are produced by the mean periodicities present in the lattice. It can be shown by the meth- 
ods of potential theory that, if the solute atoms are distributed uniformly throughout the 
solution, and each produces displacements AR which follow the asymptotic law discussed 
above, then the total vector displacement or strain in the medium has a constant divergence, 
representing a uniform isotropic expansion. There are, of course, local disturbances of 
periodicity in the neighborhood of each solute atom in the real lattice, due to departures 
from our idealized model. These will give rise to diffuse X-ray scattering, and a_ study 
of the latter would undoubtedly lead to a more detailed understanding of these local effects.) 
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obtain the displacement of the lattice atoms which are nearest neigh- 
bors of the interstitial atom. 
The expansion, AR, for a hexagonal crystal is 
AR — V3/2 {2a0ceo Aa. + a.* ACo} 
4m zie R’ 


~ 


Equation 


If the expansion in the parameter a, is small so that Aa, ~ O, then 


AR= V3/2 ao ACo 


4 7 Zfe R* 


Equation 8 


The diameter of an interstitial solute atom is now set equal to 
the diameter of a vacant hole of the type occupied by the atom, plus 
twice the radial displacement of the nearest neighbor lattice atoms, 
as computed above. Thus 

V2 i 
(1 =e ) a+2Z2AR Equation 9 


> 


is the interstitial atom diameter in a face-centered cubic lattice, and 
(V2—1)a.+2AR Equation 10 
the diameter in a hexagonal close-packed lattice. The interstitial 
holes in the body-centered cubic lattice are anisotropic and simple 
formulas of type of Equations 9 and 10 are not presently available. 
Data in Table I give the results of computations for several inter- 


Table I 
Calculated Diameters of Interstitial Solute Atoms 


Interstitial Diameter 


Hole ao Co Aao or ACo 2AR_ of Solute 
System Diameter fe A A A A Aton? A 
C—Fe* 1.08 A 4.65 * 10-4 3.635 Bae 0.00027 0.28 1.36 
N—Fe?f 1.08 4.03 * 10-4 3.635 ee 0.000327 0.38 1.46 
O-Tit 1.22 0.0151 2.9504 4.6833 0.0081 0.15 1.37 
N-Tift 1.22 0.0137 2.9504 4.6833 1 0089 0.18 1.40 
O-Zr§ 1.34 0.429 3.223 5.134 t 957 0.02 1.36 


Data for calculations obtained from: 

*Metats HanpBooK, 1948, published by American Society tor Metals, Cleveland. 

TV. G. Paranjpe, M. Cohen, M. B. Bever and C. F. Floe, ‘“‘The Iron-Nitrogen Sys- 
tem’’, Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 188, 
1950, p. 261. 

tH. T. Clark, “‘The Lattice Parameters of High Purity Alpha Titanium; and _ the 
Effects of Oxygen and Nitrogen on Them’’, Metals Trans., Vol. 185, 1949, p. 588. 

§J. E. deBoer and J. D. Fast, ““The Influence of Oxygen and Nitrogen on the Transi- 


tion of Zirconium’’, Recueil des travaux chimiques des Pays-Bas, Vol. 55, 1936, p. 459. 


stitial solid solutions with R taken as a,/2, the nearest neighbor dis- 
tance to the interstitial hole. 

The effective diameter computed for nitrogen in y-Fe (see 
Table I) agrees with the value obtained by Jack (3) (1.4 A) using 
different methods and is very close to the covalent diameter of nitro- 
gen listed in Table I. The diameter of the carbon atom in y-Fe is 
somewhat less than its covalent diameter (1.54 A, found in organic 
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compounds and 1.51 A, found in interstitial compounds (4), such as 
VC, TiC, CbC, TaC and ZrC); and this may be due to the partial 
ionization of carbon in iron. The migration of carbon in iron under 
the influence of an electric field supports this conclusion (5). It 
should be further noted that the diameter of carbon is less than the 
diameter of nitrogen when interstitially dissolved in iron. This re- 
sult is also in agreement with the work of Jack (6) who found that 
the replacement of carbon in FeC, by nitrogen increased the lattice 
parameter. Nitrogen in a-Ti has a diameter of 1.40 A, which is 
approximately equal to the covalent radius of nitrogen also. Oxygen 
in a-Ti has a diameter of 1.37 A which is very near to the covalent 
radius of oxygen. The ionic diameters of nitrogen (N*-) and oxy- 
gen (O?-) are so large that these ions could not possibly enter into 
interstitial solid solutions. Oxygen with an electronegativity of 3.5 
and the transition metals with an electronegativity in the neighbor- 
hood of 2 have a strong tendency to form quite stable ionic com- 
pounds; hence in most cases there is just a slight tendency on the 
part of oxygen to dissolve interstitially. (Carbon with an electro- 
negativity of 2.5 usually exhibits a greater tendency to dissolve inter- 
stitially.) However, hexagonal close-packed titanium and zirconium 
appear to be exceptions because these metals dissolve oxygen inter- 
stitially up to 42* (7, 8) and 40* (9, 10) atomic % respectively. A 
possible explanation is that titanium with an atomic radius of 1.47 A* 
and zirconium with an atomic radius of 1.60 A have interstitial holes 
of 1.22 and 1.34 A in diameter respectively (quite large compared to 
the size of the holes in Cr, Fe, Co, and Ni), not too far from the 
covalent diameter of oxygen. Furthermore, titanium and zirconium 
have only 2 electrons in the 3d and 4d-orbitals respectively ; conse- 
quently, there may be a significantly greater tendency on the part 
of the metal atom to share the p-electrons of oxygen leading to a 
small effective diameter of the oxygen atom in solution. 

Data for boron in interstitial solid solution are not available but 
it appears likely that this element will have an effective diameter 
equivalent to or greater than its covalent diameter 1.85-1.90 A. 
This inference follows because chemical evidence indicates that the 
p-orbitals of boron are very stable. In fact this tendency is so great 
that boron can exist in chains, sheets or three-dimensional cage-like 
structures in its intermetallic compounds. Of course a diameter of 
this size for boron leads to very large strain energies and conse- 
quently an extremely low interstitial solubility. 


*More recent values for the solubility of oxygen in titanium and zirconium are given by 
Rostoker in the discussion of this paper. 
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DISCUSSION 


Written Discussion: By W. Rostoker, senior metallurgist, Metals Re- 
search Department, Armour Research Foundation, Chicago. 

The writer has a number of points of question and discussion which 
he would submit to the authors for their consideration: 

1. The authors state: “A clue to the kind of bonding involved can be 
obtained from the determination of the diameter of the metalloid atom in 
a particular solvent.” Would the authors be prepared to state what con- 
clusions their specific atomic diameter calculations have led them to as 
regards the nature of bonding of interstitial atoms in primary metallic 
solid solutions? 

2. The use of lattice expansions at very low atomic concentrations 
of interstitial solute elements implies an assumption that the full lattice 
parameter versus concentration curves (hypothetical or real) are linear. 
To the extent that deviations from Vegard’s law are the rule rather than 
the exception, does this not introduce a certain dubiousness to the value 
of this approach? 

3. The writer would appreciate an expansion of the statements: (a) 
that the presence of unfilled d-orbitals in the transition metals probably 
accounts for the difference in behavior (interstitial solubility) from copper, 
zinc and cadmium; (b) that in titanium and zirconium there may be a 
significantly greater tendency on the part of the metal atom to share the 
p-electrons of oxygen. 

4. Inasmuch as titanium has significantly larger interstitial holes than 
the other transition metals and carbon is less electro-negative than oxygen 
or nitrogen and possesses a smaller atomic diameter, can the authors 
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speculate as to the reasons why the maximum solubility of carbon in 
titanium is ~2 atomic per cent*® while the solubility of oxygen is 34 atomic 
per cent‘? 

5. Certain numerical values of constants have been obtained from 
outdated sources. Specifically : 


The atomic radius of titanium — 1.448 A® 
Che maximum solubility of oxygen in titanium — 34 atomic per cent* ° 
The maximum solubility of oxygen in zirconium = 29 atomic per cent’. 


Authors’ Reply 


The authors would like to thank Dr. W. Rostoker for his constructive 
comments. The reply to his comments follows in the order they were 
made: 

1. Since the interstitial positions are octahedral, and since the metal- 
loid atoms do not possess enough bonding electrons to form saturated 
covalent structures, resonance of the bonding electrons between the six 
octahedral metal-metalloid atom bonds must occur. According to Paul- 
ing’, this delocalization of the bonding electrons due to resonance is a 
form of metallic bonding. It is evident from Table I that the effective 
atomic diameters of the metalloid elements are equal to or less than the 
corresponding single-bond covalent radii. This may seem contradictory 
because in many compounds a fractional bond is weaker and longer than 
a full single bond. However, it should be remembered that in interstitial 
solutions the existence of strain energy implies that the lattice atoms are 
forced toward the interstitial atom, and this will decrease the interatomic 
distance below that expected for a fractional covalent bond. In addition, 


the multiple resonance suggested by Pauling will tend to decrease the 
bond distance. 

2. The implication of Vegard’s rule is not only that the lattice pa- 
rameter is a linear function of the concentration, but also that 


ez 


Oo solute 


ee ea 


where V.xoiute is the atomic volume of the solute, and is assumed to be an 
invariant quantity not differing from one system to another. This as- 
sumption is not made in this paper. Although it is assumed that the 
lattice parameter varies linearly with the concentration in sufficiently 
dilute solutions, in conformity with theory and experimental observations, 


Vsoiute In Equation 11 is replaced by Vsoiute, the thermodynamic partial 
molal volume of the solute, which may vary from one solution to another. 


*Irving Cadotf and John P. Nielsen, “Titanium-Carbon Phase Diagram’, Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 197, 1953, p. 248. 

‘E. S. Bumps, H. D. Kessler and M. Hansen, “The Titanium-Oxygen System”, TRAns- 
ACTIONS, American Society for Metals, Vol. 45, 1953, p. 1008. 


SH. T. Clark, “‘The Lattice Parameters of High Purity Alpha Titanium; and the Effects 
of Oxygen and Nitrogen on Them’, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 185, 1949, p. 588. 

®W. Rostoker, “‘Observations on the Lattice Parameters of the Alpha and TiO Phases 
in the Titanium-Oxygen System’’, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 194, 1952, p. 981. 


7™R. F. Domagala and D. J. McPherson, submitted to American Institute of Mining and 
Metallurgical Engineers. 


SL. Pauling, “‘A Resonating-Valence-Bond Theory of Metals and Intermetallic Com- 
pounds’, Proceedings, Royal Society (London), Ser. A, Vot. 196, 1949, p. 343. 
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3. (a) The presence of unoccupied states in the d-bands of the tran- 
sition metals which can accept electrons makes possible the formation of 
resonant covalent-type bonds between the metal and nonmetal atoms in 
conformity with the ideas of Pauling. At the same time, this flow of 
electrons from the nonmetal atom decreases its effective diameter and 
decreases the strain energy involved in formation of the solid solution. 
Copper, zinc and cadmium do not have unoccupied d-orbitals available for 
this kind of bonding. 

(b) Titanium and zirconium have identical electronic configurations 
ot their unfilled shells: 3d°4s* and 4d*5s*, respectively. The relative un- 
saturation of the d-shells of these metals should increase the tendency 
toward formation of resonant bonds with the p-electrons of oxygen. 

4. Carbon, apparently, has a larger etfective diameter in titanium 
than oxygen. Utilizing data for the titanium-carbon system cited by 
Schwarzkopf and Kieffer’, Ac. = 0.026 A, Aa. = 0.011 A, and fe = 0.05, and 
substituting in Equations 7 and 10, yields an effective atomic diameter for 
carbon in titanium of 1.47 A. Thus the lower solubility of carbon in 
titanium can be attributed to the large strain energy associated with the 
interstitial solid solution of carbon in titanium. A similar analysis may 
also be applicable to zirconium. 

5. A note referring to the more recent data cited by Dr. Rostoker has 
been appended to this paper. 


'P. Schwarzkopf and R. Kieffer, “Refractory Hard Metals’, McMillen Co., N. Y 
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HIGH TEMPERATURE TRANSFORMATIONS IN FERRITIC 
STAINLESS STEELS CONTAINING 17 TO 25% CHROMIUM 


By A. E. NEHRENBERG AND PETER LILLYs 


Abstract 


The rather complex isothermal transformations which 
occur in both the austenite and delta ferrite of commercial 
17, 21 and 25% chromium steels heated sufficiently for 
complete solution of carbides (and nitrides, when present) 
were studied. 

Precipitation of the Me3C, carbide precedes the trans- 
formations at all temperature levels. At temperatures 
below the A, there is next a separation of ferrite contain- 
ing little or no precipitated carbide while the earlier grain 
boundary precipitation reaction continues. The pearlite 
reaction follows the precipitation and ferrite separation 
reactions. The amount of ferrite formed from austenite 
decreases and the amount of pearlite increases with de- 
creasing temperature. At the lowest temperatures for 
austenite transformation, formation of a dark-etching 
aggregate precedes the pearlite reaction. 

At temperatures ranging from about 50 °F below the 
A, temperature to about 200 °F above, a transformation 
involving the formation of an aggregate of lamellar car- 
bides in austenite from delta ferrite was observed. The 
transformation exhibits the characteristics of the pearlite 
reaction and stops when equilibrium is attained among the 
participating phases, austenite, delta ferrite and carbide. 
This transformation is not peculiar to high chromium 
steels, but occurs in other steels which contain ferrite 
(delta) at high temperatures. 

Some observations are reported in connection with 
the formation of austenite from delta ferrite during a 
quench from very high temperatures. 

Evidence is presented which indicates that the de- 
composition of austenite at temperatures slightly below 
the A, is the result of growth of residual (delta) ferrite 
grains. There is virtually no nucleation of ferrite at such 
temperatures. Similarly, at higher temperatures, the 
changes in proportions of ferrite (delta) and austenite 
with variations in temperature dictated by equilibrium 
considerations result from the growth of one phase into 
the other. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, A. E. Nehrenberg 
is supervisor of the Research Laboratory, and Peter Lillys is research metal- 
lurgist, Crucible Steel Company of America, Harrison, N. J. 
ceived April 21, 1953. 
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URING an experimental program which involved the study of 
D a number of modified chromium steels possessing mixed micro- 
structures of austenite and ferrite at high temperatures, the authors 
observed evidence of an unusual kind of transformation which seem- 
ingly involved the formation at temperatures well above the A,* of 
an agregate structure consisting of lamellar carbides in austenite from 
high temperature (or delta) ferrite. The lamellar microconstituent 
resembled pearlite, but consisted at room temperature of lamellar 
carbides in martensite rather than in ferrite. Some additional work 
soon showed that the transformation of delta ferrite at high temper- 
atures to an aggregate of lamellar carbides in austenite was by no 
means peculiar to the experimental compositions being studied. 
Rather, it was also found in the commercial “‘nonhardenable” straight 
chromium stainless steels, in tungsten steels (1)*, and in a Ni-Cr 
stainless steel (Type 329) as well. 

No indication has been found in the literature that such a trans- 
formation had previously been described. As a matter of fact, rela- 
tively little has been published concerning the metallography and 
transformation behavior of the straight chromium steels of higher 
chromium content. 

Although Types 430, 442 and 446 stainless are generally con- 
sidered to be nonhardenable, they always contain some austenite if 
heated to appropriate temperatures. In view of the increasing com- 
mercial importance of such steels, it seemed reasonable that a knowl- 
edge of their transformation characteristics would be of some prac- 
tical as well as metallurgical interest. Accordingly, these steels were 
selected for study, not only for the purpose of arriving at an under- 
standing of the unusual delta ferrite transformation to austenite con- 
taining lamellar carbides but for the purpose of ascertaining the trans- 
formation behavior of the austenite as well. 

A single commercial heat of each of the grades Types 430, 442 
and 446 was selected at random from warehouse stock for study. The 
data pertaining to the transformation of austenite to its various prod- 
ucts are summarized in the form of conventional TTT-diagrams which 
are discussed in the first part of the paper. Following this there is 
a description of the transformations which involve the delta ferrite. 


MATERIAL 


The compositions of the steels studied are shown in Table I. 
The material was in the form of hot-rolled, commercially annealed 
and pickled plates. The Type 446 plates were ;* inch thick and the 


16 





*The Ai temperature is defined as the lowest temperature at which austenite forms on 
heating. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Compositions of Steels 
Type « Mn Si Ni Cr Mo Al N 
430 0.09 0.40 0.33 0.34 17.20 0.06 0.010 0.03 
442 0.17 0.56 0.46 0.35 20 .96 0.04 0.013 0.12 
0.17 


446 0.24 0.46 0.42 0.26 24.85 0.02 0.010 


| 
l 


Types 430 and 442 plates were % inch thick. For convenience the , 
Types 430, 442 and 446 steels will be designated 17, 21 and 25% 


chromium steels, respectively, in the remainder of this paper. 
PROCEDURE 


The transformation behavior of the three steels was studied by 
means of the well-known conventional metallographic procedures 
which do not require detailed description. The austenitizing temper- 
atures employed were selected to assure complete solution of the 
carbides in short heating times. Short heating times were used to 
minimize carburization of the specimens during the austenitizing } 
treatments for which a Sentry furnace equipped with a carbon muffle 
was used. The optimum austenitizing treatments consisted of a 15- 
minute heating at 2000 °F (1095 °C) for the 17% chromium steel, 
and a 5-minute heating at 2300 °F (1260°C) for the 21 and 25% 
chromium steels. | 

Lead baths were used for the transformation studies at temper- 
atures in the range from 900 to 1900 °F (480 to 1040°C). In those 
instances where temperatures of 2000 and 2100 °F (1095 and 1150 

C) were required, small laboratory electric muffle furnaces were used. 

The etchants consisted of various mixtures of picric and hy- 
drochloric acids dissolved in alcohol, the proportions being varied 
according to the requirements for a particular specimen (2). For 
example, for the samples used to establish the time required for the 

. start of carbide precipitation at the various temperatures, the optimum 

etchant consisted of an alcoholic 5% picric acid solution to which 
0.1 to 0.2% HCl was added. When such small concentrations of HCl 

are present, the etching solutions are particularly sensitive to carbide 
precipitation and have little or no effect on samples containing no 

precipitated carbides. When, on the other hand, it was desired to 

develop details of the microstructure with a minimum amount of 

attack of the carbides, or of the depleted grain boundaries, HCl con- 

centrations of the order of 2 to 5% in 5% picral generally gave best 

results. 

The lineal analysis procedure described by Howard and Cohen 
was employed for obtaining some quantitative data (3). 

Some X-ray diffraction work was done for the purpose of iden- 
tifying the intermetallic compounds present in the isothermally trans- 
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Fig. 1—Residual Intermetallic Compounds in Martensite Formed by Heating 21% 
Chromium Steel to 1740°F (40°F Above Ai Temperature) and Water Quenching. 
Tempered 6 minutes at 1050 °F. Etch—5% picral + 2% HCl. X 500. 


formed samples. The procedures employed have been described 
previously (4). 


RESULTS AND DISCUSSION 
A, Temperatures 


The term A, temperature as applied to the 17, 21 and 25% 
chromium steels of this investigation has the same meaning as in the 
iron-carbon system. That is, the A, temperature is the lowest 
temperature at which austenite forms on heating. 

In this investigation the A, temperatures were determined by 
metallographic examination of samples heated for 1% hour at various 
temperatures, water-quenched and tempered for 6 minutes at 1050 °F 
(565°C) to darken the martensite, when present. The metallo- 
graphic examination established that the A, temperatures for the 
17, 21 and 25% chromium steels are 1610, 1700 and 1920 °F (875, 
925 and 1050 °C), respectively. 

The carbides and nitrides present dissolve very slowly in the 
austenite with increasing temperature above the A,;. Temperatures 
400 to 600 °F (205 to 315°C) above the A, were found to be re- 
quired for their complete solution. 

Fig. 1 shows that the residual carbides and nitrides in martensite, 
produced by the transformation during cooling of the austenite formed 
in the 21% chromium steel at a temperature 40 °F above the Aj, 
are essentially of the same size as those in the areas which were not 
transformed to austenite. Since the carbon, nitrogen and chromium 
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Fig. 2—TTT Characteristics of 17% Chromium Stainless Aus- 


tenitized at 2000°F 15 Minutes. Ai temperature 1610°F. Hard- 
ness as quenched—Rockwell B-101. 


are largely concentrated in the carbides and nitrides, and since there 
has been little solution of these compounds in the austenite formed 
somewhat above the A, temperature, it can be concluded that such 
austenite is relatively low in carbon, nitrogen and chromium. 


Isothermal Austenite Transformation Data 


The isothermal transformation data for the austenites of the 17, 
21 and 25% chromium steels are summarized in the TTT-curves 
shown in Figs. 2, 3 and 4. The austenite constitutes 40 to 50% of 
the microstructures of these steels at the various austenitizing tem- 
peratures. The curves are all of the single C type and indicate that 
these steels do not have a bainite reaction. In this respect the curves 
are similar to those which have been published for other low carbon 
steels of lower chromium content (5, 6, 7, 8). As little as 5% chro- 
mium together with 0.5% molybdenum and 0.1% carbon seems ade- 
quate to suppress completely the bainite reaction (6). 

The 17, 21 and 25% chromium steels differ rather widely in the 
temperature of most rapid transformation. With increasing chromium 
in this range, the temperature corresponding to the minimum trans- 
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_ Fig. 4—TTT Characteristics of 25% 
tenitized 2300°F 5 Minutes. 
A1 temperature 1920 °F. 


Chromium Stainless Aus- 
Ms temperature below minus 320 °F. 
Hardness as quenched—Rockwell B-98. 


formation time increases from 1300 to 1600 or 1700 °F (705 to 870 
or 925°C). This increase in temperature of most rapid transfor- 
mation with increase in chromium evidently is related to the fact that 
the A; temperature also is increased by a corresponding amount. 
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The steel of highest carbon and chromium content, the 25% 
chromium steel, can be completely transformed at temperatures above 
about 1300°F (705°C) more rapidly than either the 17% or the 
21% chromium steel. In the temperature region of most rapid 
transformation, 1600 to 1700 °F (870 to 925 °C), the austenite of 
the 25% chromium steel can be transformed completely in about 20 
minutes. About 1% hours is required to transform completely the 
austenite of the 17 and 21% chromium steels at the temperatures 
where the transformation time is a minimum. 


Carbide Precipitation 


The precipitation of the Mo3Ce carbide precedes the transfor- 
mation of austenite to its various decomposition products at all tem- 
peratures in each of the steels. This precipitation is so rapid in the 
25% chromium steel studied that it could not be completely avoided 
by a water quench to room temperature. In the 17 and 21% chro- 
mium steels, on the other hand, it was possible to avoid precipitation 
by a direct quench to room temperature and by a quench into molten 
lead baths at temperatures of 1200 to 1300 °F (650 to 705 °C) and 


below. 


Nature of Intermetallic Compounds Associated 
With Austenite Decomposition 


In the case of the 17% chromium steel, X-ray diffraction analysis 
of extracted residues showed only the MosCg carbide to be present 
in samples completely transformed at high temperatures. Extracted 
residues from the 21 and 25% chromium steels of high nitrogen 
content completely transformed at temperatures in the range 1500 to 
1900 °F (815 to 1040 °C) for the 25% chromium steel, and 1300 to 
1600 °F (705 to 870 °C) for the 21% chromium steel, were all found 
by X-ray diffraction to contain both the carbides Mo3Cg and M7C; 
together with a nitride of the type MN. 

Preliminary attempts to identify all of these constituents metal- 
lographically by the use of staining reagents were unfruitful and this 
phase of the work was temporarily abandoned. Metallographic iden- 
tification of the various compounds seemed not to be required in the 
present investigation, for it was evident by a comparison of the 17% 
chromium steel which contained only the Mo3Cg carbide with the 
more complex 21 and 25% chromium steels that the basic transfor- 
mation behavior seemed to be the same whether a single carbide or 
different carbides and the nitride were involved. 

In general, it was established that in the 21 and 25% chromium 
steels, the MosCg carbide formed first and that the M7Cs carbide and 
the nitride formed considerably later after the transformation of 
austenite was well advanced. 





: 
: 
; 
; 
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In view of the difficulty of distinguishing among the various 
compounds by metallographic procedures, it will be convenient to use 
the general term “carbide” when reference is made to the interme- 
tallic compounds in the balance of the discussion. 


Martensite Reaction 


It was established by means of the conventional quench-temper 
procedure (9) that the austenite of the 17% chromium steel has an 
M, temperature of 320 °F and that the martensite reaction is about 
90% complete at 200°F. Small amounts of austenite are retained 
when this steel is quenched from 2000 °F (1095 °C) to room tem- 
perature. 

The M, temperature of the austenite in the 21% chromium steel 
was found to be about —320°F. In the case of the 25% chromium 
steel, no martensite could be formed by a quench and refrigeration 
treatment at —320 °F. 

These data are applicable only to small samples rapidly quenched 
to avoid as much precipitation during cooling as possible. It will be 
shown later that the precipitation reaction, if permitted to occur, 
markedly raises the M, temperatures of the impoverished austenites. 


Microstructures Resulting From Isothermal Transformation 

of Austenite 

Figs. 5, 6 and 7 illustrate the transformation products formed 
from austenite in the 25% chromium steel at various temperatures in 
the range 1900 down to 1100°F (1040 to 595°C). The micro- 
structures of the 17 and 21% chromium steels go through the same 
series Of changes with decreasing transformation temperature, but 
the temperature at which a given microstructure is produced varies 
from one steel to the other in a manner which seems to bear some 
relationship to the A, temperature. 

Fig. 5a is typical of the transformation product which forms in 
the 17, 21 and 25% chromium steels at temperatures close to the Aj. 
The microstructure resulting from complete transformation at such 
temperatures consists of rather massive carbides located primarily 
in what formerly were ferrite: ferrite or ferrite: austenite grain 
boundaries. The ferrite which existed prior to the start of trans- 
formation (delta ferrite) is virtually indistinguishable from the ferrite 
resulting from the decomposition of the austenite. 

Fig. 5b illustrates the microstructure formed at a slightly lower 
temperature. There is an increase in the amount of carbide precipi- 
tated within former austenite grains and in the delta ferrite as well. 
The amount of carbide ‘in the delta ferrite areas is about the same as 
in the areas which were formerly austenite. 

When the transformation temperature is lowered still further 
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Fig. 5—Transformation Products Formed in 25% Chromium Steel at 1900, 1800 
and 1700°F. Etch—5% picral + 5% HCl. x 500. (a) 16 hours at 1900°F; (b) 
30 minutes at 1800 °F; (c) 30 minutes at 1700 °F. 


the areas which had been austenite contain two types of products 
as Fig. 5c shows. One is ferrite containing few precipitated carbides 
and the other is pearlite. 
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Fig. 6—Transformation Products Formed in 25% Chromium Steel at 1600, 1500 
and 1400°F. Etch—5% picral + 5% HCl. 500. (a) 30 minutes at 1600°F; (b) 
30 minutes at 1500 °F; (c) 1 hour at 1400 °F. 


Fig. 6 shows that with continued lowering of the transformation 
temperature there is a decrease in the amount of the ferrite and an 
increase in the amount of pearlite in the areas that were formerly 
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Fig. 7—Transformation Products Formed in 25% Chromium Steel at 1300, 
and 1100°F. Etch—5% picral + 5% HCl. x 500. 
16 hours at 1200 °F; (c) 16 hours at 1100 °F. 
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(a) 4 hours at 1300°F; (b) 


austenite. The pearlite and the precipitation in the delta ferrite both 
become finer with decreasing temperature. 


At temperatures of 1300°F (705°C) and below there is no 
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Fig. 8—Intermediate Stages in the Transformation of 25% Chromium Steel. Etch 
—5% picral + 5% HCl. X 500. (a) 6 minutes at 1800 °F; (b) 10 minutes at 1800 
F; (c) 4 minutes at 1600 °F. 


longer any separation of ferrite in the 25% chromium steel as Fig. 7 
shows. Instead, there is a fine, dark-etching aggregate which appears 
in the austenite adjacent to the grain boundaries. The amount of this 
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Fig. 9—Intermediate Stages in the Transformation of 25% Chromium Steel. Etch 
—5% picral + 5% HCl. (a) 6 minutes at 1600°F. « 750; (b) 30 minutes at 1200 
°F. X 1000; (c) 1 hour at 1200 °F. x 1000. 


aggregate increases to some extent with decreasing transformation 
temperature. The transformation product which occupies most of 
the prior austenite areas is fine pearlite. 
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Figs. 8 and 9 illustrate intermediate stages in the transformation 
of the 25% chromium steel at various temperatures. Figs. 8a and 8b 
illustrate the manner in which the austenite of the 25% chromium 
steel transforms at 1800 °F (980°C). The first evidence of trans- 
formation appears within the austenite adjacent to the ferrite : austenite 
erain boundaries where small areas of ferrite are observed. The 
areas of ferrite grow with time from the boundaries to the interior 
of the austenite and thus consume the austenite. The ferrite areas 
which form at 1800°F (980°C) are generally irregular in shape 
and tend to be blocky although acicular areas are occasionally ob- 
served as Fig. 8a indicates. 

It is of interest that the ferrite, although it occupies areas which 
were formerly austenite with relatively high carbon content, is quite 
free from carbide. Since the precipitation of carbide has preceded the 
transformation of austenite, the austenite presumably is saturated 
with carbon and cannot absorb carbon from those areas which are 
being transformed to ferrite. Evidently, then, most of the carbon 
in those areas diffuses to the grain boundaries where it is precipi- 
tated as chromium carbide as the ferrite grows. 

Fig. 8c shows that the ferrite which forms from austenite be- 
comes more acicular with decreasing transformation temperature, and 
that it contains carbide. There is a decrease in the amount of this 
ferrite with decreasing temperature, with none being observed below 
1400 °F (760°C) in the 25% chromium steel and below 1200 and 
1300 °F (650 and 705°C) in the 17 and 21% chromium steels, 
respectively. 

The effect of temperature on the morphology and quantity of the 
ferrite formed by the transformation of austenite is similar to that 
which has been described by Mehl for hypoeutectoid carbon and low 
alloy steels (10). 

Following partial transformation of the austenite to ferrite con- 
taining little or no precipitated carbide, pearlite begins to form in the 
25% chromium steel, provided the temperature is below 1800 °F 
(980°C). In the 17 and 21% chromium steels, the maximum tem- 
peratures at which pearlite can form are 1350 and 1550 °F (730 and 
845 °C), respectively. Fig. 9a illustrates partial transformation to 
pearlite in the 25% chromium steel at 1600°F (870°C) following 
the formation of acicular ferrite. 

The lower temperature transformation products are illustrated 
by Figs. 9b and 9c. The first product which forms at 1200°F (650 
°C) in the 25% chromium steel, and at the lower temperatures in the 
other steels as well, is a dark-etching aggregate which appears at the 
grain boundaries and is illustrated by Fig. 9b. At a somewhat later 
time, transformation to fine pearlite begins, as Fig. 9c shows. 
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Fig. 10—Depletion of Austenite in 21% Chromium Steel by Carbide Precipitation 
Prior to Austenite Transformation. 1500. (a) 2 minutes at 1400°F. Etch—5% 
picral + 0.8% HCl. (b) 6 minutes at 1400°F. Etch—5% picral + 2% HCI. 


Depletion of Austenite by Precipitation 


The precipitation reaction which precedes transformation at the 
various temperatures markedly raises the M, temperatures by deple- 
tion of the austenite in carbon and chromium. Metallographic evi- 
dence of this depletion is contained in Fig. 10. Although the 21% 
chromium steel has an M, temperature of about —320 °F (—160 °C) 
when small samples are quenched to avoid precipitation, Fig. 10a 
indicates that a few needles of martensite formed during cooling to 
room temperature in austenite adjacent to grain boundaries containing 
a precipitate which was formed during a 2-minute holding at 1400 °F 
(760 °C). A longer holding time serves to decrease the alloy content 
of the austenite still more. As the result of this, by the time trans- 
formation of the austenite begins, the austenite has become so de- 
pleted that much of it transforms to martensite during cooling to room 
temperature. This is illustrated by Fig. 10b. 
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The concept of austenite depletion during transformation in the 
high temperature region is not a new one. Several years ago Lyman 
and Troiano presented metallographic and X-ray evidence that the 
austenite in high carbon 6 and 9% chromium steels became depleted 
during transformation (11). 

Essentially, the pearlite reaction in the 17, 21 and 25% chro- 
mium steels is one involving the transformation of austenite lowered 
in carbon and chromium by prior precipitation. Thus, the composition 
of the austenite at the time of the pearlite reaction approaches that of 
the austenite formed at temperatures just above the A, before it is 
enriched by the solution of the intermetallic compounds at higher 
temperatures. 

The lines denoting the start of the pearlite reaction in the TTT- 
curves in Figs. 2, 3 and 4 join the line for complete transformation 
at higher temperatures. It is to be noted that this composite line 
approaches the A, temperature asymptotically in much the same 
manner as the single line denoting the start of transformation in low 
alloy steels approaches the A, temperature. This is probably re- 
lated to the fact that the composition of the depleted austenite just 
prior to the pearlite reaction is not markedly different from the com- 
position of the austenite formed just above the A, temperature. 


Reaction Rate Curves 


Reaction rate curves for the 25% chromium steel transformed 
at temperatures of 1900, 1700 and 1500 °F (1040, 925 and 815 °C) 
are shown in Fig. 11. The rate curve for the 1500°F (815 °C) 
temperature level is of the shape characteristic of that for a nucleation 
and growth process (10). The 1500°F (815°C) transformation 
product of austenite (Fig. 6b) is predominantly pearlite, and it is 
generally agreed that pearlite forms by a process involving nucleation 
and growth. 

The reaction rate curve for 1900°F (1040 °C), on the other 
hand, is of a different type and suggests that some other process is 
operative. Actually, the metallographic work indicated that at 1900 

F (1040 °C) the austenite was gradually consumed primarily by 
growth of the existing (delta) ferrite. There appeared to be little or 
no evidence that nucleation was also involved in the decomposition 
of the austenite at this temperature. 

Fig. 12 illustrates how the 1900 °F (1040 °C) transformation 
proceeds by growth of the residual ferrite. The area which occupies 
the center and bottom of the micrograph is austenite. The areas on 
either side are ferrite. The grain boundary at the upper left contain- 
ing precipitated carbides is a ferrite: ferrite boundary. The austenite 
is gradually consumed by movement of the ferrite: austenite inter- 
faces into the austenite. These interfaces are incoherent. Smith 
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Fig. 12—Transformation of Austenite of 25% Chromium Steel by Growth of Ex- 
isting Delta Ferrite. Austenite occupies center ‘and bottom of micrograph. Sample 
austenitized 5 minutes at 2300°F and transformed 4 minutes at 1900 °F. Electro- 
lytically polished, etched in 5% HCl—1% picral (Vilella’s reagent). X 1500. 


recently described how such incoherent interfaces can move during 
a phase transformation with a minimum expenditure of free energy 
(12). In the mechanism discussed by Smith it was necessary to 
assume nucleation of the stable phase in one grain with growth into 
an adjacent grain proceeding by movement of a disordered interface. 
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In the present case, grains of the stable phase (ferrite) already exist 
at the transformation temperature and the transformation proceeds 
by movement of the incoherent ferrite: austenite boundaries into the 
austenite. 

Contrary to normal growth processes the rate of the 1900 °F 
(1040 °C) reaction at any instant is not directly proportional to the 
amount of the remaining austenite. Rather, it was found when an 
attempt was made to fit the data to the equation for a first-order 
reaction that the instantaneous rate decreased more rapidly than the 
amount of austenite decreased. Precipitation of carbide precedes and 
accompanies the 1900 °F (1040 °C) transformation. It is probable 
that the rate of growth is related to the rate of the precipitation re- 
action which would be expected to decrease as the equilibrium con- 
ditions for the system are approached. 

The rate curve for 1700 °F (925 °C) exhibits characteristics of 
both the 1900 and 1500°F (1040 and 815°C) curves. That is, 
during the first 4 minutes at 1700 °F (925 °C) the rate curve is like 
that for the 1900°F (1040°C) transformation, whereas after 4 
minutes the curve resembles the 1500 °F (815°C) rate curve. The 
transformation diagram for this steel (Fig. 4) shows that the abrupt 
change in slope of the 1/00 °F (925 °C) rate curve which occurs at 
about 4 minutes corresponds with the start of the pearlite reaction. 


High Temperature Transformations Involving Delta Ferrite 


It is well known that when the high chromium steels and other 
steels high in elements which restrict the gamma loop are heated to 
increasingly higher temperatures, austenite begins to form at the A, 
temperature and the amount of austenite increases with increasing 
temperature to some maximum value which may be 100% or less, 
depending upon the particular balance of composition. In the steels 
of the present investigation this maximum amount of austenite has 
been indicated to be 40 to 50%. With further increase in temperature, 
the amount of austenite decreases while the amount of ferrite in- 
creases. The ferrite which exists with austenite at very high tem- 
peratures will be defined as delta ferrite. 

The present discussion will be concerned with the transforma- 
tions which occur during the cooling of delta ferrite from very high 
temperatures into or through the range of temperatures at which the 
amount of austenite is a maximum. As this range is approached on 
cooling from some higher temperature, there is a decrease in the 
amount of delta ferrite with a corresponding increase in the amount 
of austenite. If there is residual austenite present at the maximum 
temperature attained, the increase in amount of austenite during cool- 
ing is accomplished simply by the growth of the existing grains of 
austenite into the delta ferrite. 
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Fig. 13—-Growth of Austenite Into Delta Ferrite of 17% Chromium Steel During 
Water Quench From 2300 °F. In (a) darker-etching core areas were austenite at 2300 °F 
in matrix of delta ferrite. The light-etching rims surrounding the darker-etching cores 
are the result of growth of austenite during the quench. (b) Same field as (a) but at 
higher magnification etched to develop details of grain structure. Specimen was refrig- 
erated at minus 320°F and tempered 5 minutes at 1050°F. Electrolytically polished, 
etched (a) 10 minutes in 5% picral + 0.2% HCl, (b) 20% HCl + 1% picral. (a) X 750; 
(b) & 1500. 


Fig. 13 illustrates this growth of austenite in the 17% chromium 
steel during a quench from 2300°F (1260°C). The growth of 
austenite occurs so rapidly that it cannot be entirely suppressed 
during cooling through the temperature region for maximum amount 
of austenite, even when small specimens are drastically quenched. 
The light-etching rims around the darker-etching grains in Fig. 13a 
denote areas formerly delta ferrite into which the austenite grew 
during the quench. The areas which were transformed to austenite 
during the cooling are distinguishable by a selective etching proce- 
dure from those which were austenite at the maximum temperature 
because they are of a different composition. Note that there are no 
well-defined boundaries separating the rim from the core. Fig. 13b 
shows several grains from the same field as that used for Fig. 13a 
photographed at a higher magnification after repolishing and re-etch- 
ing to develop the martensitic structure. Again, there are no bound- 
aries separating the rim from the core and the martensitic markings 
extend from the core into the rim portion without interruption. Fig. 
13b also illustrates that the composition of the rim is different from 
that of the interior of the grains, for there is more retained austenite 
in the rim than in the core. 





—_ 
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Fig. 14—-Formation of Elongated Areas of Austenite From Delta Ferrite During 


Water Quench From 2500°F. (a) 0.06% carbon — 12.5% chromium steel, tempered 1 
minute at 1050°F; (b) and (c) 25% chromium steel. Electrolytically polished, etched 
(a) 5% picral + 0.4% HCl; (b) and (c) 1% picral + 20% HCl. (a) X 500; (b) 


750: (c) & 1500 


In steel which is completely delta ferrite at the maximum heating 
temperature, the austenite which forms from the ferrite grows in 
elongated areas along definite planes of the ferrite and forms a Wid- 
manstatten pattern. The literature contains a number of examples 
of such a distribution of austenite (8, 13, 14, 15). 

Substructures which are commonly termed veining are associated 
with the rapid formation of austenite from delta ferrite during the 
quench. Veining occurs whether the austenite forms by growth of 








1196 TRANSACTIONS OF THE ASM Vol. 46 


the existing austenite, or by nucleation and growth along certain 
planes in the ferrite. 

Examples of veining surrounding the irregularly shaped areas 
resulting from austenite formation during the quench of a 12.5% 
chromium, and the 25% chromium steel, from 2500°F (1370 °C) 
are illustrated in Fig. 14. The literature on veining in metals is 
voluminous. It has been clearly shown that veining can be produced 
by deformation at elevated temperatures which involves either exter- 
nally applied mechanical deformation or deformation arising inter- 
nally from the volume change which accompanies an allotropic trans- 
formation (16, 17, 18). The veining shown in Fig. 14 is of the 
latter type. 

In a recent discussion of substructures in crystals, Guinier (18) 
pointed out that the factors involved in the formation of veining are 
the same as those which produce polygonization. Also, that similar 
subgrain boundaries are involved. In view of this, Guinier suggested 
that veining is a manifestation of polygonization, that is, the formation 
of slightly disoriented subgrains within a grain during an annealing 
treatment which does not produce recrystallization. In this connec- 
tion, Greninger observed more than 15 years ago that ferrite grains 
with veining gave rise to broadened diffraction spots corresponding 
to an orientation dispersion of 1 to 10 degrees (19). 

Veining, then, is a consequence of deformation and the pattern 
of veining can serve the useful purpose of providing an indication of 
the distribution of the strains resulting from the deformation. In 
Fig. 14a, for example, note particularly the acicular area of martens- 
ite at the extreme left of the micrograph. Veining is absent in the 
lower grain of ferrite at the left of the straight martensite boundary, 
but is present on the right. Evidently, the interface on the right was 
moving into the ferrite during the quench, whereas the interface on 
the left did not move laterally. 

It seems clear that the process involved in the formation of the 
elongated areas of austenite from delta ferrite during the quench is 
one of nucleation and growth. The nuclei form at a grain boundary 
and grow at a much more rapid rate along definite planes in the 
ferrite than in directions normal to these planes. Further, the lateral 
growth may be blocked by certain planes in the ferrite so that growth 
is restricted. The small area at the center of Fig. 14a illustrates an 
early stage in the growth of a nucleus and the other larger areas 
represent a more advanced stage. 

The distortion of the delta ferrite grain boundary by the delta 
ferrite — austenite transformation is of particular interest. The dis- 
tortion is seemingly the result of variable rates of growth in different 
directions. This produces what amounts to a sudden pulsation or 
surge which can deform the grain boundary without actual longi- 
tudinal motion, or shear, being involved. 
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Fig. 15—Lamellar Carbides in Martensite Occupying Areas Which Were Delta 
Ferrite at 2000°F. 17% chromium steel heated 15 minutes at 2000 °F, transformed 
4 hours at 1750 °F, water-quenched, tempered 5 minutes at 1050°F. Etch—5% picral 

2% HCl. X 500. 


Transformation of Delta Ferrite to an Aggregate of Austenite 


and Carbides 


The transformation of delta ferrite to austenite free from pre- 
cipitated carbides, which has just been discussed, occurs very rapidly 
and at very high temperatures. Another transformation product of 
delta ferrite consisting of an aggregate of carbides in austenite was 
observed to form in the 17 to 25% chromium steels at a lower range 
of temperatures. 

Fig. 15 illustrates this transformation product. The microstruc- 
ture shown was produced by a 15-minute heating of the 17% chro- 
mium steel at 2000 °F (1095 °C) followed by a 4-hour transformation 
at 1750 °F (955 °C), water quench. A short tempering treatment 
was employed to darken the martensite. Prior to the start of this 
transformation at 1750°F (955°C) (which required about a 20- 
minute holding) the austenite which was present occupied the areas 
of martensite which do not contain carbides. The lamellar micro- 
structure formed isothermally by the growth of carbide and austenite 
simultaneously into delta ferrite. All the areas which were austenite 
at the end of the 4-hour holding temperature at 1750°F (955 °C) 
transformed to martensite during the quench to room temperature. 

The transformation of delta ferrite to austenite containing 
lamellar carbides occurs in the 17, 21 and 25% chromium steels in 
the temperature interval extending from about 50 °F below the A, 
temperature to an upper limit 200 to 300°F above the A,. The 
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transformation of delta ferrite to austenite without carbides, pre- 
viously discussed, occurs at higher temperatures than these and could 
not be suppressed during cooling to the temperatures at which the 
austenite + carbide aggregate was observed to form isothermally. 

The literature contains many examples of lamellar microstruc- 
tures in a wide variety of ferrous and nonferrous alloys. Generally 
speaking, these microstructures are produced by a recrystallization 
reaction (20) or are the result of an allotropic transformation. Per- 
haps the most widely known example of a lamellar microstructure of 
the latter type is the steel structure, pearlite. 

In both the pearlite and recrystallization reactions, the lamellar 
structure is developed by an edgewise growth of the lamellae in phase 
with a moving interface (20,21). The transformation of delta ferrite 
to an aggregate of austenite and lamellar carbides proceeds by exactly 
the same mechanism. This is illustrated by the micrographs in Figs. 
l6a and 16b. 

Like the pearlite reaction, the delta ferrite — austenite + carbide 
reaction is nucleated by carbide precipitation. Prior to the formation 
of the lamellar aggregate, carbide precipitation is observed either at 
austenite: ferrite interfaces, or at ferrite: ferrite interfaces. Then, 
there is growth of austenite from the boundary into the delta ferrite. 
Generally there is simultaneous edgewise growth of carbide lamellae, 
but in some cases there is growth of austenite into ferrite without 
edgewise growth of carbide. Fig. 16d is such an example. In this 
case precipitation in a ferrite: ferrite boundary nucleated the reaction, 
and it is to be noted that an aggregate of austenite and carbide had 
formed in the grain at the right, whereas little carbide seems to be 
associated with the growth into the grain at the left. The growth 
into the grain at the right is presumed to be of the same type as that 
illustrated by Figs. 16a and 16b, the essential difference being that a 
higher temperature is involved, with the result that spheroidization 
occurs almost as* rapidly as the aggregate is formed. Well-defined 
lamellar structures were found to be quite rare when the austenite ++ 
carbide aggregate formed from delta ferrite at the higher temperatures 
involved in this reaction. Instead, partially or completely spheroid- 
ized carbides in austenite were observed. 

Fig. 16c shows that the austenite of the 21% chromium steel 
containing the lamellar carbides has an M, temperature above room 
temperature so that a great deal of martensite forms during the cool 
to room temperature, and there is no martensite in the austenite which 
existed previously except in the vicinity of the old boundaries where 
impoverishment due to precipitation has occurred. Since the residual 
austenite of the steel of Fig. 16c has an M, temperature of about 
—320 °F when it is quenched rapidly from 2300°F (1260°C) to 
avoid precipitation, it is clear that the new austenite of the aggregate 








54 STAINLESS STEELS 1199 


Fig. 16—Characteristics of the Delta Ferrite — Austenite + Carbide Transforma- 
tion. (a) 17% chromium steel heated 15 minutes at 2000 °F and transformed 30 min- 
utes at 1750°F. Etch—5% picral + 2% HCl. X 2000. (b) 17% chromium steel 
heated 15 minutes at 2000 °F and transformed 2 minutes at 1600 °F. Etch—5% picral 
+ 5% HCl. X 2000. (c) 21% chromium steel heated 5 minutes at 2300 °F and trans- 
formed 1 hour at 1800 °F. Etch—5% picral + 2% HCl. x 1200. (d) 25% chromium 
steel heated 5 minutes at 2300 °F and transformed 30 minutes at 2000°F. Etch—5% 
picral + 5% HCl. X 1000. 
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structure formed by the transformation of delta ferrite has a much 
lower alloy content. 

Fig. 16b shows that there has been a great deal of carbide pre- 
cipitation at certain of the ferrite: austenite interfaces and virtually 
none at any of the austenite: austenite interfaces. This is a typical 
observation, for it was consistently observed in this investigation that 
the most favorable sites for precipitation were the ferrite: ferrite and 
ferrite: austenite boundaries. Precipitation was observed to occur 
much more slowly at austenite : austenite interfaces. This would seem 
to suggest that the diffusion required in the formation of the pre- 
cipitate can take place more rapidly in the ferrite than in the austenite, 
but there are no data available to indicate whether or not the elements 
involved do actually diffuse more rapidly in ferrite than in austenite 
at the temperatures involved. Further, the chromium content of the 
ferrite is higher than that of the austenite and this also is a con- 
tributing factor. 


Mechanism Involved in the Formation of the Aggregate 
of Lamellar Carbide in Austenite From Delta Ferrite 


The transformation involving the formation of an aggregate of 
lamellar carbide in austenite from delta ferrite, like the pearlite re- 
action, is nucleated by precipitation of carbide. The areas surround- 
ing the carbide are depleted in carbon and chromium by the precipi- 
tation of the Mo3C¢ carbide and this sets up diffusion gradients which 
cause carbon and chromium to migrate toward the impoverished 
areas. Carbon diffuses more rapidly and minimizes the carbon con- 


centration gradient. Chromium, on the other hand, diffuses much’ 


more slowly so a steeper chromium concentration gradient would 
exist. The delta ferrite depleted in chromium is unstable at the 
temperature involved and reverts to the stable phase austenite. In 
effect, the removal of chromium has served to extend the limits of 
the gamma field over a broader range of temperature. 

As a result of the diffusion which accompanies the precipitation, 
there is more carbon as carbide in the area now occupied by the 
transformation product than there was in the delta ferrite from which 
the austenite-carbide aggregate formed. There are two kinds of 
evidence that this is the case. In the first place, a sample quenched 
after partial transformation to the aggregate, and subsequently tem- 
pered to precipitate and agglomerate the carbides, shows a smaller 
volume of carbides in the untransformed delta ferrite than that in 
the aggregate structure. Secondly, after the formation of the new 
austenite starts, the quantity of the residual austenite decreases. 
Much of the carbon involved in the formation of the aggregate comes 
from the areas of residual austenite which simultaneously transform 
to ferrite. The net effect of the overlapping reactions is that by 
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the time the delta ferrite — austenite + carbide transformation has 
stopped there is less austenite in the sample (including that which 
formed from delta ferrite) than there was initially. The delta ferrite 
— austenite + carbide reaction does not go to completion, but stops 
when equilibrium is established among the phases austenite, ferrite 
and carbide (nitride). 

The authors visualize that concentration gradients much like 
those which have been described for pearlite (21) exist at the moving 
interface between the lamellar structure and delta ferrite. In other 
words, at the ends of the lamellae the delta ferrite is impoverished in 
carbon and chromium and this provides the impetus for the diffusion 
required for the transformation. 


SUMMARY AND CONCLUSIONS 


The present paper describes the rather complex isothermal trans- 
formations which occur in both the austenite and delta ferrite of 
commercial 17, 21 and 25% chromium steels. The heating temper- 
atures and times employed in this work were such that there was 
complete solution of the carbides (and nitrides, when present). 

The transformation of austenite at all temperatures below the A, 
is preceded by carbide precipitation. Next, there is a separation of 
ferrite containing little or no precipitated carbides while the precipi- 
tation reaction continues at the grain boundaries. At temperatures 
just below the A, the austenite can be transformed completely by a 
combination of the precipitation and ferrite separation reactions. 

No pearlite could be formed at temperatures close to the A,, but 
at somewhat lower temperatures the pearlite reaction follows partial 
separation of ferrite. The amount of ferrite in completely trans- 
formed specimens decreases with decreasing temperature and the 
amount of pearlite increases correspondingly. At the lowest temper- 
atures involved in the transformation of austenite, the formation of 
small amounts of a dark-etching aggregate structure precedes the 
pearlite reaction. 

No bainite reaction was observed in the 17, 21 and 25% chro- 
mium steels. Martensite forms only in the 17% chromium steel 
during a quench from the heating temperatures employed. 

At temperatures ranging from about 50°F below the A, tem- 
perature to about 200°F above the A, part of the delta ferrite 
present can be transformed isothermally to an aggregate of lamellar 
carbides in austenite. The transformation exhibits the characteristics 
of the pearlite reaction. That is, it is nucleated by carbide precipi- 
tation and proceeds by the edgewise growth of carbides in phase with 
a moving interface which is the result of an allotropic transformation. 
The matrix transformation is the reverse of that in the pearlite re- 
action, however. The transformation of delta ferrite to austenite 
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containing lamellar carbides stops when equilibrium is established 
among the participating phases. 

Some observations were reported in connection with the forma- 
tion of austenite from delta ferrite during a quench from very high 
temperatures. 

Evidence is presented which indicates that the decomposition of 
austenite at temperatures slightly below the A, is the result of growth 
of residual (delta) ferrite grains. There is virtually no nucleation of 
ferrite at such temperatures. Similarly, at higher temperatures, the 
changes in proportions of ferrite (delta) and austenite with variations 
in temperature dictated by equilibrium considerations result from the 
growth of one phase into the other. 
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DISCUSSION 


Written Discussion: By A. J. Lena, R. A. Lula and G. C. Kiefer, Re- 
search Laboratory, Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

The authors are to be complimented on their presentation of a very 
interesting and valuable paper. It was particularly gratifying to us to 
see that their observations on the rapid rate of carbide precipitation were 
in general agreement with our work on intergranular corrosion? and we 
believe that their paper provides evidence in support of our proposed 
theory of intergranular corrosion. 

There is one minor point of disagreement and that is in regard to 
the suppression of precipitation in Types 480 and 442 by water quenching. 
Unlike Nehrenberg and Lillys, we have never been able to 


prevent the 
carbide or nitride precipitation by water quenching 


of sheet samples of 
Types 430 and 442 as well as Type 446. This discrepancy may be due to 
a difference in etching technique for the detection of the grain boundary 
precipitate. In order to study the effect of etchants, we have etched 
0.04-inch sheet samples of an 0.07% carbon Type 430 steel which had been 
water-quenched after 15 minutes at 2000°F (1095°C) in the 5% picric 
acid —0.1 to 0.2% hydrochloric acid solution used by Nehrenberg and Lillys 
and electrolytically in a 10% ammonium persulphate solution which we 
have favored in our work. A 2-second etch in the ammonium persulphate 


2“R. A. Lula, A. J. Lena and G. C. Kiefer, “Intergranular Corrosion of Ferritic Stainless 
Steels’, see this volume of TRANSACTIONS. 
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Fig. 17—-Intergranular Precipitate in Type 430 Water-Quenched From 2000 °F 
as Revealed by a 2-Second Electrolytic Etch in Ammonium Persulphate. > 500. 

Fig. 18—Photomicrograph of an Austenitic Chromium-Manganese Steel Showing 
a Lamellar Structure Consisting of Chromium Carbide (CresCs) and Austenite Which 
Developed in Areas Which Were Originally Delta Ferrite as a Result of Aging for 
4 Hours at 1400 °F (760°C). Etchant is electrolytic 10% chromic acid. 1000. 


solution was successful in showing a grain boundary precipitate in these 
samples, as can be seen in Fig. 17, whereas a 3-minute etch in the picric 
hydrochloric acid solution gave no evidence of any precipitation. 

The M, temperature data in this paper provide a basis for explaining 
the difference of the effect of welding and post weld annealing on the 
ductility of Types 430 and 442. These differences can be seen in Table II 
where the tensile properties of a Type 430 and Type 442 steel are given. 
In the case of Type 430 where the M, temperature of the austenite which 
formed during welding is above room temperature, as-welded samples 
are brittle, due to the presence of grain boundary martensite, whereas in 
Type 442 where the M, temperature is below room temperature, the aus- 
tenite is retained and the as-welded samples remain ductile. That the 
austenite is retained in this steel can be shown either metallographically 
or by magnetic measurements, in which case it was found that the weld 
metal and heat-affected zones were less magnetic than the base metal. 
soth of these steels are susceptible to intergranular corrosion, and in 
order to restore immunity it is necessary to anneal at temperatures 
between 1200 and 1500°F (650 and 815°C). This annealing treatment 
effectively tempers the martensite of the Type 430 so that the ductility 
as well as corrosion resistance is restored. With Type 442, however, this 
annealing treatment conditions the retained austenite by the precipitation 
of chromium carbides with a resultant raising of the M,. temperature so 
that the transformation to martensite can occur on cooling and the duc- 
tility is reduced. A second annealing treatment is necessary to temper 
the martensite and restore ductility. 








1954 DISCUSSION—STAINLESS STEELS 1205 


Table II 


Effect oi Welding and Post Weld Annealing on the Corrosion and 
Tensile Properties of Type 430 and Type 442 Stainless Steel 


Type 430 (0.065-Inch Sheet)—, -—Type 442 (0.046-Inch Sheet )— 
Inter- Inter- 
granular granular 
od// Cor- % Cor- 
Treatment ~. 5. E] rosion -. <. o El. rosion 
As-received 50,880 72,560 27 No 47,870 66,310 21 No 
As-welded 50,860 77,500 7 Yes 54,400 74,160 20 Yes 
As-welded + 5 min. 
at 1400 °F 45,300 71,200 25 No 48.890 64,450 6 No 
As-welded + 5 min. 
at 1400 °F 
ee EC ke agent oe Ee ie cart 46,450 76,120 18.5 No 


We were very much interested in the transformation of delta ferrite 
to carbide and austenite, for we have observed an identical transformation 
in the delta ferrite of austenitic chromium-manganese steels. An example 
of this transformation to a lamellar aggregate in this type of steel is 
shown in Fig. 18. Although not related to this paper, it might be men- 
tioned here that when this transformation goes to completion in austenitic 
steels, the presence of initial delta ferrite is ineffective in promoting the 
formation of sigma in steels capable of sigma formation. 

Finally, we should like to ask the authors if they have obtained any 
quantitative data on the individual effects of carbon and chromium on the 
positions of the isothermal transformation curves? In this respect we 
wonder if the more rapid rate of transformation in the Type 446 steel is 
not due to the high carbon content alone, rather than a high chromium 
content. We also believe that the phase diagrams available in the litera- 
ture provide a more suitable means of determining the extent of carbon 
and chromium partitioning in the ferrite and the austenite of these steels, 
rather than relying on the use of photomicrographs. 

Written Discussion: By R. A. Perkins, senior research assistant, Met- 
als Research Laboratories, Electro Metallurgical Co., Niagara Falls, N. Y. 

High temperature transformations in ferritic chromium steels have 
received little attention in the past few years, and the authors have made 
an important contribution to this rather complex subject. The effect of 
small residual amounts of austenite or its decomposition products on the 
properties of chromium stainless steels is ill-defined, and an improved 
understanding of the time-temperature transformation characteristics of 
these steels may lead to a better understanding of observed property 
changes. 

The authors’ observation that carbide precipitation precedes austenite 
decomposition is interesting and significant. We have had occasion to 
investigate high temperature transformations of austenite and ferrite in 
21% chromium steels modified with small amounts of nickel, copper, and 
molybdenum to produce a duplex structure of ferrite plus 25 to 40% aus- 
tenite in the annealed condition. Observations on this steel indicated the 
formation of an unstable austenite which decomposed to a martensitic 
structure and chromium carbide on heating at 1650°F (900°C), followed 
by rapid cooling, as shown in Fig. 19. The distribution of the coagulated 
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Fig. 19—Structure of Modified 21% Chromium 
austenite showing coagulated carbides. X 2000. 


Steel. 
Fig. 20 


Islands of decomposed 
Structure of Modified 21% Chromium Steel.  X 2000. Island of stable 
austenite with finely divided carbides precipitated at austenite-ferrite boundary. Air- 
cooled from about 1470 °F (800 °C) after rolling. 

Fig. 21—Structure of Modified 21% Chromium Steel. XX 2000. Coagulation of 
carbides at prior austenite-ferrite boundary with growth and decomposition of aus- 
tenite island on heating same field 1 hour at 1650 °F (900 °C), helium-cooled. 
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Fig. 22—-Structure of Modified 21% Chromium Steel. > 2000. Solution of car 
bides accomplished by annealing 45 minutes at 1880 °F (1025 °C), helium-cooled 

Fig. 23—Structure of Modified 21% Chromium Steel x 2000 Subsequent pre 
cipitation of finely divided carbides and decomposition of austenite in same field on 
reheating 1 hour at 1290 °F (700 °C), helium-cooled 


carbide particles suggests formation around prior austenite-ferrite bound 
aries, and subsequent investigations tended to support this conclusion, as 
shown in Figs. 20 and 21. It is seen that finely divided carbides precipi- 
tated at austenite-ferrite boundaries in the as-rolled structure tended to 
agglomerate on annealing at 1650 °F (900°C), while the original austenite 
islands grew into the ferrite matrix and decomposed to give a martensitic 
structure. This sample was annealed in helium and lightly polished and 
re-etched to reveal these changes occurring in the selected field. It would 
seem that growth occurred on holding and not on cooling, since 1650 °F 
(900 °C) is in the range for maximum austenite formation. Decomposition 
probably occurred on cooling, due to an increase in the M, temperature 
resulting from precipitation of chromium carbide. These observations 
check those of the authors in that the carbides apparently precipitate prior 
to any transformation of the austenite. Annealing these steels at a higher 
temperature (1880°F or 1025°C) effected a solution of the carbides and 
rendered the austenite more stable on cooling, as shown in Figs. 22 and 23. 
Subsequent heating at 1290°F (700°C) precipitated fine carbides in and 
around the austenite islands with accompanying decomposition of this 
phase. 

The occurrence of carbide precipitation prior to austenite decomposi- 
tion appears to be well-defined and is an important concept which may aid 
in better understanding the behavior of stainless steels at elevated tem- 
peratures. 

Written Discussion: By Axel Hultgren, Djursholm, Sweden. 

After the high temperature treatment, each steel consisted of an 
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equilibrium mixture of ferrite, of higher chromium and lower carbon con- 
tents, and austenite, of lower chromium and higher carbon contents. At 
temperatures below A,, as defined, both are supersaturated and the iso- 
thermal transformation reactions are governed by temperature. That is, 
of course, always true for austenite, but in this case the temperature de- 
pendence makes itself felt also in that, at low temperatures, ferrite and 
austenite transform more or less independently, whereas with increasing 
temperature more interaction occurs between the two. 

In the low temperature range, carbide particles are precipitated within 
the ferrite grains and austenite transforms by ferrite separation and 
eutectoid decomposition, just as hypoeutectoid austenite generally does in 
the pearlite range. It is not to be expected, however, that equilibrium is 
reached at apparent completion of transformation. As transformation 
temperature is increased, a tendency for localized carbide precipitation at 
ferrite grain boundaries and at phase boundaries becomes evident (Figs. 
5 to 7). 

The authors attribute the preferred selection of those sites for carbide 
precipitation tentatively to the diffusion in ferrite being faster than in 
austenite. The writer would rather suggest, as the main cause, that 
nucleation of carbide, under the conditions in question, is for some reason 
facilitated in ferrite’. 

The fact that, in the higher transformation range, no lamellar eutectoid 
is formed may be explained as follows: After carbide has been precipitated 
at ferrite grain and phase boundaries and adjoining ferrite has become 
depleted in carbon and chromium, the austenite is greatly supersaturated 
with respect to the depleted ferrite, and rapid diffusion, particularly of 
carbon, will set in, enabling the ferrite to precipitate more carbide and 
relieving the ausenite of its supersaturation with respect to carbide to 
such an extent that no carbide is nucleated in it and thus no eutectoid 
formed. Instead, austenite becomes increasingly supersaturated with re- 
spect to ferrite, and may be invaded by ferrite without any carbide form- 
ing in the areas previously austenitic. If this interpretation is correct, the 
carbide particles in ferrite, as seen in Figs. 8c and 9a, were precipitated 
after, and not simultaneously with, the ferrite separation. 

When ferrite is hot-deformed, and veining produced, grain boundaries 
have been observed to migrate’. The “deformed” grain boundary in Fig. 
14a probably also resulted from migration, under the influence of trans- 
formation stress. Possibly that is what the authors meant. 

The formation of an apparent austenite-carbide eutectoid in super- 
saturated ferrite is an intriguing phenomenon. The authors’ suggested 
explanation, which probably is substantially correct, is based on a num- 
ber of important observations of structural changes during the process. 
The short-distance diffusion of chromium is reflected in the spacing of 
the carbide lamellae, and the long-distance diffusion of carbon in the con- 


%Axel Hultgren and Collaborators, “Isothermal Transformation of Austenite and Parti- 
tioning of Alloying Elements in Low Alloy Steels’, Kungliga Svenska Vetenskapsakademiens 
Handlinglar, Fourth Series, Vol. 4, No. 3, 1953, p. 20, 38-39. 


‘Axel Hultgren and B. Herrlander, “Hot Deformation Structures, Veining and Red- 
Shortness Cracks in Iron and Steel’’, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol, 172, 1947, p. 493, Fig. 14. 
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sumption of adjacent austenite and the concurrent retardation of the 
reaction. 

The fact that this transformation was also found to occur in a tem- 
perature range down to 50°F below A, where, at equilibrium, no austenite 
exists can only be explained as a result of the lower chromium content of 
the original austenite, assisted by the ready diffusion of its carbon, bring- 
ing the A, of localized areas at the austenite-ferrite boundaries down 
below the A; of the steel as a whole. This effect can, of course, only be 
temporary. On continued holding below the true A, the austenite 
will disappear. 


formed 


In conclusion, the writer would like to acknowledge his great pleasure 
in reading this interesting paper. 

Written Discussion: By Robert C. Downey, Metallurgical Develop- 
ment Unit, Materials Laboratory, Aircraft Gas Turbine, General Electric 
Co., Cincinnati, Ohio. 

The authors are to be commended for a substantial addition to the 
present knowledge of transformation characteristics of the straight chro- 
mium stainless steels. 

It is to be noted that aside from the purely theoretical considerations 
involved, practical aspects concerning certain behavior phenomena of these 
steels suggest themselves. Two of these will be mentioned. 

1. It has been previously found that the so-called ferritic stainless 
steels, i.e., those containing 17% chromium or more, can be made subject 
to intergranular corrosion (sensitized) by heating them into the tempera- 
ture range for austenite formation, above approximately 1700 °F (925 °C), 
followed by air cooling. This phenomenon is explainable by virtue of the 
authors’ observation that the austenite-to-ferrite transformation at all 
temperatures below the A:, while preceded by harmless intragranular car- 
bide precipitation, is accompanied by intergranular carbide precipitation. 
This, of course, renders the steel susceptible to intergranular corrosion. 
It follows that the nature of susceptibility to intergranular corrosion is 
the same for these straight chromium stainless steels as for the nonstabi- 
lized 18-8 types, though the mechanism of sensitization differs. It is for- 
tunate, from the standpoint of harmful carbide precipitation, that the 
straight chromium stainless steels are not used in service within the 
sensitization temperature range, i.e., within the temperature range of 
austenite formation. It is apparent, moreover, that when these materials 
have been subjected during processing to thermal cycles which involve 
cooling through the austenite transformation range (e.g., forging, welding) 
they should not be put into service under severe corrosive condition with- 
out a prior stabilizing heat treatment. 

2. Another practical aspect concerns the welding of Type 430 stain- 
less steel (17% chromium). It has been noted on occasion that Type 430 
stainless steel weldments in the as-welded condition are susceptible to 
intergranular corrosion in the weld heat-affected zone. In view of the 
authors’ findings this behavior can probably be attributed to harmful grain 
boundary carbide precipitation, since some precipitation should certainly 
occur in the heat-affected zone of the weld during cooling. At the same 
time it is known that martensite exists in the weld zone grain boundaries 
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of as-welded 430 material. If the supposition of carbide precipitation 
be correct, then it must be assumed that these grain boundary carbides 
coexist with the martensite just mentioned. Now it is known that a 1400 
°F (760°C) post-anneal of such weldments removes the susceptibility to 
intergranular corrosion. It can logically be asked what mechanism results 
in recovery of stability of the tempered material. Certainly, the martensite 
will be fully tempered to restore ductility to the weld, but it is wondered 
what becomes of the grain boundary carbides during this treatment, since 
it is certain that their harmful concentration is in some manner dissipated. 

In austenitic stainless steels which have been sensitized by carbide 
precipitation, stability is restored by resolution of the carbides on heating 
to an appropriate temperature. In the case of 480 material, however, it 
would not seem that resolutioning of the carbides would take place at 
1400 °F (760°C), since the authors have shown that carbides remain 
largely undissolved, even when heated to much higher temperatures. The 
authors’ comments as to what probable mechanism is involved in restora- 
tion of stability by the 1400°F (760°C) treatment would be appreciated. 


Authors’ Reply 


The contributions and comments made by each of the discussers are 
very much appreciated. 

We are pleased to know that our work is in general agreement with 
the work of Lula, Lena and Kiefer®. The one point on which we do not 
appear to agree concerns the suppression of precipitation in Types 430 and 
442 stainless by water quenching small samples. We stated in our paper 
that we were able to suppress the carbide precipitation in Types 430 and 
442 stainless, whereas Lula, Lena and Kiefer could not. The discussers 
have demonstrated that this difference is the result of differences in etch- 
ing techniques. In our work we adjusted the concentration of HCl in 5% 
picral until the reagent became sufficiently selective so that it would show 
an increase in amount of precipitated carbide with time during our iso- 
thermal studies and would not show excessive grain boundary attack. 
Our diagrams, therefore, are intended to show the time required for the 
start of the carbide precipitation reaction at the various temperature 
levels under the particular etching conditions employed in our work. In 
the case of Types 430 and 442 stainless, it was necessary to hold samples 
for definite times at temperatures of 1200 to 1300°F (650 to 705°C) and 
below for isothermal carbide precipitation, and our etching technique sug- 
gested that little or no precipitation had occurred during the quench into 
the molten lead baths at these temperatures. There was a great deal of 
precipitation in all of the Type 446 samples quenched to the various bath 
temperatures and etched in our HCl-picral reagent. 

The start of carbide precipitation is certainly difficult to evaluate, for 
it is possible to produce severe grain boundary attack, particularly by 
employing electrolytic etching reagents in the absence of discrete pre- 
cipitated particles. Perryman’, for example, observed severe grain bound- 


®5R. A. Lula, A. J. Lena and G. C. Kiefer, “Intergranular Corrosion of Ferritic Stain- 
less Steels’, see this volume of TRANSACTIONS. 


®E. C. W. Perryman, “Grain Boundary Attack on Aluminum in Hydrochloric Acid 


and Sodium Hydroxide’, Journal of Metals, American Institute of Mining and Metallur- 
gical Engineers, July 1953, p. 911. 
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ary attack in high-purity aluminum containing less than 0.055% iron, and 
attributed this attack to a concentration of iron at the grain boundaries, 
making them susceptible to electrochemical attack. 

The data on the effect of post-weld heat treatments submitted by 
Messrs. Lena, Lula and Kiefer provide an excellent example of how a 
knowledge of the transformation behavior of the ferritic stainless steels 
may be put to practical use, and we are very grateful for this contribution 
to our paper. Also, we were interested in knowing that the lamellar 
aggregate resulting from the decomposition of delta ferrite was observed 
by these authors in a chromium-manganese steel. 

We have no quantitative data on the effects of carbon and chromium 
on the transformation characteristics of these steels, but are inclined to 
agree with Lena, Lula and Kiefer that the more rapid rate of transforma- 
tion in our Type 446 steel is primarily the consequence of the high carbon 
content. As the result of the high carbon content, there is a high rate of 
chromium carbide precipitation, and this impoverishes the austenite, caus- 
ing it to transform more rapidly than it would if the rate of carbide pre- 
cipitation were lower because of a lower carbon content. 

We are grateful to Mr. Perkins for favoring us with his observations. 
The micrographs illustrate very clearly that the stability of the austenite 
is greatly modified as the result of the impoverishment resulting from the 
precipitation of chromium carbide which precedes the austenite decom- 
position. The isothermal formation of some austenite at 1650°F (900 °C) 
from delta ferrite following and accompanying carbide precipitation and 
agglomeration at the former ferrite: austenite grain boundaries is also 
nicely shown by Mr. Perkins’ photomicrographs. 

We are particularly pleased that Prof. Axel Hultgren was sufficiently 
interested in our paper to offer his interpretation of some of our obser- 
vations. It is gratifying to know that he concurs with us in our expla- 
nation of the mechanism involved in the formation of the lamellar aggre- 
gate from delta ferrite. 

There is only one point on which our interpretations differ. In the 
case of our observation that carbide precipitation occurred preferentially 
at ferrite: ferrite or ferrite: austenite grain boundaries we suggested that 
this observation may indicate that the diffusion required in the growth of 
the carbides occurs faster in the ferrite than in the austenite. Professor 
Hultgren, on the other hand, prefers to believe that nucleation of the car- 
bide can occur more readily at such sites than at austenite: austenite grain 
boundaries. There is no way of knowing at present which viewpoint is 
correct. 

In the absence of pertinent diffusion data, our explanation is purely 
speculative. We were influenced in arriving at our explanation by the 
observation described in an earlier paper by one of the present authors’ 
that the carbides in low alloy hypoeutectoid steels disappear first in the 
ferrite areas on heating into the Ac:—Acs temperature region. 

Thus, on heating, carbides dissolve more rapidly in ferrite, whereas 
on cooling, carbides precipitate more rapidly in ferrite. We have been 
inclined to associate these observations and have tried to arrive at an 


_ TA, E, Nehrenberg, ““The Growth of Austenite as Related to Prior Structure’, Trans- 
actions, American Institute of Mining and Metallurgical Engineers, Vol. 188, 1950, p. 162. 
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explanation which would be applicable to both. We know that at the 
temperatures involved in austenite formation in carbon and low alloy 
steels the diffusion coefficient for carbon in ferrite is greater than that for 
carbon in austenite. We have adopted the viewpoint that this accounts 
for the earlier disappearance of the carbides in ferrite on heating in the 
Ac:-Acs range. Conversely, we reasoned that the earlier precipitation 
of carbide in ferrite during cooling might be accounted for in a similar 
manner. In the case of the high chromium steels of our recent paper, 
it is undoubtedly the rate of diffusion of chromium that controls the rate 
of the precipitation reaction, and data on rates of diffusion of chromium 
in ferrite and in austenite at the temperatures involved in the precipitation 
reaction would be pertinent. To the best of our knowledge such data are 
not available. 

In connection with Professor Hultgren’s comments on our Fig. 14a, 
we are afraid we did not adequately develop the point we were trying to 
make. We agree that the deformed grain boundary is a consequence of 
the transformation stress. Since the shifting of polishing scratches or 
other fiducial markings have been used to study shear transformations, 
i.e. martensite transformations, we thought some metallographers might 
not be aware that a nucleation and anisotropic growth process might 
produce a similar shifting of fiducial markings. We classified the delta 
ferrite — austenite transformation illustrated by Fig. 14a as a nucleation- 
and-growth transformation because we observed variations in the lengths 
and widths of the acicular areas of austenite throughout this and other 
specimens, 

Professor Hultgren commented on the fact that the transformation 
of delta ferrite to austenite plus carbides was observed in a temperature 
range down to 50°F below A:, where, at equilibrium, no austenite exists. 
It was consistently observed in this investigation that at all temperatures 
at which this transformation was observed, there was less austenite pres- 
ent at equilibrium than there was at the time the delta ferrite — austenite 
+.carbide reaction began. Thus, although austenite formed from delta 
ferrite at localized areas in the vicinity of the carbide precipitate, the 
reverse transformation, i.e. austenite to ferrite, also occurred at the same 
temperature in other areas. The latter transformation was found to more 
than offset the former transformation, 

Such a result can be rationalized as follows: The precipitation of the 
CreCe carbide removes carbon and chromium from solid solution in the 
approximate proportions 1 to 20, by weight. From the standpoint of their 
relative effects on the gamma loop, about 30 parts by weight of chromium 
are required to compensate for 1 part by weight of carbon*®. Since the 
carbon and chromium are not removed from solid solution in the propor- 
tion 1 to 30, there will be an adjustment in the proportions of austenite 
and ferrite as precipitation of the chromium carbide proceeds. 

In the carbide being precipitated, the proportion of carbon, which 
broadens the gamma loop, to chromium, which restricts it, is greater than 
the proportion 1 to 30 required to maintain the existing proportion of 
austenite and ferrite. Thus, the adjustment will be in the direction of less 
austenite. 


SUnpublished data, Crucible Steel Company of America. 
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We appreciate Mr. Downey’s comments concerning some practical 
implications of our work. It is certainly true that post-welding heat 
treatments are required to eliminate the tendency for intergranular cor- 
rosion resulting from carbide precipitation during welding or certain hot 
working operations on the straight chromium steels. The data submitted 
by Messrs. Lena, Lula and Kiefer in their discussion of our paper illus- 
trate this point very nicely. 

Mr. Downey asks us to offer an explanation for the fact that a 1400 
F (760°C) post-weld heat treatment will eliminate the susceptibility to 
intergranular corrosion in Type 430 stainless. It is our opinion that the 
chromium impoverishment hypothesis which has been offered as an ex- 
planation for susceptibility to intergranular corrosion in austenitic steels 
may apply to straight chromium steels like Type 480 as well. We like 
this hypothesis because we were able to demonstrate by metallographic 
procedures that impoverishment of adjacent areas accompanies carbide 
precipitation in grain boundaries. In our opinion, then, a short reheating 
at 1400 °F (760°C) permits the diffusion of chromium into the impover- 
ished areas and thereby eliminates the tendency for intergranular corrosion. 

Lula, Lena and Kiefer®, on the other hand, do not subscribe to the 
chromium impoverishment hypothesis as applied to the ferritic stainless 
steels. Instead, they suggest that the grain boundary precipitation of 
carbide or nitride strains the matrix adjacent to the precipitate and thus 
makes the grain boundary area susceptible to intergranular attack. The 
elimination of susceptibility to intergranular attack by a short reheating 
at 1400 °F (760°C) is attributed by these authors to the 


stresses. 


relief of these 


Finally, in closing we wish to again convey our sincere appreciation 
to the discussers for their stimulating comments. We are glad to have 
had the opportunity to benefit from this exchange of viewpoints. 





SUPERCOOLING AND DENDRITIC FREEZING IN ALLOYS 
By W. C. WINEGARD AND B. CHALMERS 


Abstract 


It has been shown that supercooling may result from 
the enrichment in solute of the liquid immediately ahead 
of the advancing solid-liquid interface. If the supercooled 
zone is small, a cellular structure will be developed; if the 
zone 1s large, dendrites will form. It 1s proposed that 
dendrites in ingot structure are produced as a result of 
constitutional supercooling and that the dendritic equiaxed 
zone in the center of ingots is a result of nucleation in a 
large constitutionally supercooled region. The “pasty” 
condition sometimes found in alloys is also explained. 


INTRODUCTION : 


HEN molten metal is allowed to freeze, the structure of the 
\ \ resulting solid is determined by the composition of the metal 
and by the thermal conditions that prevail during freezing. The 
thermal conditions change during the course of the freezing process, 
because the liquid becomes cooler and the mold which contains the 
metal becomes warmer. Consequently, it is to be expected that the 
structure will vary from the parts which freeze first to those which 
freeze later. The typical ingot structure consists of a thin layer of 
small, equiaxed and randomly oriented crystals at the outside, fol- 
lowed by the columnar zone which consists of large, long crystals 
with a strongly preferred orientation. The columnar crystals are 
often dendritic. The last part to freeze consists of rather large equi- 
axed dendritic crystals with random orientation. Since the work of 
Northcott (1-4)', little progress has been made in the understanding 
of the origin and significance of the structures referred to above. The 
three zones are not always present ; for example, the center equiaxed 
zone is not found in ingots of pure metals, and the outer equiaxed 
zone can be suppressed by the use of a hot mold. 
The purpose of this paper is to account for the features of ingot 
structure that have not previously been explained satisfactorily. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, W. C. Winegard and 
B. Chalmers, are associated with the Department of Metallurgical Engineering, 
University of Toronto, Toronto, Canada. Manuscript received April 16, 1953. 


1214 





1954 DENDRITIC FREEZING IN ALLOYS 1215 


SoLip-Liguip INTERFACE 


It is necessary to discuss the form of the interface that exists 
between solid and liquid during freezing. Consider a cylindrical 
vessel AB (Fig. 1), which is filled with metal. The part to the left 
of the transverse section I is considered to be solid and the part to the 


fi 


B 


Fig. 1—Schematic Diagram of Solid, 
Liquid and the Interface. 


right to be molten. It is assumed that the interface I is a smooth 
surface. It is necessary to consider the conditions that determine 
whether it will remain plane as it moves to the right. The quantity 
T, is defined as the temperature of equilibrium between liquid and 
solid ; this is the liquidus temperature in the case of an alloy. The 
extent of supercooling S is the amount by which the actual temper- 
ature T of the liquid is below T,. The interface will be at the tem- 
perature T, only if the system is in equilibrium; i.e., the interface is 


a 


S S1 





Fig. 2a—Possible Relationship Be 
tween S and x. 


stationary. If the metal is freezing, the temperature of the interface 
will be below T, by an amount which depends on the speed of freez- 
ing ; the difference will be represented by S;. The temperature of the 
liquid will, in general, vary with distance from the interface; it may 
increase as in Fig. 2a, or it may decrease as in Fig. 2b, i.e., ds/dx 
may be negative or positive. If ds/dx is negative, then any part of 
the interface that advances ahead of the remainder will enter a region 
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of lower S and so will be retarded. Consequently, the whole of the 
interface will tend to advance at the same speed and it should remain 
plane. On the other hand, if ds/dx is positive, any part of the inter- 
face that is ahead of the rest will be in a region of greater S, and it 
will freeze faster. It will grow out ahead of the general interface and 
will only be stopped when it reaches a region of lower S. The 
evolution of latent heat in the neighborhood of such a growing region 
will decrease the value of S in the immediate vicinity and it will not 


+ 
3 
Si 
O 
XxX —_S 
Fig. 2b—Possible Relationship Between S and x. 
S 








Fig. 2c—Possible Relationship Between S and x. 


be possible, therefore, for the whole interface to advance at the 
increased speed. The interface will, therefore, divide into widely- 
spaced fast-growing dendrites and the remainder which grows at a 
speed determined by the rate at which the latent heat of fusion is 
conducted through the solid. 

From the above considerations, it is seen that dendritic freezing 
is only possible when ds/dx is positive near the interface—i.e., the 
material ahead of the interface is supercooled. It was demonstrated 
by Weinberg and Chalmers (5) that a well-developed dendritic 
structure is formed if S is positive throughout the liquid. These 
conditions are represented by Fig. 2b. If, on the other hand, S is 
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only positive near the interface (Fig. 2c), then the dendritic structure 
will not be fully developed, but the structure will take the cellular 
form described by Pond and Kessler (6) and explained by Rutter and 
Chalmers (7). 

In pure metals, S can only be maintained positive as a result of 
heat loss from the liquid. The liquid cannot supercool by the flow 
of heat through the interface, but only by transverse flow under con- 
ditions similar to those of Fig. 1. It follows that the liquid metal in 
the interior of an ingot of pure metal cannot supercool once the surface 
has frozen; dendritic growth is not observed in such circumstances. 


CONSTITUTIONAL SUPERCOOLING 


In alloys, however, S can be made positive by changing either 
T or Ty. It will be shown that T, changes as a result of the advance 
of the interface; when T, is reduced by this process, ds/dx can be 
maintained positive by conduction of heat through the interface. 

Consider an alloy (or impure metal) in which the relevant part 
of the equilibrium diagram is of the type shown in Fig. 3. 

When liquid of composition L freezes, at temperature Ty, the 
first solid formed has a composition that would, under equilibrium 





Temperature 


. B — 


Fig. 3—Typical Solidus and Liquidus Curves. 
j i 


conditions, be represented by M. When freezing takes place at a 
finite speed, both the temperature and the composition will be differ- 
ent from those indicated in Fig. 3, but under real conditions the 
approximation is close. A consequence of the different compositions 
of the solid and liquid is that the liquid near the advancing interface 
must be enriched in solute, which causes the T, of this material ahead 
of the interface to be lowered. This effect is partly offset by diffusion 
of the excess solute into the liquid further ahead of the interface; the 
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distribution of solute is represented in Fig. 4a and the variation of T, 
in Fig. 4b?. 

The liquid adjacent to the interface can, therefore, be at a tem- 
perature below the T, for any of the remaining liquid; conduction of 
heat through the interface from the remaining liquid can, therefore, 
cool it below its T,; thus, it is possible for S to become positive for 
the whole of the remaining liquid. This is called constitutional super- 


% 8B 





Fig. 4a—Distribution of a Solute and 
the Liquidus Temperature Near the Inter- 
Tace. 


| 
| 
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Fig. 4b—Distribution of a Solute and 
the Liquidus Temperature Near the Inter- 
Tace. 


cooling (7). In this case, ds/dx must be positive near the interface, 
and dendritic freezing is possible. A probable sequence of events is 
shown in Fig. 5, in which the actual temperatures are shown by the 
full lines and the T, by broken lines. The chilled zone, which is 
formed first, is a result of the very rapid cooling caused by the liquid 
coming into contact with the relatively cool wall of the mold. The 


*Northcott (1, 2) has recognized that a layer of liquid metal which is below its liquidus 
temperature may exist just ahead of the interface. 
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Fig. 5a—5c—Probable Sequence of 
Events During the Solidification of an 
Ingot. 
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Fig. 5b 
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Fig. 5d—5f—Probable Sequence of 
Events During the Solidification of an 
Ingot. 








Fig. Se 





Fig. 5f 
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Fig. 5g—5h—Probable Sequence of 
Events During the Solidification of an 
Ingot. 








Fig. 5h 


next zone, which is columnar, is caused by the growth of the most 
favorably oriented crystals of the chilled zone. No new crystals can 
be nucleated until the liquid is sufficiently supercooled, and this does 
not occur until the conditions shown in Fig. 5f are reached. The 
termination of the columnar zone, therefore, occurs when marked 
constitutional supercooling develops. The stage at which this occurs 
must depend on the separation between the solidus and liquidus. 
This is in accordance with the observations of Northcott (1, 2). At 
that stage, supercooling is possible because of the variations in com- 
position caused by freezing. 

The first result of the appearance of a region of positive S (Fig. 
5e) is that the smooth interface becomes unstable and the columnar 
crystals take up the cellular structure (7). As the region of positive 
ds/dx extends, a fully dendritic structure is developed. This tran- 
sition from corrugations to dendrites was first observed by Weinberg 
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(8) in pure lead. The other result of the establishment of an exten- 
sive supercooled region is that heterogeneous nucleation of new crys- 
tals is possible. The crystals nucleated in this zone are randomly 
oriented because their nuclei are not associated with existing crystals ; 
growth is dendritic, since it takes place in a supercooled liquid. 

The amount of constitutional supercooling that can take place 
under the conditions discussed above may be very considerable. 
Consider an alloy of copper with 10% tin. It is evident from experi- 
ments that the tin content of the liquid can be raised to as high as 
25% (9); if it is assumed that it reaches 20%, the liquidus temper- 
ature is then about 890 °C (1635 °F). If this degree of enrichment 
is achieved locally at the advancing interface, while the liquid in the 
center still has its original composition with a T, of about 1010 °C 
(1850 °F), it is possible that in the absence of any heterogeneous 
nucleation the liquid in the center may supercool as much as 120 °C; 
this may be sufficient to cause homogeneous nucleation. The latent 
heat of fusion is probably about 45 cal./gm., and the specific heat 
about 0.09 cal./gm./°C. The heat evolved in the solidification of one 
gram would therefore raise its temperature by 500 °C (930 °F), and 
it follows that only about one-quarter of the metal could freeze with- 
out external loss of heat, even under the extreme conditions con- 
sidered above. 


THE Pasty CONDITION 


The “pasty” condition that is sometimes found in a solidifying 
liquid (10) corresponds to the central part of Fig. 5g, where nuclea- 
tion has occurred. The dendrites have grown until there is no longer 
any supercooling and the region consists of a mass of dendrites with 
liquid between them. The “pasty” condition is not found under equi- 
librium conditions ; it can only occur when supercooling has been pro- 
duced and has resulted in the nucleation and growth of independent 
dendritic crystals within the liquid. The discussion presented above 
shows that this can, but need not, occur in the solidification of a solid 
solution alloy; whether it does or not depends on whether constitu- 
tional supercooling is established and, perhaps, on the presence of 
suitable heterogeneous nuclei. 
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DISCUSSION 


Written Discussion: By Axel Hultgren, Djursholm, Sweden. 

The object of the present discussion is to call attention to observa- 
tions made in investigating the solidification structure of ingots of carbon 
steel with 1.10% carbon’. 

After a spheroidizing anneal at moderate temperature, a cementite 
network delineating the earlier austenite grain boundaries was preserved 
and no lamellar pearlite was present to impair the primary etch structure 
obtained in copper-bearing solutions. Thus, details of the primary struc- 
ture could be studied in the microscope which would not otherwise have 
been discernible. 

In a series of sections laid parallel to the surface, each columnar crys- 
tal displayed patterns of easily identifiable rectangular crosses, in space 
representing continuous intersecting plates. Transverse branches of the 
skeletons, secondary and tertiary, had the shape of rods, since their direc- 
tions alternated from section to section in the series’. 

In sections perpendicular to the surface, the fact that dendritic colum- 
nar crystals grew by a process of selection from a surface layer of small 
randomly oriented, dendritic equiaxed crystals could be demonstrated in 
several cases*. Interpenetration of dendritic crystals was also in evidence’. 
A cellular type of growth was not observed. When the steel had been 
poured hot enough, no surface layer of equiaxed crystals was found. 

The dendritic structure observed throughout the columnar crystals and 
also found in crystals of the surface layer would not seem to be compati- 
ble with a smooth liquid-solid interface at any stage during the growth of 
those crystals. It would also be interesting to learn the authors’ views 
regarding the “plate cross” pattern of the dendritic skeletons of the colum- 
nar crystals. 


Authors’ Reply 


The authors wish to thank Dr. Hultgren for his interesting comments 
on this paper. 
It was not the intention of the authors to suggest that a smooth 


8Axel Hultgren, “Crystallization and Segregation Phenomena in 1.10% Carbon Steel 


Ingots of Smaller Sizes”, Journal, Iron and Steel Institute, Vol. 120, No. 2, 1929, p. 69, 
Figs. 8-12, 15, 16, 17. 
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interface must exist for any appreciable portion of the solidification of an 
ingot, but rather to explain why the interface is often not of the smooth 
type. 

The cellular structure is very difficult to observe unless it is seen on 
a free surface or at the freezing interface; it is still more difficult to ob- 
serve if there has been sufficient time at a high temperature for the cell- 
wall segregate to diffuse away and become uniformly dispersed. It is sug- 
gested that failure to detect the cellular structure does not prove that it 
did not occiir. 

Another possibility is that the transition to fully dendritic structure 
is so rapid that the cellular structure, which is an intermediate condition, 
does not develop. 

The absence of a surface layer of equiaxed grains, when the steel was 
poured from very high temperatures, may be the result of remelting of 
the first material to freeze, followed by freezing without sufficient super- 


cooling to produce equiaxed grains. 





THE INFLUENCE OF HEAT TREATING VARIABLES 
ON THE MARTENSITE TRANSFORMATION 
IN SAE 1050 STEEL 


3y MELVIN R. MEYERSON AND SAMUEL J. ROSENBERG 


Abstract 


The effects of three heat treating variables, namely, 
austenitizing temperature, austenite grain size, and rate 
of cooling, upon the martensite transformation (M,) of 
two SAE 1050 steels were determined. The M, was 
found to increase with increasing austenitizing temperature 
but thts increase was shown to be the result of the larger 
austenite grain size established at the higher austenttizing 
temperatures. Rate of cooling had no effect upon the M,. 
Grain size also was found to have an effect on the rate of 
formation of martensite below the M,. 

An explanation of the mechanism of the observed 
phenomena 1s offered and the findings are discussed In 
relation to the nucleation and shear and the nucleation 
and growth theories of the formation of martensite. 


ITH the advent of new and more precise heat treating rou- 

tines, and refined treatments such as austempering and mar- 
tempering, it becomes increasingly necessary to have a clearer under- 
standing of the occurrence of the martensite transformation and how 
it is affected by heat treating variables. Pertinent variables which 
were examined for their effect on the temperature at which the mar- 
tensite transformation starts, the M,, and which are reported in this 
paper, are as follows: 

1. Austenitizing temperature (including time at temperature). 

2. Austenite grain size. 

3. Rate of cooling from austenitizing temperature. 

The technical literature was reviewed with particular reference 
to data on the effect of these three variables on the M,. This survey 
revealed a wide difference of opinion among investigators. However, 
it must be recognized that in many cases the variations in chemical 
composition, methods of test, and particularly the degree of carbon 


_ _A portion of this paper is from a thesis submitted by Mr. Meyerson to the University 
of Maryland in partial fulfillment of the requirements for the degree of Master of Science. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. The authors, Melvin R. Meyerson and Samuel J. 
Rosenberg, are metallurgists, U. S. Department of Commerce, National Bureau 
of Standards, Washington, D. C. Manuscript received March 26, 1953. 
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Table I 


Summary of Published Data Showing Effect of Three Variables of 
Heat Treatment Upon Ms Temperature 





Effect of Indicated Variable on the Ms 


Increased Increased 
Austenitizing Austenite Increased Rate 
Reference Steel Temperature Grain Size of Cooling 
Digges (1) 0.80% C (Fe-C alloy) No effect No effect No effect 
Digges, Irish Fe-C alloys; No effect by one No effect _- 
and Carwile (2) boron-treated steels test method; 


Ms raised by 
another method 


Greninger (3) 0.85% C (Fe-C alloy) Raised Ms — No effect 

Bassett and 0.50% C, 02.0% Cr; No effect — — 
Rowland (4) 1.0% C, 0—2.0% Cr 

Payson and 0.5% C, 1.0% Mn; No effect No effect — 
Savage (5) 0.5% C, 3.0% Ni 

Boyer (6) SAE 52100 Lowered Ms — — 

Gulyaev (7) 0.74%; C, 18.2% W, Lowered Ms — — 

4.01% Cr, 0.58% V; 


1.85% C, 10.38% Cr; 
0.44% C, 11.0% Cr 


Harris and Cohen 1.1% C,0% Cr: No effect No effect - 
(8) 1.1% C, 1.5% Cr;) 
1.1% C, 2.8% Cr;} - Lowered Ms — 
1.1% C, 5.4% Ni } 
Hollomon and Steels, generally - Reported in- = 
Jaffe(9) stances of rais- 
ing and lower- 
ing Ms 
Cohen (10) Steels, generally . Raised Ms 
Grange and SAE 1065 No effect 
Stewart (11) 
Barnett and SAE 2340; Raised Ms 
Troiano (12) SAE 4140; 
0.4% C, 3.0% Cr 
Scheil (13) 29% Ni-Fe alloy Raised Ms 
Fisher, Hollomon 1.0% C, 3.0% Cr — Raised Ms -— 
and Turnbull 
(14) 
Morgan and Ko 0.9-1.3% C, No effect Raised Ms (except 
(15) 0-9.9% Ni that no effect was 
noted with two 
steels) 


solubility, may have influenced the results obtained. For ease of 


comparison, this literature survey is presented as a summary in 
Table I. 


MATERIALS TESTED 


The materials selected for study were two SAE 1050 open-hearth 
steels that had been the subject of considerable previous research 
at the National Bureau of Standards. Both steels were nearly alike 
chemically except for aluminum content. However, they differed in 
the method of deoxidation in that one steel (M-182) was of “con- 
trolled” grain size and the other (M-179) was not. Their compo- 
sitions are given in Table IT. 
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Table I—Continued 


Summary of Published Data Showing Effect of Three Variables of 
Heat Treatment Upon Ms Temperature 


Effect of Indicated Variable on the Ms 


Increased Increased 
Austenitizing Austenite Increased Rate 
Reference Steel Temperature Grain Size of Cooling 
McReynolds (16) 71% Fe, 29% Ni — Raised Ms = 
Howard and 0.75% C; — — No effect 
Cohen (17) 1.12% C; 
1.35% C; 
1.1% C, 3.5% Ni; 
1.1% C, 5.0% Ni 
Wever and Rose 0.28—-1.69% C, —- - No effect 
18) 0.32—1.14% V 
Vever and 0.01-1.75% C No effect 
ngel (19) 
eninger and 0.82% C No effect No effect 
roiano (20) 
rand Rose 0.02—1.75%C Lowered Ms in alloys 
with less than 0.4% 
C; no effect in alloys 
with more than 
0.4% C 
Eilender, Fe-C alloys No effect 
nd 
2) 
ler Fe-C alloys Lowered Ms 
(23) 
er and C-Cr steels Raised Ms 
[roiano (24) 
erg and Carbon and alloy ~- Raised Ms 
n (25) steels 


lyumovand 1.6%C; 


. Lowered Ms 
laksimova(26) 0.6% C, 6.0% Mn 


Number of Investigators Reporting Effects of Three Variables on Ms 











Increased Aus- Increased Austenite Increased Rate 
Effect tenitizing Temperature Grain Size of Cooling 
Raised Ms 2 6 3 
Lowered Ms 3 1 3 
No effect 5 7 9 
Table II 


Chemical Composition of the Steels Used, Percentage by Weight 


Acid- To 
Soluble tal ; 
Steel C Mn P S Si AleOs Al Al H O N 


M-179 0.49 0.79 0.023 0.023 0.22 0.001 0.002 0.0025 0.0002 0.004 0.004 
M-182 0.49 0.80 0.022 0.028 0.21 0.007 0.016 0.0195 0.0002 0.003 0.004 


Previous work (27, 28) had shown that the austenite grain size 
of these steels (which were designated as C-1 and C-2, respectively, 
in these references) was affected by both the initial structure and the 
rate of heating through the critical range. Because of this, the rate 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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of heating of all samples was controlled as closely as possible at about 
3000 °F (1670 °C) per minute. All specimens were taken from hot- 
rolled 1-inch diameter bars and had the initial structure shown in 
Fig. | 

oe. 





Fig. 1—Initial Microstructure of the SAE 1050 Steels (Hot-Rolled Condition). 
Etched with 1% nital. 100. (a) M-179, noncontrolled. (b) M-182, controlled. 


EXPERIMENTAL [TECHNIQUES 


Two methods were used to determine the effects of variables on 
the M,: the quench-temper and the thermal analysis methods. The 
quench-temper method was described by Greninger and Troiano (20) 
and the thermal analysis method was the same as used by Digges 
(29). Small specimens, 0.10 by 0.10 by 0.050 inch, were used in all 
tests and one wire of the chromel-alumel thermocouple (32 gage, 
0.008 inch diameter) was spot-welded to a 0.10 by 0.050-inch face 
and the other wire was spot-welded to the opposite face. 


Quench-Temper Method 


The quench-temper method consists of austenitizing a_ steel 
sample, quenching the sample to a predetermined temperature to 
transform a portion of the austenite to martensite, up-quenching to 
a higher temperature above the M, to temper the martensite formed 
at the temperature of the first quench, and finally quenching to room 
temperature to transform most of the remaining austenite to mar- 
tensite. After polishing and etching, the martensite formed in the 
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initial quench appears dark and the amount of this constituent can 
be determined with fair accuracy. 

a. Apparatus and Procedure—An Einthoven string galvanom- 
eter and recording camera was used to determine the temperature of 
the specimen during the heat treating cycle. This instrument was 
described in detail by French and Klopsch (30). Its use was deemed 
necessary for two reasons: (a) to determine the temperature reached 
by the specimen in the quench bath (in some instances this temper- 
ature may have been higher than the temperature of the bath as the 
result of heat generated by the specimen at and below Mg, or because 
of the slow cooling rate of some quenchants), and (b) to determine 
the temperature of the specimen immediately prior to tempering. 
for the very small specimens used, this temperature was not the 
temperature reached in the quench bath, but the temperature reached 
n air while being transferred from the quench to the temper bath. 

The thermocouple wires were encased in a two-hole porcelain 
sulating tube extending to about % inch from the specimen. 
iuereisen cement No. 32 was used to seal the wires in the tube at 

s point. A double-pole, double-throw switch provided the means 
connecting the thermocouple to a precision potentiometer or the 
ing galvanometer as desired. The cold junction of the thermo 
uple was maintained at 32 °F in all the tests. 

Three small pot furnaces, each connected to a recording con- 
oller, were used for austenitizing, quenching, and tempering, re- 
pectively. Attempts to use metal or salt baths as a heating medium 
nd for protection of the surface of the specimen during austenitizing 
vere unsuccessful, because at the high temperatures employed (up 
to 2150 °F) the thin thermocouple wires were corroded through and 

the specimen lost. At the lower range of austenitizing temperatures 
used, the thermocouple wires remained intact, but adherence of dross 
or salt to the specimen reduced the cooling rate markedly. Elimi- 
nation of these undesirable effects and protection of the specimen 
against oxidation or decarburization during austenitizing was accom- 
plished as follows: A block of stainless steel (25% Cr—20% Ni) 
was drilled as shown in Fig. 2 and the enlarged lower portion was 
filled with powdered charcoal. This block was heated to the desired 
austenitizing temperature in a pot furnace. The specimen, attached 
to the thermocouple wires, was placed in the centrally drilled hole 
of the heated block. After insertion of the specimen the opening was 
closed by an asbestos stopper placed around the porcelain thermo- 
couple insulator at a distance of 1% inches from the specimen. In 
addition to sealing off the air, this stopper served to control the depth 
to which the specimen was inserted. At the austenitizing temper- 
atures used, the powdered charcoal combined sufficiently with the 
oxygen present to serve as a protective atmosphere for the specimen. 
No evidence of decarburization could be detected in samples of 0.5% 
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carbon steel held for as long as 10 minutes at an austenitizing tem- 
perature of 1675 °F (913°C) and subsequently treated to produce 
pearlite and ferrite (Fig. 3). It was observed, however, that speci- 
mens treated by the quench-temper method to obtain small amounts 
of tempered martensite frequently contained a larger amount of tem- 
pered martensite in the extreme surface layers than in the rest of the 
specimen. This possibly could be taken as evidence that some de- 


O.!" Drill for T.C. Well 


1! Thrids per in. 





—— | e*O. 


Fig. 2—Stainless Steel Block 
(25% Cr-—20% Ni) Used as a 
Heat Reservoir for Austenitizing 
Specimens. The %-inch hole was 
filled with powdered charcoal. The 
specimen was inserted in the 
%-inch hole to a depth of 1% 
inches, 


carburization actually occurred during austenitizing or transfer to 
the tempering bath (in air for about 3/5 second). A decrease in 
surface carbon so slight as to show no perceptible difference in the 
amount of pearlite and ferrite could, because of the high sensitivity 
of the M, to carbon content, account for the phenomenon observed. 
These layers, when present, were disregarded in the determination 
of the amount of tempered martensite in the specimens. 

During the latter portion of the investigation another austenitiz- 
ing furnace was constructed to permit heating to 2150 °F (1175 °C). 
Resistance wires were wound around an alundum tube of % inch 
inside diameter, into which was inserted a closed-end quartz tube of 
zs inch outside diameter. The bottom of this tube was partially filled 
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with powdered charcoal to provide a protective atmosphere for the 
specimens. 

The austenitizing temperatures used were 1475, 1600, 1750, 
1900, 2025, and 2150 °F (800, 870, 955, 1040, 1105, and 1175 °C). 
Some groups of specimens were heid at these temperatures for 3 
minutes, others for 7 to 9 minutes. It was believed that any effects 
of variations in time at austenitizing temperature would be revealed 
by this difference. In addition, some groups of specimens, austen- 





Fig. 3—SAE 1050 Steel (M-182). Austenitized at 1675°F for 10 
Minutes in the Stainless Steel Block Illustrated in Fig. 2, Quenched in a 
Lead-Bismuth Bath at 1225 °F for 2 Minutes, and Then Quenched in Water, 
No decarburization appears at surface. Etched with 1% nital. X 100. 


itized at 1750 and 2150 °F (955 and 1175 °C), were cooled slowly 
in the furnace to 1475 °F (800°C) and then quenched, so as to 
separate the variables of austenitizing temperature, with concomitant 
change in grain size, and quenching temperature. Specimens cooled 
in the furnace to 1475 °F (800°C) before quenching were kept in 
the furnace a total time of 7 to 9 minutes. All specimens were slowly 
agitated while in the quench and temper baths. 

The tempering temperature for all specimens was 625 °F (330 
C). Determinations of the amount of tempered martensite present 
in the specimens were made at approximately 450 magnification 
by the method of lineal analysis using either a micrometer eyepiece 
or a Hurlbutt counter. The latter procedure has been described by 
Howard and Cohen (31). The M, was obtained by plotting the 
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Fig. 4—The Amount of Martensite (Subsequently Tempered) Formed on Quenching 
Below Ms. Extrapolated Ms was 596°F. Steel M-179 austenitized at 1750°F. Etched 
with 1% nital. Original magnification x 500 reduced to X 450 in printing. (a) Quenched 
to 596°F; 1% tempered martensite; (b) Quenched to 590 °F; 2% tempered martensite; 
(c) Quenched to 590 °F; 2% tempered martensite; (d) Quenched to 584 °F; 6% tempered 
martensite; (e) Quenched to 556 °F; 12% tempered martensite; (f) Quenched to 518 °F; 
34% tempered martensite. 


amount of tempered martensite as a function of the temperature of 
transformation (the temperature of the specimen while in air just’ 
prior to immersion in the temper bath) and extrapolating to zero per 
cent of tempered martensite (see Fig. 14 for typical curves). A 
typical series of photomicrographs for each steel showing the presence 
of various amounts of tempered martensite is shown in Figs. 4 and 5. 
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Fig. 5—The Amount of Martensite (Subsequently Tempered) Formed on Quenching 
Below Ms. Extrapolated Ms was 596°F. Steel M-182 austenitized at 1750°F. Etched 
with 1% nital. Original magnification « 500 reduced to X 450 in printing. (a) Quenched 
to 594°F; 1% tempered martensite; (b) Quenched to 584 °F; 4% tempered martensite; 
(c) Quenched to 577 °F; 7% tempered martensite; (d) Quenched to 559 °F; 14% tempered 
martensite; (e) Quenched to 546 °F; 20% tempered martensite; (f) Quenched to 532 °F; 
26% tempered martensite. 


b. Preliminary Tests—Prior to performing any quench-temper 
tests it was necessary to determine the insulation required on thermo- 
couple wires to prevent short circuiting in the quench bath, the cool- 
ing rates of various quenchants, and the maximum time allowable in 
the quench and temper baths. 

Since metallic baths of the lead-bismuth type were considered for 
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use both as quenching and tempering baths, chromel-alumel thermo- 
couples were tested for short circuiting in a 50% lead — 50% bismuth 
bath. Fig. 6 contains cooling curves obtained by use of thermo- 
couples with and without insulation (Sauereisen cement No. 32) and 
attached to specimens of different sizes. If shorting had occurred, all 
cooling rates obtained with uninsulated wires would have been essen- 
tially the same, regardless of the size of specimen attached. It was 


A-No Specimen, Thermocouple Wires Welded 
B-No Specimen, 
Thermocouple Wires Twisted Several Times 
C-Specimen O.I in. Square x 0.050 in. Thick, 
No Insulation on Thermocouple Wires. 

(A Duplicate Curve Was Obtained 
When One Thermocouple Wire Was Insulated ) 
D-Specimen 0.313 in. Diameter x 0.303 in. Long, 
No Insulation on Thermocouple Wires 
For A,B and D- 26 Gage Chrome! Alumel Wire 
For C - 32 Gage Chrome! Alumel Wire 
Hot Quenching Bath - 


Lead Bismuth (50-50) at 310° + 5°F 


Temperature °F 





o G2 Oe O64 Gs 1.0 1.2 14 = 16 
Time-seconds 

Fig. 6—Cooling Curves Obtained by Quenching Into a Lead 

ae Bath at 310°F. Quenching temperature in all cases was 
also observed that when a thermocouple was bent so as to immerse 
a portion of both wires in molten lead-bismuth while allowing the 
welded junction to remain in air, no rise in temperature was indi- 
cated by the potentiometer. Another test consisted of immersing 
freshly cut ends (unjoined) of a thermocouple in molten lead- 
bismuth. The subsequent potentiometer reading corresponded to the 
temperature of the bath. When the procedure was repeated, after 
first heating the cut ends to a dull red, no circuit was obtained. The 
oxide film on these wires, therefore, was considered an effective 





' 
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insulation under the conditions of the experiments. Oxide films were 
formed on the cut ends of the thermocouple wire during the process 
of welding them to the specimens. 

In order to isolate the variable of quenching rate it was neces- 
sary to select at least three media with different quenching character- 
istics. Cottonseed oil, 50% NaNO».-—50% KNOs, and 50% Pb- 


cooing Rote | Time eet 
Quenchoant Between 





of Bath 
°o ° 
|500° & 900°F Temperature 
A Cottonseed Oil | |400°F/Sec.| 3.00 Seconds 
C Pb-Bi (50-50) SOOO * L2> * 
1400 Temperature of Hot Quenching Baths, 560°F 
iL 
° 1200 
= 
Z 
~ 1000 
@ 
Qa 
E 
® 
- 800 
600 
400 
O 0.2 0.4 0.6 0.8 1.0 1.2 1.4 1.6 
Time-seconds 
Fig. 7—Typical Time-Temperature Cooling Curves for 0.10 by 0.10 
by 0.050-Inch Specimens of 18% Cr—8% Ni Quenched From 1600 °] 
Into Different Baths at 560 °F. 
50% Bi were selected after investigation of many substances. The 


cooling rate obtained with each of these quenchants is shown in Fig. 7. 
The cooling curves shown in this figure were obtained under the 
specific conditions noted and the rates obtained may be expected to be 
slightly different, depending upon the quenching temperature or the 
temperature of the hot quenching bath. Specimens (0.10 by 0.10 by 
0.050 inch) of austenitic steel (18-8) were used to obtain these curves 
in order to avoid heat effects evolved in passing through critical 
points. Cooling rates reported are the averages for the range 1300 
to 900 °F (705 to 480°C); for this range the metal bath was the 
most rapid coolant, the salt was intermediate, and the oil was the 
slowest. 


In order to determine the time required for bainite to form iso- 
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thermally at the temperature selected for tempering (625 °F), several 
specimens of Steel M-182 were austenitized and then quenched to 
this temperature, held for varying periods of time, and then quenched 
to room temperature. Subsequent metallographic examination showed 
that a dark constituent began to appear when the holding time was 
in excess of 11 seconds. Specimens quenched to just below M, 
(martensite thus formed also tempered at this temperature) showed 


1600 


2200 
1400 


8 


1400 


1000 


600 
0 20 40 


1200 


* Cooling Rate 
Between 
1300°& 900°F 
°F/seconds 


Gas Pressure-psi 


Temperature °F 
3 
© 
oO 


600 





400 
O O02 04 06 O08 1.0 1.2 14 =61.6 
Time - seconds 
Fig. 8—The Effect of Helium Pressure on the Rate of Cooling. 
pamples or were the same size and stee! as used to obtain curves 
no increase in dark constituent when the holding time was increased 
from 6 to 10 seconds. Therefore, the time of quench for all speci- 
mens was selected as 3 seconds and temper 8 seconds. The absence 
of isothermal transformation above M, was verified for every group 
of specimens tested by quenching at least one specimen to a temper- 
ature above the M, for 3 seconds and tempering at 625 °F (330 °C) 
for 8 seconds. This procedure invariably resulted in a specimen 
containing no dark constituent. 


Thermal Analysis Method 


The thermal analysis method has been described in detail by 
Digges (29) and the apparatus utilized, with slight modification, was 
the same as used by him. The specimens were heated within a small 
heating coil located in a chamber that was alternately evacuated and 
flushed three times with helium, the trapped helium atmosphere being 
used as a protective medium to prevent decarburization. After aus- 
tenitizing, the samples were quenched to room temperature by a flow 
of helium, and the rate of quenching could be varied within certain 
limits by adjusting the pressure of the gas, as is shown in Fig. 8. 
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For many of the experiments the Einthoven string galvanometer was 
modified to give a full-scale deflection in a temperature span of 300 °F 
in order to detect the thermal arrests in the curves more accurately. 

The M, temperature was obtained from the film record by cal- 
culating the temperature at which the cooling curve underwent an 
abrupt change of slope caused by the heat evolved by the martensite 
transformation. If the accuracy of this determination were equal to 
that of the quench-temper method, this method would be preferred, 
since only one specimen need be heat treated to secure an M, and 
no metallographic preparation or lineal analysis need be made. This 
accuracy could not be attained. 


Determination of Grain Size 


The grain size established at each of the austenitizing tempera- 
tures was determined on some of the specimens used for determining 
the M,. It was necessary to select specimens quenched near the M, 
temperature rather than substantially below it in order to avoid the 
presence of a large number of tempered martensite plates that tended 
to obscure the grain boundaries and reduce shade contrast. These 
specimens were repolished and given a grain contrast etch. A typical 
structure of a specimen processed in this manner is shown in Fig. 9a. 
In very fine-grained specimens the individual grains were not clearly 
revealed by this method. 

In addition, specimens were austenitized under conditions similar 
to those employed in both the quench-temper and thermal analysis 
methods, and then cooled in a manner suitable for delineating the 
parent austenite grains with proeutectoid ferrite. Photomicrographs 
of two specimens treated in this manner are given in Figs. 9b and 9c. 

The grain size was determined in the various specimens in three 
different ways, as follows: 

la. Counts of the number of grains falling within a circular area 
of 7.75 in® inscribed on the ground glass of a metallograph. 

b. Counts of the number of grains falling within a circular area 
of 3 in? drawn on a photomicrograph. 

2. Estimation with a grain size eyepiece attached to the micro- 
scope, or by means of a standard chart compared to the ground glass 
image. 

3. Estimation by comparing photomicrographs with a standard 
chart (Steel M-182 only). 

The results of the measurements of austenite grain size are sum- 
marized in Tables III and IV and the relation between austenitizing 
temperature and grain size is given in Fig. 10. Both steels tested 
had a grain size of ASTM No. 8 at 1475 °F (800°C), the lowest 
austenitizing temperature used. For Steel M-179 (noncontrolled), 
the grain size increased rapidly up to temperatures of about 1625 °F 
(885 °C), then remained nearly constant up to about 1750°F (955 
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Cc 





Fig. 9—-Typical Structures Used for Determining the Austenite Grain Sizes. 
100. (a) ASTM grain size No. 4-5. Steel M-179 austenitized at 1775 °F. Prior 
austenite grains revealed by shade contrast. Etched with a solution of 5 ml. HCl, 
1 g. picric acid, 4 ml. Zephiran chloride, and 100 ml. ethyl alcohol. (b) ASTM 
grain size No. 8. Steel M-182 austenitized at 1530°F. Prior austenite grains out- 
lined by ferrite. Etched with 1% nital. (c) Mixed grain size. Steel M-182 
austenitized at 1680°F. Prior austenite grains outlined by ferrite. Etched with 
1% nital. 


C), and above 1750°F increased almost linearly up to 2200 °F 
(1205 °C). Steel M-182 (controlled) retained its fine grain size up 


to 1550°F (845°C) where it began to coarsen markedly before 
leveling off at about 1750 °F (955°C). No further increase in size 
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Fig. 10—Effect of Austenitizing Temperature on Grain Siz 
Dashed portion of curve indicates regions of duplex grain size when 
no grain size counts were made. 


occurred in the range 1750 to 2000 °F (955 to 1095 °C) but there 
after it increased rapidly. 

The controlled steel (M-182) had grains of mixed sizes in the 
austenitizing range of approximately 1600 to 1800°F (870 to 980 
C) (Fig. 9c). Accurate counts of the grains in some of these speci- 
mens was impracticable as the grain size varied appreciably with the 
area selected for examination. Estimates were made, therefore, of the 
relative amounts of each size present and these values were averaged. 
RESULTS AND DISCUSSION 
Quench-Temper Method 

The values for M, as determined by the quench-temper method 
are summarized in Table ITI. 

a. Effect of Austenitizing Temperature—The relation between 
austenitizing temperature and M, is shown in Fig. 11 and it is 
apparent that the M, increases continuously but not uniformly with 
increase in austenitizing. temperature in both steels. Although there 





uM 


1240 TRANSACTIONS OF THE ASM Vol. 46 


Table III 


Summary of Tests Made by the Quench-Temper Method to Evaluate the Influence of Austenitizing 


Temperature and Time, Rate of Cooling, and Austenite Grain Size on the M, 








Average Msg in 








—————-Hot Quenching Bath : Each Tempera- 
—Austenitizing— Cooling Rate ASTM Grain ture Group 
Temper- Time °F /sec -———Size No.——. ——-Ms, °F -—_—-~ °F——— 
ature,°F min. Quenchant (1300 —-900°F{) M-179 M-182 M-179 M-182 M-179 M-18&2 
1475 7 50% Pb-50% Bi 5000 8 8 581 577 581 578 
578+ 
1600 3 50% Pb-50% Bi 5000 588 581 
1600 7 50% Pb—-50% Bi 5000 5 7-8 590 581 590 583 
1600 3 50% KNO;:-50% NaNOz2z 2200 589 583 
1600 7 Cottonseed oil 1400 593 587 
1750 3 50% Pb-50% Bi 5000 603 591 
1750 7 50% Pb-50% Bi 5000 596 596 
1750* 7-9 50% Pb-50% Bi 5000 597 590 
1750 7 50% KNO:-50% NaNO: 2200 4-5 5 601 601 599 59¢ 
1750 7 Cottonseed oil 1400 599 604 
1900 3 50% Pb-50% Bi 5000 4 5 608 601 608 60 
2025 3 50% Pb-50% Bi 5000 3 5 613 614 613 61 
2150 3 50% Pb-50% Bi 5000 624 623 
2150* 7-9 50% Pb-50% Bi 5000 2 3 617 618 621 62 
*Heated at austenitizing temperature for 3 minutes, cooled to 1475°F in furnance and quenched. Total t 
including 3 minutes at austenitizing temperature and time to cool to 1475°F, was 7-9 minutes. 
+A second group of specimens under stated conditions. 
tCooling rate determined under the conditions shown in Fig. 7. The actual cooling rates given in this le 


may be assumed to be approximately correct. 











is considerable spread between the individual values at some of the 
austenitizing temperatures, the solid lines in this figure indicate an 
approximate linear relationship between the M, and the austenitizing 
temperature. However, the average values in this figure are better 
fitted by the curves indicated by the dashed lines. The similarity of 
these curves to the grain size—austenitizing temperature curves of 
Fig. 10 is apparent. The departure from linearity and the spread of 
individual M, temperatures at some of the austenitizing temperatures 
will be shown later to be the result of a grain size effect. The two 
points for each steel that represent the specimens cooled to and 
quenched from 1475 °F (800°C) after austenitizing at higher tem- 
peratures fall near the straight line only if the M, of these steels are 
plotted as functions of the highest temperatures to which heated. 
This indicates that the increase in M, with increasing austenitizing 
temperature is not dependent on the quenching temperature itself, 
but is dependent on some change occurring within the steel as a result 
of the high temperature treatment. 

No effects on M, could be discerned by varying the austenitizing 
time from 3 to 7 minutes. 

b. Effect of Grain Size—The M, temperatures given in Table 
III and plotted as a function of austenitizing temperature in Fig. 11 
were replotted in Fig. 12 as a function of austenite grain size. The 
curves thus derived show a close similarity to the grain size-— 
austenitizing temperature curves of Fig. 10. A large number of 
individual values fall on the curves of Fig. 12, unlike those of Fig. 11 
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0 Previously Heated to Higher Austenitizing 
Temperature Before Quenching From |1475°F 
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Fig. 11—Effect of Austenitizing Temperature on Ms. The solid 
lines indicate the approximate linear relationship of the average Ms 
temperatures. The dashed curves are drawn through the actual 
average Ms values. , Note the similarity in the shapes of the dashed 
curves to the curves in Fig. 10. 


where only the average values fall on the curves. In addition, the 
M, temperatures obtained by austenitizing at a high temperature and 
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Steel M-I79 
4 Individual Ms Temperatures 
O Average Ms Temperatures 
at Indicated Grain Size 


Steel M-182 
4 Individual Ms Temperatures 
O Average Ms Temperatures 
at Indicated Grain Size 


Grains per in.® at x 100 


ASTM Grain Size No. 





975 585 995 605 615 625 
Ms ,°F 


Fig. 12—The Effect of Grain Size on Ms. 


cooling to 1475 °F (800°C) before quenching lie on or near the 
curves of Fig. 12. The observed increase in M, with austenitizing 
temperature, therefore, can be attributed to the increase in the size 
of austenite grains and can be estimated from the shape of the 
austenitizing temperature — grain size curve. 

c. Effect of Cooling Rate—Three different cooling rates, namely, 
1400, 2200, and 5000 °F (780, 1220, and 2780 °C) per second, as 
established by the three hot quenching baths, were used to study the 
effect of this variable. Determinations of the M, of both steels, 
austenitized either at 1600 or 1750 °F (870 or 955 °C), showed such 
small variations with the different cooling rates (Table III) that it 
was concluded that, within the limits of the cooling rates used, this 
variable had no effect on the Mg. 


Thermal Analysis Method 


The conditions employed and the data obtained by thermal 
analysis are presented in Table IV. The M, temperatures determined 
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Table IV 
Summary of Tests Made by the Thermal Analysis Method to Evaluate the Influence of 
Austenitizing Temperature, Rate of Cooling, and Austenite Grain Size on the M 


s 
r ——Steel M-179 Steel M-182— 
Quench- Nominal Maximum ASTM Maximum ASTM 
ing Austenitiz- Austenitiz- Grain Austenitiz- Grain 
Rate ing ing Size Ms ing Size Ms 
Group F/sec* Temp., °F Temp., °F No. F Temp., °F No. F 
700 1475 1485 7 605t 1495 8 570 
700 1600 1610 5 590 1650 6 600 
\a) 700 1750 1760 4 635 1750 5 625 
700 1875 1885 + 640 1885 5 645 
700 1475 1480 7 585 1475 8 570 
700 1600 1605 5 595 1635 6 605 
(b) 700 1750 1750 | 630 1750 5 610-625t 
700 1875 1880 4 660t 1875 5 620-630T 
700 1600 1610 5 590 1600 7 580 
900 1600 1605 5 595 1640 6 605 
©) 1200 1600 1605 5 590 1605 7 570 
1500 1600 1605 5 595 1605 7 580 


*Taken from curve in Fig. 8. For groups a and b, the gas pressure used was 2% lb/in?. 


For group c, the gas pressures were 2%, 5, 10, and 15 lb/in?, respectively. 
tValue doubtful. 
tMs difficult to determine from cooling curve, but within temperatures indicated. 
Group (a)—Austenitized for 7 minutes at nominal temperature. 
Group (b)—Austenitized for 3 minutes at nominal temperature, then slowly cooled to and 
quenched from 1475°F. Total time in furnace was 7 minutes. 
Group (c)—Austenitized for 7 minutes at nominal temperature. 


by this method generally were slightly higher than the corresponding 
M, obtained by the quench-temper method. Unfortunately, in some 
cases the breaks in the cooling curves were not sufficiently sharp to 
read M, values closer than 15 °F, even with the expanded scale em- 
ployed. It was also observed that the breaks became progressively 
less prominent with increasing austenitizing temperatures, the sig- 
nificance of which is discussed in the next section. Qualitatively, 
however, the trends toward increased M, with increased austenitizing 
temperature (and, therefore, increased grain size) and the insensi- 
tivity of the M, to cooling rate were confirmed. Thermal analysis 
cooling curves for Steel M-182 are presented in Fig. 13. The four 
curves in the upper portion of this figure show the effect of austen- 
itizing temperature on the M, and the four curves in the lower portion 
show the similar effect obtained when the variable of austenitizing 
temperature (with resulting grain size) is separated from the quench- 
ing temperature by a slow cool to 1475 °F (800°C) before quench- 
ing. Qualitatively similar results were obtained with Steel M-179. 


THE RATE OF FORMATION OF MARTENSITE 


The four curves shown in Fig. 14, in which the amount of tem- 
pered martensite is plotted against the transformation temperature, 
are typical of the curves from which the extrapolated M, was ob- 
tained by the quench-temper method. The slopes of these lines de- 
crease with increasing grain size and austenitizing temperature. The 
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Fig. 13—-Cooling Curves Obtained by Thermal Analysis. Breaks in curves indi- 
cate heat produced by the martensite transformation. Steel M-182. 


slopes of all curves? are plotted as a function of grain size in Fig. 15, 
and as a function of austenitizing temperature in Fig. 16. The curves 
in Fig. 15 bear a marked resemblance to the austenitizing temperature - 
grain size curves of Fig. 10 and indicate the dependence of slope on 
grain size. The lineal relationships plotted in Fig. 16 are only 
approximate and are shown more representatively in Fig. 15. These 
changes in slope indicate that the initial rate of formation of mar- 
tensite below M, decreases as the grain size increases. This occur- 
rence is probably similar to the increasing “divergence” of M, with 
increasing austenitizing temperature noted by Harris and Cohen (8), 
but the present data are plotted over smaller increments of martensite 
content and transformation temperature and therefore actually show 
a change in the slopes of the lower portions of the curves. 

Further evidence of decreased rate of formation of martensite 
with increasing grain size is presented in the cooling curves obtained 
by thermal analysis and shown in Fig. 13. The decreased sharpness 
of the thermal arrest with increasing austenitizing temperature indi- 

2The numerical values for the slopes were obtained by dividing the per cent of martens- 
ite at any point on the straight-line portion of the curve by the difference in temperature 
between the Ms and the transformation temperature corresponding to the point selected. The 


values of the slopes thus obtained indicate the per cent of martensite formed per degree 
drop in temperature below the Ms. 





1954 MARTENSITE TRANSFORMATION IN SAE 1050 1245 







Austenitized Austenitized Austenitized Austenitized 
7 min. at IGOO°F | 7min. at I750°F, | 3min. at ISOO°F, | 3min.at 2025°F, 
Quenched in Quenched in Quenched in Quenched in 
50Pb-50Bi |5OKNO3-50Na0NOo.| 50Pb-50Bi 50 Pb-50Bi 
45 Slope=0.736 Slope=0.547 Slope=0.367 Slope=0.228 
2 40- \ 
© 35 
¢ 30 
= 
8 25 
me 
gy 
= 15 
a 
E 10 
bk 
3 
O * 








520| 560 | 600 | 540]! 580] 520] 560] 600 | 540 | 580 | 620 
540 580 520 560 600 540 580 520 560 600 


Transformation Temperature °F 


Fig. 14—Typical Plots of the Amount of Martensite Formed as a Function of 
the Transformation Temperature. The slopes decrease as the austenitizing tempera 
ture increases. Steel M-179. 


cates that less martensite (with smaller resulting heat of transfor- 
mation) was formed below M, per degree of drop in temperature. 

A quasi-quantitative mechanism to explain this phenomenon is 
as follows: Assuming an ideal case where formation of a martensite 
plate of insignificant volume can be said to compartment effectively 
the austenite grain in which it forms into two grains each having a 
volume one-half the original volume, the temperature at which addi- 
tional martensite will be formed can be predicted from a grain size — 
M, curve similar to those of Fig. 12. The first plate will form when 
the temperature reaches that of the M, corresponding to that of the 
original grain size. To form an additional plate in each of the 
bisected grains (one-half the original volume) requires a drop to the 
temperature equal to the M, of a grain of the next larger grain size 
number (next smaller grain size). This can be continued over the 
entire range of the curve. When the specimen has small grains 
initially, a high rate of martensite formation should occur. From 
this explanation it also may be anticipated that the slopes of the 
tempered martensite-transformation temperature curves of large- 
grained specimens would increase as the effective grain size becomes 
reduced by martensite formation. This tendency was observed in 
some instances, as is shown by the dashed portion of the curves in 
Fig. 14, but a complete evaluation of the curves in the higher mar- 
tensite ranges was beyond the limits of this investigation. Actually, 
this ideal situation must be modified to satisfy the volume changes 








1246 TRANSACTIONS OF THE ASM Vol. 46 


700 Average Slopes at Indicated 
Austenitizing Temperature 
© 1475°F vy |900°F 

9 200 A 1600 © 2025 
= 100 o 1750 @ 2150 


Grains per in? at 





0.70 0.60 0.50 0.40 0.30 0.20 
Slope 


Fig. 15—-The Effect of Austenite Grain Size on the Slopes of Tempered Mat 
tensite — Transformation Temperature Curves. 


in austenite caused by the presence of martensite, the changes in the 
energies that result from martensite formation, and the fact that not 
all austenite grains are exactly the same size initially. 


APPLICATION TO CURRENT [THEORIES 


Two theories currently advanced to explain the nature of the 
martensite formation are the nucleation and shear theory advanced 
by Cohen (10), and the nucleation and growth theory advanced by 
Fisher, Hollomon and Turnbull (14). The nucleation and shear 
theory proposes that shears propagate from nuclei in the austenite 
but that these nuclei do not become active until the driving force for 
the transformation (supplied by decreasing temperature) is suff- 
ciently high to overcome the resistance to the shearing process. The 
nucleatien and growth theory states that carbon-free austenite regions 
act as embryos which become activated to martensite nuclei (reach a 
critical size) as the temperature is reduced; martensite then forms 
by growth from the nuclei. 

Actual proof of either theory by experimental procedures is ex- 
tremely difficult because both theories can explain many of the ob- 
served experimental phenomena and both theories are similar in some 
respects. In addition, there are experimental factors that are so com- 
pletely interrelated that they cannot be isolated sufficiently to evaluate 
individually. An example is grain size and number of embryos. Both 
theories have provision for increase of M, with increase in grain size, 
a factor largely dependent on the maximum austenitizing temperature 
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Fig. 16—The Effect of Austenitizing Temperature on the Slopes of Tempered 
Martensite — Transformation Temperature Curves. The solid lines indicate the approx!- 


mate linear relationship of the average slopes. 


The dashed curves are drawn through 
the actual average slope values. 


to which steels are heated. At the same time the number of embryos 
can be expected to vary with the austenitizing temperature used. If 
the embryos increase in number as grain size increases, the effect 
would be to raise the M, and to increase the rate of formation of 
martensite below the M,. On the other hand, if embryos decrease 
in number as grain size increases, the tendency of the larger grain 
size to increase M, would be somewhat offset by the reduction in the 
number of embryos, and the rate of formation of martensite below M, 
would be decreased. In the data presented in this paper the rise in 
M, with increasing austenitizing temperature could be correlated 
directly with grain size and any effect of the number of embryos 
could not be isolated. The increase in holding time from 3 to 7 
minutes should have decreased the number of carbon-free austenite 
regions and thereby lowered the M,; no such lowering was observed. 

The decreased rate of formation of martensite with increased 
austenitizing temperature (and grain size) which was observed agrees 
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more nearly with the nucleation and growth theory, since a change 
in number of embryos should change the rate of formation of mar- 
tensite. Cohen (10) has indicated that the rate of formation of 
martensite in any one steel is the same, regardless of austenitizing 
temperature. Fisher (32) states that if fewer embryos are present 
as the result of higher austenitizing temperatures, less martensite 
will form, i.e., the rate of formation of martensite will be slower, 
even if the quenching temperature is lower than the austenitizing 
temperature. As with the Mg, the data presented in this paper show 
that the rate of formation of martensite below M, is a function of 
grain size and any possible effects of the number of embryos could 
not be isolated. 

Normally a nucleation and growth process is favored by small 
grain size, and its product requires time to grow. Therefore, it 
might be expected that in this type of process fine grain size would 
increase M,, and that the martensite transformation could be sup- 
pressed by rapid cooling. Under the conditions of this investigation 
M, was decreased by fine grain size and it could not be suppressed 
by the faster cooling rates. Both of these findings tend to support 
the nucleation and shear theory. 


SUMMARY AND CONCLUSIONS 


1. The effects of austenitizing temperature, austenite grain size, 


and rate of cooling on the M, temperature of two SAE 1050 steels, 
one with controlled and the other with noncontrolled grain size, have 
been studied. With the use of two entirely different procedures, 
quench-temper and thermal analysis, the M, was found by both 
methods to increase with increasing austenitizing temperature, and 
was shown to be dependent on austenite grain size. The M, of both 
steels increased from a value of about 580°F (305°C) when aus- 
tenitized at 1475 °F (800°C) (resulting ASTM grain size No. 8) 
to about 620 °F (325°C) when austenitized at 2150 °F (1175 °C). 
At this temperature the noncontrolled steel (M-179) had an ASTM 
grain size No. 2 and the controlled steel (M-182) an ASTM grain 
size No. 3. Changes in cooling rates had no effect on the Mg. 

2. The initial rate of formation of martensite below the M, 
temperature decreased as the M, temperature increased and this rate 
of formation can be determined approximately from the curves of 
austenitizing temperature versus grain size. Though not fully ex- 
plored, there was some indication that the steels so austenitized as 
to have a high M, (and, therefore, a low rate of formation of mar- 
tensite below this temperature) had a high rate of formation of 
martensite after appreciable amounts of this constituent had formed. 
This phenomenon is explained on the basis of decreased austenite 
grain size resulting from the partitioning of the coarser grains by 
the martensite plates first formed. 
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3. The data presented are compatible to both theories of mar- 
tensite formation—nucleation and shear and nucleation and growth— 
in some respects, but do not support the nucleation and growth theory 
as it relates to the effect of grain size on M, and suppressibility of M, 
with cooling rate. 
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DISCUSSION 


Written Discussion: By Eric R. Morgan, supervisor, physical metal- 
lurgy, Metallurgical Department, Ford Motor Co., Dearborn, Mich. 

The data presented by the authors are an interesting contribution to 
a controversial and voluminous subject. 

It is regrettable that the impressive array of reference material given 
in Table I does not have adequate qualification. To those who are not 
fully conversant with the subject, it must appear that there is considerable 
discrepancy between the results of previous workers. In fact, almost all 
of the apparent anomalies evident in this tabulated data have been simply 
and logically accounted for by the original workers. To remove these 
results from their original context and to leave the explanations only 
partly stated is to introduce confusion to a subject which has been well 
clarified since Cohen’s 1948 Campbell Memorial Lecture. 

In the present work, careful consideration has been given to experi- 
mental techniques. However, caution is necessary in the acceptance of 
results obtained by means of even such a well-established technique as 
that developed by Greninger and Troiano. While 11 seconds at 330°C 
(625 °F) has been shown to be within the incubation period for bainite 
formation from virgin austenite, it is not necessarily true that the same 
time period at 330°C (625 °F) can avoid the formation of bainite in a 
sample composed of austenite and martensite. This writer has observed 
that in many steels transformation to bainite is markedly accelerated by 
the presence of martensite within the austenite. Bainite is preferentially 
nucleated at the austenite-martensite interface. This bainite, which is 
dark etching and forms during the tempering cycle, is not readily distin- 
guishable from the tempered martensite and thus the amount of dark- 
etching constituent observed may not be truly representative of the mar- 
a 
valid method of establishing M., its validity is questionable in the estab- 
lishment of martensite transformation progress curves in 
hardenability such as SAE 1050. 


tensite content. While the quench-temper technique is undoubtedly 


steels of low 
Experience has also shown that after 
the rapid initial formation of bainite at the austenite-martensite interface 
during the tempering cycle, the remaining austenite exhibits normal iso- 
thermal transformation characteristics. Although the authors have shown 
that holding from 6 to 10 seconds at the tempering temperature does not 
result in an increase of the amount of dark-etching constituent, this does 
not preclude the presence of bainite in the dark-etching constituent. This 
test is not therefore a sufficient criterion. 

It is significant that two of the transformation progress curves in Fig. 
14 show a sharp increase in slope with increasing temperature interval 
below M,. This anomalous increase has an explanation in terms of the 
above phenomenon. As the martensitic transformation progresses, the 
martensite plates will become progressively smaller and thus the ratio of 
the martensite-austenite interfacial area to martensite volume will increase 
rapidly as the martensitic transformation progresses. If, as suggested, 
bainite is indeed nucleated at this interface during the tempering cycle, 
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there will be an anomalously large amount of dark-etching constituent 
observed in the samples. 

The authors state that a “grain size count was impractical due to 
appreciable grain size variation in samples austenitized in the range 870 
to 980°C (1600 to 1800°F)”. If M, and the progress of the martensitic 
transformation are, as the authors propose, a measurable function of grain 
size, should there not have been a noticeable heterogeneity of transforma- 
tion in all samples containing small amounts of tempered martensite? 
Such heterogeneity is not evident in the photomicrographs of Figs. 4 and 
5, and was not commented upon in the paper. 

It is natural that if the relationship between austenitizing temperature 
and M, is linear, the curves of grain size versus austenitizing temperature, 
and grain size versus Msg, should be similar. This is not, however, a proof 
that M, is affected by grain size per se. The increase in M, with increas- 
ing austenitizing temperature is dependent upon some change occurring 
in the steel as a result of the high temperature treatment. What pro- 
duces that change has not been established and it has been shown that 
steels of apparently the same composition do not yield identical charac- 
teristics with respect to the martensitic transformation. If the detailed 
kinetics of the martensitic transformation are to be unequivocally estab- 
lished, it is probable that greater attention must be paid to the presence 
of small amounts of impurities in the steels examined. In general, the 
most simply explained results of previous workers have been established 
by use of high purity vacuum-melted materials. 


Authors’ Reply 


The authors are appreciative of the thoughtful discussion submitted 
by Dr. Morgan. 

It is indeed regrettable that the reference material given in Table I 
does not, as he expresses it, have adequate qualification. The manuscript, 
as originally submitted, contained discussion in some detail of each of the 
references listed in the table, but at the request of the Publications Com- 
mittee of ASM these discussions were removed. Even though some of the 
anomalies may be ascribed to the variations mentioned in the second para- 
graph of the paper, many discrepancies exist that most assuredly have not 
been simply and logically accounted for by the original workers. 

The authors disclaim any ability to distinguish metallographically be- 
tween tempered martensite and bainite formed in these steels below Ms. 
In the absence of a suitable direct method of distinction, reliance had to 
be placed on a series of critical experiments (only one of which was de- 
scribed in the paper) which led to the conclusion that no bainite could 
have formed during the tempering cycle used. One such test was as 
follows: Four specimens were austenitized at and quenched to a temper- 
ature slightly below M, for different time intervals. The intervals were 
2, 3, 6, and 10 seconds, followed immediately by tempers of 9, 8, 5, and 1 
seconds, respectively, so as to give each specimen a complete quench- 
temper cycle period of 11 seconds. The specimens quenched for 3, 6, and 
10 seconds contained equivalent amounts of dark constituent; the one 
quenched for 2 seconds had less. The possibility that bainite formed in 
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the interval between 2 and 3 seconds and then ceased to form was con- 
sidered, but was discarded when it was definitely shown that the specimen 
quenched for 2 seconds did not quite reach the temperature of the bath. 
This test also indicated that the steel quenched for 10 seconds did not 
have time to attain the exact temperature of the temper bath in 1 second 
and yet it had as much dark constituent as two other specimens in the 
group. It is the authors’ opinion that this and other tests invalidate Dr. 
Morgan’s assumption that, in these steels, bainite formed at the tempering 
temperature in the presence of martensite. 

Dr. Morgan attributes the change in slope of two of the curves in Fig. 
14 to the phenomenon of interrupted bainite formation, rather than to the 
grain size effect as explained by the authors. He does not explain, how- 
ever, why the other two curves in this figure show a linear relationship 
between tempered martensite and M, to much higher values of transfor- 
mation product. Obviously, if martensite accelerated the formation of 
bainite in the steels quenched from 1900 and 2025°F (1040 and 1105 °C), 
it should have a similar effect in the steels quenched from 1600 and 1750 
°F (870 and 955 °C). 

The question as to whether there should be a heterogeneity of mar- 
tensite formation in the steels having mixed grain sizes is very pertinent. 
Many of the specimens were examined to ascertain whether martensite 
formed first in the larger grains and an indication of this trend actually 
was observed. The austenitizing temperatures of 1600 and 1750°F (870 
and 955 °C) used in the investigation were at the extremities of the mixed 
grain size range of Steel M-182. At these extremities the mixed character 
was at a minimum. Moreover. even in steels of mixed grain size (see 
Fig. 9c) the distribution of the larger grains was fairly uniform so that 
with only a small amount of dark constituent present in the large grains 
it would also appear uniformly distributed. After the initial formation of 
martensite in the larger grains, the effective grain size governing further 
formation was essentially uniform and consequently further martensite 
formation also appeared uniform. 

The authors concur with Dr. Morgan in his statement that if the 
kinetics of the martensite transformation are to be understood, greater 
attention must be paid to the presence of small amounts of impurities. In 
recognition of this, the authors are now making a study of the austenite- 
to-martensite transformation in high purity iron-carbon alloys with 0.50% 
carbon, the same carbon content as contained in the two steels reported 
in this paper. This alloy has grain size characteristics far different than 
normally experienced in steels. The preliminary results have confirmed 
those obtained on the two steels in that changes in M, temperatures with 
austenitizing conditions depend primarily upon the austenitic grain size, 
not on the austenitizing temperature. 





THE EFFECT OF INCLUSIONS ON THE FATIGUE 
STRENGTH OF SAE 4340 STEELS 


By J. T. RANsom 


Abstract 


In forgings made from two commercial heats of SAE 
4340 steel, it was found that fatigue cracks initiated at 
elongated nonmetallic inclusions, both in bending fatigue 
specimens taken transverse to the forging direction and 
in torsion fatigue specimens taken in any direction in the 
forgings. The bending fatigue limit obtained with the 
transverse specimens was considerably lower than that 
obtained with longitudinal specimens in these forgings. 
A forging of similar analysis made from a heat of vacuum- 
melted steel was essentially inclusion-free, the few tnclu- 
sions present being extremely small and spherical. The 
bending fatigue limit obtained with transverse specimens 
from the inclusion-free forging was 50% higher than that 
obtained from the commercial steel forgings and ap- 
proached the bending fatigue limit obtained with longi- 
tudinal specimens. It is concluded that nonmetallic inclu- 
sions are a@ major source of fatigue weakness in many 
forged machine elements and that ste elmaking research 
aimed at eliminating inclusions or minimizing their effects 
is justified. 


i HAS been emphasized recently (1)' that the service life of 
m 


any forged machine parts and ordnance items depends upon the 
fatigue limit measured in a direction transverse to the fiber of the 
forging and that the limit in this direction may be considerably lower 
than the fatigue limit measured parallel to the fiber. It has been 
speculated that the elongation of nonmetallic inclusions during the 
forging operation is responsible for the lower fatigue properties in 
the transverse direction. The first part of this paper will give direct 
evidence that nonmetallic inclusions nucleate the fatigue cracks i 
transverse bend specimens and most torsion specimens of any orien- 
tation, while the second part of the paper will show that the virtual 
elimination of nonmetallic inclusions results in a large increase in the 


transverse fatigue limit so that it approaches the longitudinal fatigue 
limit. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, J. T. Ransom, is research 
project engineer, Materials of Construction, Engineering Research Laboratory, 


E. I. duPont de Nemours & Co., Wilmington, Del. Manuscript received April 
23, 1953. 
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ANISOTROPY AND THE ORIGIN OF FATIGUE CRACKS 
IN COMMERCIAL STEEL 


In the course of studying the effect of anisotropy in the steel on 
fatigue behavior of specimens tested under combined stresses, two 
different steels of nominal SAE 4340 variety were studied. Bending 
and torsion fatigue specimens were cut with the long axis of the 
specimens at various angles to the forging direction. When tested 
in repeated bending, a large anisotropy in bending fatigue strength 
was found in both steels, and it was observed that essentially all of 
the torsion specimens and the transverse bend specimens which failed 
did so by cracks originating at the inclusions. 


MATERIALS AND TESTING 


The analyses of the two commercial steels labeled A and B are 
contained in Table I. Steel A was melted by basic electric furnace 
practice, poured into a 17-inch mold, and reduced by forging to 5-inch 


Table I 
Analyses of Steels (Per Cent by Weight) 


Commercial Steels 


B Vacuum- Melted 
Carbon 0.36 0.417 0.39 
Manganese 0.62 0.74 0.69 
Silicon 0.30 0.259 0.37 
Nickel 1.82 1.77 1.78 
Chromium 0.96 0.88 0.97 
Molybdenum 0.37 0.27 0.31 
Vanadium 0.11 0.13 
Phosphorus 0.012 0.022 nil 
Sulphur 0.014 0.017 nil 
Nitrogen 5.6 xX 107-5 o> om 
Oxygen 5.6 xX 10-3 1.8 x 107% 


diameter bars—a forging reduction of about 10 to 1. The bars were 
quenched and tempered to produce a uniform hardness of Rockwell 
C-28 across the section, and metallographic examination indicated 
the steel to be of normal cleanliness quality for this type of product 
with an SAE inclusion rating of 0-O-A. Specimen blanks for bend- 
ing and torsion fatigue tests were sawed with the long axis of the 
blanks at 0, 45, and 90 degrees to the forging direction. All blanks 
were located in the forged bar so that the test sections of the finished 
specimens would be approximately 1 inch radially from the center 
of the bar. The finished dimensions of the fatigue specimens are 
given in Fig. 1 (A, B, and C). Both full-size and half-size bend 
specimens were tested in the transverse direction of Steel A. The 
full-size specimens were used in the first work and the half-size 
specimens tested later when it became desirable to make a direct 
comparison with the transverse specimens of other steels in which 
the bar size was so small as to allow only the half-size specimen. 
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Fig. 1—Fatigue Specimen Designs Used in This Investigation. 


After finish polishing with 3/0 emery, the specimens were stress- 
relieved at 1200 °F (650°C) for 1 hour in an atmosphere of disso- 
ciated ammonia, cooled at 100 °F per hour or less and lightly re- 
polished with 3/0 emery to clean up the surface just prior to testing. 

Steel B was purchased as “aircraft-quality” SAE 4340 forged 
bars 2 inches in diameter. The bars were heat treated by quenching 
in oil and tempering, resulting in a uniform hardness of Rockwell 
C-27. Metallographic examination and transverse tensile tests indi- 
cate that Steel B is probably of slightly higher transverse quality 
than Steel A. Only longitudinal and transverse bend fatigue speci- 
mens of the type in Fig. 1C and 45-degree torsion fatigue specimens 
of the type in Fig. 1A were tested in Steel B. These were sawed so 
that the test sections of the specimens were located about 3 inch 
radially from the center of the bars, thus giving the same relative 
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radial position as the specimens cut from the 5-inch diameter bars 
of Steel A. The specimens were polished and stress-relieved in the 
same manner as those from Steel A. 

All specimens were tested in Sonntag SF-01-U machines with 
stress cycles repeated from zero to a maximum stress in one direction 
only. Stresses were computed on the basis of the elastic theory. 
The fatigue limits were determined by the staircase statistical pro- 
cedure (2), using approximately 50 specimens for each determination 
in Steel A and about 25 specimens for each in Steel B. Those speci- 
mens which failed were not permitted to run until they completely 
separated into two pieces. A sensitive microswitch arrangement 
stopped the test when the fatigue cracks were still microscopic in size. 
This was done to permit the location of the origin of the fatigue crack 
to be determined. 


RESULTS 


The results of the repeated bending tests are given in Table II. 
The transverse fatigue limit is only 52% of the longitudinal fatigue 
limit for Steel A and 68% for Steel B. 


Table II 
Fatigue Limits in Repeated Bending 


———— Steel A Steel B Vacuum Steel 
Specimen Size Full Half Half Half 
Hardness, Re 28 28 27 29 
Longitudinal Fatigue Limit, psi 128,000 116,000 139,000 
Transverse Fatigue Limit, psi 67,000 83,000 79 ,000 120,000 
. Trans. - 
Ratio ———— 0.52 . 0.68 0.86 
Long. 


A clue to the reason for this anisotropy of fatigue limits was 
provided by the examination of the failed specimens. Several exam- 
ples of the results of this examination are shown in Figs. 2 to 6. 
Fig. 2 shows the failure in a transverse bend specimen of Steel A. 
The crack extends about 0.002 inch from either side of an inclusion 
which itself is only 0.002 inch in length. All transverse bend speci- 
mens of Steel A failed from a crack which started at an inclusion. 
Fig. 3 shows the failure of a 45-degree torsion specimen taken from 
Steel A (the polishing scratches are in a direction parallel to the long 
axis of the specimen). The shear stresses in this specimen were 
applied so as to induce principal tensile stresses at right angles to the 
long axis of the inclusions; the crack emanates from an inclusion. 
However, it is not necessary to have tensile principal stresses normal 
to the inclusion, as shown in Fig. 4. This shows the failure in a 
longitudinal torsion specimen of Steel A (the polishing scratches are 
in a direction parallel to the long axis and also in the circumferential 
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3 . Las , 


Fig. 2—-Fatigue Crack in Transverse Bend Fatigue Specimen 
Steel A. 250. 


Fig. 3—Fatigue Crack in a 45-Degree Torsion Fatigue Speci- 
men Steel A. xX 500. 


direction of the specimen). In this case, the inclusion is elongated 
in a direction parallel to a direction of maximum shear stress and, 
again, the fatigue crack was nucleated by the inclusion. Similar 
results occurred in transverse torsion specimens where, at two points 
around the circumference, the inclusions are elongated in the circum- 
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: s. ‘ rack in a Longitudin; ms ae 
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ferential direction of the specimen. This direction also lies in a plane 
of maximum shear stress, and in these cases also the crack originates 
along the inclusions. In a similar manner, nearly all itinet eniahe 
in Steel B could be traced to inclusions. Fig. 5 shows the diane in 
a transverse bend specimen of Steel B. Fig. 6 (a, b, and c) shows 
the progress of a crack in a 45-degree torsion specimen of Steel B. 
In Fig. 6a, taken after only 5000 cycles, a very short crack js just 
barely visible emanating from the inclusion which is about 0.02 inch 
long. After photographing, the specimen was returned to the test, 
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Fig. 5—Fatigue Crack in a Transverse Bend Fatigue Speci- 
men Steel B. x 300. 


and restudied at intervals after additional cycling. Fig. 6b shows the 
same area after 10,000 cycles and the crack is now plainly evident. 
At 90,000 cycles, Fig. 6c, the test was discontinued with the crack 
still only 0.02 inch in length. The displacement of the polishing 
scratches as they cross the crack indicates that the principal tensile 
stresses across the inclusion resulted in a tensile-type failure in this 
torsion specimen’. 


FATIGUE LIMIT OF A STEEL ESSENTIALLY FREE OF INCLUSIONS 


The evidence is clear that in the steels which were reported in 
Section I, fatigue failures were initiated by inclusions whenever the 
long axis of the inclusion was parallel to a direction of maximum 
shear stress or perpendicular to a direction of principal tensile stress. 
The origin of failures in longitudinal bend specimens could not be 
traced to inclusions. Further evidence to confirm these observations 
on other steels would be desirable, of course. However, on the basis 
of this evidence of inclusions acting as sources of weakness in trans- 
verse specimens, it was reasonable to wonder whether the anisotropy 
of fatigue strength in bending might be eliminated by eliminating the 
inclusions. The stress-concentrating effect of an elongated inclusion 
should be high for stresses perpendicular to its length but practically 
nil for stresses parallel to its length. The elimination of the inclusions 
should therefore have little effect on the longitudinal fatigue strength 
but should raise the transverse fatigue limit to the longitudinal. The 
results of investigating this hypothesis are given in this section. 


2Other evidence on the mechanism of failure in fatigue will form the basis of a later 
paper on the relation of anisotropy and fatigue strength under combined stresses. 
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Fig. 6—Progress of a Crack in a 45-Degree Torsion Specimen Steel B. (a) 
After 5000 cycles. xX 750; (b) After 10,000 cycles. x 750; (c) After 90,000 cycles, 


x 75. 


MATERIAL AND TESTING 


A nearly inclusion-free steel was produced by vacuum melting 
techniques to an analysis very similar to that of the commercial 
Steel A with the exception of gases, sulphur, and phosphorus. Its 
analysis is included in Table I. Electrolytic iron, electrolytic man- 
ganese, electrolytic chromium, electrolytic nickel, ferrosilicon, ferro- 
vanadium, molybdenum lumps, and graphite were used as melting 
stock. Melting was done in a Lava magnesia crucible with the fur- 
nace outgassed to 12 microns; pouring followed under an atmosphere 
of argon at a pressure of 50 mm., using a 6-inch cast iron mold coated 
with colloidal graphite and zirconia. The single ingot produced 177 
pounds of sound metal which was forged into three bars, each 2% 
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inches in diameter by 40 inches in length, approximately the 10-to-1 
forging reduction of commercial Steel A. Metallographic exami- 
nation of the forged bars showed only the most minute spherical 
inclusions. 

Longitudinal and transverse repeated bending fatigue specimens 
like that in Fig. lc were tested. Bars for these specimens were heat 
treated by normalizing for 2% hours at 1750°F, reheating for 2 
hours at 1550 °F, oil quenching, tempering for 2 hours at 1220 to 
1240 °F ., furnace cooling, and retempering for 2 hours at 1230 to 
1250 °F. The cooling rate from both tempering treatments was 100 

I’ per hour or less. This treatment resulted in a structure of tem- 
pered martensite of an average hardness of Rockwell C-29. The test 
sections of the specimens were located approximately 34 inch radially 
from the center of the bar to give a position with respect to the center 
of the original ingot comparable to that used in the two commercial 
steels. Specimens were machined, polished, and stress-relieved and 
tested in the same way as those from the commercial steels. 


RESULTS 


The fatigue limits obtained from the vacuum-melted steel are 
included in Table Il, where they may be compared with those of the 
commercial steels. The transverse fatigue limit (half-size specimens ) 
has been raised from about 80,000 psi in the commercial steels to 
120,000 psi, an increase of the order of 50%. The slightly higher 
hardness of the vacuum-melted steel can account for only a negligible 
amount of this increase. The ratio of the transverse to longitudinal 
endurance limits approaches unity. The cracks, of course, were not 
nucleated by inclusions. The fact that some anisotropy in fatigue 
strength still remains seems to indicate that inclusions are not the 
only cause of anisotropy. This vacuum-melted steel showed a rather 
pronounced banded structure when in the normalized condition, and 
this heterogeneity may have contributed to the anisotropy. Finally, 
from Table II, the longitudinal endurance limit of the vacuum-melted 
steel was slightly higher than that of the commercial steels. How- 
ever, since inclusions are not the nucleus of failures in longitudinal 
bend specimens of commercial steels, this was probably only the result 
of the smaller specimen size used for the vacuum-melted steel and 
not due to elimination of nonmetallic inclusions. It is possible that 
the vanadium in Steel A and the vacuum-melted steel was responsible 
for these steels having higher longitudinal fatigue limits than Steel B. 

Since the nucleus of failure in the specimens of vacuum-melted 
steel could not be located at an inclusion, the specimens were studied 
for other sources of weakness. When the transverse specimens were 
tested at stress levels near but above the mean fatigue limit, markings 
resembling strain lines or Liiders’ lines sometimes appeared in the 
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direction of this forging fiber in the specimen, i.e., in a direction across 
the specimen. These strain markings sometimes seemed to develop 
into fatigue cracks, thus giving additional weight to the possibility 
that the banded structure may be responsible for some of the anisot- 
ropy. However, some specimens developed these strain markings 
without leading to failure. 


CONCLUSIONS 


It is concluded that the transverse fatigue limit of forgings made 
by conventional steelmaking practice is less than the longitudinal 
fatigue limit largely because of the presence of elongated inclusions. 
The increase of the transverse fatigue limit obtained in these experi- 
ments by elimination of all inclusions of measurable size is large 
enough to provide justification for steelmaking research aimed at 
obtaining similar improvements in the transverse properties of com- 
mercial steels. 

It is recognized that complete elimination of inclusions on a 
commercial scale is impractical at the present time and may not be 
possible at all. However, it would seem plausible that a change of the 
shape and possibly of the type of inclusions might yield improvements 
approaching those obtained by elimination of inclusions entirely. For 
example, spherical inclusions of small size, uniformly dispersed, should 
not have as deleterious effects on the transverse fatigue properties as 
do the larger and elongated types. 

Research of this type should lead to practical commercial devel- 
opments. The research on inclusion-free steels, as reported here, can 
serve as a yardstick against which to compare the improvements re- 
sulting from such developments. The yardstick indicates that very 
substantial improvements in the fatigue properties may result. Sim- 
ilar improvements in other properties may be expected. 
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DISCUSSION 


Written Discussion: By R. E. Peterson, manager, Mechanics Depart- 
ment, Westinghouse Electric Corp., Research Laboratories, E. Pittsburgh. 

This investigation is a good example of the usefulness of the “stair- 
case method” when one is interested in a ratio of limiting conditions. 
Incidentally, it would seem that the standard deviation values are of 
sufficient interest to warrant including in Table II. 
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It should be noted that the tests are of zero-to-maximum type and 
are therefore not strictly comparable with the existing data on transverse/ 
longitudinal ratios for completely reversed tests. In general, a larger effect 
would be expected for the completely reversed case. 

It is also to be expected that the “transverse effect” would be less 
for softer materials and greater for harder materials. An assembly of 
data®*”® as shown in Fig. 7 gives a rough idea of the wide range of trans- 
verse limits, depending probably mainly on the shape, size and distribu- 
tion of the inclusions. Dr. Ransom’s results are shown by ratio and, as 
mentioned above, may be somewhat high in relation to the other points. 
In this connection it is interesting to note the low point (ratio 0.52), and 
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furthermore to realize that the material was of normal cleanliness quality. 

Dr. Ransom’s results will be of considerable interest to designers, 
since it is not always possible to have the forging “flow lines” in the most 
favorable direction from a stress standpoint at all locations. 
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Written Discussion: By J. W. Spretnak, associate professor, The 
Ohio State University, Columbus, Ohio. 

The effect of nonmetallic inclusions on the mechanical behavior of 
steels has long been discussed by metallurgists, but until recent years 
little has been done to quantitatively ascertain its significance. Such 
quantitative data have evolved from the study of anisotropy of wrought 
steels conducted at the Carnegie Institute of Technology and in related 
researches in other laboratories, such as Mr. Ransom’s studies. 

Of particular interest in the current research is the close correspond- 
ence of the anisotropy of reduction of area and fatigue strength. Wells 
and Mehl” have demonstrated the potent effect on transverse ductility 
of hard, stringer-type inclusions. As in fatigue, they have no particular 
effect on longitudinal ductility. Since the flow stress is isotropic in wrought 
steels, the reduction of area is also a measure of the fracture stress. Thus. 
the fatigue limits appear to be related to the fracture stress in the direc- 
tion tested. The lower the fracture stress, the less ductility to be ex 
hausted before the incipient fatigue fracture occurs. 

The studies on vacuum-melted steels are significant. In these steels, 
the inclusion-forming elements phosphorus, sulphur, nitrogen, and oxygen 


are at such low level as to essentially eliminate the effect of inclusions on 


the fatigue limit. The fatigue ratio is raised from 0.68 to 0.86, or an 
increase of about 60%. Thus about 40% of the reduction in transverse 
fatigue must be attributed to other causes. The writer, in discussing 


Welchner and Hildorf’s work” on effect of inclusion content on transverse 
ductility, statistically determined the correlation coefficient relating trans 
verse ductility with content of alumina and silicate-type inclusions. For 
the “75-mm heats” r.= —0O.8. As in fatigue, about 36% of the variation in 
transverse ductility (and accordingly, fracture stress) must be assigned to 
causes other than inclusions. The other principal cause usually consid- 
ered is the pattern of microsegregation as it occurs in transverse test 
specimens. 

Written Discussion: By W. A. Backofen, assistant professor of metal 
lurgy, and D. S. Fields, Jr., research assistant, Metals Processing Labora 
tory, Massachusetts Institute of Technology, Cambridge, Mass. 

The author is to be congratulated upon the presentation of a paper 
which clearly identifies the role which nonmetallic inclusions in steel play 
as points for crack nucleation during transverse bending and torsional 
fatigue tests. That an inclusion-free SAE 4340 steel possesses a trans- 
verse bending fatigue limit 50% higher than that of commercial quality 
SAE 4340 indeed indicates the means for obtaining improved transverse 
fatigue properties in this type of steel. 

[It is interesting to note, however, that the inclusion-free, vacuum 
melted steel still is anisotropic in its fatigue strength, possessing a trans- 
verse limit 86% of that in the longitudinal direction. This indicates that 


_ C. Wells and R. F. Mehl, “Transverse Mechanical Properties in Heat Treated 
Wrought Steel Products’, Transactions, American Society for Metals, Vol. 41, 1949, 
FES. 


UJohn Welchner and Walter G. Hildorf, ““Relationship of Inclusion Content and Trans 
verse Ductility of a Chromium-Nickel-Molybdenum Gun Steel’, Transactions, 


ayy U American 
Society for Metals, Vol. 42, 1950, p. 455. 


See also discussion on page 478. 
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parallel to the forging direction of the material there must be some other 


fibrous structure which provides planes of weakness. 


The banding, described by Dr. Ransom, could account, to some extent 
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at least, for the anisotropy in vacuum-melted steel; however, tests we 
have recently performed indicate that a fine-scale, fibrous structure does 
exist in SAE 4340 steels, as well as in most other commercial metals and 
alloys, both ferrous and nonferrous” ”. The testing procedure employed 
to determine the presence of such a structure is described elsewhere in 
this volume™. Specimens taken parallel to the rolling or forging direction 
of the material were first twisted to different amounts of shear strain in 
torsion; then they were tested in tension to determine their fracture 
characteristics: true stress at fracture, and strain-to-fracture, expressed 
as a per cent reduction in area. Any fibers, elongated inclusions, or cracks 
originally oriented parallel to the specimen axis will be rotated by twisting 
to an angle, ¢, such that 
tan @ = r@ — 

where r is the radial distance from the specimen axis, @ is the total angle 
of twist in radians, and / is the gage length of the torsion specimen axis 
over which twisting occurs; ¥ is defined as the torsional shear strain at a 
radius r from the specimen axis. Since elongated fibers and/or inclusions 
are inclined at various angles to the specimen axis in samples taken in 
different directions relative to the flow direction in thick plate or heavy 
forgings, it is obvious that the same sort of information may be derived 
from both types of test. The advantage of the torsion-tension testing 
procedure is that it may be carried out on round stock of diameters too 
small to permit ordinary tensile testing. 

As in the author’s work, we used specimens from three grades of 
SAE 4340 steel: vacuum-melted, aircraft quality, and commercial quality. 

2W. A. Backofen and B. B. Hundy, “Mechanical Anisotropy in Some Ductile Metals’, 
Journal, Institute of Metals, Vol. 81, 1953, p. 443. 


8W. A. Backofen, A. J. Shaler and B. B. Hundy, “Mechanical Anisotropy in Copper’, 
see this volume of TRANSACTIONS. 
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Fig. 9—The Effect of Angle of Test Upon the Ductility of SAE 1045 
Steel. (Reconstructed from Grobe, Wells and Mehl, with an abscissa of 
“Equivalent Shear Strain’’: y = tan ¢.) 


The vacuum-melted steel was part of the same heat used by Dr. Ransom, 
and the other two grades were from heats of the same nominal analysis. 
Prior to testing, all specimens were quenched and tempered to a hardness 
level of approximately Rockwell C-20. 

Fig. 8 shows the dependence of tensile fracture characteristics upon 
the shear strain, introduced by torsional prestraining, at the surface of 
the tension specimen. The three materials are surprisingly similar in 
their responses to prior straining, all of them undergoing transition from 
high to low ductility and fracture stress values at a shear strain of ap- 
proximately unity (corresponding to an angle @ of 45 degrees). Simul- 
taneous with this transition is a change of mode of fracture from cup- 
and-cone to failure along helical planes. It should be noted that these 
curves are quite similar in appearance to that of ductility versus angle of 
test in heavy forged bars, shown in Fig. 9. 

These data indicate that, contrary to the observations in fatigue re- 
ported by the author, elongated inclusions are not the main cause of the 
anisotropy of tensile fracture characteristics in SAE 4340 steel. If they 
were responsible, then it would be reasonable to expect the vacuum- 
melted steel to show a less pronounced transition than a commercial grade 
containing many more inclusions. Since it does not, and, if anything, 


seems more prone to transition, it appears that some finer-scale fibrous 
structure must be present. 

That these defects (logically called “micro-cracks”) are influential, 
even upon the transverse fatigue properties determined by Dr. Ransom, 
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is indicated by the fact that the ratio of transverse to longitudinal fatigue 
strength is less than unity in the inclusion-free, vacuum-melted steel. 
Therefore it seems that while marked improvement in transverse fatigue 
properties may be achieved by resorting to ultra-clean steels, the limiting 
goal of complete isotropy is not likely to be attained. 


Author’s Reply 


The purpose of presenting this work was to stimulate thought and 
perhaps experiment on the part of others. The constructive discussion 
which has been given is very gratifying in that respect. 

The interest of one with the practical experience of Mr. Peterson is 
appreciated. As he points out, the staircase procedure has been very use- 
ful in that it allows us to place a specific degree of confidence in our con- 
clusions regarding fatigue limits. However, the standard deviation values 
were not included in Table II because, with the number of specimens 
tested, the values obtained are subject to very large uncertainty. We can 
only say that the tests did not indicate any differences in standard devia- 
tions between commercial and vacuum-melted steels. I would like to clar- 
ify the point of whether the anisotropy of fatigue limits is greater for 
reversed loading or repeated loading cycles. Our work, which is quite 
limited on this point, indicates that anisotropy is greater for the cycle 
with the algebraically higher mean stress. Thus our results for repeated 
zero-to-maximum bending probably show greater anisotropy than would 
be revealed by R. R. Moore tests. 

The discussions of Professors Spretnak and Backofen and Mr. Fields 
serve to emphasize that nonmetallic inclusions are not the sole cause of 
the anisotropy in fatigue properties. Studies of the pattern of micro- 
segregation in steels would seem to offer promise of similar success. It 
should be pointed out that the tests of Professor Backofen and Mr. Fields 
reveal an anisotropy of ductility which is probably the result of the plastic 
deformation in the test itself and not necessarily an “a priori’ character- 
istic of the material. The fact that the vacuum-melted steel is no better 
and apparently actually worse than the commercial steel in the M.LT. 
tests emphasizes the role of cold deformation in producing anisotropy. Is 
this similarly true of hot deformation? If so, here is a third important 
avenue of investigation, since any forging will have an anisotropy so 
produced. 








ELEVATION OF CRITICAL TEMPERATURES IN STEEL 
BY HIGH HEATING RATES 


By W. J. FEUERSTEIN AND W. K. SMITH 


Abstract 


The Ac, and Acs critical temperatures were deter- 
mined for AISI 1020, 1042, 1080, and 4130 steels in the 
annealed condition and also for the latter steel in two 
quenched and tempered conditions at heating rates from 
30 to 2400.°F per second. The curves of critical temper- 
atures versus heating rate, plotted on semt-log coordinates, 
do not indicate a straight-line relationship in this range 
of heating rates, but rather show a change in slope of the 
curves as heating rate is increased. A small tensile stress 
raised the Ac, and Acs critical temperatures and resulted 
in plastic deformation when the specimen was heated or 
cooled through the critical temperature range. 


OCKET design has been aided by the study of heat transfer in 
R steel components such as nozzle assemblies. This study in turn 
has been aided by data obtained by a metallographic method (1)?. 
The method consists of polishing and etching sections of a nozzle 
and examining them to determine the location of changes in micro- 
structure due to heating above the Ac, critical temperature (begin- 
ning of allotropic transformation and carbon solution) and the Acs 
critical temperature (finish of allotropic transformation and carbon 
solution). Isothermal lines are then drawn on these sections, indi- 
cating the distance from the heated surface at which these tempera- 
tures are reached. 

The usefulness of this method of thermal analysis has been 
handicapped, however, by lack of information on the magnitude of 
elevation of the critical temperatures in steel by heating rates. Only 
a few data were found in the literature on this subject, and those 
were at much lower heating rates (2). In both Ref. 1 and in other 
similar work done at this station it was assumed that the elevation 
of the critical temperatures was probably no more than 20 °F above 
those established for ordinary heat treating. 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, W. J. Feuerstein is 
metallurgist and W. K. Smith is head, metallurgy section of the materials evalu- 
ation branch, United States Naval Ordnance Test Station, Inyokern, China 
Lake, Calif. Manuscript received April 9, 1953. 
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This report gives the results of critical temperature determina- 
tions on four steels at heating rates from 30 to 2400 °F per second. 
AISI 1020 and 4130 steels were selected for these tests because they 
are frequently employed in rocket nozzles. The AISI 4130 steel was 
tested in three different structural conditions in order to determine 
the effect of prior structure on the amount of elevation of the critical 
temperatures. AISI 1042 and 1080 steels in the annealed condition 
were also tested so that the effect of carbon content on the amount 
of elevation of critical temperatures could be ascertained. 

A few tests were made with specimens under small tensile 
stresses in order to observe the behavior of steel in the critical 
temperature range under these conditions. 

METHOD AND Test APPARATUS 

The general method and equipment used in the study of high- 
heating-rate strength of metals (3) was used in these tests, except 
that several improvements and modifications to the original apparatus 
were made. Fig. 1 is a schematic diagram of the test apparatus used 
for the critical temperature measurements at high heating rates. The 
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Fig. 1—Schematic Diagram of Test Apparatus. 


specimen, having a reduced test section 5 inches long, 0.200 inch wide, 
and 0.063 inch thick, was heated by means of a 600-amp d-c arc 
welder connected directly across the specimen. The welder was con- 
trolled by external relay switches connected to the field circuit. 
Temperature was measured by means of an iron-constantan ther- 
mocouple made from No. 30 gage wires. Since the voltage across 
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the specimen during a test is necessarily large, and it is virtually 
impossible to spot-weld the thermocouple wires in perfect alignment, 
a superimposed voltage is usually picked up in the thermocouple cir- 
cuit. For these high heating rates, it was found that a bead junction 
of the wires welded to the specimen resulted in serious lag in tem- 
perature measurement, due to the time required to heat the bead by 
conduction of heat from the specimen. Therefore, a special arrange- 
ment was devised to balance out the superimposed voltage. Two 
constantan wires were spot-welded to the specimen, as shown in Fig. 
1, one about ;; inch above and the other the same distance below the 
single iron wire. The two constantan wires were then connected to 
opposite ends of a 6-ohm slide wire resistor, the sliding contactor of 
which was connected to an input terminal for the X-axis (pen motion) 
on the Speedomax X-Y recorder. The iron wire was connected to 
the other input terminal. Prior to a regular test, preliminary tests 
to temperatures not exceeding 300 °F (150°C) were made to deter- 
mine the existence of sudden indicated temperature change at the 
instant of power cut-off. The position of the slide wire on the re- 
sistor was changed after each preliminary test until no sudden increase 
or decrease of temperature was indicated at power cut-off. The ther- 
mocouple circuit was then considered to be as free from superimposed 
voltage as practical with the present instrumentation. 

A special clip-on type of extensometer was built for these tests. 
It consisted of a linear variable differential transformer in a plastic 
mount. One stainless steel knife edge was rigidly fastened to the 
mount, while the other was pivoted to transmit the motion of elonga- 
tion in the 1'4-inch gage length of the test bar to an iron core sliding 
within the coil. A variable gain-type constant voltage source pro- 
vided the a-c current for the transformer primary coil. The output 
from the secondary coils was amplified, rectified, and connected to 
the input terminals of the Y-axis (chart motion) of the Speedomax 
X-Y recorder. 

The Ac, critical temperature was considered to be at that tem- 
perature where the temperature versus elongation curve first deviated 
from a smooth curve, as illustrated in Fig. 2. The Acs critical tem- 
perature was likewise considered to be at that temperature where the 
curve regained a regular slope with increasing temperature. This 
definition of the critical temperatures is at variance with that accepted 
by the Steel Standardization Group (2), which admittedly provided 
for easier location of critical temperatures by assuming that the max- 
ima and minima of the cusps are at the beginning and end of trans- 
formation. However, for the purpose of relating critical temperatures 
to microstructure, it was considered more desirable to have the critical 
points actually represent the beginning and end of transformation, 
even though more scatter of data could be expected. 
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The X-Y recorder was found satisfactory for tests up to about 
1600 °F per second, since it was designed for full-scale pen deflection 
in one second. For tests above 1600 °F per second it was necessary 
to substitute a Brush Magnetic Oscillograph for the Speedomax X-Y 
recorder. Also, in order to avoid mechanical inertia of the extensom- 
eter at the highest heating rates, these tests were made by measuring 


electrical resistivity and temperature simultaneously. These were 


Elongation —> 





Temperature —> 


Fig. 2—Method of Establishing Critical 
Temperatures. 


recorded versus time on the dual channel Brush Magnetic Oscillo- 
graph. Later these data were replotted as temperature versus re- 
sistivity, and the beginning and end of change of slope of the curve 
were considered to define the Ac; and Acg temperatures, respectively. 
This method was not used for all the tests because of the greater 
difficulty in interpreting the Acs points and the fact that the equip- 
ment with the special extensometer was already available at the start 
of the project. 

The equipment required for the measurement of resistivity was 
greatly simplified by the fact that the d-c welder automatically main- 
tains a constant current during the heating of the specimen. An iron 
wire was spot-welded slightly above and another slightly below the 
thermocouple, and the voltage across these wires during a test was 
recorded on one channel of the Brush Oscillograph simultaneously 
with temperature on the other channel. Since the voltage thus meas- 
ured was directly proportional to the resistivity of the steel, a curve 
of resistivity versus temperature could then be plotted from these data. 

When the Brush Oscillograph was used, heating rates were de- 
termined directly from the time-temperature curve. However, when 
the X-Y recorder was used, time had to be measured by other means. 
This was accomplished by a special sliding contactor device attached 
to the horizontal pen guide bar in the X-Y recorder. The pen pushed 
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a small copper rider strip along the horizontal bar. When this strip 
contacted a small fixed copper brush, a small voltage was supplied 
to a “pipper” attachment on a Brush recorder. When the full length 
of the copper rider strip passed the brush, the “pipper” instantly re- 
turned to zero position. Thus, by suitable setting of the brush, the 
time was recorded for the pen to traverse a fixed distance (equal to 
the length of the copper rider strip) on the temperature scale just 
below the anticipated Ac, critical temperature. From this informa- 
tion the heating rate was calculated. By operating the Brush re- 
corder at maximum chart speed of 125 millimeters per second, very 
great sensitivity of time measurement was achieved. 


MATERIALS 


Chemical analyses of the steels used in these tests are given in 
Table I. 


Table I 
Chemical Analyses of Test Materials 





Composition, %——_—— — —— 


Steel - Mn P Ss Si Cr Mo 
AISI 1020 0.19 0.75 0.01 0.02 <0.02 
AISI 1042 0.44 0.80 0.009 0.029 0.20 
AISI 1080 0.80 ae eS ee bees 


AISI 4130 0.31 0.40 0.011 0.024 0.35 0.93 0.20 





Test RESULTS AND DISCUSSION 


Test results are plotted on semi-log coordinates for the six ma- 
terials in Figs. 3 to 8 inclusive. Scatter of data points is attributed 
largely to two factors: (a) superimposed voltage was not completely 
eliminated and (b) the beginning and end of transformation are 
asymptotic and therefore subject to error in selection. However, the 
magnitude of the elevation of the critical temperatures due to high 
heating rate is clearly indicated. It is also obvious that these curves 
cannot be drawn as straight lines on the semi-log coordinates, as 
recommended in Ref. 2, and still approach the Ae temperatures at 
infinitely slow heating rates. 

In contrast with the Ae; and Aes temperatures of 1333 and 1555 
°F (720 and 845 °C) given in Ref. 4 and the Ac; and Acs tempera- 
tures of 1355 and 1570°F (735 and 855 °C) encountered in usual 
heat treating practice (Ref. 5), the Ac; and Acs temperatures in 
AISI 1020 steel occur at 1500 and 1820°F (815 and 990 °C), re- 
spectively, when the heating rate is 1000 °F per second. The eleva- 
tion of critical temperatures for the AISI 1020 steel at 1000 °F per 
second was considerably more than for the AISI 1042 or 1080 steel. 
The latter two steels, however, showed a similar degree of elevation 
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Fig. 4—Critical Temperatures at High Heating Rates for Annealed AISI 1042 Steel. 


of critical temperatures at 1000 °F per second. The reason for the 
greater elevation of critical temperatures in AISI 1020 steel may be 
the greater proportion of ferrite in the AISI 1020 steel which requires 
more time to dissolve. It should be noted also that the existence of 
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Fig. 6—Critical Temperatures at High Heating Rates for Annealed AISI 4130 Steel. 


both Ac; and Acs temperatures for the AISI 1080 steel reflects a 
finite time required to complete transformation, whereas under equi- 
librium conditions of infinitely slow heating these points occur at 
essentially one temperature. 
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Fig. 7—-Critical Temperatures at High Heating Rates for AISI 4130-Steel Oil 
quenched and Tempered at 1250 °F. 
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Fig. 8—Critical Temperatures at High Heating Rates for AISI 4130 Steel Oil- 
quenched and Tempered at 400 °F. 


A greater elevation of critical temperatures due to heating rate 
was shown for annealed AISI 4130 steel than for the same steel in 
the quenched and tempered condition. The elevation of critical tem- 
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peratures was less for the AISI 4130 steel tempered at 400 °F (205 
°C) than that tempered at 1250°F (675°C). The explanation for 
this is likely that the smaller carbide particle size in the former 
allowed more rapid nucleation and solution. 

Both of the methods, dilatometric and measurement of resistivity, 
gave quite rounded curves with indefinite Ac; and Acs points for the 
AISI 4130 steel oil-quenched and tempered at 400°F (205°C), 
probably accounting for the unusually great scatter of data points 
from this material. The rounding of the curves is thought to be 
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Fig. 9—Critical Temperatures of Annealed AISI 1020 Steel for Various Burning 
Times of a Rocket. 


caused by the effect of additional tempering between 400 °F (205 °C) 
and the Ac; temperature. 

It is considered significant that the test results obtained by the 
resistivity method agree reasonably well with those obtained by the 
cilatometric method. Apparently mechanical lag and nonuniformity 
of temperature in the latter method are not serious at the lower 
heating rates. 


UsE OF THE CURVES 


Since a primary reason for obtaining the data in this report was 
its application in thermal analysis of rocket nozzles, some explanation 
of how this data may be used for this purpose is in order. 

The assumption was made in Ref. 1 and also in similar work 
done at this station that all points in a section of a rocket nozzle reach 
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their maximum temperature at the instant burning is completed. 
This is probably true in that part of the section nearest the flame- 
heated surface, but is not true near the opposite cool surface. How- 
ever, the critical temperatures are expected to be exceeded at loca- 
tions nearer the flame-heated surface, and the assumption is reason- 
ably valid for this purpose. If the Ac; and Acg temperatures are 
reached at the end of the burning time of a rocket, the heating rates 
at the locations where these occur will be the Ac; and Acs tempera- 
tures divided by the burning time. 

In order to avoid a trial-and-error method of determining the 
Ac; and Acg temperatures from the curves of Figs. 3 to 8, the curves 
can be replotted as critical temperatures versus burning time, as 
shown in Fig. 9. Critical temperatures corresponding to rocket 
burning times then can be read directly from the chart. 


EFFECT OF TENSILE STRESS 


Several tests were made on the AISI 1080 steel with the spect- 
mens under a small tensile stress. The stress was selected so that no 
plastic yielding would be expected to occur until at least 300 °F 
(150°C) above the Acs temperature. <A stress of 4500 psi was 
found suitable. Results of these tests (dilatometric) compared with 
results of similar tests with specimens not under stress but at the 
same heating rate (230 to 250 °F per second) are as follows: 


Critical No Load 4500 psi 
1445 °F 1440 °F 
1380 1495 
Ac: : 1420 1485 
Avg. 1415 °F 1470 
Avg. 1470 °F 
1490 °F 1470 °F 
1430 1540 
Acs __1470— 1520 
Avg. 1465 °F 1500 


Avg. 1510 °F 


Thus it would appear that this small tensile stress elevated the 
critical temperatures by an average of roughly 50°F. Since the 
natural tendency for the steel is to contract while being heated 
through the critical temperature range, the opposing tensile force 
might be expected to delay the transformation until a higher degree 
of instability is reached. 

Another feature of the tests with specimens under tensile stress 
was the yielding or plastic deformation of the specimens on heating 
through the critical temperature range instead of the usual contraction. 
Upon cooling through the critical temperature range, the specimens 
elongated considerably more than if they were not under stress. This 
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behavior is illustrated in Fig. 10. When a test with a specimen under 
a small stress is continued above the critical temperature range, the 
elongation resumes its increase with temperature in an elastic manner 
until a temperature is reached where the steel quickly yields and 
breaks. 

In order to determine if yielding of a specimen under stress on 
heating through the critical temperature range was or was not due 
in some manner to a critical carbide particle size as the solution of 





Temperature ——> 


Fig. 10—Effect of Small Tensile Stress on Steel 
Specimen Heated and Cooled Through the Critical 
Temperature Range. 


the carbides proceeded, specimens of Armco iron were also tested 
under stress. Precisely the same behavior was noted for the Armco 
iron when tested at 2000 psi. It was therefore concluded that the 
yielding was associated with atomic mobility existing during a phase 
change, rather than a critical carbide particle size. Similar effects 
during recrystallization or spheroidization have been noted by other 
investigators in the study of creep (6). 

It is interesting to note that when the temperature rise was 
stopped in the critical temperature range, the yielding also stopped. 
Continuously cycling the temperature of one stressed specimen ot 
Armco iron within the critical range produced continuous yielding | 
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until, after more than 5% elongation, loss of temperature control 
resulted in overheating and the specimen broke. 

The phenomenon of steel yielding under small tensile stresses 
while being heated or cooled through the critical temperature range 
suggests that this may be an important source of distortion and 
dimensional change in the heat treatment of large parts with irregular 
and thin sections, or in operational parts under stress at temperatures 
within the critical temperature range. 


CONCLUSIONS 


1. Critical temperatures have been determined for three carbon 
steels and one alloy steel for a range of heating rates from 30 to 
2400 °F per second. 

2. A semi-log plot of critical temperatures versus heating rate 
is not a straight-line relationship; the slope of the curves increases 
with the heating rate. 

3. Quenched and tempered structures result in less elevation 
of critical temperatures at high heating rates than does an annealed 
pearlitic structure for a given steel. 

4. Tensile stress appears to raise the critical temperatures of 
steel at high heating rates. 

5. A small tensile stress causes plastic deformation in steel as its 
temperature is raised or lowered through the critical range. 
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DISCUSSION 


Written Discussion: By D. Niconoff, Canton Metallurgical Laboratory, 
Republic Steel Corp., Canton, Ohio. 

The authors have rendered a valuable contribution to the field of 
metallurgy by developing a unique method for the determination of the 
position of Ac: and Acs points under conditions of high rates of heating, 
and also by presenting some pertinent data which were not to be found 
in the literature. 

They also have rendered an important service by calling the attention 
of heat treaters to the generally recognized but usually overlooked fact 
that the relative position of critical points of steel is not static but, rather, 
varies as a function of heating and cooling rates, prior structure, etc. 

In routine determination of critical points for newly developed steels 
in Canton Metallurgical Laboratory, we had abandoned the time-honored 
practice of reporting the position of the peak on heating curves as the 
Ac: point, or rather we began to supplement it by giving in parentheses 
the temperature at which the heating curve first begins to deviate from 
the straight-line course. It is the latter value that approaches more or 
less the theoretical Ae: temperature by indicating the weak—but nonethe- 
less definite—tendency on the part of the carbides present in the steel to 
form solid solution with gamma iron. 

The chief significance of the customarily determined dilatometrical 
Ac: point is that at this particular temperature the rate of expansion of 
the remaining ferrite and freshly formed austenite becomes equal to the 
rate of contraction due to allotropic transformation. 

The actual value of such points is rather doubtful, because in prac- 
tical application the principal need for the accurate knowledge of the Ac: 
point arises in connection with subcritical annealing—which hardly could 
be done successfully at temperatures where austenite begins to be formed 
in substantial quantity. 

Realizing the errors connected with the determination of Ac: point 
by the conventional dilatometric method, we resorted at first to its deter- 
mination under conditions of heating at constant slow rate of 50°F per 
hour. But even this practice appeared to be inadequate and for more 
accurate values the use was made of a metallographic method. This test 
is based upon tempering, for 2 hours at closely spaced temperature inter- 
vals, a number of small specimens which had been preliminarily quenched 
in order to obtain most intimate dispersion of carbide particles. 

The treated specimens are water-quenched to preserve the structure, 
and subsequently examined microscopically for the first evidence of newly 
formed austenite, and for hardness to detect the first tendency toward 
hardening. 


The authors reported the critical-point data for several steels which 
are characterized in general by a relatively low thermal lag. It would be 
of interest, therefore, to learn if their work had been extended to any 
steels which are more sluggish in their response to thermal treatment, 
such as those containing appreciable quantities of nickel. 

In our own experience, using the maximum rate attainable with an 
average laboratory furnace (about 80°F per minute through the 1300 °F 
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range), the relative lag in the position of Ae; points was obtained for the 
hot-rolled specimens (see Table II). 

Examination of this table reveals that a relatively good agreement 
exists between the metallographic and the dilatometric values for non- 
nickel-bearing steels, even considering the critical values obtained under 
conditions of relatively rapid heating. In case of nickel-bearing steels, 
however, the agreement is less obvious unless the results were obtained 
under conditions of slow heating and the temperature of the first indica- 
tion of the transformation (given in parentheses) was reported. 


Table II 
Relative Position of Ac: Critical Temperatures as Determined by Different Methods 














t — — -——AISI Steel Types- —_ 
Method 1060 2340 3310 TS 4140 4340 9310 
r - a -Temperature, °F ————— oe 
Metallographic 1330 1220 1250 1360 1280 1240 
Dilatometric (1320) 1330 (1220) 1265 (1250) 1275 (1360) 1370 (1290) 1340 (1270) 1310 
(50 °F per hr.) 
Dilatometric (1330) 1345 (1225) 1270 (1280) 1310 (1365) 1385 (1320) 1345 (1320) 1330 
(Fast) 


Written Discussion: By N. C. Fick, director, Panel 
Minerals, Department of Defense, Washington, D. C. 

Messrs. Feuerstein and Smith are to be congratulated for their con- 
tribution to the problem of determining the effects of high temperatures 
and high heating rates on the properties of materials. The relations be- 
tween critical temperatures, temperature, time, stress and deformation are 
not well understood for materials subjected to high heating rates to rela- 
tively high temperatures for short durations of time. Much remains to 
be learned. Instrumentation for measurement of temperature and time, 
and interpretation of results have become major problems. 

The authors’ reasoning with regard to yielding or plastic deformation 
of the specimens under tensile stress when heated through the critical 
range seems to be in agreement with Professor Sauveur’s classical experi- 
ment in which he twisted a bar after providing a temperature gradient to 
show that steel is more plastic at the Acs than either above or below this 
temperature. 


on Metals and 


The presence of two transformation points in the eutectoid AISI 1080 
steel shows that we have hold of something that is quite different from 
that normally found in steel treated under heating rates that allow an 
approach to equilibrium conditions. 

Additional work is needed on materials for airplane and missile struc- 
tures subject to both aerodynamic and internal heating. Data are required 
on the properties of materials under the conditions of design and environ- 
ment encountered in these structures. In the work, emphasis should be 
placed on the effects of high temperature for short-time duration and on 
rapid rates of heating on*the properties of the structures. Work should 
also be directed toward the development of alloys with properties better 
adapted to the new conditions encountered in such structures. In 1920, 
airplanes had flown 200 miles per hour; in 1930 this had increased to 400 
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miles per hour; in 1940 the record was 500 miles per hour; and today it 
is 750 miles per hour. Rockets during the early 1940's were traveling at 
the rate of about 2000 miles per hour. The temperature’ rise due to these 
increasing speeds is of utmost practical importance. When one drives an 
automobile down the road (at sea level) at 60 miles per hour, the surface 
temperature increases 0.5°F. The speed record for automobiles is just 
under 400 miles per hour. At 400 mph the actual temperature resulting 
from the increased speed is about 25°F. The official airplane speed record 
in level flight established a few weeks ago is 753 mph (unofficially, rocket 
powered aircraft have flown over 1200 mph). At 761 mph, the speed of 
sound, the temperature increase is 90°F (theoretical is 105°F). If we 
step up to rocket speeds and future airplane speeds, we find temperatures 
of about 150 °F at 1000 mph, 600 °F at 2000 mph and 1500 °F at 3000 mph. 
The elapsed time between Washington and Los Angeles is now a matter of 
hours. In the foreseeable future this will be considerably reduced. If our 
American Society for Metals members in the eastern part of the United 
States are to eat breakfast at home and attend the morning sessions of 
the 1975 ASM annual meeting in Los Angeles, they are going to have to 
immediately bring all possible new equipment and new methods to bear 
on solving the high temperature problem. Messrs. Feuerstein and Smith 
are engaged in an important research study which is of great practical 
value. 

Written Discussion: By H. B. Wishart, chief metallurgist, Gary Steel 
Works, United States Steel Corp., Gary, Ind. 

Messrs. Feuerstein and Smith have presented a very interesting paper 
and are to be complimented for their ingenuity in developing the technique 
necessary to obtain the time-temperature data shown. We at Gary Steel 
Works have been interested in stress patterns developed in thermally 
altered metal, and I would like to ask the authors if they have data per- 
taining to the effect of a compressive stress on specimens heated and 
cooled through the critical temperature range. 


Authors’ Reply 


The authors appreciate the comments made by Messrs. Niconoff, Fick, 
and Wishart. 

In answer to Mr. Niconoff, the authors wish to state that only the 
materials reported were investigated for elevation of critical temperatures 
by high heating rates. 

Since the apparatus used by the authors was not adapted for com- 
pressive stresses, no tests were made to determine the effects of compres- 
sive stress on the critical temperatures, which would have been of inter- 
est to Mr. Wishart. 


eek, : ; ; i Vmph \* 
2Theoretical temperature resulting from increased speed is T — 1.8 . Actual 
temperature is 80 to 85% of theoretical. 
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THE FORMATION OF SIGMA PHASE IN TYPES 309 
AND 310 STAINLESS STEEL 


By R. C. FrRerRICHS AND C. L. CLARK 


Abstract 


Data are presented to show structural and physical 
changes that occur in Types 309 and 310 stainless steel as 
a result of aging at elevated temperatures. The experi- 
ments were conducted on both fine and coarse-grained 
prior structures with aging times up to 1000 hours at 
temperatures of approximately 1150 to 1650°F (621 to 
899°C). The technique of aging m a _ temperature- 
gradient-type furnace was employed in order that a com- 
plete picture of the structural changes over the entire 
temperature range might be observed. X-ray and mag- 
netic permeability studies were made to corroborate cer- 
tain phases of the work. 

Micro studies showed the fine-grained material was 
subject to the formation of sigma phase, whereas in the 
coarse-grained specimens a needle constituent, presumably 
carbide, was prevalent in the temperature range of 1300 
to 1500 °F (704 to 815 °C). 


S EARLY as 1930 a microconstituent (1)* now commonly known 
A as sigma was observed in certain chemical equipment fabri- 
cated from Rezistal 2 steel. This constituent has since been identified 
in other austenitic steels and much research has been done on its 
effect on the physical properties of these materials. Early investi- 
gators believed this constituent to be a massive carbide formation, 
agglomerated after prolonged periods at elevated temperatures. Like- 
wise, many of the early investigations were confined to steels of 
higher silicon content than is common in these alloys today, and it 
was believed that this was a major contributing factor in the forma- 
tion of'this constituent. Grain size has also been shown to play a 
prominent role in the formation of sigma (2, 3, 7, 8, 9), although 
in the first two references mentioned it is described as an unknown 
phase. 

Some recent work (4) reported a ‘‘dark needle-like constituent”’ 
that was tentatively identified as a carbide. It was indicated that this 


‘The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, R. C. Frerichs is metallurgist, 
special steel products, and C. L. Clark is metallurgical engineer, special steel 
developments, The Timken Roller Bearing Company, Steel and Tube Division, 
Canton, Ohio. Manuscript received April 10, 1953. 


1285 





1286 TRANSACTIONS OF THE ASM Vol. 46 


might possibly be an early stage in the formation of sigma. This 
phase has often been observed in the authors’ laboratory in Types 
309 and 310, but has only occasionally been referred to in the pub- 
lished literature. 

The purpose of the present investigation was (a) to determine 
if any relationship existed between the “dark needle-like constituent” 
and sigma, and (b) to study the formation of sigma as affected by 
grain size, time and temperature. 


MATERIALS 


The data presented here are confined to two steels; namely, 
25 Cr-—12 Ni (AISI Type 309) and 25 Cr—20 Ni (AISI Type 


310). The heats used had the following analyses: 


Type . Mn P S Si Cr Ni Mo Ne 
309 0.088 144 0.020 0.012 058 23.66 1382 0.03 0.132 
310 0.107 1.55 0.020 0.013 039 25.05 2080 0.03 0.136 


These steels were both melted in 25-ton electric arc furnaces and the 
greater part of each heat was fabricated into tubing for high temper- 
ature applications. 

Two basic structures resulting from different prior treatments 
were used in these experiments. To produce the fine-grained struc- 
ture each steel was air-cooled from 1800°F (980°C), after being 
cold-finished off the hot mill, while the coarse-grained structure was 
obtained by water quenching from 2150 °F (1175 °C). Fig. 1 shows 
the basic structure for each steel after the above treatments. 


AGING TREATMENT 


Most of the published data have been obtained on specimens 
tempered or aged at various specific temperatures such as 1400, 1500, 
or 1600°F (760, 815, or 870°C) for varying periods of time. In 
the present work the fine and coarse-grained specimens were aged 
in a gradient temperature furnace for time intervals of 100, 500, and 
1000 hours. Admittedly, as will be apparent later, such a method: of 
aging has its shortcomings, though certain advantages are likewise 
to be gained; namely, a continuous record of the microstructural 
changes over a wide range of temperatures. With the furnace used 
it was possible to produce a uniform and reproducible gradient of 
about 600°F (315°C) in any predetermined temperature range. 
In this particular case 1050 to 1650°F (565 to 900°C) was used. 
A %-inch round by 6-inch long specimen, with thermocouples flash 
welded at each end and at every inch along its length, was employed. 
In this manner an accurate record of the temperature and gradient 
was obtained. 
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Fig. 1—Prior Structures After Indicated Treatments. a. Type 309, 1800 °F 
(982 °C) air cool, grain size 7/8, hardness 197 BHN; b. Type 309, 2150°F (1177 
‘C) water quench, grain size 1/3, hardness 159 BHN; c. Type 310, 1800 °F (982 
°C) air cool, grain size 7/8 (6), hardness 197 BHN; d. Type 310, 2150 °F (1177 °C) 
water quench, grain size 1/3, hardness 163 BHN. 

Etchants: a and c, Vilella’s reagent; b and d, glyceregia. x 500. 


TESTING PROCEDURES 


At the completion of the aging treatments a hardness survey 
over the length of the specimens was obtained, after which Izod 
impact specimens were machined from the bars. The Izod specimen 
was standard size, except that the notches were machined at 1-inch 
intervals rather than the standard 1.102 inches. This procedure per- 
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Table I 
Hardness, Izod Impact and Structure of Aged Samples 








Type and Aging Temp. Grain 
Condition °F at Hardness Izod Impact Size Structure 
Notch -—— Rockwell B——. ——Ft-Lbs.——. Basic 500-Hr. 
Aging Time, Hrs. 100 500 1000 100 500 1000 Structure Sample 
As Norm. 93 (197 BHN) 94 95 92 7-8 A, C 
309 1625 89 92 90 End A 
Normalized 1570 90 91 95 90 54 39 Ast. 
1800 °F 1495 89 92.5 91 47 24 16 mat: SS 
(982°C) 1400 89.5 93 92 44 16 12 A,C,S 
1310 89.5 93 91 70 16 13 A,C,S 
1210 9 90.5 90 a 19 A,C 
As Quench 83 (159 BHN) 120 110 110 1-3 A, C 
309 1630 82 90 92.5 End me i, 
Water 1590 84 90.5 93 22 80 78 mm ©. te:N 
Quench 1530 87 88 90 23 62 72 a 
2150°F 1465 87.5 86 89.5 38 34 34 A, C, N 
(1177 °C) 1340 89 85 87.5 73 25 25 A, C, Tr N 
1205 89 84 86 101 31 21 PM ees ya 
As Norm. 93 (197 BHN) 77 76 76 7-8 (6) aC 
310 1620 90 94 92 End A, C 
Normalized 1565 90 91.5 92 80 50 77 A, < 
1800 °F 1500 90.5 92.5 93 72 22 25 jk 
(982 °C) 1390 91.5 92 94.5 66 26 18 A; 
1320 91 91 93.5 66 78 16 A.C. $ 
1210 91 90 92.5 66 74 32 xe < 
As Quench 83 (163 BHN) 120 112 115 1-3 A, C 
310 1625 89 95.5 88 End A, C, Tr N 
Water 1580 89 94.5 89.5 30 61 41 A,C. SN 
Quench 1525 90 93 91.5 36 56 41 A, C, N 
2150°F 1430 91 91.5 90.5 41 43 37 A. 2 
(1177 °C) 1325 92.5 90.5 90 54 35 49 A = 
1210 94 89 95.5 60 29 58 A, C 


A =Austenite; C =Carbide; S =Sigma; N = Needle Constituent; Tr = Trace; SI =Slight. 





mitted 5 notches, rather than 4, to be machined along the 6-inch bar. 
The results of these tests are tabulated in Table I, together with 
hardness, structure and temperature at the point of fracture. 

The section at the base of the notch of each of the broken Izod 
specimens was used for the metallographic examination, employing 
Vilella’s etching reagent. The remainder of each of the specimens 
was used for magnetic permeability measurements”. 

An X-ray analysis was made on the specimens used for the 
metallographic examination. The X-ray diffraction method was used 
after concentrating the sigma at the surface by electrolysis in ferric 
chloride using the technique described by Barnett and Troiano (5). 


DiIscUSSION 


The ferromagnetic permeability tests as conducted at Battelle 
Memorial Institute showed that all of the specimens, including sam- 
ples from both the as-normalized and the as-quenched material, had 
a magnetic permeability of 1.005 mu + 0.005 mu, thus indicating 
freedom from delta ferrite, regardless of the prior condition or aging 
treatment. The complete absence of ferrite, however, was not entirely 


substantiated by the micro-examination. Small quantities of ferrite 


2These measurements were made by D. D. Burgan of The Battelle Memorial Institute. 
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Fig. 2—X-Ray Diffraction Lines of Several Specimens and Some Characteristic 
Lines of a Powder Specimen of Sigma (Dulis and Smith, Ref. 6). 


were observed in some of the specimens, but the amounts were of the 
order of 1% or less and as such could probably be attributed to local- 
ized microsegregation. In all probability, this would not seriously 
enter the picture insofar as sigma formation is concerned. 

The X-ray diffraction studies, using chromium Kg, radiation, 
revealed the presence of pronounced amounts of sigma in some of 
the fine-grained specimens; but little, if any, in the coarse-grained 
steels. Fig. 2 shows some of the typical curves obtained, together 
with characteristic sigma lines as obtained by Dulis and Smith (6) 
on a powder specimen of sigma. The low intensity and limited 
number of sigma lines in the water-quenched specimens support the 
evidence of the absence of, or extremely fine particles of, sigma not 
resolvable in the microstructures of the samples. 

The fine-grained specimens exhibited no appreciable hardness 
change as a result of the aging treatments. However, with the 
specimens that were solution-quenched prior to aging, the hardness 
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Fig. 3—Type 309 Normalized 1800 °F Plus 500-Hour Aging Treatment. X 500. 
Etchant: Vilella’s reagent, 60 seconds. (a) 1210°F; (b) 1310°F; (c) 1400 °F; 
(d) 1495 °F; (e) 1570°F; (f) 1625 °F. 
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Fig. 4—Type 309 Water-Quenched From 2150°F Plus 500-Hour Aging Treat- 
ment. Etchant: Vilella’s reagent, 60 seconds. 500. (a) 1205°F; (b) 1340 °F; 
(c) 1465 °F; (d) 1530°F; (e) 1590 °F; (f) 1630 °F. 
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increased anywhere from 6 to 10 points Rockwell B. This increase 
can probably be attributed to the reprecipitation of the carbides that 
had been held in solution after quenching, whereas in the material 
normalized from the lower temperature they had not been taken into 
solution to the same degree. 

The effect of time and temperature is more pronounced on the 
[Izod impact values. Some inconsistency is noted, but, in general, 
the impact strength is lower in the middle of the temperature range 
studied and higher at either end. This can be attributed to the 
presence of sigma in the normalized material and this is corroborated 
by the photomicrographs, Figs. 3 and 5. This same reasoning does 
not apply, however, when the coarse-grained solution-quenched ma- 
terial is considered. A study of the Izod impact data and photo- 
micrographs shown in Figs. 4 and 6 reveals the lowest impact 
strengths occurred when the needle-like constituent is present. Like- 
wise, the impact strength appears to be lowest when the greatest 
amount of this constituent is found. 

Several attempts have been made to identify this needle-like 
constituent microscopically using various etchants. However, even 
at extremely high magnification, Fig. 7, the particles are of such a 
size that they are difficult to resolve. Chemical analyses for nitrogen 
have been made on other samples in which these needles have been 
observed, with no appreciable change in the nitrogen content over 
that of the hot-rolled material. It is believed, after examination 
under several different etchants, that the needles are a form of car- 
bide, and the same is believed to be true for the plate-like needles 
found at the grain boundaries. It is entirely possible, though it has 
not been thoroughly investigated, that these needles may be an inter- 
mediate step in the formation of sigma, and that more prolonged 
heating times would bring about this transformation. The impact 
data do, however, conclusively show that when this needle-like con- 
stituent is present, low impact strengths prevail. 


CONCLUSIONS 


The results presented permit certain conclusions to be drawn 
and also indicate a need for further investigations. It can be 
definitely stated that sigma formation is more rapid in the fine- 
grained structure, as produced by cold work followed by normalizing 
at 1800°F (980°C), than in the coarse-grained water-quenched 
alloys. Likewise, there is a greater tendency for the needle-like con- 
stituent to form in the coarse-grained alloys. 

While grain size has been used as the criterion for differentiating 
between the behavior of these steels, it is entirely possible that other 
effects, such as solution and diffusion of secondary constituents, may 
be of equal or even greater importance. Still, in the selection of 
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Treatment. 


Vilella’s reagent, 60 seconds. 500. (a) 1210°F; (b) 1320°F; (c) 


(d) 1500 °F; (e) 1565 °F; (f) 1620 °F. 
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Fig. 6—Type 310 Water-Quenched From 2150°F Plus 500-Hour Aging Treat- 


ment. Etchant: Vilella’s reagent, 60 seconds. X 500. 
(c) 1420°F; (d) 1525 °F; (e) 1580 °F; (f) 1625 °F. 
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Fig. 7—Needle Constituent Observed in Types 309 and 310 Stainless After 2150 
F Water Quench Plus 500-Hour Aging Treatment. Etchant: Vilella’s reagent 
1500. 


these steels from an engineering standpoint, grain size is believed to 
be the most positive means of classifying them. 

However, both of these constituents form in the same general 
temperature range and both tend to decrease the impact resistance, 
with the sigma phase imparting the greater decrease in shock resist- 
ance. From this it should not be implied, however, that the coarse- 
grained structures are superior for high temperature applications. 
In fact, just the opposite is true if appreciable ductility to fracture is 
a prerequisite (2). 

It likewise appears that the tendency toward the formation of 
sigma and the needle-like constituent is greater in the 12% nickel 
grade than when 20% nickel is present. This can probably be 
attributed to the greater stability of the austenite in the higher nickel 
steel. 

Magnetic permeability tests of these steels showed no discernible 
differences among any of the specimens. The readings of 1.005 mu 
4- 0.005 mu are approximately the same as for pure austenite. 

The X-ray examination definitely showed appreciable amounts 
of the sigma phase to be present in the fine-grained alloys after 
certain of the aging treatments, with the Type 309 generally showing 
more than Type 310. The evidence with the coarse-grained material 
is not as definite, but it did appear as if traces were present. 
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DISCUSSION 


Written Discussion: By A. B. Wilder, chief metallurgist, National 
Tube Division, United States Steel Corp., Pittsburgh. 

We are particularly interested in the data presented by Messrs. 
Frerichs and Clark, due to our long-time exposure tests being conducted 
on Types 309 (25-12) and 310 (25-20) austenitic stainless steels. These 
tests include evaluation of microstructure, tensile, creep rupture, and other 
properties after exposure at 900, 1050 and 1200°F (480, 565 and 650 °C), 
for periods up to 100,000 hours. The material being studied was water- 
quenched from 1985°F (1085°C) before exposure and a coarse-grained 
structure was obtained. In addition to our tests of the parent metal, an 
examination is being made of bead welds. 

After 5000 hours’ exposure we have observed about 1% sigma in the 
Type 310 steel at 1200 °F (650°C). Sigma was not observed at the other 
temperatures of exposure or in Type 309 steel. We are not investigating 
the influence of grain size or prior cold work on the behavior of the ma- 
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terial. We plan to make creep rupture and other tests after 10,000 hours’ 
exposure and then report the results. 


Authors’ Reply 


We are pleased to note that Dr. Wilder and his associates found only 
1% sigma after 5000 hours at 1200 °F (650°C). This small amount present 
after five times the maximum time of our tests confirms the findings of 
the absence of, or undetectable quantities of, sigma at 1200°F (650 °C) 
When completed, their work should be a valuable addition to the pres- 
ently available knowledge on this subject. We shall look forward to its 
publication. 

Since the paper was originally submitted, some additional X-ray 
investigations have been conducted to identify the needle constituent ob 
served in the coarse-grained specimens. Debye-Scherrer X-ray powder 
patterns were obtained on residues of specimens showing large quantities 
of the needle constituent. The residues were obtained by electrolytically 
dissolving the specimens in a citrate-thiocyanate solution, using a periodi- 
cally reversed current. The results are tabulated in Table II. 


Table II 


X-Ray Analysis of Electrolytic Residues 
of 309 and 310 Stainless Showing Needle Constituent 


-———Data From Residue Pattern———— ASTM Card Fil 
309 310 ——-d —— CresCo (3-1176) 
20 26 a La* d I/lIe 
57.96 57.92 2.37 W 2.38 80 
64.08 64.12 2.16 W Lae 80 
67.36 67.36 2.07 VS 1114 
68.52 68.48 2.04 W » 05 Qt) 
75.56 75.56 1.87 W 1.88 60 
79.64 79.64 1.79 S 00% 1.80 R80 
80.96 81.00 1.76 VW 
119.60 119.96 1.32 VW 1.33 +10 
126.04 125.96 1.29 W 1.29 60 
129.40 129.28 1.27 S 2204 
132.88 132.72 1.26 W 1.25 60/100 
138.64 138. 36 PE VW 1.23 80 
148.92 148.92 1.18 M 1.19 60 
158.28 1.16 VW hohe 60 
*The following abbreviations were used in rating intensity of the lines: VS very 


strong; S = strong; M = moderate; W weak; VW very weak. 


From these data it is apparent that the electrolytic residue consists 
of CroaCs and the absence of any lines corresponding to those of sigma 
phase indicates that there is no appreciable amount of sigma present in 
the residue. Thus our original identification of the needles, using various 
metallographic etchants, as a carbide seems to be substantiated. 





EFFECT OF CHEMICAL COMPOSITION ON SUSCEPTI- 
BILITY OF STEELS TO TEMPER BRITTLENESS 


By RALPH HULTGREN AND JOHN CHUAN CHANG 


Abstract 


The effect of chemical composition on susceptibility 
to temper embrittlement was studied by making up high 
purity synthetic alloys by melting together the constituent 
elements under helium. Samples were heat treated by 
quenching from the austenite region and tempering for 
1 hour at 600 °C (1110°F). After tempering, one mem- 
ber of a nearly identical pair of samples was removed from 
the furnace and quenched, while the other was allowed to 
cool slowly. The two were then tested for impact strength 
at the same temperature. If the slow-cooled specimen had 
the lower impact strength, this was accepted as evidence 
of susceptibility to temper embrittlement. 

The carbon-chromium-nickel-manganese steel SAE 
3312 was found to be very susceptible to embrittlement. 
It was found that this was not due to impurities, but was 
due to the principal elements, each of which contributed 
to the susceptibility. 

Binary tron-carbon alloys are susceptible for carbon 
contents 0.11% and lower. Nickel will produce moderate 
susceptibility in an otherwise immune alloy containing 
0.2% carbon, if the nickel content exceeds 4.2%. Man- 
ganese will produce a high degree of susceptibility for 
more than 2% manganese, but chromium probably does 
not make the alloy susceptible except at 11% chromium 
and above. 

Chromium re-enforces the embrittling effect of man- 
ganese, as does nickel which re-enforces it less. 

Phosphorus makes nonsusceptible iron-chromium- 
carbon alloys susceptible to temper embrittlement. 

If embrittlement is due to a precipitate, that pre- 
cipitate 1s likely to be an tron-carbon compound. 


EMPER brittleness may be defined as the loss of impact strength 
suffered by many steels when they are heat treated at temper- 
atures in the vicinity of 500°C (930°F). In practice, this loss 
occurs most frequently when a susceptible steel is slowly cooled after 
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being tempered at high temperatures. It also occurs on heating to 
the embrittling range in operations such as welding. For a more 
complete discussion the reader is referred to the excellent review of 
Hollomon (1)}?. 

Chemical composition is the principal factor which determines 
whether a steel is susceptible to temper embrittlement. While in 
many alloy steels a slow cooling after tempering ruins the toughness, 
in others the effect is slight or nonexistent. Much of the data in the 
many early papers on the effect of chemical composition is contra- 
dictory or of limited value because of incomplete control of experi- 
mental conditions or the fact that impact tests were made only at 
room temperature. 

Only very recently has the control of variables been adequate. 
We might cite the results of Pellini and Queneau (2), who found 
that the temper embrittling reaction was reversible and occurred at 
a maximum rate at temperatures near 510°C (950°F). Taber, 
Thorlin and Wallace (3) found that in carefully prepared alloy steels 
chromium enhanced the susceptibility to embrittlement, as did man- 
ganese in amounts greater than 0.6 to 0.7%. Nickel, they found, 
has much less effect, while small amounts of molybdenum greatly 
decrease susceptibility. 

In the present investigation it was possible to vary compositions 
over wide ranges and secure extreme purity by making the alloys by 
melting together the pure elements under helium. We are indebted 
to the Office of Naval Research, which supported the program and 
was very helpful at every stage. Complete results of this work were 
incorporated in a report (4), which is available on request. In the 
present paper the principal results are briefly presented. 


Tue Test For TEMPER EMBRITTLEMENT 


A steel is demonstrated to be susceptible to temper embrittlement 
when it is shown that a specimen which has undergone an “embrit- 
tling’’ treatment has a lower impact strength than an otherwise iden- 
tical specimen in the “unembrittled” state. The impact tests must be 
carried out over a range of temperatures (1) because, as can be seen 
in Fig. 1, embrittling has a great effect on the impact strength only 
at certain testing temperatures. As a matter of fact, the embrittled 
curve is best compared with the unembrittled by comparing the re- 
spective transition temperatures. The transition temperature is the 
temperature below which the steel fractures in a brittle manner. 

In the present paper we have taken the transition temperature 
to be the temperature at which the impact strength is midway be- 
tween its values at high and at low temperatures. The effect of 
embrittlement is to raise the transition temperature of the steel. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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The transition temperature is not a fundamental property of the 
steel, but depends on the manner in which the impact test is carried 
out. Therefore the transition temperatures and differences of tem- 
perature tabulated by us apply only to standard V-notched (5) 
Charpy bars tested by our methods. Brown (6) has recently argued 
and demonstrated by data that the difference of the reciprocals of 
the transition temperatures should be a quantitative measure of em- 
brittlement which is invariant with changes in testing method. 

[In all our work we have compared pairs of specimens which are 
as nearly alike in chemical composition and mechanical preparation 
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Fig. 1—Impact Energy at Various Testing Temperatures of Unem 
brittled (Rapid-Cooled) and Embrittled (Slow-Cooled) Commercial SAE 
3312 Steel. 


as possible. Each pair of specimens is kept adjacent to one another 
during heat treatment to form austenite, during quenching in oil or 
water, and during tempering for 1 hour at 600°C (1110°F). At 
the conclusion of the tempering period the “‘unembrittled’’ member 
of the pair is removed from the furnace and quenched in oil. The 
other specimen remains in the furnace, which is cooled at the uniform 
rate of 25°C per hour. This specimen is considered to be “embrit- 
tled’”’. Both specimens are then machined to the exact dimensions 
of a Charpy bar and notched carefully. The last stage of notching 
was done with a carbide tool and the notch was examined with a 
toolmaker’s microscope. Acceptable speciméns were accurate within 
0.0001 inch. 

While a shift of transition temperature found by these tests 
conclusively demonstrates that the embrittling reaction has occurred, 
an absence of shift by no means proves that the steel is not susceptible 
to embrittlement. For example, the embrittling reaction might occur 
so slowly that the “embrittled’’ specimen does not have time to be- 
come embrittled while cooling at the rate of 25°C per hour. On the 
other hand, the reaction may occur so rapidly that the “unembrittled”’ 








1954 TEMPER BRITTLENESS 1301 


steel becomes embrittled during the oil quench. In either case no 
difference would be found in the impact strengths of “embrittled’”’ and 
‘‘unembrittled’”’ specimens and it would be incorrect to conclude that 
the steel was not susceptible to temper embrittlement. 

Libsch, Powers and Bhat (7) have shown very recently that 
certain plain carbon steels embrittle extremely rapidly and, unlike 
many other steels, the embrittlement is not reversible during temper- 
ing. Hence, unless heated very rapidly, they embrittle while heating 
to the tempering temperature and remain embrittled the whole time 
of tempering, so that the ““unembrittled’”’ specimen is actually embrit- 
tled when tested. 

It is also, of course, possible that a steel which did not show the 
embrittling reaction in the test might have manifested it if the micro- 
structure were different. On the other hand, an embrittling reaction 
might greatly decrease the impact strength of one steel while it is 
completely innocuous in a steel of different mechanical properties. 

Therefore, it must be admitted that the experimental demon- 
stration, that a steel of composition A is susceptible to temper em- 
brittlement, while a steel of composition B is not, is not so significant 
as it seems. Certainly, the demonstration of the susceptibility of A 
is rigorous, but B might be susceptible under other conditions—even 
more susceptible than A. : 

Because of the great number of variables involved, it has seemed 
desirable to us to standardize in most of our work on a single method 
of preparation and heat treatment. At least, the conditions are easy 
to understand and simulate somewhat the conditions found in practice. 


PREPARATION OF THE ALLOYS 


The alloys were prepared synthetically by melting high purity 
electrolytic iron with other components to make up the desired com- 
position. The melting was done by induction in an atmosphere of 
helium which was certified by the U. S. Navy to be 99.99% helium 
and 0.01% nitrogen. After melting, the metal was cast into a chill 
copper mold before removing it from the helium atmosphere. The 
resulting casting was found by spectrographic analysis to have negli- 
gible segregation. Details of the melting and casting procedure are 
to be found in the report (4). 

The raw materials used were the purest easily obtainable. Each 
of them was given a complete spectrographic analysis supplemented 
in some cases by chemical analysis for certain constituents such as 
phosphorus and sulphur. Results of these analyses are shown in 
Appendix I. Alundum crucibles were used. Analyses of two repre- 
sentative synthetic steels in Appendix II show that there is a small 
pickup of silicon in melting but apparently no contamination with any 
other element. In Appendix II it can also be seen that the synthetic 
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alloys prepared are of far higher purity than commercial steels. It 
was also shown (Appendix III and IV) that the content of nitrogen, 
hydrogen, and oxygen is reduced to a small fraction of that present 
in commercial steels, except for two melts made under nitrogen, 
which have about twice as much nitrogen as the commercial steels. 

After melting and casting to cylindrical ingots about 1% inches 
in diameter and 6 inches long, the alloys are forged to a cross section 
slightly over % inch square. They are then cut to suitable lengths 
for Charpy specimens and heat treated and finished as described in 
the previous section. 

Most of the specimens formed martensite when quenched in oil 
from the austenite range. Those whose hardenability was low were 
quenched in water. Among these latter, however, were many whose 
composition was such that martensite was not formed, even on a 
water quench. Nevertheless, these were tempered and given the 
embrittling treatment like the other specimens. It is noteworthy 
that some of these specimens showed decided susceptibility to temper 
embrittlement, even though their structures were not those of tem- 
pered martensite (2). 

Care was taken to make certain that the final tempering temper- 
ature of 600°C (1110°F) was below the austenite range for all 
specimens. Some specimens, such as the high manganese alloys, were 
tested with a dilatometer and found to be below the austenite range. 

A small amount of austenite was retained in most of the alloys, 
of course, after the quench. Where the composition was such that a 
larger amount of austenite might be expected, the specimens were 
cooled in liquid nitrogen prior to the tempering treatment. 


EXPERIMENTAL RESULTS 


fa yer of co ercial steels giv »relimi r tests, the 

Of a number of commercial steels given preliminary tests, th 
largest embrittling effect was found in the composition SAE 3312 
(Fig. 1). This contains nominally about 0.12% carbon, 3.5% nickel, 


/ 
7 


1.5% chromium, 0.5% manganese, together with numerous impurities 
of which it is specified only that phosphorus and sulphur shall be less 
than 0.025% and silicon shall lie between 0.20 and 0.35%. A com- 
plete analysis of the steel used in the test is given in Appendix II. 

The first question that arises: is whether the impurities play a 
major role in embrittlement or whether it may be ascribed to the 
principal constituents alone. This was settled by making up a high 
purity synthetic steel which contained approximately the nominal 
amounts of nickel, chromium, manganese, and carbon. Appendix II 
gives the analysis and shows that the impurities have been virtually 
eliminated except for cobalt, phosphorus, and silicon, which were 
greatly reduced in amount. 

This high purity steel proved to be extremely susceptible to 
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temper embrittlement (Fig. 2). It is difficult to say quantitatively 
whether the synthetic high purity steel is more or less susceptible 
than the commercial steel. Embrittling raises its transition temper- 
ature 130°, from —160 to —30°C. The commercial steel’s tran- 
sition temperature is raised 195°, from —60°C to +135°C. From 
the criterion of Brown (6) that the reciprocals of the absolute tem- 
peratures are the best quantitative measure of embrittlement, it would 
appear that the high purity steel is more susceptible. At any rate, 
it seems clear that there is no evidence that removal of the impurities 
reduces the embrittlement. 
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Fig. 2—Impact Energy at Various Testing Temperatures 


of Unembrittled (Rapid-Cooled) and Embrittled (Slow-Cooled) 
High Purity Synthetic SAE 3312 Steel 


It is noteworthy that the high purity steel has much higher 
impact strengths and lower transition temperatures than the commer- 
cial steel. Besides showing that the synthetic steel is well made, this 
shows that impurities (or, perhaps, nonmetallic inclusions) which are 
normally present are deleterious. 

Since impurities have been excluded as a major cause of em- 
brittlement, it is logical to inquire which one, or which combination 
of several of the principal constituents, is responsible. This was 
investigated by leaving out in turn each of the principal constituents 
from the high purity synthetic alloy of the composition SAE 3312. 

Because of space limitations the curves for these and the follow- 
ing tests are not given in this article. Instead, the transition temper- 
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atures and the maximum impact strengths are tabulated. These are 
sufficient to outline the major characteristics of the curves, which are 
plotted in full in the report (4). 

It can be seen in Table I that omission of each of the principal 
constituents of SAE 3312 greatly reduces the degree of embrittlement, 
but only with the omission of chromium does it disappear entirely. 
However, as will later appear, many chromium-free alloys prove to 
be susceptible, so that it seems that the presence of no one of the 
principal constituents is essential for embrittlement. However, this 
statement cannot be made with confidence in the case of carbon. 


Table I 
Embrittlement of Alloys Derived from SAE 3312 


Transition Maximum 
Temperatures Impact 
Type of Composition, % —— ~ Strength 
Alloy Cc Cr In Ni Unemb. Embr. Ft-Lbs. 
Commercial 0.12 1.5 0.5 3.5 —64 +132 120 
High purity 0.12 1S 0.5 3.5 —160 —30 220 
**Minus C”’ 0.017 [2 0.5 3.5 —120 —105 230 
“Minus Mn” 0.12 3 0.0 3.5 —180 —150 210 
**‘Minus Ni’ 0.12 :.s 0.5 0.0 —95 —75 200 
**Minus Cr’”’ 0.12 0.0 0.5 3.2 —100 —100 220 
‘*Minus C’’* 0.017 2 0.5 3.5 —120 —95 220 
12 1.5 0.5 0.0 —60 —60 190 


‘*Minus Ni’’* 0. 


*Melted under nitrogen. 


Even in the alloy “minus carbon” there remains about 0.017% carbon 
from the electrolytic iron (Appendix I). It is quite possible that if 
the last remaining carbon were eliminated, the small susceptibility 
remaining would also disappear. In fact, just this result was found 
at Watertown Arsenal. A susceptible 0.35% carbon steel was found 
to be still susceptible (though to a reduced degree) when the carbon 
content was reduced to 0.016% by vacuum melting (8). On the 
other hand a susceptible SAE 3140 steel lost its susceptibility when 
the carbon content was reduced to 0.003% by melting in argon (9). 
(This reduced the nitrogen content also.) | 

Two of the alloys listed in Table I were prepared under nitrogen 
rather than helium. Analysis shows (Appendix IV) that such alloys 
contain about twice as much nitrogen as commercial alloys and 
probably more than twenty times as much as those melted under 
helium. The fact that the alloys prepared under nitrogen are not 
noticeably more embrittled than those under helium is evidence that 
nitrogen plays no essential part in embrittlement. 

These first tests show, unfortunately, that there is no simple 
relationship between embrittlement and composition. An extensive 
survey was then made in which the compositions of the four principal 
constituents were varied over wide limits in order to determine the 
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ranges of composition which were susceptible to embrittlement. The 
results are tabulated in the following tables. 


DISCUSSION OF RESULTS 
The Nature of a Possible Precipitating Phase 


The simplest hypothesis and the one most widely held is that 
embrittlement is caused by precipitation of a small amount of an as 
yet unidentified phase. This phase must be sufficiently soluble at 
tempering temperatures so that some of it precipitates out when the 


Table II 
Embrittlement of Binary Iron-Carbon Alloys 


Maximum 
Transition Temperatures Impact 
Composition, % —————— °C —— Strength 
Cc Unemb. Embr. Ft-Lbs. 
0.025 —20 +30 230 
0.045 +5 +30 230 
0.07 +10 +25 230 
0.11 +15 +35 240 
0.17 +5 +5 240 
0.24 +45 +45 200 


Table III 








Embrittlement of Ternary Iron-Carbon-Nickel Alloys 
; Transition Temperatures Maximum Impact 

—Composition, %——— aa ~ C- - Strength 

; Ni Unemb. Embr. Ft-Lhbs 
0.17 0 +5 +5 240 
0.20 ..3 +15 +15 220 
0.22 i —20 —20 180 
0.23 a —60 —60 200 
0.21 4.2 -75 55 190 
0.22 6.15 —100 85 180 
0.21 8.0 130 —115 150 
0.21 9.3 —115 100 110 

Table IV 
Embrittlement of Ternary Iron-Carbon-Manganese Alloys 
Transition Temperatures Maximum Impact 

Composition, %———. ————_- —- °C Strength 

i“ Mn Unemb. Embr. Ft-Lbs. 
0.17 0 +5 +5 240 
0.17 0.6 —45 —45 240 
0.20 is —60 —60 240 
0.18 2.1 —80 —35 230 
0.18 3.25 —35 +40 190 
0.16 4.0 +10 +95 180 
0.18 ais +35 +80 150 
0.14 6.0 —45 —15 160 
0.18 6.1 +45 +90 170 
0.17 8.0 +25 +65 125 
0.20 9.5 +105 +-155 120 
0.21 10.8 +95 +125 80 
0.07 0 +10 +25 230 
0.07 0.3 —40 —20 240 
0.50 1.0 +15 +35 110 
0.62 me 0 +30 60 
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Table V 


Embrittlement of Ternary Iron-Carbon-Chromium Alloys 


—Composition, %— 
Cc Cr 
17 0 

15 0.75 
23 1.5 
i8 2.0 
19 3.0 
17 4.0 
20 5.0 
18 5.9 
19 6.9 
16 7.9 
20 8.8 
19 10.1 
18 11.0 
18 11.7 
70 1.5 
Ss le 1.5 
26* 4.8 


*Melted under nitrogen. 


' 
Transition Temperatures Maximum Impact 
7 

; 

' 

| 

t 

| 


°C —_~ Strength 
Unemb. Embr. Ft-Lbs. 

+5 +5 240 
—70 —60 220 
—90 —90 210 
—95 —95 230 
—95 —95 220 
—80 —80 220 
—80 —80 220 
—70 —70 200 
—80 —80 200 
—65 —65 220 
—80 —80 220 } 
—70 —70 210 
—70 —55 200 
—65 —60 190 

0 0 120 
—65 —65 170 
—70 —70 210 

Table VI 


Embrittlement of Quaternary Iron-Carbon-Chromium- Manganese Alloys 


Transition Temperatures Maximum Impact 
Composition, % - ——_—_—— °C —— Strength 
Cr Mn Unemb. Embr. Ft-Lbs. 
19 3.0 0 —95 —95 220 
17 eee 0.3 —65 —50 230 
22 2.9 0.6 —40 —10 170 
18 2.8 0.8 —55 —15 210 
i8 2.8 1.0 —45 0 200 
19 2.7 Bad +25 +95 180 
06 2.8 0.5 — 80 —40 240 
10 2.8 0.5 —40 —20 240 
18 2.8 0.5 —65 —15 230 
43 2.8 0.5 —35 —35 110 
17 0 0.6 —45 —45 240 
17 0.5 0.5 —75 —60 240 
17 0.9 0.5 —75 —70 240 
20 Lo 0.5 —95 —75 200 
19 1.9 0.5 —70 —60 230 
20 3.9 0.6 — 30 —10 230 
55 1.0 0.7 —45 —25 75 
Table VII 
Embrittlement of Quaternary Iron-Carbon-Chromium-Nickel Alloys 
Transition Temperatures Maximum Impact 
Composition, % — ———__—_—— °C —— Strength 
S Cr Ni Unemb. Embr. Ft-Lbs. 
23 0 3.1 —60 —60 200 
.20 Lia 3.1 —120 —95 180 
19 3.0 3.1 —85 —55 190 
08 0.5 3.5 —130 —130 240 
08 1.0 3.4 —120 —120 240 
09 1.9 3.3 —110 ~110 210 
10 1.4 0.5 —100 —100 230 
10 1.4 1.0 —90 —90 240 
09 1.4 2.8 —105 —105 240 
62 1.4 3.0 —40 —40 40 
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alloy is cooled after tempering. Retempering redissolves the pre- 
cipitate and restores toughness, which is known to happen in most 
cases. The embrittling reaction thus resembles precipitation hard- 
ening. 

If embrittlement is due to such a precipitate, and if only one 
precipitating phase is the cause, the evidence in this paper points 
clearly to iron carbide as the precipitating phase. Embrittlement was 
positively demonstrated in alloys containing only iron and carbon 
(Table I1), in iron-carbon-nickel alloys (Table III), in iron-carbon- 
manganese alloys, and in combinations of these with each other and 
with chromium. Aside from impurities, iron and carbon are the only 
elements that occur in all susceptible alloys. The impurities are in 
such small amount, and the embrittlement is in some cases so great, 
it is improbable that residual impurities could cause this effect. 

This paper does not show that the presence of carbon is essential 
for embrittlement, since the lowest residual carbon (0.017%) is 
evidently sufficient to cause embrittlement. However, research work 
at Watertown Arsenal showed that one steel remained susceptible 
when its carbon content was reduced to 0.016% but another suscep- 
tible steel lost its susceptibility when the carbon content was reduced 
to 0.003%. 


Effect of Carbon 


Binary iron-carbon alloys were slightly but unmistakably suscep- 
tible to embrittlement when the carbon content was 0.11% or less 
(Table Il). In many of the alloys, notably the SAE 3300 series, 
the greatest embrittlement is found at carbon contents of 0.15 to 
0.20%. 

Carbon contents above 0.2% decidedly decrease the maximum 
impact energy and raise the transition temperatures of the unem- 
brittled state. 


Effect of Nickel 


More than 3.1% nickel is necessary to make iron plus 0.2% 
carbon alloys susceptible (Table III) and the effect is not large. 
Small amounts of chromium re-enforced this effect only slightly 
(Table VII), but manganese had a greater effect (Table VIII). 
In the presence of both chromium and manganese in the amounts 
present in SAE 3312 (1.5% Cr and 0.5% Mn), pronounced temper 
brittleness was found only when the nickel content exceeded 2% 
but the embrittlement became very large over 3% nickel (Table IX). 

Nickel lowers the transition temperature of unembrittled alloys. 
In smaller amounts this is due to imparting hardenability, because 
tempered martensite has lower transition temperatures than pearlitic 
structures. Even in alloys of sufficient hardenability, there is a de- 
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Table VIII 








Embrittlement of Quaternary Iron-Carbon-Nickel-Manganese Alloys 
Transition Temperatures Maximum Impact 

Composition, % ——— - °C——————_,. Strength 

e Ni Mn Unemb. Embr. Ft-Lbs. 
0.08 3.5 0.2 —80 —80 240 
0.12 3.5 0.4 —100 —100 220 
0.10 3.6 0.6 —105 —85 240 
0.11 3.6 1.0 —110 —90 240 
0.09 0.5 0.4 —50 —50 240 
0.11 1.1 0.5 —70 —50 , 240 
0.09 Bee 0.4 —85 —85 240 
0.10 3.3 0.5 —80 —80 240 
0.08 3.5 0.4 —120 ~120 220 
0.12 a2 0.5 —100 — 100 220 
0.18 3.5 0.4 ~80 —80 240 
0.40 3.0 0.4 —70 —70 140 
0.48 3.6 0 —45 +80 70 

Table IX 


Embrittlement of Quinary Iron-Carbon-Chromium-Nickel-Manganese Alloys 





Transition Temperatures Maximum Impact 
= ° ee 


—Composition, % — —_——— ney Strength 
Cc av Ni Mn Unemb. Embr. Ft-Lbs. 
0.018 2 3.5 0.6 —120 —105 230 
0.02 .. eae 0.6 —135 —65 240 
0.04 1.5 a 0.6 —120 —35 240 
0.06 Re 3.4 0.6 —95 0 240 
0.08 co 3.2 0.7 —105 0 200 
0.10 1.5 2 0.5 — 160 —30 220 
0.22 1.5 3.6 0.5 —115 —20 180 
0.26 1.4 Dea 0.5 —80 —20 150 
0.50 ..3 3.3 0.4 —70 —30 60 
0.10 0 er 0.4 —80 —80 240 
0.12 0 a.5 0.4 —100 —100 220 
0.12 0.5 a.a 0.4 —100 —80 240 
0.12 ae 3.4 0.4 —80 —60 240 
0.10 . a 3.5 0.5 —160 —30 220 
0.11 2.0 aa 0.4 —70 +10 240 
0.12 1.5 3.3 0 —180 —150 210 
0.09 1.9 a 0 —110 —110 210 
0.08 1.4 3.3 0.2 —100 —65 240 
0.10 4.5 3.3 0.5 —160 —30 220 
0.08 5.3 a. 0.7 —105 0 200 
0.11 1.4 3.4 1.0 —90 +80 240 
0.20 ..s 0 0.5 —95 —75 200 
0.11 .<a 0.6 0.5 —70 —50 240 
0.11 1.4 1.0 0.4 —75 —75 240 
0.11 1.4 2.1 0.4 —85 —40 240 
0.14 1.4 2.9 0.4 —90 —40 240 
0.10 1.5 3.5 0.5 —160 —30 220 
0.31 0.5 Roam 0.7 —80 —70 160 
0.40 0.5 fe 0.7 —65 —55 120 
0.62 0.5 ' a 0 7 —50 —50 60 


cided further lowering of transition temperatures with increasing 
nickel content (Tables III and VIII). Nickel above 3% seems to 


lower the maximum impact strength (Table III), perhaps by in- 
creasing the amount of retained austenite. 


Effect of Manganese 


[ron-carbon alloys with 0.2% carbon are made strongly suscep- 
tible to embrittlement by 2.1% manganese or more. With the addi- 
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Table X 


Effect of Phosphorus on Embrittlement 


Composition, % —— Strength 

( Cr Ni Mn P Unemb. Embr. Ft-Lbs. 
0.19 3.0 0 0 0 —95 —95 220 
0.13 2.9 0 0 0.01 —70 0 220 
0.17 3.0 0 0 0.02 —40 +60 220 
0.17 2.9 0 0 0.04 +-20 +-65 190 
0.17 3.0 0 0 0.06 +35 +-80 240 
0.14 0 0 0 0.02 +10 +10 240 
0.18 1.0 0 0 0.02 65 65 240 
0.16 1.9 0 0 0.02 80 —15 220 
0.17 3.0 0 0 0.02 —40 +-60 220 
0.34 3.0 0 0 0.02 15 +70 130 
0.52 2.9 0 0 0.02 15 +100 70 
0.16 4.0 0 0.5 0.04 55 4-160 200 
0.14 1.0 0 0.9 0.06 140 +-195 130 
0.18 1 0 3.5 0.6 0.03 100 +195 200 
0.20 1.0 7. 0 0.03 10 +70 190 
0.14 1.6 0 1.1 0.05 +80 +-200 180 


Transition Temperatures 
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Maximum Impact 


tion of 3% chromium to the iron-carbon alloys, 0.6% manganese is 
sufficient to cause embrittlement, while iron-carbon-chromium-nickel 
alloys are made very strongly susceptible by the addition of 0.5% 
manganese. In general, manganese appears more potent than either 
chromium or nickel in causing susceptibility to embrittlement. 

Small additions of manganese impart sufficient hardenability to 
iron-carbon alloys to lower their transition temperatures decidedly. 
However, additional amounts of manganese raise the transition tem 
peratures to values that extend far above room temperature (Table 


[V). Manganese contents above 2% lower the maximum impact 
energy. 


Effect of Chromium 


In the absence of other alloying elements chromium gives rise 
to little or no susceptibility to embrittlement (Table V). It may 
cause or markedly enhance embrittlement of manganese, nickel, or 
phosphorus alloys with iron and carbon (Tables VI, VII, IX, and X). 

Where chromium contributes needed hardenability, it decidedly 
lowers transition temperatures ; otherwise its effect is not pronounced. 
Considerable amounts of chromium have little effect on the maximum 
impact strength. 


Effect of Phosphorus 


A few hundredths of a per cent of phosphorus renders non- 
susceptible iron-carbon-chromium alloys pronouncedly susceptible to 
embrittlement. 
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Appendix I 
Analyses of the Raw Materials (%) 
Manganese 
Electrolytic Iron Chromium (Electro 
Plastic Metals (Metal Thermit Manganese Electrolytic 
Company) Company) Corporation) Nickel 
Fe PC 0.01 ND 0.006 
Cr ND <0.001 PC Tr ND 
Ni 0.005 0.003 NI PC 
Mn 0.003 <0.005 PC <0.002 
Co ND <0.005 ND ND 0.6 
Si 0.001 0.25 ND 0.002 
Al <0 .0008 0.2 ND Tr 
V <0.001 0.05 ND ND 
Cu 0.005 0.001 ND 0.0002 
Sn <0.001 <0.01 ND ND 
Ca <0.0005 0.0005 Tr Tr 
Mg <0 .0005 0.0005 ND Tr 
S 0.002 ee 0.02 De ie 
thers Mo <0.005 Ti <0.005 Str Ti <0.0005 
RS gS ads 8. are See eR cc a 
C 0.017 
Carbon 
Phosphorus (Sugar) 
Fe 0.01 0.005 
Cr ND 0.006 
Ni ND 0.025 
Mn ND ND 
Co ND ND 
Si 0.01 0.008 
Al 0.008 ° ND 
V ND ND 
Cu rr 0.005 
Sn 0.01 ND 
Ca 0.005 0.005 
Mg 0.005 0.001 
s 


Other elements not detected: Mo, 


Zr. W, Cb, Ta, Zn, Cd, Pt, Pd, Ru, Rh, Os, Na, K, Sr, 


Be, Ba, Hg, B, Ag. Au, Ir, Ti, Pb, Sb, Bi, As (except in As Sample). 


Specification: ND =Not detected; PC =Principal constituent; Tr =Trace. 
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Appendix II 


Comparison of Commercial and Synthetic Steels 
Composition in % 


Type of ———— SAE 3312——_——_ ~ _ ——SAE 1018——-——-. 
Steel Commerical Svnthetic Commerical Synthetic 
Cc 0.12 0.22 0.18 0.17 
Mn 0.5 0.45 0.45 0.61 
Si 0.25 0.04 0.32 0.01 
Ni 3.76 3.60 0.045 0.005 
Cr 1.55 1.50 0.04 ND 
Mo 0.02 ND 0.007 ND 
Al 0.02 ND 0.025 0.005 
Cu 0.07 ND 0.10 ND 
Co 0.007 0.01 0.007 0.005 
Ti ND ND ND 0.005 
Sn 0.003 ND 0.002 ND 
V 0.01 ND 0.002 0.005 
S 0.026 rae 0.029 a 
P 0.012 0.002 0.015 0.002 


° 
N.D. means that the most sensitive spectroscopic line in the region 2400 to 4600 A was not 
observed. For a steel this means that the amount present was less than the following percentages: 
Mn 0.005; Ni 0.001; Cr 0.001; Mo 0.008; Al 0.003; Co 0.003; Ti 0.005: Sn 0.001; V 0.001. 


Other elements not detected: Zr, W, Cb, Ta. Zn, Cd, Pt, Pd. Ru, Rh, Os, Na, K, Sr, Ca, 
Mg, Be, Ba, Hg, B, Ag, Au, Ir, Pb, Sb, Bi, As. 


Appendix III 
Analyses for Nitrogen, Hydrogen, and Oxygen 


Elements Alloyed Percentage 

Melt No. with Iron Melted in Nitrogen Hydrogen Oxygen 
361 none helium 0.002 0.00000 0.06 
362 none nitrogen 0.016 0.00009 0.045 
226 Mn helium 0.003 0.00003 0.008 
269 Mn nitrogen 0.013 0.00000 0.028 
352 Cu helium 0.001 0.00010 0.05 
287 Cu helium 0.001 0.00000 0.06 
236 Cr-Mn-Ni helium 0.002 0.00007 0.022 
487 Cr-Mn-Ni helium 0.004 0.00010 0.027 
489 Cr-Mn-Ni helium 0.001 0.00009 0.009 
491 Cr-Mn-Ni helium 0.001 0.00007 0.009 


These analyses were performed by vacuum fusion methods by Dr. S. E. Q. Ashley at the 
laboratories of General Electric Company. 


Appendix IV 
Analyses for Nitrogen by Different Methods 


Kjeldahl Method Fuming 
Melt 2 ——— Beeghly— -- Vacuum Fusion Solution 
No. Type of Steel 6. Bur. Std. Bur. Std. G.E. Bur. Std. 
237 Synthetic SAE 3312 
without C, melted 
under helium 0.0003 0.0003 0.001 0.002 0.002 
243 As above except melted 
under nitrogen 0.007 0.007 gt ele 0.034 
SAE 3312 Commercial 
steel 0.003 0.003 0.01 ee 0.011 


Analyses in the first column were performed at the University of California; those in the 
second, third, and fifth columns at the Bureau of Standards; that in the fourth column at the 
General Electric Company's laboratories. 
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DISCUSSION 


Written Discussion: By B. C. Woodfine, senior scientific officer, 
Metallurgy (General) Division, British Iron & Steel Research Association, 
Sheffield, England. 

The authors and their co-workers are to be congratulated on the 
immense amount of valuable data which they have presented in this paper. 
[In fact, the authors have not done themselves justice in compressing all 
their results into so brief a space. 

One major criticism which can be made of the results as presented in 
this paper is that there is no indication of the type of brittle fracture 
found in the embrittled specimens of the different alloys. As pointed out 
elsewhere* * temper brittleness can only be said to have occurred if the 
brittle fractures are partly or wholly intercrystalline. The discussion to 
follow assumes that intergranular temper brittleness has taken place in all 
alloys except the Fe-C alloys and possibly the high nickel and high man- 
ganese alloys. If this is not so, then different conclusions may be drawn. 

There are several points arising from the paper which I should like to 
discuss and the first of these is the conclusion drawn by the authors that 
“if temper brittleness is due to a precipitate, that precipitate is likely to 
be an iron-carbon compound”. I would like to suggest that temper brittle- 
ness is not due to the precipitation of a compound, and is not associated 
with an iron-carbon compound. Recent work using the electron micro- 
scope* * has shown that there is no sign of an intergranular precipitate 
in temper-embrittled steels and that the dark-etching lines produced by 
various etchants in these steels are continuous grooves and not precipi- 
tated films. The published electron micrographs show that the carbide 
particles in both tempered martensite and pearlite are standing proud 
from the matrix and it is clear that they are not related to the grain 
boundary grooves. As has been pointed out elsewhere’, no reliable metal- 
lographic evidence has ever been presented to demonstrate the presence 
of a grain boundary precipitate associated with temper brittleness, and 
the electron micrographs would appear to be conclusive in this respect. 
However, even if temper brittleness is not due to a precipitate, presumably 
it could still be associated with an iron-carbon compound. If this were so, 
then it is difficult to see why an iron-carbon alloy with 0.17% carbon is 
not susceptible to embrittlement, whereas an Fe-Cr-Mn-C alloy with 
0.17% carbon is. From this result I would draw the very opposite con- 
clusion to that of the authors, and suggest that the most significant point 
about the results in Table II is the decrease in embrittlement observed 
on increasing the carbon content. This, it shculd be noted, is the reverse 


2E. Orowan, Discussion of “‘Temper Brittleness of Plain Carbon Steels’, by L. D. 
Jaffe and D. C. Buffum, Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 185, November 1949, p. 880. 


8B. C. Woodfine, “Some Aspects of Temper-Brittleness”’, Journal, Iron and Steel Insti- 
tute, Vol. 173, March 1953, p. 240. 


4D. McLean, Joint Discussion on the Papers: ‘‘Temper-Brittleness: A Critical Review 
of the Literature”, by B. C. Woodfine; “‘Some Aspects of Temper-Brittleness”, by B. Cc. 
Woodfine; ““Temper- Brittleness in High-Purity Iron-Base Alloys”’, by A. Preece "and R. D. 
Carter; “Effect of Arsenic and Antimony on Temper-Brittleness’, by G. W. Austin, A. R. 
Entwisle and G. C. Smith, Journal, Iron and Steel Institute, Vol. 174, August 1953, p. 360. 


5B. C. Woodfine, ‘“‘Temper-Brittleness: A Critical Review of the Literature’, Journal, 
Iron and Steel Institute, Vol. 173, March 1953, p. 229. 








1954 DISCUSSION—TEMPER BRITTLENESS 1313 


effect to that observed in the Fe-C-Cr-Ni-Mn alloys in Table IX. I think 
that the authors are quite correct in attributing the embrittlement in the 
Fe-C alloys to an iron-carbon compound, but that their other results show 
quite clearly that this is not true in the remaining alloys. The most 
plausible explanation for the results in Table II is that FesC is precipi- 
tating at the grain boundaries on slow cooling from 600°C (1110°F) and 
these carbide films are responsible for raising the transition temperature. 
However, as has been shown by Bruckner® and by Allen, Rees, Hopkins 
and Tipler’, grain boundary carbide films initiate cleavage, not intergranu- 
lar fracture, and so this provides an easy method of checking whether the 
embrittlement in the low carbon alloys of Table II is temper brittleness 
or not. There is one other possible explanation of the results and that is 
intergranular embrittlement due to oxygen*®. This is unlikely in view of 
the carbon contents, but the oxygen level of 0.06% reported for an Fe-C 
alloy in Appendix III is very high. What were the oxygen contents of 
the alloys in Table Il? If they increased with decreasing carbon content, 
then this would be very significant. The decreasing embrittlement with 
increasing carbon content would be explained on the carbide theory by 
the greater number of carbide nuclei available for precipitation and the 
consequent decrease in the number of carbide films. 

The next point I should like to raise is the question of measuring the 
embrittlement. In considering the results obtained for the high purity 
SAE 3312 steel, the authors apparently prefer to use the difference be- 
tween the reciprocals of the transition temperatures as a measure of the 
embrittlement and refer to a claim made by Brown’ that the value so 
obtained is independent of the testing method. A simple experiment car- 
ried out by the writer during a recent investigation into temper brittleness 
demonstrates that this claim is not correct. Using normal Charpy V- 
notch specimens (10 by 10 by 55 mm) the fracture energy/testing temper- 
ature curves were obtained for quenched and tempered specimens of a Ni- 
Cr steel with and without temper embrittlement. Subsequently a number 
of the unbroken specimens from each group were ground down so that 
the thickness behind the notch was reduced by half, and the fracture 
energy curves for these substandard specimens (10 by 6 by 55 mm) were 
determined. It was found that although the transition temperatures (de- 
fined as the lowest testing temperature at which the fracture was 100% 
ductile) were 15°C lower for each group of the substandard specimens, 
the displacement of the transition temperature produced by temper em- 
brittlement was the same, 153 °C, for each specimen size. Using the cri- 
terion suggested by Brown, the embrittlement would appear to have been 
increased by the decrease in specimen size, and this is clearly impossible. 
The problem of interpreting the displacement of the fracture energy curves 
in terms of fundamentals is obviously very difficult although an attempt 





_ °W. H. Bruckner, “The Micro-Mechanism of Fracture in the Tension-Impact Test”, 
Welding Journal, Vol. 29, September 29, 1950, p. 467-s. 


"N. P. Allen, W. P. Rees, B. E. Hopkins and H. R. Tipler, “‘Tensile and Impact 
Properties of High-Purity Iron-Carbon and Iron-Carbon-Manganese Alloys of Low Carbon 
Content”, Journal, Iron and Steel Institute, Vol. 174, June 1953, p. 108. 


8W. P. Rees and B. E. Hopkins, “Intergranular Brittleness in Iron-Oxygen Alloys’, 
Journal, Iron and Steel Institute, Vol. 172, December 1952, p. 403. 


°N. Brown, Thesis, 1952, University of California, Berkeley, Calif. 
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has recently been made to show how the transition temperature and 
changes therein can be related to the mechanical properties of the steel® °. 
It has been demonstrated experimentally that temper brittleness reduces 
the brittle fracture strength of the susceptible steels, and a diagrammatic 
indication has been given to show how the resulting displacement in tran- 
sition temperature depends on the slope and position of the yield stress/ 
strain/temperature surface®. Although there will be a tendency for the 
displacement in transition temperature corresponding to a given fall in 
brittle fracture strength to be greater as the original transition tempera- 
ture is raised, this depends very much on the slope of the yield stress 
surface, and a simple correlation with the transition temperature is not 
possible. 

If the simple displacement of the transition temperature produced by 
temper brittleness is taken as a measure of the embrittlement, then the 
high purity SAE 3312 alloy is less susceptible than the commercial alloy. 
In view of this, it is very surprising that the authors claim there is no 
evidence that removal of the impurities reduces the embrittlement. In 
fact their later results prove that at least one of the impurities, phos- 
phorus, has a very considerable effect on the embrittlement. The phos- 
phorus contents of the high purity and commercial SAE 3312 alloys are 
0.002 and 0.012% respectively, and the effect of such a difference can be 
inferred from the results for the first two alloys in Table X. The results 
in Table X clearly disprove the authors’ previous assumption that impuri- 
ties are not a major cause of embrittlement. 

This question of impurities may be linked with the next observation, 
which is that close examination of the various tables reveals a number of 
anomalous resultc. In Table I the alloy “minus Ni’ melted under helium 
shows an embrittlement of 20°C*, whereas the same alloy melted under 
nitrogen is apparently not susceptible to temper brittleness; in Table V 
the alloy with 0.75% chromium is embrittled, while the higher chromium 
alloys are not; in Table VII the alloy containing 0.20% carbon, 1.5% 
chromium, and 3.1% nickel is susceptible to temper brittleness although 
similar alloys with both higher and lower carbon contents are not; in 
Table VIII an alloy with 3.6% nickel and 0.6% manganese showed an 
embrittlement of 20 °C, whereas one with 3.5% nickel and 0.5% manganese 
was not affected; finally in Table IX it appears from the first two alloys 
that an increase in carbon content of as little as 0.002% has a tremendous 
effect on the susceptibility of the alloy. There are also unexplained varia- 
tions in the transition temperatures reported for the unembrittled steels. 
In Table IV the unembrittled alloy with 6.0% manganese and 0.14% car- 
bon has a very low transition temperature as compared with the other 
high manganese alloys, the comparison with the alloy immediately below 
it on the table being particularly striking; in Table VIII the eighth, ninth 
and tenth alloys have transition temperatures of —80, —120 and —100 °C, 
and these appear to have no relation to the reported composition of the 
alloys; in Table LX alloy number six with 0.10% carbon has a very much 
lower transition temperature than the alloys with either 0.08% or 0.22% 
carbon. All these various anomalies suggest that one or more factors 


*Measured as the displacement of the transition temperatures. 
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have been left out of account in considering the results. I presume that 
the phosphorus contents were more or less the same in the various melts, 
as this would have an appreciable effect on temper embrittlement, as can 
be seen from Table X. Oxygen is one element which does not appear to 
have been accurately controlled, the values in Appendix III ranging from 
0.06 to 0.008%, and it is possible that this has had an effect, particularly 
on the transition temperature, of the unembrittled alloy®. As the carbon 
contents of many of the anomalous alloys are not very different from the 
other alloys, the question of hardenability would not appear to be impor 
tant, and variations in the impurity content seem to be the only possible 
explanation of the differences referred to above. It would be very valu- 
able if the authors reconsidered their results from the point of view of 
the small amounts of residual impurities in the alloys to see if there was 
any correlation. 

In this context it may be pointed out that Preece and Carter”, who 
also used high purity materials, have obtained results which disagree in 
two particulars with those of the authors. They found that even after 
holding for 670 hours at 500°C (930°F) a 4% nickel steel was not embrit- 
tled, and that with the same treatment a 2.6% chromium steel showed an 
embrittlement of 20°C. The authors’ results showed that a 4.2% nickel 
steel was embrittled on slow cooling, whereas a 3% chromium steel was 
not. The results for the chromium steels might be explained by the very 
much longer embrittling time used by Preece and Carter, although this 
cannot apply to the nickel steels. Again it would appear that such differ- 
ences with nominally pure materials can only be explained by the unde- 
tected influence of small amounts of impurities. 

The authors claim that the final tempering temperature of 600°C 
(1110°F) was below the austenite range for all specimens. However, 
from the equilibrium diagrams given in ASM Merarts Hanppooxk™ it would 
appear that at 600°C (1110°F) the Fe-C-Ni alloys with more than 6.0% 
nickel would have been in the a+ vy field, and similarly the Fe-C-Mn 
alloys with more than 5% manganese should have consisted of a+7¥+ 
carbide at 600°C (1110°F). Did the authors check these high alloy speci- 
mens metallographically or by X-rays for the presence of austenite after 
tempering? Dilatometric results are frequently misleading as a result of 
the slow rate of formation of austenite just above the Ae temperature. 

From the results in this paper combined with those obtained by pre- 
vious workers we have the position that the alloys which are not suscepti- 
ble to temper brittleness include Fe-C, Fe-C-Ni, Fe-C-Cr, Fe-C-P, while 
those that are susceptible include Fe-C-Mn, Fe-C-Cr-Mn, Fe-C-Ni-Mn, 
Fe-C-Cr-Ni-Mn, Fe-C-Cr-P, Fe-C-Ni-Cr-P, and Fe-C-Ni-P, with Fe-C- 
Ni-Cr being doubtful. Thus there are two groups of susceptible alloys 
those containing manganese and those containing phosphorus together 
with either chromium, manganese or nickel. This implies that in commer- 
cial nickel-chromium steels which also contain manganese and phosphorus 
there are two mechanisms of embrittlement occurring simultaneously, one 


A. Preece and R. D. Carter, ‘““‘Temper-Brittleness in High-Purity Iron-Base Alloys’”’, 
Journal, Iron and Steel Institute, Vol. 173, April 1953, p. 387. 


1“*MeTaALs HANDBOOK’”’, 1948 edition, American Society for Metals, Cleveland. 
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associated with manganese and (presumably) carbon, the other with phos- 
phorus and chromium (or nickel). It would be expected that the kinetics 
of these two processes would be different and it would be interesting, 
therefore, to examine the isothermal embrittlement characteristics of, say, 
a pure manganese alloy and a pure chromium-phosphorus alloy. Further 
work with pure materials is also desirable to clear up the effect of such 
elements as molybdenum, vanadium and tungsten. At the moment the 
most promising line of attack to establish the mechanism of temper brit- 
tleness would appear to be the use of radidactive tracers in pure alloys. 

Written Discussion: By Leonard D. Jaffe, Watertown Arsenal Labo- 
ratory, Watertown, Mass. 

There have been two reports” “ in the European literature that very 
small percentages of antimony cause severe temper brittleness. If the 
authors can give the per cent of antimony that would have been detected 
by the spectroscopic method used, this would be of much value in deter- 
mining whether temper brittleness can be generally attributed to antimony. 

Also, there has been disagreement as to whether the embrittlement 
observed in plain carbon steels should be called “temper brittleness” (7). 
This disagreement centers on the path of fracture in specimens broken 
below the transition temperature range. Was the path of fracture for the 
binary iron-carbon alloys, in the two conditions of heat treatment, trans- 
granular or intergranular? 


Authors’ Reply 


We wish to thank Mr. Woodfine for his interesting and cogent dis- 
cussion of our paper. Our work has been based on the impact test, with 
only minor attention being given to microscopic work. The microscopic 
work showed that while many of the embrittled specimens had clear inter- 
granular fractures, others did not show them clearly. 

We chose to concentrate our efforts on the impact test because it 
appeared to be objective and to show which chemical compositions became 
temper brittle under our conditions of treatment, which was our major aim. 

Our definition of temper brittleness is the historic one, an embrittle- 
ment caused by tempering at moderately high temperatures. It seems to 
us that any steel which loses impact strength under our conditions of test 
must be said to be “temper brittle’. There may be more than one cause 
for this phenomenon. If one cause leads to transcrystalline fracture and 
another to intercrystalline fracture, we would prefer to classify them as 
two varieties of temper brittleness rather than saying that only one of 
them is “temper brittle’, while leaving the other phenomenon unnamed. 

We would not hold any brief for the theory that temper brittleness 
is caused by precipitation of a phase. Our statement, “If embrittlement 
is due to a precipitate, etc.” was not meant to indicate that this was, in 
our minds, more than a possibility. 

We do not feel capable of judging whether the high purity synthetic 
SAE 3312 has been proved by our tests to be more or less susceptible to 





2H. Jolivet and G. Vidal, ‘Value of the Resilience Test for the Study of Temper Brit- 
tleness’’, Revue de Metallurgie, Vol. 41, 1944, p. 378-388 and 403-408. 

8G. W. Austin, A. R. Entwisle and G. C. Smith, “Effect of Arsenic and Antimony on 
Temper Brittleness’’, Journal, [ron and Steel Institute, Vol. 173, 1953, p. 376-386. 
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temper embrittlement than commercial SAE 3312. We are impressed by 
the fact that after removal of most of the impurities the steel is still 
highly susceptible. We incline to the belief that if impurities were the 
major cause of embrittlement, the great reduction in them in our specimens 
would have led to a less susceptible high purity steel. It must be granted 
that addition of phosphorus will make certain compositions of steel sus- 
ceptible to temper embrittlement which are otherwise immune. However, 
in most of our specimens the phosphorus content is only about 0.002%. 

It is true that various of our results are anomalous. Considering the 
difficulties of obtaining reproducibility in this field, we have been excep- 
tionally pleased with the reproducibility we have obtained. Anomalous 
results may, of course, be due to variations in chemical content of minor 
constituents. We can only say that our melts were made from the same 
lots of electrolytic iron and the other constituents and were melted under 
helium as far as possible in the same way. Numerous spectrographic 
analyses did not reveal significant changes in the amounts of impurities. 

In our alloys we believe austenite was not formed at 600°C (1110°F), 
possibly because Ac; was higher than A, under our conditions. 

We cannot follow the argument based on the statement that, “alloys 

not susceptible to temper brittleness include Fe-C, Fe-C-Ni, Fe-C-Cr, 
Fe-C-P”. The first two of these systems at certain compositions experi- 
ence decided loss of impact strength during the embrittlement treatment, 
while the last we did not test. 

In reply to Dr. Jaffe, antimony lines are absent in the spectra of our 
steels and in the spectra of the raw materials. Unfortunately, the spec- 
trographic method is not particularly sensitive for antimony. Our spec- 
trographer, George Gordon, feels certain that any antimony content above 
0.03% would be detected. We have no reason to believe the antimony 
content is not far less than this figure. 

Unfortunately, we cannot answer the question concerning the fracture 
in the binary iron-carbon alloys. We are sending to him some of our 
specimens in the hope that he will study them and give us his decision. 








ROLES OF ALUMINUM AND NITROGEN 
IN GRAPHITIZATION 


By E. J. Duis anp G. V. SMITH 


Abstract 


From observations that addition of nitrogen inhibited 
graphitization of a high purity tron-carbon alloy, that 
aluminum is not necessary for graphitization of high purity 
iron-carbon alloys, and that graphitization susceptibility 
of steels of commercial purity containing nitrogen and 
aluminum was decreased directly with increase of un- 
combined nitrogen, it is concluded that: (a) nitrogen 1n- 
hibits the breakdown of cementite to graphite; and (b) 
aluminum promotes graphitization through its role as a 
scavenger for nitrogen. 


KMENTITE (iron carbide, FesC) is thermodynamically un- 
¢ stable with respect to graphite and alpha iron below the eutec- 
toid temperature and with respect to gamma iron and graphite from 
the eutectoid to the eutectic temperatures (1)'. Two of the most 
important factors controlling the breakdown of cementite in commer- 
cial carbon steels are the aluminum content, shown by many investi- 
gators (2) to enhance graphitization, and nitrogen content, which 
inhibits graphitization when present in sufficient quantity (3). Since 
graphitization proceeds by nucleation and growth, the former being 
considered the more important, it is important to study the effects of 
aluminum and nitrogen on formation of nuclei. From previous work 
in this Laboratory (3), two possibilities seemed to exist, namely: 
(a) residual, or dissolved, aluminum (not the reaction products 
AlgOx or AIN) acts directly by some unknown mechanism to promote 
the inversion of carbide to graphite and ferrite; or (b) nitrogen is a 
stabilizer of cementite, or inhibits its decomposition, and aluminum 
is effective in promoting graphitization only because it ties up or 
“scavenges”’ the nitrogen. 


MATERIAL AND PROCEDURE 


Eight experimental heats of eutectoid carbon steel were prepared 
in a small induction furnace; one group contained on the order of 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. The authors, E. J. Dulis and G. V. Smith, are 
associated with the Research Laboratory, United States Steel Corp., Kearny, 
N. J. Manuscript received March 13, 1953. 
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0.005% nitrogen and low, medium and high aluminum contents, and 
the other group contained higher nitrogen and the same varying 
aluminum contents, Table I. The two extra heats were melted in an 
effort to approach closer to desired compositions. 


Table I 
Composition of Test Steels 


Mn P S Si N* Al* 


Steel Cc 

A 0.75 0.56 0.023 0.9017 0.17 0.005 0,002 
B 0.75 0.55 0.021 0.017 0.18 0.005 0.071 
C 0.74 0.55 0.022 0.016 0.18 0.005 0.170 
D 0.80 0.59 0.023 0.017 0.17 0.008 0.001 
E 0.79 0.56 0.023 0.019 0.16 0.008 0.060 
F 0.74 0.52 0.021 0.018 0.16 0.010 0.153 
G 0.80 0 53 0.023 0.021 0.15 0.010 0.022 
H 0.80 0.52 0.023 0.021 0.15 0.012 0.060 


~ *Soluble in 1:1 HCl: H:0. 


From previous studies (3) it was known that carbon steel is most 
susceptible to subsequent graphitization when the initial microstruc- 
ture is martensitic; therefore, the first treatment selected for graphi- 
tization of the eight steels was a brine quench from 1600 °F (870 °C) 
[the austenitizing temperature which is most effective in promoting 
subsequent graphite formation (3)] followed by a 10-day heat treat- 
ment at 1200 °F (650°C). 

To determine the effect on graphitization of varying the amount 
of dissolved and undissolved aluminum and nitrogen, samples of the 
four steels (B, C, E and F) that showed the greatest quantity of 
graphite in the initial test were either brine-quenched directly from 
2100 °F (1150°C) after holding for 1 hour in vacuum, or first 
quenched from 2100 to 1400 °F (1150 to 760 °C), held for 2 hours 
to facilitate formation of AlN, and brine-quenched. The eight sam- 
ples were then graphitized for 10 days at 1200 °F (650 °C). 

A sample of carbonyl iron strip was used to study the influence 
of nitrogen on a purified iron-carbon alloy, i.e., containing no alumi- 
num and a minimum of other elements. It was approximately 0.2 
mm thick, and is reported to have the following impurities: Si, 0.008 ; 
Ni, 0.017; O, 0.012; Mn, Ti, Co, Mo, Cr, Ge <0.001; Cu, Al, Pb, 
B, none. It was carburized to 0.5% carbon by weight in a CH4-He 
atmosphere by R. P. Smith for equilibrium studies of iron-carbon 
alloys (4). The carburized alloy contained less than 0.001% nitro- 
gen. One sample, I, was austenitized for % hour at 1600°F (870 

C) in a sealed Vycor tube with a titanium getter, and brine- 
quenched. Another sample, J, was heated at 1400°F (760°C) in 
nitrogen at a pressure of one atmosphere for 18 hours, a time con- 
sidered long enough to establish equilibrium. From the relation found 
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by Darken et al (5) for the nitrogen content of austenite in equilib- 
rium with gaseous nitrogen at one atmosphere pressure, 


[Pct. N] = 0.0404 — 1.2 x 10° T Equation 1 


the amount of nitrogen in sample J was calculated to be 0.03%. The 
specimen was then austenitized at 1600 °F (870°C) for ™% hour in 
a sealed Vycor tube and brine-quenched. Both samples were graph- 
itized for 10 days at 1200°F (650°C). A spectrographic analysis 
was made of the nitrided sample (to insure that no aluminum or 
silicon had been picked up) with the following results: Al, not 
detected; Mn <0.05; Si 0.0055; Ti <0.001; Ni 0.132; V 0.009; 
Sn <0.005; Cu <0.01; Cr <0.006; Mo <0.002. Since the nickel 
content was unaccountably higher than reported for the carbonyl] iron, 
a chemical as well as spectrographic check was made on another car- 
burized sample (since there was not enough of the nitrided sample). 
These confirmed the high level of nickel and indicate that the nickel 
was either higher than reported in the carbonyl iron or had been 
picked up in the carburizing treatment rather than during nitriding. 

To investigate the effect of graphitizing time on the iron-carbon 
alloy, samples were austenitized for % hour in vacuum at 1600 °F 
(870 °C), brine-quenched and heated for 2 and 24 hours at 1200 °F 
(650 °C). 


RESULTS 


Microscopic examination of the eight experimental steels after 
they had been quenched from 1600 °F (870°C) and then heated for 
10 days at 1200 °F (650°C) showed that the only steels which did 
not exhibit appreciable graphite were those containing relatively low 
aluminum contents (A, D and G). 

From previous studies (3) it is known that graphitization is 
influenced by prior austenitizing temperature, that a maximum num- 
ber of graphite nodules forms after austenitizing at 1600 °F (870 °C) 
and that the number decreases with increasing temperature. Recent 
work (5) on the reaction AIN (solid) = Al-+ N in carbon steel in 
the temperature range in which the steel is austenitic showed that 
the relation between equilibrium constant K, (which is the solubility 
product [Al %] [N %]) and temperature*could be represented by 
the following equation: 


log Ks = — 7400 + 1.95 Equation 2 
T 


Using this relationship, the solubility product K, was calculated for 
the austenitizing temperatures studied in the present graphitization 
investigation. It is believed that the holding time of 2 hours at 
1400 °F (760 °C) following the 2100 °F (1150 °C) treatment is long 
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enough for the formation of the equilibrium amount of AIN. When 
total nitrogen and aluminum soluble in 1:1 HCl: H2,O and the 
solubility product for AIN are known, the amount of nitrogen and 
aluminum combined as AIN can be determined at any temperature 
in the austenitic range by the following relationship: 
(Total Nitrogen, Nx — combined Nitrogen, Nc) 
(Total Aluminum, Alc — combined Aluminum, Alc) = Ks 

As the combined nitrogen and aluminum are in the compound AIN, 
the combined aluminum is related to the combined nitrogen by the 
weight ratio, or 

(7) Nc = Ale. 

(14) 
Subtracting the calculated combined aluminum and nitrogen from the 
total gives the amounts in solution. 

The calculated quantities of aluminum and nitrogen in solution 
in the austenite prior to the brine quench and graphitization treat- 
ment are given in Table II; Fig. 1 shows the effect on subsequent 
graphitization of the two different heat treatments. Considerably 
less graphite forms after the 2100 °F (1150 °C) treatment than after 
the 2100 to 1400 °F (1150 to 760 °C) brine quench treatment, and, 
by inspection of the results listed in Table II, it is apparent that these 
heat treatments varied the amount of nitrogen in solution appreciably 
but varied the quantity of aluminum in solution by only a small 
degree. 

The results of the investigation of the influence of nitrogen on 
a purified iron-carbon alloy are shown in Fig. 2. Complete graph- 
itization occurred in the specimen that contained less than 0.001% 
nitrogen, as shown by the ferrite and graphite of Fig. 2a, whereas 
no graphitization occurred in the specimen having approximately 
0.03% nitrogen, Fig. 2b, ferrite and cementite. Both specimens had 
similar graphitization heat treatments, i.e., 1600 °F (870°C) quench 
plus 10 days at 1200 °F (650°C). Further annealing of the nitrided 
sample for 750 hours at 1200 °F (650°C), sealed in air in a Vycor 
tube, did not bring about graphitization, and resulted only in the 
development of large carbide particles. 

Results of shorter graphitizing times of 2 and 24 hours at 1200 
°F (650°C) for the iron-carbon alloy with very little nitrogen 
(<0.001%) are shown in Fig. 3. After 2 hours the specimen was 
partially graphitized, ferrite with cementite and graphite as shown in 
Figs. 3a and 3c; in general, graphitization appears to start in the 
center of the specimen. Figs. 3b and 3d show complete graphitization 
after 24 hours, the distribution of graphite being uniform across the 
cross section of the specimen. 
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Table II 


Variation of Combined Aluminum and Nitrogen and Graphitization Susceptibility 


With Austenitizing Treatment 





Solubility Relative 
Austenitizing Product Alr N1 AIX N Alc Ne Alin N in Quantity 
Steel Treatment, °F Ks %* %* x 10+5 %§ %§ Soln.§ Soln.§ of Graphite? 
A 1600 © 3.1K 10-5 0.002 0.005 1.0f None None 0.002 0.005 None 
3 1600 O 3.1 10-5 0.071 0.005 35.5 0.0086 0.0045 0.0624 0.0005 Appreciable 
( 1600 O ek ek Om 0.005 85.0 0.009 0 0047 0.161 0.0003 Appreciable 
D 1600 O 3.1* 10-5 0.001 0.008 0.8t None None 0.001 0.008 None 
E 1600 © 3.1* 107-5 0.060 0.008 46.4 0.0141 0.0073 0.044 0.0007 Appreciable 
Kk 1600 O 3.11075 0.153 0.010 168.3 0.0205 0.0106 0.1325 0.0004 Appreciable 
G 1600 O 3.1 10-5 0.022 0.010 22.0 0.013 0.007 0.009 0.003 None 
H 1600 QO 3.1K 107-5 0.060 0.012 72.0 0.0214 0.0111 0.039 0.0009 Appreciable 
; 2100—+1400 O 6.2 10-§ 0.071 0.005 35.5 0.0095 0.0049 0.062 0.0001 Appreciable 
3 2100 O 54.0 107-5 0.071 0.005 35.5f None None 0.071 0.005 Trace 
2100—+1400 O 6.3=x 36°° : O47 0.005 85.0 0.009 0.0049 0.161 0.0001 Appreciable 
2100 O 4.0% 10°" @.37 0.005 85.0 0.0025 0.0013 0.168 0.0037 Trace 
2100-1400 O 6.2* 107% 0.058 0.008 46.4 0.015 0.0079 0.043 0.0001 Trace 
2100 QO 54.0 10-5 0.058 0.008 46.4I None None 0.058 0.008 Some 
2100-1400 O 6.2107 0.153 0.011 168.3 0.021 0.0109 0.132 0.0001 Appreciable 
| 2100 O 54.0 1075 0.153 0.011 168.3 0.0135 0.007 0.1395 0.004 Little 
*“Soluble in 1:1 HCl: H20. 
+Estimated from microstructure after graphitizing 10 days at 1200°F (650°C). 
tSolubility product not exceeded. 








Fig. 2 


Iron-Carbon 


Alloys Quenched From 


1600 °F 


(87 


0 °C) 


and Heated 





at 


1200 °F (650 °C) 
and Graphite; (b) Contained Approximately 0.03% Nitrogen 


for 10 Days: (a) Contained Less Than 0.001% Nitrogen—Ferrite 


Ferrite and Cementite. 


Nital etch. > 500. 


DISCUSSION 


Steels with low aluminum content (A and D) that did not 
graphitize after the 1600°F (870°C) austenitizing treatment con- 
tained no AIN as determined by Equation 2. This suggests the 
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Fig. 3—Purified Iron-Carbon Alloy (<0.001% N) Austenitized at 
1600 °F (870°C), Brine-Quenched, and Graphitized at 1200°F (650 °C) 
for 2 Hours (a and c) and 24 Hours (b and d). Nital etch. a and b, 
< 100; c and d, X 500. 


possibility that AIN may be the nucleating factor in graphitization. 
However, this is disproved by the fact that Steel G which also did 
not graphitize presumably did contain AIN; moreover, it is also 
known that nitrogen diffusing into steel containing aluminum, thereby 
forming AIN with the aluminum in solution, will inhibit its subse- 
quent graphitization (3). Another possibility of the role of alumi- 
num in promoting graphitization may lie in the fact that it combines 
with nitrogen to render the steel very low in uncombined nitrogen. 
Examination of Fig. 1 and Table II supports this hypothesis, i.e., 
the steels with higher nitrogen in solution are less prone to graphitize. 

The direct approach of investigating the effect of nitrogen by 
subjecting to the same graphitizing treatment purified iron-carbon 
alloys with and without added nitrogen showed that the presence of 
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Fig. 3—Purified Iron-Carbon Alloy (<0.001% N) Austenitized at 
1600 °F (870°C), Brine-Quenched, and Graphitized at 1200 °F (650 °C) 
for 2 Hours (a and c) and 24 Hours (b and d). Nital etch. a and b, 
x 100; c and d, X 500. 


nitrogen in solution effectively inhibited graphitization, and, more- 
over, that if nitrogen were low enough, the steel graphitized even 
though no aluminum was present. That purified iron-carbon alloys 
will graphitize has previously been shown by Wells (6). 

Partial graphitization of purified iron-carbon alloy in 2 hours and 
complete graphitization in 24 hours is considerably faster than the 
rate at which commercial carbon steels graphitize. It is also inter- 
esting to note the absence of carbide in areas adjacent to graphite 
nodules, Fig. 3c. In steels (which contain other elements such as 
manganese, silicon, etc.) this pronounced carbide-free area is not 
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Fig. 4—Steel E Brine-Quenched After Cooling From 2100 to 1400 °F 
(1150 to 760 °C), Plus 10 Days at 1200°F (650°C). Nital etch. X 500. 


usually observed, Fig. 4. A possible explanation for this behavior 
in steels is that the more stable carbides may have been enriched 
during graphitization in an element such as manganese causing an 
increase in resistance to decomposition. 

The effectiveness of nitrogen in inhibiting graphitization, as re- 
ported previously (3), and confirmed by the experiments described 
in this paper, is clearly of practical, commercial interest. In turn, 
the discovery is supported by the generally known superior resistance 
to graphitization of bessemer steels, which are higher in nitrogen 
than open-hearth steels. Of special interest in this connection is the 
finding in the Lorain exposure program of the National Tube Divi- 
sion, U. S. Steel Corporation, that a low carbon capped bessemer 
steel* had not shown graphite in 34,000 hours exposure at 1050 °F 
(565 °C), whereas a similar capped open-hearth steel* had developed 
graphite before 10,000 hours exposure. Photomicrographs of these 
steels exposed for 34,000 hours are shown in Fig. £ 


SUMMARY 


The role of aluminum in promoting graphitization in steel was 
found to be that of a scavenger for nitrogen which by some means 
either stabilizes or inhibits the breakdown of cementite. A purified 


$3 C Mme? S nace eae a uw Ge 


"Capped bessemer 0.10 0.55 0.077 0.028 0.004 0.010 0.001 0.005 0.016 0.01 
Capped open-hearth 0.09 0.40 0.008 0.030 0.006 0.016 0.004 0.003 0.005 0.01 
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Fig. 5—Occurrence of Graphite in Capped Open-Hearth Steel (a, b, c) and Its 
Absence in Capped Bessemer Steel (d, e, £) Exposed for 34,000 Hours at 1050 °F 
(565 °C). (a and d) Unexposed picral etch, « 1000; (b and e) Exposed nital etch, 
xX 100; (c and f) Exposed; (c) Nital etch; (f) Picral etch, x 1000. 
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iron-carbon alloy low in nitrogen (<0.001%) and containing no 
detectable aluminum graphitized readily, whereas the same alloy con- 
taining nitrogen (approximately 0.03%) did not form any graphite 
after the same heat treatment. 

The quantity of graphite formed in commercial steel is controlled 
to some extent by the prior austenitizing treatment, which determines 
the amount of aluminum and nitrogen in solution. 
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DISCUSSION 


Written Discussion: By Floyd Brown, research associate professor, 
Department of Engineering Research, North Carolina State College, 
Raleigh, N. C. 

The effect of the individual elements on the several graphitization 
reactions is bewilderingly complicated, as a perusal of the literature on 
cast irons will show, and any contribution to unraveling the mechanisms 
of carbide stabilization by alloying elements cannot help but be useful in 
gaining an ultimate understanding of the subject. 

Could the authors furnish oxygen analyses for the steels used in their 
study or comment on their reasons for not mentioning the variation in 
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residual oxygen? It is somewhat surprising that in both the present paper 
and that of Hall and Fletcher? attention has been focused upon the de- 
nitrogenizing action of aluminum to the exclusion of mention of its de- 
oxidizing action. The data of Hall and Fletcher actually show that the 
stability of the steels increases directly with the oxygen content (except 
for a steel high in manganese, itself long known to the malleable iron 
metallurgist as a strong suppressor of subcritical graphitization). The 
effect of small amounts of residual oxygen in stabilizing carbides in cast 
irons (even high in silicon) has been well attested, and any information 
the authors can bring on its effect on the stability of carbides in steel 
would be of interest. 

The concept of solution of AIN at high austenitizing temperatures 
and its precipitation at lower temperatures provides for an explanation of 
some of the data published by Dennis*. He, however, noted that the 
stabilizing effect of a (solution?) treatment above 1975°F (1080°C) could 
also be observed by treating below about 1795°F (980°C), though be- 
tween these temperatures some process (precipitation of AIN?) promoted 
much faster graphitization. Would the authors care to speculate on a 
rationalization of the temperature optimum in Mr. Dennis’ data? 


Authors’ Reply 


As indicated by the title of our paper, we were studying the inter- 
relation of the effects of nitrogen and aluminum on graphitization, and 
hence the deoxidizing action of aluminum is irrelevant to the present 
work. [The possible effect of dissolved oxygen was considered in a pre 
vious paper (Ref. 3), the results of which led to the present study.] The 
conclusions of the present paper were reached on the basis of experiments 
in which the quantity of dissolved nitrogen was varied in individual steels 
by either heat treatment or nitriding. The picture that has developed for 
the interrelation of nitrogen and aluminum seems self-consistent and cor- 
roborates our previous work. 

In any event, we are unable to furnish analyses for dissolved oxygen 
for the steels, and in fact are unaware of any means whereby the oxygen 
content of steels deoxidized with aluminum could be determined. The 
fragmentary evidence regarding the solubility product of AlOs in molten 
steel indicates the amount of dissolved oxygen in equilibrium with alumina 
in molten steel to be very small. From this, one would judge that the 
solubility in solid steel would be immeasurably small; in contrast the 
change in solubility of AIN with temperature is readily measurable (Ref. 5 
of paper). It thus is not clear to us how it would be possible to study the 
effect of oxygen on graphitization of these steels in experiments such as 
those performed in the present work. In our previous work an effort was 
made to determine the effect of oxygen, but our efforts were unrewarded, 
owing to experimental difficulties. 

We are unfamiliar with the work on effect of oxygen in cast iron and 

2A. M. Hall and E. E. Fletcher, “‘An Investigation of the Role of Aluminum in the 
Graphitization of Plain-Carbon Steel’, Transactions, American Society of Mechanical Engi- 
neers, Vol. 73, 1951, p. 743-749. 


®W. E. Dennis, ‘‘Heterogeneous Nucleation of Graphite in Hypo-Eutectoid Steels’, 
Journal, Iron and Steel Institute, Vol. 171, 1952, p. 59-63. 
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therefore are unable to comment. Our first reaction, however, is one of 
skepticism, especially in respect to irons of high silicon content. 

We do not believe it possible to draw any conclusions regarding the 
role of oxygen on graphitization from the work of Hall and Fletcher, in 
view of the paucity of the data, the simultaneous variation of other varia- 
bles, and the fact that the oxygen values given in their paper could not be 
“residual”. 

We believe that the main thesis of the Dennis work, referred to by the 
discusser, is untenable and, in a discussion to that work’, have pointed out 
our reasons for questioning it. Dr. Leslie has also criticized this work 
irom another viewpoint’. For these reasons, and because the effects of 
nitrogen and microstructure, for example, do not appear to have received 
adequate attention, and for other reasons which it is not worthwhile to 
dwell upon here, we believe Dennis’ results must be viewed with question 
until they are checked. However, in respect to the portion of his results 
concerning an optimum in austenitizing temperature for maximum graph- 
itization [an observation that we had previously made (Ref. 3)], about 
which the discusser asks us to comment, it would appear that the obser- 
vations are not inconsistent with nitride precipitation, which would occur 
to a maximum extent at intermediate temperatures; at high temperature 
AIN would be increasingly soluble, whereas at low temperature the rate of 
precipitation of AIN would be correspondingly slow. 


‘E. J. Dulis and G. V. 


1953, p. 52. 


5W. C. Leslie, discussion, Journal, Iron and Steel Institute, Vol. 173, 1953, p. 31. 


Smith, discussion, Journal, Iron and Steel Institute, Vol. 173, 












TRANSVERSE MECHANICAL PROPERTIES OF SLACK- 
QUENCHED AND TEMPERED WROUGHT STEEL 


By JoHN VAJDA AND PAuL E. Bussy 


Abstract 


A method is presented for developing reproducible 
slack-quenched structures in heavy steel sections so that 
transverse mechanical properties obtained after the quench 
and temper may be indirectly associated with harden- 
ability data. The method is applied to several steel com- 
positions to indicate the separate and combined effects of 
boron and rare earth additions on tensile and impact prop- 
erties. The influence of degree of slack quenching on the 
transition temperature in the impact test is examined, and 
cooling rate data are provided so that the structures pro- 
duced on continuous cooling may be associated with par- 
ticular cooling rates. 


INTRODUCTION 


NDUSTRIAL experience has confirmed the principles of harden- 
l ability as applied to steel selection, and well-informed metallur- 
gists now agree that the mechanical properties of quenched and 
tempered engineering alloy steels depend less upon chemical compo- 
sition than on the proper combination of hardenability, heat treat- 
ment, and section size. The mechanical properties, especially tensile 
and impact properties, of all steels are essentially alike, independent 
of composition, over a wide range, providing they are fully quenched 
out. However, when a steel is slack-quenched’, there is considerable 
variation in these properties, the magnitude of which may depend on 
the composition of the steel. It is known that in some cases a small 
amount of slack quenching can be tolerated without an adverse effect. 
Although the importance of hardenability in predicting properties is 
well known, little attempt has been made to correlate hardenability 
with actual properties as they are obtained on continuous cooling. It 
is the purpose of this paper to describe a method whereby one can 


1A section is said to be slack-quenched when the microstructure contains decomposition 
products formed at temperatures above Ms. 


This study forms a part of a larger program sponsored by the Aeronautical Research 
Laboratory, Department of the Air Force, Wright Air Development Center, Wright- 
Patterson Air Force Base, Ohio, under Contract AF 33(038)-10218. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, John Vajda and Paul 
EK. Busby, are associated with the Metals Research Laboratory, Carnegie Insti- 
tute of Technology, Pittsburgh. Manuscript received April 8, 1953. 
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obtain progressively increasing amounts of slack-quenched structures 
and, after tempering, study the effect of these structures on mechan- 
ical properties. This method has been applied to several low alloy 
steels of various compositions. 


EXPERIMENTAL WorK 


One of the experimental problems that must be solved in study- 
ing structures formed on continuous cooling is reproducible develop- 
ment of structures in sections large enough to provide material for 
transverse test specimens. Variables, such as austenitizing tempera- 
ture, surface temperature, and specimen dimensions, must be very 
carefully controlled before one can rely on the data. The technique 
described in this article eliminates the effect of these variables insofar 
as all the material from which specimens were obtained for a given 
steel was treated simultaneously under identical conditions. 

Procedure—Basically the technique consists of end quenching a 
7 by 7-inch round section of the subject steel. This size was readily 
available and is large enough to provide ample material for transverse 
test specimens. ‘This section was partially cut into eight transverse 
slabs located at the mid-radius portion. A sketch showing the shape 
of the section and the manner of cutting is presented in Fig. 1. The 
saw cuts were made perpendicular to the radius and parallel to the 
rolling direction and extended until only ™% inch of the material 
remained. This remaining % inch of material served to keep the 
shape of the section intact and still provide a continuous surface for 
end quenching. This material is usually martensitic after quenching 
so that the slabs can be easily cracked off by simply inserting a chisel 
into the saw cuts and applying a small bending moment with a few 
hammer blows. In the event that the steel has a low carbon content 
and this remaining material is somewhat ductile, the slabs can be 
removed by a few minutes of saw cutting. In order to restrict lateral 
cooling to the air during end quenching, the section was fitted with 
a 44-inch thick cover such that only the bottom surface was exposed. 
An air gap of 3% inch was maintained between the cover and the 
section. 

Following an austenitizing treatment of approximately 16 hours 
at 1600 °F (870 °C) in a neutral atmosphere, the section, with cover, 
was removed from the furnace, fitted on a suitable jig, and end- 
quenched. The water for end quenching in these experiments was 
supplied by a l-inch pipe at a pressure such that the vertical height 
of the water stream was 5 inches. The distance between the pipe 
and the surface of the quenched section was 2.5 inches. In this 
manner a full “umbrella”, similar to that in the standard Jominy test, 
was maintained during the end quenching process. 
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Fig. 3—Photomicrographs Taken on End-Quenched Section of Steel 1A Prior to 
Tempering at Indicated Distances From the Quenched End. (a) 0.17 inch; (b) 1.0 
inch; (c) 2.2 inches; (d) 6.3 inches. All specimens were etched 3 seconds in 2% nital. 





With this type of arrangement, it is believed that the cooling 
in these slabs is free from lateral effects and is essentially unidirec- 
tional. In addition to the surrounding cover and air gap, the mass 
of metal on the outer part of the section and the air gaps provided 
by the saw cuts tend to reduce any lateral cooling. Furthermore, it 
is believed that at corresponding distances from the quenched end, 
the cooling rates in each of these slabs are essentially the same and 
the microstructures are similar. As a check on this assumption, an 
inner and an outer surface of these slabs (D and E in Fig. 1) were 
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prepared for metallographic examination, and no evidence of non- 
uniform cooling was observed. As a further check, hardness traverses 
were made on an inner and an outer surface of these slabs. The 
results which are plotted in Fig. 2 show that, except for variations 
which lie within experimental error, the traverses practically coincide. 

Having established these conditions, it is possible to make 
traverses across these slabs with different types of mechanical tests ; 
knowing the position of the specimen with respect to the quenched 
end, one can associate the behavior in different tests with a common 
microstructure. 

The types of structures found at various positions in the as- 
quenched section are shown in Fig. 3. These photomicrographs were 
made of Steel 1A (see Table I) at the indicated positions, showing 
martensite at (a), bainite at (b), and increasing amounts of ferrite 


Table I 
Chemical Compositions of Steels Used in Present Study 


Steel — 0 — 

No C Mn r S Si Ni Cr Mo V B Rare Earths 
1H 0.20 0.67 0.010 0.008 0.30 2.07 0.91 0,39 

2H 0.21 0.68 9.010 0.009 0.30 2.05 0.91 0.39 0.0005 

3H 0.23 0.67 0.010 0.008 0.28 2.06 0.91 0.38 . Lanceramp 


4 lbs. per ton 
; 


1A 0.33 0.78 0.013 0.018 0.31 0.80 0.68 90.50 0.10 ms 
SA 0.33 0.76 0.013 0.018 0.31 0.79 0.66 0.50 0.10 0.001 
3] C.37 0.36 0.088 @;G@22 0:27 0.35% @.31 . 0:24 ‘ ; : 
5J 0.41 0.91 0.021 0.009 0.28 0.51 0.53 0.24 0.0015 Lanceramp 


2% lbs. per ton 


plus carbides at (c) and (d). These photomicrographs typify the 
structural changes that occur continuously as the distance from the 
quenched end is increased. 

Mechanical Tests—Except for hardness, all mechanical tests 
were made on sections that were tempered for 24 hours at tempera- 
tures in the range 1000 to 1135 °F (540 to 615 °C) so as to reduce 
the hardness gradient within a section and permit comparisons between 
the various tests on the basis of a uniform tensile strength. All tests 
were made at room temperature unless otherwise stated. 

Slabs were tested using transverse 0.252-inch diameter tensile 
specimens and standard V-notch Charpy impact tests with the notch 
in the radial direction with respect to the 7-inch round. ‘Test results 
were plotted as a function of position relative to the quenched end 
using distance (a) to the center of each tensile specimen and (b) to 
the root of the notch in each impact test. Since the distance between 
centers of adjacent specimen blanks in a given slab was about ! 
there is a considerable ‘ 


4 inch, 


‘structure gradient” across each specimen. 
However, the trends shown by the results are indicative of the effects 
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of slack quenching. In view of the fact that the impact test is more 
sensitive to structure variations than the tensile test, additional impact 
data were obtained on a given steel by cutting specimens from three 
slabs in such a manner that their positions were staggered from slab 
to slab. 

In an attempt to reduce the structure gradient in impact testing, 
a series of reduced width specimens 0.120 inch wide were prepared 
for each of the steels. ‘These were cut from a slab which had been 
ground to a thickness of 0.394 inch and V-notched longitudinally over 
its entire length. The impact value obtained on a specimen of this 
type, if multiplied by the ratio of the standard width to the actual 
width of the specimen, should give a value corresponding to a stand- 
ard size specimen if a simple correction for geometry is valid. 
Actually this is not strictly true (1)° because, in addition to the 
volume of metal involved at the base of the notch, there is a decrease 
in the notch sensitivity with decreasing specimen width. If regarded 
from the standpoint of transition temperature from ductile to brittle 
behavior, it may be stated that decreasing the width of the specimen 
lowers the transition temperature in impact testing. The lateral 
restraint is decreased, permitting more plastic flow to occur during 
the bending operation than in a wider specimen (2, 3). This gives 
rise to the size effect whereby small specimens appear to have more 
strength and ductility than large specimens from the same material. 
In spite of this effect, applying the geometric correction factor to the 
data obtained with reduced specimens does give a simple basis for 
comparison with standard size specimens. 

Material—A total of seven different compositions produced by 
the basic electric process were studied in the manner described above. 
Of these steels, two (Steels 1A and 5A) were of a modified 
AISI 8630 type (Mo + V added) with the addition of boron to 5A; 
two steels (3J and 5]) were essentially an AISI 8640 (3]) and an 
AISI 8640 plus boron and rare earth additions (5J) ; the remaining 
three steels (1H, 2H, 3H) were a modified AISI 4320 (1H) with 
separate additions of boron (2H) and rare earths (3H). The chem- 
ical compositions of these steels are given in Table I. 

All steels were aluminum-killed and are fine-grained. Additions 
of Grainal No. 79 and lanceramp were made in the mold during 
pouring ; 7-inch rounds were rolled from the ingots which were 20% 
inches round for Steels 1A and 5A, and 25 inches square for the 
remaining steels. 

RESULTS 
Hardenability—F ollowing the procedure described, a 7-inch sec- 
tion of each of the seven steels was austenitized at 1600 °F (870 °C) 


2The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 4—Comparison of Hardenability Curves Obtained on Standard 
Jominy Specimens and End-Quenched 7-Inch Rounds. 


and end-quenched. After the slabs were removed from the larger 
sections, hardness traverses were made on a slab from each steel. 
These data are given in Fig. 4 in the form of hardenability curves and 
are compared with standard Jominy hardenability data for the same 
steels. In this plot the curves have been grouped so as to show the 
effects of boron and lanceramp (rare earth) additions on each of the 
base compositions. 

Mechanical Properties—Results of the tensile and impact trav- 
erses are given in composite plots in Figs. 5, 6, and 7, showing these 
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_ Fig. 5a—Tensile and V-Notch Charpy Impact Traverses on 
lempered End-Quenched Slabs of Steel 1H-Base. 


properties as functions of distance from the quenched end of the 
section. Variations of tensile strength within these slabs indicate 
that the tempering treatment was not wholly effective in removing 
the hardness gradient. In order to facilitate comparison between 
the various tests, the transverse reduction of area (RAT) and impact 
values for each steel were adjusted to a constant tensile strength. 
This was done using existing impact-tensile and RAT-tensile corre- 
lation curves for fully-hardened steels (4). Use of these relation- 
ships in this respect is considered valid, since most of the correction 
is applied to results obtained on tests near the quenched end of the 
slab. _When adjustment for tensile strength was made in the slack- 
quenched portion of the slab, the correction was small and any slight 
error that might be introduced would not alter conclusions drawn 
from the data. These data, adjusted for tensile strength, are replotted 
as a function of distance from the quenched end in Figs. 8, 9, and 10. 

The ratio of yield strength to tensile strength which is sometimes 
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Fig. 5b—Tensile and V-Notch Charpy Impact Traverses on 
Tempered End-Quenched Slabs of Steel 2H-Base Plus Boron. 


used as a rough measure of the degree of slack quenching is given 
for all the steels in Table II, as a function of distance from the 
quenched end. Although the ratio generally decreases with distance 
from the quenched end, these data demonstrate that the absolute 
value of the yield-tensile ratio is not always indicative of a given 
amount of slack quenching. For example, the ratios for Steel 1A, 
which has the lower hardenability, are higher than those for 5A at 
all positions. 

Cooling Rate—Inasmuch as the slack-quenched structures in 
these sections form continuously at progressively slower rates of 
cooling at greater distances from the quenched end, they may be 
defined by associating them with a particular cooling rate. For this 
reason, cooling curves were determined at several positions in the 
7-inch round during end quenching. Thermocouples inserted into 
the mid-radius portion of the section just prior to quenching were 
used for this operation. All cooling curves were obtained simul- 
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Table II 


Variation of Yield Strength (0.01%) — Tensile Strength Ratio 


Distance From 
Quenched End 





(inches) 
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Fig. 5c—Tensile and V-Notch Charpy Impact Traverses on 
Tempered End-Quenched Slabs of Steel 3H-Base Plus Rare Earths. 





taneously by connecting the thermocouple leads to a multiple selector 
switch which in turn was connected to a Type G Speedomax Recorder. 
From the resulting curves the cooling rates at 1330 °F (720 °C) 


a i> 


increasing carbon content. 
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Fig. 6a—Tensile and V-Notch Charpy Impact Traverses 


on 
Tempered End-Quenched Slabs of Steel 1A-Base 


were determined for each position. This cooling rate criterion was 


selected to agree with that used by French (5) in his work*®. These 
results are plotted in Fig. 11 as a function of the distance from the 
quenched end, together with cooling rates (taken at 1300 °F) 
(705 °C) in a standard Jominy test (6). It should be pointed out 
that the cooling in the 7-inch round is essentially unidirectional, 
whereas the cooling rates in the Jominy bar represent the resultant 
of lateral and end cooling. 


DiscussION OF RESULTS 


Hardenability—Referring to Fig. 4, the panels have been 
arranged to show the effects of boron and rare earth additions on 
hardenability curves obtained for 1 and 7-inch rounds in steels of 
In general, the maximum hardness 


8These cooling rates can be applied to centers of equivalent rounds and plates using 
the technique developed by French. 
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: Fig. 6b—Tensile and V-Notch Charpy Impact Traverses on 
Tempered End-Quenched Slabs of Steel 5A-Base Plus Boron. 


obtained on each steel is consistent with that expected for steels of 
similar carbon contents (7). The combined effects of mass and the 
absence of lateral air cooling on hardenability are evident in the 
curves obtained on the 7-inch round. 

As regards lanceramp additions to the H steels shown in the 
top panels, there appears to be little or no improvement in harden- 
ability on the basis of both 1 and 7-inch rounds. 

The increase in hardenability as a result of boron additions is 
observed in both the 1 and 7-inch rounds for the H and A steels in 
the first and second panels. In view of the results of lanceramp 
additions to the H steels, the hardenability increase of Steel 5J, to 
which both boron and lanceramp additions were made, is believed to 
be principally a result of the boron addition. Although increasing 
carbon content is known to decrease the effect of boron on harden- 
ability (8-10), no effect of carbon is readily apparent among the 
results given in Fig. 4. 





— 


1954 QUENCHED AND TEMPERED WROUGHT STEEL 1343 


++ poet ttt 


160 








Tensile & Yield Strength (psi/IOOO) 


2 


nm 
oO 


Impact Energy (Ft.Lbs.) 


° 


3 
slates from mieten End. as ) 


_ Fig. 7a—Tensile and V-Notch Charpy Impact Traverses on 
Tempered End-Quenched Slabs of Steel 3J-Base. 


It is often assumed by many metallurgists without regard to the 
limitations of the Jominy test (11, 12) that steels arranged in order 
of hardenability as determined by this test usually maintain that 
order independent of section size. From the plot of the hardenability 
curves for the three boron-treated steels (2H, 5A, and 5] in the 
fourth pane 4), it appears that, on the basis of standard 
Jominy data, Steel 5J has a comparable, if not greater, hardenability 
than Steel 5A. This conclusion would be erroneous, since the curves 
on the 7-inch round demonstrate that the hardenability of 5] is much 
lower than that of the other two steels. This observation indicates 
that caution must be exercised when interpreting Jominy harden- 
ability data on boron-treated steels. 

Tensile and Impact Properties—In discussing the mechanical 
properties, reference will be made to the data which have been cor- 
rected to a constant tensile strength. These include Figs. 8, 9, and 
10. The level of tensile strength selected for each group of steels 











1344 TRANSACTIONS OF THE ASM Vol. 46 


tt" STEEL 5: THE 






|, [tsi 





120 








Tensile & Yield Strength (psi/I000) 





= 80 
a 
+30 
re 
> 
o 
<¢20 
ul 
oO 
o 
a 
© 10 
Impact (std.) e 
| 
! 3 3 5 6 


2 
Distance from Quenched End (in.) 


Fig. 7b—Tensile and V-Notch Charpy Impact Traverses_on 
Tempered End-Quenched Slabs of Steel 5J-Base Plus Boron Plus 
Rare Earths. 


was close to that of the slack-quenched portion in order to avoid 
excessive correction of the data. 

The first group of steels (H steels—Fig. 8) were designed to 
show the effects of boron additions (2H) and rare earth additions 
(3H) to a modified AISI 4320 steel (1H). Because of the excessive 
random variation in the RAT values observed in these steels (Fig. 5), 
the curve for this property was omitted in the corrected data. This 
variation is probably characteristic of this heat, and many more data 
would have to be obtained at each position in order to obtain a 
reliable trend. 

The yield strength traverse for Steel 1H clearly illustrates the 
influence of the degree of slack quenching. The addition of boron 
(Steel 2H) elevates this curve throughout the section, demonstrating 
the increase in hardenability. The addition of rare earths (Steel 
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Fig. 8a—Tensile and Impact Data on Steel 1H. See Fig. 5a, 
corrected to a constant tensile strength of 130,000 psi 


3H) does not affect this property, the values and shape of the curves 
being very similar to that of Steel 1H. 

The impact traverses demonstrate a greater sensitivity to slack 
quenching than the tensile properties and are characterized by a 
rather sharp drop in values as the degree of slack quenching increases 
(Steel 1H). As expected, the curves for the reduced width specti- 
mens maintain high values over a greater portion of the slack- 
quenched region than those for the standard specimens as a result 
of previously-mentioned features which apparently decrease the 
transition temperature. However, curves for both sizes of specimen 
tend to level off once a structure has been reached whose transition 
temperature for both sizes of specimen is above that of the testing 
temperature, 73°F. Boron additions (Steel 2H) markedly improve 
the impact strength over the entire range of structures for both sizes 
of specimen. The effect is not merely one of hardenability, since the 
values of the fully quenched structures were markedly improved. 
Rare earth additions (3H) appear to have improved the impact 
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Fig. 8b—Tensile and Impact Data on Steel 2H. See Fig. 5b, 
corrected to a constant tensile strength of 130,000 psi. 


slightly in the fully quenched specimens, but no other significant 
effect is observed. 

The second group of steels (A steels—Fig. 9) were selected to 
show the influence of boron additions on the properties in a medium 
carbon (0.33%) steel. The data on these steels were corrected to a 
tensile strength of 140,000 psi. The RAT curves show little or no 
effect of boron additions, and the values appear to be practically 
independent of structure variations. 

The yield strength curve of Steel 1A reflects a lower harden- 
ability than 1H in that the values drop abruptly to a constant level 
within 1 inch of the quenched end. Boron additions (5A) decrease 
the general level of yield strength about 10,000 psi but cause a more 
gradual drop to a constant level about 2.5 inches from the quenched 
surface. The reasons for the former behavior are not understood. 

The impact traverses of 1A for both sizes of specimen are 
regular and are similar to those observed in the previous steels. Boron 
additions (5A), however, appear to have a drastic effect. The curves 
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Fig. 8c—Tensile and Impact Data on Steel 3H. See Fig. 5c, 
corrected to a constant tensile strength of 130,000 psi. 


for Steel 5A begin at the quenched end in a regular manner, but, at 
a distance of about 1.5 inches, the values for both sizes of specimen 
drop sharply to a constant low value of about 3 ft-lbs. A study of 
the microstructure in this region for a possible explanation of this 
behavior showed sharp grain boundary delineation at this point. 

The third group of steels (J steels—Fig. 10) were selected to 
show the effect of combined additions of boron and rare earths. The 
RAT values in 5] appear to be slightly improved over those of the 
base composition (3]) as a result of these additions, especially in the 
structures near the quenched end. 

The seemingly low value of yield strength for 3J at the quenched 
end suggests that thorough quenching was not attained at this point. 
This property is somewhat improved in Steel 5]. 

The impact curves on 3J, unlike those of the other compositions, 
exhibit a sharp decrease near the quenched end, which may be due 
to: incomplete quenching as a result of low hardenability. Improve- 
ment of hardenability in 5] brings about a corresponding improve- 
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Fig. 9a—Tensile and Impact Data on Steel 1A. See Fig. 6a, 
corrected to a constant tensile strength of 140,000 psi. 


ment in the impact curves. It is interesting to compare these curves 
with those obtained on Steel 5A and point out that the embrittlement 
causing an abrupt drop in impact for both sizes of specimen in 5A 
is absent in 5J. Although the tensile strength of 5J is 20,000 psi 
lower than that of 5A, this observation suggests that rare earths may 
have reduced to some extent the embrittling effect of boron on the 
impact strength in slack-quenched structures. 

To summarize the effects of boron and rare earth additions to 
these steels, it has been observed that (a) boron additions can be 
used to advantage in a low (0.20% carbon) carbon steel without 
serious impairment of the impact properties in the slack-quenched 
regions; (b) rare earth additions alone have little or no effect on the 
mechanical properties. Conclusions drawn from these observations 
should be tentative, since composition variables exist in the three 
sets of steels investigated. Additional studies are being conducted 
on boron-treated steels whose compositions have been selected to give 
more specific data on the influence of boron in the presence of various 
combinations of alloying elements. 
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Fig. 9b—Tensile and Impact Data on Steel 5A. See Fig. 6b, 
corrected to a constant tensile strength of 140,000 psi 


Low Temperature Impact Tests—It has generally been accepted 
that martensitic structures have the lowest transition temperature in 
the impact test as compared with bainite and other transformation 
products. Much of the information regarding these latter structures 
has been obtained using isothermal treatments. This effect is difficult 
to study quantitatively in continuously-cooled structures because of 
difficulty in controlling the type and amount of a particular structure. 
However, by making impact traverses, such as already described, on 
slabs from a given steel at various testing temperatures, one can 
determine the effect of position in the section on the temperature of 
transition from ductile to brittle behavior. Data of this nature were 
obtained on three steels, namely 1H, 2H, and 3H, and are given in 
Fig. 12. Where necessary, the impact values were corrected to a 
tensile strength of 130,000-psi*. With these plots it is possible to 


‘Corrections for tensile strength (4) were applied to data obtained at —40°C and 
above. Unpublished work has shown that the error introduced by not correcting the values 
obtained at temperatures below —40°C is negligible, especially when the tensile strength 


range is as small as in the present case. 
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Fig. 10a—Tensile and Impact Data on Steel 3J. See Fig. 7a, 
corrected to a constant tensile strength of 120,000 psi. 


show the position in the slab where the structure begins to have a 
high transition temperature in the impact test. To illustrate, it appears 
that in Steels 1H and 3H the transition temperature begins to increase 
markedly in structures which are 0.6 inch from the quenched end, 
whereas in Steel 2H the transition temperature remains relatively 
unchanged until a position of 1.5 inches from the quenched end is 
reached. Although these critical structures have not yet been studied 
metallographically in these steels, they are mixtures consisting essen- 
tially of tempered martensite and tempered bainite. 

A pplication—Inasmuch as the cooling rates in the present studies 
approach those in quenched heavy sections, it may be possible to use 
such data quantitatively in estimating properties in large sections. 
By using equivalent cooling rates at the centers of rounds and plates, 
one could determine for a given steel the maximum size of section 
that would meet specified requirements after proper quenching and 
tempering. Information at different levels of tensile strength could 


be obtained from this type of test by using different tempering 
treatments. 
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Fig. 10b—Tensile and Impact Data on Steel 5J. See Fig. 7b, 
corrected to a constant tensile strength of 120,000 psi. 


Similar studies may be useful in selecting steels for low temper- 
ature service. By obtaining impact traverses at various testing tem- 
peratures for a given steel, one can determine the quantitative effect 
of slack quenching on the transition temperature. This information 
will permit the estimation of the maximum size of section which, 
after quenching and tempering, will have the impact value required 
at the service temperature. 


SUMMARY 


1. A satisfactory technique for developing reproducible slack- 
quenched structures in heavy forged steel sections has been described, 
and the effect of these structures on the mechanical properties in 
several steels has been given. 

2. Steels rated in order of hardenability by the Jominy test do 
not necessarily maintain that order when quenched in heavy sections. 
This appears to be especially true in boron-treated steels. 


3. Boron additions appear to have a beneficial effect on harden- 
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ability without adverse effect on impact in low carbon steels. In a 
0.40% carbon steel, boron may seriously lower the impact strength 
when the steel is slack-quenched. 

4. Rare earth additions had little or no effect on the harden- 
ability and on the mechanical properties of slack-quenched structures. 

5. The transition temperature in the impact test is progressively 
increased by the presence of increasing amounts of slack-quenched 
structures. 
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DISCUSSION 


Written Discussion: By R. J. Stoup, plant metallurgical engineer, The 
National Supply Co., Spang-Chalfant Division, Ambridge, Pa. 

The authors have developed an interesting technique for studying 
mixed structures as they might occur in commercially heat treated prod- 
ucts. This method may be expected to extend our knowledge of the me- 
chanical properties of heat treated large sections and has already shown 
some valuable results as to the efficacy of rare earth additions. 

We note the difficulties in regard to the structure gradient in impact 
testing and are inclined to feel a conversion from subsize to standard 
impact tests is not an entirely satisfactory answer. The conversion factor 
used would make a considerable difference in cases where the objective is 
to determine compliance with some absolute level of impact value. For 
our own work on thin-walled tubes where standard size specimens are 
not always obtainable, we find a conversion factor of 4/3 for the 2/3 size 
specimen and 3/2 for the half size specimen, rather than the 3/2 and 2 
factors of strictly geometrical considerations, to reflect a truer picture. 

One way in which the structure gradient in the transverse samples 
might be by-passed would be to use a larger section initially, machined 
so that the cylindrical axis of the round as-quenched would be a radial axis 
of the original forging. Specimens taken longitudinally from the slab 
would then represent transverse properties of the initial forging. 

Written Discussion: By Robert B. Corbett, director of research, Hep- 
penstall Co., Pittsburgh. 

This paper is of timely interest as it indicates the effects of boron 
and rare earth additions upon the mechanical properties of steel. Of far 
greater importance, however, may be the introduction of a laboratory test 
method capable of predicting the hardenability and mechanical properties 
obtained when a certain steel is used for heavy forged sections. 

It is sincerely hoped that future research work will be conducted by 
authors in correlating test results of their method, with values actually 
obtained upon sectioning large forgings which have been quenched and 
tempered. Two factors which may prevent a close correlation are: (a) 
Due to a marked segregation of alloying elements during the solidification 
of large ingots, the center portion of a large forging will be of somewhat 
different chemistry than that reported for the ladle test. (b) The trans- 
formation of austenite within a large forging may be influenced by pres- 
sure effects resulting from contractions or expansions of various portions 
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of the forging during the applied heat treatment. In this connection, a 
study of the effects of stress on the shape and location of the TTT-curves 
of steels may prove enlightening. 

The observation made by the authors, that the Jominy test cannot 
rate steels in order of hardenability when these steels are to be quenched 
in heavy sections, has been affirmed on several occasions by the writer. 
Also, the observation that boron may lower the impact strength of a 
0.40% carbon steel when slack-quenched agrees with work done by the 
Heppenstall Research Laboratory. In this work, a ferroboron addition 
made to a medium alloy steel of 0.50% carbon did not appear to increase 
the hardenability, but did tend to lower the impact properties of the steel 
when slack-quenched and tempered. 

In conclusion, the authors are to be commended for presenting such 
a well-written paper which contains data of commercial value. 

Written Discussion: By Adolph O. Schaefer, vice-president in charge 
of engineering and manufacturing, The Midvale Co., Nicetown, Phila- 
delphia. 

The present paper is another in the excellent series that have come 
to us from the Carnegie Institute of Technology on the properties of 
quenched and tempered steels. Particular emphasis has been on trans- 
verse properties. These papers have been characterized by the collection 
of reliable, useful data, and by their orderly presentation. The present 
paper is no exception. The authors have given us data which can be used. 
They have answered questions that many of us have wanted answered. 
The paper is a valuable contribution to the literature on quenched and 
tempered steels. There are, however, a few questions which I believe the 
authors can clear up. 

The machining of slots in the slabs makes it easier to remove test 
specimens after quenching. The authors state that the saw cuts make 
possible cooling that is free from “lateral effects”. As evidence of this, 
hardness traverse patterns are offered on the inner and outer surfaces of 
a set of these slabs. 

The method is ingenious and practical. I do not believe, however, 
that the authors established its reliability by two hardness surveys. Per- 
haps the saw cuts do make possible purely unidirectional cooling. How- 
ever, to establish the dependability of the method we should think that 
a number of slabs should have been hardened in the solid condition, and 
equivalent bars taken from them. Pure unidirectional cooling is perhaps 
rare in steel production. 

Test results for each series indicate specimens taken approximately 
one-half inch apart. The article does not indicate how many slabs of each 
grade were treated and tested. Since there is real need for these data, it 
is our hope that several slabs of each grade from several heats were tested 
to establish what variation might be expected. There is an honest doubt 
left in my mind, after reviewing the reported results, that tests from 
another heat of steel might not show a reversal of the trend. 

We are glad the authors admit the unreliability of relating impact 
test values taken from specimens of different size. 

It seems unfair to criticize authors, who have given us so much 
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information, for not giving us more. We hope they will accept these 
comments as coming from one who has had a taste of the kind of infor- 
mation he wants, finds that he likes it, and wants more. 


Authors’ Reply 


The authors wish to express their appreciation to Mr. Stoup, Dr. Cor- 
bett, and Mr. Schaefer for their interest and favorable comments. 

Mr. Stoup’s suggestion of using a modified conversion factor rather 
than a simple geometric factor in converting data from subsize bars to 
standard size is certainly a useful one. However, we believe it would be 
applicable only in the fully-quenched structure. The magnitude of the 
factor depends on the position of the transition temperature relative to 
the testing temperature. In the slack-quenched material we have seen 
that the transition temperature is progressively increased as the degree 
of slack quenching increases. This precludes the use of any single cor- 
rection factor which would be valid over the entire range of structures. 
However, the simple geometric correction factor was used in this case to 
provide a simple basis for comparison with standard size tests. 

The idea of selecting the initial round so that its axis would be a 
radial axis of the original forging and then taking longitudinal specimens 
from the slab would certainly eliminate the structure gradient in the test 
blanks. The only real objection we have to this scheme is the fact that 
data would be obtained at distances greater than 1 inch from the quenched 
end. In certain steels of low hardenability, critical changes occurring in 
the initial 1 inch of the material could not be examined. However, in deep 
hardening steels, this idea would, of course, be applicable. In using this 
scheme, the original forging would have to be large enough so that the 
effect of ingot segregation from the center of the forging to the outer sur- 
face could be minimized. 

In stressing the possible importance of the method and its application 
to heavy forged sections, rather than the specific idea relating to the 
effects of boron and rare earth additions, Dr. Corbett has recognized the 
primary objective which the authors had in writing this paper. 

It is certainly true that the effects of alloy segregation and pressure 
mentioned by Dr. Corbett do prevent good correlation between results 
obtained on laboratory tests and those obtained on commercial forgings. 

In connection with the pressure effect, we are at the present time 
comparing data obtained on a slotted 7-inch round, in which the slots 
permit the stresses to dissipate, with a small amount of data obtained on 
a solid bar of the same dimensions which has been treated in an identical 
manner. An interesting result of this comparison is the fact that impact 
strength values obtained on the solid bar drop at a lesser distance from 
the quenched end than those values obtained on the slotted bar. This 
observation suggests that stresses developed in the solid bar near the 
quenched end may have retarded the transformation to martensite and 
thereby caused slack-quenched products to form closer to the quenched 
surface. The presence of thisreffect in this size of section indicates that 
it will be present in heavier sections. 

In consideration of Mr. Schaefer’s comments, the authors offer the 
following: 
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As evidence that cooling in these slabs is essentially unidirectional, 
four of the steels used in this work, namely, 1A, 1H, 2H, and 3H, were 
studied in the manner of 1A. Results showed that the hardness traverses 
on the inner and outer surfaces of slabs from each of these steels were 
alike within the limits of error of the Rockwell test. With regard to the 
reproducibility of the quench, two T-inch diameter sections of Steel 3] 
were quenched and identical hardness results were obtained on (a) the 
inner surface of a slab from one section and (b) the outer surface of a slab 
from the other. Comparison of hardness traverses on these slabs with 
those made on equivalent surfaces in hardened solid rounds was not made 
because of the difficulty in sectioning hardened rounds of this dimension. 
However, one steel, namely 1H, was of sufficiently low carbon content to 
permit sectioning in the as-quenched condition. The Rockwell C traverses 
on this section were in good agreement with those obtained on the sec- 
tioned round. However, this agreement of the hardness data does not 
imply that the other mechanical properties (impact, for example) will be 
identical at given positions from the quenched end of the solid and pre-cut 
rounds. 

In reference to the number of slabs and grades of steels tested, (a) 
data given in the paper were obtained from only one 7 by T-inch round 
section from each steel composition and (b) similar compositions from 
different heats were not available. Each 7-inch section provided a total 
of eight slabs, one of which was used for tensile properties, one for sub- 
size Charpy impact tests, and three for standard impact tests; results of 
studies made on the remaining three slabs are not necessarily included in 
the present paper. 

Although data are not available from different heats of the same com- 
position, the authors are of the opinion that tests from another heat of 
steel would not show a reversal of the trends in mechanical properties as 
suggested by Mr. Schaefer. It is anticipated, however, that (a) differences 
in hardenability among different heats of the same nominal SAE compo- 
sition might change the position (relative to the quenched end) at which 
certain mechanical properties are markedly reduced, and (b) differences 
in steelmaking practice (deoxidation, forging reduction, inclusions, etc.) 
might affect the over-all level of the properties independent of harden- 
ability. 





CARBONITRIDING OF PLAIN CARBON 
AND BORON STEELS 


By G. W. Powe tt, M. B. BEVER AND C. F. FLOE 


Abstract 


Jominy bars of a plain carbon steel and of two boron 
steels were carbonitrided 4 hours at 1500, 1600, dad 1650 
F (815, 870, and 900 °C), respectively. The ammonia 
content of the atmosphere was 15, 10, and 5% respectively, 
at these temperatures; the methane content was 5% at 
each temperature and the balance was made up of carrier 
gas. Jominy bars of these steels were also carburized at 
1700 °F (925°C) in 5% methane and 95% carrier gas. 

All ae were quenched directly from the case hard- 
ening temperature, using standard procedures. Hardness 
traverses were made at the surface and on flats ground at 
a depth of 0.005 inch. The bars were then sectioned for 
metallographic examination and microhardness testing. 
Four sections perpendicular to the axis of each bar were 
made at measured distances from the quenched end. 

Special specimens of three boron steels were also 
carbonitrided. They were sectioned and microhardness 
traverses of the cases were made. 

The observations made possible quantitative compari- 
sons of the hardenability of carbonitrided and carburized 
cases on plain carbon and boron steels. 


INTRODUCTION 


HE substitution of boron steels for conventional alloy steels is 

based on the increase in hardenability which boron imparts to 
carbon steels or to steels of very low alloy content. The success of 
this substitution is, therefore, judged primarily in terms of harden- 
ability, but the importance of other factors is becoming increasingly 
realized. One of the questions raised by the adoption of boron steels 
concerns their suitability for case hardening. Several investigations 
have dealt with the carburizing of boron steels, but little is known 
about their behavior in the carbonitriding process. 
The literature contains a growing number of publications which 


This paper is based on a portion of a thesis submitted by G. W. Powell in September 
1952 to the Department of Metallurgy at the Massachusetts Institute of Technology in par- 
tial fulfillment of the requirements for the degree of Master of Science. 


A paper presented before the Thirty-fiftth Annual Convention of the Society, 
held in Cleveland, October 17 to, 23, 1953. The authors, G. W. Powell, M. B. 
Bever and C. F. Floe, are associated with the Department of Metallurgy, Massa- 
chusetts Institute of Technology, Cambridge, Mass. Manuscript received March 
23, 1953. 
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are concerned with laboratory investigations of boron steels or their 
behavior in production and service. The review presented here deals 
primarily with those aspects which are relevant to the case hardening 
of boron steels by the carbonitriding process. 

Boron, in amounts of approximately 0.0005 to 0.001%, raises the 
hardenability of steels by delaying the start of the decomposition of 
austenite. Many other characteristics of the steel remain unchanged 
in the presence of small amounts of boron. In particular, boron does 
not affect the annealing and tempering behavior and the equilibrium 
and martensite (M,) temperatures. These comparisons refer to 
boron-free steels of identical composition and not to the alloy steels 
which the boron steels are designed to replace. The mechanical prop- 
erties of boron-containing steels in a condition other than martensite 
or tempered martensite may differ from boron-free steels. 

The increase in hardenability caused by boron is greatest for aus- 
tenitizing temperatures of approximately 1600°F (870°C). At 
higher austenitizing temperatures boron becomes markedly less effec- 
tive (1)*. Also the action of boron requires that the steel be well 
deoxidized (2, 3). 

The effectiveness of boron in raising the hardenability has been 
found to decrease with increasing carbon content (1), and boron has 
been reported to become entirely ineffective at 0.90% carbon (4). 
Other investigators obtained significant increases in hardenability at 
carbon levels up to, but not exceeding, 0.90% carbon (5, 6,7). In 
still another investigation, a maximum effect of boron was found at 
0.7% carbon (8). This seemingly contradictory evidence on the 
interference of carbon may be ascribed to the effects of such hidden 
variables as differences in degree of deoxidation. Carbon has also 
been found to interfere less in single-quench than in double-quench 
treatments (9). In summary, it can be considered as definitely estab- 
lished that the effectiveness of boron decreases with carbon. This 
effect is obviously of importance for carburizing. It tends to increase 
the hardenability of the core more than that of the case. This differ- 
ence may lead to increased distortion. 

Nitrogen in the range of 0.005 to 0.027% has been found not 
to affect significantly the hardenability of a base steel containing no 
boron, but variations in nitrogen of this magnitude had a pronounced 
effect on the boron-treated steels (10). The addition of boron appre- 
ciably improved the hardenability at a nitrogen level of about 0.005%, 
but failed to do so in steels containing about 0.010% or more nitro- 
gen. This interference by nitrogen with the action of boron does not 
occur if the steel also contains titanium or zirconium. The effect of 
nitrogen is of particular interest for the carbonitriding of boron steels. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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EXPERIMENTAL PROCEDURE 


Materials—A plain carbon steel and three boron steels were 
used in this investigation. Their analyses are given in Table I. One 
of these steels (designated as “Superkore AA’’) contains appreciable 
manganese and nickel, and, consequently, would have high harden- 
ability even in the absence of boron. The boron content of the 
80B20 is lower than that of the other two boron steels. 

The AISI 1020 steel, received as hot-rolled rounds, was nor- 
malized by heating to 1700 °F (925 °C) for % hour and air cooling 
prior to machining. The 80B20, 94B17, and Superkore AA were 
also received in the form of rounds. These rounds were forged at 
2300 °F (1260 °C) to 1%-inch square bars, which were normalized 
by heating to 1550 °F (845 °C) for 1% hours and air cooling. 








Table I 
=> Cooposition, % —_—_—__—_— 
Steel cs Mn P S i u Ni Cr Mo B 
1020 0.23 0.43 0.014 0.035 eek be al value. - Deke . -heawi> Sas 
94B17 0.18 0.91 0.022 0.028 0.30 0.04 0.44 0.38 0.14 0.0012 
80B20 0.18 0.57 0.022 0.029 0.24 0.04 0.31 0.27 0.16 0.0009 
‘‘Superkore AA” 0.15 1.03 0.034 0.033 0.52 0.27 0.0012 


0.39 0.07 1.83 


Case Hardening Procedure—The case hardening was performed 
in a small muffle furnace. Carrier gas was prepared by letting pro- 
pane and a limited quantity of air react over a nickel oxide catalyst 
at 1875 °F (1025°C). Methane and ammonia were added to the 
carrier gas at the furnace inlet. The hydrocarbons and ammonia used 
in this investigation were bottle gases of satisfactory purity. 

Jominy bars of AISI 1020 steel were carbonitrided 4 hours at 
1500, 1600, and 1650 °F (815, 870, and 900 °C), respectively. The 
ys content of the inlet gas mixture was 15% at 1500 °F (815 

, 10% at 1600 °F (870 °C), and 5% at 1650 °F (900°C). At 
oil temperature, the methane content was 5% and carrier gas con- 
stituted the balance. 

Jominy bars of AISI 1020 were also carburized at 1700 °F (925 
°C) for 3 hours. A mixture of 5% methane and 95% carrier gas 
was used. 

Jominy bars of AISI 94B17 and 80B20 were carbonitrided 
1600 °F (870°C) and carburized at 1700°F (925°C); the case 
hardening times and atmospheres were the same as for the AISI 1020 
bars. 

For microhardness testing of the three boron steels, specimens 
having a 34-inch square cross section were carbonitrided at 1500, 
1600, and 1650 °F (816, 870, and 900 °C) 4 hours in the same gas 
mixtures as used in carbonitriding the Jominy bars of AISI 1020. 














1362 TRANSACTIONS OF THE ASM Vol. 46 


Carbonitrided 


——-= Carburized 


Rockwell A 


ISOO°F 
I650°F 
IGOO°F 


Surface Hardness 
Rockwell C Hardness (Converted ) 





“s “ 8 2 16 20 24 28 32 ” 


Distance From Quenched End - de inch Units 


_ Fig. 1—Hardness — Distance Curves for Surface of Jominy Bars of AISI 1020 
Steel, Carbonitrided at 1500, 1600, and 1650 °F and Carburized at 1700 °F. 


These specimens were quenched in an oil bath maintained at 165 °F. 

End Quenching Tests—The Jominy bars were transferred di- 
rectly from the case hardening furnace to the end-quench fixture and 
quenched by the standard procedure. Two hardness traverses were 
made along the surface of each bar, using the Rockwell A scale. Two 
more hardness traverses were made on flats which were ground care- 
fully to a depth of 0.005 inch on opposite sides. 

Metallography and Microhardness Tests—All Jominy bars were 
sectioned for metallographic examination. Four sections perpendic- 
ular to the axis of each bar were made at measured distances from 
the quenched end. 

The carbonitrided specimens of the three boron steels having 
square cross sections were sectioned and microhardness traverses of 
the cases were made. A Tukon tester was used with a 500-gram 
load. 


DISCUSSION OF RESULTS 
Carbonitrided and Carburized AISI 1020 Steel 


The hardenability curves for AISI 1020 steel carbonitrided at 
1500, 1600, and 1650 °F (815, 870, and 900 °C) and carburized at 
1700 °F (925°C) are shown in Fig. 1. These data represent the 
surface, but the curves for the subsurface hardness (at 0.005 inch) 
were essentially the same. Photomicrographs of the case of a Jominy 
bar carbonitrided at 1600 °F (870°C) and of a carburized bar are 
shown in Figs. 2 and 3, respectively. 

The end-quench data show a marked difference between the car- 
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Fig. 2—Microstructures of Cross Sections of Jominy Bar of AISI 1020, Carbo- 
nitrided 4 Hours at 1600 °F in an Atmosphere of 10% NHs, 5% CHa, 85% Carrier 
Gas. Sections were taken at the following distances from quenched end: (a) 0.124 
inch, (b) 0.404 inch, (c) 0.690 inch, (d) 0.983 inch. Magnification: x 100. The 
edge representing the surface is placed at the left. 
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Fig. 3—Microstructures of Cross Sections of Jominy Bar of AISI 1020, Carbu- 
rized 4 Hours at 1700 °F in an Atmosphere of 5% CHa, 95% Carrier Gas. Sec- 
tions were taken at the following distances from quenched end: (a) 0.128 inch, 
(b) 0.425 inch, (c) 0.700 inch, (d) 0.973 inch. Magnification: x 100. The edge 
representing the surface is placed at the left. 
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Carbonitrided at 1600 °F and Carburized at 1700 °F. 


burized and carbonitrided steel. The carbonitrided cases have greater 
hardenability than the carburized case of plain carbon steel. This 
difference is due to the nitrogen present in the carbonitrided cases. 
That uncombined nitrogen’ raises the hardenability of steel is sug- 
gested by several indirect observations (11). 

The hardenability of the three carbonitrided cases decreases with 
increasing case hardening temperature ; at the same time the ammonia 
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Fig. 8—Microhardness Across the Case of Specimens of AISI 94B17, Carbo 
nitrided 4 Hours at 1500, 1600, and 1650°F, Respectively. Gas compositions: 
15% NHs (1500 °F), 10% NHs (1600 °F), and 5% NHs (1650 °F); 5% CHa, 
balance carrier gas. Hardness expressed by Knoop numbers obtained with a 
500-gram load. 


in the inlet gas decreased from 15% at 1500 °F (815°C) to 10% at 
1600 °F (870°C) and 5% at 1650°F (900°C). It is known that 
with increasing carbonitriding temperature, the nitrogen content of 
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nitrided 4 Hours at 1500, 1600, and 1650°F, Respectively. Gas compositions: 
15% NHs (1500 °F), 10% NHs (1600 °F), and 5% NHs (1650 °F); 5% CHa, 
balance carrier gas. Hardness expressed by Knoop numbers obtained with a 
00-gram load. 
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Fig. 10—Microhardness Across the Case of Specimens of Superkore AA, 
Carbonitrided 4 Hours at 1500, 1600, and 1650 °F, Respectively. Gas composi- 
tions: 15% NHs (1500 °F), 10% NHs (1600.°F), and 5% NHs (1650 °F); 5% 
CHa, balance carrier gas. Hardness expressed by Knoop numbers obtained with 
a 500-gram load. 


the case tends to decrease, even when the same ammonia concentra- 
tion is used in the inlet gas (12). In the experiments reported here, 
both the effect of temperature and the decrease in ammonia can be 





— 
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considered to have caused decreased nitrogen absorption and conse- 
quently decreased hardenability. It should not be overlooked, how- 
ever, that an ammonia content of 5% in the inlet gas still imparted 
appreciable hardenability to the case. 

The hardness curves of Fig. 1 can be correlated satisfactorily 
with the photomicrographs of Figs. 2 and 3. At 0.425 inch from 
the quenched end of the carburized bar (Fig. 3), there are only a few 
isolated small patches of martensite (and retained austenite) in the 
microstructure. This observation is consistent with the hardness of 
the bar at that point. Considerably more martensite and retained 
austenite can still be seen, even at a distance of 0.983 inch in the 
carbonitrided specimen at 1600 °F (870°C) (Fig. 2). 


Boron Steels 


The hardenability curves of carburized and carbonitrided AISI 
94B17 and 80B20 are shown in Figs. 4 and 5, which are based on 
surface readings. The subsurface data taken at 0.005 inch again 
were comparable. Photomicrographs of the case of a carburized 
94B17 Jominy bar appear in Fig. 6. 

The hardenability curves demonstrate clearly that the cases of 
the two boron steels have greater hardenability after carburizing than 
after carbonitriding. This behavior is in direct contrast to the results 
obtained with AISI 1020 steel. 

The comparatively low hardenability of the carbonitrided cases 
of boron steels can be attributed to interference of nitrogen with the 
action of boron (10). It should be mentioned in this connection that 
nitrogen has been found to reach 0.4% or more in the layer of car- 
bonitrided cases (12). Regardless of any action of boron or nitro- 
gen, the hardenability of either of the carbonitrided boron steels might 
have been expected to be good because of their alloy contents. How- 
ever, if the hardenability curves of the carbonitrided AISI 94B17 and 
80B20 specimens are compared with the curve for 1020 steel carbo- 
nitrided under the same conditions, it is seen that the hardenability 
of the case of the boron steels is lower. This may be explained by 
precipitation of nitrides in the case; the nitrides probably act as 
nucleation sites for the formation of pearlite and serve to lower the 
hardenability of the case. 

One aspect of the four photomicrographs shown in Fig. 6 is par- 
ticularly interesting. In all except the first of the series there is a 
dark-etching constituent at the surface which increases in depth as 
the distance from the quenched end increases; this constituent is 
predominantly pearlite. The carbon gradient in the case can explain 
this behavior as another example of the hardenability effect of boron 
with increasing carbon content. Fig. 7 shows microhardness traverses 
across three of the sections of Fig. 6. These traverses confirm the 
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effect of carbon content on the hardenability factor for boron. 
Corresponding observations have been made on carburized AISI 
80B20 by making Vickers hardness traverses at various carbon lev- 
els of the case (13). Microstructures of the carbonitrided 94B17 
Jominy bar (not presented here) show a normal hardenability be- 
havior similar to that of the carburized and carbonitrided AISI 1020 
steel. | 

The results of the microhardness traverses of the cases of AISI 
94B17, 80B20, and Superkore AA carbonitrided 4 hours at 1500, 
1600, and 1650 °F (815, 870, and 900 °C) are shown in Figs. 8, 9, 
and 10, respectively. The maximum case hardness of the 80B20 and 
Superkore AA is of the same magnitude as published data on con- 
ventional alloy steels (14), while that of the 94B17 is somewhat 
lower. That boron is effective in the core is evident from the good 
core hardness of the steels; the lower core hardness of the 1500 
°F (815 °C) curves is caused by the presence of a larger amount 
of ferrite in the microstructure at the carbonitriding temperature. 


CONCLUSIONS 


1. The hardenability of a carbonitrided case on plain carbon 
steel (AISI 1020) is greater than that of the same steel in the car- 
burized condition. 

2. The hardenability of the carbonitrided case on plain carbon 
steel decreases with decreasing nitrogen absorption. 

3. The hardenability of boron steels (AISI 94B17 and 80B20) 
carbonitrided at 1600 °F is lower than that of the same steels car- 
burized at 1700°F. This may be explained by the interference of 
nitrogen with the action of boron. 

4. The hardenability of carbonitrided cases of AISI 94B17 and 
80B20 is lower than that of carbonitrided cases of AISI 1020. This 
difference is probably due to the precipitation in the former of alloy 
nitrides which nucleate the pearlite reaction. 

5. Confirmation of the effect of increasing carbon on the action 
of boron on hardenability was obtained by metallographic observation 
and microhardness tests. 
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DISCUSSION 


Written Discussion: By W. H. Holcroft, executive vice-president, 
Holcroft & Co., Detroit, Mich. 

This paper on the carbonitriding of boron steel has been most inter- 
esting in bringing to our attention a point in carbonitriding of which we 
had not been aware. Some of our customers in the past have used boron 
steels to a considerable extent as substitutes, and in a few cases these 
were carbonitrided, but we never were informed of any difficulties en- 
countered if such there were. However, as in past tests conducted by the 
authors and on which we have commented, we feel that the high percent- 
age of ammonia used may cause some of the results shown. 

Those of our local customers who had used boron steels are not doing 
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so any more, and the steel warehouses told us they were not stocked any 
more. We finally found a small bar end of 80B20 which we treated at 
1500 °F for 3 hours and for 9 hours in a production furnace where the 
ammonia in the entering atmosphere was in the neighborhood of 3%. 
They were quenched in oil. The surface hardness of the 3-hour sample 
averaged 90.5 Rockwell 15-N. Knoop readings at intervals of 0.002 inch 
across the case started at 703 (Rockwell C-59), reached a maximum of 847 
(Rockwell C-65) at 0.008 inch, and dropped to 770 (Rockwell C-62) at 
0.014 inch. 

The 9-hour sample gave an average surface hardness of 87.5 Rockwell 
15-N, which is low. The Rockwell C readings averaged 63. This was ex- 
plained by the micro which showed a thin white layer at the surface, 
0.0003 inch deep. Knoop readings across the case, again at 0.002-inch 
intervals, began at 644 (Rockwell C-56), reached 770 (Rockwell C-62) at 
0.010 inch, held to 0.018 inch, and dropped to 547 (Rockwell C-50) at 
0.024 inch, 

It may be noted that the hardnesses at and near the surface of these 
samples are higher than those indicated in the paper. We feel that this 
is probably due to the lower concentration of ammonia which we used 
and which we have always advocated. Also we feel that the hardness 
across the case compares favorably with what might be found in a car- 
burized case of similar depth. We also attribute this to lower nitrogen 
concentration. Unfortunately we did not at this time have an oppor- 
tunity to make a further study, as we were obliged to use the conditions 
existing in the plant of a cooperative customer. 


RESULTS OF THE TEST AS RUN 


Depth 3 Hours at 1500 °F Depth 9 Hours at 1500 °F 
Inches (Knoop Reading) Inches (Knoop Reading) 
0.002 703 0.004 644 
0.004 807 0.006 672 
0.006 807 0.008 735 
0.008 847 0.010 770 
0.010 770 0.012 770 
0.012 770 0.014 770 
0.014 770 0.016 770 
0.018 735 
0.020 672 
0.022 644 
0.024 347 
0.026 . 382 


Written Discussion: By Charles A. Nagler, associate professor, De- 
partment of Physical Metallurgy, Wayne University, Detroit. 

The authors are to be complimented for their fine contribution to our 
knowledge of carburizing and carbonitriding of boron steels. 

In the introduction to their paper the authors summarized their 
library findings as follows: “The effectiveness of boron in raising the 
hardenability has been found to decrease with increasing carbon content” ; 
“Boron has been reported to become entirely ineffective at 0.90% carbon” ; 
“In summary, it can be considered as definitely established that the effec- 
tiveness of boron decreases with carbon”; “This effect is obviously of im- 
portance for carburizing”; “It tends to increase the hardenability of core 
more than that of the case”; “This difference may lead to increased 
distortion.” 
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Fig. 11—AISI 94B17, Code 15. Rockwell C versus carbon. 
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Fig. 12—AISI 94B17, Code 18. Rockwell C versus carbon. 


In our laboratory at Wayne University we have been studying the 
hardenability response of boron-type steels during gas carburizing. The 
data that I shall present are original and have not been presented in a 
publication to this date. 
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Fig. 13—Iso-Hardness Lines, Code 15, 94B17. 


The boron steels that we studied had the following analysis: 


94B17 Ss Mn Si S P Cr Ni Mo B 
Code 15 0.17 0.82 0.22 0.023 0.022 0.50 0.61 0.11 0.0006 
94B17 

Code 18 0.18 0.94 0.27 0.027 0.018 0.44 0.28 0.12 0.0016 


The steels were machined into standard Jominy bars and carburized 
at 1700°F (925°C) and quenched in a Jominy tower. Sample bars for 
carbon concentration studies 6 inches long and 1 inch in diameter were 
carburized adjacent to the Jominy bars. The carbon concentration bars, 
after carburizing, were removed from the furnace, quenched for 5 seconds 
in oil and then allowed to slowly cool in sand to room temperature. The 
5-second oil quench was to arrest carbon diffusion during cooling. Suc 
cessive layers were machined from the carbon concentration bars and 
carbon determinations made for depth of cut of 0.010 inch up to 0.100 
inch. The initial depth of cut was at 0.005 inch. 

In Fig. 11 AISI 94B17, Code 15, is plotted the depth of cut, per cent 
carbon, and Rockwell C hardness for each 0.050 of an inch from the 
quenched end up to 1 inch. It will be noted that the 0.78% carbon level 
at 0.005 inch below the surface produced Rockwell C-63 at 0.05 inch from 
the end of the quenched bar. The hardnesses were determined on a 
Rockwell 15-N scale and converted to Rockwell C values. The hardness 
dropped to Rockwell C-42 at a distance of 1 inch from the quenched end 
of the Jominy bar. It will be noted that as the carbon content decreased, 
the initial hardness as measured from the end of the quenched bar 
decreased. 

In Fig. 12 AISI 94B17, Code 18, it will be noted that at a depth of 
0.005 inch a hardness of Rockwell C-57 was produced at a carbon level 
of 0.99%. At 0.78% carbon the maximum Rockwell C-64 was produced 
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Fig. 14—-Iso-Hardness Lines, Code 18, 94B17. 


and at 0.21% carbon a Rockwell C-43 was produced. In Fig. 12 the con- 
stant Rockwell C hardness values of 60, 50, 40, and 30 have been con 
nected together. In Fig. 18 are shown the Iso-Hardness lines for the 
various hardnesses that can be produced in a carburized boron steel, AISI 
94B17, Code 15. The reversal in hardness curve indicates the optimum 
carbon to be approximately 0.72%. In Fig. 14 it will be noted the reversal 
in the hardness curves occurs at approximately 0.78% carbon, the optimum 
for the carburizing of steel AISI 94B17, Code 18. In Fig. 4 of the authors’ 
paper is shown the carburized hardness curve for the 94B17 steel. The 
steel differs somewhat from the grade of 94B17 that we had studied in our 
laboratory. 

The Jominy bars of the 94B17 steel that we carburized and quenched 
gave the following Rockwell C values on the surface: 


-~Distance from Quenched End Carbon 

4/16 8/16 12/16 16/16 Content, % 
Rockwell C 63 62 46 42 0.78 
Rockwell C 60 60 52 46 0.99 


The Fig. 4 data of the authors’ paper indicate a maximum hardness 
of Rockwell C-65, which tends to indicate a carbon content in the vicinity 
of 0.72 to 0.78% carbon based on data from our laboratories. 

Fig. 15 indicates the relationship between microstructure and constant 
hardness levels as determined in our laboratory. 

Did the authors make any attempt to determine the carbon level at 
which they had determined the hardnesses? It is evident from studies 
on carburizing that the carhon level attained is an important factor in 
determining the resulting hardness of boron-type steels. The authors’ 
postulations on the effect of carbonitriding on hardness of boron-type 
steels was based on the use of ammonia contents 15% at 1500 °F (815°C); 
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10% at 1600°F (870°C); and 5% at 1650°F (900°C) associated with 5% 
methane along with the carrier gas. Was the amount of nitrogen dissolved 
in each of the samples determined for correlation with hardness? 


Authors’ Reply 


We wish to express our appreciation to Mr. Holcroft for his comments. 
We agree that, in line with a trend in industrial carbonitriding, knowledge 
of the effects of low ammonia concentrations, in the range of 5% or less, 
is of considerable and growing interest. An extensive investigation of 
this subject with respect to plain carbon steels is at present being com- 
pleted in our laboratory. The ammonia concentration used in the investi- 
gation of boron steels under discussion here may have affected the abso- 
lute results, as Mr. Holcroft suggests. In particular, our hardness read- 
ings near the surface are lower than those shown in his discussion. This 
difference may be ascribed to the higher ammonia concentrations used in 
our work, which results in more retained austenite in the structure. How- 
ever, these effects do not detract from the comparative value of the data, 
in particular with respect to the action of boron. 

We also express our thanks to Professor Nagler for contributing 
extensive original data in his discussion. Specifically, his finding of a 
hardness maximum below the surface agrees with two of the hardness 
traverses shown in Fig. 7. In answer to Professor Nagler’s question con- 
cerning nitrogen concentrations, no analyses were made in the present 
investigation. Results of previous work for nitrogen and carbon (Ref. 12 
and 14) are not directly applicable because of differences in ammonia 
concentration, carbonitriding temperature or steel composition, but with 
careful extrapolation they may suggest some probable approximate values. 


A TIME-TEMPERATURE RELATIONSHIP FOR 
RECRYSTALLIZATION AND GRAIN GROWTH 


By F. R. Larson anp J. SALMAS 


Abstract 


A relation developed by previous investigators which 
evaluates the relative effects of time and temperature on 
the hardness during the tempering of steels has been 
applied to the phenomena of recrystallization and gratin 
growth utilizing several different metals with outstanding 
results. 

All of the data analyzed complied within the limits 
which could be attributed to experimental deviations. A 
value of 20 for C in the parameter T(C + log t) was found 
to be satisfactory for all materials considered. For a given 
metal an absolute rate’ of grain growth exists which ap- 
pears to be dependent upon composition only. Use of this 
concept will reduce the number of tests required to evalu- 
ate recrystallization and grain growth behavior. 


INTRODUCTION 


RAIN size control has always been of great concern to the metal 
(> processor. A complete knowledge and understanding of re- 
crystallization and grain growth is essential in obtaining optimum 
properties of metals, for the as-fabricated properties are directly re- 
lated to the degree of recrystallization and the final grain size. 
Although these two conditions of metals have been the subject of 
many investigations, there is still much to be studied. It is the pur- 
pose of this paper to present a relation which will aid in the analysis 
of presently available data. and will simplify future investigations 
concerned with the phenomena of recrystallization and grain growth. 

It has been shown by many investigators that creep (1-4)*, rup- 
ture (5), tempering (6, 7) and diffusion (8) appear to obey rate- 
process theories. These rates may be expressed by an equation of 
the form: 

r= Ae?™ Equation 1 
1The figures appearing in parentheses pertain to the references appended to this paper. 


The statements and opinions in this article are those of the authors and do not neces- 
sarily represent the views of the Ordnance Corps. 

A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 ‘to 23, 1953. The authors, F. R. Larson and 
J. Salmas, are physical metallurgists, Watertown Arsenal Laboratory, Water- 
town, Mass. Manuscript received May 1, 1953. 
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Fig. 1—Master Hardness Curve for Recrystallization of Deep 
Drawing Brass Cold-Reduced 71.5%. (Reconstructed from data of 
Walker and Craig—Ref. 11.) 


where r is the rate, A is a constant, Q is the activation energy for the 
process under consideration, R is the gas constant, and T is the 
absolute temperature. 

Hollomon and Jaffe (6) have shown in the tempering of steels 
that the relation between tempering time and temperature for a given 
hardness, derived from Equation 1, may be expressed by the following 
equation : 


T(C + log t) = Constant Equation 2 


where T is the absolute temperature, C is a material constant, and t 
is time. This time-temperature parameter has been applied success- 
fully to creep and rupture (5) on the premise that both creep and 
tempering are rate processes dependent upon diffusion. Since it is 
generally believed that recrystallization and grain growth are also 
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Fig. 2—Master Hardness Curve for Recrystallization of Zirconium 
(ap) Cold-Reduced 50%. (Reconstructed from data of Dunkerley- 
Ref. 17.) 
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Fig. 3—Master Hardness Curve for Recrystallization of Zirconium 
(aa) Cold-Reduced 20%. (Reconstructed from data of Dunkerley— 
Ref. 17.) 


dependent upon diffusion, this concept should be directly applicable. 
To determine the degree to which the parameter T(C + log t) 
would apply to recrystallization and grain growth, a survey was made 
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Fig. 8—Master Grain Growth Curve for Alpha Brass 
(Specimens 1 mm. Thick). (Reconstructed from Data of Burke 
Ref. 12.) 


sefore the proposed relation could be applied to the test data, it 
was necessary to establish the value of the constant C in Equation 2. 
A value of 20 was chosen for the following reasons: 

i. Two independent theoretical calculations gave values of 21.5 
(5) and 18.4 (21). 

2. Nehrenberg (7) found 20 to be a suitable value for the 
tempering of steels. 

3. A value of 20 was found to be satisfactory for creep and 
rupture (5). 

4. The scatter of points on the parameter curves was relatively 
insensitive to changes in C. 

Substituting 20 for C in Equation 2 we have a relation which 
states that the time required to accomplish a given amount of recrys- 
tallization is related to temperature in the following manner: 


T (20 + log t) = Constant Equation 3 


where T is the absolute temperature (°K), and t the time in hours. 
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Fig. 9—Effect of Specimen Size on Grain Growth in 
Alpha Brass. (Reconstructed from data of Burke—Ref. 12.) 


There appears to be a systematic variation of the test points on 
a small number of the graphs. It was found that this variation could 
be corrected by using a value for the constant (C) other than 20. 
Since, however, the benefits gained by using a single value for C far 
outweigh the disadvantages, a single value was used. 


MASTER RECRYSTALLIZATION CURVES 


As a criterion of compatibility, according to Equation 3, if the 
hardness or the fraction recrystallized during recrystallization is 
plotted as a function of the parameter T(20-+ log t), all the points 
should fall on a single curve. These curves will be called “Master 
Curves”. The materials are listed in Table I along with the figure 
numbers and the source of data for several master hardness curves 
for recrystallization. In some cases, where the time to reach temper- 
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Fig. 10—Master Grain Growth Curve for Commercial Purity 
Nickel Cold-Reduced 40% (Specimens 0.093 Inch Thick). (Re- 
constructed from data of Wensch—Ref. 9.) 


ature was of the same order of magnitude as the time at temperature, 
test data were inconsistent. Since this investigation was conducted 
to prove a concept rather than to check the accuracy of individual 
values, two arbitrary minimum levels of test-data-rejection were 
adopted. These two levels were zero to 1 minute and zero to 5 
minutes. Analysis of the “Master Curves” reveals that the deviation 
of points from a single curve is small and it may be due to experi- 
mental error. It would be well to note here that results from re- 
crystallization of samples that had small amounts of cold work were 
more erratic than those that had large amounts of cold work. There 


Table I 





Recrystallization 
Fig. No. Material Reference 
i Brass 11 
2,3 Zirconium 17 
4,5 Copper-Base Alloys 16 


6 Aluminum 19 
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Fig. 11—Effect of Cold Work and Specimen Size on 


Grain Growth in Commercial Purity Nickel. (Recon 
structed from data of Wensch and Walker—Ref. 9.) 


may be a sound reason for this which will be discussed under theo- 
retical considerations. Considering the wide range of materials, time 
and temperatures, a close adherence to time-temperature equivalence 
is noted. 

Prior to the present study, investigations to determine the effects 
of various factors upon recrystallization were conducted either by 
holding the time constant and varying the temperature, holding the 
temperature constant and varying the time, or both. Fig. 6 is an 
example of a parameter plot of the data from four isothermal recrys- 
tallization reactions for three different degrees of cold work. By 
reliance upon the time-temperature equivalence concept, it can be 
readily seen that the number of test samples could be reduced by 
one-fourth. Since it is no longer necessary to determine separately 
the effects of time and temperature, the testing temperature may be 
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Fig. 13—Effect of Cold Work on Grain Growth in High 
Purity Iron. (Reconstructed from data of Wiener—Ref. 10.) 
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Fig. 14—Master Grain Growth Curve for Zirconium 
(da). (Reconstructed from data of Dunkerley- 
Ref. 17.) 


chosen so as to cause the reaction to proceed at a rate that is favorable 
from the standpoint of ease of observation, accuracy and convenience. 


MASTER GRAIN GROWTH CURVES 


The data available to determine the degree of compliance of grain 
growth with the time-temperature equivalence was a great deal more 
plentiful than that available for recrystallization. In the case of grain 
growth, many more investigators determined the effect of varying 
both time and temperature. Table II lists the figure numbers, mate- 
rials and the source of data for the master grain growth curves pre- 
sented. These curves were constructed by plotting the grain size as 
a function of the parameter T(20+ logt). Here again the data are 
in agreement with the proposed relation. It is true that the deviation 
was greater than that which was evident in the hardness curves; but 
it is felt that grain size measurements are subject to greater errors, 
since they depend upon a visual measurement. 
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Fig. 15—Master Grain Growth Curve for 0.25% Mnh-Al 
Alloy (Specimens 0.067 Inch Thick). (Reconstructed from data 
of Beck —Ref. 15.) 


COMPARISON OF RECRYSTALLIZATION AND GRAIN GROWTH 


The present concept allows an excellent basis for the comparison 
of two reactions, since it permits representation of the data from each 
reaction by a separate single curve. Fig. 7 depicts such a comparison 
for recrystallization and grain growth. Because of the limited data 
available for analysis, no conclusions were drawn. 





Table II 
Grain Growth 


Reference 


Fig. No Material 
7 Copper-Base Alloy 16 
8 Alpha Brass 12 
10 Nickel 9 
12 Iron 10 
14 Zirconium 17 

15to18 Aluminum- Manganese Alloys 15 
20 Aluminum-Magnesium Alloy 13 
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Fig. 16—Master Grain Growth Curve for 0.60% Mn-Al Alloy 


(Specimens 0.067 Inch Thick). (Recenstructed from data of 
3eck Ref. 15.) 


THe EFFECT OF SPECIMEN SIZE 


Comparison of several single-line plots on one graph also affords 
an excellent method for evaluating the factors that affect the rate of 
grain growth. The graph shown in Fig. 9 depicts the effect of speci- 
men size. Examination of the plots reveals that each curve is com- 
posed of two similar segments, a straight and curved portion. The 
straight-line segments seem to be superimposed. This straight line 
will be referred to hereinafter as the “absolute rate of grain growth”. 
Further evidence which indicates that this absolute rate exists will be 
pointed out in the discussions of the other factors that affect the rate 
of grain growth. The details of the influence of specimen size on the 
curved segments are apparent from examination of the plots shown 
in Fig. 9. 


EFFECT oF CoLp-WorK ON GRAIN GROWTH 


Multiple single-line plots were also constructed to illustrate the 
effect of cold work on grain growth. Previous investigators have 
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Fig. 17—Master Grain Growth Curve for 0.74% Mn-Al 


Alloy (Specimens 9.067 Inch Thick). (Reconstructed from data 
of Beck—Ref. 15.) 


demonstrated that the as-recrystallized grain size decreases with in- 
creasing degree of cold work. Figs. 11 and 13 illustrate this effect. 
Neglecting the influence of specimen size, the curves again are com- 
posed of two sections. One is a straight line similar to the absolute 
rate of grain growth in the specimen size plots. The degree of cold 
work determines the grain size at which the absolute rate starts. The 
lower curved portions of these curves are strictly dependent upon the 
degree of cold work. It is interesting to note that the rate of growth 
is low just after recrystallization and remains low until the portion 
of the curve representing the absolute rate of grain growth is reached. 


EFFECT OF A SECOND PHASE ON GRAIN GROWTH 
Figs. 15 through 18 illustrate the effect of a second phase on 
grain growth. It is to be noted that the presence of an insoluble 
second phase appears to limit grain growth. The second phase does 
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_ Fig. 18—Master Grain Growth Curve for 1.1% Mn-Al Alloy 
(Specimens 0.067 Inch Thick). (Reconstructed from data of 
3eck—Ref. 15.) 













not appear to alter the absolute rate of grain growth, but it has an 
effect analogous to that exerted by changes in specimen size. 


EFFECT OF SOLID SOLUTION ON GRAIN GROWTH 















In determining the effect of composition upon the grain growth 
characteristics, only two literature sources contained sufficient data 
for consideration in the present study. Fortunately the alloy systems 
employed in these two investigations were widely different. The 
aluminum-magnesium system was an example where the solute and 
solvent atoms were similar enough so that a complete solid solution 
existed over the ranges of compositions and temperatures studied. 
Fig. 21 is the composite plot of these data. It can readily be seen 
that the increased additions of the alloying element exhibited little 
effect upon the absolute rate of grain growth. However, it did appear 
to affect the as-recrystallized grain size. 

The second case involved the aluminum-manganese system, 
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Fig. 19—Effect of Manganese on Grain Growth in Aluminum 
(Specimen 0.067 Inch Thick). (Reconstructed from data of 
Beck—Ref. 15.) 





which represents an example wherein solute and solvent atoms are 
different. An insoluble second phase existed during portions of the 
grain growth history. Fig. 19 was constructed by utilizing the curves, 
less test points, of Figs. 15 to 18 representing the portion of the 
growth curves which were unaffected by the presence of the second 
phase. Examination of Fig. 19 reveals that the absolute rate of grain 
growth is markedly retarded by increasing the amount of alloying 
element; and the as-recrystallized grain size is much finer for the 
higher alloy material under identical conditions of prior cold work. 















‘THEORETICAL AND GENERAL CONSIDERATIONS 





Since the complete derivation and discussion of the time- 
temperature relation has been described in the literature (5, 6), it is 
not deemed necessary to include it in this discussion. However, the 
salient relation will be reviewed in order to demonstrate a new 
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Fig. 20—Master Grain Growth for 2% Mg-Al Alloy Cold- 
Reduced 33% (Specimens 600 °C, 550 °C—0.16 Inch Thick; 500 
C—0.10 Inch Thick; 450°C, 400°C, 35 °C—0.02 Inch Thick). 
(Reconstructed from data of Demer and Beck—Ref. 13.) 












interpretation of the activation energy concept. The rate process 
equation is: 







r= Acw= Equation 4 
where 
r = rate © = activation energy 
A = constant R = gas constant 
e = natural logarithm base T = absolute temperature 






Since rate is expressed in units of reciprocal time, Equation 4 
may be rewritten as follows: 













1/t = Ae-’’®* for Constant Degree of Reaction Equation 5 





By converting to logarithms, transposing, multiplying and chang- 
ing to base 10 logarithms, Equation 5 is readily reduced to the final 
form: 





T(C + log t) = Q/2.3 R for Constant Degree of Reaction Equation 6 


where C = log A 
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Fig. 21 Effect of Magnesium on Grain Growth in Aluminum. 
(Reconstructed from data of Demer and Beck—Ref. 14.) 





In Equation 6 it is interesting to consider that if T(C + log t) 
varies, the activation energy (Q) must also vary, for the denominator 
of the right side of the equation is a constant. Thus a “Master 
Curve”, in effect, portrays a plot of material property, e.g., recrystal- 
lization, grain growth, rupture, creep, hardness, etc., as a function of 
activation energy. Prior to the present study, the general rate process 
concept depicted © as a constant or considered that it varied only 
between narrow limits. 

The absolute rate of grain growth was determined for each of 
several high purity metals. Fig. 22 is a composite graph comparing 
these rates, the solid lines representing the portion for which test data 
were available and the dotted lines representing extrapolations. 
There appears to be an inverse relationship between rate of grain 
growth and melting point for the metals shown. When extrapolation 
to a temperature of absolute zero is made, all of the rate curves inter- 
sect the grain size coordinate within a range of values the average of 
which is the same order of magnitude as the minimum distance ob- 
served between slip lines. 
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_ Fig. 22—Absolute Grain Growth Rates for Several 
High Purity Metals [Nickel (9); Zirconium Iron (10); 
Aluminum (14)]. 





An interesting comparison is accomplished by constructing a 
graph which contains both the rate of grain growth during recrystal- 
lization (G,) and the absolute rate of grain growth (G,) (Fig. 23). 
R, and Ry represent the parameter values for the start and finish of 
recrystallization, respectively. These data were obtained from two 
different sources, since no single investigation contained data for both 
of these rates. The rate for growth in a cold-worked matrix (G,) 
was obtained by tests at a single temperature. It is presently accepted 
that growth during recrystallization, or at least the final grain size 
achieved, is not only dependent upon the amount of prior cold work, 
but also the temperature at which the reaction is carried out. This is 
especially evident in tests conducted at low strain levels of cold work. 

It is apparent that the rate of growth during recrystallization is 
greater than the absolute rate of growth. Recrystallization does not 
appear to start until a parameter value is reached where the two rates 
intersect. It is evident that a great deal of future work is needed to 
clarify these implications. It is felt that a greater understanding of 
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Fig. 23—-Comparison of Grain Growth Rates in a Strained 
(Gs) and an Unstrained (Ga) Matrix of High Purity Aluminum 
(Rs Start of Recrystallization and Re End of Recrystallization 
for Indicated % Cold Work). Gs (19); Ga (14). 





the mechanism and driving forces of recrystallization and grain growth 
could be obtained by further comprehensive investigations based on 
this concept. 


CONCLUSIONS 


A parameter T(C + logt) which evaluates the relative effects 
of time and temperature was applied to recrystallization and grain 
growth with the following results : 

1. All data analyzed complied within limits which could be 
attributed to experimental deviations. 

2. A value of 20 for C in the parameter 1 (C + log t) was found 
to be satisfactory for all materials considered. 
3. For a given metal an absolute rate of grain growth exists 
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which appears to be dependent upon composition only. 

4. Employment of this concept will materially reduce the number 
of tests required to evaluate recrystallization and grain growth 
behavior. 
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DISCUSSION 


Written Discussion: By R. L. Fullman, General Electric Research 
Laboratory, Schenectady, N. Y. 

The authors have presented an interesting empirical correlation, which 
may prove useful in practical heat treating. However, their theoretical 
considerations indicate a misunderstanding of kinetic theory. The kinetics 
of transformations generally follow expressions of the form 

a =f, (U)e™., Equation 7 

dt 
where U is the fraction transformed and f,. (U) is not a constant, as in the 
authors’ Equation 1, but is some function of U. For example, the rate of 
change of composition at a given position X in a one-dimensional diffusion 
experiment with diffusivity independent of composition is 


20, (i 
, ae eee 





—-Q/RT 


e Equation 8 


Re 
Here C is the concentration, D. and Q are constants, and 0°C/OX? is a 
function of the concentration change that has occurred already. 

Equation 1 is not a generally accepted or theoretically justified. rela- 
tionship, but an empirical relationship found by Hollomon and Jaffe’ to 
describe their data on hardness changes produced by tempering. The lat- 
ter authors found that Equation 7 would not describe their data. Contrary 
to Larson and Salmas’ statement that “prior to the present study, the 
general rate process concept depicted Q as a constant. ..”, Hollomon and 
Jaffe pointed out that the empirical relationship expressed by Equation 1 
or 2 requires that Q is not a constant. 

It is dangerous to presume that successful application of an empirical 


2J. H. Hollomon and L. D. Jaffe, “Time-Temperature Relations in Tempering Steel’, 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 162, 1945, 
p. 223. 
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relationship necessarily means that the data cannot be described by stand- 
ard equations with theoretical justification. In conjunction with Johnson 
and Mehl’s analysis* of the geometrical relationships in heterogeneous 
transformations, standard kinetic theory has provided a clearer insight 
into the separate roles of nucleation and growth rates in the recrystalliza- 
tion process than can be obtained from empirical correlations of the over- 
all process. In order to compare the validity of Equation 1 and Equation 
7 in a simpler form than has been used in the separate analysis of nuclea- 
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Fig. 24—Hardness Curve for Re 
crystallization of Zirconium (ab) Cold 
Reduced 50%. From data of Dunker 
ley et al. (Ref. 17). 





tion rates and growth rates, it is convenient to derive a new time-tempera- 
ture parameter based on Equation 7. If the nucleation rate and growth 
rate have the same activation energy, a relationship of the form of Equa- 


tion 7 may be used to describe the over-all process. 


. dU — e~ VET dt, 


fo (U) 


and on integration, at constant temperature 


f, (U) —f, (U.) = te**. 


Rearranging, we have 
















Equation 9 





For convenience, Equation 9 may be written in terms of logarithms to the 
base 10 









log [f: (U) — f: (U.)] = logt — =logt—C’/T Equation 10 





2.3 RT 


Since the left-hand side of Equation 10 is a function of the extent of 









_ 8W. A. Johnson and R. F. Mehl, “Reaction Kinetics in Processes of Nucleation and 
Growth’’, Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 
135, 1939, p. 416, 
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transformation alone, the quantity log t — C’/T may be used as a param- 
eter in plots of the extent of transformation or any property that depends 
only on the extent of transformation, provided the transformation kinetics 
may be described by Equation 7. Fig. 24 shows data of Dunkerley* et al, 
corresponding to the authors’ Fig. 2, plotted with the parameter log t — 
15 x 10°/T (t is in hours, and T is in degrees K). It may be seen that this 
manner of plotting, corresponding to a constant activation energy, fits the 
data as well as the empirical relationship used by Larson and Salmas. 

Written Discussion: By W. F. Brown, Jr., G. Succop and S. S. Man- 
son, National Advisory Committee for Aeronautics, Lewis Flight Propul- 
sion Laboratory, Cleveland. 

The authors are to be complimented on their thorough analysis of the 
time-temperature dependence of recrystallization and grain growth data. 

However, we would like to discuss further certain of the statements 
made in the paper and to examine the possibility for further analysis of 
some of the data presented. 
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Fig. 25—Comparison Between Walker and Craig Data and Curves Based on 
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Fig. 26—Comparison Between Walker and Craig Data and Curves Based on 
(T + 273) (logt+ 15). 




















The authors state that 20 is the most suitable value of C in the pa- 
rameter T (C + log t) and give a number of reasons for this selection. One 
of these is that C = 20 was found satisfactory for creep and stress-rupture 


data. In addition, it is stated that the scatter of points on the parameter 


curves is relatively insensitive to various values of C. In this connection 
we would like to refer to a paper published by Manson and Haferd* 
and to a more recent paper by Manson and Brown’. In these papers it 


was shown that considerable discrepancy in curve shape was obtained 
when comparing the conventional isothermal stress-rupture curves as es- 
tablished by the data with those calculated from a master curve based on 
the parameter T (20+ logt). Also, it was demonstrated that errors in 
rupture time in the order of ten could result from extrapolation if this 


_ 4S. S. Manson and A. Haferd, “‘A Linear Time-Temperature Relation for the Extrapola- 
tion of Stress-Rupture Data’, NACA TN 2890, March 1953. 


5S. S. Manson and W. F. Brown, Jr., ““Time-Temperature Stress Relations for_ the 


Correlation and Entrapolation of Stress-Rupture Data”. To be published by American Soci 
ety for Testing Materials, 1953. 
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Fig. 27—Comparison Between Walker and Craig Data and Curves Based on 
(T + 273)/(log t — 15). 


extrapolation was based on the T (20+ logt) parameter. In addition, an 
analysis was made® to reveal the effects of varying the constant C on the 
correlation obtained using the parameter T(C+logt). The optimum 
value of this constant was found to vary from 17 to 25, depending on the 
material. It should be emphasized that when the optimum value of C was 
not 20, the errors involved by the use of C = 20 were well in excess of the 
data scatter. It was also shown that a parameter in the form (T — T,)/ 
(log t — log ta) (where T, and log t. are stress-independent material con- 
stants) generally resulted in better correlation than could be obtained by 
the parameter T (C+ logt). 

In view of the above results it would appear desirable to examine 
further some of the data given by the authors in their present paper. For 
this purpose we have selected the most complete set of hardness data, 
namely that published by Walker and Craig and shown in the authors’ 
Fig. 1. 

Inspection of the master curve will reveal a systematic deviation of 
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the data points, particularly at the higher temperatures. The significance 
of such deviations (or, for that matter, any scatter) does not become 
immediately evident from the master curve. Thus, small deviations in 
abscissa values may represent large errors in time. In addition, there 
is no indication of how well the parameter is able to represent the shape 
of the basic isothermal curves. 

In order to ascertain the relation between the prediction of the master 
curve and the original data, Fig. 25 has been prepared. This representa- 
tion shows a comparison between the isothermal curves calculated from 
the authors’ master curve and those defined by the experimental data of 
Walker and Craig. It is evident that the calculated curves do not repre- 
sent the basic trend of the experimental data and that errors in both hard- 
ness and time are observed which well exceed any experimental scatter. 

The discrepancy in curve shape points to the large errors which would 
result if the parameter T (20+ logt) were used in extrapolation of this 
data. Thus, at any annealing temperature of 412 °C the pronounced down- 
ward deviation of the calculated curve from the experimental curve at 
annealing times over 5 hours indicates large hardness errors would result 
if the parameter were to be used in predicting the hardness at, say, 100 
hours. 

While the authors state that in certain cases an improvement in cor- 
relation could be obtained by use of value of C other than 20, they do not 
seem to feel that the benefits derived are worth the additional complica- 
tions. On this point we disagree with the authors. It should be pointed 
out that one of the valuable uses of a time-temperature parameter is satis- 
factory extrapolation of relatively short-time high temperature data to 
predict the longer time and lower temperature results. Also, if it correctly 
represents the basic trend of the original data, it may give an insight into 
the physical laws governing the process under consideration. It has al- 
ready been demonstrated that the parameter T (20+ logt) does not rep- 
resent the trend of the basic data curves of Walker and Craig and there- 
fore does not satisfy either of the above-stated purposes. 

It is of interest to examine the results which would be obtained by 
the use of the optimum value of C which was found from a plot of log t 
versus 1/T to be approximately 15. If the parameter is taken in the form 
T (log t + 15) the results shown in Fig. 26 are obtained. The agreement 
in shape between the calculated and experimental curves is very much 
improved as compared with the results obtained using C= 20. Extrapola- 
tion by use of the parameter T (15+ logt) would obviously result in con- 
siderably less error than by use of the parameter T (20 + log t). 

The writers have further analyzed the data of Walker and Craig and 
on the basis of the (T — T,.)/(log t — logt,) parameter. The results using 
this parameter are shown in Fig. 27. The agreement between the calcu- 
lated isothermal curves and those established by the experimental data 
is essentially identical with that obtained by the use of the parameter 
T (20+ logt). This observation is explained by the fact that in this par- 
ticular case the two parameters can be shown to be approximately equiva- 
lent. Thus, the temperature terms are identical. The time terms are also 
essentially equivalent, as can be demonstrated by expanding the term 
1/ (log t — 15) as follows: 
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Since log t/15«1 for all practical times considered by the authors the 
power terms can be neglected and the expression rewritten: 
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——_——— ot — | 15 4 log 
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The two parameters are now identical except for a scale factor which does 
not affect the correlation. 

The authors have indicated that the parameter T (C + logt) is related 
to the basic rate process equation. We would like to ask the authors to 
further discuss this relation and in particular to describe how it is possible 
to proceed directly from the basic rate equation to an expression relating 
time and temperature for a process in which the rate involved is not ex- 
plicitly stated. 

Authors’ Reply 


In reference to R. L. Fullman’s discussion, the authors would like to 
point out that the main difference in his approach and the authors’ is that 
he considers Q a constant and A a variable in the expression 


[= Ae-@/#t 


and the parameter used in this paper requires that A be a constant and Q 
a variable. Hollomon and Jaffe found that it was necessary to consider Q 
as a variable to describe their data. The parameter used in this paper, 
which considers Q a variable, has been applied with success to data from 
a wide variety of metallurgical reactions. 

The authors have considered the parameter proposed by Fullman and 
have tried to apply it to a set of data which were obtained from tests over 
a wide range of testing temperatures. For comparison, these data were 
plotted as a function of both parameters, Fig. 28 and Fig. 29. Examina- 
tion of these two figures will reveal the deviations encountered by both 
methods. Probably the best way to resolve the question related to the 
proper form of the parameter is to run several closely controlled experi- 
ments. 

The authors would like to thank Messrs. Brown, Succop and Manson 
for their very interesting discussion. However, we would like to disagree 
with several points that they have made. First, let us consider the ques- 
tion in regard to the correct value for the constant C in the parameter 
T(C + logt). Probably the most rigorous solution is to determine the C 
value for each particular case. However, the authors feel that there is one 
true value for C. Since most experiments are performed isothermally, 
controlling the temperature and measuring the time to carry out the 
reaction, comparison of error in C value to error in time is not meaningful. 
The error in C should be spoken of in terms of “equivalent temperature 
displacement”. That is to say, what is the difference between the con- 
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trolled test temperature and the temperature for the “Master Curve” 
which will give the equivalent degree of reaction. The authors have exam- 
ined a large amount of test data on this basis and have found that, using 
a value of 20 for C, the equivalent temperature displacement in all cases 
except for very few is less than =5°C. For Walker and Craig’s data, this 
equivalent temperature displacement at the high temperatures is as high 
as £10°C. Ina report such as presented here, it is not possible to pre- 
sent the entire picture; rather, only to present a cross section, and, since 
Walker and Craig’s data presented one of the poorer compliances to the 
parameter, it was included. It would have been also a superhuman task to 
determine a separate value for C for each set of test data examined in this 
study. 

Secondly, let us consider the reproduction of curve shape by the 
parameter. It is unfortunate that Brown and his associates chose Fig. 1 
as the example, for close examination of the curve will reveal that the 
curve was incorrectly drawn through the test points. Examination of the 
parameter will show that it is not possible for the parameter to modify 
curve shape. Construction of a “Master Curve’, using the parameter, 
really in essence is the placing of isothermal reaction curves for different 
temperatures in correct relation to each other. 

In reference to the last*question as to how the parameter T(C + log t) 
is related to the basic rate process equation, there is an excellent discus- 
sion in the original paper given by Hollomon and Jaffe (6) and Kanter (21). 





FLOW AND FRACTURE OF SINGLE CRYSTALS 
OF HIGH PURITY FERRITE 


By R. P. STEITN AND R. M. Bricx 


Abstract 


Flow and fracture studies at room and subzero tem- 
peratures were conducted on single crystals of two high 
purity titanium ferrites of 0.1 and 0.3% titanium and on 
one high purity tron-carbon alloy of 0.023% carbon. 

The flow studies consisted of tension and compression 
tests. Micrographic determinations of the slip elements 
from surface markings were correlated with X-ray exami- 
nations. The operative glide system was found to be a 
plane in the <111> zone, selected on the basis of relative 
strengths of planes {110} to {112}, the orientation of the 
crystal and the temperature. Comparison between com- 
pression and tension data indicated a fundamental differ- 
ence with respect to the glide plane selected, which shows 
that the normal stress 1s significant. 

Slip on high indices planes is visualized from a model 
which considers the atoms as hard Spheres. A theory of 
slip in body-centered cubic metals 1s developed from this 
model. 

Fracture tests were carried out at a number of subzero 
temperatures. Ductility was dependent on the crystal ori- 
entation as well as on temperature. The variation of the 
critical shear stress for slip with temperature, down to 
—150°C, was found. Mechanical twinning was encoun- 
tered at —75 °C and lower. There does not appear to be 
a critical resolved shear stress for twinning, and the deci- 
sive criterion remains unknown. 


HE literature on the subject of slip in the body-centered cubic 

metals shows, in general, three points of view. One is that slip 
takes place in the octahedral direction on (110), (123), or (112) 
planes, or combinations thereof (1-7). A critical review of the evi- 
dence supporting this view is presented in Ref. 8. 


1The figures appearing in parentheses pertain to the references appended to this paper. 








From a dissertation presented by R. P. Steijn to the faculty of the Graduate School of the 
University of Pennsylvania in partial fulfillment of the requirements for the Ph.D. degree. 
This research has been sponsored by the Flight Research Laboratory, Wright-Patterson Air 
Force Base, under contract AF 33(038)-15889. The views presented are those of the authors 
and do not necessarily represent those of the Air Force or Flight Research Laboratory. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. Of the authors, R. P. Steijn is 
metallurgist, Research Div., Franklin Institute, and R. M. Brick is professor 
of metallurgy, University of Pennsylvania, Philadelphia. Manuscript received 
March 2, 1953. 

1406 











1954 FRACTURE OF SINGLE CRYSTALS 1407 


In sharp contrast to this belief is the work of Taylor (9, 10) 
who concluded that slip takes place in the <111> direction but not 
necessarily on crystallographic planes of low indices. Instead, glide 
can take place on a “noncrystallographic” plane at any position along 
the <111> zone, depending on the variation of the relative strengths 
of planes in this zone. 

The third view, most recently espoused by Chen and Maddin 
(11), is that all slip in molybdenum and other body-centered metals 
is {110} slip. From an analysis of asterism streaks in Laue photo- 
grams, they concluded that (112) and (123) slip is spurious, and 
can always be resolved into slip on several {110} planes. If this 
conclusion is valid for slip in all body-centered cubic metals, the same 
analysis should be applicable to deformation studies on relatively pure 
iron single crystals, in which pronounced asterism is encountered. 

Recently Chalmers and Martius (12) have proposed that slip 
will occur in those directions and on those crystal planes for which 
the 8 parameter is a minimum. The 8 parameter is defined as the 
ratio of the Burger’s vector to the interplanar distance. They con- 
cluded that for body-centered cubic metals and slip in the octahedral 
direction, the first choice slip plane would be (110), the second 
choice (112) and the third choice (123). However, as the authors 
themselves point out, the criterion of a minimum £ value predicts 
that body-centered cubic metals will slip on the dodecahedral and 
cube planes in the [100], which has never been observed, rather 
than on the (112) planes in the octahedral direction. 

The research reported in this paper has resulted in data which 
generally support the analysis of Taylor, of “noncrystallographic’”’ 
or “banal” slip. Before presenting the experimental data, a theory 
of slip in the body-centered cubic structure which accounts for banal 
slip will be considered. 


A Proposep THEORY OF SLIP 


The slip process on an atomic scale may be visualized with the 
help of a hard sphere model (Appendix). Analysis of slip in terms 
of the movements of spherical atoms shows that (110) slip involves 
only one particular movement per atom, called an A-type movement 
(see Fig. 31b). Slip on a (112)-type plane also involves only one 
type of atomic movement, designated as a (B+ C) movement (see 
Fig. 32b), quite different from the A type. Further consideration 
of the movements of atoms during the slip process on intermediate 
planes, like the (123), the (156), etc., shows that however complex 
slip on these high indices planes may appear at first sight, it always 
requires only a definite relative proportion of Type A and of Type 
(B+ C) movements. 

If slip of a unit area (110) plane involves M Type A move- 
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ments and slip of a unit area (112) plane involves N Type (B+ C) 
movements, the (110) critical shear stress Si19 is the force required 
to perform M Type A movements and the critical shear stress S410 
is the force required to perform N Type (B + C) movements. 

Therefore, if the numbers of A and (B+ C) movements, 
involved in slipping one unit area of a high indices plane hkl, are 
respectively m and n, and m, n, M and N are known from geometrical 
considerations, the critical shear stress of the high indices plane, 
Snxi, can be expressed by the method of weighted averages as: 





Snx1 — ar Sue + x ? Sue 


Suz 


or with = 


7110 


m n 
Suni/ Su = + 7° NN 
This is graphically shown in Fig. 1. This family of curves (calcu- 
lated in the Appendix) shows that, on the basis of the hard sphere 
model, the resistance to shear varies continuously between the (110) 
and the (112) planes. If this variation is approximately of the same 
order as the variation of the resolved shear stress along the <111> 
zone, it is evident that slip on high indices can take place. The model 
also shows that the quantitative placement of the curves of Fig. 1 is 
governed solely by the Si12/Si19 ratio. In other words, if this ratio 
is affected by external conditions as, e.g., temperature, the entire 
curve shifts into a different position which could cause a significant 
change in the slip behavior. This graph may also be employed to 
explain waviness of slip lines in body-centered cubic metals. It will 
be shown that for pure ferrites in tension at room temperature, y ~ 
1.04 (Fig. 7b). If we consider an iron crystal so oriented that the 
maximum shear stress plane is the (312), an applied load would 
result in an actual shear stress on other planes, which, if plotted in 
Fig. 1, would give a curve not far from parallelism to the Sy/Si10 
curve. Therefore when the crystal reaches the yield point, deforma- 
tion is not confined to the exact plane defined by the point of inter- 
section of the actual shear stress curve with the Sy/Si19 curve. Many 
adjacent planes in the <111> zone reach their critical shear 
strengths at approximately the same time, and slip is not confined 
to a unique crystallographic plane. Instead, from point to point, 
the relative proportions of Type A (101) movements and Type 
(B + C) or (211) movements may vary. 


MATERIALS 


The three alloys used in this investigation were basically high 
purity irons containing a small amount of a strong deoxidizer. Alloys 
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Fig. 1—Relative Strengths of Various Planes in the <111> 
Zone for Specific Assigned Values of y or Su2/Su0, Calculated 
on the Basis of the Hard Sphere Model of Slip (see Appendix). 


AF-1 and AF-2 were prepared by making an oxidized melt of elec- 
trolytic iron which was then hot and cold-rolled to 0.010-inch strips. 
The strip was deoxidized by heating for 6 weeks at 1100 °C (2010 
°F) in dry hydrogen. Five pounds of the strip was remelted in a 
high-fired beryllia crucible under a vacuum of 1 micron. Then to fix 
the traces of remaining carbon, nitrogen and oxygen, titanium to the 
extent of 0.1 or 0.3% was added immediately before solidification 
in vacuo. 

Alloy AF-3 was produced by carbon deoxidation of the oxidized 
electrolytic iron, accomplished by remelting 8 pounds of the iron in 
vacuum and adding only sufficient carbon to remove the oxygen and 
leave 0.02% excess carbon. 





TRANSACTIONS OF THE ASM 





Table I 








Vol. 46 


-—— Iron-Carbon AF-3 


. AF-2; Grain -——— Grain Size——— 
-——Titanium-Ferrite AF-1; ASTM Grain Size 3-4——~. ———Size 4-5—_—. 5 5 7 
30° —40° —85° —128° —149° —185° 30° —185° 30° —185° —185 
Fracture Stress, 
psi 297,000 256,000 275,000 158,800 140,000 95,000 245,000 142,000 194,000 124.000 
Upper Yield, 
psi 12,500* 27,800* 38,000 64,500 81,000 80,100 12,000* 97,100 31,600 98,300 
Lower Yield, 
psi 37,300 60,500 70,500 t 84,600 24,950 90,300 
Flow Stress at 
0.2% Strain 41,500 49,000 61,500 81,500 98,000 t 
Engineering 
T.S., psi 34,300 40,500 49.400 66,300 77,600 95,000 38,000 100,000 38,650 
Reduction of 
Area, % 96 94.5 93.8 76 60 t 95 59 15 
Total Strain 3.22 2.90 2.80 1.44 0.92 Tt 3.10 0.90 2.30 0.16 0. 
Uniform Strain 0.36 0.37 0.17 0.20 0.17 t 0.32 0.20 0.40 
Necking Strain 2.86 2.53 2.53 1.24 0.75 t 2.78 0.70 1.90 


*No “Yield Point’. but a smooth transition from elastic to plastic deformation. 


tBroke prematurely in shoulders. 








The alloy ingots were hot and cold-rolled to 34-inch rounds, 
machined into test bars and annealed to the desired grain size of 
about ASTM No. 1. They were then given the critical strain of 2.8 
to 3.5% in tension and program annealed, starting at 450°C (840 

F), with the temperature increasing at a rate of 60 °C per day until 
890 °C (1635 °F) was reached. They were held at 890 °C (1635 °F) 
3 days and furnace-cooled. All anneals were in a purified helium 
atmosphere. Single crystals so produced occupied the 0.200 by 
l-inch gage section of the original tensile test bars. 

The alloys tested in this investigation have not been completely 
analyzed chemically (see below) but their tensile properties in the 
polycrystalline form were determined over the range from room tem- 
perature to —185 °C (Table I) and were found to be essentially the 
same as those of comparable high purity ferrites (13). The poly- 
crystalline titanium ferrites, for example, were clean metallographi- 
cally, showed no “yield point” at room temperature, had a low yield 
strength of 12,000 psi at room temperature and were quite ductile at 
liquid air temperature, e.g., 60% reduction in area. The 0.02% car- 
bon ferrite was also clean, showed no pearlite and had 40% reduc- 
tion in area at liquid air temperature. 


Analyses of Ferrites 


' Alloy AF-1 0.094% Ti 0.0014% C 
Alloy AF-2 0.31% Ti 0.0014% C 
Alloy AF-3 0.023% C 


(Note: Other ferrites prepared by identical procedures have all analyzed 0.0002 to 0.0006% 
oxygen, 0.0001 to 0.0005% nitrogen, ~0.00005% hydrogen, <0.001 to 0.004% each of 
sulphur, manganese, silicon, nickel, chromium, phosphorus, copper.) 


EXPERIMENTAL TECHNIQUE 


All single crystals were polished electrolytically unless other- 
wise stated. The orientation of the single-crystal bar before and 
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after deformation was determined using the usual Laue back-reflec- 
tion technique. The single-crystal specimens were strained at a rate 
of 0.01 in/in/min using a hydraulic testing machine. Axial loading 
was obtained by using case-hardened chains as loading members. The 
instantaneous load was autographically recorded versus the total cross- 
head motion. After deformation, the position of the glide ellipses was 
determined microscopically from the observed surface slip markings, 
using a combination goniometer — specimen holder of improved design. 

Single-crystal compression specimens were cut from some bars. 
Laue X-ray pictures taken after cutting but before deformation 
showed undistorted diffraction spots. The flat ends were lightly 
polished and lubricated with Molykote. The tests were conducted 
with the same universal testing machine between an anvil of hardened 
high speed tool steel placed on the table of the machine and a cylinder 
of the same material bolted against the lower crosshead. By subse- 
quently cementing the compression specimen on the platform of an 
adapter that fitted in the specimen holder like a tensile bar, the micro- 
scopic determinations of the slip markings could be carried out as 
before. 

The low temperature equipment consisted in brief of a metal 
Dewar vessel around the test specimen and connected to it by a very 
flexible metal bellows. For temperatures down to —/0 °C, a mix- 
ture of acetone and dry ice was used. For lower temperatures, freon 
No. 12 was cooled by a flow of liquid air from a pressurized container 
through a copper cooling coil in the test vessel. Temperature was 
automatically controlled by regulating the flow of liquid air with a 
solenoid valve in conjunction with a Wheelco temperature controller 
activated by a copper-constantan thermocouple immersed in the freon. 
For still lower temperatures, liquid air was directly dumped into the 
cold vessel. See Ref. 13 for detailed description of this equipment. 

To measure the strain during subzero fracture tests a diameter 
gage described in Ref. 14 was used. 


RESULTS AND DISCUSSION 
Room Temperature, Tension 


Alloy AF-1—Eight single crystals were strained. The orienta- 
tions of the undeformed specimens are given in Fig. 2. Contrary 
to standard procedure, a number of these were polished by hand. 
Taylor’s analysis (10) was followed. Table II gives yx, the angle 
between the (101) and the maximum shear stress plane, and y, the 
angle between the (101) and the observed glide plane*. In Fig. 5, 
these angles are plotted horizontally. This diagram indicates that, 
within the region covered, there is a tendency of the poles of the 
glide planes to incline away from the MS-plane (plane of maximum 


*€ is the angle between the stress axis and the glide direction. 
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Table II 
Room Temperature Tension: Alloy AF-1 

Spec. No. g x y JR. A 
128 55 —3 -1 2% 
128’ 31 —23 —16 2% 
132 38 5 2% 3 
132’ 38 5 9 3 

. 39 5 —4 2% 
127’ 41 6 i 2% 
131 41 11% 7% 44 
134 45 0 6 5 
119 43 3 0 8-15 
121 46 18 14 8-15 
129 43 il 







28 2 






i9ge* e3! 
27 32 
Fig.2 Alloy AF-| Fig.3 Alloy AF-2 





Initial Orientations of Ferrite Single Crystals: 
Fig. 2—Ejight Crystals of AF-1 Deformed in Tension. 
Fig. 3—Thirteen Crystals of AF-2 Deformed in Tension. 








For Complete Designation 

Each Single Crystal Number 
is Preceded by the Number 
of the Alloy 
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Fig.4a Tension Fig.4b Compression Fig.4c Fracture 


Fig. 4—Thirty-Seven Crystals of AF-3; 9 Deformed in 
Tension (4a), 13 Deformed in Compression (4b) and 15 
Tested to Fracture in Tension (4c). 
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Spec. No, 


204A 
204A’ 
204B 
204B’ 
209 
206 
234 
234’ 
201 
201’ 
208 
235 
223 
242 








FRACTURE OF SINGLE CRYSTALS 
Table III 
Room Temperature Tension: Alloy AF-2 


E x y 
40 7 7 
38 8 4 
44 15 11 
49 10 9 
37 20 26 
41 22 16 
36 15 7% 
37 15 29 
40 0 4 
41 2 6 
58 6 il 
41 15 13 
46 0 0 
37 26 26 

30° 20 10 O° 160 2 3s” 


Tension - Alloy AF-| 
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Single Crystals With ' - Mark Slip 
on Conjugate Plane in [II!]- Direction 
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Fig. 5—Relative Positions in the <111> 
Zone of the Maximum Shear Stress Plane (Solid 
Circles) and Observed Glide Plane (Open Cir- 
cles) for Crystals of Alloy AF-1 and Alloy AF-2 
Deformed in Tension at Room Temperature. The 
prime mark indicates slip on a conjugate plane. 
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0 lo ¥ 20 30° 
Fig. 7a 
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oom wn Temperature 
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1.O] 1.01 
20 W 30° 
1.00 1.00 
. 0 
Fig.6b Sy/Siio vs Fig.7b Sw/Siio VS Wy 
Fig. 6—(a)—Values of x, Angle Between Maximum Shear Plane and (101), 
and w, Angle Between Observed Glide Plane and (101), for Crystals of Alloy AF-1, 
Room Temperature Tension. (b)—Relative strengths, Sy/Su0, of pianes in <111> 


zone, derived by graphical integration of data of Fig. 6a. 
Fig. 7—(a)—Values of x, Angle Between Maximum Shear Stress Plane and 


(101), and y, Angle Between Observed Glide Plane and (101), for Crystals of 
Alloy AF-2, Room Temperature Tension. (b)—Relative strengths, Sy/Siu, of planes 
in <111> zone, derived by graphical integration of data of Fig. 7a. 


shear stress) toward the nearest dodecahedral pole. If x is plotted 
versus y, this trend can be shown by drawing the smooth curve MN 
through the points of Fig. 6a. From the thus established relation 
between x and y, the relative variation of the critical shear stress 
along the <111> zone was found by graphical integration. The 
result is presented in Fig. 6b. 

Alloy AF-2—Ten single crystals of this alloy were tested. Fig. 
3 shows the original orientations. Table III gives the angles y and 
y which are plotted in the lower half of Fig. 5. It can be seen that 
again the deviation is in the direction of the nearest dodecahedral 
pole except when originally close to the (211) pole. The x-y dia- 
gram is given in Fig. 7a and the graphically integrated results are 
presented in Fig. 7b. 

Alloy AF-3—The original orientations of the single crystals of 
this alloy are given in Fig. 4. A number of these including one bi- 
crystal were used for tensile deformation. The x and wy values are 
listed in Table IV. A linear plot of the deviations relative to the 
MS-plane is given in Fig. 8. The y-y relation is drawn in Fig. 9a 
and the variation of the critical shear stress with y is given in Fig. 9b. 
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Table IV 
Room Temperature Tension: Alloy AF-3 

Spec. No. é x y 
340 37 28 28 
320 47 25 33 
327 43 20 17 
336 50 7 —2% 
338 40 26 28 
305 60 16 3 
345A 49 6 0 
345A’ 38 12 5 
345B 34 17 15 
345B’ 38 17 17 
319 61 25 14 
343 45 14 12 
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° 
w 
¢ 
wv 
~ 


Compression 














(112) (101) (211) 


Single Crystals With '- Mark Slip 

on Conjugate Plane in [III] - Direction 
Fig. 8—Relative Positions in the <111> 

Zone of the Maximum Shear Stress Plane (Solid 

Circles) and Observed Glide Plane (Open Circles) 

for Crystals of Alloy AF-3, Deformed at Room 


Temperature in Tension or in Compression. The 
prime mark indicates slip on a conjugate plane. 


Room Temperature, Compression 


Alloy AF-3—A number of room temperature compression tests 
were carried out. Fig. 4b shows the original orientations of the 
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Table V 
Room Temperature Compression Data: Alloy AF-3 





Spec. No. é 


x 
344 51 6 15 3 
335A 50 8 il 3 
335B 53 19 27 2% 
331 41 —2 13 4 
333A 53 13 18 14 
333B 51 26 26 4 
348A 40 9 18 

348B 45 20 21 3% 
315 52 6 0 


315’ 52 0 0 


specimens tested. Table V gives the pertinent data which are plotted 
linearly in Fig. 8. Comparing these data with those of the room 
temperature tensile experiments shows that for compression the devi- 
ations of the poles of the glide planes are away from the MS-plane but 
toward the nearest (112) pole instead of toward the nearest (110) 
pole. This tendency is manifested in the y-y diagram of Fig. 10a. 
Graphical integration of these data shows the critical shear stress 
ratio as a function of yw, presented in Fig. 10b. 


30° 30° 


j 
Compression 
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Fig.9a * Fractured 
1.02 
° 
1.04 2 
. “~~. 
é g 0.98 
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Fig. 9—(a)—Values of x, Angle Between Maximum Shear Stress Plane and 


(101), and WY, Angle Between Observed Glide Plane and (101), for Crystals of 
Alloy AF-3, Room Temperature Tension. (b)—Relative strengths, Sy/Sio, of planes 
in the <111> zone, derived by graphical integration of data of Fig. 9a. 


Fig. 10—(a) and (b) as 9a and 9b Except Crystals Were Deformed in Compression. 


DISCUSSION OF Room TEMPERATURE TESTS 


Plane of Slip—The results of the slip plane determinations 
appear to be in good agreement with the Taylor concept of. slip in 
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Fig. 11—Slip Lines on Top of Glide Ellipse. Crystal 134. X 200. 
Fig. 12—Slip Lines Viewed Parallel to Slip Direction. Crystal 134. X 200. 


a-iron. Glide does not occur on a specific crystallographic plane of 
low indices but can take place on any plane of the <111> zone. It 
is felt that the position of the at least forty-five glide ellipses deter- 
mined during the investigation definitely refutes the description 
of slip in iron as (100), (112) and (123) slip or combinations 
thereof. Figs. 5 and 8 indicate that out of 36 crystals tested at room 
temperature, in 


15 cases, the slip plane is within 4 degrees of (110) 
7 cases, the slip plane is within 4 degrees of (112) 
9 cases, the slip plane is within 4 degrees of (123) 
15 cases, the slip plane is not within 4 degrees of any of the 3 low indice planes. 


Because the resistance to shear of these planes along the <111> 
zone must vary in a continuous fashion, it can hardly be expected that 
when plastic deformation sets in, slip takes place on only one (hk1) 
plane, and not at all on the adjacent (h,k,l,) plane of the <111> 
zone. Therefore the glide ellipse is never a straight slip trace in the 
sense of a (111) slip trace in a-brass or basal slip in zinc. The slip 
planes which make up a glide ellipse probably do not intersect in a 
manner known as cross slip, for it is known that this cutting across 
active slip planes requires additional force. Therefore, the hykil, 
slip glances off, with the effect that the glide ellipse becomes wavy in 
nature if viewed perpendicular to the direction of shear, though the 
general direction in this view is that one of the (hkl) trace, Figs. 
11 and 12. Thus the waviness of slip in a-iron is by no means 
anomalous but rather a direct consequence of what has often been 
termed “noncrystallographic slip’’. 

It was also found that carefully hand-polished single crystals do 
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not differ from electrolytically polished specimens insofar as the slip 
system is concerned, even though the original Laue photogram of a 
hand-polished crystal may show slightly broken-up diffraction spots. 

Effect of Alloy Composition—Comparison of the Sy/Si19 versus 
y curves of Figs. 6b, 7b and 9b shows that there are no significant 
differences in the relative slip behavior of the three alloys within the 
range of composition covered. 

Tension Versus Compression—The significant difference in the 
array of data points between the y-y diagrams for tension and com- 
pression (see Figs. 9a and 10a) suggests that different slip systems 
are operative, depending on the mode of deformation. Taylor re- 
corded this phenomenon while working with B-brass (10). Also an 
analysis of Taylor and Elam’s data on iron (9) with the Opinsky and 
Smoluchowski method of calculation (7) shows readily that for com- 
pression in iron S112/Si10 <1, while all tension tests here indicate 
that Si12/Si19 >1. Taylor explains this by concluding from his work 
on 8-brass that for each sense of the slip direction (positive or nega- 
tive) there exists a different Sy/Si19 versus y curve. In other words, 
for the same sense of slip direction, the resistance against shear of 
the <111> planes is solely a function of y. 

The investigation here described does not bear out this part of 
Taylor’s analysis. Rather than distinguish between the senses of the 
direction of shear, the data favor a separation between tension and 
compression. Justification for this is furnished by the tensile data 
of the iron-titanium alloys, AF-1 and AF-2 (Figs. 6a and 7a), which 
show that all points belong to the same curve, regardless of the sense 
of the direction of shear. For instance, it can be seen from Fig. 2 
that the single crystals 127 and 128 of Alloy AF-1 slip along the 
<111> direction in the opposite sense from the <111> slip of the 
other single crystals. Yet, as Fig. 6a indicates, these data follow the 
same general trend of all tensile data. The same is true for crystal 
204B of Alloy AF-2. Both data points, 4B and 4B’ in Fig. 7a, are 
part of the same trend exhibited by the other single crystals. Con- 
sidering the tension and compression series of Alloy AF-3 in Figs. 
9a and 10a shows that if Taylor’s approach was right, the data points 
of crystals 45A and 45A’ in Fig. 9a should line up with the com- 
pression points of Fig. 10a. However, they do not, but instead appear 
to fit in quite well with the other remaining tensile data of Fig. 9a. 
The only point that would favor Taylor’s approach is furnished by 
crystal 15’ in Fig. 10a that lies off the general trend, has also oppo- 
site sense of direction and would fit in well with the tensile data of 
Fig. 9a. Looking from an over-all standpoint it is felt that the gen- 
eral picture presented by the data of the three alloys calls for a sepa- 
ration between tension and compression. 

The implications of this have a decided effect on the mathe- 
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matical analysis of the data. It means that the resistance to shear 
can no longer be regarded as a function of wy only but must also be a 
function of the other variable €, which Taylor assumed to be without 
effect. Now, the mathematical condition for the first slip to occur is 
given by the partial 


| 
= $2 = fiamc- 
s 


Various series of tests, each series for a certain constant €, should 
then give a family of Sy/Si1o versus y curves in which tension and 
compression would be distinguished by € tension = 180 + & compression- 
On this basis, the method of analysis carried out in this paper is 
mathematically unjustified unless the data indicate that the variation 
of € between its extreme values (roughly 30 degrees variation for 
the same slip direction) has an effect that is too small to be picked 
up by the experiment. That the latter must indeed be the case fol- 
lows from the impossibility of separating the data points in the y-w 
diagrams of Figs. 6a, 7a, 9a and 10a on curves of constant é values. 
The values of € are listed in Tables II, III, IV and V. Drawing a 
curve through the points, as was done here, merely indicates the 
trend followed, but it will be appreciated that this curve could well 
represent a band made up of a number of experimentally unresolv- 
able y-y curves of constant € values varying from 35 to 65 degrees 
approximately. 
Low Temperature, Tension 


Tests were conducted with specimens of Alloys AF-2 and AF-3 
immersed in liquid air (—185 °C). Only one test bar, specimen 224, 
showed faint slip lines and striations after heavy twinning and cleav- 
age. See Figs. 13 and 14. The slip was on a dodecahedral plane but 
the MS-plane fell also on this same (110) plane. All other single- 
crystal specimens, 207, 210, 303, 307 and 329, fractured by cleavage 
without showing any slip lines or striations under the microscope. 


Low Temperature, Compression 


Alloy AF-3—The results of the liquid air compression tests are 
listed in Table VI. These data are plotted in Fig. 15a. After graph- 
ical integration, the Sy/Si19 versus w curve of Fig. 15b was obtained. 
The slip lines observed for these —185 °C specimens were not as 
distinct as on the room temperature specimens. The slip lines were 
plotted stereographically and, if a great circle could be fitted through 
them without too much speculation, those slip lines were held to be 
parts of the glide ellipse. The amount of deformation was in the 
order of 4%. Barreling was slight, considerably less than in the 
room temperature tests. Twinning was heard during the tests as 
loud, crunching sounds. 
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Fig. 13—-Twin and Slip Lines in Crystal 224. > 200. 
Fig. 14—Twinning in 224. X 200. 


Table VI 








Compression Tests at Liquid Air Temperature: Alloy AF-3 
Spec. No. x yw Remarks 

324 6 6 Fairly defined glide ellipses. 

324’ 11 19 Fairly defined glide ellipses. 

348-A 8 6-12 Poorly defined; 7 degrees off slip zone. 

346-A 27 27 

313 24 26 At the end of the test the supply of liquid air 
ran out; a sharp rise of the temperature oc- 
curred almost instantly. 

309 . 3 [111] - slip, fairly defined. 

309’ 4 0 [111] - slip, fairly defined, no [111] - 


slip observed. 
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Effect of Temperature—No conclusions can be drawn from the 
tension tests at liquid air. The fact that in one specimen slip occurred 
on a dodecahedral plane, which is also the MS-plane, does not mean 
that slip for other x values also will necessarily be on (110). The 
compression tests, however, yielded a number of slip planes of irra- 
tional indices. This conforms with previous findings (6) that slip 
in pure iron at the temperature of liquid air takes place on more than 
one slip system. At the same time, comparison of the Sy/Si39 versus 
y curves of Figs. 15b and 10b shows that at —184 °C the inclination 
of the glide planes toward the (112) is less than for room tempera- 

ture compression. 








1.02 


0.98 


w/Sii0- Ratio 


nm 0.96 


Fig. 15—(a)—Upper—Values 
of x, Angle Between Maximum 
Shear Siress Plane and (101), 
and w, Angle Between Observed 
Glide Plane and (101), for Crys 
tals of Alloy AF-3 Deformed in 


Compression at —184°C. (b) 
Lower—Relative strengths, Sy 
Suo, of planes in the <111 


zone, derived by graphical inte 
gration of data of Fig. 15a. 


Experimental Work Versus the Hard Sphere Model—The pic- 
ture so far formed of slip in pure iron under uniaxial tensile and 
compression testing at room and liquid air temperature can now 
be considered in connection with the hypothetical Sy/Siio versus y 
curves of Fig. 1 derived from the hard sphere model. Comparison of 
igs. 1 and 16 shows that a decrease of the y ratio from above unity 
to below unity has the same effect on the location of the hypothetical 
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Fig. 16—Superpositioned Sy/Suo Versus wy Data of Figs. 9b, 
10b and 15b Which Shows Effects of Normal Stress or of Tempera 
ture on Relative Strengths of Planes in the <111> Zone. 


curve as going from tension to compression has on the experimentally 
determined curves. In other words, the placement of the compres- 
sion curve relative to the tension curve can be entirely explained as 
the effect of a lowered Si12/Si1o ratio. On this basis, it may be 
postulated that the normal stress in uniaxial testing modifies the 
Sii2/Si10 ratio. Then, if slip is going to occur, a glide plane is se- 
lected according to that particular S11:2/Sj19 ratio. 

The postulation that the y ratio in uniaxial testing is affected by 
the normal stress may at first appear to be contrary to the critical 
shear stress law of Schmid and Boas. However, it is emphasized 
that this effect is small on an absolute scale. Since a-iron may slip 
on any of a series of planes along a zone of continuously varying 
critical shear strength, the slightest change of this variation will re- 
veal itself by the selection of different slip planes. If it were not for 
this, the difference between tension and compression would certainly 
escape detection. 

The exact explanation of why y is modified going from tension 
to compression cannot be given, but it is felt that the elastic deforma- 
tion which always precedes the plastic behavior bears heavily upon it. 
The Si12/Si19 ratio is fundamentally governed by the ratio of the 
forces necessary to perform a (B+ C)-type and an A-type atomic 
movement. It seems probable that in an elastically compressed lat- 
tice, this ratio is different from when the lattice is elastically strained 
in tension. From the geometry set forth in the Appendix, it can 
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Fig. 17—Sy/Sno Versus wy Data of Fig. 16, Plus Data on Beta 
Brass and Silicon Ferrite Plus the Boundary Line Separating Con 
ditions for (110) Slip Only From Conditions Where Slip May Oc 
cur Anywhere in the <111> Zone. 


readily be calculated that a change of the ratio of (B+ C) to A 
movements from 1.63 to 1.75 has the effect of raising the room tem- 
perature compression curve of Fig. 16 to the tension curve. 

On the same basis, comparison of Fig. 1 and Fig. 16 shows that 
the Si12/Si19 ratio for compression increases with decreasing temper- 
ature. There is no reason to suspect that this upward shift of y is 
not also the case in tension. In this connection the work by Opinsky 
and Smoluchowski (7) may be referred to, which shows that low 
temperature tensile tests on iron-silicon single crystals of 3.3% silicon 
exhibit predominantly (110) slip. 

Body-Centered Cubic Slip in General—A general theory of 
macroscopic slip in body-centered cubic metals and alloys may now 
be proposed and explained with reference to Fig. 17. Slip takes 
place on planes of the <111> zone. The resistance to shear of these 
planes can be presented as a continuous function between y = 0 and 
w = 30 degrees. This function is primarily governed by the prevail- 
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ing Sy12/Si10 ratio which, in turn, is dependent on the atomic char- 
acteristics of the metal or alloy, the temperature and the mode of 
deformation. For pure iron at room temperature, the relative varia- 
tion of the critical shear stress Sy of a plane y is given by the curve m 
in Fig. 17. Room temperature compression decreases the S412/S410 
ratio ; consequently the whole curve shifts to a lower level r. Taylor’s 
data on B-brass separated in tension and compression curves as first 
shown by Vogel (8) should result in the two curves p and q. They 
are steeper than the pure iron curves. The drop of y in going from 
tension to compression does not reach below unity. Consequently 
the glide plane in B-brass will always incline toward the dodecahedral 
pole, whereas in iron, it inclines toward the (112) pole in uniaxial 
compression testing at room temperature. The precise location of 
the curves p and q is not known from the available data, but it will 
be appreciated that the steeper the curves, the more dominating is 
(110) slip. It can safely be assumed that for Si12/Si190 > cos O° /cos 
30° or y > 1.16, all slip is dodecahedral slip, even at , = 30 degrees. 
Later work by Elam (16), in which largely (110) slip is reported, 
makes it likely that the curve p approaches this boundary value. 
The known behavior of silicon ferrites of more than 4% silicon im- 
plies that for both tension and compression the y value is surely 
larger than 1.16. This is not true of the iron-silicon ferrites of 3.3% 
silicon used by Opinsky and Smoluchowski (7), since slip in room 
temperature tension is reported here on other planes besides the 
(110). 

At lower temperatures all curves shift upward, some going above 
the 1.16 boundary value, some not. This is qualitatively sketched in 
Fig. 17 for all curves. The low temperature tension curve of the 
3.3% Si silicon ferrite must now lie above the y = 1.16 curve. 

The “Off Lying” Data Points—It does not seem possible at this 
time to advance an explanation why a few points in the x-y diagrams 
fall distinctly away from the general trend. These points are: 

in Alloy AF-1: Nos. 134 and 132’ 

in Alloy AF-2: No. 234 

in Alloy AF-3: Nos. 319 and 315’ 
It is noteworthy that 132’, 315’ and 234’ represent glide ellipses of 
the second active slip systems of said single crystals. It appears as 
if this tendency is not abnormal for the secondary slip systems, per- 
haps even normal. In this connection it is pointed out that strain 
hardening on latent planes is greater than on the active slip planes. 
Otherwise the specimen axis would not migrate across the symmetry 
line (001) —(011) as was often encountered. Therefore, if the 
first slip system is on, or close to, the (101) as in the tension speci- 
mens 132’ and 234’ (see Fig. 5), the conjugate plane (101) is strain- 
hardened more than any other latent plane, including the (112) and 
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Fig. 18—Specimen 235. Undeformed, Electrolytically Polished 


the (211). Consequently the glide ellipse of the second slip system 
could well incline toward the nearest (112) pole instead of the near- 
est dodecahedral pole. In the compression specimen 315’, slip in the 
first system is on (101) (see Fig. 8). The MS-plane of the second 
slip system lies between the (112) and (011). If sufficient hard- 
ening takes place prior to secondary slip, the new glide plane will 
deviate toward the (011) instead of toward the (112). 

Asterism—Many attempts were made to determine whether a 
consistent analysis of slip could also be obtained from asterism found 
in Laue photograms. 

In one case, a number of Laue pictures were taken on different 
points of the periphery after a first, a second and a third extension. 
Doubling and tripling of the sickle-shaped diffraction spots pro- 
gressed with deformation as if lattice banding and bending were tak- 
ing place. Careful analysis confirmed this, but no conclusive results 
as to the slip mechanism could be reached. The case of single crys- 
tal 235 is typical. Figs. 18 and 19 show the Laue photograms before 
and after deformation of 4% R.A. The breaking-up of the diffrac- 
tion spots seems to have taken place along two directions (Figs. 20a 
and 20b). Both these asterisms correspond to bending around a 
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Fig. 19—Laue Back-Reflection Photogram of Crystal 235 
After a Deformation of 4% Reduction in Area. 


well-defined axis. To check if these rotations are general throughout 
the single crystal, a new Laue picture 235f (Fig. 21) was taken with 
the X-ray beam directed on another spot of the periphery of the bar. 
Again two well-defined bending axes were found. (See Figs. 22a and 
22b.) It was determined that one of the two axes found in each Laue 
photogram was the same, Fig. 23. This axis lies 90 degrees away 
from the slip direction and approximately 90 degrees away from the 
microscopically determined glide plane. This mechanism is recog- 
nized as simple rotation of the glide plane (flexural gliding). Con- 
cerning the other two axes of rotation, no crystallographic relation 
with the lattice can be established. 

The data obtained show that when bending axes are established, 
they either have no apparent relation to the slip mechanism or they 
represent the axes of rotation common in flexural gliding of the mi- 
croscopically determined glide plane. The data definitely do not 
verify Chen and Maddin’s theory (11) of (110) slip, although they 
are not disproof. 

Fracture—Alloy AF-3—The orientations of the fracture speci- 
mens are given in Fig. 4c. Except for specimen 303, the single crys- 
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Fig. 20—(a)—Left—and (b)—Right—Plots of Asterism Streaks of 
the Laue Photogram of Fig. 19. 





Fig. 21—Laue Back-Reflection Photogram of Crystal 235 
Taken at a Position Different From Fig. 19. 


tals extended well into the shoulders of the test bars. Specimen 303 
was a bicrystal included to see whether it would break along the 
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9 


Fig. 22—(a) and (b)—Plots of Asterism Streaks of the Laue Photo- 
gram of Fig. 21. 
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Fig. 23—-Stereographic Projection of Centers of Asterism in Figs. 19 and 21 
for Crystal 235. The centers are shown here as axes of rotation and the two which 
correspond, 235e-A and 235f-A, represent a rotation axis 90 degrees from the slip 
direction and 90 degrees from the slip plane (S.P.). 
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Figs. 24 and 25—-Photographs of Two Crystals of AF-3 Tested at —118 
( Fig. 24 is crystal 330, which twinned first and then behaved ductilely, 
failing in shear with nearly 100 degrees reduction in area. Fig. 25 is crystal 
349, which twinned and then failed brittlely by cleavage. Angle between 
stress axis and cube plane was 36 degrees for crystal 330 and 16 degrees for 
crystal 349. 


boundary between the two single crystals, which it did not. The 
results and observations of all the fracture tests are arranged in 
Table VII. The table shows that all of these single crystals became 
quite brittle at liquid air temperature, although very ductile at room 
temperature and —70°C. The transition occurred within a narrow 
band ranging approximately between —100 and —120°C. Within 
this range, the crystals were either ductile or brittle. An outstanding 
example of this was furnished by the series of three single-crystal 
tensile bars of different orientations, pulled at —118°C. Two of 
these, specimens 332 and 249, broke in a completely brittle manner 
by cubic cleavage. The third crystal, specimen 330, was very duc- 
tile, necked on two places and failed by nearly 100% shear. To show 
this rather remarkable behavior, a photograph of the broken bars 
330 and 349 is given in Figs. 24 and 25. It follows from Fig. 4c that 
the angles between the stress axes and the nearest cube pole for the 
brittle specimens 349 and 332 are respectively 16 and 22 degrees, 
and for the ductile specimen 330, 36 degrees. This means that the 
tensile stress for cleavage failure of crystal 330 is respectively 142 
and 132% of the tensile stress for cleavage of the specimens 349 and 
332. Before this higher tensile stress is reached, apparently enough 
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Table VIII 





Cleavage Stresses and Accompanying Strains 
Single Crystal Temp., °C Cleavage Stress, psi Total Strain 
303 —184 74,200 7% R.A. 
329 —184 46,000 negligible 
307 —184 57,000 3 
323 —126 36,200 5 
342 —108 46,800 11 
325 —152 40,000 2 2 
349 —118 39,100 1.4 
322 —118 35,300 2 
80; 
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Fig. 26—Fracture Stress, in Terms of Stress Normal to the Cleav 
age Plane, Versus Strain for Cleavage of Ferrite Crystals at Several 
Temperatures. 


plastic deformation has occurred in 330 to raise the fracture stress 
above the flow stress. Hence crystal 330 continued to slip, while 
349 and 332 broke brittlely. A similar orientation effect is indicated 
by the crystals 342 and 314 which broke brittlely and ductilely re- 
spectively at —108 °C. 

The cleavage stresses of the brittle test specimens and the ac- 
companying small but finite strains determined by micrometer meas- 
urements before and after fracture are compiled in Table VIII and 
graphically presented in Fig. 26. Here it is shown that the cleavage 
stress increases with the amount of deformation at constant tempera- 
tures. However, the graph does not tell anything about the effect 
of orientation. It is difficult to include this, since the plastic defor- 
mation at liquid air temperatures was largely contributed by twinning. 

During the low temperature tests, the instantaneous strain was 
measured with a diameter’ gage (14). This gage measured the 
change of diameter in one specific direction. For a known orienta- 
tion of the single crystal, the specimen can be oriented between the 
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Shear Stress, |OOOpsi 


02 0.1 0.2 0.3 0.4 0.5 0.6 
Sheor Strain 


Fig. 27—-Shear Stress —- Shear Strain Curve for Crystal 314 De- 
formed in Tension at —108 °C Compared to the Curve for Crystal 343 
Deformed in Tension at Room Temperature. The apparent “‘yield 
point”? for the upper curve is in reality a drop-in-beam resulting from 
twinning rather than from localized slip. Ps is the strain at which a 
second slip system presumably came into operation. 


NM 
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-150 -100 -S5O 0 50 100 °C 


Fig. 28—-Temperature-Dependence Critical Resolved Shear Stress 
for (110) Slip of Single Crystals of AF-3 (0.023% C) Compared to 
Equivalent Data for Ingot Iron Single Crystals. 


knife edges of the gage so that the minor axis of the elliptical cross 
section formed is recorded. This enables calculation of the shear 
strain and the reduction of area on the premise that the major axis 
is constant. The latter is only true if y= y. However, for the order 
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Table IX 
Critical Shear Stress Vaiues 

: ———Alloy AF-2———___—_—_. ———____—-Allloy AF-3—______ 
Spec. No. Temp.,°C ° Sy psi Suo psi Spec. No. Temp.,°C Sy psi Su psi 
235 25 2,480 2,420 327 25 4,310 4,160 
305 25 4,560 4,520 
208 25 1,990 1,980 338 25 4,220 4,080 
320 25 3,980 3,850 
223 25 2,450 2,450 320 25 2,510 2,480 
345 25 4,700 4,700 
234 25 2,040 2,020 319 25 2,590 2,510 
343 25 4,050 3,930 

201 25 2,360 2,320 
Average 3,779 

209 25 2,060 1,990 
328 —70 14,000 13,450 
Average 2,198 322 —70 12,180 12,100 
314 —108 15,580 15,000 
342 —108 13,950 13,950 
330 —118 19,500 18,900 
323 —126 19,220 19,000 


325 —152 22.450 22.450 


of differences in x and wy here encountered, this effect can be neg- 
lected. Only when a secondary slip system begins to operate does 
the method become invalid. 

The best low temperature shear stress — shear strain curve was 
obtained from single-crystal 314, pulled at —108°C, Fig. 27. For 
comparison, the room temperature shear stress —shear strain curve 
of single-crystal 343 is also shown in Fig. 27. This curve was calcu- 
lated from hand micrometer readings taken during the test at certain 
increments of load. Although no conclusive evidence may be assumed 
from the single test, Fig. 27 shows that the rate of strain hardening 
generally is considerably less at this low temperature than at room 
temperature. It is interesting to note that this observation is in gen- 
eral agreement with results on polycrystalline iron-carbon alloys of 
high purity (15). 

The Yield Point—The load versus extension curves recorded 
during the room temperature tensile experiments were not always 
adequate for establishing the load at which plastic deformation set in. 
However, well-defined yield points could be determined in a number 
of cases for Alloys AF-2 and AF-3. The critical shear stresses Sy 
resolved on the active glide planes are listed in Table IX. Using the 
Sy/Si10 versus y curves of Figs. 7b and 9b, these shear stresses were 
converted to the equivalent dodecahedral critical shear stresses S410, 
and then averaged (Table IX). The large scatter in these values for 
Alloy AF-3 cannot be explained. 

A number of low temperature yield points for Alloy AF-3 were 
obtained from the load diameter curves recorded with the diameter 
gage. Since no Sy/Si1o0 versus y curves for each testing temperature 
were available, the equivalent dodecahedral critical shear stresses were 
derived by interpolation. These values, listed in Table IX, are plotted 
against temperature in Fig. 28. 
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Fig. 29—-Specimen 307 After Fracture. 


No discontinuous yielding was ever observed during the defor- 
mation of the three alloys at room temperature. However, during 
the subzero fracture tests the diameter gage recorded in several in- 
stances a curve which resembled strongly the appearance of a curve 
with a discontinuous yield point. A good example is Fig. 27. Simi- 
lar curves were recorded for the crystals 325, 342, 323, and 330. 
However, this observed discontinuity does not constitute the double 
yield phenomenon but, instead, is a result of twinning. The initia- 
tion of the precipitous drop was accompanied by a very loud click 
followed by a sharp drop of the load. 

Mechanical Twinning—Although no special study was made of 
twinning, the observations of the twinning planes of crystals 307 and 
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330 deserve attention. Fig. 29 shows the situation of 307 after frac- 
ture. The only set of twin traces observed were on the (112) which 
had a considerably lower resolved shear stress than the equivalent 
(211) plane that did not twin. It can be argued that this twinning 
could have taken place under the impact of fracture. However, on 
crystal 330, similar observations were made. In this crystal, the 
sharp audible clicks and the corresponding jerks in the elastic part 
of the autographic load-extension curve made it unquestionable that 
twinning twice occurred long before fracture took place. Therefore 
it is certain that twinning on the microscopically determined planes 
A and B of the respective zones <111> and <111> did not occur 
at the moment of fracture. If there is a critical shear stress for 
twinning, certainly twins would have been expected on the (112) 
planes C and D of same zones. 

Finally, it is interesting to note that the twin traces were not 
restricted to the gage section of the bar. In one particular specimen, 
the single crystal extended deep into the shoulder part almost into 
the threads. Yet some twin traces ran up just as far, involving 
roughly four times as much shear plane area as equivalent twins 
within the gage length. 

For these reasons it appears that there is little to support the 
criterion of a critical resolved shear stress for twinning in iron. 


CONCLUSIONS 


1. Slip in iron occurs on planes of the <111> zone. The 
resistance to shear of these planes varies continuously between the 
(110), y=O0, and the (112), y= 30 degrees. The continuous 
function and its interrelation with the resolved stress distribution 
of an applied load determine the glide plane selected. 

2. There is strong evidence that compression and tensile de- 
formation are not the same as far as the selection of the glide plane 
is concerned. At room temperature, this effect was manifested by a 
deviation of the glide plane away from the plane of maximum shear 
stress toward the nearest (112) pole for compression testing and 
by a deviation toward the (110) pole for tensile testing. 

3. Low temperature deformation, either by tension or by com- 
pression, always shifts the selected glide plane toward the (110) 
side of the zone. 

4. Slip on high indices planes can be explained by considering 
the atom movements required by <111> shear in a hard sphere 
model of a body-centered cubic crystal lattice. Hypothetical curves 
are deduced from this model showing the relative variation of the 
resistance to shear along'fhe <111> zone. From this it appears 
that the so-called Sy/Si19 versus wy curves are solely governed by the 
critical shear stress ratio Sy32/Si19 which varies going from tension 
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to compreéssion and varies with the temperature. Using the same 
model, most observations regarding slip in body-centered cubic metals 
and alloys, e.g., waviness of slip lines, can be explained qualitatively. 

5. Studies of asterism found in Laue photograms of .deformed 
single crystals did not support the theory (11) of solely (110) slip. 

6. The dodecahedral critical shear stress for slip increases 
sharply with decrease of temperature below room temperatures. 

7. The nature of fracture of single crystals is dependent on the 
temperature and the crystal orientation. All crystals were ductile at 
room temperature and showed brittle cleavage at —185°C. For 
Alloy AF-3 (0.02% C) within the narrow temperature range of 
—100 to —120°C, the angle between the specimen axis and the 
nearest cube pole determined whether the crystal failed in a com- 
pletely ductile manner by shear or by (100) cleavage. 

8. Observations on mechanical twinning confirm the assertion 
(8) that a critical resolved shear stress is not the criterion for 
twinning. 
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Appendix 
AtoM MOVEMENTS IN THE HARD SPHERE MODEL 


A familiar representation of a crystal lattice is the hard sphere 
model which considers the atoms as hard spheres packed together in 
a particular geometric fashion. From this model, it is possible to 
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derive the relative magnitudes or ratios of shear stresses for trans- 
lation on planes of a same zone slipping in the same direction. At 
the same time it is emphasized that the true mechanism by which 
these atom movements take place is immaterial. In other words, it 
does not make any difference whether the motions occur by means of 
dislocations or by any other method that can be invented. 

In the body-centered cubic arrangement with the atoms repre- 
sented as hard spheres, the eight corner atoms touch the center atom. 
The coordination number is 8, and if the edge of the unit cell is a, 
the distance of closest approach of two atoms is 1/2a 1/3, or the 
atom radius is 1/4a./3. The closest packed direction is the octa- 
hedral direction in which slip takes place if the lattice is plastically 
deformed. 

Fig. 30 shows a cut through a body-centered cubic arrangement 
of like atoms perpendicular to the shearing direction. This makes 
the plane of paper a (111) plane. All planes through the shearing 
direction, that is planes of the (111) zone, intersect the plane of 
paper as straight-line traces. Thus the three directions of heavy 
black lines in Fig. 30 are (110) planes. The dash-dash lines are 
(112) planes, and dash-dot lines are (123) planes. In fact, all the 
planes of the (111) zone, lying between (110) and (112) poles, 
can be drawn as a series of lines through O, fanning out into the 
different directions. The the O-m trace is a (321) plane, the O-n 
trace a (431) plane, the O-p trace a (651) plane, etc. The ques- 
tion now is: what atomic movements are required if slip is to take 
place on such planes as the (110), the (112), the (123), ete.? 

(110) Slip—Imagine that a stack of (110) planes, an unknown 
number of atom layers thick, slides as a whole over the atoms on and 
below the (110) trace V-W in Fig. 30. Because all atoms of the 
V’-W’ are indistinguishable, the movement of atom A to its next 
equivalent position along <111> is the same movement which the 
atoms D, L, F, etc., will make. This unit motion is designated here as 
an A movement. The exact mechanics of this unit motion are imma- 
terial as long as it is appreciated that (110) slip is basically made up 
of Type A movements. Fig. 3la is a view perpendicular to the (110) 
planes with the shear direction in the plane of paper. This shows the 
A-type motion from a side direction. Fig. 31 shows a top view of the 
(110) plane, and it is clear that the Type A motion in a <111> 
could be resolved into the indicated [110] and [112] directions be- 
tween troughs of staggered atoms along the close-packed direction. 

(112) Slip—Imagine that a stack of (112) planes, an unknown 
number of atom layers thick, slides as a whole over the atoms on and 
below the (112) trace P’Q’ of Fig. 30. The atom movement of the 
indistinguishable atoms A, G, and H on PO is designated here as a 
B-type movement. Though the mechanics of this motion are again 





1438 TRANSACTIONS OF THE ASM Vol. 46 


Pien of (itl)-plene. 





Fig. 30—View of (111) Plane of Body-Centered Cubic Structure With 
<111> Glide Direction Perpendicular to Drawing. The atoms are on 3 
successive layers as indicated. 


immaterial, it can easily be seen that it involves for atom A, first, 
riding up over atom B and, second, continuing through a channel 
flanked by the atoms C and D till it reaches its equivalent position A’. 

Because the interplanar distance dj;2°is smaller than the atom 
radius, it is clear from Fig. 30 that not only the atoms A, G, and H 
of the plane PQ, but also the atoms E, F, etc., of the plane P’”Q” ride 
over the stationary atoms on and below P’Q’. The movement of each 
of these atoms E, F, etc., is like those on PQ, in that E and F ride 
up over, in this case, C and D. Since there is no flanking trough, 
this will be designated a C-type movement. Thus (112) slip is made 
up of an equal number Type B and Type C movements. A side view 
of these atom movements is given in Fig. 32a. One remark may be 
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Fig. 31—Type A Movement for Slip on a (101) 
Plane. (a)—Side view with [111] horizontal; (b) 
Top view of (101) showing that [111] slip on the 
(101) can be resolved into shears in the [110] and 
[112] directions with minimum distortion by the 
atom on the next layer (small solid circle) moving 
between troughs. 


made with respect to the sense of the direction in which shear takes 
place. Fig. 32a shows shear “to the left’? and shear “to the right’. 
There is a difference. In the former, the Type B movement starts out 
with riding up directly over atom B, and in the latter, it starts out 
with riding upon and between the atoms C and D. The sequence is 
just reversed. It is hard to say if this makes the shearing force dif- 
ferent, too. It may be remembered that Taylor took this into account 
by splitting his data into two groups, one group for each sense of 
direction. 

(123) Slip—Next consider shear of the atoms on and above the 
(123) planes MN over the atoms on and below the (123) plane 
M’N’, Fig. 30. Again, because djo3 is so much smaller than the 
atom radius, it follows that not only the atoms A, K, etc., must be 
considered but also that the atoms L and D are engaged in move- 
ments over the atoms on and below M’N’. It can be seen that the mo- 
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Fig. 32—Type (B + C) Movement for Slip on a (211) Plane. (a) 
Side view shows, on the left, [111] shear to the left, while on the right side 
[111] shear to the right is represented. (b)—Top view of (211) shows 
three layers of atoms with the top layer, small solid circles, moving along a 
trough in the [111] direction. 


tion of the atom A, slipping to its next equivalent position, is nothing 
but the B-type movement, while the atom L performs the C-type 
movement. At the same time the motion of atom D is clearly recog- 
nized as the former A-type movement. The implication of this is 
that the same atom movements which account for (110) and (112) 
slip constitute also slip on (123) planes. In other words, if (110) 
slip consists solely of Type A movements and (112) slip of Type 
(B+ C) movements, then (123) slip can be described as being 
made up of both A and (B+ C) moveménts. This analysis can be 
followed for any other high indices plane of the <111> zone. The 
number of A and (B+ C) movements for a plane of width L can 
be found from simple geometrical considerations, and may be listed 
as follows: 


(110): x 1A movement 


“1/3aVv6 
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(1091): Lanne ii 8A 1(B+C) 
173 ar/546 xX SA + + CU) movements 
€ i 
(651): x 4A + 1(B+ C) movements 


"1/3 av/186 


L 
(431): ——>—>> XK 2A +1 (B+ C) movements 
1/3 aV78 





(aan )% = 


73 n/a x 1A+1(B+ C) movements 


i Re 
(853): <> XK 2A +3 (B+ C) movements 
7/3avV/6 


L 
(#4): so = X 1A+3 (B+ C) movements 
/3 av/222 
(211): —=— x 1 (B+ C) movements 


Now let the shearing force required to cause slip on a (110) 
plane of width L over 1 interatomic distance be F119, and on a (112) 
plane of same width L, slipping over same distance, be Fy;2. In other 
words, F449 is the force that performs ————— Type A motions, and 


3.a\/6 


L 
I'i12 18 the force that performs ——F [ype (B + C) motions. 
a 


We can then express above listed numbers of Type A and Type 
(B+ C) motions for a number of planes in terms of the shearing 
forces F419 and F312, based on the method of weighted averages: 


aV2_.r,, 48: 1/3av6 

















F i910 — - — 12 - F i310 — 0.1816 Fie te 0.8386 Fino 
1/3 avV/546 1/3 avV/546 
al 5 
Frise = ave _ - Fuse - 2 /3av6 * Pio = 0.3111 Fue + 0.7184 Fino 
1/3 aV 186 1/3 aV/186 
ate es / 
Fg == a - . Fi12 + = 1/3 ay z i Fo = 0.4804 Fie + 0.5547 Fi10 
1/3 aV/78 1/3 aV/78 
Fe = —8¥2__ - Puy 4 1S a8. Fr, = 016547 Fire + 0.3780 Fir 
1/3 aV/42 1/3 aV/42 
2 >: 1/3 arb 
Fass —- Save __ " Fie — é- iis — . : F i110 — 0.7423 Fie + 0.2857 Fino 
7/3 aV6 7/3 av/6 
Pe = 8 aVve p+ eave. 5, — 09s r.. + 01606 Fn 
1/3 aV/222 1/3 av/222 


This can be rewritten in terms of critical shear stresses, S. 
Substituting Si12 = ySi10, in which y is an unknown constant, ren- 
ders: 
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S001 = (0.18167 + 0.8386 ) x S10 


San — (0.48047 + 0.5547) po Sno 
Sen = (0.6547 ¥ “+e 0.3780) x Sno 
Sess = (0.74237 + 0.2857) & Suo 
Sus = (0.85427 + 0.1644) X Suo 


The above expressions were calculated for assumed values of y. 
Plotting the ratios Sy/Si1o vertically in a diagram, in which the 
abscissa is the angular distance from the (110) plane, gives then a 
family of curves. This graph is shown as Fig. 1 in this report. 

This is as far as is felt justified to go along with the hard sphere 
model. From rather simple atom movements it was found with the 
model that shear on high indices planes, belonging to the <111> 
zone, can be expressed in basic (110) and (112) slip movements. 
Hence for a known value of Sy12/Si10, the variation of Sy/Sii9 with 
y is established. 

The significance of the ratio Si12/S119 now becomes clearly de- 
fined. It would be a step forward, indeed, if this ratio could be theo- 
retically calculated. It has often been supposed that the resistance 
to shear on a certain plane is larger the greater the elevation to which 
the atoms of that slip plane are raised above their equilibrium level 
while moving over the other “spheres”. However, calculation of the 
Sii2/Si10 ratio on this basis would necessitate speculative assump- 
tions. One can safely assume that the ratio is altered if the atoms 
are of more than the same kind. For alloy systems with atoms of 
different radii, Sy/Si19 versus y curves, different from those of the 
pure metal, can be expected. Data on 8-brass confirm this. Silicon 
ferrite has one atom kind distinctly smaller than the parent metal. 
For that reason the Sy/Siio versus w curve will be different from 
those of “pure” iron. 


DISCUSSION 


Written Discussion: By Arthur J. Opinsky, senior engineer, Sylvania 
Electric Products Inc., Bayside, N. Y. 

A commentary upon the scatter and deviation associated with this 
type of work is the behavior of 201, 201’, and 208. In the first two 
instances, the maximum resolved shear stress plane is near (101), but the 
glide plane lies near (1019); the situation is reversed for 208. Cannot this 
behavior therefore be considered to be within experimental error? This 
is partly the key to the entire controversy between the adherents to the 
“banal” glide hypothesis and those who feel that slip is confined to dis- 
crete planes. Furthermore, in this investigation, 31 cases were within 
4 degrees of a low indices plane; it is conceivable that the remaining 15 
can be explained as the simultaneous action of two planes of low indices 
which have very similar yield stresses. 

The fundamental difference between my approach to the problem and 
that of the authors is not in the number of active slip planes, for in my 
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calculations any desired number can be considered, but that the authors, 
given the Sieo/Suo ratio, can calculate Sy for any plane lying between these 
two, while in my work Snx:1 was assumed to have an arbitrary value which 
would have to be determined experimentally. The difference between Sy and 
Snxi is that Sy represents the apparent critical shear stress at angle w, while 
Snxi1 represents the critical shear stress at wni only; Sy, in the manner 
calculated here, can be made up of contributions from Shel; and Snykel0- 
In addition to the proposal that slip is controlled by {112} and {110} 
movements, one could postulate that {123} movements, while they are a 
combination of {112} and {110}, might have a unique critical shear stress. 


2.45 2.25 2.00 1.75 1.50 1.25 2.12 2.00 175 1.50 1.25 


Fig. 33—-C/Sioo Contours. Fig. 34—C/Snz Contours. 


Since one is dealing with small differences in critical shear stresses 
throughout this work, it is doubtful whether an accurate enough critical 
experiment could be devised to prove one concept or the other. 

The ductile-brittle transition of single crystals shown in the paper 
constitutes a measure of experimental proof of a calculation | made some 
time ago. (For further details, refer to an AIME technical note in process 
of publication.) This took the laws of critical shear stress for slip and 
critical normal stress for cleavage and applied them to the problem of 
brittle fracture in the body-centered cubic lattice. Twinning was not con- 
sidered; this may be a serious fault when the calculations are applied, but 
a sound basis for calculations concerning twinning appears lacking; in 
fact, the authors themselves comment on twinning in conclusion 8. 

Essentially the calculation rests on equating the conventional stress 
(F/A) at which slip or cleavage could occur in simple tension. The two 
cases of slip on {110} and {112} were considered; any intermediate be- 
havior can be inferred from these results. Contours for various C/S 
(cleavage stress to critical shear stress) ratios and the maxima and 
minima are shown in Figs. 33 and 34. For instance, if {110} slip is con- 
sidered, all crystals will be ductile if C/Siuo > 2.45; brittle if C/Suo < 1.09; 
if 1.09 = C/Sno 2.45, ductile behavior and cleavage fracture will be de- 
pendent on the orientation of the tensile axis of the crystals. 

Calculations using data from this paper were made using the spherical 
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polar coordinate form of the C/Suo equation and are listed in Table X. 
Specimens 303, 307 and 329 were not considered because specimen 207 
yields about as low a C/Sio ratio as any of them. (Specimen 224 was not 
considered because heavy twinning had occurred.) The values of Sno were 
read from Fig. 28. Arguing that the true cleavage stress must lie between 
the highest cleavage stress calculated at points which exhibited ductile 
behavior and the lowest cleavage stress calculated for points exhibiting 
cleavage, at —108°C, 20,209< C < 28,600 psi; at —118°C, 24,800 <C 
< 30,200 psi; and at —185°C, C < 37,800 psi. The first two of these 
values are in qualitative agreement with Table VIII or Fig. 26 of the 
paper, while.the —185°C calculation could be low because the value of 
Siuo assumed may have been low. 

On the other hand, if C is assumed to be 27,000 psi, independent of 
temperature, crystals will be ductile or brittle, depending on orientation, 
if 11,000 = Sue = 24,800 psi, or if —160 = T = —70 °C from Fig. 28. There- 
fore, while the authors were justified in concluding from their data that 
the transition occurred between —100 and —120°C, this was due to a 
combination of circumstances (testing temperatures used and orientations 
tested at temperature) and the transition is probably not confined to this 
narrow range. 


Table X 
Calculation of Cleavage Stress From the Authors’ Data 


Specimen No. Temperature, °C C/Suo Fracture* S110, psi C, psi 
314 -108 1.26 D 16,000 20,200 
342 —108 1.79 B 16,000 28,600 
330 —118 1.38 D 18,000 24.800 
332 —118 1.68 B 18,000 30,200 
349 —118 1.88 B 18,000 33,800 
207 —185 1.35 B 28,000 37,800 
210 -185 1.37 B 28,000 38,400 
224 —185 not considered because heavy twinning occurred. 


*Ductile or brittle. 


Written Discussion: By N. P. Allen and J. E. McLennan, National 
Physical Laboratory, Teddington, Middlesex, England. 

The authors are to be congratulated upon a very interesting and 
comprehensive paper. Similar work has been proceeding at the National 
Physical Laboratory, Great Britain, during the past two years. We have 
studied rather smaller single crystals of an iron of the following com- 
position: 


Jo % 
Cen iiss 0.0027 > Sues) eae <0.001 
DE Puri 0.006 5 eee ee 0.0016 
BSE ae <0.005 Oe es ae 0.0016 
Bek uciwtee ts 0.0056 


The work has hitherto been confined to tensile stresses, but we have 
covered a somewhat wider range of temperatures (our lowest temperature 
being —253 °C) and have made a special study of the effect of the orien- 
tation of the crystal on the behavior at —196 °C. 
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Figs. 35 and 36—{110} <11 1> Slip in Iron Crystal Tested in Tension at 20 
C. 150. Fig. 35—At a point in plane of the slip direction. Fig. 36—At right 
angles to Fig. 35. 


In many ways our results confirm those reported in this paper. We 
observe, for example, that whereas the crystals at the higher temperatures 
deform plastically to give 100% reduction of area whatever the orientation, 
they pass on cooling through a stage in which they cleave without prior 
slip in certain orientations and slip before fracture in other orientations, 
to a condition in which except for some slight twinning they appear to b« 
brittle in all orientations. In spite of the slightly greater purity of our 
samples, the stresses at which slip begins agree very well with those re- 
corded in Fig. 28, and we observe much the same kind of variations in the 
values given by individual crystals. We observe discontinuous yields at 
all temperatures, often associated with twinning at low temperatures. 

There are, however, certain differences. Provided the amount of 
deformation is small, the glide ellipses are remarkably clear and smooth 
all around the test piece (Figs. 35 and 36). Our methods of measurement 
and the precision achieved appear to have been much the same as in the 
present work, but, among 90 slip traces, none has been found that cannot 
clearly be associated with one of the three low index planes (110), (112) 
or (123). It seems probable therefore that the so-called “noncrystallo 
graphic slip” is not a fundamental characteristic of the body-centered 
cubic lattice of iron, but may in some way be a consequence of the 
presence of small quantities of impurities. 

At any one temperature the mode of slip appears to vary system- 
atically with orientation. When the direction of stress is far removed 
from the [100] direction, the (112) slip plane tends to be preferred. As 
the direction of stress moves toward [100], a region is entered in which 
slip occurs on both the (112) and the (123) planes. This is followed by 
a region of simple (123) slip, then by combined (123) and (110) slip, 
and finally by simple (110) slip. The boundaries between the regions are 
not as yet very clearly defined, but they enable some estimate to be made 
of the ratios between the critical shear stresses for slip in these three 
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modes. Taking the critical shear stress for (110) slip as unity, the critical 
shear stresses for (123) and (112) slip are approximately 


Temperature Siuso Sis Suz 
20 °C l 1.05 1.05 
—100 °C l l 1.02 
—196 °C l 0.98 1.03 


The ratios at 20°C agree moderately well with those suggested by 
Mr. Steijn and Professor Brick. 

At —196°C, cleavage on the (100) plane occurs without prior slip 
when the direction of stress is within 20 to 30 degrees of the [100] 
direction. Otherwise the crystals behave in a ductile manner. At certain 
orientations, twinning precedes cleavage, and at other orientations, twin- 
ning precedes slip. When twinning precedes slip, the behavior is such as 
to suggest that a critical twinning stress exists, roughly 0.75 times the 
critical shear stress. 

Our iron is less easily embrittled than that described in the present 
paper, which behaves at —118 °C very much as our iron does at —196 °C, 
and at —196 °C is apparently brittle at every orientation. Our iron broke 
with a cleavage fracture at every orientation tested at —253 °C. The lower 
transition temperature of our iron seems to be due to its higher cleavage 
strength, for whereas the resolved fracture stress normal to the cleavage 
plane was about 45,000 psi at —184°C for the iron described in Fig. 26, 
it was for our iron about 60,000 psi at —196°C and about 80,000 psi at 

253 °C. 

These observations, though admittedly few, suggest that the cleavage 
strength of iron is strongly dependent both upon the way in which the 
iron has been prepared and upon the temperature. The not uncommon 
assumption that the cleavage strength is more or less constant appears 
to be incorrect. Both the critical shear stress and the cleavage strength 
of iron rise rapidly as the temperature falls, but, as would be expected, 
the rise of the critical shear stress is the more rapid. 

The work here described has been carried out as part of the general 
research program of the National Physical Laboratory, Great Britain, one 
of the authors (J. E. McLennan) being seconded to the National Physical 
Laboratory from the Aeronautical Research Laboratories, Melbourne, 
Australia. Acknowledgments are made to Director, National Physical 
Laboratory, for permission to give this account. It is hoped to publish 
shortly a complete description of the work. 

Written Discussion: By C. F. Tipper, Department of Engineering, 
University of Cambridge, Cambridge, England. 

The deformation of alpha iron has been the subject of many investi- 
gations of which the present paper will rank as one of the most important 
contributions yet made. 

The number of crystals tested exceeds that in any previous papers 
and the experimental results are in complete agreement with those first 
described by Sir Geoffrey Taylor and the present writer (Ref. 9 of the 
paper). The interpretation of those results still presents difficulties which 
have not yet been overcome, and the determination of the slip plane, and 
direction of slip by surface markings only, is to be deprecated. More- 
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over, there is no information about the change in shape of the test bar, 
beyond a figure for reduction in area. These figures indicate that the 
extensions, or compressions, were small, so that neither changes in dimen- 
sions of the test specimen nor rotation of the crystal (determined by 
means of X-rays) could be used to check surface markings. Fig. 11 also 
shows the wide variation in inclination of these markings in certain posi- 
tions on the surface and certainly supports the authors’ contention that 
slip is not confined to any particular crystal plane, that it is in fact “non- 
crystallographic”. 

If this hypothesis is accepted, there seems to be no logical reason why 
there should be any difference in the shear stress between tension and 
compression, particularly as no such difference has been observed in those 
metals in which both slip plane and direction of slip are crystallographic, 
e.g. zinc, aluminum. 

Rather, would it appear that some explanation such as that given by 
Taylor is more probable (Ref. 10 of the paper). His conclusions were 
based on some observations on samples tested in both tension and com- 
pression cut from the same §-brass crystal, and this procedure is clearly 
desirable. The matter requires further investigation, particularly the ob- 
servation that, at low temperatures, slip lines formed in compression and 
not in tension. The observations on the effect of strain upon the fracture 
stress, when this occurs at low temperatures parallel with {100} planes, 
agree with a few tests made in this laboratory on carbonyl iron*, and upon 
zine crystals in Sheffhield*®. It is recorded (on the 26th page of the paper) 
that the plastic deformation at liquid air temperatures was largely con- 
tributed by twinning. Would the authors agree that the interpretation to 
be put on this fact is that twinning raises the stress to fracture? 

Although there is no direct experimental evidence that there is a 
critical shear stress for twinning, the fact that their formation is depend- 
ent upon both temperature and rate of strain suggests that there is a 
critical shear strain energy, as postulated by Rosenthal*. 

The authors are to be congratulated upon a valuable contribution, but 
they will agree that the last word has not yet been said. 


Authors’ Reply 


The authors are indebted to the discussers of this paper for their in- 
teresting comments. Dr. Opinsky is reluctant to abandon a crystallo- 
graphic slip plane and wonders whether experimental error would account 
for the deviations from {110}, {112} or {123} planes. One possible reply 
is to state again that a very generous allowance for experimental error 
would still show many observed slip planes unaccountable for by one of 
the above low indices planes. Secondly, a study of the body-centered 
cubic lattice shows that the {123} planes are of low packing density and 
corresponding close spacing. If {123} slip, why not slip on {134}, etc.? 

Drs. Allen and McLennan wonder whether impurities may not account 
for “noncrystallographic” slip. Actually, the irons reported here have a 

2C. F. Tipper and E. O. Hall,’ Journal, Iron and Steel Institute, Vol. 175, 1953, p. 9. 


8A. E. Deruyttere and C. B. Greenough, Nature, Vol. 172, 1953, p. 170. 


4D. Rosenthal and C. C. Woolsey, “The Effect of Strain-Rate on Twinning and Brittle 
Fracture’, Welding Journal, Vol. 31, 1952, p. 475s. 
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purity comparable to those studied at the National Physical Laboratory, 
as is evidenced by the fact that their critical resolved shear stresses agree 
in general with those reported in Fig. 28. In addition, the same “non- 
crystallographic” slip has been found for quite impure ingot iron single 
crystals (Ref. 8). 

Apart from experimental error and impurities, the other factors are 
experimental procedure, which was normal in this case except perhaps for 
better axiality of loading than usual, and bias by the experimenters. They 
actually were biased in favor of the accepted picture of {110}, {112} or 
(123} slip and abandoned this concept only under the pressure of data 
inexplicable on this basis. 

Dr. Opinsky’s calculations, regarding the significance of the ratio of 
cleavage strength to critical resolved shear stress, constitute a welcome 
addition to the paper. It is agreed that the narrow temperature range, 

100 to —120 °C, for transition from ductile to brittle behavior is peculiar 
to Alloy AF3 and the strain rate and loading conditions employed in these 
tests. 

The remarks by Allen and McLennan on factors affecting cleavage 
strength are very interesting. It is hoped that their data may soon be 
published with a fuller account of their ideas on cleavage strength varia 
bles. 

Dr. Tipper has made many valuable contributions in this field and her 
remarks carry particular authority. However, in regard to the difference 
between tension and compression, the data of the paper are not explicable 
in terms of Taylor’s concept of reversed direction of slip but are amenable 
to analysis in terms of an effect by the normal stress, as are Taylor’s orig 
inal data (see Ref. 8). That the normal stress is of no significance in 
close-packed lattices is no reason for denying its significance in relation 
to “noncrystallographic”’ slip. 

Incidentally, “noncrystallographic” slip is not peculiar to body-centered 
cubic lattices. Beryllium single crystals deformed at 300 and 500°C (570 
and 930 °F) show in addition to basal slip, resulting in straight slip lines, 
slip on other planes.® These other slip lines are extremely wavy and forked 
like iron slip lines and, therefore it may be assumed, are not on a simple 
crystal plane. 

The authors agree with Dr. Tipper that the data here indicate that 
twinning increases the cleavage stress. It is also agreed that this pape: 
does not constitute the last word on the subject. Rather, this paper re- 
turns to concepts advanced many years ago by Drs. Taylor and Tipper. 
Since a reply to discussion is not the proper place to introduce new specu- 
lation, relating these concepts to edge and screw dislocation movements, 
the authors will resist this temptation and invite others to study slip in 
iron crystals and perhaps be able to say what will be agreed upon as the 
last word. 


oH. T. Lee and R. M. Brick, “‘Deformation of Beryllium Single Crystals’, University 
of Pennsylvania, Philadelphia. 





RECRYSTALLIZATION APPLIED TO CONTROL OF THE 
MECHANICAL PROPERTIES OF MOLYBDENUM 


By J. H. BeEcHTOLD 


Abstract 


Molybdenum can be either very ductile or very brit- 
tle at room temperature, depending on the microstructure 
developed by the prior mechanical and thermal history of 
the sample tested. In order to control accurately the 
microstructure after the various treatments involved in 
processing an ingot into sheet or bar stock, the recrystal- 
lization and grain growth characteristics of molybdenum 
were studied. Using this information, cast and sintered 
ingots were processed into rod, and the effects of prior 
history on the nucrostructure and tensile properties devel- 
oped during working were studied. The effects of grain 
size on the ductile-to-brittle transition temperature were 
also studied. 


INTRODUCTION 


| adel ests like iron and most steels, exhibits an abrupt 
transition from ductile to brittle behavior at low tempera- 
tures (1)'. For iron this transition in ductility occurs at close to 
liquid nitrogen temperatures when determined by the conventional 
tensile test. For molybdenum the transition occurs nearer room tem- 
perature, and room temperature mechanical properties are governed 
almost entirely by the temperature of the transition. 

Sykes (2) as early as 1919 showed that microstructure, as de 
veloped by prior mechanical and thermal history, is one of the impor- 
tant material variables governing the temperature at which the duc 
tile-to-brittle transition occurs in molybdenum. More recent work 
at the Westinghouse Research Laboratories verifies Sykes’ findings 
and shows that it is possible to have either ductile or brittle behavior 
at room temperature, dependent entirely on the microstructure of the 
sample tested. Consequently, microstructural control is of utmost 
importance in the metallurgy of molybdenum. 

The purpose of this investigation was therefore to obtain the 
data necessary for producing reproducibly any desired microstructure 
and to study the effects of microstructure on tensile properties. This 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, J. H. Bechtold, is asso- 
ciated with the Metallurgical and Ceramic Department, Research Laboratories, 


Westinghouse Electric Corp., East Pittsburgh. Manuscript received March 9, 
1953. 
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knowledge is necessary for developing the optimum mechanical prop- 
erties in molybdenum and is prerequisite to evaluating the effects of 
composition and test procedures on the ductile-to-brittle transition. 

Because molybdenum is isomorphic at all temperatures, infor- 
mation on recrystallization and grain growth characteristics is neces- 
sary for accurate microstructural control, and microstructure is deter- 
mined entirely by the mechanical and thermal history of the sample. 
Since there is very little information in the literature on the recrys- 
tallization and grain growth of molybdenum, this information was 
sought first. The recrystallization experiments were designed specif- 
ically to define limiting hot and cold working temperatures, permis- 
sible heating conditions for stress relief without recrystallization, and 
the effects of temperature, time, and deformation on grain size after 
recrystallization. Particular emphasis was placed on controlling the 
grain size after recrystallization. 


MATERIALS 


Molybdenum prepared by two different processes was studied: 
conventional sintered molybdenum prepared by powder metallurgy 
techniques and the more recently developed carbon deoxidized arc- 
cast molybdenum (3). Arc-cast molybdenum usually has a higher 
carbon and lower oxygen content than sintered molybdenum. A 
coarse columnar grain structure typical of cast metals is obtained in 
the arc-cast ingots, while sintered molybdenum ingots have a very 
fine equiaxed grain structure. Several samples of both types were 
used in different phases of the investigation, and their chemical com 
positions and prior mechanical and thermal histories are outlined 
briefly in Table I. The sintered molybdenum was supplied by the 


Table I 
Chemical Composition and Metallurgical History 


Chemical Analysis— 


Sample Carbon Oxygen 
Identification Type (%) (%) Metallurgical History 
WNS-50S Sintered 0.017 0.002 Billet 144-inch square rolled from sintered 


ingot. Annealed 3 hours at 1250°C (2280°F) 
140 grains per square millimeter. 

CS-376 Cast 0.026 0.001 Billet 14-inch square hot-forged from cast 
ingot. Annealed 3 hours at 1650°C (3000°F). 
10 grains per square millimeter. 

CSN-20S Cast 0.031 0.001 0.100-inch thick strip rolled at 950 to 1050°C 
(1740 to 1920°F) from a 2%-inch square 
hot-forged billet of cast molybdenum. 

WNS-A1000S __ Sintered 0.018 0.0096 0.100-inch thick strip rolled at 950 to 1050 °( 
(1740 to 1920°F) from a 2-inch thick sin- 
tered ingot. 


CSN-40S Cast 0.031 0.001 “‘As-cast”’ ingot. 2% inches in diameter. 
WNS-20S Sintered 0.004 0.006 ‘“‘As-sintered”’ ingot. 2% inches in diameter. 
CSN-10S Cast 0.031 0.001 2\%-inch diameter billet hot-forged from 


arc-cast ingot. 
CR-486 Sintered meee ritinia “‘As-sintered”’ ingot. 
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Lamp Division of the Westinghouse Electric Corporation and the 


arc-cast molybdenum was obtained from the Climax Molybdenum 
Company. 


RECRYSTALLIZATION AND GRAIN GROWTH 


Arc-cast molybdenum sample CS-376 and sintered molybdenum 
sample WNS-50S (Table I) were used for the recrystallization 
studies. Since the recrystallization behavior of these two samples 
was found to be very similar, data are shown here only for the arc- 
cast molybdenum. The arc-cast sample was obtained as a 14-inch 
square hot-forged billet which was annealed for 3 hours at 1650 °C 
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Fig. 1—Time-Temperature Relationship for the Beginning and Completion of 


Recrystallization in Molybdenum. Sample CS-376 
by rolling the amount indicated on curves. 


reduced in cross sectional area 
(3000 °F) to obtain a completely recrystallized initial structure of 
about 10 grains per square millimeter prior to final rolling. After 
annealing, the billet was reheated to 1000 °C (1830 °F) and rolled 
in grooved rolls with several reheats at this temperature, and samples 
with 17, 33, 59 and 89% total reduction in area were obtained. 
Microscopic examination of samples taken at various stages of the 
rolling process showed no evidence of recrystallization during the 
rolling process. 

Specimens were cut from each sample and individual specimens 
were annealed for various times at temperatures between 1000 and 
1750 °C (1830 and 3180 °F). 


All of the heat treatment was done in 
dry purified hydrogen. 


The progress of the recrystallization reaction 
was followed metallographically and by hardness determinations. 
These data are summarized by the curves in Fig. 1 which show the 
relationship between time, temperature, and deformation for the be- 
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ginning and completion of recrystallization. As in the case of other 
metals, the temperature at which recrystallization occurs depends 
upon the time at temperature and the amount of prior deformation, 
as well as other minor factors, such as initial grain size and tempera- 
ture of working, which were not studied. 

Temperatures and times below and to the left of the curves for 
the beginning of the recrystallization give the limiting conditions for 
cold working molybdenum. If molybdenum is rolled, forged, swaged ' 
or in any other way deformed under combinations of temperature, 
time, and amount of deformation such that the beginning of recrystal- 
lization curves are not exceeded, an elongated, work-hardened grain 
structure is obtained. According to the current definition for hot 
working (4), temperatures and times above and to the right of the 
end of recrystallization curves give the conditions for hot working 
molybdenum. In the present connection it would be preferable to 
consider hot working as deformation at temperatures and times above 
and to the right of the beginning of recrystallization curves. Hot 
working is then defined as deformation at temperatures and rates that 
will result in either partial or complete recrystallization during the 
working process. 

The curves in Fig. 1 also give the time-temperature relationship 
for annealing molybdenum after cold working. Temperatures and 
times below and to the left of the curves showing the beginning of 
recrystallization are possible heating conditions for stress relief with- 
out recrystallization, and these treatments do not visibly affect the 
microstructure. Temperatures and times above and to the right of 
the beginning of recrystallization but below and to the left of the 
end of recrystallization curves result in partial recrystallization. An- 
nealing treatments above and to the right of the end of recrystalliza- 
tion curves are the conditions for complete recrystallization. Such 
treatments result in a change from an elongated, strain-hardened 
structure to an essentially strain-free and equiaxed grain structure. 
The grain size after recrystallization depends upon the prior deforma- 
tion and the annealing time and temperature. 

The effects of prior deformation, annealing temperature, and 
annealing time on the grain size after recrystallization are shown in 
Figs. 2, 3, and 4. Fig. 2 shows the effect of prior cold reduction in 
area on the grain size immediately after tecrystallization at 1450 °C 
(2640 °F). This curve shows that relatively large reductions in area, 
60 to 80%, are necessary to produce a fairly fine recrystallized grain 
size. Fig. 3 shows the grain size immediately after recrystallization 
as a function of the annealing temperature. These curves indicate a 
trend to a smaller as-recrystallized grain size with increased anneal- 
ing temperature. In this respect molybdenum is similar to aluminum 
(5) but different from copper and brass where the as-recrystallized 
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Fig. 3—Effect of Annealing Temperature on the 
‘“‘As-Recrystallized” Grain Size of Arc-Cast Molybdenum. 
Sample CS-376 reduced 17, 34, 59 and 89% in cross sec- 
tional area by rolling. 


grain size is essentially independent of the annealing temperature 
(6). The higher recrystallization temperatures usually were found 
to result in a more uniform recrystallized grain size. 
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The effects of time on the grain size after recrystallization were 
studied and the results, although inconclusive, indicated significant 
differences in the grain growth characteristics of arc-cast and sintered 
molybdenum. In order to obtain more precise data of grain growth 
characteristics, arc-cast sample CSN-20S and sintered sample W NS- 
A1000S were selected for additional study. The chemical composi- 
tion and prior mechanical and thermal histories of these samples are 
tabulated in Table I. 

Prior to the grain growth experiments, specimens were cut from 
each sample and annealed for one-half hour at 1400°C (2550 °F). 
This annealing treatment resulted in a recrystallized initial grain 
structure of about 2000 grains per square millimeter. Individual 
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Fig. 4—Isothermal Grain Growth in Molybdenum. 


specimens were further annealed for times between 2 and 10,000 min 
utes at temperatures of 1525, 1700 and 1800°C (2770, 3090 and 
3270 °F). Three or more specimens were annealed at each time 
temperature interval and grain counts were made on three or more 
areas of each specimen and averaged. The results are shown in Fig. 4 

Grain growth characteristics of both materials are abnormal! 
when compared with alpha brass, for example. Sintered molybde 
num has a very stable recrystallized grain structure up to at least 
1700 °C (3090°F) and only slight evidence of grain growth at 
1800 °C (3270°F). Arc-cast molybdenum shows some evidence of 
normal grain growth at all three temperatures, but after 100 min- 
utes at 1525 °C (2770°F), and 10 minutes at 1700 and 1800 °C 
(3090 and 3270 °F), a very coarse irregular grain structure develops. 
This type of discontinuous coarsening has been referred to in the 
literature as secondary recrystallization. These differences in grain 
growth characteristics of the two types of molybdenum are believed 
to be related to the relative oxygen and carbon contents. Apparently 


es 
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in sintered molybdenum an oxide restricts grain growth. However, 
microscopic examination revealed no evidence of a second phase. The 
discontinuous coarsening in arc-cast molybdenum occurred simulta- 
neously with the disappearance of large molybdenum carbide parti- 
cles which were present in the initial strip. The reasons for these 
presumably abnormal grain growth behaviors of molybdenum are not 
completely understood and need to be studied more thoroughly. 

Most of the data necessary for practical engineering control of 
microstructure during mechanical and thermal processing of molyb- 
denum are shown in Figs. 1 to 4. Possible hot and cold working 
temperatures are specified as well as the annealing temperatures and 
times necessary for stress relief without recrystallization or for com- 
plete recrystallization. The amount of cold reduction required to 
obtain a specific recrystallization grain size and the effects of anneal- 
ing temperatures and times on the grain sizes are also shown. 

Although a preferred working procedure can be specified quite 
easily from the curves, other factors may determine the possibility 
of carrying out the selected procedure. A very good example of this 
is the effect the method of consolidation has on the method of initial 
working of molybdenum ingots. 


PROCESSING ArRC-CAST AND SINTERED MOLYBDENUM INGOTS 


Ingots of arc-cast molybdenum have a coarse columnar grain 
structure similar to that observed for all cast metals. Sintered ingots, 
however, have a very fine, equiaxed grain structure. Typical exam- 
ples of these grain structures are shown in Figs. 5a and 7a. (Note: 
Fig. 5a is X 1 and Fig. 7a is & 375 magnification.) It is to be 
expected that these differences in initial structure will have a great 
deal to do with the preferred method of initial working of the ingot. 

As in other cast metals, the first step in processing an arc-cast 
ingot is to break down the coarse columnar structure. This is best 
accomplished by hot working, either by forging, rolling, or extrusion. 
Once the coarse columnar structure is eliminated, additional grain 
refinement is obtained only by cold working and recrystallization. 
A hot break-down operation is unnecessary for sintered ingots be- 
cause they have a fine grain structure as consolidated. The problem 
of microstructure control in sintered molybdenum is not to refine 
the grain structure but to retain as far as possible the fine structure 
of the ingot during processing into wrought form. 

Application of recrystallization data to govern the mechanical 
and thermal processing of molybdenum and thereby control its me- 
chanical properties can be demonstrated best by’ following the changes 
in microstructure and tensile properties during working of ingots of 
these two types of molybdenum into rods. The first step in process- 
ing an arc-cast ingot is to break down the columnar cast structure. 
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Fig. 5—Macrostructure of Arc-Cast, Ingot CSN40S During Hot Working. Hot 
working temperature 1500 °C. Magnification about «1. (a) As-cast. (b) Reduced 
25% in area by forging. (c) Reduced an additional 50% by rolling. Total reduction 
in area 62%. (d) Reduced an additional 21% by rolling. Total reduction in area 


oOo 
42 ‘fo. 


This was done by a combination of hot forging and hot rolling opera- 
tions, although other hot working methods such as extrusion or 
swaging could have been used. Based on Fig. 1 and the empirical 
observation that excessive cracking occurs at lower temperatures, a 
hot working temperature of 1500°C (2730°F) was selected. The 
changes in microstructure during hot working ingot CSN-405S 
(Table I) are shown in Figs. 5a to 5d. The coarse columnar struc- 
ture is gradually broken down; however, apparently about 60 to 70% 
total reduction in area by hot working is required to eliminate it and 
put the metal into a condition suitable for cold rolling. If it is not 
eliminated, the cold-worked rod will have a duplex, banded structure. 

The microstructure changes during cold rolling of a hot-worked 
billet (CSN-10S, Table I) are shown in Fig. 6. The hot-worked 
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: Fig. 6—Microstructure of Arc-Cast Billet CSN-10S After Several Cold Roll- 
ing and Annealing Operations. Magnification approximately x 50. (a) Hot-forged 


and annealed. (b) Reduced 35% in area by rolling at 1050 to 1000°C. (c) Same 
as (b) but annealed 2 hours at 1200°C. (d) Reduced 92% in area by rolling at 
1050 to 930°C. (e) Same as (d) but annealed for 30 minutes at 1150 °C. 


we 
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Fig. 7—Microstructure of Sintered Ingot WNS-20S After Several Cold Rolling 
and Annealing Operations. i 


(a) As-sintered. xX 375. (b) Reduced 35% in area by 
rolling at 1050 to 1000°C. x50. (c) Same as (b) but annealed for 2 hours at 
1200 °C. x 50. (d) Reduced 92% in area by rolling at 1050 to 930°C. x 50. (e) 
Same as (d) but annealed for 30 minutes at 1150°C. x 50. 
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microstructure after annealing to insure a completely recrystallized 
structure, Fig. 6a, is a very good initial structure for additional grain 
refinement by cold working. The effects of 35 and 92% cold reduc- 
tion in area on the “as-rolled’”’ microstructure are shown in Figs. 6b 
and 6d and on the microstructure after recrystallization in Figs. 6c 
and 6e. The rolling temperature was lowered during rolling from 
about 1050 to 930 °C (1920 to 1705 °F) as the amount of cold work 
increased. These temperatures were selected from Fig. 1 and are 
about the highest permissible cold working temperatures. 

Since hot working is unnecessary and undesirable for sintered 
molybdenum, ingot WNS-20S was cold-rolled directly. The cold 
rolling procedure was the same as that used for cold rolling the hot- 
forged billet of arc-cast molybdenum. The microstructural changes 
during cold rolling are shown in Figs. 7a to 7d. Comparing these 
microstructures with the microstructures of arc-cast molybdenum 
after equivalent cold reductions shows that cold working has about 
the same effect on the microstructure of the two types of molybde- 
num, once the columnar structure of arc-cast molybdenum is elimi- 
nated. 

Room temperature tensile properties of the arc-cast and of sin- 
tered ingots after various stages of processing are tabulated in Table 
II. In the ingot stage, both types are brittle at room temperature ; 
however, room temperature ductility is developed during working. 


Table II 
Effect of Prior History on the Room Temperature Tensile Properties of Molybdenum 


Upper Yield Ultimate Tensile Reduction 


Grain Size Point Strength in Area 
Condition (Grains per sq. mm.) (Psi) (Psi) (%) 
ARC-CAST MOLYBDENUM (a) 
As-cast (See Fig. 5a) 43,000 45,000 0-1 
Hot-forged and 
Recrystallized 200 (Fig. 6a) 60,000 73,600 8 
Cold-reduced 35% (C) 
\s-rolled _ .. (Fig. 6b) 92,000 92,200 2 
Recrystallized 170 (Fig. 6c) 53,000 77,000 8 
Cold-reduced 90% (C) 
\s-rolled — ae ee, (Not Determined) 
Recrystallized 1200 (Fig. 6e) 49,000 70,000 72 
SINTERED MOLYBDENUM (})) 

As-sintered 5400 (Fig. 7a) 72,000 72,000 0 
Hot-worked (Hot working unnecessary for sintered molybdenum) 
Cold-reduced 35% (C) 
As-rolled ... (Fig. 7b) 91,000 97,000 5 
Recrystallized 170 (Fig. 7c) 54,000 77,500 8 
Cold-reduced 90% (C) 
As-rolled (4) ... (Fig. 7d) 80,000(e) 88,000 70 
Recrystallized 1650 (Fig. 7e) 65,000 76,500 72 


(a) As-cast Sample CSN-40S. Rest of specimens from Sample CSN-10S (see Table I). 
(6) Sample WNS-20S (see Table I). 

(C) Reduced by rolling at 1050 to 930°C. 

(4) Stress relief annealed for 1 hour at 900°C prior to testing. 

(¢) Yield strength at 0.2% strain. 
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_ Fig. 8—Effect of Rolling Temperature on the Microstructure of Molybdenum. 
Sintered sample CR-486 reduced 75% in area at indicated temperatures. (a) Rolled 
at 800°C; (b) Rolled at 950°C; (c) Rolled at 1100°C; (d) Rolled at 1300 °C. 


This improvement in ductility occurs in both the work-hardened and 
the recrystallized condition and is due in part to refinement of the 
grain structure and in part to redistribution of second-phase impuri- 
ties and elimination of microvoids which are present in both cast and 
sintered ingots. Comparing the tensile properties of the sintered with 
the arc-cast molybdenum shows that tensile properties are quite inde- 
pendent of the methods of initial consolidation, once equivalent micro- 
structures are obtained. The ability to change a very brittle ingot 
into a very ductile wrought rod simply by appropriate mechanical 
and thermal processing is rather unique in metallurgy but presents 
very striking evidence of the pronounced effects prior mechanical and 
thermal history can have on the mechanical properties of metals. 
This improvement in tensile properties, especially ductility, by 
working results only when the working process is such that a fine, 
uniform grain structure is obtained. This is illustrated by the fol- 
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lowing experiments: Samples of a sintered molybdenum ingot were 
reduced 75% in cross sectional area by rolling at four temperatures : 
800, 950, 1100 and 1300 °C (1470, 1740, 2010 and 2370 °F). Refer- 
ring to Fig. 1, there is little possibility of recrystallization during the 
rolling at 800 and 950 °C (1470 and 1740 °F). At 1100°C (2010 

F), there is a possibility of recrystallization during working unless 
the rate of deformation is quite fast. At 1300°C (2370 °F) partial 


Table III 


Effect of Rolling Temperature on 
Room Temperature Tensile Strength and Ductility of Work-Hardened Molybdenum (@) 


Rolling 0.2% Yield Ultimate Tensile Reduction 


Specimen Temperature Hardness Strength Strength in Area 
No. CS) (DPH) (Psi) (Psi) (%) 
CR-486-A 800 252 106,000 108,000 36 
CR-486-B 950 236 100,000 102.000 42 
CR-486-C 1100 238 100,000 103,000 16(b) 
CR-486-D 1300 224 87,500 88,000 3 


(a) Sintered ingot reduced 75% in cross sectional area by rolling at indicated temperature. 
Initial grain size approximately 10,000 grains per square millimeter. 
(b) Broke outside gage length. 


recrystallization is almost certain to occur during the working proc- 
ess. The microstructures of the bars after rolling at these tempera- 
tures are shown in Fig. 8. At 800, 950 and 1100°C (1470, 1740 
and 2010 °F) a fine, uniform, elongated structure was obtained, but 
1300 °C (2370 °F) resulted in a very coarse, nonuniform, elongated 
structure. 

The pronounced effect of rolling temperature on strength and 
ductility is clearly evident from the room temperature tensile prop- 
erties of these samples in the as-rolled condition which are listed in 
Table III. The lower rolling temperatures result in a finer structure, 
higher strength and better ductility. Apparently the exact rolling 
temperature is relatively unimportant. The important factor is 
whether or not recrystallization occurs during the working process. 

As a result of these experiments and others not reported herein, 
it has been found that whenever recrystallization occurs during the 
working of sintered molybdenum ingots, a coarse, elongated struc- 
ture with low strength and ductility results. The structure developed 
during high temperature working also is more highly oriented and it 
is very difficult to eliminate either the coarse structure or the pre- 
ferred orientation by subsequent working and annealing operations. 


EFFECTS OF TESTING TEMPERATURE ON TENSILE PROPERTIES 


The reason for the pronounced effects of thermal and mechanical 
processing on the room temperature properties of molybdenum be- 
comes more evident when tensile properties are studied as a function 
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of testing temperature. Yield strength and reduction in area of ten- 
sile specimens in the fine-grained, completely recrystallized condition 
are plotted as a function of testing temperature in Fig. 9 for both 
sintered and arc-cast molybdenum. The procedure for obtaining these 
tensile data has been outlined elsewhere (1). The reduction in area 
curves show the transition from ductile to brittle behavior in the 
vicinity of room temperature. The mechanical and thermal proces- 
sing, primarily through its effect on microstructure, can cause the 
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Fig. 9—Effect of Testing Temperature on the Tensile Proper 
ties of Molybdenum. Both samples cold-rolled at 900 to 1000 °C 
from 2%-inch square to %-inch diameter and recrystallized at 


1200 °C. Grain sizes, approximately 1000 grains per square milli 
meter. 


temperature of this transition to occur either below or above room 
temperature, resulting thereby in either ductile or brittle behavior at 
room temperature. 

One of the more important microstructural variables and one 
that can be controlled quite readily by the mechanical and thermal 
processing is the grain size after recrystallization. For these and 
other reasons, the effect of grain size on the ductile-to-brittle transi- 
tion was studied in some detail. 

Although the grain size of molybdenum cannot be varied by 
grain growth after recrystallization, samples with different recrystal- 
lized grain sizes were obtained by varying the amount of work hard- 
ening prior to the final recrystallization anneal. Sections of sintered 
ingot WNS-20S (Table I) were rolled to %-inch diameter bars by 
procedures selected to give different grain sizes after a final recrystal- 
lization anneal. The rolling procedures were as follows: 

Sample A. Heated to 1050°C (1920°F) and rolled from 2%- 

inch square to 5g-inch diameter with several reheats at pro- 
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gressively lower temperatures between 1050 and 925 °C 
(1920 and 1670 °F). The total reduction in area was 92%, 
all below the recrystallization range. 

Sample B. Rolled from 2'-inch square to 54-inch diameter by 
the same procedure as Sample A except that it was recrys- 
tallized at 1250 °C (2280 °F) after rolling to 1-inch square. 
The reduction in area after the recrystallization anneal was 
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Fig. 10—Effect of Grain Size on Ductility of Molybdenum 


Sample C. Rolled from 2%-inch square to 4%-inch diameter by 
the same procedure as Sample A except that it was recrys- 
tallized at 1250°C (2280°F) after rolling to a 34-inch 
diameter round. The aaniibin in area after the recrystal- 
lization anneal was 33%. 


Test specimens were machined from the bars and recrystallized at 
1200 °C (2190 °F). The grain sizes were 1700, 500 and 100 grains 
per square millimeter for Samples A, B and C, respectively. 

The tensile specimens were tested at several temperatures above 
and below room temperature and the yield strength and reduction in 
area at fracture are plotted as functions of testing temperature in 
Fig. 10. The reduction in area curves show that a smaller grain 
size results in a lower transition temperature and that at room 
temperatures it is possible to have either ductile or brittle behavior, 
depending only on grain size. At 200°C (390°F), which is above 
the transition zone for all three samples, the effect of grain size on 
ductility is rather small and comparable to that observed for most 
other metals. 


A smaller grain size also gives a higher yield strength; how- 
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ever, the yield strength for all grain sizes increases rapidly with de- 
creased testing temperature. This increase in yield strength in the 
transition zone is typical of molybdenum and other metals which have 
a ductile-to-brittle transition and is the basic reason for a transition 
in ductility (7). At —76°C (—105 °F) all of the samples frac- 
tured with a bright, transgranular cleavage type of fracture prior to 
any measurable plastic deformation. The yield strength values re- 
corded in Fig. 10 for this temperature are more correctly referred to 
as brittle fracture strengths. 

In addition to grain size, many other factors affect the ductile- 
to-brittle transition temperature: the purity and composition, the 
amount and distribution of second-phase impurities and voids, re- 
tained work hardening, and the method of testing. However, it is 
quite obvious that the microstructure of the metal has a pronounced 
effect on the temperature of the transition, and to establish the effects 
of these other variables it is necessary first to control carefully the 
microstructure of the metal. This in turn requires attention to the 
prior mechanical and thermal history of the metal. 


SUMMARY AND CONCLUSIONS 


Having previously observed that the room temperature ductility 
of molybdenum depends to a great extent on microstructure, the 
recrystallization and grain growth characteristics were studied to ob- 
tain information for practical engineering control of the mechanical 
and thermal processing of molybdenum. 

The reason for the pronounced effect of microstructure on room 
temperature tensile ductility is an abrupt transition from ductile to 
brittle behavior which occurs in the vicinity of room temperature. 
The temperature of this transition can be shifted above or below 
room temperature, simply by changing the microstructure of the metal. 

The effect of grain size after recrystallization was studied. An 
increase in the grain size from 1700 grains per square millimeter to 
100 grains per square millimeter raises the ductile-to-brittle transi- 
tion temperature about 100 °C. 

The microstructure of molybdenum depends on its prior mechan- 
ical and thermal history and only by careful attention to the treat- 
ments involved in processing an ingot to bar or sheet can optimum 
and reproducible mechanical properties be obtained. The effects of 
composition, purity and testing methods on ductility of molybdenum 
can be accurately evaluated only if the microstructure variable is 
carefully controlled. 
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DISCUSSION 


Written Discussion: By Harry B. Goodwin, Battelle Memorial Insti- 
tute, Columbus, Ohio. 

In this excellent piece of work, Mr. Bechtold has demonstrated very 
conclusively the relationship between grain size and mechanical properties 
(especially ductility) of molybdenum. He has also shown in a very clear 
way the changes in mechanical properties with temperature. The recrys- 
tailization data will prove especially valuable as a guide to the working of 
molybdenum. However, in applying the data, it must be remembered that 
they were obtained for only one working temperature, and our work 
(Battelle Memorial Institute) indicates that the recrystallization charac- 
teristics will be somewhat different for molybdenum worked at different 
temperatures. 

There is now some evidence from work in our laboratory that the 
recryStallization characteristics of powder metallurgy molybdenum may 
vary considerably and may be different when the material is sintered in 
hydrogen than when sintered in vacuum*®. This suggests that a large 
number of different lots of molybdenum should probably be tested. We 
also have some data which seem to indicate that the atmosphere in which 
the recrystallization heat treatment is carried out affects the recrystal- 
lization characteristics, at least for thin sections. 

In attempting to use Mr. Bechtold’s data as a guide in our fabrication 

“Vacuum sintering takes out oxygen and nitrogen but may add carbon (as a result of 


back diffusion of pump oil), while hydrogen sintering removes carbon and nitrogen, and the 
level to which it lowers oxygen depends on the purity of the hydrogen. 
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of molybdenum, we have found that, in general, longer times and/or 
higher temperatures than those suggested by his data were required to 
obtain the same degree of recrystallization. 

While Mr. Bechtold has shown that molybdenum undergoes a ductile- 
to-brittle transition as the testing temperature is lowered and that room- 
temperature ductility depends on whether this transition is above or below 
room temperature, his investigation into the reasons for variations in 
transition temperature has been limited to a study of only one variable, 
grain size. Since he points out a number of other variables which could 
affect the mechanical properties, it is to be hoped that he will investigate 
these in his future work. 

While our own work has been primarily with cast, rather than with 
wrought, molybdenum, we have found that very small changes in oxygen, 
nitrogen, or carbon content have a very large effect on the transition 
temperature. We did, however, do a little work on the effect of oxygen 
on the ductility of wrought molybdenum and found it to be appreciable. 
These findings suggest that compositional variables might well be included 
in any future study. 

It would be my feeling that the great effect of grain size on me- 
chanical properties probably ties in with the presence of impurities, espe- 
cially oxygen, because a change in grain size changes the grain surface 
area Over which impurities are distributed. It might be supposed that 
this thought does not apply to Mr. Bechtold’s work, since his fractures 
were transgranular. However, even transgranular fractures may be 
affected by the conditions at the grain boundaries. On cast molybdenum, 
at least, even the transgranular fractures usually were initiated inter- 
granularly. 

Incidentally, a contradiction seems to exist between the statement 
(second page, line 7 of the paper) that microstructure is determined en- 
tirely by thermal and mechanical history and the statement (bottom of 
the sixth page) that grain growth characteristics of arc-cast and of sin- 
tered molybdenum are quite different, probably as a result of difference 
in carbon and oxygen content. Certainly the work of Maddin at Johns 
Hopkins and our work would support the view that compositional varia 
bles strongly influence recrystallization and grain growth and hence micro- 
structure. For example, a few thousandths of a per cent silicon appeared 
to favor the growth of very large grains, while it was impossible to get 
grain growth in a tungsten-containing alloy. Also single crystals are far 
easier to grow in arc-cast metal than in sintered metal. It might be noted 
that the arc melting process appears to remove most of the metallic im- 
purities whereas sintering does not. So far, our work seems to suggest 
that metallic impurities have more influence on grain growth than either 
oxygen or carbon. In some of our experiments deliberate addition of 
oxygen did not have a grain refining effect. 

[ would like to see a little more discussion of the statement (sixteenth 
page, line 2) that the increase in yield strength with decreasing test 
temperature is the basic reason for the transition from ductile to brittle 
behavior. Fig. 10 does not seem to bear this out, especially for the coarse- 
grained material which undergoes a transition to the brittle state (accord- 
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ing to the reduction in area curve) before there is any very great change 
in the yield strength. 

Mr. Bechtold’s paper does not dwell on the type of fracture observed 
for his various specimens. A little more detailed description would be 
helpful. For example, the mode of initiation as well as mode of propa- 
gation of fracture might be given. One cannot, of course, predict the be- 
havior of wrought material from experiments made on cast ingots, but we 
found that the type of fracture was sensitive to both strain rate and com- 
position, especially carbon content, in the case of cast molybdenum. At 
very low carbon contents (<0.002% carbon) all brittle fractures were 
intergranular, regardless of strain rate. At 0.005% carbon the fracture 
was changed to almost entirely transgranular with very high strain rates 
but was a mixture of the intergranular and transgranular types at lower 
strain rates. [The foregoing results were obtained in bend tests (tension 
side) rather than in tensile tests, a factor which might have made some 
difference, too.] It is our belief that carbon causes these changes in frac- 
ture characteristics primarily by modifying the effect of oxides. At these 
levels, adding carbon does not appear to actually change the oxygen con- 
tent. In any case, the carbon contents of Mr. Bechtold’s samples are well 
within the range where carbon could have completely changed the type of 
fracture in cast metal. In this connection two questions arise in my mind. 
First, is not the carbon content of Mr. Bechtold’s sintered molybdenum 
much higher than usual for commercial material? Sintered molybdenum 
which we buy usually runs around 0.002 to 0.006% carbon, although in the 
past we have obtained wire with as high as 0.011% carbon from Westing- 
house. Incidentally, there seems to be a general tendency for Westing- 
house molybdenum to be higher in carbon than other sintered molybde- 
num. Second, why the apparent pickup of carbon on working, as noted 
from the difference between analysis in Table I for “as-sintered” material 
and for worked material? In purchased commercial molybdenum we have 
noted this same trend toward higher carbon content with increasing 
amounts of work (i.e., wire usually is higher carbon than rod, rod higher 
than bar, and bar higher than sintered but unworked metal), but never 
to this extent. 

Since much molybdenum is used in the fibered condition, it would be 
of interest to see a family of curves of mechanical properties plotted 
against temperature for worked molybdenum. Also, a series of curves 
taken with the testing direction transverse to the working direction, both 
for recrystallized and for fibered molybdenum, might be of interest. One 
might also wonder if the cooling rate after the recrystallization treatment 
would affect the mechanical properties. Our work on the oxygen and 
carbon solubilities suggests that molybdenum of the oxygen and carbon 
contents given by Mr. Bechtold should be heat treatable. 

At the risk of confusing rather than clarifying the situation, I might 
add the further information from our work that, in testing molybdenum 
wires, large differences in mechanical properties have been found among 
adjacent specimens of wire from the same coil, having the same grain size, 
chemical composition, crystallographic orientation, and, so far as it can 
be controlled, the same thermal and mechanical history. We are still try- 
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ing to identify the factors which cause the difference. At present, we 
suspect small variations in the heat treatment. The ductility differences 
are far too large to be explained merely as scatter to be expected within 
the ductile-to-brittle transition temperature range. In addition, we have 
found in several instances that coarse-grained (ASTM 1-2) molybdenum 
sheet had considerably more bend ductility than fine-grained (ASTM 6-8) 
pieces of the same sheet. 

[ would like to close by stating that I consider most of the above 
points to be minor details, and, on the whole, I feel this paper is an im- 
portant contribution to the metallurgy of molybdenum. 


Author’s Reply 


We agree with Mr. Goodwin that nonmetallic impurities have impor- 
tant effects on the recrystallization characteristics and the ductile-to- 
brittle transition of molybdenum. We feel, however, that there is a cur- 
rent tendency to overemphasize the effects of impurity elements, some- 
times ignoring microstructural variables, which are often as important, 
especially on the ductile-to-brittle transition phenomenon. 

We have done some preliminary work on the effects of deformation 
temperature on the recrystallization characteristics of molybdenum. As 
long as the deformation temperature is below the beginning of the recrys- 
tallization range, the exact deformation temperature appears to be rela- 
tively unimportant. However, if the deformation temperature exceeds the 
beginning of the recrystallization range, much higher temperatures and/or 
longer times are required to obtain a completely recrystallized structure. 
This sluggishness appears to remain, even after subsequent deformation 
below the recrystallization range. We suspect that the reason Goodwin 
finds that longer times and/or higher temperatures are required to give 
the same degree of recrystallization as that indicated by Fig. 1 is that his 
molybdenum was deformed above the beginning of the recrystallization 
range during part of the working process. 

Data on the ductile-to-brittle transition were included here chiefly to 
show why microstructure has such a pronounced effect on the mechanical 
properties of molybdenum. Consequently, detailed descriptions of the 
fracture modes and of the effects of other variables on the transition tem- 
perature were not included. Undoubtedly nonmetallic impurities influence 
the transition temperature. Their effect appears to be mainly in deter- 
mining the mode of brittle fracture, i.e., transgranular or intergranular. 
High oxygen and nitrogen content tends to promote intergranular frac- 
ture, whereas carbon promotes transgranular fracture, probably by elimi- 
nating oxygen. The amount of impurity which will affect the mode of 
brittle fracture is related to the grain boundary area and, therefore, grain 
size, as Goodwin points out. This is very important, since it means that 
the effects of purity and microstructure cannot be considered independ- 
ently. The sample of molybdenum used for the experiments of grain size 
effects was carefully selected so that both the coarse- and fine-grained 
specimens would have completely transgranular brittle fractures and 
thereby minimize the interrelated effects of residual nonmetallic impuri- 
ties. We believe that the effects ascribed here to grain size are true 
grain size effects. 
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A more detailed discussion of the statement that the increase in yield 
strength with decreased testing temperature is the basic reason for the 
transition in ductility can be found in Reference 7 of the paper. 

The contradiction pointed out by Goodwin is a misinterpretation of 
the intent of the first sentence of paragraph 1 of the second page of the 
paper. The point we were attempting to make was that molybdenum has 
no allotropic modifications and therefore the microstructure cannot be 
changed by phase change reactions, such as in steel, but only by recrystal- 
lization and grain growth reactions. Trace elements will, of course, affect 
somewhat these reactions, especially grain growth. 

We do not believe that the carbon content of our sintered molybde- 
num is exceptionally high and we question the accuracy of Mr. Goodwin’s 
statement that Westinghouse sintered molybdenum usually has a higher 
carbon content than that of other suppliers. A recent Battelle report*® 
gives carbon contents as high as 0.08% for a sample of molybdenum ob- 
tained from the Fansteel Metallurgical Corporation. This is almost twice 
the carbon content of any of the sintered molybdenum we studied. AIl- 
though the carbon content reported for the as-sintered sample is much 
lower than that of the two worked samples, this does not necessarily indi- 
cate carbon pickup during working, since all three samples were from dif- 
ferent lots of molybdenum. The differences in carbon content are prob- 
ably due to differences in carbon in the initial ingots, since we have not 
observed significant or consistent pickup of carbon during the working of 
molybdenum. 

We are not surprised that Goodwin finds large variations in the me- 
chanical properties of commercial grade molybdenum wire. Similar diffi- 
culties were encountered early in our work and were traced to the fabri- 
cation history. The initial working of a molybdenum wire bar is usually 
by swaging in the temperature range 1250 to 1450 °C. This is the tempera- 
ture range where partial recrystallization occurs during working, and 
invariably results in a nonuniform microstructure and subsequently non- 
uniform mechanical properties. This nonuniformity apparently remains, 
even after subsequent large cold reductions. We do not consider commer- 
cially fabricated molybdenum wire or rod suitable for research on mechan- 
ical properties. 

We do not agree with Goodwin that all of the points brought out in 
his discussion are minor details. Rather, we feel that many are very im- 
portant and that much more work on the effects of trace nonmetallic 
elements on the recrystallization characteristics and the ductile-to-brittle 
transition is required. The effects of microstructural variables are also 
important and must not be disregarded. 


*“Investigation of Molybdenum and Molybdenum-Base Alloys Made by Powder Metal 
lurgy Techniques”, Progress Report No. 11, Contract No. AF 33(038)-12641, Dec. 1, 1952, 
to March 1, 1953, p. 45, Battelle Memorial Institute. 











SOLUTION AND PRECIPITATION OF ALUMINUM 
NITRIDE IN RELATION TO THE STRUCTURE 
OF LOW CARBON STEELS 


By W. C. Lestig, R. L. Rickert, C. L. Dotson anp C. S. WALTON 


Abstract 


The five aluminum-killed steels investigated contained 
from 0.020 to 0.079%o “acid-soluble” aluminum and from 
0.0053 to 0.0088% “acid-soluble” nitrogen. Three steels 
were from basic open-hearth heats; the other two were 
taken from 100-pound laboratory induction melts. The 
temperature required for complete solution of aluminum 
nitride was investigated. The effects of composition, solu- 
tion temperature and prior cold work on the rate of iso- 
thermal precipitation were determined. The influence of 
aluminum nitride on the microstructure of cold-rolled, 
box-annealed sheet steels was studied. 

The temperature required for complete solution of 
aluminum nitride in austenite depends upon the concen- 
tration of aluminum and nitrogen in the steel. For com- 
mercial low carbon aluminum-killed steels, held for limited 
periods at temperature, the temperature for complete solu- 
tion of aluminum nitride ts higher than is indicated by 
published equilibrium data. Rate of isothermal precipita- 
tion of aluminum nitride increases with increasing concen- 
trations of aluminum and nitrogen. In a given steel, in- 
creasing the prior solution temperature decreases the rate 
of subsequent isothermal precipitation. Rate of precipita- 
tion of aluminum nitride reaches a maximum at about 
1500 °F (815 °C). 

To obtain an elongated grain structure in cold- 
reduced, box-annealed, aluminum-ktlled sheet steel, suffi- 
cient nitrogen must be retained in solid solution prior to 
cold reduction to enable aluminum nitride to form during 
heating to, or at, the annealing temperature. 


OR some time it has been known that the grains in aluminum- 
killed, low carbon sheet steel may be elongated or equiaxed. 
depending upon composition of the steel, particularly its aluminum 
content, and upon conditions of processing prior to cold reduction and 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, W. C. Leslie is associated with 
Thompson Products, Inc., Cleveland, R. L. Rickett is with the Research Labo- 
ratory, United States Steel Corp., Kearny, N. J., C. L. Dotson is with Southern 
Research Institute, Birmingham, Ala., and C. S. Walton is with Crucible Steel 
Company of America, Pittsburgh. Messrs. Leslie, Dotson and Walton were 
formerly with the Research Laboratory, United States Steel Corp. Manuscript 
received April 8, 1953. 
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annealing (1)'. Moreover, it was postulated on the basis of the 
microstructure of such steels at various stages of recrystallization and 
their general recrystallization behavior that the elongated grain shape 
results from the presence of precipitated particles in the steel which 
interfere with the normal nucleation and growth of recrystallized 
grains (2). It was believed by some that these particles were alumi- 
num nitride, but direct evidence of this was lacking until a method of 
separating aluminum nitride from steel was developed (3). Since 
then, evidence has been obtained that demonstrates conclusively the 
important role of aluminum nitride in controlling the structure of low 
carbon sheet and strip made from aluminum-killed steel (4). 

It now appears that to develop elongated grains in aluminum- 
killed sheet steels, aluminum nitride must precipitate during the final 
annealing operation. Consequently, the steel must retain at least 
some minimum quantities of aluminum and nitrogen in solid solution 
through the cold-reduction stage of the conventional method of pro- 
duction. This paper presents data on the solution of aluminum nitride 
in steel, its subsequent precipitation and the relationship of alumi- 
num nitride to ferrite grain shape. 

The information on aluminum nitride presented here is also of 
interest in connection with strain aging, austenite grain coarsening, 
graphitization and notch-impact resistance of low carbon steels, but 
these phenomena are not considered further in this paper. 


SOLUTION OF ALUMINUM NITRIDE 


As discussed by Darken, Smith and Filer (5), when aluminum 
nitride dissolves to form a solid solution of aluminum and nitrogen 


in austenite, the equilibrium constant (solubility product) for the 
reaction 


AIN (solid) = Al + N (both in solution in austenite ) Equation |! 
can be represented by the equation 


K,=[%Al] [%N] Equation 2 


- 


This equation states that K, is equal to the product of the weight 
percentages of aluminum and nitrogen in solution in austenite in 
equilibrium with aluminum nitride, these being considered equivalent 
to the activities. Darken, Smith and Filer (5) found that when the 
logarithm of K, was plotted against the reciprocal of the absolute 


temperature, the resulting straight line, Fig. 1, could be represented 
by the equation 


log K, = — cs + 1.95 Equation 3 
where T is temperature in degrees Kelvin (°C + 273). This equa- 


tion, which is valid only for the solution of aluminum nitride in aus- 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Solubility Product of AIN in Austenite as a 
Function of Temperature. (Ref. 5.) 


tenite, shows that the solubility increases with temperature. The 
temperature at which K, is equal to the product of the “acid-soluble’”* 
nitrogen and the “acid-soluble”? aluminum content of the steel is the 
temperature at which, at equilibrium, all aluminum nitride will be 
dissolved. The temperature at which all the nitride is dissolved de- 
pends, therefore, on the product of the “acid-soluble” nitrogen and 
aluminum in the steel. The compositions of steels and equilibrium 
solution temperatures for AIN calculated from Equation 3 for steels 
used in this investigation are presented in Tables I and II, 
respectively. 

With a knowledge of the solubility product of aluminum nitride 
in austenite at any given temperature and the “acid-soluble” nitrogen 
and “acid-soluble” aluminum content of the steel, the partition of 
aluminum and nitrogen between aluminum nitride and the solid solu- 
tion can easily be determined. Since the solubility product is the 
product of the concentrations of nitrogen and aluminum in solution 


, 


*The terms “acid-soluble” nitrogen and “acid-soluble” aluminum refer to_the nitrogen 
and aluminum content determined by dissolving the steel in dilute HCl. Nitrogen and 
aluminum tied up in compounds insoluble in dilute HCl, TiN and AleOs, for example, are 
not available for formation of aluminum nitride. 
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Table I 
Composition of Steels 
—_—— —Composition, % ———__—_——_— ——_— 
Acid- 
Soluble 
Steel Condition as Received Cc Mn P S Si Al AlsOs N Cu Ni Cr 
A Hot-rolled strip 0.080-inch 
thick 0.05 0.35 0.013* 0.027* 0.008* 0.058 0.008 0.0058+ 0.03 0.03 0.02 
B Hot-rolled strip 0.080-inch 
thick 0.05 0.35 0.013* 0.027* 0.008* 0.044 0.002 0.0053f 0.03 0.03 0.02 
C 100-pound induction-melted 
ingot 0.055 0.33 0.010 0.022 0.006 0.020 ..... PE ec cere ai eae 
D 100-pound induction-melted 
ingot 0.Ge0 ©.20 @.608 @©.023 @.GR6 -O.679 ...0< DiGBTET sence cccns cvcer 
E Hot-rolled strip 0.081-inch 
thick 0.051 0.35 0.006 0.033 0.006 0.058 0.009 0.007 0.016 0.010 0.018 
*Ladle analyses, others are check analyses. 
+Average of 112 determinations. 
tAverage of 8 determinations. 
$Average of 33 determinations. 
Average of 26 determinations. 
Table II 


Calculated Aluminum Nitride Solution Temperatures 


1 
Acid-Soluble 


Steel Aluminum 
Cc 0.020 
B 0.044 
A 0.058 
E 0.058 
D 0.079 


in austenite in equilibrium with aluminum nitride, 


as follows: 


sit 27 
(Cy — Ce) (ca one Tc) == Be 


where 
Cy 


Ce 
Cai 
Ce 
K, 


bo 


5 
/ 


— 


9 
Acid-Soluble 


Nitrogen 
0.0088 
0.0053 
0.0058 
0.007 


Equilibrium 
AIN Solution 


Ks Temperature 
(1 X 2) °F 4 
1.76 X 10-4 1870 (1020) 
4.408. 10°° 1920 (1050) 
3.36 X 10-4 2000 (1095) 
4.06 X 10-* 2040 (1115) 
5 2100 


.69 X 10~* 


(115Q) 


Equation 4 


weight % acid-soluble nitrogen 
weight % nitrogen combined as AIN 
weight % acid-soluble aluminum 
weight % aluminum combined as AIN 


solubility product at temperature of interest. 


Knowing Cy, Ca; and K,, C, can be calculated. 


it can be expressed 


Fig. 2, constructed by use of Equation 4, illustrates the decrease 
in solubility of nitrogen caused by increasing the aluminum content 


of a low carbon steel containing 0.005% nitrogen. 


The calculated 


temperature at which aluminum nitride is completely dissolved is in- 
creased from about 1850.°F (1010 °C) to about 2060 °F (1125 °C) 
by increasing the aluminum in an 0.005% nitrogen steel from 0.03% 
to 0.09%. At 1700°F (925 °C) in a steel containing 0.03% alumi- 
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Fig. 2—Effect of Aluminum on Solubility of Nitrogen in 
a Steel Containing 0.005% Nitrogen. 


num and 0.005% nitrogen, about 0.0025% nitrogen is in solid solu- 
tion and 0.0025% nitrogen is combined as AIN. Increasing the 
aluminum to 0.09% decreases the nitrogen in solution at this tem- 
perature to less than 0.001% and increases the nitrogen combined as 
AIN to more than 0.004%. These values, which are based upon 
attainment of equilibrium, show that increasing the aluminum content 
of a steel of a selected nitrogen level raises the temperature for com- 
plete solution and decreases the amount of nitrogen in solution at 
lower temperatures. 

When the aluminum content of a steel is constant and the nitro- 
gen content is increased, the temperature for complete solution of 
aluminum nitride is increased and there is a slight increase in the 
nitrogen that goes into solution at lower temperatures, as illustrated 
in Fig. 3. For a steel containing 0.05% aluminum, the solution tem- 
perature is increased from about 1900°F (1040 °C) for a steel 
containing 0.004% nitrogen to about 2120°F (1160°C) for one 
containing 0.012% nitrogen. This same increase in nitrogen content 
increases the amount of nitrogen in solution at 1900 °F from 0.004% 
to approximately 0.005%. 

The method used by Darken, Smith and Filer (5) to obtain the 
equilibrium constant for the solution of aluminum nitride in low car- 
bon steels involved long periods of time at the solution temperature. 
Microsegregation of aluminum or nitrogen did not affect the result, 
which depended on attainment of equilibrium. In the processing ot 
aluminum-killed low carbon steels, however, time at high temperature 
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Fig. 3—Effect of Nitrogen Content on Solubility of Nitro 
gen in a Steel Containing 0.05% Aluminum. 


is limited and may not be sufficient for solution of larger nitride par- 
ticles nor for diffusion to eliminate microsegregation. For these 
reasons, it was decided to study the solution of aluminum nitride in 
steels held for limited periods of time in the austenitic region. Sam- 
ples approximately 1 x 1 x0.08 inch were plated with copper, then 
nickel, and placed in a stainless steel tube at the temperature of inter- 
est. The tube was then evacuated to prevent nitrogen pickup by the 
specimen. Experience showed that air cooling the small specimens 
gave the same results as brine quenching. After cooling, the steels 
were analyzed for aluminum nitride nitrogen by the method devel- 
oped by Beeghly (3). This involves separation of aluminum nitride 
from the steel by solution of the iron matrix in bromine and methy] 
acetate, followed by analysis of the residue for nitrogen. By its 
nature, this process requires that the nitride particles be of a certain 
size before they can be separated. This limitation must be remem- 
bered when considering the results of this investigation. However, 
no other method of following solution and precipitation in metallic 
solid solution appeared to hold any prospect of success, so the chem- 
ical separation method was adopted. This method also determines 
nitrogen combined with silicon, but, fortunately, the steels used con- 
tained only minor amounts of silicon, and from the data published by 
Beeghly (6) it is unlikely that silicon nitride formed in any significant 
amount. 


Results obtained on two steels are presented in Fig. 4, in which 
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the nitrogen in solution after moderately rapid cooling is compared 
with the equilibrium solubility of nitrogen calculated from Equation 4. 
Solution of aluminum nitride was not complete until temperatures 
considerably in excess of the calculated solution temperature were 
used. This lack of agreement is thought to be due to at least three 
factors: 


1. Limitations of the analytical method. In dealing with the low 
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Fig. 4—-Solution of Aluminum Nitride in Two Selected Steels. 


concentrations of nitrogen present, errors in determination of alumi- 
num nitride are inevitable. This is not believed to be a major factor, 
however, for if errors are inherent in the analytical method used, they 
should tend to indicate less aluminum nitride than is actually present 
and thus to lower the apparent temperature of complete solution be- 
cause of loss of the nitride during solution of the ferrite matrix in 
bromine and methyl acetate and in filtering. 

2. Insufficient time at temperature. Solution of larger nitride 
particles in the steel can be expected to require more time at temper- 
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ature than solution of smaller particles. Solution also involves dif- 
fusion of aluminum away from the dissolving particle. Evidence of 
the effect of time at temperature is contained in the lower portion of 
Fig. 4; more aluminum nitride was dissolved after 3 hours at 1900 °F 
(1040 °C) than after 15 minutes at 1900 °F (1040 °C). 

3. Microsegregation, particularly of aluminum. If the local 
concentration of aluminum and nitrogen is higher than the over-all 


Temperature °F 
1500 1700 i900 2100 2300 2500 





Wt.% Al x Wt.%N 








9.5 9.0 8.0 7.0 6.0 
Fig. 5—Apparent Solubility of AIN in Austenite. 


amount indicated by chemical analysis, the temperature required for 
solution of aluminum nitride, in a limited time, will be higher than 
calculated from Equation 3, which is based on attainment of equi- 
librium. 

A graphic indication of the effect of these factors on the solution 
of aluminum nitride is presented in Fig. 5, which is a plot of the 
logarithm of the “apparent solubility product” versus the reciprocal 
of the absolute temperature. This “apparent solubility product” is 
simply the product of the concentrations of aluminum and nitrogen 
in solution in austenite, determined by analysis. The difference be- 
tween the total “acid-soluble” nitrogen content and the portion com- 











1478 TRANSACTIONS OF THE ASM Vol. 46 


bined as aluminum nitride was considered to represent the nitrogen 
in solution in austenite. Likewise, “acid-soluble” aluminum, less that 
portion combined as the nitride, was considered to be the amount of 
aluminum in solution in austenite. Their product is not the true 
solubility product, since equilibrium in the solution of the nitride was 
probably not established. In plotting the curves of Fig. 5, eight points 
determined on Steel C, five points determined on Steel D, and seven 


points established from aluminum nitride determinations on seven 


miscellaneous, rapidly cooled, aluminum-killed low carbon steels were 
used, in addition to the data of Fig. 4. There is considerable scatter 
among the experimental points. When the best straight line through 
the points was plotted by the method of least squares, it was found to 
be roughly parallel to the equilibrium line taken from Darken, Smith 
and Filer (5), but displaced in the direction of higher temperatures. 
The line labeled “apparent solubility” in Fig. 5 can be represented 
by the equation 


” 677 seg : ; - 
log K, (apparent) — — 6770 -+- 1.033 Equation J 


rth 


An analysis of scatter of the points resulted in a prediction limit of 
95% confidence for any particular steel, which is shown by the lin 
in Fig. 5 labeled “95% confidence limit’’. 

Fig. 5 demonstrates that the temperature required for solution 
of aluminum nitride in low carbon aluminum-killed steel held for ; 
limited time at temperature cannot be predicted exactly. For exam 
ple, if the product of the aluminum and nitrogen concentrations in a 
steel is 2.00 & 10-4, the minimum temperature at which all aluminum 
nitride will be dissolved can be obtained from the equilibrium curve 
and is found to be 1900 °F (1040 °C). However, the most probabl 
temperature at which solution will be complete, obtained from th: 
“apparent solubility” curve, is slightly over 2100°F (1150°C). To 
be 95% certain of dissolving all the nitride in a particular specimen 
of this steel within a limited period would require heating to almost 
2300 °F (1260°C). Asa practical measure, it is recommended that 
approximately 200 °F (110°C) be added to the calculated value if 
the curve in Fig. 1 is used to determine the required heating tem 
perature for hot rolling a particular steel. 


ISOTHERMAL FORMATION OF ALUMINUM NITRIDE 
E ffect of Precipitation Temperature 


To obtain information as to the rate of precipitation of aluminum 
nitride from supersaturated solid solution, specimens were heated to 
a high temperature, rapidly cooled to a lower temperature and held 
for various periods, then brine-quenched and analyzed for aluminum 
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nitride by the Beeghly method (3). Specimens of Steel A, about 
1 by 1 by 0.08 inch, were plated with copper and nickel, heated to 
2100 °F (1150°C), (100°F above the calculated temperature for 
complete solution of aluminum nitride), held 15 minutes, then trans- 
ferred to another furnace at 1700 °F (925 °C), or to a lead bath at 
1500, 1300, or 1100 °F (815, 705, or 595°C). Results are presented 
in Fig. 6b. Formation of aluminum nitride follows the well-known 
pattern of precipitation from supersaturated solid solution, in that 
rate of formation is low at high temperature (1700 °F—925 °C), 
increases to a maximum at intermediate temperature (1500 °F— 
815 °C), then rapidly decreases with decreasing temperature (1300 
and 1100 °F—705 and 595°C). The aluminum nitride content in- 
creased with time at the holding temperatures, up to a maximum 
characteristic of each temperature. This maximum, the equilibrium 
concentration of aluminum nitride, can be calculated for temperatures 
in the austenitic region by use of Equation 4, or, for Steels A and B, 
this can be obtained from the equilibrium solubility curves of Fig. 4. 
When Steel A is held at 1700 °F (925 °C) for a period sufficient for 
aluminum nitride to come to equilibrium with aluminum and nitrogen 
in solution in austenite, there will be about 0.0012% nitrogen in 
solution and about 0.0046% nitrogen combined as aluminum nitride. 
\t 1500 °F (815 °C) there will be only about 0.0004% nitrogen in 
solution and about 0.0054% nitrogen combined as the nitride. 

Equation 4 is valid only in the austenitic region, but estimates of 
the solubility product of aluminum nitride in ferrite can be made. The 
ratio of the solubility product in ferrite and austenite will equal the 
ratio of the concentrations of nitrogen and aluminum in solution in 
ferrite and in austenite at equilibrium, or, 

Ks (a) Cw (a) Car (a) 
me () Ga fF) Cat (7) 

The ratio Ca; (a)/Cai (y) is close to unity. 
At 1400 °F (760 °C) 





Cx (a) _ 0.0022 
Cx (vy) (0.028 


so the solubility product of aluminum nitride in ferrite at 1400 °F 
(760 °C) is about 1/10 of the solubility product in austenite at 1400 
F (760°C). The solubility of nitrogen in the ferrite of aluminum- 
killed steel, at equilibrium, is vanishingly small; we are therefore 
justified in considering that practically 100% of the acid-soluble 
nitrogen is combined as aluminum nitride. 


Effect of Solution Temperature 


The study of isothermal precipitation of aluminum nitride was 
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extended to include specimens of Steel A rapidly cooled from 2300 
and 1900 °F (1260 and 1040°C) as well as from 2100°F (1150 
C). Results of this work are presented in Figs. 6a and 6c. In- 
creasing the temperature used to dissolve aluminum nitride delays 
subsequent precipitation at lower temperatures. At 1900°F (1040 
C), discrete particles of aluminum nitride are still present in the 
steel; only partial solution is achieved. The undissolved particles 
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Fig. 6—Effect of Solution Temperature on Rate of Sub- 
sequent Precipitation of Aluminum Nitride. Steel A (0.058% 
aluminum, 0.0058% nitrogen). 


form centers for rapid precipitation at lower temperatures, and, as 
shown in Fig. 6c, equilibrium was substantially reached at 1700 and 
1500 °F (925 and 815 °C) within the shortest holding period used. 
After solution at 2100 °F (1150°C), which is 100 °F above the cal- 
culated temperature at which all aluminum nitride is dissolved, un- 
dissolved particles may or may not be present, and precipitation at 
lower temperatures is slower (Fig. 6b). When heated to 2300 °F 
(1260 °C), the nitride is almost certainly completely in solution, and 
precipitation at lower temperatures is relatively slow (Fig. 6a). 
The data of Fig. 6 are summarized in Fig. 7, which is composed 
of curves representing the time required for complete precipitation 
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of aluminum nitride during isothermal treatment. These curves are 
shown as shaded bands to emphasize the uncertainties involved in 
their determination. The effect of prior solution temperature on 
subsequent isothermal precipitation of aluminum nitride is a major 
one; at 1500 °F (815 °C) complete precipitation within a specimen 
cooled from 2300 °F (1260 °C) may require about 100 times as long 
as complete precipitation within a sample cooled from 1900 °F (1040 
°C). The effect of increasing the solution temperature is almost cer- 
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Fig. 7—Effect of Solution Temperature on Isothermal Formation of Aluminum 
Nitride. Steel A (0.058% aluminum, 0.0058% nitrogen). 


tainly due to decreasing the number of centers for subsequent pre- 
cipitation, whether these centers be undissolved nitride particles or 
nuclei stable at the solution temperature. Varying the solution tem- 
perature did not appear to change the temperature at which most 
rapid precipitation occurred; this remained about 1500 °F (815 °C). 

The importance of slab heating temperature in production of 
aluminum-killed sheet steel with elongated grains has been discussed 
by others (4). In our own work we found that heating aluminum- 
killed steel to temperatures below 1900 °F (1040 °C) usually results 
in equiaxed grains after cold reduction and recrystallization, whereas 
use of temperatures above 1900°F (1040°C) produces elongated 
grains in many steels. By heating above 2000 °F (1095 °C) and air 
cooling to the rolling temperature, it was found possible to hot roll 
below 1900 °F (1040 °C) and still produce elongated grains in the 
box-annealed product. These results can now be explained on the 
basis of the evidence presented in Figs. 6 and 7. Heating to 1900 °F 
(1040 °C) or below dissolves very little aluminum nitride, and much 
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Fig. 8—Effect of Aluminum Content of Steel (for Com- 
parable Nitrogen) on Rate of Precipitation of Aluminum 
Nitride. 


of this precipitates rapidly at lower temperatures so that the steel 
arrives at the annealing stage with very little nitrogen available to 
form aluminum nitride during recrystallization. Heating to 2000 °F 
(1095 °C) or above dissolves more of the nitride and also delays sub- 
sequent precipitation at lower temperatures. In this way high slab- 
heating temperatures increase the time available for hot rolling and 
cooling, thus retaining the tendency to form elongated grains. 


Effect of Composition 


In the foregoing tests the amount of aluminum and nitrogen in 
solution increased as the temperature was raised, but rate of subse- 
quent precipitation was decreased because of a decrease in the number 
of centers for precipitation. Varying the soluble aluminum and nitro- 
gen contents of steels could be expected to change the characteristics 
of the precipitation of aluminum nitride; the higher the concentration 
of these two elements, the more rapid should be the precipitation of 
aluminum nitride from solid solution. This factor was checked by 
studying precipitation in two steels: C (0.020% aluminum, 0.0088% 
nitrogen), and D (0.079% aluminum, 0.0072% nitrogen). The 
principal difference between the two steels is in their aluminum 
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Fig. 9—Effect of Aluminum and Nitrogen Content on 
Rate of Precipitation of Aluminum Nitride. 


content. Solution temperatures 200 °F above the calculated solution 
temperatures of each steel were employed, 2300 °F (1260 °C) in the 
case of Steel D and 2050 °F (1120 °C) for Steel C. The steels were 
rapidly cooled to lower temperatures and held for various periods, 
then quenched in brine. Results are presented in Fig. 8 and sum- 
marized in Fig. 9a. The results were as expected; Steel D, although 
solution-treated at a temperature 250 °F higher than Steel C, pre- 
cipitated aluminum nitride more rapidly because of its greater alumi- 
num content. The difference amounts to a factor of about three be- 
tween 1400 and 1500 °F, and increases with decreasing temperature. 

If the same solution temperature had been used for both steels 
in the above comparison, the difference would have been even greater. 
A comparison on this basis is made in Fig. 9b, which shows the cor- 
responding curves for Steels A and D, both solution-treated at 2300 
°F (1260°C). At 1500°F (815°C), Steel D reaches near-equi- 
librium in about 8 minutes, whereas Steel A, which contains less 
aluminum and nitrogen, requires about 20 minutes. Fig. 9c compares 
the curves for Steel A (high aluminum) solution-treated at 2100 °F 
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(1150 °C), and Steel C (low aluminum) solution-treated at 2050 °F 
(1120°C). At 1500 °F (815 °C), Steel A requires about 2 minutes 
to reach approximate equilibrium, while Steel C requires about 20 
minutes, because of its lower aluminum content. 

It has been generally known that aluminum-killed steel could be 
made with elongated grains in the annealed sheet only when the acid- 
soluble aluminum content was between approximately 0.02 and 
0.08% ; Solter and Beattie (4) state similar limits. The lower limit 
is determined by the necessity of having sufficient aluminum to com- 
bine with the nitrogen present and enough to insure a fairly uniform 
distribution. The presence of the upper limit can be explained with 
the aid of the curves of Figs. 1, 7 and 9. It is the product of the 
concentrations of aluminum and nitrogen which determines the time 
and temperature required for solution and precipitation of aluminum 
nitride. With a given nitrogen content, increasing the aluminum 
increases the temperature required to dissolve all the nitride and also 
decreases the time required for precipitation at lower temperatures. 
When the aluminum content of a low carbon steel is greater than 
about 0.08%, solution of the nitride is far from complete at the usual 
heating temperatures for hot rolling, and even the portion that is dis 
solved is likely to be precipitated before it can influence the shape of 
the recrystallized grains. 


Effect of Cold Work 


It is well known that prior cold work frequently hastens precipi- 
tation from supersaturated metallic solid solutions. To investigate 
this effect, a series of specimens of Steel A were heated to 2100 °F 
(1150 °C), held 15 minutes, then brine-quenched. Half of the speci- 
mens were cold-rolled to 60% reduction in thickness (reduced from 
0.08 to 0.032 inch) ; the others were left unworked. They were then 
placed in a lead bath at 1300, 1200, 1100 or 1000 °F (705, 650, 595 
or 540°C), held for various periods of time, brine-quenched, and 
analyzed for aluminum nitride nitrogen. The results, presented in 
Table III, indicate that cold working produces only a slight increase 
in rate of precipitation of aluminum nitride. The data were analyzed 
by means of the “sign test’”’ (7), which indicated that the chances are 
only 1 in 100 of obtaining this result if there is no real increase in 
rate of precipitation caused by cold work. The effect, though small, 
is therefore believed to be real. 


Microstructural Evidence of Aluminum Nitride Precipitation 


In an attempt to agglomerate the aluminum nitride precipitate 
to such an extent that it could be seen under the microscope, hot- 
rolled specimens of Steel E were held in lead at 1300°F (705 °C) 
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Table III 


Effect of Cold Work on Isothermal Formation of Aluminum Nitride 
Steel A, Solution-Treated 2100°F (1150°C), Brine-Quenched 











——Cold-Rolled 60%——. ————_ Unworked" 

Annealing TN %N 
Tempera- Acid- Com- Acid- Com- Sign 

ture Annealing Soluble AIN bined Soluble AIN bined of 
°F er Time N N (A) N N (B) (A) —(B) 
1300 (705) 30 sec. 0.0057 0.0017 30 0.0054 0.0013 24 + 
1300 2 min. 0.0657 0.0025 44 0.0059 0.0018 31 + 
1300 10 min. 0.0058 0.0040 69 0.0059 0.0040 68 + 
1300 10 min, 0.0058 0.0038 66 0.0059 0.0043 73 — 
1300 10 min. 0.0060 0.0051 85 
1200 (650) 30 sec. 0.0060 0.0016 27 0.0062 0.0013 21 “+ 
1200 5 min. 0.0058 0.0019 33 0.0059 0.0015 25 + 
1200 5 min. 0.0063 0.0022 35 
1200 25 min. 0.0049 0.0033 67 0.0058 0.0027 47 aa 
1200 25 min. 0.0059 0.0023 39 
1200 200 min. 0.0071 0.0037 52 0.0061 0.0025 41 oe 
1200 200 min. 0.0071 0.0033 47 0.0061 0.0028 46 + 
1100 (595) 1 min. 0.0053 0.0015 28 0.0058 0.0011 19 T 
1100 10 min. 0.0057 0.0013 23 0.0058 0.0012 21 + 
1100 100 min. 0.0058 0.0019 33 0.0056 0.0011 20 a 
1100 1000 min. 0.0060 0.0028 47 0.0060 0.0028 47 
1100 1000 min. 0.0060 0.0027 45 0.0060 0.0028 47 
1000 (540) 10 min. 0.0058 0.0015 26 0.0058 0.0016 28 a 
1000 10 min. 0.0057 0.0012 21 0.0063 0.0010 16 ot 
1000 100 min. 0.0057 0.0013 23 0.0056 0.0012 21 aa 
1000 1000 min. 0.0060 0.0022 37 0.9060 0.0013 22 + 
1000 1000 min. 0.0058 0.0027 47 
1000 10,000 min. 0.0069 0.0035 51 0.0068 0.0021 31 + 

0.0071 0 


1000 10,000 min. 0031 44 


for various periods, then polished and etched. An etchant consisting 
of Zephiran chloride and picric acid in ether (8) revealed, in some 
instances, the presence of a constituent which is presumed to be 
aluminum nitride. This constituent was not observed in rimmed 
steels. The structure of Steel E after 8 hours at 1300 °F (705 °C), 
as revealed by the Zephiran chloride etch, is shown in Fig. 10a. The 
ferrite grains coarsened considerably, and a single grain occupies the 
upper portion of the micrograph. The former ferrite grains are out- 
lined, presumably because of a difference in composition between the 
prior grain boundaries and the body of the grains. When the period 
at 1300 °F (705°C) was increased to 234 hours, rows of dots ap- 
peared in the former ferrite grain boundaries (Fig. 10b). These dots 
appear to be pits which result from local attack around very small 
particles. 

The solution of the small particles was studied in specimens 
which had been held 234 hours at 1300 °F (705°C). When subse- 
quently held 1 hour at 2000 °F (1095 °C), the precipitate persisted 


_and the particles or the pits around them appear to have increased 


in size (Fig. 10c). The solution temperature of this steel was calcu- 
lated to be 2040 °F (1115 °C) (Table Il). When a specimen was 
held 1 hour at 2300 °F (1260 °C), no particles appeared, as shown 
in Fig. 10d. Solution appeared to be complete. This behavior of 
the precipitate revealed by the Zephiran chloride etch leads to the 
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Fig. 10—Microstructure of an Aluminum-Killed Low Carbon Steel (E) Treated as 
Indicated. Zephiran etch. 1000. Reduced approximately 43% in making halftone 
(a) Heated 8 hours at 1300 °F. Top portion is part of a single coarse grain; (b) Heated 
234 hours at 1300 °F. Ferrite grain boundary across middle of micrograph; (c) Treated 
as in (bp. then heated 1 hour at 2000 °F; (d) Treated as in (b), then heated 
at 2300 °F. 


conclusion that the precipitating phase is aluminum nitride. 

A similar steel held 1 hour at 1500°F (815°C), then brine- 
quenched, was dissolved in bromine and methyl acetate, and X-ray 
diffraction data for the residue were obtained with a spectrometer, 
using cobalt radiation and an iron filter. Because of the very small 
particle size, rather poor diffraction patterns were obtained, but they 
agree with previous reports (3, 9) of the pattern of synthetic alumi- 
num nitride. Results are presented in Table IV. An electron micro- 
scope examination of the particles separated from this steel was ham- 
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Table IV 
X-Ray Diffraction Data for Aluminum Nitride 


ASTM Card 


-~——Index——__, —Beeghly (3)~ This Investigation 
d(A) I/lo d(A) I lo d(A) 
2.70 90 2.70 100 2.69 
2.49 80 2.50 71 2.51 
2.36 90 2.38 89 2.37 
1.83 50 1.83 43 1.827 
1.56 100 1.56 65 
1.42 100 1.420 57 
i.e 40 1.353 12 
ee 100 i.325 48 
1.31 70 1.306 20 

1.249 t 

1.190 9 

1.883 2 





Fig. 11—Electron Micrograph of Aluminum Nitride Particles Separated From a 
Steel Held 1 Hour at 1500 °F, Then Brine-Quenched. X 110,000. Uranium shadow cast. 
(Reduced approximately one-third in making halftone.) 


. 


pered by a tendency for the particles to agglomerate, but it was found 
that they had an average diameter of about 200 A (200 « 10°8 cm) 


(Fig. 11). 
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ELONGATED GRAIN STRUCTURE AND FORMATION OF ALUMINUM 
NITRIDE 


Thermal Treatment Prior to Cold Reduction 


The solution and precipitation of aluminum nitride are important 
commercially because of their influence on the grain structure and 
drawing properties of low carbon, aluminum-killed steels. The grain 
structure of these steels, after cold reduction and box annealing, is 
dependent upon composition, the temperature of hot rolling and the 
temperature at which the hot-rolled strip was coiled. The last affects 
the rate of cooling of the hot-rolled strip. These three factors deter- 
mine the amount of aluminum nitride which is precipitated prior to 
cold reduction and box annealing. 

To check the effect of prior precipitation of aluminum nitride on 
final grain structure, samples of Steel A were held 5 minutes at 2050 
°F (1120 °C), air-cooled to various temperatures in the range 1000 
to 1900 °F (540 to 1040 °C) and held for various lengths of time, 
air-cooled to room temperature, then cold-reduced 40% and box- 
annealed at 1250 °F (675°C). A few of the resulting structures are 
shown in Fig. 12, which depicts the final microstructure as related to 
time of holding at 1400°F (760°C) prior to cold reduction. The 
structures gradually changed from elongated to equiaxed grains with 
increased time of prior holding at constant temperature. Since it is 
difficult to fix the limits of this process, Fig. 13 shows a shaded band 
representing the time-temperature relationships which produce a 
change in the final annealed structure. The shape and position of 
this band show a similarity to the shape and position of the curve of 
Fig. 7, representing the time-temperature requirements for complete 
precipitation of aluminum nitride in the same steel, after heating to 
2100 °F (1150°C). From the similarity of these curves, it is con- 
cluded that substantially complete precipitation of aluminum nitride 
in the hot-rolled strip eliminates the tendency to form elongated 
grains in the cold-reduced, box-annealed product. 

The effect on final structure of reheating after hot rolling has 
been reported previously (2, 4). The change in structure as subse- 
quently annealed is dependent upon both time and temperature of the 
reheating treatment. Two hours at 1200 °F (650°C) or 20 minutes 
at 1300 °F (705 °C) are sufficient to change the structure from elon- 
gated to equiaxed grains after annealing. The isothermal recrystal- 
lization behavior of subsequently cold-reduced aluminum-killed steel 
can be made to resemble that of rimmed steel by reheating the hot- 
rolled strip for a sufficient length of time at 1200°F (650°C) or 
above. The effects produced by reheating the hot-rolled strip are 
the same as those developed by delaying the cooling from the hot 
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Fig. 12—Structures Produced in Steel A by Heating to 2050 °F Followed 
by Holding at 1400 °F (760°C), Cold Working and Box Annealing. (a) 30 
seconds; (b) 60 seconds; (c) 5 minutes; (d) 15 minutes. Nital etch. X 100. 


rolling temperature, such as by coiling at too high a temperature. 
Equiaxed rather than elongated grains are produced. 

To confirm the foregoing inference that substantially complete 
precipitation of aluminum nitride prior to cold rolling results in equi- 
axed grains after annealing, four tests were performed, using hot- 
rolled sheet (Steel A) as starting material in each case. The speci- 
mens were analyzed for “acid-soluble” and AIN nitrogen after each 
of the following treatments: 

1. 15 minutes at 1500°F (815°C), air cool, to destroy the 
tendency toward formation of elongated grains after subse- 
quent cold rolling and box annealing. 

2. 5 minutes at 2150°F (1175°C), air cool, to establish the 
tendency toward formation of elongated grains. 

3. 15 minutes at 1500 °F (815 °C), air cool, cold roll 40%, box 
anneal at 1250°F (675°C) to produce equiaxed grains. 
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Fig. 13—Time-Temperature Requirements for the Change From Elongated Grain 
to Equiaxed Grain Structures in Subsequently Cold-Worked and Box-Annealed Alu- 
minum-Killed Steel. Steel A, solution-treated 2050 °F. 


Box annealing was simulated by heating the copper-plated 
specimens in cast iron chips at a rate of 35 to 40 °F per hour 
to 1250 °F (675 °C), holding 7 hours, then furnace cooling. 
4. 5 minutes at 2150 °F (1175 °C), air cool, cold roll 40%, box 
anneal at 1250 °F (675 °C), to produce elongated grains. 
Results of these tests, which are presented in Table V, show that 
when the tendency to form elongated grains was destroyed by heating 
the cold-rolled sheet at 1500°F (815°C) for 15 minutes, 100% 
(by analysis) of the nitrogen in the steel was combined as aluminum 
nitride. When the tendency to form elongated grains was established 
by holding the specimen at 2150°F (1175 °C) for 5 minutes, then 
air cooling, only 12% of the nitrogen was combined. After cold 
rolling and box annealing, both specimens had substantially all of 
their nitrogen combined as aluminum nitride. One of the two speci- 
mens treated at 2150°F (1175 °C) picked up nitrogen, showing an 
increase from about 0.005 to 0.008%. 


Minimum Uncombined Nitrogen Required 


Since the production of elongated grains depends upon aluminum 
and nitrogen being available to form aluminum nitride during the 
final annealing treatment, tests were made to determine the minimum 
amount of uncombined nitrogen required. Steels A and B were used 
in these tests. The specimens were heated to temperatures calculated 
to produce varying amounts of aluminum nitride or, conversely, to 
retain varying quantities of nitrogen in solid solution. After air cool- 
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Table V 























Relationship Between Grain Shape and Aluminum Nitride Content 
Before Cold Rolling After Cold Rolling 
————and Box Annealing. ————and Box Annealing———. ? 
Acid- Acid- Final 
Initial Soluble AIN %mN Soluble AIN %N Grain 
Treatment N N Combined N N Combined Structure 
15 Min. at 1500°F ee 
(815°C), Air cool 0.0048 0.0048 100 0.0052 0.0050 96 Equiaxed 
5 Min. at 2150°F ; 
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Fig. 14—Relationship of Uncombined Nitrogen to Grain 
Elongation After Cold Reduction and Box Annealing. 


ing, the samples were analyzed for acid-soluble and aluminum nitride 
nitrogen. Portions of the specimens were then cold-reduced 60% 
and box-annealed at 1250 °F (675 °C), with a heating rate of about 
25°F per hour. The grain elongation of the box-annealed samples 
was measured by a method similar to that employed by Solter and 
Beattie (4). It should be emphasized that the aluminum nitride 
analyses were performed before annealing, whereas the grain elonga- 
tion was measured after annealing. Results of these tests are shown 
in Fig. 14. Although it is not possible to draw definite conclusions 
from these data, particularly when such minute quantities are in- 
volved, it seems likely that the minimum nitrogen in solution, before 
annealing, to produce elongated grains is between 0.001 and 0.002%. 


The minimum may be affected to some degree by the aluminum con- 
tent of the steel. 


Mechanism of Elongated Grain Formation 


It has been observed (2) that the recrystallized grains of an 
elongated-grain, aluminum-killed steel tend to follow the boundaries 
of the prior cold-worked grains ; a precipitate within these boundaries 
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Fig. 15—Structure of Aluminum-Killed and Rimmed Steels After 60% Cold Rolling 
and Annealing at 1050 °F. Longitudinal specimens. Zephiran etch. X 2000. Reduced 
approximately 23% in making halftone. (a) and (b) rimmed steel; (c) and (d) aluminum- 
killed steel. (a) and (c) not recrystallized in 10 seconds at 1050°F; (b) completely 
recrystallized at 1050 °F in 1 hour; (d) completely recrystallized at 1050 °F in 8 hours. 


seems to act as a barrier to the growth of recrystallized grains. 
Metallographic evidence of this is presented in Fig. 15, which illus- 
trates the difference in microstructure between rimmed and aluminum- 
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killed steels, as revealed by the Zephiran chloride etch, before and 
after recrystallization at 1050°F (565°C). After 10 seconds at 
1050 °F (565 °C) both steels have the typical cold-worked structure. 
After complete recrystallization, outlines of the prior cold-worked 
grains and deformation markings within those grains can be seen in 
the aluminum-killed, but not in the rimmed steel. Some boundaries 
of the elongated recrystallized grains (Fig. 15d) follow boundaries 
of cold-worked grains. 

The effects shown in Figs. 15d and 10a are believed to be due 
to the same precipitate, which is presumed to be aluminum nitride. 
This phase is partially precipitated in ferrite grain boundaries during 
cooling from the hot rolling temperature. The ferrite grains are de- 
formed by cold rolling but the nitride remains in the grain bound- 
aries. During heating to the annealing temperature, more of the 
aluminum and nitrogen retained in supersaturated solid solution pre- 
cipitates as AIN in boundaries of the cold-worked grains, forming 
barriers to subsequent grain growth. Smith (10) recently pointed 
out that a grain boundary retains foreign particles in a desire for 
minimum area and therefore a second phase will be more effective 
in hindering grain growth the more numerous its particles. Delaying 
cooling from hot rolling temperatures produces larger particles of 
aluminum nitride, which are relatively ineffective in hindering grain 
growth, and removes nitrogen from supersaturated solid solution so 
that little or none is available for precipitation during heating to the 
annealing temperature. 


The conclusion that precipitated aluminum nitride forms a “me- 
chanical” barrier to growth of recrystallized grains was also stated 
by Solter and Beattie (4). There is, however, another effect of pre- 
cipitation of aluminum nitride which is of equal importance in for- 
mation of elongated grains; this is the lowering of the rate of nuclea- 
tion for recrystallization. This effect is clearly shown by the delay 
in the isothermal recrystallization of aluminum-killed steel as com- 
pared with rimmed steel (2). When aluminum-killed steels are 
treated so as to precipitate aluminum nitride completely prior to cold 
reduction and isothermal recrystallization, the rate of recrystallization 
resembles that of rimmed steels. If the rate of nucleation for recrys- 
tallization of an aluminum-killed steel were as rapid as that of a 
rimmed steel, equiaxed grains would be produced even though alu- 
minum nitride in the former grain boundaries acted as a barrier, for 
growth of several recrystallized grains could begin within one cold- 
worked grain. In some way that is not yet understood, the formation 
of aluminum nitride seems to reduce the number of nuclei for recrys- 
‘tallization. 


It has been noted (2, 4) that increasing the rate of heating 
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aluminum-killed steels in the annealing operation promotes formation 
of equiaxed grains except when the annealing temperature is about 
1050 °F or lower. Continuous annealing generally involves rapid 
heating, so this process has not been suitable for the production of 
aluminum-killed deep-drawing sheets having an elongated grain 
structure. Darmara (11) has originated a method for the short-time 
recrystallization of aluminum-killed sheet steel, with formation of 
elongated grains. This procedure involves holding the cold-rolled 
sheet for about an hour at 1050 °C (565 °F), followed by a much 
shorter period at a temperature between 1250 and 1350 °F (675 and 
730°C). The treatment at 1050°F (565°C) serves to nucleate 
aluminum nitride without necessarily producing any recrystallization. 
The second step completes recrystallization very quickly, before the 
aluminum nitride particles have time to grow appreciably. Use of 
this method makes it possible to compare the aluminum nitride con- 
tent of elongated-grain aluminum-killed steel after a short-time anneal 
with the aluminum nitride content in elongated-grain steel after the 
conventional box anneal. The following procedures were used, start- 
ing in each instance with Steel A, cold-rolled 60% : 
1. 1 hour at 1050°F (565 °C), followed by % minute at 1250 
°F (675 °C), then brine quench, to produce elongated grains. 
2. Heat rapidly to 1200°F (650°C) and hold for 2 minutes, 
then brine quench, to produce equiaxed grains. 
After these treatments, the specimens were examined for grain 
structure and analyzed for acid-soluble and AIN nitrogen. Results 


Table VI 





Aluminum Nitride Content After Short-Time Annealing 
Steel A 
Acid- N 
Grain Soluble Combined %N 
Treatment Shape N As AIN Combined 

Hot-rolled, then cold-rolled 60% Cold-Worked 0.0055 0.0006 11 
1 hr. 1050°F (565°C), % min. 1250°F 

(675°C), Quenched Elongated 0.0054 0.0006 11 


2 min. 1200°F (650°C), Quenched Equiaxed 0 0059 0.0006 10 


are presented in Table VI. By proper choice of methods of short- 
time recrystallization, we can produce fully recrystallized material, 
with either elongated or equiaxed grains, with no apparent increase 
in aluminum nitride nitrogen over the as-cold-rolled specimen, as 
measured by the Beeghly method. This is in disagreement with the 
statement by Clark (12) that to obtain elongated ferrite grains after 
annealing, the aluminum nitride content must be low before cold roll- 
ing and high after annealing. His statement is valid only for steels 
which are box-annealed. In recrystallizing in 2 minutes at 1200 °F 
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(650 °C), it is probable that nucleation and growth of recrystallized 
erains occurs before the restraining action of the aluminum nitride 
becomes effective. | 
The results of the short-time recrystallization treatments indicate 
that either the precipitation of aluminum nitride does not cause for- 
mation of elongated grains, or that the aluminum nitride responsible 
for their formation is in a form which is not separable by the Beeghly 
technique. We believe the second alternative to be the correct one. 
If the nucleation and growth of recrystallized grains are inhibited 
by aluminum nitride in the very early stages of formation, it is not 
likely that any method of chemical separation could detect the pre- 
cipitate. The nitride may not even exist as a separate phase during 
these effective stages. Certainly the particles must be smaller than 
those separated from an aluminum-killed steel held 1 hour at 1500 
F (815 °C), which had an average diameter of about 2 * 10-° cm. 


SUMMARY 


1. It is known from published data that the temperature re- 
quired for complete solution of aluminum nitride in austenite, at equi- 
librium, is determined by the product of the concentrations of alumi- 
num and nitrogen in the steel, expressed in weight %. The solution 
temperature increases as this product increases. As a consequence, 
the temperature required for complete solution increases, and the 
amount of nitrogen that can be dissolved at some lower temperature 
decreases, as the aluminum content of the steel is increased. 

2. Under practical conditions of relatively short heating times 
and possible nonuniform distribution of aluminum in the steel, the 
temperature required for complete solution of aluminum nitride is 
considerably higher than that indicated by the equilibrium data. 

3. The rate of isothermal precipitation of aluminum nitride 1s 
dependent upon composition and prior solution temperature. These 
factors, plus the time at the solution temperature, determine the num- 
ber of undissolved particles or nuclei available for subsequent precipi- 
tation at lower temperatures. 

4. The isothermal precipitation of aluminum nitride is typical 
of precipitation from supersaturated metallic solid solutions in that 
the rate is slow at high temperatures, reaches a maximum at an inter- 
mediate temperature and decreases at lower temperatures. Precipi- 
tation of aluminum nitride is most rapid at about 1500 °F (815 °C). 

9. Prior cold work imparts a slight, but definite, increase to the 
rate of isothermal precipitation of aluminum nitride. 

6. Aluminum nitride, when precipitated below the A, tempera- 
ture, forms preferentially in ferrite grain boundaries. 

7. The ferrite grain structure of cold-reduced, box-annealed, 
aluminum-killed sheet steel is controlled by precipitation of aluminum 
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nitride from supersaturated solid solution. This control is produced 
by: 

a. Formation of barriers to growth of recrystallized grains in 
the prior cold-worked grain boundaries. 

b. Reduction in the rate of nucleation of recrystallized grains. 

8. In order to form elongated grains in cold-reduced, box- 
annealed, aluminum-killed sheet steel, aluminum nitride must precipi- 
tate during heating to, or at, the annealing temperature. To retain 
this nitride in solid solution during the processing, preceding anneal- 
ing requires that: 

a. The steel must be heated to 2000 °F (1095 °C) or over be- 

fore final hot rolling. 

b. Cooling must not be retarded in the temperature range 1900 
to 1100 °F (1040 to 595 °C), particularly in the neighbor- 
hood of 1500°F (815 °C), i.e., the hot-rolled strip should 
be coiled at a relatively low temperature. 

9. Elongated grains can be produced in aluminum-killed sheet 
steel only when the acid-soluble aluminum content is between about 
0.015 and 0.08%. The lower limit is set by the necessity for suffi- 
cient aluminum to combine with the nitrogen and to insure a fairly 
uniform distribution. Aluminum in excess of about 0.08% produces 
nearly complete precipitation of the nitride prior to the annealing step. 

10. A minimum of about 0.001% nitrogen must be retained in 
solid solution in the cold-rolled steel, i.e., uncombined as aluminum 
nitride, in order for elongated grains to be formed during annealing. 

11. The ferrite grain shape is influenced by aluminum nitride 
in the early stages of precipitation, at which stage the nitride cannot 
be detected by a method involving chemical separation. 
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DISCUSSION 


Written Discussion: By H. T. Clark and H. F. Beeghly, Research 
Department, Jones and Laughlin Steel Corp., Pittsburgh. 

This paper on the behavior of aluminum nitride in low carbon steels 
represents a valuable contribution to the published information on this 
important subject. The authors are to be congratulated on their lucid 
presentation of this painstaking investigation. 

The metallographic data are of particular interest and further work 
along these lines is to be encouraged. 

Written Discussion: By C. W. Beattie, supervising metallurgist, and 
S. A. Lapham, senior metallurgist, Armco Research Laboratories, Armco 
Steel Corp., Middletown, Ohio. 

This is an excellent contribution to the metallurgy of aluminum-killed 
low carbon sheet steels, and the authors and their associates are to be 
congratulated on a job well done. 

It has been suspected strongly for a number of years that aluminum 
nitride is responsible for the formation of elongated or “pancake”-shaped 
grains in these steels as normally produced. To some extent this con- 
clusion was reached by negative means, that is, no other explanation could 
be found. A turning point in researches in aluminum-killed drawing steels 
was reached with the appearance of the method for determining aluminum 
nitride reported by Beeghly in 1949 (Ref. 3 in the paper). In the present 
paper the authors have developed quantitative information on the solu- 
bility and precipitation of aluminum nitride which will be of great value 
in future studies of this important grade of steel. 
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The authors’ demonstration of the possibility of obtaining the elon- 
gated grain structure without AIN precipitation—as determined by the 
3eeghly method—is very significant in pointing up the limitations of the 
chemical separation method for AIN and the extremely small size of the 
precipitated particles which are effective in controlling the grain size and 
shape upon recrystallization. 

In many of our laboratory experiments on hot rolling and subsequent 
processing of aluminum-killed low carbon steels, we have noted the grain 
size behavior represented graphically in Fig. 16. In Fig. 12 of the authors’ 
paper, showing the effect of precipitation time on the final grain structure, 
there is a suggestion of coarsening just before reversion to an equiaxed 
structure; also in the authors’ earlier paper (Ref. 2 in the paper) there is 
some evidence in Fig. 11 of softening after 5 minutes at the 1200°F (650 
°C) pretreatment temperature, with hardening taking place at the longer 
heating times, which resulted in equiaxed grains after final processing. 
The authors state in reference to Fig. 12 that “the structures gradually 
changed from elongated to equiaxed grains with increased time of prior 
holding at constant temperature.” Did the authors note the progression 
of grain size changes suggested by Fig. 16? 






| 
Elongated—=i~+—Equiaxed 





—»> Grain Size 
= Rockwell Hardness 


— increased Precipitation Time in Hot Rolling and Coiling 
—* increased Precipitation Time During “Shelfing "on Cooling 
from Solution Heat Treatment or from Hot Rolling 
— increased Precipitation Time on Reheating Before 
Cold Reduction 


Fig. 16—Effect of Precipitation Time Prior to 
Cold Reduction on the Annealed Grain Size and 
Shape of Aluminum-Killed Low Carbon Steel. 


One can speculate on the significance of this behavior in terms of the 
aluminum nitride barrier and the ferrite nucleation theories. The authors 
have presented very strong evidence that the effective aluminum nitride 
precipitate, which is that formed on reheating the cold-worked steel, is 
so finely divided that it cannot be detected by a method involving chem- 
ical separation. When adequate amounts of nitrogen and aluminum re- 
main in solid solution after cold reduction, it may be assumed that this 
precipitate will be deposited in substantially all of the cold-worked grain 
boundaries and deformation planes. Upon recrystallization this distribu- 
tion of precipitate should be most effective in the production of elongated 
grains by its barrier effect on grain growth. With some lesser amount 
of available precipitate the distribution may be very similar but less con- 
centrated; that is, the precipitate may form less continuous films. More 
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likely, in this case of limited availability, certain locations may be entirely 
free from precipitate. The available precipitate may concentrate on the 
distorted ferrite grain boundaries, or may tend to concentrate in the more 
severely strained slip planes within the ferrite grains. In either case this 
new distribution would seem to favor recrystallization of elongated grains 
of larger size than those formed under the influence of the completely 
developed barrier network. Further reduction of available precipitate to 
the point where the barrier becomes ineffective would result, of course, 
in the equiaxed grain structure. 

From the nucleation standpoint, an abundance of dissolved nitrogen 
and aluminum would insure deposition of precipitate in the high energy 
centers of the cold-worked structure, impairing the effectiveness of these 
potential nuclei for ferrite recrystallization and resulting in the delayed 
recrystallization previously reported by the authors. We must agree with 
the authors’ statement that the manner in which aluminum nitride seems 
to reduce the number of nuclei for recrystallization is not yet understood. 

When the condition of limited availability of precipitate is considered, 
unimpaired nuclei become available, and the preferential growth of such 
nuclei could result in a coarser grain structure, with elongated grain shape 
due to the barrier effect. 


Authors’ Reply 


The comments of Messrs. Clark and Beeghly and of Messrs. Beattie 


‘and Lapham are greatly appreciated. 


Clark and Beeghly mention particularly our metallographic data. The 
presentation of these data, as well as many of the other aspects of our 
experimental work which extended over a period of several years, was 
necessarily abbreviated in the paper. Our other observations, however, 
only serve to substantiate and extend those that are described. 

We thoroughly agree with the statements of Beattie and Lapham 
regarding the Beeghly method of analysis for aluminum nitride. This 
method has been very helpful in studying problems related to the forma- 
tion of aluminum nitride, but has distinct limitations which should be 
clearly recognized. 

The behavior illustrated by Beattie and Lapham in their Fig. 16 has 
been observed a number of times in our own work, and we are glad to 
see these observations confirmed. 

As indicated by their discussion, we can only speculate as to the exact 
mechanism by which aluminum nitride affects recrystallization behavior 
and grain structure. The behavior that they postulate seems to be a rea- 
sonable one, however. This question of the mechanism by which precipi- 
tation of aluminum nitride or other substances affects recrystallization and 
grain growth is an important one and it is to be hoped that eventually 
the subject will be clarified. 











ANALYSIS OF HARDENABILITY UNDER 
MARQUENCHING CONDITIONS 


By Cart M. Carman, Dominick F. ARMIENTO 
AND Harotp Markus 


Abstract 


A Jominy-type hardenability test using molten salt at 
400 °F as a quenching medium has been developed and 
the hardenability of eleven commercial heat treatable steels 
has been determined by this test procedure. The harden- 
abilities of these steels as determined by this test and the 
standard Jominy test have been compared. 

The hardenability test results have been interpreted 
by means of the variation of the heat transfer equivalent 
of the 400 °F salt quench. Mathematical analysis of the 
quenching curves for flush-quenched rounds and high 
speed movies show the existence of three stages of 
quenching for 400 °F salt baths analogous to oil and water 
quenching baths. 

The lack of hardness correlation between the water 
and salt-quenched Jominy specimens is discussed in light 
of the quenching characteristics of the 400 °F salt quench 
and the standard water quench. 


HE importance of marquenching has been emphasized by the 
iy heat treatment of complex steel parts which cannot be hardened 
by conventional methods without distortion or cracking. 

Recent publications by Hollomon and Jaffe (1)? indicate that if 
a steel is to develop optimum mechanical properties in the quenched 
and tempered condition, the structure after quenching should be fully 
martensitic. The transformation of austenite to intermediate products 
will have a deleterious effect upon the mechanical properties, par- 
ticularly the toughness of the tempered material. This implies that 
in order to obtain the optimum mechanical properties from a given 
steel its hardenability should be high enough to give martensite under 
the heating and quenching conditions to which it will be subjected. 

Little information has been published concerning the response 
to hardening of steel quenched under marquenching conditions. 
Shepherd (2) has published curves showing higher hardnesses for 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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various sizes of cylinders when quenched in salt at 400 °F than when 
quenched in oil at the same temperature, and White (3) investigated 
the quenching power of various salt baths using a step-type specimen. 
Unpublished work at Case Institute of Technology (4) indicated the 
feasibility of using a Jominy-type quench employing molten salt at 
400 °F as the quenching medium to determine the hardenability of 
steel under marquenching conditions. 

This investigation was undertaken to qualitatively study the 
hardenability of various heat treatable grades of steel under mar- 
quenching conditions and to interpret these results by means of the 
quenching characteristics of marquenching baths. 


MATERIALS 


The chemical compositions and the quenching temperatures em- 
ployed for the various steels are given in Table I. 

The steels were of commercial manufacture and were received 
in bar form. 


Table I 
Composition and Austenitizing Temperatures 


Quenching 

Steel c Ma S P Cr Ni Mo V Si Temp., °F 
SAE 1095 0.95 0.32 0.037 0.010 ace ice dive stax a 0.16 1500 
SAE 6150 0.47 0.70 0.024 0.010 0.93 eee oie 0.17 0.20 1625 
SAE 1335 0.35 1.65 0.129 0.016 werd ak 0.04 ae 0.04 1550 
SAE 4140 0.44 0.68 0.016 0.022 1.06 0.22 0.20 (ae 0.33 1550 
SAE 4340 0.41 0.73 0.011 0.022 0.82 1.76 0.30 a 0.29 1550 
SAE 2340 0.38 0.76 0.022 0.013 3.48 ata tee 0.26 1450 
NE 98V65 0.65 0.98 0.024 0.013 0.90 1.10 0.35 0.12 0.19 1650 
SAE 3140 0.45 0.83 0.029 0.022 0.69 1.20 tits aia 0.36 1550 
NE 9440 0.35 1.03 0.019 0.027 0.32 0.31 0.12 Save 0.42 1525 
Cr-Si 0.34 0.84 0.022 0.023 1.14 ek wie Je he se 1.63 1600 
Mn-Cr-Mo 0.58 1.48 0.040 0.025 0.67 gee 0.15 Sea 0.21 1550 


All steels were checked spectrographically for trace elements and if any significant quan- 
tity was detected, the result was confirmed chemically. 


PROGRAM OF INVESTIGATION 
A. Water-Quenched Jominy Tests 


Standard Jominy specimens 1 inch in diameter by 4 inches long 
were machined from the above steels. The specimens were austeni- 
tized for 1 hour in a stainless steel container having a graphite cap 
and were quenched according to ASTM Specification A-255-48T. 
The furnace temperature was checked by means of a portable poten- 
tiometer before each specimen was inserted. 


B. Salt-Quenched Jominy Tests 


The details of the special quenching equipment are shown in 
Fig. 1. This equipment was installed in a 30-kilowatt low temper- 
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Fig. 1—Drawing of Equipment Used for 400 °F (205 °C) Salt Jominy Tests. 


ature salt bath. The quenching salt used was a mixture of nitrates 
and nitrites. The temperature of the molten salt was maintained at 
400 °F (205 °C) by means of a recording controller. Agitation of 
the molten salt was insured by means of a motor-driven stirrer. 

The pump was able to maintain a stream of molten salt approxi- 
mately 4 inches high when the pressure-regulating valve was closed. 
No difficulty was experienced with the operation of this equipment. 
A specimen being quenched is shown in Fig. 2. 

The bakelite block (Fig. 1) insulated the specimen support from 
the rest of the equipment and was used for the time-temperature 
studies. Leads to an electronically operated relay were connected 
as shown in Fig. 1. When the molten salt stream touched the end 
of the specimen the circuit was completed between the two leads. 
This operated the relay which marked the recorder charts to show 
the instant of the start of the quench. 

The hardenability specimens were heated as described for the 
water-quenched specimens and were quenched in the same manner. 
The stream height, the diameter of the orifice and the distance be- 
tween the face of the specimen and the orifice were the same as in 
the water-quenched specimen. A quenching time of 30 minutes was 
needed to bring the temperature of the specimen to 400 °F (205 °C). 
The Jominy specimens were then air-cooled to room temperature. 

Two flats 0.015 inch deep and 180 degrees apart were ground on 
the specimens. Rockwell C hardness readings were taken at ;);-inch 
intervals for the first inch, at %-inch intervals for the second inch 
and at 14-inch intervals up to 2% inches from the quenched end. 


C. Metallographic Study 


Samples containing the first 2% inches of each specimen were 
cut from both the water and salt-quenched Jominy bars. The flat 


ct LLL 


i ae 
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Fig. 2—OQuenching of Jominy Specimen With 400 °F (205 °C) Salt. 


which had been ground for hardness determinations was ground 
deeper, polished for metallographic examination and etched in picral. 
The specimens were studied at a magnification of 1000 diameters and 
the distance to 99+, 95, 90, 80 and 50% martensite measured by 
means of the vernier stage on the metallograph. In the case of a 
banded structure the magnification was reduced to 250 diameters in 
order to examine a greater area. At least six fields were examined 
to determine the distance-martensite relation. 


D. Time-Temperature Studies 
Jominy Spectmens—Specimens to determine the cooling curves 


of the 400 °F (205°C) salt-quenched Jominy specimen were ma- 
chined from 18-8 stainless steel. Thermocouple holes 4% inch in 
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diameter were drilled at the mid-radius point to distances of %, %, 
%, 1, 1¥% and 2 inches from the quenched end. 

Small butt welds were made on 22-gage chromel-alumel thermo- 
couples which were then arc-welded to the bottom of the holes. 

These specimens were placed in a graphite block and heated in 
an electric muffle furnace. The use of the graphite block reduced 
scaling to a minimum although the surface of these specimens was 
not as good as the hardenability specimens. The quenching proce- 
dure was the same as that described for the hardenability specimens. 

The time-temperature records for the positions close to the 
quenched end were taken with a Bristol recording electronic poten- 
tiometer (having a full-scale deflection of 24 second and a chart speed 
of 120 inches per minute). The records for the slower cooling 
positions were taken with a Brown recording electronic potentiometer 
(having a full-scale deflection of 2 seconds and a chart speed of 
2 inches per minute). 

After the time-temperature results had been obtained the speci- 
mens were ground to reveal the thermocouple tips, and the distance 
from the quenched end of the specimen to the thermocouple tips was 
measured using a Bausch and Lomb microcomparator. <A _photo- 
graph of a sectioned specimen is shown in Fig. 3. 

Special Cylindrical Specimens—Cylindrical specimens 3%, 1, 2 
and 3 inches in diameter were machined from Cr-Si steel and a 
cylindrical specimen 2%4 inches was machined from SAE 3140 steel. 
The length of the specimens was made equal to four times the 
diameter so it could be considered an infinite cylinder. Small ther- 
mocouple holes were drilled longitudinally to the midlength of the 
specimen at locations which bore convenient ratios of distance from 
the center of the specimen to the specimen radius. Iron pipe was 
welded on the top of the specimens to protect the thermocouples. 
Twenty-two-gage chromel-alumel thermocouples were attached to the 
bottom of the holes by means of a modified arc welding process. 

These specimens were heated in an electrically heated salt bath 
at the temperatures given in Table I for these steels. Quenching 
was accomplished in an ascending stream of 400°F (205°C) salt 
flowing at a rate of 60 gallons per minute. Time-temperature records 
for positions near the surface were taken, using the previously de- 
scribed recorder and electronic potentiometer (having a full-scale 
deflection of 1 second and a chart speed of 12 inches per minute). 
The remaining positions were determined using a Leeds and North- 
rup multipoint electronic potentiometer. 


E. Mechanism of Quenching Salt 


Preliminary calculations of the heat transfer equivalent, H, of 
the hot salt Jominy quench were made using Rockwell C hardness 
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Fig. 3—Sectioned Time-Temperature Jominy Speci- 
men Showing Thermocouple. X 2 


measurements. These calculations indicated that film effects were 
present during quenching. In order to study these film effects, high- 
speed motion pictures (64 frames per second) were taken of a small 
cylindrical steel specimen being quenched from 1500°F (840°C) 
into a beaker of molten salt at 400 °F (205°C). A schematic draw- 
ing of this test is shown in Fig. 4. 

The time-temperature curves of the cylindrical specimens de- 
scribed in the preceding section were studied to determine the varia- 
tion of H of the 400 °F (205 °C) molten salt quench with tempera- 
ture and specimen size. 


RESULTS AND DISCUSSION 


A. Hardness Tests and Metallographic Examination of the Water 
and 400 °F Salt-Quenched Jominy Specimens 


The Jominy hardenability curves for both the water and 400 °F 
(205 °C) salt-quenched specimens of the various steels are shown 
in Figs. 5, 6 and 8, and the results of the metallographic examination 
are given in Table II. 











, 
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Fig. 4—Schematic Drawing of Technique Used for Motion 
Picture Study of Salt Quenching. 


Table II 
Jominy Distances to Various Percentages of Martensite as Determined Visually 


7-99+-% M- —95% M-~ —-90% M- 780% M~ 750% M-~ 


Steel w* s* w* a w* s* w* >” Ww* a 
Mn-Cr-Mo 0.82 Structures of water and 400 °F salt specimens are the same. 
NE 98V65 Martensitic over the entire length of both specimens. 
SAE 4340 0.49 0.12 1.56 0.23 1.83 0.77 2.05 1.28 Jets 1.55 
SAE 2340 0.18 0.06 0.24 0.13 0.35 0.20 0.71 0.24 0.86 0.30 
SAE 4140 0.32 0.05 0.37 0.11 0.47 0.15 0.51 0.18 0.60 0.21 
SAE 3140 0.24 0.10 0.34 0.11 0.36 0.15 0.43 0.21 0.56 0.27 
Cr-Si 0.18 0.03 0.37 0.05 0.40 0.06 0.54 0.09 0.72 0.61 
NE 9440 0.16 ve oe 0.20 ane 0.21 alee 0.24 shes 0.32 0.04 
SAE 6150 0.23 ey 0.28 oka 0.34 oils 0.40 Rese 0.47 0.01 
SAE 1335 0.07 bone 0.11 dark 0.15 Jan J 0.17 lita 0.22 aes 
SAE 1095 0.06 Laan 0.09 ate 0.11 Phar 0.11 ian 0.11 

*"W = water; S = salt. 


The Jominy hardenability curves for the water and 400°F 
(205 °C) salt-quenched specimens are essentially straight lines for 
high hardenability steels, i.e., NE 98V65, Mn-Cr-Mo and SAE 4340. 
It was observed that the hardness of the salt-quenched specimens was 
approximately 3 to 4 Rockwell C points less than the water-quenched 
specimens. (See Figs. 5 and 6.) This loss in hardness can be 
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Fig. 6—Water and 400°F (205°C) Salt Quench Jominy Hardenability 
Curves for SAE 4340 Steel. 


attributed to the tempering of the martensite during the 400 °F 
(205 °C) salt quench and air cooling to room temperature. The 
deep hardening characteristics of NE 98V65 and Mn-Cr-Mo steel 
were confirmed by the metallographic examination which revealed 
that both the water and salt-quenched specimens had hardened to 
more than 95% martensite over the entire Jominy specimen 
(Table IT). 

The high hardness values which may be attained with structures 
consisting of martensite and bainite are illustrated by the harden- 
ability curves for SAE 4340 steel (Fig. 6). At 2 inches from the 
quenched end the structure of the water-quenched specimen consists 
of 80% martensite, whereas the salt-quenched specimen consists of 
less than 50% martensite, but the hardness differs by less than 2 
points Rockwell C (Fig..6 and Table II). The structures observed 
in the metallographic survey of the SAE 4340 steel specimen are 
shown in Fig. 7. 

The Jominy hardenability curves for the water and 400 °F 
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Fig. 7—Metallographic Survey of Water-Quenched Jominy Specimen of SAE 
4340 Steel. (a) 99+% martensite; (b) 95% martensite; (c) 90% martensite; (d) 
80% martensite. 


(205 °C) salt-quenched specimens of the medium hardenability steels, 
SAE 2340, NE 9440, SAE 6150, SAE 3140, SAE 4140, and Cr-Si, 
showed that the salt quench curves lay below and to the left of the 
water-quench curves. In all cases the shape of the hardenability 
curves was essentially the same. (See Fig. 8, SAE 2340, as a 


typical example. ) 
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Fig. 8—Water and 400°F (205°C) Salt Quench Jominy Hardenability 
Curves for SAE 2340 Steel. 


It was possible to develop a fully martensitic structure at the 
quenched end of the 400°F salt- -quenched Jominy specimen of 
SAE 2340, SAE 4140, SAE 3140, and Cr-Si steel. The other steels 
showed a mixture of martensite and a high temperature transforma- 
tion product at the quenched end. The structures observed at the 
quenched end of the salt-quenched Jominy specimens of NE 9440 
and SAE 6150 steel are shown in Figs. 9 and 10 respectively. It is 
important to note that similar transformation products were observed 
in both the water and 400 °F (205 °C) salt-quenched specimens. 

The Cr-Si steel developed some rather unusual microstructures 
on continuous cooling. The structures observed during the metallo- 
graphic survey of the Jominy specimen of this steel are shown in 
Fig. 11. 

The SAE 1095 steel and the SAE 1335 steel did not exhibit 
much response to the 400 °F (205 °C) salt quench. 


B. Time-Temperature Studies and Mechanism of Salt Quenching 


Jominy Specimens—The time-temperature curves obtained for 
the 400 °F (205 °C) salt-quenched Jominy specimens of 18-8 stain- 
less steel are shown in Fig. 12. The water and salt-quench cooling 
curves are similar in general shape and approach their quenchant 
temperatures [70°F (21°C) and 400°F (205°C) respectively] 
asymptotically. This characteristic results in a significant decrease 
in cooling velocity in the important temperature range of 1000 to 
800 °F (540 to 425 °C) for the salt-quenched specimen. 

In order to describe a quench quantitatively it is necessary to 
know the H value or heat transfer equivalent of the quench. The 
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Fig. 9—Structure Observed Near Quenched End of 400°F (205°C) Salt- 
Quenched Jominy Specimen of NE 9440 Steel. 

Fig. 10—Structure Observed Near Quenched End of 400°F Salt-Quenched 
Jominy Specimen of SAE 6150. 





Fig. 11—Metallographic Survey of Water-Quenched Jominy Specimen of Cr-Si 
Steel. (a) 95% martensite; (b) 80% martensite. 


heat transfer equivalent is defined as the ratio of heat transfer 
coefficient (c) expressed as Btu per hour per square foot per degree 
Fahrenheit to thermal conductivity (k) expressed as Btu per hour 
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per square foot per degree Fahrenheit per inch and thus has the 
dimensions of reciprocal length. From this definition it is evident 
that H depends on the practical conditions of heating and cooling 
as well as the type of steel. 

The model described by Grossmann (5) and Russell (6) was 
used to analyze the time-temperature curves for the 400 °F (205 °C) 
salt-quenched Jominy specimens. For these calculations the Jominy 
specimen is treated as the combination of an infinite plate 4 inches 
thick cooling from one face only and an infinite cylinder 1 inch in 
diameter cooling in still air. The effect of air cooling of the top 


1600 
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Fig. 12—-Time-Temperature Relationships for Positions 0.103, 0.226 and 0.475 
Inch From Quenched End of 400 °F (205 °C) Salt-Quenched Jominy Specimens of 
18-8 Stainless Steel. 


surface is not considered, although for relatively long cooling times 
it may cause the calculated times to be considerably longer than the 
experimental times. 

The half-temperature time* was used as a criterion of cooling. 
The choice of this criterion (as will be shown later) gives the effec- 
tive value of H for the early stages of cooling. The H values of the 
400 °F (205°C) salt Jominy quench were calculated for positions 
0.103, 0.226, 0.475 and 0.964 inch from the quenched end. The half- 
temperature time was calculated for the position 1.499 inches from 
the quenched end, using the average H value obtained from positions 
0.475 and 0.964 inch from the quenched end. 

The calculations were made using Russell’s (6 and 7) tables and 
results for the air cooling effect. The best average physical and 
thermal properties of the steel are as follows: 


*Half-temperature time is defined as the time occupied in cooling to the temperature mid- 
way between the quenching temperature and the coolant temperature. 
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Thermal conductivity ............. 18 Btu/ft./hr./°F 
SE SS eas, 6 os ia wo i faced 485 lb/cu.ft. 
0s u's camiiueee Gwin 0.15 Btu/Ib./°F 

From the above properties, the diffusivity is calculated to be 

0.010 square inch per second. The results of these calculations are 

given in Table III. The notation of Russell (7) is used here and 

throughout this report. 

These calculations should be regarded as first approximations 
only. The small time values encountered in this problem give such 
small values of t that accurate interpolation of Russell’s tables is 


Table III 


Calculation of H Value of Jominy Salt Quench and Cooling 
Times for 400 °F(205 °C) Salt-Quenched Jominy Specimen 


1} 


Half-Tem- 


perature 

Distance Time Half- 

From (sec. ) Temperature 
Quenched (Experi- U Air U Time (cal.) 
End (in.) mental) Russell Salt x/L T HL H in"! sec. 

0.103 7 0.989 0.506 0.964 0.00434 > 60 >» 5 

0.225 23.5 0.960 0.521 0.944 0.0145 23.68 5.9 

0.475 45 0.930 0.538 0.881 0.0279 17.0 4.25 

0.964 102 0.856 0.584 0.759 0.0632 19 4.75 itt 

1.499 Tues? > ciskowmse i. Saaielan- 7 Xan ee Cees 4.50 166 


difficult. However, it is important to compare the calculated value 
of H = 4.50 in“ for salt quench and Russell’s (7) calculated value 
of H = 11 in“ for water quench. 

Attention is directed to the trend established by these calcula- 
tions, i.e., a very high calculated value of H close to the quenched 
end of the specimen followed by a decrease in H farther from the 
quenched end. This trend for the salt-quenched specimens is in 
agreement with the qualitative results reported by Carney and 
Janulionis (8) for water-quenched specimens. 

The very high value of the heat transfer equivalent near the 
quenched end explains the presence of some martensite in the 400 °F 
(205 °C) salt-quenched Jominy specimen of SAE 1095 steel (Fig. 
20). This same reasoning, plus the decrease in cooling velocity in 
the approximate temperature range of 1000 to 800°F (540 to 425 
°C) explains the presence of bainite rather than pearlite in the 
structures observed near the quenched end of the 400°F (205 °C) 
salt-quenched Jominy specimens of SAE 1335 and SAE 6150 steel 
(Fig. 10). The lower calculated value of H for the 400 °F (205 °C) 
salt quench explains the shallower depth of hardening observed for 
the medium hardenability steels. 

Quenched Round Bars—A typical family of cooling curves for 
a marquenched round is shown in Fig. 13. 

The H values for the 400 °F (205 °C) salt quench were calcu- 
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Diameter Round Bar of Chromium-Silicon Steel. 


lated as a function of temperature and thermocouple location from 
the cooling curves of the various cylinders with the aid of Russell’s 
tables (7). These calculated values for H are to be considered the 
apparent H values under the prescribed conditions of quenching at 
the thermocouple position being studied and are not necessarily the 
true H value of the quench which is primarily a surface phenomenon. 

The H values of the 400°F (205°C) salt quench calculated 
from the center cooling curves by means of Russell’s tables for the 
Cr-Si steel rounds 34, 1, 2 and 3 inches in diameter are plotted in 
Fig. 14 as a function of temperature. It should be mentioned that 
the temperature plotted on the horizontal axis is the temperature 
recorded by the thermocouple at the center position and not the 
surface temperature. It will be seen that the calculated H value 
varies with the temperature and appears to increase to a maximum 
for the 34 and l-inch diameter rounds. The calculated H value 
appears to decrease linearly with temperature for the 2-inch diameter 
round and to decrease to a minimum value for the 3-inch diameter 
round. It will also be seen that the calculated H value varies with 
the bar diameter, increasing as the bar diameter decreases. 

H values were calculated by means of Russell’s tables for the 
other positions in Cr-Si steel bars 34, 1, 2 and 3 inches in diameter. 
See Figs. 15 and 16. The H values for the 2%4-inch diameter round 
of SAE 3140 steel are shown in Fig. 17. Examination of the H 
values shows that the calculated H value at positions close to the 
surface appears to rise to a maximum value and to decrease very 
slightly. 
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Fig. 14—Variation of H With Temperature Specimen Size for Chromium 
Silicon Steel Rounds Based on Center Thermocouple Readings. Dotted line indi- 
cates transformation in 3-inch diameter round. 
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Fig. 15—Variation of H With Temperature and Thermoccuple Location for 
2-Inch Diameter Round of Chromium-Silicon Steel Calculated From Russell’s Tables. 


An interesting trend in the variation of calculated H value with 
temperature and thermocouple position is exhibited by the 2 and 3- 
inch diameter bars of Cr-Si steel. At positions close to the surface the 
calculated H value increases to a maximum and then gradually de- 
creases. The trend toward an increase to a maximum and a decrease 
in calculated H value is much less pronounced at positions farther 
removed from the surface (Curves B, C and D, Fig. 15, and Curve B, 
Fig. 16). The center curve for the 2-inch bar shows that H actually 
decreases linearly with temperature (Curve E, Fig. 15). The deeper 
thermocouple positions in the 3-inch diameter round of Cr-Si steel 
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21%4-Inch Diameter Round of SAE 3140 Steel Calculated 


From Russell’s Tables. 


show that the calculated H value decreases to a minimum value and 
remains constant. 

Sefore considering the observed variations of the calculated H 
values with temperature, specimen size and thermocouple position, 
it will be necessary to postulate that the low temperature salt is not 
stable at high temperatures and will decompose into gaseous products. 
This will be shown to be true later. 

The change in C is related to the three stages of cooling de- 
scribed by Pilling and Lynch (10). Their analysis states that the 
heat transfer is low in the first stage of a quench, due to the formation 
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of a vapor blanket; the heat transfer increases sharply in the second 
stage due to formation of bubbles which agitate the liquid and bring 
fresh coolant in contact with the surface, and in the third stage cooling 
is slow, since heat is carried away by convection currents in the liquids 

The variations in calculated H value observed for these speci- 
mens at positions very close to the surface support this theory. Very 
large changes in calculated H value would not be anticipated, since 
these specimens were over-all flush-quenched and such a quench tends 
to minimize variations. 7 

The points farther removed from the surface will be analyzed 
qualitatively for the 3-inch diameter chromium-silicon steel bar. The 
same analysis applies to the other bars as they exhibit the same type 
of quenching curves. Reference will be made to the cooling curves 
of Fig. 13 and plots of calculated H value versus temperature for 
the various thermocouple positions shown in Fig. 16. It will be ob- 
served that the calculated H value for the position 0.15 inch from 
the surface reaches its maximum value at approximately 1000 °F 
(540 °C) and shows a tendency to decrease at 700°F (370°C). 
The cooling curve for the position 0.30 inch from the surface has 
reached 1400°F (760°C) at approximately the same time the 
couple 0.15 inch from the surface has reached 1250°F (675°C). 
Therefore the cooling from 1400 to 900 °F (760 to 480 °C) occurred 
while the surface had the maximum value of calculated H and while 
the calculated H value was constant. This explains the constant value 
of calculated H observed at the position 0.30 inch from the surface 
in the temperature interval of 1400 to 900 °F (760 to 480°C). The 
decrease in calculated H value below 900 °F (480°C) is attributed 
to the decrease in quenching power of the third stage. 

In Fig. 13 the position 0.45 inch from the surface reached 1400 
°F (760°C) and at the same time the position 0.15 inch from the 
surface reached 1100 °F (595 °C); consequently, the calculated H 
value versus temperature curve for this position would start at a 
maximum and gradually decrease. The remaining two positions in 
this bar show the same behavior and can be analyzed by the same 
reasoning. 

It is very important to note that the marquenching baths show 
analogous behavior to oil and water-quenching baths as described by 
Carney and Janulionis (8). 


SALT STABILITY STUDIES 


According to Grossmann (10) the first stage of quenching is 
characterized by slowly collapsing bubbles which surround the. speci- 
men. During this stage of quenching, most of the time the coolant 
is not in direct contact with the specimen and therefore heat transfer 
is largely by radiation through the vapor blanket. High-speed motion 
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Fig. 18—Bubble Characteristics of First Stage of 
Quenching 12/64 of a Second After Start of Quench. 
Fig. 19—Bubble Characteristics of Second Stage of 
Quenching 30/64 of a Second After Start of Quench. 


pictures showing the first stage of quenching confirmed this. Fig. 18 
shows the specimen completely surrounded by bubbles 12/64 of a 
second after immersion. 


. 
4 
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The second stage of quenching is characterized by the formation 
of larger bubbles and the rapid collapse of these bubbles. This action 
results in bringing fresh coolant in contact with the specimen. Heat 
transfer is by conduction across the interface and is more rapid. 
Fig. 19 illustrates this action in 30/64 of a second after start of 
quench. The bubbles have entirely collapsed. 

The existence of the third stage of quenching cannot be doubted, 
since it is characteristic of all liquid quenchants. 


RELATIONSHIPS BETWEEN WATER AND SALT-QUENCHED 
JoMINY SPECIMENS 


Many of the various correlating parameters suggested for hard- 
ness correlation, i.e., the half-temperature time, quenching rate at 
1300 °F (705 °C), time to cool from 1100 to 900 °F (595 to 480 °C), 
and the time to cool from 1350°F (735°C) to a terminal temper- 
ature IT, were tried without success. 

However, if it is realized that 400 °F (205 °C) salt has a good 
heat transfer equivalent and the quenched piece approaches 400 °F 
(205 °C) asymptotically, whereas in water quenching 70 °F (21 °C 
is approached asymptotically, it becomes apparent that the time spent 
in the transformation range of the steel is all-important. Since the 
transformation range of the steel is a function of both the compositio: 
and the quenching time, it is apparent that no simple or universa 
correlating parameter should exist. 

These considerations probably explain the very large hardnes: 
error reported by Weinman, Thomson and Boegehold (11) i 
attempting to predict marquenched hardness from water-quenche: 
Jominy hardenability. 


CONCLUSIONS 


1. The hardenability of steel can be determined by a Jominy 
type test using molten salt at 400 °F (205 °C) as a quenchant. 

2. Shallow hardening steels do not exhibit much response t 
hardening under these conditions. The intermediate hardenability 
steels show a reduced response to hardening, i.e., the loss in hardness 
occurs closer to the quenched end and the deep hardening steels ex- 
hibit essentially the same response to hardening as observed in water- 
quenched specimens. 

3. Metallographic examination of these specimens showed the 
same structures in both the water and 400 °F (205 °C) salt-quenched 
Jominy specimens. Mathematical analysis of the time-temperature 
curves of the 400 °F (205 °C) salt-quenched Jominy specimen showed 
a high value of the heat transfer equivalent near the quenched end, 
which would indicate that the structures should be similar. 


4. The mathematical analysis of the time-temperature curves 
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gave an average heat transfer equivalent of 4.50 inches at positions 
Y% and 1 inch from the quenched end for the 400 °F (205 °C) salt- 
quenched Jominy specimen. Comparison of this value with that of 
11 inches“? reported for water-quenched Jominy specimens explains 
the loss of response to hardening observed in the medium harden- 
ability steels. 

5. Mathematical analysis of time-temperature curves of quenched 
rounds of Cr-Si and SAE 3140 steel indicate three stages of cooling 
in marquenching as in oil or water quenching. The existence of these 
stages was confirmed by high-speed moving pictures. These calcu- 
lations were made using the usual approximations; namely, a tem- 
perature independence of thermal diffusivity and H value. 

6. Care must be taken to apply these results to predict the re- 
sponse to hardening of a given steel under marquenching conditions. 
The response to hardening is greatly influenced by film effects which 
have been shown to be present but whose behavior is not well under- 
stood at present. Care must be taken to select steels having sufficient 
response to hardening if marquenching of parts is to be employed. 
However, it has been shown that steels for marquenching should have 
high bainitic hardenability. 
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DISCUSSION 


Written Discussion: By D. J. Carney, chief development metallurgist, 
United States Steel Corp., South Works, Chicago. 

The authors are to be complimented on a very careful examination of 
the quenching of steel in molten salt. Their results should be of value to 
metallurgists practicing the art of marquenching. 

The authors’ presentation and analysis of the data obtained for the 
liquid salt bath are very similar to the presentation and analysis of data 
for oil and water quenches prepared by the South Works of the United 


4 


States Steel Corporation® Further evidence was obtained in the above 
paper by Carman, et al, of the existence of three stages of a liquid quench 
and the variation of heat transfer coefficient at the surface with the stages 
of quenching. 

The cooling curves for salt-quenched Jominy specimens obtained by 
using 18-8 stainless steel in place of low alloy steel must be analyzed with 
some discretion. In similar studies* conducted in oil and water, it was 
observed that for distances close to the end of the end-quench specimen, 
cooling rates of 18-8 stainless steel and low alloy steel were similar. How- 
ever, for distances greater than % inch from the end there was a differ 
ence in the cooling curves of low alloy steel and 18-8 stainless steel. This 
difference results largely from the difference in thermal diffusivity of aus- 
tenite as compared to martensite or martensite plus pearlite at low tem- 
peratures. The farther from the quenched end one measures the cooling 
rates, the more this difference in thermal diffusivity at low temperatures 


affects the relative speed of cooling, even at high temperatures, of posi- 
tions displaced from the quenched end. 


It was also interesting to note that the above authors found that the 
various parameters for correlating hardness and cooling rate were not 
entirely satisfactory. Again this is similar to findings reported by United 
States Steel for oil and water quenches*. It is further evidence that the 
factor of cooling and transformation stresses must be taken into account 
in predicting hardenability of steel. 

Written Discussion: By R. F. Harvey, chief metallurgist, Brown & 
Sharpe Mig. Co., Providence, R. I. 


*Reference 8 of the paper. 


_ 4D. J. Carney, “Another Look at Quenchants, Cooling Rates and Hardenability”, see 
this volume of TRANSACTIONS. 
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This investigation using a Jominy-type end quench employing molten 
salt at 400 °F (205°C) should be of interest to all metallurgists and hea 
treaters concerned with interrupted quench hardening. 















I have been interested in the quenching characteristics of hot salts 
since 1938 when interrupted quench hardening, then designated “Step 
Quenching”, was applied to the hardening of tungsten alloy hack saw 
blades. A comparison was made of the quenching characteristics of hot 
salt and conventional quenching practices’. 








While the authors have obtained useful information with an end 
quench employing molten salt at 400°F (205°C) as the quenching me- 
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Fig. 20—Eccentric Hardenability Test Specimen. 


dium, there appear to be several shortcomings with such a quench which 
would limit its usefulness. 

The very severe but highly localized agitation obtained during end 
quenching with hot salt does not adequately reproduce conditions of actual 
practice. The long quenching time of about 30 minutes required to cool 
specimens from the austenitizing temperature to 400°F (205°C) is much 
longer than is required in actual practice where parts are generally 
quenched all over. Compensation for this factor is believed to be difficult. 

As the authors mention, stepped cylinders have also been used in 
other investigations but such specimens are relatively long and may intro- 
duce errors due to variations in different locations of the quenching bath. 

An eccentric-type hardenability specimen as illustrated in Fig. 20 has 
been found convenient to prepare and use. The feasibility of this speci- 
men has been demonstrated either to evaluate the hardenability of various 
steels under interrupted quench conditions or to evaluate the effectiveness 
of the quenching in molten salt baths. 















The eccentric specimen is readily machined by turning and drilling to 
present sections varying in thickness from % inch to 14% inches. Hardness 






: ®R. F. Harvey, U. S. Patent Application “Hardening Steel’, Serial No. 320,998, Filed 
Feb. 27, 1940. 
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readings are taken at the periphery in increments of % inch in section 
midway along the length to eliminate end effects. Sectioning or grinding 
is not required. The hardness is plotted against thickness of section as 
measured radially from the center of the 2%-inch diameter hole. 

In Fig. 21 are illustrated typical hardenability curves for AISI 52100 
steel of the following analysis: carbon 1.10%, manganese 0.39%, phos- 
phorus 0.013%, sulphur 0.019%, silicon 0.23%, and chromium 1.49%. Two 
curves are shown, one illustrating the effects on hardness of very severely 
agitated salt at 400°F (205°C) and the other of still salt at 400°F (205 
°C) with no agitation. Many commercial installations have been found 
to be about midway between these limits insofar as quenching effective- 
ness is concerned. Moderately agitated oil at room temperature (not 
shown) is also about midway between the limits illustrated in Fig. 21. 

The eccentric hardenability specimens illustrated in Fig. 21 were 
austenitized in molten salt at 1550°F (845°C) for 30 minutes followed by 
quenching with the axis of the hole vertically into molten salt at 400°F 
(205 °C), at which temperature they were held for 5 minutes. Cooling to 
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Fig. 21—Influence of Agitation on the Hardenability of AISI 52100 Steel 
Quenched in Hot Salt. 


room temperature was in still air. The severely agitated bath condition 
was obtained with a 1750-rpm pumpshaft speed. Higher pumpshaft speeds 
are commercially feasible and undoubtedly will become more generally 
used in the future. 

In order to use the eccentric-type specimen to evaluate the harden- 
ability of different steels under hot quenching conditions, a standard, re- 
producible, trouble-free quench is required. These conditions can be con- 
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veniently met by quenching into hot salt at 400°F (205°C) without any 
agitation. Contaminants such as chlorides will reduce the quenching effi- 
ciency and these should be maintained at less than 1%. 

This paper by Carman, Armiento and Markus calls attention to an 
aspect of hardenability usually disregarded and it should stimulate further 
research in a field where more information is needed. 

Written Discussion: By J. O. Lord, associate professor, Department 
of Metallurgy, Ohio State University, Columbus, Ohio. 

The authors have presented valuable data regarding the hardenability, 
in a hot quench, of a series of popular commercial steels. The technique 
involved in making Jominy tests with a molten salt at 400°F (205°C) as 
a coolant is admirable. It would be interesting to learn a little more of 
the details of the pump that was used. 

The curves for the hardenability of the NE 98V65 steel and the SAE 
4340 steel are interesting because of the slightly lower hardness values for 
the salt-quenched specimens. The statement that this can be attributed 
to a tempering of the martensite is open to question because, ordinarily, 
martensite should show no such tempering effects when heated to 400 °F 
(205°C). In fact, its hardness may actually be increased slightly. 

It is suggested that bainite may have started to form at this temper- 
ature during the long (30-minute) holding time. It is believed by many 
that bainite can form below the M, temperature and further that bainite 
formation at any temperature is initiated by the precipitation of ferrite 
in thin plates with simultaneous or subsequent rejection of carbon to the 
intervening austenite. Precipitation of carbides in the austenite occurs 
later, resulting in a darkening of the bainite needles. However, cooling 
to room temperature before carbide precipitation results in martensite 
in all austenitic areas. The longer shear path offered by the ferrite in 
the partly completed bainite needles may account for the slightly lowered 
hardness. 

_ The structures shown in Figs. 9 and 10 for the quenched ends of the 
NE 9440 steel and the SAE 6150 steel certainly show a large proportion of 
bainite, some of which, particularly in Fig. 10, is incompletely formed. It 
would be interesting to know how the maximum hardness values for the 
two types of quench compared in these steels. 

The authors do not mention confirmation experiments for the curves 
showing the variation of H with temperature, specimen size, and depth. 
The curves in Figs. 14 and 15 do not seem to follow any continuous rela- 
tionship. Are the dots below the dashed line of Curve D in Fig. 14 dis- 
regarded because they do not fit the curve? One would like to know 
whether these curves are based on single runs or represent averages of 
duplicated results. 

It would seem that if similar calculations could be made for a large 
series of runs in which, for instance, the depths of the temperature meas- 
urements below the surface were varied by small increments, a consistent 
trend in the variation of the H-curves would present itself. 

The statement at the end of the conclusions that “steels for mar- 
quenching should have high bainite hardenability” seems in keeping with 
the mechanism described in the first part of this discussion. 
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Authors’ Reply 


The authors wish to express their appreciation to those who have 
presented discussions to this paper. 

Concerning the remarks of Dr. Carney: prior to deciding to use the 
cooling curves from 18-8 stainless steel specimens, cooling curves were 
obtained for salt-quenched Jominy specimens of SAE 4340, SAE 1335 and 
SAE 4140 steel. The results for the %-inch position of specimens of SAE 
1335 and SAE 4140 steel are shown in Fig. 22. 

Comparison of these results with those obtained with specimens of 
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Fig. 22—-Time-Temperature Relationships for %-Inch Position of 
$400 °F (205 °C) Salt-Quenched Jominy Specimens of SAE 1335 and SAE 
4140 Steel. 


18-8 stainless steel (Fig. 12) show that the results are not materiall: 
affected by the type of steel used for the specimen. 

Undoubtedly transformation and cooling stresses influence the re 
sponse to hardening of steel. However, as both specimens have the same 
shape, the stress pattern should be the same and its effects minimized 
in these tests. For this reason it is felt that a better hardness-correlating 
parameter should be developed before attempting to study the effect oi 
residual stress on response to hardening. 

The specimen described by Mr. Harvey undoubtedly would make an 
excellent response-to-heat-treating test for lots of steel to be used for 4 
particular part and undoubtedly deserves a wider application. However, 
such a specimen is not amenable to mathematical analysis as is the Jomin) 
specimen. 

For Professor Lord’s information, the pump used for the salt Jominy 
quench was a cast iron centrifugal pump with a cast iron impeller. 

There is no doubt that the slightly lower hardness observed for the 
salt-quenched Jominy specimens of NE 98V65 and SAE 4340 steel is due to 
the slight tempering of the martensite as it is formed and slowly cooled 
below the M, temperature. The dark-etching martensite needles observed 
in the 400 °F (205°C) salt-quenched specimens of NE 98V65 steel are in- 
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Fig. 23—Structure at 3% Inches From Quenched End of Jominy Specimens of 


NE 98V65 Steel. Picral etch. x 1000. 


(a) Water-quenched specimen. (b) 400 °F 
salt-quenched specimen. 


dicative of the first stage of tempering (Fig. 23). Data on the tempering of 
NE 98V65 steel show that tempering at 400 °F (205°C) results in a hard- 
ness of Rockwell C-57.6. The increase in hardness upon tempering men- 
tioned by Professor Lord usually occurs at a low tempering temperature. 


1526 TRANSACTIONS OF THE ASM Vol. 46 


Work at Frankford Arsenal on high carbon steel has shown that an in- 
crease in hardness occurs at 200 °F (95°C) for a tempering time of 1 hour. 

The nucleation of bainite by lightly tempered martensite has been 
observed during isothermal transformation studies of NE 98V65 steel. The 
M, temperature of NE 98V65 steel was found to be 430°F (220°C) and 
the early nucleation of bainite occurs approximately 25°F below the M, 
temperature. As the M, temperature of most of these steels is 600 °F (315 
°C), it is felt that the early nucleation of bainite is not an important factor 
in this case. 

The maximum hardness of salt-quenched SAE 6150 steel is Rockwell 
C-50.5 and the maximum hardness of water-quenched SAE 6150 steel is 
Rockwell C-60. 

The data deseribed for the small-diameter rounds are the results of 
duplicate experiments, while the data for the larger-diameter rounds are 
the results of single experiments. The curves of Figs. 14 and 15 would 
not be expected to show any interrelationship, as H is plotted against 
temperature, not cooling time. The H value of the quench is a function 
of the temperature recorded by the thermocouple, and the energy involved 
by recalescence will invalidate the H value calculations over that temper- 
ature interval. 

Additional work on the heat transfer characteristics of quenchants 
using copper cylinders is now in progress at Frankford Arsenal. 











THE EFFECT OF PEARLITE SPACING ON TRANSITION 
TEMPERATURE OF STEEL AT FOUR CARBON LEVELS 


By JoHn A. RINEBOLT 


Abstract 


The effect of pearlite spacing on Charpy V-notch 
transition temperature for 0.01, 0.20, 0.40% carbon and 
eutectoid steels was determined. The pearlite spacing was 
varied from coarse to fine, using lead bath temperatures 
from 900 to 1250 °F (480 to 675 °C). 

In the 0.20 and 0.40% carbon steels the transition 
temperature was lowered as the pearlite spacing was 
changed from coarse to fine. In the eutectoid steels there 
was no significant change in average energy transition 
temperature with pearlite spacing ; however, if the 20 ft-lb 
level was used as the criterion, the transition temperature 
was lowered as the pearlite spacing became finer. There 
was no significant change tn transition temperature in the 
0.01% carbon steel as the lead bath temperature was 
varied from 900 to 1250 °F (480 to 675 °C). 


INTRODUCTION 


HE PRESENT investigation was initiated to study the effect of 

pearlite spacing on transition temperature at various carbon 
levels, including steels where pearlite content varied from 0 to 100%. 
Previous investigators (1, 2) who have studied the effect of pearlite 
spacing on transition temperature have shown that there could be a 
different effect of spacing, depending on the carbon content of the 
steel investigated and/or the criterion for defining transition temper- 
ature. Grossman (1)?, using a nonstandard specimen, defined the 
transition temperature as the highest temperature at a constant strain 
rate where all macroscopic ductility is absent as revealed by the load 
deflection curve. He found that in a hypoeutectoid steel the transition 
temperature was lowered with finer pearlite spacing. Gross and Stout 
(2) used the conventional Charpy V-notch impact test and defined a 
transition temperature as that point where the 8 ft-lb level intersected 
the energy-temperature curve, and found that in a eutectoid steel the 
transition temperature increased with decreasing pearlite spacing. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The author, John A. Rinebolt, is 
associated with the Ferrous Alloys Branch, Metallurgy Division, Naval Re- 
search Laboratory, Washington, D. C. Manuscript received April 8, 1953. 
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[EXPERIMENTAL PROCEDURE 
Materials 


The steels used in this investigation were made in the laboratory 
in a basic-lined induction furnace. The melting procedure which was 
followed was the same as in Reference 3. Four different carbon levels 
varying from 0.01 to 0.78% carbon were used. The heats were fully 
killed with aluminum. The other elements were held as constant as 
possible. Compositions of the steels are listed in Table I. Trans- 


Table I 
Chemical Composition and % Pearlite 


Steel Lead Bath - — J 


No. Temp., °F G Mn Si S P Pearlite 
1 1250 0.017 0.99 0.30 0.02 0.005 0 
1 1100 0.017 0,99 0.30 0.02 0.005 0 
1 900 0.017 0.99 0.30 0.02 0.005 0 
2-A 1200 0.22 0.96 0.21 0.02 0.01 22 
2-B 1100 0 21 0.96 0.27 0.02 0.005 24 
2-A 1000 0.22 0.96 0.21 0.02 0.01 27 
3 1250 0.43 1.06 0.31 0.02 0.005 62 
3 1100 0.43 1.06 0.31 0.02 0.005 77 
3 1000 0.43 1.06 0.31 0.02 0.005 86 
1 1250 0.73 1.05 0.31 0.02 0.005 100 
4 1200 0.73 1.05 0.31 0.02 0.005 100 
t 1100 0.73 1.05 0.31 0.02 0.005 100 
4 1000 0.73 1.05 0.31 0.02 0.005 100 
5 1250 0.78 0.99 0.25 0.02 0.005 100 
5 1200 0.78 0.99 0.25 0.02 0.005 100 
5 1100 0.78 0.99 0.25 0.02 0.005 100 
5 1000 0.78 0.99 0.25 0.02 0.005 100 


verse slabs were cut from the ingots, homogenized for 1 hour at 2300 
F (1260 °C) and then forged into 544 by %-inch bars. The complet« 
forging operation was done without reheating. 


Heat Treatment 


Charpy and tensile blanks were cut from the forged bars and 
normalized at 1650°F (900°C). The blanks were then heated to 
1650 °F (900 °C) for 30 minutes in a controlled atmosphere furnace 
to avoid decarburization, quenched in a lead bath at the different 
temperatures, held for 15 minutes, and finally quenched in water. 
The various lead bath temperatures were 900, 1000, 1100, 1200, and 
1250 °F (480, 540, 595, 650, and 675 °C). 

Cooling curves were determined for the high carbon steel for the 
different lead bath temperatures. This was accomplished by drilling 
a hole ;3; inch in diameter in the center of the specimen and inserting 
a thermocouple in the hole. The thermocouple was flash welded to 
the specimen to insure positive contact throughout the heating and 
cooling cycle. The heating and cooling cycles were the same as those 
used for the actual Charpy and tensile blanks. 


ee 
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Fig. 1—Typical Microstructure of a Hypoeutectoid Steel (0.20% Carbon) at 
Various Quenching Temperatures. < 1500. (a) 1200 °F; (b) 1100 °F; (c) 1000 °F. 


Metallography 


The pearlite spacing was not determined by actual measurements, 
but according to other investigators there is a good correlation be- 
tween pearlite spacing and reaction temperature (4) and also hardness 
(2). The austenitic grain size was determined by heating the speci- 
men to 1650 °F (900°C) and then quenching them in water. After 
polishing, the specimens were etched (5) to reveal the austenitic grain 
boundaries. The grain size was then determined by a comparison of 
random areas at a magnification of & 100 with standard grain size 
charts. The percentage of pearlite was measured with a Hurlbut 
counter. The specimens were also examined to assure that trans- 
formation was complete. 
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Fig. 2—-Typical Microstructure of a Eutectoid Steel (0.73% Carbon) at Various 
Quenching Temperatures. 1500. (a) 1250°F; (b) 1200°F; (c) 1100°F; (d) 
1000 °F. 


Impact, Tensile and Hardness Testing 


Transition curves were determined by testing 12 to 20 standard 
Charpy V-notch specimens, depending on the shape of the curve, at 
various temperatures in a pendulum-type impact testing machine of 
264 ft-lb capacity with a striking velocity of 16.5 ft/sec. In the case 
of two points being at exactly the same spot, only one was plotted 
for clarity. The criteria used from these tests were energy absorbed 
and fracture appearance. 

Threaded end, 0.357-inch diameter tensile specimens with a gage 
length of 1.4 inches were used for tensile tests. The stress to give 
0.2% offset was taken as the yield strength. 

Vickers hardness determinations were performed using a 10- 
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Fig. 3—Cooling Curves for 0.73% Carbon Steels at Dif- 
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Fig. 4—Effect of Temperature of Lead Bath Quench 


Transition Curve for 0.017% Carbon Steels. 


The average of 15 indents was taken as the repre- 


sentative hardness for the samples tested. 


RESULTS 


Microstructure and Transformation Studies 


The austenitic grain size for the 0.01% carbon steel was ASTM 
No. 5-6 and for the 0.20%, 0.40% and eutectoid steels was No. 7. 


Table I shows the per cent pearlite of the four steels for each heat 





1532 TRANSACTIONS OF THE ASM Vol. 46 


—o—— = |O00°F 
—-e-— =1100°F 
—o— =1200°F 


Energy, Ft-Lb 





-200 -I60 -!20 -80 -40 O 40 80 
Temperature °F 


Fig. 5—Effect of Temperature of Lead Bath Quench on Transition 
Curve tor 0.22% Carbon Steels. 
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_. Fig. 6—Effect of Temperature of Lead Bath Quench on Tran- 
sition Curve for 0.43% Carbon Steels. 


treatment. It should be noted that in the two steels which had a 
mixture of ferrite and pearlite, the per cent pearlite varied with de- 
composition temperature. The 0.40% carbon steel showed an increase 
in the percentage of pearlite as the quenching temperature was low- 
ered. The possibility of this affecting the transition temperature was 
taken into account. If one assumes that pearlite affects the transition 
temperature in the same way, whether the increase of pearlite is 
caused by the addition of carbon or by lowering the decomposition 
temperature, then one would expect the transition temperature of the 
0.40% carbon steel to be raised by the increase of pearlite. However, 
this is not the case, as will be pointed out later in the report. 

A metallographic specimen from each steel at each of the differ- 
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ent reacting temperatures was examined at 1500 diameters magnifica- 
tion. It could be readily seen that the pearlite spacing became finer 
as the quenching temperature was lowered. 

The typical microstructures of the 0.20 and 0.73% carbon steels 
are shown in Figs. 1 and 2. It can be seen that there is a definite 
change in the pearlite spacing and that the spacing becomes finer as 
the quenching temperatures are lowered. In Fig. 1 it should also be 
noted that there is a change in the ferrite and pearlite structure, 1.e., 
the ferrite and pearlite grains appear to be of an equiaxial nature in 
the specimen quenched to 1200 °F (650 °C), while in the specimen 
quenched to 1000 °F (540 °C) the ferrite and pearlite grains tend to 
become acicular. A similar statement can be made for the pearlite 
grains. It is possible that this change in structure could have an 
influencing effect on the notch sensitivity of the steel. 

The cooling curves for the eutectoid steel at the different lead 
bath temperatures are shown in Fig. 3. It can be seen from this 
figure that transformation from austenite to pearlite in all instances 
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Fig. 9—Influence of Temperature of Lead Bath Quench on Transition Tem- 
perature of Carbon Steels. 


took place above the quenching bath temperature, except those speci- 
mens quenched to 1250°F (675 °C) which transformed at 1250 °F 
(675°C). The lead bath temperatures plotted in this report are, 
therefore, not the true transformation temperatures. Although the 
transformation took place above the lead bath temperature, the pearl- 
ite spacing was changed as shown in Figs. 1 and 2 and as verified by 
hardness data. 


V-Notch Charpy Tests 


Since the actual values of transition temperature depend on the 
definition, it was decided to use two definitions, viz., average energy 
and the 20 ft-lb level. 

The energy-temperature curves for the four steels are shown in 
Figs. 4, 5, 6, 7 and 8; the different scales for energy absorbed should 
be noted. The transition temperatures are recorded in Table II and 
plotted in Fig. 9. It can be seen for the eutectoid steels that there is 
no significant change in average energy transition as pearlite spacing 
changes from coarse to fine. Using the 20 ft-lb level, however, there 
is a lowering of transition temperature as pearlite spacing decreases. 
With the 0.20 and 0.40% carbon steels, which have a mixture of 
ferrite and pearlite, transition temperature is lowered as_pearlite 
spacing decreases for both definitions. The all-ferrite steel shows no 
significant change in transition temperature with lead bath temperature. 





=" 
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When the 20 ft-lb level is used as the criterion, it appears that 
the transition temperature is affected by change in pearlite spacing. 
It can be seen that for the steels containing pearlite the slope of the 
lines are approximately the same. When the average energy transition 
temperature is used as the criterion, however, these findings suggest 
that the effects of pearlite spacing on transition temperature for steels 


Table II 
Mechanical Properties and Transition Temperatures of All Steels 








Reduc- 


Lead Elong. tion Hard- Average 50% First Sign 
Bath Tensile Yield in of ness Energy 20 Ft-Lb Brittle of Brittle. 
Steel Temp. Strength Strength 1.4inches Area 10 Kg T. Temp. T. Temp. T. Temp. T. Temp 
No. °F psi psi % % (DPN) (°F) (°F (°F) (°F) 
i 1250 57,000 39.950 42 84 116 —75 — 75 — 75 —75 
1 1100 55,750 40,100 41 83 115 —74 — 74 — 74 —72 
1 900 52,750 36,000 44 86 107 — 84 85 — 90 —90 
)-A 1200 73,300 53,700 35 70 148 —32 — 75 — 20 20 
-B 1100 77,300 57,550 36 73 158 —48 — 89 — 40 —10 
.-A 1000 80,400 58.600 36 73 162 —74 —130 — §2 —20 
3 1250 96,000 58,000 29 56 197 100 48 92 170 
3 1100 106,500 66,150 26 61 218 68 — 16 75 130 
3 1000 114,300 74,100 25 63 231 68 — 12 68 150 
1250 125,500 61,300 15 28 249 280 372 302 450 
1200 139,000 74,250 16 35 282 282 334 320 450 
1100 149,500 86,500 16 38 308 286 306 302 450 
1000 164,000 101,200 16 48 335 280 290 305 450 
1250 131,100 64,800 13.5 24 260 276 354 280 370 
1200 141,800 75,000 14.0 31 272 276 320 280 370 
1100 156,000 94,400 15.0 41 311 282 312 280 370 
1000 174,000 114,500 15.0 46 329 284 320 


312 370 


whose microstructure consist of pearlite plus primary ferrite are not 
attributable to changes in the transition temperature of either the 
pearlite or the ferrite but are characteristic of the aggregate. This 
points to the fact that when comparing data from different sources, 
the definition of transition temperature as well as techniques employed 
should be considered when analyzing the data. 


Tensile and Hardness Tests 


There have been other investigations (4, 6, 7) conducted to 
determine the effect of pearlite spacing on tensile properties and its 
correlation with transformation temperatures. 

The tensile and hardness data are listed in Table II, and the 
tensile properties are plotted against quenching temperature in Fig. 
10. It can be seen that in the three steels containing pearlite there 
is an increase in the tensile and yield strengths as the pearlite spacing 
becomes finer. It can also be noted in Table II that as the lead bath 
temperature is lowered there is an increase in hardness for the steels 
containing pearlite. It should be noted that the finer pearlite spacing 
exhibits greater reduction of area than the coarse pearlite, particularly 
in the eutectoid steels. This was pointed out by Gensamer (4) when 
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he noted that the coarse pearlites were lower in ductility. In Figs. 7 
and 8 it can be seen that this observation is also true if maximum 
energy is used as the parameter for ductility. 


SUMMARY OF FINDINGS 


1. In the 0.01% carbon steel, there was no effect on transition 
temperature as the lead bath temperature varied from 1250 to 900 °F 
(675 to 480 °C). 

2. Both the 0.20 and 0.40% carbon steels exhibited a decreass 
in transition temperature as the pearlite spacing became finer. This 
decrease was apparent using either the 20 ft-lb or average energy 
definition. 

3. The eutectoid steel showed a decrease in transition tempera- 
ture as the pearlite spacing becomes finer, using the 20 ft-lb criterion, 
but showed no significant change using the average energy criterion. 

4. When the 20 ft-lb level is used as the criterion, the transition 
temperature is affected by changes in pearlite spacing in the 0.20%, 
0.40% and in the eutectoid steels. Using the average energy as the 
criterion for defining transition temperature, however, the transition 
temperature is affected by changes in pearlite spacing only if the 
steels contain a mixture of pearlite and ferrite. This points out that 
care must be taken in choosing a definition of transition temperature. 
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DISCUSSION 


Written Discussion: By R. M. Brick, director, Metallurgical Engineer- 
ing, University of Pennsylvania, Philadelphia. 

If the data of Fig. 9 were replotted in the form of average energy 
transition temperature versus per cent carbon for fixed structures, i.e., for 
a fixed lead bath temperature, the data would be found to be in accord 
with the general literature as to the effect of carbon on Charpy V-notch 
transition temperatures. The 20-ft-lb transition temperature data, how- 
ever, would show that for fine structures, i.e., 1000 °F (540°C) lead bath 
temperatures, the 0.22% carbon alloy has a lower transition temperature 
than the 0.017% carbon. This is extraordinary. 

One answer is simply to say that the energy curve changes shape, 
which it certainly does. The marked difference between Figs. 4 and 5 
is characteristic and has been found by several investigators. Apparently, 
the vertical drop for the 0.017% carbon alloy (Fig. 4) is not characteristic 
of high purity, as has been thought, but simply of low carbon content and, 
it must be added, of a specific heat treatment. 

The heat treatments used presumably resulted in a ferrite plus precipi- 
tated carbide structure in the case of the 0.017% alloy. The solubility of 
carbon in ferrite of the composition and grain size shown here is not 
known with certainty but it might be around 0.010% carbon at the lowest 
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transformation temperature of 900°F (480°C) and about 0.020% carbon 
at the highest temperature of 1250°F (675°C). I would be interested in 
knowing the structure and the ferrite grain size of both extremes. The 
900 °F (480°C) transformation would have more precipitated carbides, 
which raises the transition temperature, but a finer ferrite grain size, 
which lowers the transition temperature. At least we have data on high 
purity iron at this carbon level of about 0.02%, whose transition tempera- 
ture changes by 85 °C (i.e., from —30 to +55 °C) by subtle changes in the 
form of the carbide with constant ferrite grain size. Do the manganese, 
silicon, etc., in these alloys repress such effects or do they balance out 
here ? 


4 





Certainly, in the case of this 0.017% carbon alloy and perhaps in the 
case of the 0.22% carbon heat, the ferrite grain size being tested is of more 
importance to properties than the austenitic grain size. I am interested 
in why the author chose to give only the latter data. 

Finally, it is implied above that the ferrite of the 0.017 and 0.22% car- 
bon alloys were supersaturated in respect to carbon after quenching from 
1250 °F (675°C). There is every reason to believe that quench aging could 
occur. The character of the data implies that this effect was uniform but 
it seems desirable to record the time and temperature of aging between 
heat treatment and testing. 

Written Discussion: By R. W. Vanderbeck, research associate, Re 
search and Development, United States Steel Corp., Pittsburgh. 

This paper by Rinebolt supplies some needed knowledge on the effect 
of pearlite spacing on transition temperature as determined in the Charp} 
V-notch test. It also points out the difficulties of making transition tem 
perature comparisons when the carbon content covers such a wide rang 
The author has called attention to this fact and has shown in Fig. 9 that 
the slopes of some of the curves change for different criteria of transitio1 
temperature. 

It is interesting to note that if evaluations are made at the 10 or 20 
ft-lb level in the Charpy V-notch test, the 0.22% carbon steel has a tran 
sition temperature that is lower than or about the same as that of th: 
0.017% carbon steel, regardless of the lead bath temperature used. Sinc: 
it is rather common practice to evaluate Charpy V-notch data at the 10 
ft-lb level, this observation may raise some question as to the improve 
ment in notch toughness that can be obtained by lowering the carbon 
content below about 0.20%. Data previously obtained by Rinebolt and 
Harris*® on similar steels that were continuously cooled from 1650 °F (900 
°C) indicated that the transition temperature decreased about 5°F 
each 0.01% decrease in carbon content below 0.30% carbon. Perhaps Mr. 
Rinebolt can offer an explanation for these seemingly contradictory results. 

It should be pointed out that quench aging may be expected in the 
0.017 and the 0.22% carbon steels*; hence the times that these steels were 
at room temperature after water quenching from the lead bath tempera- 
tures should affect their notch toughness behavior. 


2J. A. Rinebolt and W. J. Harris, Jr., “‘Effect of Alloying Elements on Notch Tough- 
ness of Pearlitic Steels’, Transactions, American Society for Metals, Vol. 43, 1951, p. 1179. 


sE. B. Evans and L. J. Klinger, ““Heat-Treatment Effects on Transition Temperature of 
a Ship Steel”, The Welding Journal, Vol. 32 (9), Research Supplement, 1953, p. 417-s. 
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Information as to the ferritic grain size of the lower carbon steels 
would also be of interest, since ferritic grain size is believed to have an 
appreciable effect on transition temperature. The ferritic grain size for 
some of the steels when treated at the various lead bath temperatures 
may be different, even though the austenitic grain size may be the same. 

The U. S. Steel Research and Development Laboratory is conducting 
an investigation similar to this on the effects of carbon content and pearl- 
ite spacing on notch toughness behavior, and it is hoped that eventually 
our results may be correlated and tied in with the results obtained here. 
It might be said at this time that quench aging does seem to have an 
appreciable effect on the notch toughness behavior of the very low carbon 
steels and also that the length of time held at the transformation temper- 
ature seems to have a considerable effect on the results. 

With regard to the eutectoid steel, I would like to ask whether the 
results obtained in this investigation can be reconciled with those ob- 
tained by Gross and Stout*, who found that the transition temperature 
increased with decreasing pearlite spacing. 

Written Discussion: By J]. H. Gross and R. D. Stout, Lehigh Univer- 
sity, Department of Metallurgy, Bethlehem, Pa. 

The information available on notch toughness of pearlite and pearlite 
plus ferrite aggregates as produced by isothermal transformation is scanty. 
Such information is important for a better understanding of the behavior 
of mild and medium carbon steels when altered in microstructure by heat 
treatment or welding. The author is to be commended for his contribution 
to the meager data in this field. 

Unfortunately, the data obtained at Naval Research Laboratory for 


a 





. H. Gross and R. D. Stout, “The Effect of Microstructure on Notch Toughness’”’, 
Part I, The Welding Journal, Vol. 30 (10), 1951, p. 481-s. 
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Fig. 12—Comparison of Tensile 
Data on Eutectoid Steels. 


the effect of pearlite spacing on notch toughness of eutectoid steel are in 
conflict with previous work at Lehigh. In Fig. 11, it is evident that the 
tests at Naval Research Laboratory show a slight decrease in transition 
temperatures with finer pearlite spacing, while the data obtained at Lehigh 
show an increase in transition temperature as the pearlite spacing becomes 
finer. Moreover, the tensile data on these eutectoid steels are not in any 
better agreement. While the tensile strengths of the steels used at the 
two laboratories compare favorably, the reductions of area show an oppo- 
site slope when plotted against the lead bath temperature as shown in 
Fig. 12. The Lehigh data were obtained on specimens cut transverse to 
the rolling direction and therefore the absolute values of ductility tend 
to be lower than those of Naval Research Laboratory. Experimental data 
obtained by Gensamer et al have been included in this figure in an attempt 
to referee the results of the two laboratories. The ductility data of 
Gensamer fall midway between those of Naval Research Laboratory and | 
Lehigh. The work at Lehigh included tests on specimens treated to two 
grain sizes, ASTM No. 7 and No. 4. The ductility values of Gensamer 
show a change with bath temperature parallel to that obtained at Lehigh 
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for the coarser-grained steel. Gensamer’s steel had a grain size of No. 5. 

All of this indicates that some other factors not taken into account 
in these investigations must be exerting influence on the result. Factors 
such as grain size, deoxidation and mill practice may be influential. In 
Fig. 13 the relation of tensile ductility and transition temperature accord- 
ing to Charpy tests is shown to be consistent between the two laboratories 
(the transition temperatures for the Lehigh tests were taken at 8 ft-lbs 
and those for Naval Research Laboratory were taken at 10 ft-lbs). Thus, 
the bath temperatures used for isothermal transformations produced a 
similar effect on ductility and notch toughness in a given heat of steel. 

Since this whole question of the effect of microstructure on notch 
toughness appears to require further investigation, it is hoped that Mr. 
Rinebolt will continue his work. The discussers plan to carry out fur- 
ther tests on an additional heat of eutectoid steel. 


Author’s Reply 


The author wishes to express his thanks to the discussers for their 
comments and interest of this paper. 

R. W. Vanderbeck noted that using a low energy value, such as 10 
or 20 ft-lb level, for evaluating transition temperature, the 0.22% carbon 
steel had a lower transition temperature than the 0.017% carbon steel. 
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This could be explained by considering the change of shapes of the two 
curves. In the case of the 0.017% carbon steel, the curve has an abrupt 
energy drop and the fracture characteristics of this type of curve are 
from a ductile fracture at the maximum energy to an almost complete 
cleavage fracture at the low end of the vertical drop. In the case of 0.22% 
carbon steel, the curve has a more gradual slope, and the fracture appear- 
ance changes gradually from ductile to cleavage as the energy values de- 
crease Over a range of temperatures. In reference to the data in an 
earlier report by Rinebolt and Harris (Ref. 3) where the transition tem- 
perature was shown to decrease 5°F/0.01% decrease in carbon content 
below 0.30% carbon, it must be pointed out that this value was obtained 
by using the average energy definition for transition temperature. Fig. 2 
of that report shows that if the 15 ft-lb level is used for defining transition 
temperature versus carbon content, curve changes shape and becomes less 
steep below 0.30% carbon. 

The author agrees with Vanderbeck that quench aging could have an 
effect on the notch toughness; however, in this investigation an attempt 
was made to keep as consistent as possible the time between heat treating 
and testing, which was about one month at room temperature. 

Table III lists the ferrite grain size for the steels used in this study. 
It can be seen that the ferrite grain size becomes finer as the lead bath 
temperature is lowered. 


Table III 
Bath Ferrite Grain 

Steel Temperature Size 

No. %C “7 ASTM No. 

1 0.017 1250 5 

l 0.017 1100 5% 

I 0.017 900 6 

2A 0.22 1200 8 

2B 0.21 1100 84 

2A 0.22 1000 9 

3 0.43 1250 8 

3 0.43 1100 9 

3 0.43 1000 9 


| 
| 
| 
| 


The author agrees with Brick’s comment that the vertical drop for the 
0.017% carbon steel is characteristic of low carbon alloys. Dr. Brick was 
interested in the ferrite grain size and the structure of the 0.017% carbon 
steel. In the steel quenched to 900°F (480°C), there were more precipi- 
tated carbides than in the steel quenched to 1250°F (675°C). The ferrite 
grain size of the 900°F (480°C) specimen was ASTM 6, while in the 
specimen quenched to 1250 °F (675°C) the grain size was ASTM 5. The 
author believes that these factors tend to balance each other as they affect 
the transition temperature. 

The author agrees with Gross and Stout that other factors could affect 
transition temperature, such as deoxidation practice, grain size and quench 
aging. In this investigation the steels were laboratory heats fully killed 
with aluminum, while in the investigation by Gross and Stout their steels 
were commercial and not killed with aluminum; it is possible that this 
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could be one of the factors in the conflicting results. In reference to Fig. 
12, showing a comparison of tensile data on eutectoid steels between 
Gensamer’s, Lehigh’s and NRL’s data, it appears from the data of Gen- 
samer that at the lead bath temperatures of 1125 °F (605 °C) and below, the 
curve tends to become asymptotic rather than showing a sharp decrease 
in reduction of area as shown by the Lehigh data. The author hopes to 
carry on additional work in the field of peariite spacing and quench aging. 








WORK SOFTENING OF 16-25-6 ALLOY AT ELEVATED 
TEMPERATURES 


By Douctas A. J. MILLAR AND JOHN WULFF 


Abstract 


True stress —true strain curves are presented for the 
Timken alloy 16-25-6, tested in tension at constant true 
strain rate and at elevated temperatures. These curves 
display “strain softening” of the material. Interrupting 
the deformation is shown to result in increased strength 
by aging. It is postulated that strain-induced solution of 
grain boundary precipitates is responsible for the soften- 
ing, and that reprecipitation on deformation planes causes 
the increase in strength on aging. Metallographic evidence 
is presented to support this hypothesis, and some possible 
mechanisms to account for the solutionizing effect of 
deformation are discussed. 


N IMPORTANT characteristic of most engineering metals is 
A their capacity to strain harden, or become stronger and harder 
as a result of plastic deformation. Bartholomew, Millar and Wulff 
(1)? have shown that steel strain hardens, even at elevated temper- 
atures, provided the strain rate exceeds the recovery and recrystal- 
lization rate. In this paper, evidence is presented that at least one 
material can be softened by plastic working at elevated temperatures, 
and that proper aging after working can greatly improve the original 
mechanical properties. 


SHortT- TIME MECHANICAL TESTs AT ELEVATED TEMPERATURES 


The type of test used here to evaluate the high temperature be- 
havior of a material undergoing hot work is the short-time tensile test 
at constant true strain rate. At room temperatures a small depend- 
ence of the flow stress on the strain rate exists, because of the pres- 
ence of transient creep at all temperatures. At elevated temperatures, 
however, when transient creep is much more pronounced (13), the 
flow stress depends strongly on the rate of deformation. Hence it is 
necessary, in high temperature testing, to maintain both temperature 
and strain rate constant if fundamental information is required. 


iThe figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
3oston, March 4 and 5, 1954. Of the authors, Douglas A. J. Millar is instruc- 
tor, and John Wulff is professor, Department of Metallurgy, Massachusetts In- 
stitute of Technology, Cambridge, Mass. Manuscript received January 14, 1953. 
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Of the three primary testing methods, tension, compression and 
torsion, only the first lends itself to a constant strain rate test. Com- 
pression testing involves difficulties in lubrication and in strain meas- 
urement, and a torsion test at constant rotational speed would require 
uniform shear along the gage length. In tension testing, MacGregor 
(10) has shown that true axial strain can be easily obtained by meas- 
uring the minimum area. 

The true strain can be defined as 


l 


° 


Ao 


€ = In = in = Equation 1 





where “1” and “A” are length and area at strain “ce”; 1, and A, are 
initial values. After necking occurs, “l” cannot be measured, since 
strain varies along the gage length, hence the second expression for 
strain must be used. It is easily seen that a constant strain rate re- 
quires that the area decrease exponentially with time. Since such a 
variation cannot be achieved by a constant crosshead speed, con- 
tinuous measurement of minimum area and control of crosshead speed 
are necessary. A machine for doing this has been described by Bar- 
tholomew, Krystyan, Millar and Wulff (2), and was used in obtain- 
ing the data shown here. Once a constant strain rate is achieved, it 
is necessary only to record load as a function of time, and the true 
stress, defined as load divided by actual minimum area, can be com- 
puted as a function of time and strain. 


REVIEW OF LITERATURE 


Because the concept of strain-induced phase changes is somewhat 
unusual, a brief outline is given of related phenomena reported in 
previous literature. 

The best known phenomenon is that of discontinuous yielding and 
strain aging in a few metals, notably impure iron. Low and Gensamer 
(8) have found the presence of carbon or nitrogen to be sufficient to 
cause the appearance of discontinuous yielding in iron, and Daven- 
port and Bain (5) report the similar influence of oxygen. Orowan 
(11) found strain aging in zinc and cadmium crystals, and Wain and 
Cottrell (15) found carbon and nitrogen again were the cause. In 
molybdenum also, Tury and Krausze (14) found a yield point effect 
due to the presence of nitrogen. Lubahn (9) reports discontinuous 
yielding of 61S aluminum due to simultaneous aging and deformation. 
In all these and similar cases, impurities appear to be responsible for 
the phenomena. 

More closely related to the present results are those reported by 
Hargreaves (7) on the softening of the lead-tin eutectic by cold work, 
and by Busk (3) on the work softening of alloys of magnesium 
containing small amounts of cerium, zirconium, thorium, calcium or 
manganese. 
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EXPERIMENTAL 


The material whose high temperature behavior is reported here 
is the Timken alloy 16-25-6 (6). It is an iron-base austenitic alloy, 
containing 16% chromium, 25% nickel and 6% molybdenum, with 
0.1% each of carbon and nitrogen. The alloy is extensively used in 
turbine rotor disks, and since it is one of the cheapest high temper- 
ature alloys, would be used even more if it could be readily forged. 
It was in an attempt to throw some light on the reasons for its lack 
of forgeability that this alloy was selected as a subject for the new 
method of high temperature testing. 
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Fig. 1—True Stress-Strain Curves at a Strain Rate of 600 10-5 
sec! at Different Temperatures. 


The results of the mechanical tests on the Timken alloy are given 
in the stress-strain curves of Figs. 1 and 2. Tests were made at 
several strain rates at each of five temperatures. Fig. 1 is a repre- 
sentative set of stress-strain curves for one strain rate, and Fig. 2 
for one temperature. The effect of increasing temperature and of 
decreasing strain rate is seen to have a similar effect on the stress- 
strain curves. The unusual feature of these curves is the decreasing 
stress with increasing strain, or what might be called “strain 
softening”. 

In order to gain some insight into the softening process, and to 
see how it would affect a hot forging operation, an interrupted tension 
test was performed, to simulate the heating-working-reheating cycle. 
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Fig. 2—True Stress-Strain Curves at a Temperature of 1800 °F 
at Different Strain Rates. 
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Fig. 3—True Stress-Strain Curve of Interrupted Tension Test. 


The test was stopped at a moderate strain, and the specimen held at 
temperature with no load for 5 minutes. It was then reloaded and 
the test resumed. The stress-strain curve obtained is shown in Fig. 3. 
It can be seen that the material has strain-aged while unloaded, re- 
sulting in a much stronger, material than the original. 

The stress-strain curves, while not constructed by averaging the 
results of several tests, are typical of all those found for the alloy, the 
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Fig. 4—Microstructure of Hot-Rolled Timken 16-25-6. Magnification x 500. 
Etched strongly to show twin bands and grain boundaries. 


shape especially being similar for all the curves obtained under any 
one set of conditions. The stress level was not as reproducible; this 
was found (16) to be caused by variations in the strain rate history 
during the first part of the test before necking commenced and while 
the strain rate control was least effective. The stress for given strain, 
strain rate, and temperature can be considered to differ from test to 
test by +10% or less. Since only the shape of the curve is consid- 
ered here, and since the difference was always plus or minus through- 
out any one test, the validity of the arguments presented is not 
affected. 

The last stress-strain curve indicates (Fig. 7) that structural 
changes must take place during deformation, and that the opposite 
change occurs during the aging process. In order to confirm this 
and to ascertain the nature of the changes, metallographic examina- 
tion of the material was made. To be able to compare the structure 
before and after deformation, a specimen was fractured and quenched 
in water immediately after fracture. The deformed sample was cut 
from the fracture zone and the undeformed sample from the shoulder, 
about an inch from the fracture. In this way the samples differed 
only in the amount of strain, and not in the heat treatment. Fig. 4 
is a photomicrograph of the hot-rolled material, which is the initial 
condition of the test specimens. Fig. 5 shows the microstructure as 
quenched from 2000 °F (1095 °C) without deformation, and Fig. 6 
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Fig. 5—Microstructure of Timken 16-25-6 Quenched From 2000 °F. Undeformed 
magnification <* 1000. Underetched to show only precipitates. 





Fig. 6—Microstructure of ‘Timken 16-25-6 Quenched From 2000°F. Deformed 
to fracture immediately before quenching. Magnification x 1000. Underetched to 
show only precipitates. 
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the corresponding deformed sample. Finally the effect of aging on 
the microstructure is shown in Fig. 7. This sample was fractured 
and allowed to remain at temperature for 10 minutes, then quenched 
and examined. 

The photomicrographs were prepared especially to show the 
effects of working on secondary phases rather than on the matrix, 
so that grain boundaries do not appear. In bringing out matrix de- 
tail, the neighborhood of the carbides becomes so badly overetched 


Fig. 7—Microstructure of Timken 16-25-6, Aged 10 Minutes After Fracture at 
1900 °F, and Quenched. Magnification x 500. 


that the grain boundaries are often masked entirely by the carbide 
network. The standard etchants for stainless steel were found in- 
adequate. A special etch was used, and this gave the best results; 
it was a cold four-to-one aqua regia, aged 25 minutes and then used 
immediately. Etching time varied from 10 to 30 seconds. 

What has been accomplished, then, is a survey of the mechanical 
behavior of the Timken alloy by means of tension tests performed at 
several constant strain rates and elevated temperatures. The micro- 
structural changes taking place during plastic deformation and the 
subsequent aging at temperature have been followed by metallographic 
study of quenched tension specimens. The results are discussed in 
the following section. 


DISCUSSION OF RESULTS 


Several unusual findings have been made in the present work. 
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First, this material softens through plastic working, although it 
has been shown (1) that mild steel, even at 2300 °F (1260 °C), has 
a rising stress-strain curve if the strain rate is high enough. The 
strain hardening may, of course, be eliminated very quickly when 
working is stopped. But it is clear that, in hot working, recrystal- 
lization does not always keep up with strain hardening. 

Secondly, the stress-strain curve for interrupted testing shows 
that some structural change takes place during plastic working which 
is reversed when working stops. Obviously, the working is driving 
the material away from the statically stable state, since it tends to 
return to its initial condition when working ceases. 

The photomicrographs were made in an attempt to discover the 
nature of these structural changes which result in such unconventional 
stress-strain curves. From these photomicrographs, it is clear that 
grain boundary phases have partially dissolved during the hot work- 
ing, only to reappear, apparently along former deformation planes, 
when working is interrupted. 

Some other explanations for the unusual stress-strain curves 
were proposed and discarded as unsatisfactory. 

Premature cracking was first considered as a possible explana- 
tion. But this is not in accord with the nature of the curves. Fur- 
thermore, no cracks were found by micro-examination after straining 
beyond the softening point. Similarly, the softening could not be 
caused by a rise in specimen temperature, since the work input rate 
is insufficient to raise the temperature enough to account for the 
softening found. 

The failure of these and other explanations (17), and the added 
evidence of the photomicrographs, leaves as the most probable cause 
of softening the partial solution of the grain boundary precipitates. 
Some possible mechanisms by which this might occur are outlined next. 

First, the energy of solution might be supplied by the strain 
energy of the network and matrix of austenite; this energy would 
arise from deformation within the grain which would be inhibited by 
the surrounding network. The carbide phase is apparently only 
barely stable, since a “hysteresis” of about 150 °F has been found 
between the solution temperature when heating and the precipitation 
temperature on cooling. This means that the energy required may be 
quite small. 

Secondly, a particle of the secondary phase may be stable in the 
higher energy grain boundary, yet be unstable in the grain itself, so 
that migration of the grain boundary under stress would result in 
solution of the smaller particles. 

Cottrell’s (4) “atmosphere-locking” of dislocations, used in ex- 
plaining the upper yield point in iron, can also be shown to produce 
a tendency for solution of a carbide wall. 

The most promising theory for the solution process is that the 
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stress concentration around a particle will affect equilibrium condi- 
tions in the same way that pressure lowers the melting point of ice. 
Reasonable estimates of the thermodynamic properties involved lead 
to changes in solubility of about 2% for a pressure of a thousand 
atmospheres. 

It is not possible from these data to establish which of the 
mechanisms, if any, is responsible for the strain softening of this alloy. 
A fundamental investigation of the effects of large pressures on the 
phase diagram of such a system would perhaps be interesting in this 
connection. The results obtained with the Timken alloy call for fur- 
ther investigation of it and similar alloys, to determine the extent and 
practical significance of strain softening in hot forging. 


CONCLUSIONS 


The constant strain rate tensile test for short-time testing at 
elevated temperatures has been shown to be of value as a fundamental 
test of material properties. By means of such tests, it has been shown 
for the first time that the austenitic Timken alloy 16-25-6 can be 
softened by hot work, even when initially fully annealed. It is also 
seen that this softening is probably caused by solution of a grain 
boundary precipitate, and that upon strain aging the precipitate re- 
appears on the previous deformation planes with consequent increased 
strength. 


SUMMARY 


The Timken alloy 16-25-6 was tested using a constant true 
strain rate tension tester, at several strain rates varying from 9> 
to 600 & 10° per second and at temperatures ranging from 1800 to 
2200 °F (980 to 1205°C). The results of these tests in the form of 
true stress-strain plots showed that the material softened with in 
creased strain. Interrupted testing revealed that the alloy strain- 
ages, doubling the flow stress with 5 minutes aging at test temper- 
ature. It was postulated that the deformation caused some of the 
grain boundary precipitate to dissolve, so softening the alloy, and 
that reprecipitation along the deformation planes gave the increased 
strength on aging. Metallographic study confirmed that such proc- 
esses actually occurred. Of four possible explanations for the strain 
induced solutionizing, the most probable was believed to be changes 
in the equilibrium state due to internal local stresses. 
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DISCUSSION 


Written Discussion: By Oleg D. Sherby and Raymond L. Orr, re- 
search engineers, Institute of Engineering Research, University of Califor- 
nia, Berkeley, Calif. 

The experimental results and the subsequent analysis presented by 
the authors are most interesting and indicate the need for further investi- 
gations of the unusual phenomenon of strain softening in order to deter- 
mine its extent in other alloys and to clarify the mechanism by which it 
occurs. 

Some additional observations are presented herein concerning the 
stress-strain curves which the authors have obtained. Previous correla- 
tions of both creep and tensile data? suggest that the stress-strain curves 
for a given metal or alloy, at temperatures of rapid recovery, are depend- 
ent on the Zener-Hollomon*® temperature-compensated strain rate param- 
_ #0. D. Sherby, R. L. Orr and J. E. Dorn, ‘‘Creep Correlations of Metals at Elevated 
lemperatures’’, Institute of Engineering Research Report, University of California, Berkeley, 


Series No. 22, Issue No. 25, March 1, 1953. To be published by Journal of Metals, 
American Institute of Mining and Metallurgical Engineers. 


°C. Zener and J. H. Hollomon, “Plastic Flow and Rupture of Metals”, Transactions, 
American Society for Metals, Vol. 33, 1944, p. 163. 
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Fig. 8—Correlation of Tensile Stress-Strain Curves for 
16-25-6 Alloy With the Parameter, Z — # e4H/RT, 


eter, Z = ée*"/®", where é is the strain rate, R is the gas constant, T is 
the absolute temperature, and AH is the activation energy of the flow 
process for the material considered. Thus tensile tests for which this 
parameter has the same value should result in identical stress-strain 
curves. That the tensile data for the alloy studied can be so correlated 
is indicated by Fig. 8 which reproduces the stress-strain curves obtained 
by the authors, together with the calculated values of Z—ée*"/"* using 
AH = 90,000 calories per mole. Unfortunately the limited data preclude 
a precise determination of AH for this material, there being only one pair 
of virtually identical curves obtained under different conditions from 
which AH may be evaluated. The remaining curves demonstrate that the 
tensile flow-stress curves increase in a consistent manner with increasing 
values of the parameter é e*”/®", 

Further confirmation that the value of AH for this alloy is equal to 
90,000 calories per mole is obtained from rupture data for this same ma- 
terial. It has been found* that rupture data for a given metal or alloy 


*R. L. Orr, O. D. Sherby and J. E. Dorn, “Correlations of Rupture Data for Metals 
at Elevated Temperatures’’, Institute of Engineering Research Report, University of Cali- 
fornia, Berkeley, Series No. 22, Issue No. 27, July 1, 1953. See this volume of TRANs- 
ACTIONS, 
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Fig. 9—Correlation of Rupture Data for Solution-Quenched 16-25-6 
Alloy by the Relation t, e~44,/81 f(c) (Data 


of Clark, Fleischmann 
and Freeman®.) 


it elevated temperatures may be correlated by 


means of the relation 
‘ AH ./RT _ 
Cc r 


= f(o), where t, is the time to rupture, o is the stress, and AH; 
is the activation energy for rupture. For relatively pure metals, AH, has 
been found to be equal to the activation energy for creep, tensile defor 
mation and self-diffusion’ The rupture data for 16-25-6 alloy reported 
previously by Clark, Fleischmann and Freeman’ were analyzed by means 
of the relation t, e*"r/"* = f(¢) and were found to correlate very well as 
shown in Fig. 9, yielding AH, = 90,000 calories per mole, which is identical 
with the activation energy evaluated from the tensile data of Millar and 
Wulff. 

It is thus strongly indicated that 90,000 calories per mole represents 
the activation energy for the net flow process invo!ved in the 


tensile 
straining of 16-25-6 alloy. 


Since the process of strain softening for this 
alloy is an intimate part of the net flow process, it is suggested that the 
strain softening process itself possesses an activation energy of 90,000 
calories per mole. 

Written Discussion: By Martin Fleischmann, metallurgical engineer, 
The Timken Roller Bearing Co., Canton, Ohio. 

This paper deserves especial attention, not only from the research 
metallurgist for the fundamental questions it raises, but also from the 
forge shop operator as it points to practical steps which may be taken 
during the hot working of the 16-25-6 or other superalloys to improve 
quality or to avoid difficulties during forging. 

The research metallurgist may ask if the “strain softening” observed 

°C. L. Clark, M. Fleischmann and J. W. Freeman, 


Creep and Rupture Strength of 16-25-6 Alloy’’, 
Mertats, Vol. 44, 1952, p. 89. 


“Influence of Extended Time on 
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for the 16-25-6 alloy is a characteristic of this material or the common 
property of all austenitic steels. 

For the man in the forge shop the curves shown in the paper would 
indicate that rapid rates of hot deformation are associated with improved 
ductility and, therefore, allow greater deformations per heating. The 
advantage of more powerful hammers in working this material, therefore, 
is indicated. To what extent interrupted forging or reheating after forg- 
ing would improve the high temperature properties of the material would 
need further investigation. 

This is a thought-provoking paper which may give the impetus to 
additional work along the indicated lines. 


Authors’ Reply 


Although the paper was written with the idea of provoking further 
thought and work on the physical metallurgy of the process, it was hoped 
that the results might be of use also to those concerned with hot working 
these alloys. Dr. Fleischmann has pointed this out and the writers can 
only add that it also appeared that hot pressing might show advantages 
over hammer forging, wherever it was practicable. 

The authors were most interested by the remarks of Messrs. Sherby 
and Orr. In a previous (unpublished) report, the MacGregor-Fisher 
“Velocity Modified Temperature” concept was applied to the results of 
similar tests on mild steel, with good results. This concept is similar to 
that of Zener and Hollomon, and is based on the Eyring rate equation 
applied to plastic deformation. It was not expected to be applicable to th: 
more complicated process involving strain softening in addition to the 
usual processes of strain hardening and recovery. The fact that the appli- 
cation of the equation to the results served to correlate the slopes as well 
as the magnitudes of the curve would seem to indicate that both deforma 
tion and softening had the same activation energy. In fact, had the latter 
energy been higher than that for deformation, the softening would pre- 
sumably not have occurred. 

The correlation with the results of Clark, Fleischmann and Freema: 
was most gratifying. It also indicates a possibility of predicting stress- 
rupture data from short-time tensile tests. 

The writers would like to stress, however, the pitfalls opened up b) 
using an “equation of state” for deformation, which is implied by the equa 
tions used for correlating results at various temperatures and strain rates. 
The fallacy of such an equation of state is pointed out by Orowan® and has 
been found the hard way by Bartholomew and the writers (unpublished 
report). During some tests on mild steel, the initial deformation rate was 
not as high as that attainable when deformation was localized. Later this 
was remedied and it was found that in the tests with two deformation 
rates the stress-strain curve lay lower than, though generally parallel to, 
the curve with uniform strain rate. 


®6E. Orowan, “Creep in Metallic and Nonmetallic Materials”, Proceedings, First U. 5 
National Congress of Applied Mechanics, 1951, p. 453. 


THE EMBRITTLEMENT OF ALLOY STEEL 
AT HIGH STRENGTH LEVELS 


By L. J. KLINGLer, W. J. BARNETT, R. P. FROHMBERG 
AND A. R. TROIANO 


Abstract 


The embrittlement phenomenon which may occur on 
tempering quenched steels to high strength levels is a 
precipitation or aging phenomenon. The tempering char- 
acteristics of the steel play a major role in the develop- 
ment of embrittlement. 

A structure composed of 100% bainite (low temper- 
ature bainite) 1s not subject to the same embrittling re- 
action. Such batinitic structures displayed properties equal 
or superior to those of tempered martensite at all strength 
levels. Mixed structures exhibited lower properties. 

A definite correlation is shown between the time- 
temperature relations for the embrittlement of tempered 
martensite and the nature and sequence of the carbides 
resulting from the tempering process. The embrittlement 
is associated with the initial formation of platelet cementite. 

It is proposed that the embrittlement arises from 
localized precipitation of cementite in the prior austenite 
grain boundaries which precedes the general precipitation. 
The localized overaging would then produce a thin ferrite 
network which embrittles the steel. 

There appear to be at least three approaches to the 
problem of minimizing, avoiding or eliminating embrittle- 
ment in steels at high strength levels. 

1. The development of special analyses with 
retarded martensite tempering characteristics. 
2. The development of faster tempering 
steels so that overaging will occur. 

3. The development of steels in which high 

strength bainite can be produced. 


TEEL has a potential strength level range in excess of 350,000 
psi; however, today the practical useful range is at least 100,000 


This paper presents some of the results from investigations sponsored by the Aero- 
nautical Research Laboratory, Wright Air Development Center, and the International Nickel 
Company, Inc., New York City. 





A paper presented before the Thirty-fifth Annual Convention of the Society, 
held in Cleveland, October 17 to 23, 1953. The authors, L. J. Klingler, W. J. 
Barnett, R. P. Frohmberg and A. R. Troiano, are respectively senior research 
associate, research associate, research associate and professor of physical metal- 
lurgy, Department of Metallurgical Engineering, Case Institute of Technology, 
Cleveland. Manuscript received May 22, 1953. 
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psi below that potential. This is primarily the result of the fact that 
when hardened steel is tempered in the range of 500 to 600 °F (260 
to 315 °C), there generally occurs an anomalous decrease in ductility. 
sehavior of this type is essentially the result of a phenomenon which 
has come to be known as “500 °F embrittlement’’?. 

Usually the test conditions must be more severe than in the 
standard tensile test for definite indications of embrittlement”. Spe- 
cifically the minimum has been observed with impact (1, 2, 3)*, notch 
tensile (4, 5, 6), low temperature tensile (7), bend (8), torsion (9), 
and torsion impact (10) tests. All of these tests are more severe than 
the tensile test in that one or more of the embrittling factors of low 
temperature, high strain rate, multiaxial stress or stress concentration 
have been added. These are the same embrittling factors which must 
be considered for service. applications. 

Although the embrittlement of hardened steel tempered at 500 to 
600 °F (260 to 315°C) has been recognized for years, the first 
systematic study of its characteristics was that by Grossmann (1), 
followed more recently by the investigations of Schrader, Wiester and 
Siepmann (2) and others (3, 8, 11). Grossmann (1) observed that 
for tempering temperatures between 400 and 700 °F (205 and 370 

C), room temperature impact tests in low alloy steels exhibited 
fractures which contained many bright facets and were intercrystal- 
line in nature. The appearance of bright facets in the fracture in 
embrittled regions has been observed by many others, but there is 
no conclusive evidence that such an appearance always signifies inter 
crystalline failure. 

Metallographic examination of the large-grained test specimens 
revealed that when tempered at 400 °F (205 °C), the original aus 
tenite grain boundaries etched dark, and when tempered at 600 °I 
(315 °C) and above they were light. However, tempering at 500 °f 
(260 °C) produced a mixture of dark and light outlines. From this 
behavior it was predicated that precipitation and agglomeration 0! 
carbides began at a tempering temperature of 500 °F (260 °C), thus 
producing a ferrite grain boundary network which embrittled the 
steel. That a thin ferrite network would result in embrittlement was 
clearly demonstrated experimentally, by introducing such a network 
at a high temperature before quenching.~ In this investigation Gross 
mann also demonstrated that retained austenite, often considered to 
be the culprit, was not responsible for the embrittlement, a fact that 
has been verific. by others (8, 12). 


1This is not to be confused with blue brittleness which is a manifestation of spontaneous 
strain aging. 

2Throughout this paper the term “embrittlement”? has been employed in a general sense 
and applied to conditions where it was felt that the steel had less than its normal full 
ductility. It does not follow that in all such cases the steel would behave in a brittle manner 
in service, 


8The figures appearing in parentheses pertain to the references appended to this paper 
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Schrader, Wiester and Siepmann (2) have provided a compre- 
hensive study of the embrittling phenomenon. An evaluation of the 
effect of cooling rate from the austenitizing temperature indicated that 
a hardened structure was a necessary prerequisite for embrittlement 
at low tempering temperature. An examination of the effect of tem- 
pering time as well as temperature showed that at a given tempering 
temperature the room temperature impact energy dropped to a min- 
imum and then improved as the tempering time was increased. For 
relatively high tempering temperatures, improvement was evident in 
very short times. 

The effect of alloying element was partially evaluated in that 
chromium and manganese either alone or in combination appeared 
conducive to the development of “500°F embrittlement’’, while 
molybdenum, tungsten and vanadium exhibited little or no effect. 
A 1.7 and a 5% nickel steel did not display embrittlement. Riedrich 
(13) also found that a 5% nickel steel did not embrittle. However, 
it has been demonstrated by others (3, 8) that 3.5% nickel steels 
can be embrittled, and Damer and Theis (14) observed embrittlement 
ina 4.5% nickel, 2.5% silicon steel. 

Schrader et al (2) observed that aluminum additions greater 
than 0.04% reduced the severity of the embrittlement, and with 
0.10% aluminum the embrittlement was eliminated. These aluminum 
contents were well in excess of the amount required for grain refine- 
ment. In discussion to this paper Riedrich pointed out that he also 
had obtained definite evidence confirming the beneficial nature of 
aluminum additions. From these observations, the authors concluded 
that the precipitation of chromium or manganese nitrides was respon- 
sible for the embrittlement. They postulated that the beneficial action 
of aluminum resided in its ability to combine with nitrogen to form 
aluminum nitride which was not soluble in solid solution and there- 
tore could not precipitate during tempering. 

Bain, long ago, suggested that 500°F (260°C) embrittlement 
may be associated with the first precipitation of carbides during the 
tempering of martensite. However, tempering of martensite is a 
more complex process than the simple precipitation of cementite from 
supersaturated ferrite. Arbuzov and Kurdjumov (15) first obtained 
positive X-ray diffraction evidence for the existence of a phase tran- 
sitional to cementite on tempering high carbon martensite in the range 
of 266 to 572 °F (130 to 300°C). The existence of such a transition 
structure was also evidenced by the magnetic, volumetric and dilato- 
metric observations of Antia, Fletcher and Cohen (16). 

Heidenreich, Sturkey and Woods (17) identified the transition 
structure obtained by tempering high carbon martensite as hexagonal 
close-packed Fe3N or an isomorph of Fe;N. Subsequent investiga- 
tions by Jack (18) indicated that the proposed Fez;N was more likely 
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hexagonal close-packed epsilon iron carbide, as it forms a continuous 
solid solution over the composition range Fe2X to FesX (where X = 
nitrogen plus carbon). Jack (19) has proposed that the epsilon car- 
bide precipitates in coherence with the matrix. 

Kurdjumov and Lyssak (20) demonstrated that on tempering 
martensite, the tetragonality and thus the carbon content did not pro- 
gressively decrease to zero; rather there was a discontinuous change 
in the tetragonality of the martensite. In a 1.4% carbon steel, tem- 
pered ten years at room temperature, martensites of 0.27 and 1.4% 
carbon coexisted. Tempering 1 hour at 256 and 302°F (125 and 
150 °C) caused the high carbon martensite to disappear and only 
0.27% carbon martensite was present. Tempering at still higher 
temperatures resulted in a gradual depletion of the carbon content 
of the matrix. Roberts, Averbach and Cohen (21) determined that 
the carbon content of the low carbon martensite coexisting with 
epsilon iron carbide was essentially independent of the carbon content 
of the primary martensite, but increased slightly as the tempering 
temperature was elevated or when chromium was present (22). A 
metastable equilibrium between epsilon iron carbide and low carbon 
martensite was proposed. 

Ferrite and cementite are ultimately formed from the low carbon 
inartensite and epsilon iron carbide aggregate. The exact mechanism 
of this reaction is not known. Jack (19) has proposed that epsilon 
iron carbide transforms directly to cementite, whereas, Cohen and 
Roberts (23) advocated the nucleation and growth of cementite in 
the matrix with the simultaneous resolution of the epsilon iron car 
bide. Although there is no direct evidence for the existence of a 
coherent stage. in the formation of cementite, X-ray diffraction and 
electron microscope studies of high carbon martensite have revealed 
that the cementite is plate-like in its early stage of formation. On the 
other hand, there is good evidence that the composition of cementite 
in its early stages of formation is not stoichiometric (22, 24). 

It has been suggested that a relationship may exist between the 
embrittlement encountered on tempering in the range of 500 to 700 °F 
(260 to 370 °C) and the formation of carbide during the tempering 
of martensite (1, 8, 11). On this basis, it appears plausible that th 
embrittlement need not be encountered if martensite is not the pre 
dominant microconstituent. The only other structure capabie of pro- 
ducing high strength levels is acicular bainite resulting from isothermal 
transformation of austenite in the lower temperature range usually 
near M,. Davenport, Roff and Bain (25), Legge (26) and Daven- 
port (27) showed that austempered plain carbon steels demonstrated 
superior ductility in both tension and impact when treated to the 
higher strength levels. 

The low hardenability of plain carbon steels limits the attainment 
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of bainite to small sections only. The addition of alloying elements 
to increase the hardenability will also alter the apparent transformation 
characteristics of the bainite in a most unusual fashion. In such cases 
the transformation of austenite to bainite does not proceed to comple- 
tion at all reaction temperatures. Specifically, the amount of bainite 
that may be obtained is a function of the reaction temperature, and 
increases from zero at the top of the range to 100% at some lower 
temperature if this temperature is at or above M, (28). If this 
lower temperature is below M,, it is impossible to obtain 100% 
bainite by any known method. For most alloy steels, this means that 
there is only a limited, and often very narrow, temperature range in 
which austempering will result in a completely bainitic structure. 
Fortunately, it is the low temperature bainite that is capable of 
developing high strength. 

In view of the complications attendant to austempering for bainite 
and the variations in transformation characteristics imparted by the 
different alloying elements, it is not surprising that the literature on 
the properties of bainitic structures in alloy steels is contradictory 
and confusing. Many investigators have reported that the properties 
of austempered structures in alloy steels were inferior to those of 
quenched structures tempered to corresponding strength levels (29, 
30, 31, 32). On the other hand, Delbart and Potaszkin (33) observed 
that the ductility of bainite was higher than that of quenched and 
tempered structures for hardnesses above Rockwell C-44. In a study 
of a number of commercial alloy steels, Payson and Hodapp (34) 
determined that the austempered structures for hardness levels above 
Rockwell C-44 displayed superior room temperature impact properties 
to those obtained for tempered martensite. Thus, it appears that 
under properly controlled conditions, it is possible to produce bainitic 
structures in alloy steels with properties exceeding those of tempered 
martensite especially at high strengths where tempered martensite is 
subject to embrittlement. 


MATERIALS 


Four constructional low alloy steels of the SAE-AISI type were 
utilized in this investigation—two single alloy steels (2340 and 1340), 
and two triple alloy steels (4340 and a vanadium modified 4330)?. 
The compositions of the four steels are listed in Table I. 

The steels were normalized prior to specimen preparation. The 
normalizing and austenitizing temperatures are listed in Table IT. 


PROCEDURE 


Two correlated experimental approaches have been employed in 





*The 2340 and 1340 steels were of 1-ton induction furnace origin and were received 
from The International Nickel Company. The 4340 and modified 4330 steels were commer- 
cial aircraft quality steels furnished by the Republic Steel Corporation. They will be sub- 
sequently referred to in the text as 2340, 1340, 4340, and 4330. 
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Composition of Steels, Weight Z 
Steel ( Mn Si Ni Cr Mo V Cu P S 
2340 0.41 0.91 0.32 3.31 0.08 0.008 to 0.08 0.008 0.020 
1340 0.41 2.02 0.41 0.03 0.08 0.004 =~ 0.08 0.010 0.022 


4340 0.39 0.76 0.28 1.80 0.75 0.24 ees can ice. een 
4330 0.30 0.86 0.28 1.83 0.84 0.40 0.09 0.09 0.010 0.012 


Table II 


Heat Treating Temperatures, °F 
S -eel Normalizing Austenitizing 
2340 1650 1500 
1340 1650 1525 
4340 1650 1550 
4330 1675 1600 


this study—one, an evaluation of the mechanical properties of con- 
trolled microstructures of steels heat treated to predetermined strength 
levels, and the other, an X-ray diffraction study of the tempering 
products in steel utilizing the same specimens which furnished the 
mechanical data. 


Mechanical Properties 


The isothermai transformation characteristics of each of the steels 
was examined so that heat treating schedules could be chosen to pro- 
duce the desired microstructural constituents. <A listing of some of the 
more important features of the TTT-diagrams is given in Table III 

The mechanical properties were evaluated primarily by means of 
V-notch Charpy impact tests using both room temperature tests and 
complete transition (impact energy versus testing temperature) 
curves. Room temperature tensile tests were made for a number 
of heat treatments. 

The test specimens were taken in the rolling direction fron 


Table III 
Isothermal Transformation Characteristics 


Pearlite First Appearance Highest Bainite 





Steel Nose Ms of Bainite Completion Temperature 

2340 1075 °F 490 °F 960 °F 750 °F 

1340 1100 570 1030 875 

4340 1175 570 1020 610 

4330 1180 620 940 640 

—_— — Bainite Completion Time—— ——- 

Steel Ms Ms + 20 °F Ms + 50 °F 
2340 10 X 10° sec 8.5 X 10° sec. 4.8 X 10% sec. 
1340 8.3 X 108 5.3 X 108 3.2 108 
4340 2.7 X 105 4.7 X 105 > 105 
4330 1.4 10° cs 


3X 105 > 105 
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34-inch diameter round or 34-inch square bar. All specimens were 
finish ground and the impact bars notched after heat treatment. 

Austenitizing was performed in a neutral salt bath and temper- 
ing in a forced air convection furnace. Water was the quenching 
medium for 2340 and 1340, oil for 4340 and 4330. 

A series of austempering treatments were conducted in agitated 
salt baths under carefully controlled conditions. One hundred % 
bainitic structures were obtained in Charpy test bars in all of the 
steels except 1340° by austempering 10 to 20°F above M,. Mixed 
structures of martensite and bainite were obtained by austempering 
below M, so that the martensite introduced by the quench to the 
reaction temperature was tempered during the formation of bainite. 
A mixed structure was also obtained in the 4330 steel by austemper- 
ing at a temperature where the bainite reaction did not reach 
completion. 


X-Ray Diffraction of Carbide Residues 


The carbides were electrolytically isolated from broken Charpy 
impact specimens by means of a sodium citrate electrolytic cell. The 
details of the separation method are described in Appendix I. 

Debye patterns were obtained from specimens of the extracted 
residues mounted on glass fiber with collodion. CoK, radiation, 
obtained by the use of a flat pentaerythritol monochromator, was 
utilized. I[:xposure times were 40 hours. 


RESULTS AND DISCUSSION 
Mechanical Properties — Martensitic Structures 


The properties of the steels examined are representative of a 
large group of commercial ailoy constructional steels. This is ap- 
parent from the data of Figs. 1 to 4, which display the usual relation- 
ships between hardness, tensile properties and tempering temperature. 
However, the softening rate of these steels differed widely; the 1340 
and 2340 tempered more rapidly than the 4340, and the 4340, in turn, 
more rapidly than the 4330. The room temperature impact energy 
curves for the four steels followed a familiar pattern; all exhibited a 
maximum for a tempering temperature of 400°F (205°C) and a 
minimum in the 500 to 600°F (260 to 315°C) tempering range. 
The steels differed, however, in the degree to which they were em- 
brittled; the 4340 and 4330 steels displayed a rather mild case of 
‘embrittlement, whereas 1340 exhibited extremely low impact energy 
values. The 2340 was intermediate in behavior. 

The results of the tempering studies are presented in Figs. 5 to 9 


‘Approximately 2% remained untransformed in a Charpy bar, although the TTT-studies 
showed that 100% completion could be obtained with small specimens. 
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erties for Quenched 2340 Steel as a Function of 
Tempering Temperature. 


in the form of composite curves for the various tempering tempera- 
tures. Triplicate tests were made at each of the times indicated by 
the hardness values. The time-temperature dependence of the impact 
energy indicates that the embrittlement is a precipitation or aging 
phenomenon which is diffusion controlled. Note that, in general, the 
embrittlement appeared in relatively short periods of time at the 
higher tempering temperatures and was displayed to increasingly 
longer times as the tempering temperature was lowered. Figs. 7 and 
9 for 4340 indicate the impact energy versus tempering relationships 
for temperatures from 212 to 700 °F (100 to 370 °C) and times from 
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5 minutes to 3000 hours. At 212 °F (100°C) a maximum in impact 
energy occurred in several hundred hours; at 300°F (150°C), in 
40 hours; at 400 °F (205 °C) in ar roximately 1 hour; and at 500 
°F (260 °C) and above, in less than 5 minutes. At all temperatures 
it is apparent that the impact energy is approaching a minimum, 
although evidence of overaging was not obtained in this steel for the 
times employed. Following embrittlement, continued tempering of 
the faster tempering steels (1340 and 2340) resulted in a definite 
improvement of the impact energy, or, in other words, the steels were 
overaged. The curves for the other steels (Figs. 5. 6 and 8) follow 
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Fig. 3—Hardness, Tensile, and Impact Prop 
erties for Quenched 4340 Steel as a Function of 
Tempering Temperature. 


the same general pattern and basic behavior, differing in degree only. 
Presumably there was no evidence of a maximum in 1340 because it 
occurred in less than 5 minutes at the temperatures examined. 

A more detailed evaluation of the effect of tempering time and 
temperature may be obtained from a study of the impact transition 
curves. Such curves are shown in Figs. 10 to 13 in which the tem- 
pering temperature was varied and the time was constant at 1 hour®. 
The temperature at which the impact energy first begins to decrease 
(the knee of the curve) has been designated as the transition temper- 
ature. This criterion makes the transition temperature independent ° 





ee of the data from which the transition curves were constructed are given in 
Appendix II; these portray the extent of the scatter encountered and the manner in which 
the curves were drawn. 
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of the shape of the transition curve. The value of the impact energy 
at the level portion of the curve above the transition temperature will 
be referred to as the supertransition energy. It is apparent that for 
2340 and 1340, 1 hour at 500 °F (260°C) raised the transition tem- 
perature above the “normal” value for 1 hour’s tempering at 800 and 
1000 °F (425 and 540°C). In fact, for 1340, this treatment dis- 
placed the transition temperature above the highest testing tempera- 
ture employed. On the other hand, 4340 and 4330 did not display 
any shift in transition temperature when similarly treated. Of par- 
ticular interest, however, is the fact that both these steels exhibited a 
substantially lower transition temperature when tempered 1 hour at 
400 °F (205°C). Thus, these data supplement and are generally 
consistent with the room temperature impact curves in Figs. 1 to 4. 
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Tempering time may exert considerable influence on the impact 
transition curves. The curves of Figs. 14 and 15 demonstrate this in 
most convincing fashion. Tempering of all four steels at 500 °F 
(260°C) for 5 minutes, as compared to 1 hour or longer, lowered 
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the transition temperature and raised the supertransition energy levei. 
This was true despite the higher hardness resulting from the short- 
time tempering treatment. It is interesting to note than the transition 
temperatures for 4340 and 4330 tempered for 5 minutes at 500 °F 








— 
uw 
| 
_ 
CO 


TRANSACTIONS OF THE ASM Vol. 46 












60! - no So ara HEE 
& ee et et 
wo ATM Pi — ory Ste (| 
$ sot HH PRT teat 
5 LL HH tt H 
o Hit Pitt ia 
ys | | HHI | iif i} | 
4 +4 ' ' ; ; 
7 cE EEA TA 
‘aa rid ii] 4340 

a 1 | dail | | | | | Oil-Quenched 
ol Lo Ht Tempered 
; 30 | | | aa 370°F Om——-———o 
ie | | 350°F o—-——a || 
- 300°F 9-———0 

12°F 0————e 
S20} Hee - Smit poate! 
¥ Peer | TT HA LT LLL 
uo ahihel ; sit ee 
- HI i | itl 
S | O . + 44 Ht ott —+—+ tht TH THe 
a 
E 

i 
As-~- 0.1 | 10 100 1000 10,000 
Quenched 


Tempering Time-hours 


Fig. 9—Impact Energy and Hardness of Quenched 4340 Steel as a Function 
ff Tempering Time (212 to 370 °F). 
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Fig. 10—Transition Curves for 2340 Steel, Quenched 
and Tempered. 


(260 °C) were the lowest encountered in this investigation. Cer- 
tainly the term “500 °F embrittlement” appears incongruous. The 
4340 and 4330 steels tempered at 400°F (205°C) for 1 hour and 
1 week displayed the same basic behavior. The shorter tempering 
time resulted in a lower transition temperature and a higher super- 
transition energy level, despite the higher hardness. Thus, it becomes 
apparent that the three forms of representation of the impact be- 
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Fig. 14—Transition Curves for Four Steels Quenched 
and Tempered at 500 °F. 
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Fig. 15—Transition Curves for 4340 and 4330 Steels 
Quenched and Tempered at 400 °F. 
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havior of quenched and tempered steels are generally consistent and 


indicative of a precipitation and aging mechanism as the source of 
embrittlement. 


Mechanical Properties — Bainitic Structures 


Most of the austempered structures examined consisted of 100% 
bainite. The remainder contained mixtures of bainite and martensite 
as noted in the text and in Figs. 16 to 20. 

Tensile tests on all of the austempered steels indicated that the 
relation between tensile strength and hardness observed for tempered 
martensite was equally valid for tempered bainite. In addition, at 
the same strength level the per cent reduction in area and elongation 
were the same for bainite and martensite. The yield to tensile ratio 
exhibited a tendency to decrease slightly for some of the bainitic 
structures, but in no case did this ratio drop below 0.85. 

Completely bainitic structures formed at relatively low tempera- 
tures exhibited essentially the same transition temperature in a given 
steel, regardless of the strength level to which they were subsequently 
tempered (Figs. 16 and 17). On the other hand, the supertransition 
energy level increased as the strength level dropped. A comparison 
of the transition curves for tempered martensite with those for tem- 
pered bainite revealed that at the same strength level both structures 
had the same transition temperature unless appreciable embrittlement 
had developed. This is particularly evident in a comparison of Figs. 
16 and 10, for 2340. The same general pattern applies to 4340 also, 
although in not quite so definite fashion. There was a consistent 
tendency for the entire impact transition curves to be appreciably 
higher for the bainite than for tempered martensite, at the same 
strength level. 

In general at the higher strength levels mixed structures of 
bainite and martensite exhibited only negligible differences in tran- 
sition temperatures from those of the pure structures (Figs. 18 and 
19). This was true where the mixed structures were produced by 
quenching below M,, and hence the martensite was tempered during 
the time that the bainite reaction was in progress. The only excep- 
tions occurred in 4330 (Fig. 18) austempered at 640°F (340°C), 
and in 1340 (Fig. 19) austempered at 590°F (310°C). In both 
cases, the transition temperature was higher than for either tempered 
martensite or bainite; in both instances, approximately 2% austenite 
remained untransformed to bainite, part of which probably trans- 
formed to fresh martensite on subsequent cooling. This obviously 
resulted in a microstructural situation quite different from that 
existing when the martensite was formed prior to isothermal trans- 
formation. 


Although, with the exceptions noted, the transition temperature 
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‘ Fig. 16—Transition Curves for 2340 Steel, Bainitic 
structures. 
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Fig. 17—Transition Curves for 4340 Steel, Bainitic 
Structures. 


displayed little variation, the supertransition energy demonstrated 
differences that do not appear to be explicable on the basis of strength 
level changes alone. As the amount of martensite in the mixed 
structures was increased, the energy level of the entire impact tran- 
sition curve tended to drop to that for martensite tempered to the 
same strength level. 

It has already been demonstrated that where embrittlement was 
evident in 2340 martensite, tempered for 1 hour at 500 °F (260°C), 
a completely bainitic structure at the same high strength level was 


not embrittled (compare Figs. 10 and 16). Examination of Fig. 20 
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shows that the superiority of the high strength bainite was not lost 
by a long tempering treatment of 168 hours at 500°F (260°C). 
On the other hand, extended tempering of nonembrittled martensite 
will cause deterioration of the impact properties. Thus, although low 
temperature aging of martensite will promote embrittlement, high 


strength bainite is not subject to this phenomenon. This is un- 
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Fig. 18—Transition Curves for 4330 Steel, Bainitic 
structures. 
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Fig. 19—Transition Curve for 1340 Steel, Bainitic 
Structure. 


doubtedly a result of the fact that bainite does not follow the same 
aging sequence as martensite. 


X-Ray Diffraction — Martensite Structures 





Effect of Tempering Temperature — Examination of the ex- 


tracted residues from 2340, 4340 and 4330, quenched and tempered 
for 1 hour at temperatures from 400 to 1000°F (205 to 540°C) 
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Fig. 20—Transition Curves for 2340 Steel, Bainitic 
Structures, Untempered and Tempered 1 Week at 500 °F. 


exhibited a marked effect of tempering temperature on the nature 
of the martensite decomposition product. As a typical example of 
these changes, the diffraction patterns of residues from 2340 are 
graphically illustrated in Fig. 21. The normal diffraction character- 
istics of cementite were observed only in the residues from the speci 
mens tempered at the higher tempering temperatures. In general, as 
the tempering temperature was lowered to 500°F (260°C), the 
diffraction lines of the type (hkl) became more diffuse than those 
of the type (hkQ), and only those lines for which the / index was 
small were observed. 

In contrast to the cementite-type structure observed on temper- 
ing above 500°F (260°C), tempering 1 hour at 500 and 400 °F 
(260 and 205 °C) introduced a new structure which corresponded 
to hexagonal close-packed epsilon iron carbide. The line intensities 
of this epsilon carbide differed from*those normally associated with 
hexagonal close-packed structures, particularly with respect to th 
abnormally high intensity of the (101) line. 

Effect of Tempering Time—The time of tempering at a given 
temperature exerted a marked influence on the nature of the mar- 
tensite decomposition products. The X-ray diffraction patterns oi 
residues from 4330 tempered at 400 °F (205°C) for times ranging 
from 15 minutes to 501 hours exemplified this effect and are graph- 
ically presented in Fig. 22. As the tempering time was increased, 
epsilon carbide, the first decomposition product, was gradually re- 
placed by cementite which first appeared after 4 hours and which 
completely replaced the epsilon carbide at some time between 24 and 
168 hours. No further change in the cementite pattern was observed 
on tempering up to 501 hours. The unique line intensities were 


again apparent in both the epsilon carbide and cementite diffraction 
patterns. 
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Fig. 21—Graphical Representation of X-Ray Diffraction Patterns of Carbide 


Residues From 2340 Steel, Quenched and Tempered for 1 Hour at Various 
Temperatures. (Relative intensities indicated by height of lines.) 


Time-Temperature Relationships—The anomalous intensities of 
the epsilon carbide diffraction patterns were similar to those observed 
in a high carbon steel (19) and interpreted as being the result of the 
precipitation of epsilon carbide in the form of a two-dimensional 
platelet, in which the (101) plane was parallel to the plane of the 
platelet. 

With increasing tempering time at a given temperature, the 
cementite type of diffraction pattern exhibited the same variation in 
unique line intensities that was observed when the tempering tem- 
perature was varied and the tempering time held constant. As the 
tempering time was increased or the temperature raised, the line 
intensities approached those of normal cementite. These changes in 
the cementite diffraction pattern may be rationalized on the basis of 
the plate-like nature of the cementite precipitate proposed by Jack 
(19) and the growth characteristics noted by Arbuzov (35) in 
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Fig. 22—Graphical Representation of X-Ray Diffraction Patterns of Carbide 


Residues From 4330 Steel, Quenched and Tempered at 400 °F for Various Times. 
(Relative intensities indicated by height of lines.) 


/ 


residues from a quenched and tempered 1% carbon steel. 

The results of the X-ray diffraction examination of the extracted 
residues from 2340, 4340 and 4330 quenched and tempered at tem- 
peratures from 212 to 1000 °F (100 to 540°C) and for times of 30 
seconds to 2750 hours are summarized in Tables IV, V, and VI. 
The basis for identification of epsilon carbide, “platelet cementite”, 
and cementite was identical to that illustrated in Figs. 21 and 22. 
A qualitative indication of the progress of the tempering reaction is 
apparent in Tables IV, V, and VI. There is a characteristic sequence 
of carbide transition common to all of the steels. At tempering tem- 
peratures of 500°F (260°C) and below, the formation of epsilon 
preceded that of cementite. At longer times or higher temperatures, 
the epsilon carbide was replaced by “platelet cementite”, which in 
turn grew beyond the platelet stage. Composition had no effect on 
the sequence of the carbide changes but exhibited a marked influence 





1954 EMBRITTLEMENT OF ALLOY STEEL 1579 


on the nucleation of cementite, which was most rapid in 1340* and 
slowest in 4330. 


Table IV 
Summary of the Carbides Detected in Residues From 
Quenched and Tempered 2340 Steel 
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X-Ray Diffraction — Bainmitic Structures 


The X-ray diffraction analyses of the austempered impact speci- 
mens of 2340, 4340, and 4330, for the specific treatments described 
in Figs. 17, 18, and 20, indicated that platelet or regular cementite 
was the only carbide constituent in the bainitic structures. 

Thus, for the conditions cited, epsilon carbide was not associated 
with the bainitic structures in these steels. The possibility still exists 
that epsilon carbide may exist as a transition carbide during the 
formation of bainite. As such, its occurrence would more likely be 
detected either after partial transformation or in bainite formed at 
lower temperatures. Epsilon carbide has been reported (36) in 
carbon steel bainite, a phenomenon that was not observed in either 
carbon or alloy steels in this investigation. 


SUMMARY AND CONCLUSIONS 


It is concluded that the embrittlement phenomenon which may 
occur on tempering quenched steels to high strength levels is a pre- 
cipitation or aging phenomenon. As such, it is sensitive to the com- 
position of the steel as well as to the tempering time and temperature. 
Thus the tempering characteristics of the steel play a major role in 
the development of embrittlement. The steels which softened at a 
fast rate displayed different time-temperature combinations for em- 
brittlement than those which resisted softening, but all could be more 
or less embrittled. 


The impact transition curves indicated that the room temperature 
7The sequence of carbide transitions indicated in Tables IV, V, VI for 2340, 4340, and 
' 4330 also applies to 1340. 
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Table V 


Summary of the Carbides Detected in Residues From 
Quenched and Tempered 4340 Steel 
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impact versus tempering time curves reflected changes in both the 
impact transition temperature and the supertransition energy level. 
Thus, low impact values viewed as an indication of embrittlement may 
not be entirely the result of a shift in the transition temperature. 
Bainite is not subject to the embrittlement under consideration. 
The impact behavior of completely bainitic structures was equal to or 
superior to that of tempered martensite at all strength levels. How- 
ever, mixed structures, although predominantly bainite, generally did 
not behave as well as 100% bainite. This was most evident where the 
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Fig. 23—Correlation of Carbide Type With Impact 


Energy — Tempering Time Curves for 2340 Steel. 
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Fig. 26—Transition Curves for 2340 Steel. 
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Fig. 27—Transition Curves for 1340 Steel. 


xed structure was the result of incomplete transformation to bainite 
ove Mg, a situation which undoubtedly has led to the confusion in 
literature with regard to the properties of bainite. This is not 
irprising when one considers that in some alloy steels it is not pos- 
ble to obtain a completely bainitic structure by any method, and in 
any other steels the temperature range over which this is possible 
s very restricted. 

The time-temperature relations for embrittlement and the nature 
and sequence of carbide structures exhibited a definite relationship, as 
indicated in Figs. 23 to 25 inclusive. The maxima in the curves were, 
in each case, associated with the presence of epsilon carbide, regard- 
less of the tempering time or temperature. This is strikingly evident 
in Fig. 24, for 4340, where at 500 °F (260°C) epsilon carbide and 
the impact maximum occurred in 5 minutes or less—at 212 °F the 
same situation required 200 hours or more to develop. In similar 
fashion, the initiation of embrittlement was always coincident with 
the initial formation of platelet cementite and the gradual disappear- 
ance of epsilon. In the few cases examined, overaging was coincident 
with a marked increase in the cementite particle size. 

The embrittlement is directly associated with the early stages of 
the precipitation of cementite from martensite. However, the precise 
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Fig. 28—Transition Curves for 4340 Steel. 


manner in which this precipitation will give rise to embrittlement is 
not known. A cementite network along the original grain boundaries 
or possibly outlining the tempered martensite plates as recently sug- 
gested (37) could, of course, reduce the ductility. Likewise, if the 
platelet cementite is coherent with the matrix, some loss of ductility 
might be anticipated. However, there is no positive evidence in 
support of cementite coherency, and no hardness anomaly which usu- 
ally accompanies coherency was observed. 

The authors favor the concept that the embrittlement arises from 
localized precipitation of (platelet) cementite in the prior austenite 
grain boundaries which precedes the general precipitation. This local- 
ized overaging would give rise to a thin ferrite network surrounding 
higher strength martensite in a less advanced stage of tempering. As 
Grossmann demonstrated, such a situation will embrittle steel. The 
concept of localized overaging of martensite virtually requires that 


1954 EMBRITTLEMENT OF ALLOY STEEL 1585 


Oil-Quenched | | Oil-Quenched 


| 
Tempered 400°F -!| hr.——+-4 _ Tempered 500°F-| hr 
| ' j ' i j 








Oil-Quenched 
Tempered 800°F-Ihr +— 


| pees eo 
T eo —t—? 


ae 





ER 


| Oil-Quenched 
Tempered |OOO°F- | hr, 


Oil-Quenched | | Oil-Quenched 
Tempered 400°F -168 hrs. + Tempered 500°F -168hrs.4 


. + + 4 + sna igiepamcttions 
T T T re 


} i — 
| oot 
oe 1 glee | 
al } , + 1 } } 


Oil-Quenched ed 630°F - 2hrs. 
- Tempered 500°F -5Smin. t = te 


? on) 
| | | ,°| e 
tat 
+ reer —— —§ o—+ Tt 


Impact Energy, Ft-Lbd 


e | 
5 fond 





- 200 O 200 400 -200 O 200 400 
Testing Temperature °F 


Fig. 29—Transition Curves for 4330 Steel. 


the epsilon carbide also will precipitate first in the boundaries. The 
fact that this stage is not accompanied by embrittlement may be 
rationalized on the basis that the epsilon carbide is in pseudo- 
equilibrium with martensite of approximately 0.25% carbon. Thus, 
! here the thin films will be composed of 0.25% carbon martensite 
which has relatively high strength properties, and hence the condition 
necessary for embrittlement does not exist. Specifically, the thin films 
are not low strength material (ferrite) whose flow would be restricted 
by the neighboring high strength martensite—the situation responsible 
for the embrittlement. Many examples exist in nonferrous age hard- 
ening systems where loss of ductility can be correlated definitely with 
localized overaging in the grain boundaries, some of which have been 
recently considered by Geisler (38). 
At present, there appear to be at least three approaches to the 
problem of minimizing, avoiding or eliminating embritttlement in 
steels at high strength levels: 


ay ee ee 
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1. The development of special analyses with retarded martensite 
tempering characteristics. This approach has already demonstrated 
considerable promise (11). However, one should appreciate that 
although a slow tempering steel may not embrittle at one tempering 
time-temperature combination, another combination involving a more 
advanced stage of tempering may well embrittle the steel. 

2. The development of faster martensite tempering steels so that 
overaging will occur and embrittlement be eliminated in practical 
tempering times. The addition of cold work should shorten the time 
for overaging ; and if recrystallization of the matrix accompanies the 
aging of martensite, then cold work might prove to be most efficacious 
in promoting overaging. However, at best, this method appears to be 
limited to something short of the very high strength levels desired. 

3. The development of steels which can be treated to 100% 
high strength bainite. Such steels should have a relatively low M, 
temperature and a high bainite completion temperature. As _ the 
strength requirements increase, higher carbon steels will be required. 
Fortunately, as the carbon content is increased, not only does the 
strength of the bainite increase, but also the transformation character- 
istics become increasingly favorable for the attainment of completely 
bainitic structures. Thus this approach also appears to offer great 
promise, especially at very high strength levels which require higher 
carbon steels in which tempered martensite may be subject to severe 
embrittlement. 
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Appendix I 
Electrolytic Isolation of Carbides 


The decomposition carbides were electrolytically separated from 
selected broken charpy impact specimens. This pern.'tted a positive 
correlation of X-ray diffraction results with mechanical test data. 

A two-compartment electrolytic cell was used similar in principle 
to one developed by Treje and Benedicks (39) and modified by Blick- 
wede and Cohen (40). A sketch of the cell used in this work is shown 
in a Wright Air Development Center Technical Report (41). The 
catholyte consisted of a 10% solution of CuSO4-5H,2O in distilled 
water, while the anolyte was 15% sodium citrate, 1% KBr, 1% 
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KCNS and 0.1% KI in distilled water. The anolyte was circulated 
to prevent the pH from dropping to an excessively low value in the 
vicinity of the specimen. The addition of KCNS to the anolyte was 
made to prevent deposition on the residue of copper from the steel. 

Normally, a run lasted 7 hours at a current density of 0.08 to 
0.10 amp per square centimeter of anode area. At the midpoint and 
at the end of the run the specimen and holder were removed from 
the cell and immersed in 600 cc of mildly agitated distilled water for 
5 minutes. This was repeated with fresh distilled water and the ad- 
hering residue was then scraped into a small vial of methyl alcohol. 

A powder specimen was then prepared and the X-ray diffraction 
exposure started within an hour or so of the completion of the electro- 
lytic separation. 


Appendix II 
Impact Energy Transition Curves 


Examples of the impact energy data which were utilized to draw 
the transition curves are given for each of the steels in both the mar- 
tensitic and bainitic conditions in Figs. 26 to 29. A minimum of 10 
and a maximum of 20 specimens were tested to evaluate each condi- 
tion as a function of testing temperature. The tests were spaced over 
the entire testing temperature range from —321 to 450 °F (—197 to 
230 °C). The scatter encountered was normal for this type of test. 


DISCUSSION 


Written Discussion: By B. S. Lement, Research Staff, Massachusetts 
Institute of Technology, Cambridge, Mass. 

The authors are to be congratulated for a paper of such broad theo- 
retical and practical interest. Since the scope of their investigation included 
certain phenomena also investigated by the discusser, he would like to 
comment on some points of mutual interest. 

With respect to the tempering temperature (based on 1-hour time) 
at which e-carbide disappears, this temperature is 400 to 500°F (205 to 
260 °C) for the SAE 2340, 43830, and 4340 steels studied here; whereas this 
temperature is 550 to 600 °F (290 to 315°C) for 0.4, 0.8, and 1.4% carbon 
purity iron-carbon alloys recently studied by the discusser®. Similarly the 
temperature at which initial formation of cementite occurs is about 400 to 
450 °F (205 to 230°C) for the three alloy steels, and about 450 to 500 °F 
(205 to 260°C) for the iron-carbon alloys. Considering the fact that two 
different techniques were employed, X-ray diffraction versus electron 
microscopy, the agreement is quite good and suggests that the alloy con- 
tent of SAE 2340, 4330, and 4340 steels may have only a slight effect on 
these carbide phenomena. 


SB. S. Lement, B. L. Averbach and M. Cohen, “Microstructural Changes on Tempering 
lron-Carbon Alloys’’, see this volume of TRANSACTIONS. 
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I am in agreement with the authors that the “500°F embrittlement” 
arises from localized precipitation of cementite in the prior austenitic 
grain boundaries. Whether the embrittlement is actually due to the pres- 
ence of a thin ferritic network as postulated by the authors to adjoin the 
precipitated cementite at these boundaries, or to the cementite itself as 
suggested by the discusser*, is an open question. Conceivably the observed 
brittleness may be due to contributions from the two effects. 

Written Discussion: By P. Payson, assistant director of research, and 
A. E. Nehrenberg, supervisor, Research Laboratory, Crucible Steel Com- 
pany of America, Harrison, N. J. 

The authors are to be commended for the large amount of data they 
have presented on steels heat treated to high strength levels. Data of this 
kind have been all too few in the past. 

Considerable work on steels at high strength levels has been done at 
the laboratory with which these discussers are associated. Of the three 
approaches suggested by the authors toward the development of a steel of 
high strength combined with good ductility and notch-impact, we believe 
the first one given on page 1586 of the article is the best, namely, the 
development of steel with retarded martensite tempering characteristics. 
A steel designated Super HY-Tuf with the nominal analysis: 


Cc Mn Si Cr V Mo 
0.33/0.38 1.30 1.90 1.30 0.20 0.35 
0.38/0.43 


is now available which, because of its high silicon content, can be tempered 


Mechanical Properties 4340 & Super HY-Tuf 


300 ~ Super HY-Tuf 
S  X0.40%0 


c 
oO 
cw ; 
Lo 260 
WO x 
v5 
@ * 220 
Cc 
y 
bK- 

igo 





Super HY-Tuf 
0.40%C 


lzod Impact, 
Ft-Lb 





O 200 400 600 800 woo {200 
Tempering Temperature ° F 


Fig. 30—Mechanical Properties of 4340 and Super HY-Tuf Steels. 
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over a fairly wide range, approximately 400 to 600°F, without suffering 
much change in tensile or impact properties. This is shown in Fig. 30 in 
which it may be seen that 4340 and 0.40% carbon Super HY-Tuf have 
about the same tensile and impact properties when each is tempered at 
400 °F (205°C), but when higher temperatures are used for tempering, 
both the tensile and impact properties of SAE 4340 fall off appreciably, 
whereas those of Super HY-Tuf are only moderately affected. 

It is our opinion that the optimum properties are attained in steel by 
using a carbon content no higher than necessary for the development of 
the desired strength level, and heat treating to martensite tempered just 
short of the third stage, that is, below the temperature at which the car- 
bide FesC begins to precipitate. If a strength level of 270,000 psi is desired, 
we prefer to use a 0.35% carbon steel tempered at 550 °F (290°C), rather 
than to use a 0.40% carbon steel tempered at a higher temperature. This 
is illustrated in Fig. 31 which shows that at a strength level of 300,000 psi, 


Impact Properties Super HY-Tuf and 4340 
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Fig. 31—Impact Properties of Super HY-Tuf and 4340 Steels 


SAE 4840 and 0.40% carbon Super HY-Tuf are about equal in toughness, 
but at the 270,000-psi strength level, SAE 4340 is definitely inferior to 
0.35% carbon Super HY-Tuf, since to develop this strength in SAE 4340 
the steel has to be tempered at about 500°F (260°C) which is the tem- 
perature at which this steel is “embrittled”. The 0.35% carbon Super 
HY-Tuf, on the other hand, has its best properties when tempered at 550 
°F (290 °C). 

In regard to the authors’ suggested use of high carbon steel heat 
treated by austempering, instead of the conventional quench and temper, 
we have seen no evidence that would encourage us to believe such a pro- 
cedure would produce the:desired results. In the first place, there are few 
Steels with the desired transformation characteristics, namely, relatively 
slow transformation at high temperatures; relatively rapid transformation 
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at temperatures just above M,, and a 100% bainite structure at a hardness 
of Rockwell C-54 to C-58. Additional steels with such characteristics 
undoubtedly could be developed. 

In the second place, the notch impact values of high carbon steels 
austempered to Rockwell C-54 to C-58 have been found to be quite low. 
Data on two steels having the proper transformation characteristics are 
given in the tabulation below: 


Steel G Mn Si Cr WwW Mo 
No. 1 0.90 1.30 0.25 0.50 0.45 1 ee 
No. 2 0.70 0.85 0.25 Gin ae a 0.80 
—Heat Treatment, °F-—, Rockwell V-Notch Izod 
Steel Aust. Transf. C ft-lbs 
No. 1 1475 500—6 hrs. $7.5 3 
No. 2 1500 550—2 hrs. 53.5 5 
No. 2 1500 500—3 hrs. 56.5 5 
No. 2 1500 450—5 hrs. 58 1 


These impact values are well below those attainable in Super HY-Tuf 
at equivalent hardness. Incidentally, the authors’ own data in Fig. 15 
show that 4340 oil-quenched and tempered at 400°F (205°C) for 1 hour 
has a better combination of hardness and toughness than 4340 austempered 
at 585 °F (305°C) for 2 hours, as given in Fig. 17. 

Written Discussion: By E. F. Bailey, metallurgist, Ferrous Alloys 
Sranch, Naval Research Laboratory, Washington, D. C. 

The authors are to be congratulated on the manner in which they have 
presented and correlated the X-ray evidence for the formation of carbides 
from martensite with the notch toughness of the high strength steels stud 
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Characteristics. 


ied. It is regrettable that such information for bainites formed near M. 
is not included so that it could be more clearly established whether or not 
the seemingly beneficial effect of bainite is mainly one of difference in 
aging or prevention of residual strains occurring from the formation of 
martensite during rapid cooling. 

The data reported here, that notch toughness is improved by decreas- 
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ing the amount of martensite formed during rapid cooling and increasing 
the amount of acicular bainite, agree with previous work by Bailey and 
Harris® at the 180,000 and 150,000-psi level, and recent data taken at NRL 
on AISI 4840 at the 225,000-psi level which are shown in Fig. 32. The steel 
was quenched below Ms, 600°F (315°C), to the temperatures indicated 
and then immediately reheated to 700 °F (370°C) (without going to room 
temperature) and held for 1 hour, then water-quenched to room tempera- 
ture. All material was Rockwell C-46 to C-47. It can be seen that as less 
martensite is formed prior to holding at 700°F, the notch toughness is 
improved with respect to energy absorbed; however, there is little shift 
in the transition range. 
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Fig. 33—Effect of Quenching Conditions on Charpy V-Notch 
Impact Characteristics. 


Other work at the Rockwell C-52 level indicated that the beneficial 
effect of forming less martensite may be the reduction of residual strains 


caused by martensite formation during rapid cooling. In this work 
AISI 4340 was heat treated to Rockwell C-52 in three different manners 
with the tempering temperature, 400°F, held constant. The impact 


energy —testing temperature curves for these heat treatments are shown 
in Fig. 33. It can be seen that the steel quenched to liquid nitrogen 
immediately after the oil quench is inferior to that steel which was oil- 
quenched only. The third method was quenching the steel into molten 
salt at 615°F for 35 seconds during which 1% bainite formed, and air 
cooling to room temperature followed by a 400°F temper. The beneficial 
effects of this latter treatment are a higher maximum energy which main- 
tains a constant level of about 30 ft-lbs until tested at 0°F. Microstruc- 
tural examination in the as-quenched condition revealed that a great deal 
of tempering of the martensite took place during the air cooling to room 
temperature. Decomposition studies below M, revealed that most of the 
transformation took place during cooling in the times involved. 


*E. F. Bailey and W. J. Harris, “Effects of Decomposition of Retained Austenite Dur- 
ing Tempering and Its Effects on Mechanical Properties’, Transactions, American Society 
for Metals, Vol. 44, 1952, p. 204. 
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Written Discussion: By Morris Cohen, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

In addition to the important findings of the authors relative to the 
500 °F embrittlement of alloy steels, this paper contains a significant by- 
product that is worthy of mention. It is shown that the epsilon carbide 
retains its identity even when extracted electrolytically. This observation 
clearly demonstrates that the epsilon carbide is not an early form of 
cementite that is restrained from becoming cementite because of co- 
herency with the matrix. The epsilon carbide may be coherent as pre- 
cipitated, but it must be regarded as a phase in its own right. It is less 
stable than cementite, but appears before the cementite does because it 
nucleates and grows faster. When cementite subsequently precipitates, 
the epsilon carbide progressively disappears. In a similar sense, the 
cementite nucleates and grows faster than graphite does. The latter is 
still more stable, and so, if it precipitates eventually, the cementite will 
redissolve. 

Thus, the tempering of martensite provides an excellent example of 
successive precipitation in which the intermediate stages are competitive, 
rather than necessary, steps in the ultimate attainment of equilibrium. 

Written Discussion: By Leonard D. Jaffe, Watertown Arsenal Labo- 
ratory, Watertown, Mass. 

A fourth approach to avoiding embrittlement in steels in high strength 
levels is lowering of the tempering temperature. Embrittlement on tem- 
pering at, say, 500 to 700°F may be avoided by decreasing the tempering 
temperature to about 400°F, with increase in both toughness and hard- 
ness. This approach presumably was not mentioned by the authors as 
being too obvious, but it seems worth noting, since many misleading com 
parisons of properties of martensite versus bainite, or of steels of different 
compositions, have been made on the basis of tempering at 500 to 700 °F, 
with no regard to the increased properties attainable with one of the 
microstructures or compositions by lowering the tempering temperature 

Written Discussion: By H. B. Knowlton, chief engineer, Materials 
Engineering, International Harvester Co., Chicago. 

The authors have presented some valuable information with regard 
to the embrittlement of certain alloy steels, particularly when given some 
noncommercial heat treatments. We have no fault to find with the tech- 
nical accuracy of the paper. We do fear possible misinterpretations which 
others may place upon these data, in efforts to apply the information to 
practical problems. 

It would be most unfortunate if people generally considered that it 
is necessary, or desirable, to use steels containing 3% or more of nickel 
for all parts which are subject to severe impacts. The experience of the 
Korean war has shown that any considerable production of jet planes will 
require all of the nickel that can be produced. Even civilian use of nickel 
for corrosion and heat resisting parts is increasing. We fully believe that 
the country which wins the next war or the next peace will be the one 
which makes the most economical use of their critical alloying elements 
(including nickel) without jeopardizing the performance of their products. 

Actually our company found that it could replace about 75% of its 
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use of nickel for heat treatable steels. We used about 80,000 tons per year 
of chromium-boron steel for highly stressed truck and tractor parts, with- 
out any failures attributable to the steel. Fatigue and simulated service 
tests demonstrated that the new steels had as good service strength as the 
ones replaced. We will grant that certain case-hardened gears gave trou- 
ble with distortion in hardening. Our heavy-duty trucks were subjected 
to impacts produced by overloading and high speeds. Some of the crawler 
tractors were used in place of dynamite in removing rocks from the sides 
of mountains. 

In most technical papers the term impact is applied to what is really 
a “notch toughness” test. The impact transition temperature is the tem- 
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Fig. 34—Effect of Notch Sharpness on the Impact 
Properties of a Carbon and a Nickel Steel. Upper curves 
are for normalized 0.15% carbon steel; lower curves are 
for normalized 0.15% carbon and 2.00% nickel steel. 


perature at which the sharp notched specimen responds in a brittle man- 
ner to the blow of the standard pendulum. 

Fig. 34, taken from the work of Wray, shows the effect of the sharp- 
ness of the notch upon the transition temperatures of carbon and 2% 
nickel steels. With a 0.009 radius, the temperature of transition, from 
tough to brittle performance of carbon steel, is zero °F, but with a small 
commercial fillet of sy:-inch radius, the transition temperature is depressed 
to about —60°F. The transition temperatures for the nickel steel were 
—60 °F for the sharp notch and —140°F for the x:-inch fillet. We will 
hope that no commercial part subject to transverse shock is designed with 
a 0.009-inch radius fillet. 

The metallurgist of one of the passenger car factories, who has been 
successful in using such steels as the 1300 series, has said he can replace 
a lot of nickel with a decent fillet. 

Of course, it will be argued that increased velocity of application of 
stress has the effect of increasing the transition temperature. Conse- 
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Fig. 35—-Fractures From Impact Transition Temperature Tests Applied to 
Sharp-Notched Specimens From Two Steels Used for Automotive Leaf Springs. 
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quently, the sharp notch and Charpy V or Izod pendulum may correlate 
with the larger fillet and more rapidly applied loads. This is particularly 
claimed for impacts at ballistic velocities. This may be true. 

The fact remains that the cold notch toughness has been very little 
used by successful automotive metallurgists. Some have expressed the 
opinion that this type of test has little correlation with the performance 
of well-designed automotive parts. 

Fig. 35 shows the fractures from impact transition temperature tests 
applied to sharp-notched specimens from two steels used for automotive 
leaf springs. It will be noted that the V-notched SAE 5152 steel speci- 
mens reacted brittle at temperatures as high as 40°F; yet springs made 
of this type of steel have been successfully used on the Alcan Highway at 
temperatures of —50 °F. 

The X1066 (an experimental ingot number) which was a low 
chromium-molybdenum steel showed a very low transition temperature. 
Fatigue strength and service performance of springs seem to be similar 
to that of the chromium steel. It is interesting to note, however, that 
molybdenum also depresses the notch-bar impact transition temperature. 

We have not had any personal contact with aircraft problems. It 
may be that the cold notch-bar toughness test may have some correlation 
with the performance of landing gears. However, if this has not been 
scientifically proven, we believe that the time is coming when even aircraft 
manufacturers will demand proof that high alloy steels are necessary. 

The present discusser has been very much interested in determining 
the minimum amount of the critical elements which is necessary to the safe 
performance of our products. It may be remarked that while restrictions 
on nickel are to be lifted November 1, it is still not plentiful in supply. 
Chromium has never been listed as critical but is better than 90% im- 
ported. Very recently molybdenum production seems to have exceeded 
the demand. We would hazard a guess that in the next period of critical 
shortage we may depend upon molybdenum-boron steels to save the day. 


Authors’ Reply 


The authors appreciate the interest displayed in this work. 

As Lement points out, embrittlement could arise from a carbide net- 
work as well as from a thin ferrite network. Admittedly no direct experi- 
mental evidence exists to support either view. We believe that a thin 
ferrite network is responsible for the embrittlement, primarily for the 
following two reasons: 

1. The precipitation of epsilon carbide does not cause embrittlement, 
although its distribution is much the same as for cementite. In this con- 
nection, one should remember that the precipitation of epsilon carbide does 
not completely impoverish the matrix of carbon (to leave ferrite); but, 
rather, results in a relatively strong martensite matrix. 

2. There is definite experimental evidence for overaging. It is difficult 
to visualize recovery of ductility by overaging a structure in which embrit- 
tlement has resulted from,a continuous equilibrium carbide network. 

We hasten to point out that in the comparisons made by Payson and 
Nehrenberg, the data they give for 4340 bear no relationship to those 
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presented in this paper. A plot of the V-notch Charpy values obtained 
for 4340 in this study superimposed, for example, on Fig. 31 presented by 
Payson and Nehrenberg would make a more instructive comparison in our 
opinion. We appreciate learning of the experience at Crucible Steel with 
austempered structures in several relatively high carbon alloy steels. Cer- 
tainly the time has come when new alloy constructional steel compositions 
may be developed on a basis other than hardenability alone. As our 
knowledge of the fundamental behavior of alloying elements in steel 
expands, the development of new compositions will become increasingly 
fruitful. 

It is gratifying to observe that Bailey’s data on similar steels at high 
strength levels are consistent with ours. Quite a bit of carbide X-ray dif- 
fraction data was obtained which could not be included in the paper. For 
example, a serious attempt was made to obtain epsilon carbide in bainite. 
The tabulation below lists some of the conditions which were examined 
and not reported in the paper. 


Steel Austemper Time and Temperature % Bainite 
SAE 4330 630 °F, 2 hours 100 
SAE 4330 640 °F, 4 hours 99 
SAE 4330 535 °F, 2 hours 50 
SAE 4340 585 °F, 2 hours 100 
SAE 4340 545 °F, 2 hours 90 
SAE 10100 400 °F, 1.5 hours 30 (approx. ) 


In all the above cases the formation of cementite had progressed to a 
relatively advanced stage, as indicated by the diffraction patterns. Ad 
mittedly, this does not prove that epsilon carbide is not involved in th« 
austenite-to-bainite transformation. One may logically argue that ii 
epsilon carbide did form, it would have disappeared in the time and 
temperatures involved. However, it is our personal opinion that epsilon 
carbide is not involved in the austenite-to-bainite transformation. 

We definitely agree with Morris Cohen that epsilon carbide should 
be regarded as a distinct phase and not necessarily dependent upon coher 
ency for its existence. In other words, epsilon carbide does not transform 
directly to cementite by loss of coherency. 





ALPHA-MOLYBDENUM HOT-WORK DIE STEELS 
By R. B. Corsett, J. A. Succop AND A. FEDUSKA 


Abstract 


The properties of several alpha-molybdenum steels 
were investigated for possible application as hot-work die 
blocks. 

Preliminary investigations of these alloys imvolved 
determinations of thei isothermal transformation charac- 
teristics and microstructures. The outstanding properties 
of these materials were found to be their age hardening 
tendency and their great resistance to heat checking as 

evidenced by actual service performance. 

Die blocks of these grades were investigated to deter- 
mine their properties, particularly impact strength, degree 
of hardenability, and effect of precipitation hardening with- 
in large sections. 


ARLY interest was aroused in the alpha-molybdenum steels’ 

low carbon content containing 3% molybdenum, because of their 
resistance to heat checking when used as permanent molds for cen- 
trifugal casting. As resistance to heat checking is also important 
in the case of hot-work die block materials, several heats of 0.15% 
carbon, 3.20% molybdenum steels were made for experimental die 
block use. 

From service data of these experimental die blocks, it was ap- 
parent that although this grade possessed good resistance to thermal 
checking in the die impressions, impact properties were lower than 
desirable. 

Material Investigated—In order to improve the toughness of the 
alpha-molybdenum steel, nickel was added and a lower carbon content 
was recommended. Accordingly, three electric induction furnace 
heats were melted and cast into ingots weighing 1380 pounds. The 
composition of these steels is given in Table I. 

One die block, measuring 12 by 14 by 16 inches, was obtained 
tr ym each of the ingots by cogging and upset forging with a sufficient 


1The term “alpha-molybdenum steels’’ as used here is not intended to mean that oe 
gamma-phase does not occur in the steels of this investigation. The nomenclature is anogeae 
loosely from the designation of low carbon iron-molybdenum alloys as “‘alpha-iron steels’ 


S. H. Rees, “‘The Properties of Non-Hardenable Alpha-Iron Steels”, Journal, Iron and Sted 
Institute, Vol. 130, No. 2, 1934, p. 325. 


A paper presented before the Midwinter Meeting of the Society, held in 
Boston, March 4 and 5, 1954. Of the authors, R. B. Corbett is research engi- 
neer, J. A. Succop is chief metallurgical engineer, and A. Feduska is metallur- 
gical engineer, Heppenstall Co., Pittsburgh. Manuscript received April 3, 1953. 
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Table I 
Chemical Analysis, % 
Heat Code Cc Mn P S Si Ni Mo 
8188 lJ 0.22 0.50 0.016 0.026 0.30 2.80 2.95 
8189 27 0.24 0.63 0.016 0.027 0.30 i 2.95 
8190 3J 0.10 0.50 0.017 0.025 0.26 2.95 


supply of 2.5-inch square billet stock for later use in investigating the 
properties of the material. On the basis of macro-etch tests, the steel 
was found to be sound and of good quality. 


[ISOTHERMAL TRANSFORMATION CHARACTERISTICS 


Preliminary investigations of these steels included determinations 
of their transformation characteristics and relative hardenability by 
means of isothermal transformation diagrams. 

Procedure—As a first step, proper austenitizing conditions for 
each steel were determined by quenching a series of specimens from 
successively higher temperatures in 20 °F increments. The specimens 
were held at temperature for various austenitizing times and wer 
then water-quenched. Metallographic examinations of the quenched 
specimens were conducted to determine the proper heating conditions 
required to obtain nearly complete solution of the carbides. For each 
of the steels, the following austenitizing treatments were established : 


Steel Austenitize 
lJ 1900 ° F—2 hours 
2) 1900 ° F—2 hours 
3] 1850 ° F—2 hours 


It was noted that the carbides of Steel 3J went into solution at a 
lower temperature than those of 1J and 2J steels, as Steel 3] was of 
lower carbon content. Nickel appeared to have little effect on the 
carbide solution temperature of 1] steel, probably because nickel is 
not a carbide-forming element. 

Isothermal transformation diagrams for these steels were deter 
mined in the usual manner (1, 2)*. A number of specimens, % by 
4 by % inch, were austenitized by heating at the above temperatures 
for 2 hours prior to being quenched into molten salt maintained at 
the temperature at which transformation was to be determined. Each 
specimen was held in the salt pot for the desired interval of time, and 
then immediately quenched into water. The samples were then cut 
in half, their Rockwell hardnesses determined, and microscopic exam- 
inations conducted. 

In previous determinations of isothermal transformation dia- 
grams for simpler types of steels, the progress of austenite transfor- 
mation could be readily followed because the transformation product 





2The figures appearing in parentheses pertain to the references appended to this paper. 
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etched differently than did the freshly formed martensite produced 
upon quenching the remaining austenite. Furthermore, as the trans- 
formation products were usually softer than martensite, the hardness 
would decrease in a series of samples as transformation neared com- 
pletion ; thus, the hardness changes would provide an additional check 
on the progress of the transformation at any particular temperature. 

The actual determination of the isothermal transformation dia- 
erams for the alpha-molybdenum steels was troublesome, however, 
because the low carbon contents of these steels made positive identi- 
fication of their microstructures uncertain; moreover, their hardness 
did not always indicate the progress of the transformation. Similar 
difficulty in interpreting isothermally transformed microstructures of 
a 2% molybdenum, 0.33% carbon steel has been reported in a pre- 
vious investigation (1). 

Difficulty in interpreting microstructures was also encountered 
when an attempt was made to determine the temperatures of martens- 
ite formation in these steels by the quench and temper technique (3, 
4), as it was impossible to distinguish the tempered martensite from 
the untempered martensite. [or this reason, the M, temperatures 
were calculated (5). 

The isothermal transformation diagrams of the 1J, 2J, and 3] 
steels are presented in Figs. 1, 2, and 3, respectively. In these figures, 
the beginning of transformation was taken to be the time when ap- 
proximately 0.5% of transformation product appeared; the ending, 
when less than 1% of untransformed austenite remained, as estimated 
from metallographic examination. 

E ffect of Chemical Composiitton—The diagrams of Figs. 1, 2, and 
3 offer an opportunity to draw several generalizations concerning the 
effect of variation in chemical composition upon the transformation 
behavior of these steels. Comparison of 1] (0.22% carbon, 2.80% 
nickel, 2.95% molybdenum) with 2J (0.24% carbon, 2.95% molyb- 
denum) reveals that the introduction of nickel delays the initiation of 
both the bainitic and pearlitic transformations and increases the time 
required for their completion and, in addition, appreciably lowers the 
temperature range of both reactions. Similarly, if 2] steel of 0.24% 
carbon and 2.95% molybdenum is compared with 3] steel of 0.10% 
carbon but of the same molybdenum content, it may be seen that 
carbon also lowers the temperature range of both the pearlitic and 
bainitic reactions and delays the transformation to pearlite and bain- 
ite. The effect of molybdenum in accentuating the “bay region” at 
about 1100 °F is apparent for all three steels. 

Prediction of Hardenability Based on the Transformation Dia- 
grams—Comparison of the diagrams of Figs. 1, 2, and 3 indicates 
that the 1J steel possesses the greatest hardenability of the group, 
while the 3J steel possesses the least hardenability and would prob- 
ably be unsuitable for large die block manufacture. Of the three 
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Fig. 1—Isothermal Transformation Diagram for 1J Steel. 
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Fig. 2—Isothermal Transformation Diagram for 2J Steel. 


steels, the hardenability of the 2] steel is not nearly as great as that 
of the 1J steel. 

As a pearlitic structure is undesirable in die blocks, quenching of 
a block from its austenitizing temperature must produce a cooling 
rate sufficiently rapid to avoid entirely the pearlitic transformation 
region of the transformation diagram in question. With this thought 
in mind, and knowing the cooling curves of representative die blocks 
quenched in the usual manner, it may be predicted that the 1J steel 
would possess ample hardenability, for even in the largest sizes of 
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Fig. 3—Isothermal Transformation Diagram for 3J Steel. 


die blocks transformation to pearlite would be avoided and the steel 
would transform, as indicated in Fig. 1, at temperatures below 850 

F (455°C). From a study of the transformation diagram for 3] 
steel, it 1s apparent that blocks of this steel would possibly contain 
some pearlite and certainly a percentage of free ferrite when quenched 
during heat treatment. In the case of blocks of 2] steel, the formation 
of pearlite upon quenching could be avoided, but such blocks would 
offer inferior mechanical properties. This last statement is based on 
data obtained in previous investigations of die block steels, which 
indicated that lower temperature bainitic transformation products pos- 
sess mechanical properties superior to those of higher temperature 
bainitic transformations. 

Microstructures of Isothermal Transformation Products—Photo- 
micrographs of Fig. 4 illustrate the pearlitic and bainitic microstruc- 
tures of these steels when transformed at 1300 and 850 °F (705 and 
455 °C). Fig. 4a shows partial transformation at 1300 °F (705 °C) 
and indicates that pearlite formed at this temperature in 1] steels is 
irregular in nature and consists of broken plates of a carbide phase 
in a ferrite matrix. This pearlite is somewhat different in appearance 
from the pearlite of plain carbon steels. Fig. 4b indicates that in the 
bainite region [below 900°F (480°C) on the 1J transformation 
diagram], molybdenum causes the ferrite to form in an acicular man- 
ner, with the carbide constituent apparently being formed at the junc- 
tion of the lateral growth of the ferrite blades. The microstructure 
of 1J steel and the other steels of this investigation proved to be so 
unusual that X-ray diffraction studies will be necessary for an accu- 
rate determination of their metallographic constituents. 
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Fig. 4—-Isothermal Transformation Products of Alpha-Molybdenum Steels. 
4% Picral etch. X 2000. Reduced 20% in making halftone. 4a, c and e—1300 °F 
products; 4b, d and f—850 °F products of 1J, 2] and 3J, respectively. 


The other four photomicrographs of Figs. 4c to 4f illustrate the 
similarity that exists between the microstructures of the three steels. 
As shown in the photomicrographs, the 850 °F (455°C) products 
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Fig. 5—-Photomicrograph of Partial Isothermal Transformation of 1J Steel at 
1200 °F. 4% Picral etch. X 2000. 


are similar, but the bainite of the 3] steel necessarily possesses more 
ferrite because of its lower carbon content. In addition, the pearlites 
found in the three steels appear similar, especially if pearlitic trans- 
formation products corresponding to the same relative positions on 
the three pearlitic transformation curves are compared. In other 
words, the 1300°F (705°C) pearlites of the three steels cannot 
actually be compared, because formation of the 1300 °F (705 °C) 
pearlite of 1J steel corresponds to the nose of the 1J pearlitic trans- 
formation curve, whereas the 1300 °F (705 °C) pearlites of the 2] 
and 3] steels are those formed 100 degrees or so below the noses of 
their respective curves. However, the 1200 °F (650°C) pearlite of 
1] steel compares very well with the 1300 °F pearlites of the 2) and 
3] steels, as indicated in Fig. 5 and Figs. 4c and 4e. 


THe EFFECTS OF TEMPERING THE TRANSFORMATION PRODUCTS 
OF THE 3% NICKEL, 3% MOLYBDENUM STEEL 


Because the 1J steel was expected to possess the best mechanical 
properties, it was decided that this steel was best suited for large die 
block application. To verify this statement, additional work was con- 
ducted to determine the tempering and impact properties of its iso- 
thermal transformation products. These properties were determined 
only for the 650, 700 and 1200 °F (345, 370 and 650 °C) products. 
Other transformation temperatures were not considered because of 
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the long periods of time necessary for complete transformation (see 
Fig. 1). 

Procedure—Specimens large enough for impact tests were trans- 
formed at 650, 700 and 1200°F (345, 370 and 650°C). After 
transformation had been completed, duplicate samples were tempered 
| hour at temperatures ranging from the transformation temperatures 
to a maximum of 1240°F (670°C) in order to obtain a range of 
hardnesses. After these tempering treatments, the impact specimens 
were air-cooled. 

Hardness-Impact Strength—The impact strength and hardness 
of the 1J transformation products as affected by tempering for 1 hour 
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Fig. 6—Tempering Characteristics and Impact Properties of 


650, 700 and 1200 °F Isothermal Transformation Products of 1] 
Steel. 


at the indicated temperatures are plotted in Fig. 6. The behavior « 
the 1] steel after tempering reveals the aging characteristics of thi 
steel, for with increased tempering temperature the 650 and 700 °! 
isothermally transformed specimens became increasingly harder afte: 
being tempered at temperatures ranging up to 1100 °F at which tem 
perature the 1J steel had increased in hardness by 6 points Rockwel 
C. (Steels of slightly higher molybdenum content than the 1J stee! 
have been observed to age harden to a greater degree.) Tempering 
above 1140 °F caused the hardness of the 650 and 700 °F (345 and 
370 °C) products to drop rapidly. 

The curves for the impact properties of the 650 and 700 °F (345 
and 370°C) transformation products versus tempering temperature 
were also interesting. The initial impact strength was high but de- 


— - . 
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creased as tempering temperatures were increased up to 1180°F 
(640°C). Tempering above 1180°F (640°C) immediately re- 
sulted in a rapid increase in the impact strength. 

The results for the 1200 °F (650°C) transformation product in 
Fig. 6 demonstrate very little except that they substantiate the fact 
that higher temperature transformation products have lower mechan- 
ical properties. Fortunately, as previously explained, no 1200 °F 
(650 °C) transformation would occur in a die block of 1J steel heat 
treated in the usual manner. 
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Fig. 7—Hardness-Impact Relation for Transformation Prod 
ucts of lJ Steel. 


Fig. 7 is a replot of the impact data of the isothermal transfor- 
mation products of the 1J steel, in which impact strength is plotted 
with respect to hardness. The hardness-impact curves for the 650 
and 700 °F (345 and 370 °C) transformation products are interesting 
in that the curves assume a “C” shape. This type of curve differs 
trom the general type of hardness-impact curve for isothermal trans- 
formation products. Theoretical discussion of the nature of the “C” 
curves will not be attempted, but the shape of these hardness-impact 
plots is probably related to the precipitation hardening of the 650 and 
700 °F (345 and 370°C) transformation products which was pre- 
viously noted in the discussion of Fig. 6. 

Microstructure of the Tempered 700 °F Isothermal Transforma- 
tion Product—Fig. 8 presents photomicrographs of the 700 °F (370 

C) transformation product of 1] steel after tempering at the tem- 
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peratures indicated. The gray-etching smeared-like streaks that ap- 
pear in the photomicrograph of the impact specimen which had been 
tempered at 1050 °F (565 °C) (Fig. 8b) are probably due to a pre- 
cipitated phase. Although the mechanism by which age hardening 
takes place is still not completely understood, it is probable that 
formation of these gray streaks is due to the precipitating agent, 
probably a carbide of iron and molybdenum, which will require iden- 
tification by X-ray diffraction. Obviously, the 1050°F (565 °C) 
drawing temperature served to precipitate these carbides that were 
previously in solution, with the result that the hardness increased 
while the impact strength decreased. As aging with increased tem- 
perature progressed, more precipitation occurred, and the precipitate 
acquired an optimum or critical particle size which gave the steel 
maximum hardness and strength but minimum ductility. This con- 
dition is shown by the increased number of gray streaks in the photo- 
micrograph of the impact specimen tempered at 1140°F (615 °C) 
(Fig. 8c). Later, as the tempering temperature was increased to 1180 
and 1210 °F (640 and 655 °C), overaging occurred. In these over- 
aged structures, the particle size of the precipitate has increased be- 
yond the critical size through the process of agglomeration, with the 
result that the hardness was lowered while the impact strength was 
increased. 


AGING CHARACTERISTICS OF THE STEELS INVESTIGATED 


The aging characteristics of the three steels were studied in 
greater detail to determine the effects of various temperatures upon 
the aged hardnesses obtainable. 

Procedure—Small specimens, measuring by 1 by 1 inch, wer 
austenitized in an electric muffle furnace for 2 hours, quenched in 
water to room temperature, and were then immediately aged from 
1 minute up to 7 days at predetermined constant temperatures. At 
the conclusion of the aging treatments, all samples were water- 
quenched. The aging temperatures used for all three steels were 
850, 1000, 1050, 1100, 1150 and 1200 °F (455, 540, 565, 595, 620 
and 650°C). Additional aging temperatures of 700, 950 and 1300 

F (370, 510 and 705 °C) were employed for the 1J steel. After 
aging, the hardnesses of all samples were determined. 

Resulting Age Hardening Curvés—Figs. 9, 10 and 11 illustrate 
the changes in hardness occurring in the 1], 2J, and 3J steels as the 
result of the aging treatments. At low temperatures, up to 850 °F 
(455°C) for example, aging was not pronounced because of slow 
rates of diffusion, but as the temperature was increased, aging be- 
came more pronounced and peak hardnesses were reached in shorter 
intervals of time. It should also be noted that higher aging temper- 
atures resulted in lower peak or maximum hardnesses and that, at 
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Fig. 8—Microstructure of Tempered 700 °F Isothermal Transformation Product 


of 1J Steel. Tempered 1 hour. 4% Picral etch. XX 2000. Reduced 20% 


in making 
halftone. a. 700 °F; b. 1050 °F; c. 1140 °F; d. 1180 °F; e. 1210 °F. 


high temperatures such as,k200 °F (650 °C) or above, aging occurred 
so rapidly that it was almost unnoticeable. 
Softening, such as occurred in the steels before the start of aging, 
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Fig. 9—Aging Curves for 1J Steel. 
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Fig. 10—Aging Curves for 2] Steel. 


has also been observed in other age hardening alloys. For example, 
Geisler, Barrett and Mehl (6) reported that initial decreases in hard 
ness of considerable magnitude have been observed frequently in the 
case of 20 and 30% silver in aluminum alloys. Mehl and Jetter (7) 
also observed such softening and attributed it to the result of the 
resolution of nuclei formed during quenching or retained from solution 
heat treating temperatures by quenching. They considered such 
nuclei of a size too stall to be stable at the aging temperature. 

A number of investigators (8) in determining activation energies 
for precipitation reactions in various age hardening systems have 
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Fig. 11—Aging Curves for 3J Steel 
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[ Produce Maximum 
Hardness in the Alpha-Molybdenum Steels. 


plotted the reciprocal of time for maximum hardness against the re- 
ciprocal of the absolute temperature (°Rankine). In Fig. 12, such 
plots have been drawn for the three steels under investigation and the 
straight-line relation may be taken as a measure of the accuracy of 
the experimental work, while the slope of the line is a measure of 
activation energy of the aging process. Halley (9) also noted an 
approximate straight-line function when the reciprocal of absolute 








1612 TRANSACTIONS OF THE ASM Vol. 46 


temperature was plotted against the logarithm of time to attain max- 
imum hardness in a precipitation hardening copper steel. 

Of more practical significance, however, is Fig. 13, wherein 
aging times and the resulting maximum or peak hardnesses were 
plotted against aging temperatures. It may be seen that the lower 
the aging temperature, the higher the resulting hardness, but, un- 
fortunately, also the longer the time necessary to attain maximum 


Legend 
Old 
@ 2J 
® |Jand 2J 
e 3J 


Time 


Minutes 








Number 





Maximum Hardness Rc 
Hardness 





Brinell 





950 1050 1150 1250 °F 
Aging Temperature 


Fig. 13—Aging Time Producing Maximum 
Hardness Plotted Against Aging Temperature 
and Corresponding Hardness for the Alpha 
Molybdenum Steels. 


hardness. Practical considerations, however, limit aging to relatively 
short times. 
StupDY OF EXPERIMENTAL DiE BLocKS 


Examination of three 12 by 14 by 16-inch die blocks of 1J, 2), 
and 3] steel, which had been previously hardened from a temperature 
of 1850°F (1010°C), afforded an opportunity to test the validity 
of predictions concerning the hardenability of the three steels, as well 
as to measure their mechanical properties. 

Procedure—Each of the blocks was sectioned as in Fig. 14 to 
obtain six slices measuring 244 by 5% by 6 inches per block. Each 
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slice was ground on the 2% by 6-inch face nearest the center plane 
of the block, in order to determine the hardness variation from surface 
to center of each block. The slices from the blocks were then tem- 
pered for 1 hour at each of the following temperatures: 1000, 1100 
and 1200 °F (540, 595 and 650°C). The faces which had previously 
been Rockwell tested were reground and hardness readings were 
taken a second time to determine the hardness variations that might 
have occurred within the blocks due to tempering. 

Results—Fig. 15 indicates the changes in hardness from the sur- 
face to center of the die blocks after tempering at the three selected 


Slices Cut - 2g" x6" x 3" 






Size of Block 
12"x 14" iG" 


Fig. 14—Method of Sectioning Alpha-Molybdenum Blocks. 


temperatures. It will be noted that an increase in hardness resulted 
upon tempering these steels, which illustrates the effect of aging 
which may occur within actual die blocks. Because the resulting 
hardness is dependent on the tempering time as well as the tempera- 
ture employed, hardnesses greater than those given in Fig. 15 are 
attainable. 

It was previously predicted from the isothermal transformation 
characteristics that the 3J steel would have insufficient hardenability 
for die-block application. Fig. 15 substantiates this assertion and 
demonstrates that a 12 by 14 by 16-inch block of 3] steel did not 
harden uniformly throughout its cross section; furthermore, because 
the surface hardness of the 3J steel was only about Rockwell C-30 
(385 BHN), this steel could not be successfully used for die-block 
application. 

After the hardness surveys had been completed, Charpy V-notch 
impact tests were obtained by cutting up several of the 2% by % 
by 6-inch slices removed from each block. The room temperature 
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Fig. 15—Hardness Survey of Alpha-Molybdenum Blocks Before and After 


Tempering as_ Indicated. Circles indicate untempered hardness. Black dots 
indicate tempered hardness. 


impact properties at various locations from the surface to the center 
of each block were then determined. 

The effect of the tempering treatments on the impact strength of 
the die blocks at various locations is illustrated in Fig. 16. Com- 
parison of the impact properties of the 2J steel (0.24% carbon, 2.95% 
molybdenum) and 3J steel (0.10% carbon, 2.95% molybdenum) re 
vealed that 3J steel, in spite of its lower carbon content, had the lowe: 
impact strength. Explanation of this fact may be found in compari. 
son of the isothermal transformation diagrams of the steels. It is 
evident that a greater proportion of bainite will transform at a lower 
temperature in a block of 2] steel than in a block of 3J steel. As 
lower temperature bainites offer better mechanical properties, the rea- 
son becomes apparent for the difference in impact properties between 
the 2J and 3J die blocks. Likewise, the 1] steel die block possessed 
the best impact properties because it had necessarily transformed at 
lower temperatures than either the 2] or 3] steels. 


DIMENSIONAL STABILITY OF 1J STEEL 


The age hardening characteristics of the alpha-molybdenum 
steels, particularly 1J steel, may arouse questions concerning the 
dimensional stability of this grade when used in dies, inserts, or parts 
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water-quenched from 1850 °F. 
where dimensional accuracy is important. In order to determine 


whether 1] steel would undergo any dimensional changes during 
aging, dilatometric measurements were made on this grade. 

The linear thermal expansion of the 1J steel was measured by 
the fused quartz tube and dial indicator method (10). Specimens 
exactly 5 inches long by 3¢ inch round were used with ends ground 
convex and with a center hole for attaching a thermocouple. Dial 
and temperature readings were taken throughout the cycle of heating, 
aging, and subsequent cooling. Several aging temperatures were 
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used for these dilatometric studies and very little dimensional change 

was noted during any of the heating, aging, and cooling cycles for the q 
lJ steel. This steel, therefore, should be suitable for the majority 
of applications where dimensional accuracy is required. Fig. 17 
illustrates a thermal expansion curve for a previously quenched 
specimen of 1J steel which was heated to 1210°F (655°C) where 
it was aged 2 hours, and then cooled to the initial temperature. 


PRACTICAL APPLICATION 


In service, it has been evident that the upsetting machine and the 


forging press require a die steel with greater heat resistant properties 
than are normally obtained from the standard die materials used in 
the drop forging industry. This is due primarily to the longer con 


tact time between forging and die and the high static pressure which 

causes the transfer of more heat to the die surface. When the di 

surface thus heats and cools, between forging steps, through a broad 

range of temperatures, there is a great tendency for severe heat 

checking to occur on the die surface. ( 
Application of 1J die steel in forging press service has shown 

that this material has greater resistance to heat checking than som: 

standard hot work die materials, including tungsten steels. 
Advantage is taken of the age hardening characteristics of such 

die-block steels to increase their service life as press forging dies 

After hardening, the blocks are tempered at temperatures below thos: 

which produce maximum aged hardness. Without further treatment, 

the blocks are put into press forging service, where contact of the di 

impressions with the hot forging stock causes the steel to progressively 

age harden to a limited depth. The hardness increase and consequent 

added wear resistance will occur primarily near the surfaces of th 

impression, as the temperature at an appreciable depth within th: 

block may not be high enough to permit the aging reaction to occur 


SUMMARY AND CONCLUSIONS 


Isothermal transformation diagrams were determined for (a) 
a 0.20% carbon, 3.00% nickel, 3.00% molybdenum steel; (b) a 
0.20% carbon, 3.00% molybdenum steel, and (c) a 0.10% carbon, 
3.00% molybdenum steel. From a study of the three transformation 
diagrams, it was reasoned that the 3.00% nickel, 3.00% molybdenum 
steel would be suitable for large die-block manufacture. The micro 
structures of representative isothermal transformation products for 
these steels were studied in detail. 

Impact and tempering properties for several isothermal trans- 
formation products were determined for the 0.20% carbon, 3.00% 
nickel, 3.00% molybdenum steel. These properties were affected by 
the age hardening of this steel which resulted in a hardness increase 


— en 


we 
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on tempering for 1 hour up to 1100 °F (595 °C) with a correspond- 
ing decrease in impact strength. Tempering above 1100 °F (595 °C) 
resulted in a rapid decrease in hardness with a corresponding increase 
in impact strength. 

Microstructures of the tempered 700 °F (370°C) isothermal 
transformation product for the 0.20% carbon, 3.00% nickel, 3.00% 
molybdenum steel were obtained. Aging of the 700°F (370 °C) 
isothermal transformation product changed the appearance of photo- 
micrographs of this steel as the tempering temperature was increased. 

The aging characteristics of all three steels were determined in 
great detail and the curves were plotted in order that the aged hard- 
ness could be readily determined for combinations of aging tempera- 
tures and times. 

The properties of die blocks of these steels were determined for 
several tempering treatments. Tempering under certain conditions 
increased the hardness of the blocks throughout the cross section due 
to aging. The impact properties of the die blocks were determined 
after these treatments and the 0.20% carbon, 3.00% nickel, 3.00% 
molybdenum steel was found to possess the best impact properties of 
the three steels. 

Service data for the 0.20% carbon, 3.00% nickel, 3.00% molyb- 
denum steel in press and upsetter forging operations show that pro- 
duction increases were obtained with this hot-work die steel. These 
production increases were possible by virtue of the progressive aging 


of the surface of the block during use, and the resistance of this 
analysis to heat checking and consequent premature failure. It was 
indicated that aging during use could be accomplished by putting 


these blocks into service in an underaged condition. 
ACKNOWLEDGMENTS 


The authors wish to acknowledge their indebtedness to the Climax 
Molybdenum Company for early data on low carbon molybdenum 
irons. Credit is due H. O. Lang, Heppenstall Company, who realized 
the useful application of low carbon nickel-molybdenum steels in press 
forging dies. The authors also wish to thank the Heppenstall Com- 
pany for permission to publish this work. 


References 


1. E. S. Davenport, “Isothermal Transformations in Steels”, TRANSACTIONS, 
American Society for Metals, Vol. 27, 1939, p. 837. 


2. P. Payson, W. L. Hodapp and J. Leeder, “The Spheroidizing of Steel by 
Isothermal Transformation”, TRANSACTIONS, American Society for 
Metals, Vol. 28, 1940, p. 306. 

J. 


A. B. Greninger and A. R. Troiano, “Kinetics of the Austenite to Martens- 
ite Transformation in Steel”, TrRANSAcTIONS, American Society for 
Metals, Vol. 28, 1940, p. 537. 

4. P. Payson and J. L. Klein, “The Hardening of Tool Steels”, Trawns- 

ACTIONS, American Society for Metals, Vol. 31, 1943, p. 218. 








1618 TRANSACTIONS OF THE ASM Vol. 46 


Jt 


MetaLts HANpbBook, American Society for Metals, 1948 Edition, p. 611. 

A. H. Geisler, C. S. Barrett and R. F. Mehl, “Aging in the Solid Solution 
of Silver in Aluminum”, Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 152, 1943, p. 182. 

7. R. F. Mehl and L. K. Jetter, “The Mechanism of Precipitation From Solid 
Solution—The Theory of Age Hardening”, Age Hardening of Metals, 
American Society for Metals, 1940, p. 342. 

8. A. G. Guy, C. S. Barrett and R. F. Mehl, “Mechanism of Precipitation in 
Alloys of Beryllium in Copper”, Metals Technology, February 1948, 
1.P. 2041. 

9. J. W. Halley, “Precipitation Hardening of a Complex Copper Steel”, 
Metals Technology, Vol. 7, 1940, T.P. 1213. 

10. Metats HANbDBooK, American Society for Metals, 1948 Edition, p. 170. 


ma, 


DISCUSSION 


Written Discussion: By J. J. Russ, chief metallurgist, The Stee! 
Improvement and Forge Co., Cleveland. 

The authors are to be congratulated on the completeness of thei 
research in this new alloy. Their approach and results indicate pains 
taking thoroughness and, while somewhat technical, it is possible to mal 
a practical interpretation. 

While the isothermal transformation studies are doubtless of sci 
tific interest, we fail to see where this is of more than academic interes 
Since the material will be furnished ready for aging, it will not be nec: 
sary to heat treat in practice. 

The impact data are of particular interest, since resistance to brea 
age at high hardness is a requisite of any good die block material. T] 
is definitely true in those operations requiring deep and sharp corner rad 
where notch effect plays such an important part in the life of the die. 

In reviewing the paper, it appears to the discusser that the ag: 
characteristics were developed as an afterthought. This phenome: 
is apparently the only basis for the authors’ claims for the material, 
it is unfortunate that the microscopic data could not be presented in t! 
connection. 

[It is wondered if the authors have not undertaken electron-microsc: 
studies in this connection? 

We have run some dies of this material in our forge shop and we: 
able to corroborate the claims of the authors as to resistance to he: 
checking. 


Authors’ Reply 


The authors wish to thank Mr. Russ for his discussion and comments 

As stated by Mr. Russ, the isothermal transformation diagrams at 
mainly of academic interest; however, practical heat treaters often ha\ 
an interest in these diagrams for their own information. 

The aging of this material is an outstanding property, and it is unfor 
tunate that the paper gave Mr. Russ the impression that the determination 
of the aging characteristics was an aiterthought. 

Electron microscope studies of the aging of this steel were originally 
presented, but as no aging precipitate could be shown, this section of the 
paper was deleted. 
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on 


work 


Aluminum-zinc alloys 
effect of copper addition 
on plastic properties 
copper vs. true stress 
daa beige ek Saas 


stress-strain 


Curves 


CEEVES oo 350 


Ammonia 
use in nitriding titanium. See 
under Titanium. 


Analysis 
of oxygen and nitrogen in 
molybdenum. See under 
Molybdenum. 


Anisotropy 
Ge hd eck anens dame 655-680 
procedure for investigating 


casiede ahs wh’ hae wie 657-662 
Annealing 
molybdenum 
effect on recrystallization 
PEs 6 ees csi wows et 1452-1454 


SUBJECT 


INDEX 1623 
Annual Address of the President 7 


Annual Dinner of ASM ... 2 


Annual Meeting of ASM 


~ 


Annual Report of the Secretary 16 


Annual Report of the Treasurer 11 


Atomic numbers 
correlation with activation 
energies 
for creep, rupture and selt- 
diffusion 


Austenite 
clustering effects in ...1093-1096 


effect of boron on diffusivity 


Pe, 1095 
electron micrographs . 853, 855 
a 853, 855 
in ferritic stainless steels 
effect on intergranular 
PE ee 214-218 


Austenite decomposition 
17-25% 


steel 


chromium stainless 
pips a ereaiace «att 1182-1183 
intermetallic compounds 
..- 1182-1183 


associated with 


Austenite-to-ferrite transformation 
Pitece «Nt avesn 1102-1109 
nucleation and growth 
east tlh sia 1105-1109, 1120-1135 
kinetics of the reaction 
Me ds. Sonia, afc aenbeto 1104-1108 
objections to the concept 
i nce ans eae Watkin 1103-1109 
orientation relationships 1104 


mechanism of 


reversibility of ferrite 
..1108-1109 
nucleation and shear 
ala abil @ a 1108-1109, 
suppression of ferrite 
Siow hea eit 1109-1112 
1110 


transformation 
1120-1135 


formation 


effectiveness factors 


Austenite grain size 
in case-hardened boron steel 
a il ala oa tia a sche ina 456-458 


Austenitizing temperature 
effect on quench cracking 
of hollow steel cylinders 101-102 
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Beryllium 
solubility in vanadium 1140 
stress-rupture data at high 
COMIDCTALUTES, 6.0.0 0 0c ce 119-121 


Boron 
in alloy steel 
effect on transverse 
. 138-144, 


in case-carburized steel 


151-153 


properties 
effect on hardenability 461-465 
effect on Charpy impact 
CVAVOSERE: ai a dcwe's» 339-1353 
as a function of distance 
from the quenched end 
of end-quenched slabs 


(eV be eees 1539-1353 


effect of position on 


of steel 


transition temperature 
sates cate es sare 1352-1353 
effect on hardenability 1089-1135 


effect of austenitizing 


temperature ........ 1127 
mechanism of ....... 1089-1135 
isa. wre ead oni 1091 
boron film ........ 1090-1091 


effect on quench cracking 
of hollow steel cylinders 110-111 
effect on temper brittleness 
of steel. See Boron steel. 
effect on tensile property 
(RVETORS  ikidn KicKeS 
1339, 1342, 13844-1347, 1349 
as a function of distance 
from the quenched end 
of end-quenched slabs 
of steel 


7") 
“ee 1339, 


1342, 1344-1347, 1349 
seecees 1089-1135 
...- 1091-1093 


temperature dependence 


effects on steel 


adsorption effects 


Keesha 1092-1093, 1123-1124 
thermodynamic conditions 
leading to ...... 1091-1092 


grain boundary effect 1090-1093 
in iron-FesB system. See 
Iron-FesB system. 
in steel 
effects on diffusivity of 
1095 
1114 


carbon in austenite 
strain energy per atom 
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Boron steel 
carbonitrided 1367-1368 

bia Biapeaophi 1365 

microhardness across case 


. 1367-1368 


hardenability 


of Jominy bar 


Age BORED ~ oss .8 ve. 1368 
Ais ORB os eis 1367 
CURMIN  86684 BRS 1367-1370 
hardenability ......... 1367 


microhardness across case 
1367-1370 


1368 


of Jominy bar 
AISI 80B20 


FACIE WONT hae atic 1367 
effect of boron on case 
hardenability ......... 161-465 
effect of boron on notch 
toughness and temper 
embrittlement 
hardenability curves ..485, 487 
influence of boron ..... 491-492 
isothermal embrittlement 
Ge ners cx cae 486-488 


nature of temper embrittle- 
os aeéen's eee 487-491 
influence of grain size 489-491 


ment 


transition temperatures 485, 487 
a a ic ee 1367-1370 
effect of carbon 


hardenability 


GROIGIEE as 0:00 2 euses 1369-1370 
microhardness across case 
of Jominy bar ..... 1367-1369 
transformation kinetics 
Mb ciubietcesdyebeeval 1096-1100 


Brass 
grain growth 
time-temperature relation- 
ship for 
hardness 


tempering time — temperature 


relationship ......... 1378 
notch tensile strength 

Khie'e Weds 1003-1005, 1016-1015 
effect of notch sharpness 

be vn eehawe VGb6e Ren 1003-1005 
variation of average true 

stress with notch sharp- 

ness at various strain 

WREMOE <6 cb.0 Pu utes 1016-1017 
variation of necking strain 

with notch sharp- 

BOOS 05 6 Ree ienes 1017-1015 
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Brass, alpha 
fatigue, high temperature 


Pe ais as wpe clots 1023-1035 
effect of grain size..... 

1023-1025, 1027-1032, 1035 

on creep rate ..... 1030-1032 


on ductility ..1028, 1030-1031 

on fatigue life at various 
temperatures and 

.1023-1025, 


stresses 


1027, 1029-1030, 1032, 1035 
on minimum creep rate 1030 


photomicrographs ...1033-1035 
. .1033-1035 


variation in creep rate with 


typical fractures 


dynamic stress ..... 1032 
variation in creep rate with 
mean Stress ...ccces 1031 


variations in ductility with 

.. 1029, 1038 
variations in ductility with 

aa axils 1028, 103 
variation in fatigue life 


dynamic stress 
mean stress 


with dynamic stress 


ead aah ce ml 1026-1027, 1029 
variation in fatigue life 

with mean stress 

Jens baw 8¥ te wt 1023, 1026-1027 


variation in fatigue life 
with temperature .1027, 1030 
stress-rupture tests, high 
SEIMDCTACHTS: (oc b.d5000 
..1023, 1026, 1031-1032, 
effect of grain size 
1023, 1026, 1031-1032, 
on minimum creep rate 


1035 
1035 


at various temperatures 
oe. ae 
Sainte Weare 1031-1032, 
on rupture life at various 
temperatures and 


1035 


SETOERSESR 5 sca cath 1023, 1026 
Brittle fracture 
study by torsion test 87-99 
Brittleness 
in steel 


reduction by rheotropic 


PN bese ctu mens 184-196 

a eee 405 
Carbide phases 

in tempered steel ....... 869-871 
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INDEX 1625 
Carbide precipitation 
in 17-25% chromium stain- 
96. ete ij es ccos ehees 1182 


Carbides 


electrolytic isolation of 1588-1589 


Carbides, angular appearing 
in high speed tool steels .716-725 

effect of heat treat 
temperature and time 719-724 

electrolytic extraction of 


nature of 
parameters of 


photomicrographs 


Carbon 
in alloy steel 
effect on transverse 
nice berate 135-139 
in case-carburized boron steel 
458-461 


properties 


effect on hardenability 
content of ferritic stainless 
steels 


effect on intergranular 


Pe eee 207 
effect on quench cracking 
of hollow steel cylinders 

aise eR tom treo 3s 107, 109-111 

strain energy per atom 1114 

Carbonitriding 

AISI 3620 steel .........: 

0 atin cial 1362-1363, 1365-1369 

photomicrographs ..... 1363 

AISI 80B20 steel ........ 1365 


AISI 94B17 steel ........ 1365 
Carbon tool steel 
grain size vs. austenitizing 
temperature for single and 
double quenching ..... 775-776 
Carburized steel 
effect of boron on hardenability. 


See under Hardenability. 


Carburizing 
AISI 1020 steel ..1862, 1364-1365 
photomicrographs ..... 1364 
AISI 80B20 steel ........ 1365 


AISI 94B17 steel ........ 
re oer, es 1365-1366, 
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Carburizing (cont.) 
AISI 94B17 steel 


hardness vs. carbon 


DOOUE io ss Ses od 1373-1375 
iso-hardness lines 1374-1376 
photomicrographs ..... 1366 


of titanium 


Case hardening 
effect of boron on hardenability. 
See under Hardenability. 
of titanium by nitriding. See 
under Titanium. 


Cast iron-nickel-chromium alloys 
corrosion resistance in salt baths. 


See Corrosion resistance. 


Charpy impact 


iron-carbon alloys ....... 1305 
iron-carbon-chromium 

SVR: :Kvtcceaee tees 13506 
iron-carbon-chromium- 

manganese alloys ..... 1306 
iron-carbon-chromium- 

mickel allOyS ..c6sesses 1306 
iron-carbon-chromium- 

nickel-manganese alloys 1308 
iron-carbon-manganese 

SHOVE |. coe saweseeteks 1305 
iron-carbon-nickel alloys 1305 
iron-carbon-nickel- 

manganese alloys ..... 1308 
BROCE. . s:dvualeasicsbns val 1307-1309 

effect of carbon ....... 1307 

effect of chromium .... 1309 

effect of manganese ... 1309 

effect of nickel ....... 1308 
titanium-aluminum-chromium 

PGK Aivwavénmacaun 623-634 


» oe 
. 623-634 


effect of forging practice 


effect of composition 


titanium-aluminum- 
.602-607 
602-607 


molybdenum alloys 
effect of composition 
effect of cooling rate 
from beta solution 
om ate Oe b's 602-607 
effect of forging practice 606 


temperature 
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Charpy impact traverses 


as a function of distance from 
the quenched end of end- 
quenched slabs of steel 


ne ieele Sek athe eae 1338-1351 
ABSURD. saccnca Habes 1338 
AISI 4320 plus boron 1339 


AISI 4320 plus rare earths 1340 


PD 6s i So Raa 1341 
AISI 8630 plus boron 1342 
PAR Es a ico cpttckte 1343 
AISI 8640 plus boron and 
WN CORENB catziadten 1344 
corrected to a constant 
tensile strength 
ish heel 1338-1339, 1343-1351 
RED > a's be Oa 1345-1347 
AISI 4320 plus boron 
= Seema de sleds ari: ele 1345-1346 
AISI 4320 plus rare earths 
yi ht le ace een Oa 1345-1347 
ASE ee -skstwa dd 1346-1348 


AISI 8630 plus boron 

die ibd wate 1546-1347, 1349 
AISI 8640 .1547-1348, 1350 
AISI 8640 plus boron and 
1347-1348, 1351 
1 end-quenched T-inch round 

Pe re 1349-1350, 1352-1353 


effect of position on tran 


rare earths 


~ 


sition temperature 
eee ee 1349-1350, 1352-1353 


AISI 4320 steel ..... 1352 
AISI 4820 steel plus 
DOO | cdi ice deny 1355 
AISI 4820 steel plus 
SRE OOOURS 5 con: s'e' 1353 
Chemical segregation 
CFAMNSVETSE .. 05% 916-918, 920-921 
various steels ......... 920 
Chi phase 
iron-chromium-molybdenum 
OE. <vc0«ebueenene 799-811 
Chlorine, distillation analysis 
of oxygen in gray cast 
MOM: Sei kes bo SViseee ee 416-417 
Chromium 
in alloy steel 
effect on transverse 
Ct 144-147 
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Chromium (cont.) 
content of ferritic stainless 
‘ steels 


effect on intergranular 


Ce 6 6c sé aes 206 
effect on properties of Cu- 
Ni-St alloys ...........883%-338 
Chromium-nickel-molybdenum 
alloys, 16-25-6 
high temperature properties 
eke PSR EC ee Kae 1051-1052 
stress-rupture tests .1051-1052 
’ mechanical properties .1042, 1044 
effect of tempering treat- 
MINE iA so o-4 ss Gee 1042, 1044 
substitution of manganese 
bet OCS cs SA LO39-1055 
Timken alloy 16-25-6 
work softening at elevated 
temperatures. See Work 
softening. 
Chromium-nickel-molybdenum- 
manganese alloy 
DOPGMESS ss vis kee 1042, 1044-1045 


effect of tempering tempera- 

ture and time 1042, 1044-1045 

high temperature properties 
Chat tebe es eeebene 1051-1055 
stress-rupture ductility 1052 

? compared with 16-25-6 
alloy 1052 
1051-1058 
.. 1041-1046 


.. 1045-1046 


stress-rupture tests 
mechanical properties 
effect of cold work 


effect of quenching 


CONIDEPRIMTE 2s; 1041-1045 
effect of tempering 
treatments ....... 1042-1045 
microstructure ........ 1046-1051 
ae eee 1046 
effect of cold work 1048-1050 
effect of water quenching 
from 1800 to 2150 °F 
ee PS. ee eal 1046-1048, 1050 
Chromium-nickel steel, austenitic 
electrical resistivity ..... 959-961 
effect of Geing ........ 960-961 
effect of phosphorus 
aS Fe er ae 959-961 
Sree MRS eC ak ices. 961-964 
effect of solution tem- 
OTRO ok es be PDS 961-964 
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Cr-Ni steel, austenitic (cont.) 
hardness Q52-958 


effect of aging temper- 


WOR kits eben Sa 953, 956-95S 
effect of aging time 

co abe ae eee ean 952-954, 957 
effect of carbon content 952 


effect of cooling rate from 


solution temperature HOS 


etftect of phosphorus 


os us ai a eat 954-958 
effect of solution tem- 
oe: 953, 955-956 
lattice parameters ....... Y5S-959 
BAUS pe Sale eS ck kas N59 


CUI og a hvic vce & wa H5S-959 


ME TOSST MET e «oes neces NOO-DBS 


effect of aging time 963-966 


effect of phosphorus 


2 N65 
effect of quenching 

a ees 066-968 
I d's ss wea os Sa 961 
Ee on ot sae shins wie 961-964 
photomicrographs ..... 

wp Goa etal oes dart 962, 964, 966, 96S 


residual carbide content after 


solution treatment ..961-964 
948-971 


effect of aging temperature 


precipitation hardening 


pita k a.ceoure tba eed 953, 956-958 


Badu egal al de West 952-954, 957 
effect of carbon content 952 
effect of cooling rate from 

solution temperature 958 
etfect of phosphorus 

ti 25.6 cerns 954-958 


effect of solution tem 


DOPACUTE ......00 953, 955-956 
residual carbide content after 
solution 


treatment ..961-964 


effect of solution tem- 


a 961-964 
Chromium-silicon steels 
hardenability ......... 1505-1515 
Coarsened grains 
high speed steel ........ 779, TS1 
effect of multiple annealing 
Sais wlan dba eode mieten oe 779, T81 


means of eliminating ..779, 781 
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Cold work 
effect on grain growth 


ere 1385-1386, 1389-1390 
effect on recrystallization 
& bibrekelk Ge ec hascea als te 1381, 1385 


ot low carbon steel 
effect on precipitation of 
aluminum nitride ..1484-1485 
of molybdenum 
effect on recrystallization 
os vera wowwereeebee 1452-1453 


Constitution diagrams 
See Phase diagrams. 


Constitutional supercooling 


Cooling rates 
correlation between ideal 
diameter and distance on 
end-quench bar 
correlation curves of equal 
cooling times ....... 907-908 
in end-quench bars and 
GR ax Cees nc oe 
correlation with hardness 915 
in end-quenched 7-inch 
rounds ...... 1339-1341, 1352 
as a function of the distance 


trom the quenched 


OE... ewdeodes Sas 1341, 1352 
comparison with Jominy 
specimen ....... 1341, 1352 
halt-temperature time 
22m naval ens SHO, S92, 900-902 


for end-quenched bars 900-902 
compared with theoretical 


gS RES EN 900-902 

for various size rounds 
wt GE 2 eek ae Vai 890, 892 

in rounds and end-quench 
OGIO Bie c6 ees Sine ch Tee 


specimen for determining 884-885 
1350 °F to terminal temper- 


ature times ..... 890, 894-896 
for end-quench bars 

dah: ee cates ake 890, 902-904 
for steel rounds ...... 890, 894 


variation of H value .898-899, 902 

with size and position .899, 902 
in round and end-quench 

SMS 4iiss Geo eee 

with temperature .898-899, 902 
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Cooling rates (cont.) 
in various quenching media 


ids daa mabe k 3 eran 1235-1236 
time-temperature curves 235 


Copper 
additions to Al-Zn alloys 


effect on plastic properties 


©. dum AWA Wale W 006 ate Raia: 2 
Gt es i. ho tis eel 661-664 
effect of torsional pre- 
OO. 6 ieee ae 661-664 
ROIS ¢ hb cirivie nian 665-666 


effect of torsional strain 
ie ae >) oes awe aeeae 665-666 
ingot cast centrifugally ..659-660 
MACFOStFUCIUTE =... ccs. 660 
mechanical anisotropy ...655-680 
procedure for investigating 
pas cehwe pegs Cee ene 657-662 
notch tensile properties 
.. - 1006-1008, 1011, 1017-1018 
variation of necking strain 
with notch sharpness 


Siaie Deitel hoe be She co wiad 1017-1018 
variation with notch sharp- 
WSO: sia cine 1006-1008, 1011 


notch tensile strength .1003-1005 


effect of notch sharpness 


ve essen beatae 1003-1005 
solubility in vanadium ... 1155 
tensile fracture stress ...661-666 

effect of torsional pre- 

SEP. Shicv so ax kee oe 661-666 

Copper-aluminum alloys 
Gow stree ii iiv sd ss i 1080-1082 


effect of test temperature 
SeOs b5 6 Skee eee 1080-1082 


Copper-nickel-silicon-aluminum 
alioys 
development of precipitation- 
hardenable alloy 
evaluation of Cu-Ni-Si 
base alloys ........338-344 
comparison with copper- 
beryllium alloy ...342-344 
effect of solution treat- 
ment temperature on 
beneiientet ss 6 cic 6 x 341 
tensile properties ... 339 


—\er-—-—- 


a 
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Cu-Ni-Si-Al alloys (cont.) 
development of precipitation- 
hardenable alloy 
investigation of Cu-Ni-Si 
alloys 
effect of aluminum 
additions .........882-334 
effect of chromium | 
additions .........887-338 
effect of iron 
additions 332-33; 
effect of magnesium 
additions § .........304-808 
effect of manganese 
additions .........ao0-a00 
effect of tin additions 336-337 
effect of titanium 
RED cs cdce ws 335-336 
investigation of Cu-Ni-Si 
SVECCM §. oie is ss VO eee 
effect of nickel and silicon 


on hardnesses .... 351 


Corrosion 
stainless steel, Types 430 and 
Gh ccc Cee dae 1204-1205 
effect of welding and post- 


weld annealing ....1204-1205 


Corrosion resistance 
of cast Fe-Ni-Cr alloys in 

neutral salt baths 

advantages of salt bath 
I: ha caivncX 157-158 

alloys investigated ....160-161 

effect of alloy grain size 179-181 

effect of alternate 
MRMNOTUNINE o.oo sis 0% 173 


effect of bath chemistry 


and rectifiers ....... 160-170 
effect of cyanide pre- 
THORIIIOOE ba Oh 8 AY 181-182 


effect of Ni and Cr 

content 163-164, 172, 181-182 
effect of partial immersion 

itéevinebakastianekacen’ 173-175 
effect of salt bath 
tu ae ieee 175-179 
effect of sludge in bath 171-173 
effect of sodium fluoride 

Ber ORs, wuts ea io Bee 170-171 
salt baths investigated .170-175 


composition 


Creep 
i055 6 0 cc TOR 681-699 
correlation creep strain 
with temperature- 


compensated time .683-684 


effect of prestrain 
OUOOTNEE. Oi. Sh knees 681-699 
prestrained at various 
CCHIDOCRSINCS.. css os 690-691 
X-ray photograms at various 
CVGG STEMOES. . vious: 683-685 
annealed metals .683-687, 696-698 
equilibrium subgrain 
SEP MICOMECS « kiccetiescwas 696-698 
correlation between subgrain 
structures and properties 
See eee ey em ee 681-699 
correlation with rupture and 
seli-diffusion activation 
energies 


as tunction of atomic 


I ii oe an ta 125-127 
equation tor total creep 113-115 
eens oie ge ek gs 681-682 

Creep curves 
SC BND re anesn daw (03-714 


effect of solid solution alloy 
content on parameter “A” 
Soshileaelne how Ged 708-709, 713 
reproducibility ........ 703-705 
variation of e. with solid 
solution alloy content 
bie eaneene. sae 708-709, 714 
variation of slope with solid 
solution alloy content 
Lapbswwd ds seuane TO8-7T09, 712 
nickel-cobalt alloys .705-707, 710 
nickel-iron alloys .705-707, 710 
nickel-titanium alloys 
US woke hen win Det 105, 708, 711 
nickel-tungsten alloys ...705, 709 


Creep parameters 
RS whith wacabehwns ae 701-714 
effect of solid solution 
.. 701-714 
+ cia 706-707 


alloying elements 
nickel-cobalt alloys 
nickel-iron alloys 
nickel-titanium alloys . 706-707 


nickel-tungsten alloys . 706-707 
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Creep properties 
aluminum INT -GO5 
effect of prestrain tem- 
perature 6OS7-691 


effect of stress recovery 691-695 


Creep rates 
nickel-cobalt alloys TO06-TOS 
nickel-iron alloys 706-708 


nickel-titanium alloys . 706-708 


nickel-tungsten alloys . 706-708 


Critical temperatures 

AISI 1020 steel 

for various burning times 
ot a rocket 

effect of high heating 
1274-1275 
1274-1275 
1274-1275 
1274-1276 


1276-1278 


AISI 1020 
AISI 1042 
AISI 1080 
AISI 4130 
| heat treatment 
278 
1270-1284 
effect of tensile stress 1279-1281 
elevation by high heating 
1270-1284 
apparatus for deter- 
mining 


method of determining 


Cubic lattice, face-centered 


interstitial holes in ....1094-1096 


Cylinders 
ot hollow alloy steel 

factors affecting quench 
cracking. See Quench 


cracking. 


Deformation strength 
aluminum-copper alloys 1084-1086 
effect of temperature 1085-1086 
effect of volume-free 
1084-1086 


Dendritic freezing 
in alloys 


1214-1222 


solid-liquid interface 1215-1217 


Die steel 
See also alpha-molybdenum 


die steel. 
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Die steel (cont.) 
alpha-molybdenum 
hardenability 1601-16038 
based on transformation 
diagrams 
low tungsten 
grain size vs. austenitizing 
temperature for single and 


double quenching 


Diffusion 
activation energy 

carbon in austenite 
effect of silicon 

carbon in ferrite 


effect of silicon 


Diffusion coefficients 


hydrogen in zirconium 


Diffusion rates 


hydrogen in zirconium 


Dilatation study 
of gamma loop 
in iron-vanadium system 
278-2 
in iron-vanadium-titanium 


system 283-288 


Dilatometric cooling curves 
steel TS 8117 1121-1125 
effect of boron content 
1121-1125 
Ductility 
copper 
effect of torsional pre- 
strain 
effect of notch sharpness on 
1003-1005 


annealed brass 3-1005 

hard drawn copper . 3- 1005 
ratio of unnotched ductility and 

notch ductility vs. unnotch 


necking strain 1014-1016 


Dynamic loading of metals 
definition of 


delay of plastic strain 

effect of stress on 

effect of temperature on 
maximum limiting stress 
relationship to brittle 

transition 
types of alloys showing 
50-51 
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Dynamic loading of metals (cont.) 
dynamic stress-strain relations 
38-42 
39-42 


impact and strain propagation 


for aluminum 


experimental vs. theoretical 
strain distribution ... 37-38 
impact velocity - maximum 
strain equation ...... 36 
velocity of propagation 
equation 
mechanism of delay time 


dislocations and yielding 55-59 


Frank-Read dislocation 
MN, - 6.0 kus oes « DT-5S 
mechanism of plastic 
deformation ........ D 
prevield microstrain ..... 52 
microstrain vs. time ... De} 
strain rate effects ....... $4 
on proportional limit and 
ultimate strength 46-47 
strain rate vs. time .... 1 
tension-impact properties 
critical impact velocity t3-44 
static vs. dynamic tensile 
eg. 42-455 
time to initiate vielding 
effect of aging time and 
temperature on ..... 0-5 
Effectiveness factors 
austenite-to-ferrite trans- 
I in eri oi a inns 1110 
Election of Officers ....... 26 
Electrical resistivity 
austenitic chromium-nickel 
SN Se vciicit Giese 959-961 
effect of aging ........ 960-961 
effect of phosphorus 
COREG 655 5s .3 ea eee 959-961 


Electrical resistivity measurements 


of nitrided titanium ..... 5dD9-560 
Electron micrographs 
high speed steel ......... 743-744 


iron-carbon alloys 


$57-S64. S72-873 


effect of tempering 





temperature S57 -S64 
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Electron micrographs (cont.) 


iron-carbon alloys 
effect of tempering temperature 
0.15% carbon alloy 
S61, S63-S64 
. 861-864 


carbon alloy 
carbon alloy 
ous ned Cews S63-S64 
1.4% carbon alloy 

.. 857-859, S63-S64, 


scorers S53, 855 


872-873 
retained austenite 
subgrains in iron-carbon 


alloy 


tempered martensite 


853-855, STS-S7T9 


comparison of rotary and 
static shadowing 


853-854, S7S-S879 


subgrains in iron-carbon 


alloys S538, 855 


tempered medium carbon 
steel 
effect of 


824-825 


silicon 824-825 


Electron microscope study 
of Ti- 7.54% Cr alloy .245-248 
Electron microscopy 
rotary shadowing 853-854, STS-S79 
comparison with static 


shadowing ..853-854, STS-S79 


Elevated temperature properties 
of titanium alloys 


Elevated temperature tensile 
properties 
aluminum-copper alloys 1075-1088 


effect of dispersions oft 


Pe Co et. a ee 1075-1088 
Embrittlement 
I SI nd cine a 65 drincinints 1557-1508 


——— 


at high strength levels. 1557-1598 


literature survey ....1558-1561 
relation to nature and sequence 


of carbide structures 


5 ee ER ates Gitar ane 1581-1584 
SAP 2280 steel ...%<..% 1581 
SAP 4200 ateel 35... 1582 


© 49460 steel .... . 1581, 1585 


time-temperature relations 


1581-1583 


SAE 2340 steel ........ 1581 
SAE 4330 steel ........ 1582 
SAE 4340 steel ........ 1581 
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Equilibrium structures 
iron-chromium-molybdenum 
799-811 


Fatigue 


specimens 


1255-1256 


Fatigue cracks 
in torsion specimens ...1257-1261 
in transverse bend specimens 


1257-1260 


Fatigue limit 
SAE 4340 steel 
effect of inclusions ..1254-1260 
free of inclusions 


1257, 1260-1263 


Fatigue, high temperature 
brass, alpha 
effect of grain size 
1023-1025, 1027-1032, 1035 
on creep rate 1030-1032 
on ductility ..1028, 1030-1031 
on fatigue life at various 
temperatures and 
Stresses ....1023-1025, 
1027, 1029-1030, 1032, 1035 
on minimum creep rate. .1030 
photomicrographs ...1033-1035 
typical fractures ..1033-1035 
variation in creep rate with 


1082 


dynamic stress 
variation in creep rate with 
mean stress 
variations in ductility with 
dynamic stress ...1029, 1031 
variations in ductility with 
1028, 1031 
variations in fatigue life with 
dynamic stress 1026-1027, 1029 
variations in fatigue life with 
mean stress ..1023, 1026-1027 
variation in fatigue life with 
1027, 1030 
1022-1023 


1031 


mean stress 


temperature 
specimen 


Fatigue strength 
SAE 4340 steels 1254-1269 
effect of inclusion... .1254-1269 


Ferrite 
single crystals 
flow and fracture of. 
See Single crystals. 
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Ferrite, proeutectoid 

kinetics of isothermal 
1105-1107 
number of ferrite particles per 


formation 


unit area as a function of time 

at 13875 °F for SAE 8620 and 

S6B20 steels 1124-1125 
radius of largest ferrite particle 

present as a function of time 

at 1350 °F for SAE 8620 and 

86B20 steels 1124-1125 


Ferritic stainless steels 
See Stainless steels, ferritic. 
intergranular corrosion of. 
See under Stainless steels. 


Fish-scale fractures .728-7: 
high speed steel 


Fiow stress 
copper-aluminum alloys.1080-1082 
effect of test temperature 
1080-1082 


Fracture 
types encountered in torsion 


Fracture characteristics 
of annealed tungsten 
at various temperatures .399-405 


Gamma iron 


solubility of boron in....508-510 


Gamma loop study 

of iron-vanadium system .278-283 
of iron-vanadium-titanium 

system 283-288 


Gilding metal 
hardness 
tempering time — 
temperature relationship .1380 


Cilide planes 
in ferrite single crystals. 
See under Single crystals. 


Grain coarsening 
high speed steel 
765-770, ‘773-774, 776, 778-779 
after second austenitizing 
treatment 765-770 
effect of prequench 


temperature 765-770 











Lute hace 


are 
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Grain coarsening (cont.) 
high speed steel 
continuous and 
discontinuous ....... 769-770 
effect on quenched hardness 774 
effect of slow heating on 


aia ieee tiemanel aaa 776, 778-779 
effect on tempered 
NN a id co scat il tl 773-774 
Grain growth 
high speed steel ......... 727-773 


coarsening temperature during 
second austenitizing treat- 
ment as a function of first 
austenitizing temperature 
colts eo ees 735, 739 

on double hardening ...761-773 

effect of annealing variables 


enh «6b «alee alate om 743-745 
I ng ee in ee 728-730 
nature of process ....... 

ha our ek« the 733-735, 746-758 


role of proeutectoid carbides 
sp Oh hk dee ea ee 735-739 
on single hardening... .759-761 
of molybdenum ....... 1454-1455 
time-temperature relationship 
for comparison with recrys- 


GE 5.3. 500650505 oe 

ieee 1381, 1388, 1395-1396 
effect of cold work 

A ooo. oars 1385-1386, 1389-1390 


effect of second phase .1388-1391 
effect of solid solution. . 


Share te aly Stare 1391-1392, 1394 
effect of specimen size 

pide hp fad eels tat 1383, 1385, 1389 
equation for ........ ‘ 1382 
importance of grain size 

Ce 5a 5 wee ee 1377 
master grain growth 

Ge wise» iwc tui 1387 
theoretical considera- 

Se Sitris od ER 1392-1396 
with aluminum ....... 1395 
with aluminum-magnesium 

ee a 2s. aes 1393 
with aluminum-manganese 

SE eis. weed 1388-1392 
with brass .......«@. 1382 
RNIN oo 6 oc nn wml 1386, 1395 
with nickel ......... 1384, 1395 


ween 1387, 1395 








Grain growth behavior 


high speed steel ......... 739-743 
significance of starting 
SIRENS os Tav svat i 739-743 


(irain growth, discontinuous 
high speed steel ......... 759-798 
means of avoiding on second 
Ns Se Wiad 776-779 


Grain size 
austenitic chromium- 


ee 961-964 
effect of solution 
temperature § ....seie 961-964 
7 1021-1035 
effect on high temperature 
EE ks ce SEE 1021-1035 
carbon tool steel ........775-776 


vs. austenitizing 


temperature ........775-776 
effect on temper brittleness 
i064 Jodode es Cabebeaas 489-491 


effect of tempering time and 
temperature. See under Grain 
growth or Recrystallization. 
high speed steel..... 733-735, 739 
effect of austenitizing 
temperature .....es- 733-734 
effect of second austenitizing 
temperature as a function 
of prequenching tempera- 


rye 


CE ss cise 734-735, 739 
low tungsten die steel....775-776 
vs. austenitizing temper- 
ee eee ee 
of molybdenum 
effect on ductility ...1463-1464 
SR si Nocti 1237-1240, 1243 
determination ......... 1237 
effect of austenitizing 
temperature .1237-1240, 1243 
0 


photomicrographs . 1237-1238 


Girain structure 
of low carbon steel 
control with aluminum nitride. 
See Aluminum nitride in steel. 


Graphitization 
effect of prior heat treatment 
as 6%-s wheenihebeuaween 1321-1323 
influence of per cent aluminum 
and nitrogen in solution 
bbe we eeeeee 6 eb abIR 1321-132 
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Graphitization (cont.) 
role of aluminum in... .1318-1330 
role of nitrogen in ..... 1318-1330 


Gray cast iron 
oxygen content of cupola-melted 
iron 
chlorine distillation analysis 


Soe ee bilo ue Uee's6 kun 416-417 
equilibrium relations ..412-414 
metallographic examination 

rt. e e 415-416 


vacuum-fusion analysis.414-415 


Half-temperature time 
correlation with hardness 915 
for end-quenched bars ...900-902 
compared with theoretical 


COPE ea eka dn ee 900-902 
for various size rounds and 
COED: kick sce vede 6al 890, S892 
Hardenability 


of alloy steels 
effect of composition on 131, 135 
alpha-molybdenum die steels 
ce tO RGSS CR Ee ete aeS 1601-16038 
based on transformation 
Gerrans és ss So8% 1601-1603 
boron steels...485-487, 1369-1370 


7 - 
bee se a8 1365 


CONUUNUNOE Sic ucccvdées 1365 


carbonitrided 


carbonitrided steel ...... 
os 8 ce ee 1362, 1365, 1367-1369 
AISI 1020 .1362, 1365, 1367-1369 


AN @ | Beare 1365 
ARGS GEMEe civiruses st 1365 
carburized steel ..1362, 1365-1369 
AISI 1020 ..... 1362, 1365-1369 
Aas eb des cic sk 1365 
Alger Gee -.s cewn eds 1365-1366 
photomicrographs .. 1366 


of a case-carburized boron steel 
austenite grain size ...456-458 
composition of steel ... 4AT 
correlation of microstructure 
and hardness .453-454, 466-468 
effect of boron on harden- 
Ri OP Lek ae 461-465 
boron vs. austenite 
transformation ....462-463 
effect of carbon on harden- 
MEY Gibdcdeccsawes 458-461 
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Hardenability (cont.) 








Vol. 46 


of a case-carburized boron steel 
estimation of case harden- 


SE good ge. y 468-473 
estimation of ideal 
ee oor 454-456 


hardenability results ...448-453 

importance of boron steels 446 
of commercial steels 

quenched in salt and water. 

See Hardenability test. 

comparison of curves obtained 

on Jominy specimens and 

end-quenched T-inch 


— 


> jor 
336-1337 


correlation curves ....... 917-921 


OE Fs Bi se aes cs 


based on equal 50, 80 and 
95% martensite positions 


+e al ce ae ek area sch0 917-921 
effect of austenitizing tem- 
WUE cheese Pe4000 ec 1127 
effect of boron ........ 1089-1135 
mechanism of ....... 1089-1135 
ae 1091 
boron film ........ 1090-1091 


effect of carbon. .1337, 1341-1342 


effect of lanceramp 


(rare GEPtM) .....ccs 1337, 1342 
effect of section size..... 1343 
effect of strain on ....... 919-921 


equal hardness relationships 
hips 25. ote a ee ae 911, 913-914 
between distance on end- 
quench bar and center 
and midway position of 


I i os 06 5-4 911, 913-914 
mechanisms of alloying ele- 
NI saccade bs 0 1100-1102 
ferrite reaction, 
proeutectoid ....1101-1102 


effect of molybdenum 1102 

pearlite reaction ...... 1101 

effect of molybdenum 1101 
reproducibility of end-quench 


ORE 5 lei, Sea os ead 928-947 
titanium-aluminum-chromium 
ts Hatt bas Hania 611-613 


effect of composition ..611-613 
titanium-aluminum-molybdenum 
WO abated ddews di 592-595 


effect of composition on 594-595 
CUOCOUNTG okies dat. os 592-593 
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Hardenability test 
Jominy-type in molten salt 
experimental procedure 


5d oak a Oe oe 1501-1505 
hardenability with salt vs. 

WET sc owcseuseeed 1505-1509 
importance of marquenching 

ei Skea a ie we ae 1500-1501 
mechanism of salt quench- 

Macys chueeenceaek 1509-1516 
microstructures ..... 1507-1510 
relationship to water 

RE rE EO 1518 
salt stability studies. .1516-1518 
steels tested .......... 1501 
structure with salt vs. 

| WHE: 35 66 cachet: 1506 


time-temperature curves, 
salt vs. water 
for Cr-Si steel 1512-1515 
for SAE 3140 steel.1513, 1515 
for 18-8 stainless steel 


ihckt ate Gliese ete eae 1509-1511 
Hardness 

alpha-molybdenum steel die 
REE Setot ee ian. 1613-1614 

as a function of tempering 
temperature ...... 1563-1566 
SAE 1340 steel ..... 1563, 1565 
SAE 2340 steel ...... 1563-1564 
SAE 4330 steel ..... 1563, 1567 
SAE 4340 steel ..... 1563, 1566 

austenitic chromium-nickel steel 

HEY wee ae abe Ob 6 ped eh 952-058 


effect of aging temperature 
Sit ee Bale ee ek bis 953, 956-958 


effect of aging time .952-954, 957 


effect of carbon content 952 
effect of cooling rate from 
solution temperature 958 
effect of phosphorus con- 
a ee eS eee 954-958 
effect of solution temper- 
OEE ik v6 0 6 Fe's o's 953, 955-956 


chromium-nickel-molybdenum- 
manganese alloy 
ehhh wales db 1042, 1044-1045 
effect of tempering tempera- 
ture and time.1042, 1044-1045 
COPE 58S: ois dims 'e Nines Cates 665-666 
effect of torsional strain .665-666 
correlation with cooling rates 915 
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Hardness (cont.) 
correlation with half- 
temperature time ..... 915 


correlation with 1350-T time 915 
differences between end-quench 
and round bars ...... 909-921 
at equal half-temperature 


UNS. Sis 909-910, 912-914 
effect of differences in strain 
during cooling ...... 919-921 
for 95, 80 and 50% mar- 
tensite positions . . 897-898 
for end-quenched bars. 898 


for various size rounds and 


steel grades ........ 897 


912-915 


differences between end- 


for various 1350-T times. 


quench and round bars 
912-915 
iron-carbon alloys ....... 856-857 


vs. tempering tempera- 
CUE: csiieictacee tl 
effect of carbon content 
iat ie Riad atid eakiece. arn ee 856-857 


tempering time and temperature 
relationship 


PSP ae eee 1378 
for gilding metal....... 1380 
for nickel silver ....... 1380 

VS. grain size ....... 1381 


for zirconium 1379 


titanium-aluminum-chromium 
Ge Saks cad cwetes 611- 


615, 619-620, 625-625, 630-639 
titanium-aluminum-molybdenum 
SONS. «ci snes 600, 602, 605-606 
titanium-chromium alloy 1069 
titanium-iron alloys ..... 1069 
titanium-molybdenum alloy 1069 
Types 309 and 310 stainless 
SE vos Cecweee 1288, 1292 
effect of aging treat- 
WE. 6 4S beans & oe 1288, 1292 
WEE: oS 6s Use A 1139 


vs. time for isothermally trans- 
formed specimens. .1061- 


1062, 1065-1066, 1068, 1073 
RC-130A alloy ........ 1073 
Ti-2.91% Mn alloy.... 

ed et as «wee 1061-1062, 1065 
Ti-7.72% Mn alloy.... 

i‘eecksks cane 1062, 1066, 1073 
Ti—-12.3% Mn alloy .1062, 1068 
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Hardness traverse 
4140 steel 2%4-inch round with 
center and two midway 
inserts 
4340 steel 3-inch round with 
center pin insert .915-916, 920 
effect of strainon hardness 920 
photomicrographs ..... 916 
Heat treatment 
aluminum-copper alloys .1077-1078 
for dispersion of CuAl, 
1077-1078 
stainless steels 


of ferritic 
effect on intergranular cor- 
Jeaababets tae 209-214 
of titanium alloys. 
See Titanium alloys. 
titanium-aluminum-chromium 
BONO © Sava asa8b'ete 622-634 
effect on mechanical 
pul eu oaks 622-634 
titanium-aluminum-molybdenum 
NN OST ke cde’ 593 


of titanium-molybdenum alloys 


rosion 


properties 


correlation with microstruc- 
ture and mechanical prop- 
bo bdw One wh ee 292-311 


Helical fracturing . .664-668, 671-672 


erties 


High speed steel 
coarsened grains ........ 779, 781 
effect of multiple annealing 
puss baci eed tin ae 779, 781 
means of eliminating. .779, 781 
coarsening temperature as a 
function of first austenitiz- 
ing temperature ...... 
2 06d eee wees 770-773, 786-787 
coarsening temperature during 
the second austenitizing treat- 
ment as a function of the first 
austenitizing temperature 
vosisban se s Galen ine Oe 792-793 
electron micrographs .743-744 
fish-scale fractures ...... 762-763 
grain coarsening ........ 
765-770, 773-774, 776, 778-779 


after second austenitizing 


treatment ....... . 765-770 
effect of prequench 
temperature ...... 765-770 
continuous and discon- 
RR ods ihewKms 769-770 
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High speed steel (cont.) 
grain coarsening 
effect on quenched hardness 774 
effect of slow heating on 
6 ahs ic ecbehaletie 776, T78-T79 
effect on tempered 
hardness 
grain growth 
coarsening temperature during 
second austenitizing treat- 
ment as a function of first 
austenitizing temperature 
eo ee ae 735, 739 
on double hardening. ..761-773 
effect of annealing vari- 
Sih ctiine > ao eu 743-745 
Se ae 728-730 
nature of process...... 
aves teen 733-735, 
role of proeutectoid 
SE a ee 735-739 
on single hardening... .759-761 
grain growth behavior 
significance of starting 


ables 
history 


746-758 


SEU. 06 b.c enc cas 739-743 
grain growth, discontinuous 
FE ee eS 759-798 
means of avoiding on second 
NE 664 be siti 776-779 
a 733-735, 739 
effect of austenitizing tem- 
IR Sawin BAK < 45 733-734 


effect of second austenitizing 
temperature as a function 
of prequenching tempera- 


ee 734-735, 739 
grain size vs. austenitizing 
temperature 
after a single hardening 
oo a er 759-761 
grain size vs. second austenitiz- 
ing temperature ....... 761-762 
microstructure .......... 


....%36-738, 762, 764- 
766, 779-785, 790-792, 795-798 
austenite subgrain in 
I oii es kan 795 
mixed grain 
hiieentice dt . 762, 764-765, 779-785 
quenched from various 
temperatures 
subgrain structure 
ee 782-784, 
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High speed tool steel 
See Tool steel. 


High temperature fatigue 
See Fatigue, high temperature. 


High temperature properties 
chromium-nickel-molybdenum 
alloy 
stress-rupture .1051-TO52 
chromium-nickel-molybdenum- 
manganese alloy ..1051-1053 


tests. 


stress-rupture ductility 1052 
compared with 16-25-6 
RY SEs eons ces 1052 


stress-rupture tests..1051-1053 


High temperature stress-rupture 
tests 
See Stress-rupture tests, 
high temperature. 


High temperature transformations 
17-25% chromium stainless 


OE : ic ti ike atte aie 1176-1213 
delta ferrite to aggregate 
of austenite and car- 

Bes % ceed acades 1197-1201 


mechanism involved 1200-1201 

involving delta ferrite.1193-1197 
growth of austenite into 

delta ferrite ....1193-1196 


substructures ..... 1195-1196 
a 1195-1196 

in ferritic stainless steels 
acco te Bl emai « pit 1176-1213 


Hydride phase 
in zirconium .640-642, 644. 646-654 


diffraction pattern ....652-653 


identification .......... 649-654 
Hydrogen 
OCTET re 640-654 
diffusion rates ........ 644 
effect on ductility ..... 640-642 
equilibrium pressure ..644-646 
SE eee 642-644 
Impact 


energy absorbed as a function 
of decomposition temper- 


GE cc cdset cas cues 841, 843 
AISI 1340 steel .......841, 843 
AISI 2340 steel....... 841, 843 
AISI 5140 steel ....... 841, 843 
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Impact (cont.) 


energy vs. temperature...837-843 

effect of decomposition 
products ..........837-843 

AISI 1340 steel ..... 
ie achlicee 5 837-838, 842-843 
AISI 2340 steel......837-843 

AISI 5140 steel ..... 
i ae aw Sh 837, 840, 842-843 

Impact characteristics 

SAE 4340 steel ....... 1592-1593 


effect of forming decreasing 
amounts of martensite 

prior to formation of 

pcan een Ara c © ts 1592-1593 


1593 


bainite 
effect of quenching 
Impact energy 
as a function of tempering 


temperature ...... 1563-1566 
SAE 1340 steel...... 1563, 1565 
SAE 2340 steel ...... 1563-1564 
SAE 4330 steel...... 1563, 1567 
SAE 4840 steel...... 1563, 1566 

as a function of tempering time 

tenet 1563-1566, 1568-1570 


effect of tempering temper- 
ature ...1565-1566, 1568-1570 
SAE 1340 ..... 1565-1566, 1568 
NT GT dxeces cess 1565, 1568 
DCC 6 sb dba cs cbs 3 1569 
SAE 4340 ..... 1564-1565, 1569 
effect of tempering time and 
temperature ...... 1567-1576 
SAE 1340 steel 


“eee eee 


SAE 2340 steel 


eee a 1567, 1569-1573, 1575 
SAE 4340 steel.1567, 1569-1574 
iy OME 6 6k cba oo 
1 te atic 1299-1300, 1302-1304 
at various testing tempera- 
.. 1299-1300, 1302-1304 
effect of cooling rate... 
1299-1300, 1302-1304 
transition curves 
1570-1571, 1574-1575, 1582-1585 
bainitic structures 
path sess 1574-1576, 1582-1585 
tempered martensite 
1570-1571, 1582-1585 


tures 


ose eeeee 
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Impact loading 
See Dynamic loading of metals. 


Impact properties 
Charpy V notch for nodular 
iron 
effect of notch sharpness 
GUS csc chew bews FoR erea 1595-1597 
Super HY-Tuf and SAE 4340 


SOO “wa wh be DACs ei ake 1591 
of titanium-molybdenum 
SENS - 6k sues bar tceeee 


transverse of alloy steels 
effect of composition on. See 
Transverse mechanical prop- 


erties. 


Indium arsenic -antimony system 


microstructures .........: 391-395 
phase GiQ@TAM ...c.cess 391 
thermal analysis ........ 390-391 
Pe CRD DIMI. 6 ie oinivin edt 392-396 


Induction heat treatment 
to surface harden titanium 


210-275 


Intergranular corrosion 
ot ferritic stainless steels. 
See under Stainless steels. 


Interstitial holes 
in face-centered cubic 


a A hase 1094-1096 


Interstitial solid solutions 
effective diameter of solute 


De 6 aes oss oe ON 1168-1175 
OU | ko hc kkk had 1169-1171 
strain energy ......... 1112-1116 


as a function of the distance 
from the solute atom 

1114-1116 

diameter of interstitial 


Avutctyvyenmenetecunr> 


GS cteaeekh cask 1112 

MONE". voles ha rdbiw au 1113 
CE Fei eek ee 1113 
OMNI Skee kest 1112 
QUEM Gri ve hes cess 1113 
CUMNENE so dines dc ccens 1114 
EM 5664) dohes ses 1115-1116 
ge ae Sears ye ae 1114 

Iron 
effect on properties of Cu-Ni-Si 

GE caraiew bhies 02 cxken 332-333 
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Iron (cont.) 
grain growth 
time-temperature relationship 


Os bic caeneerscs 1386, 1395 
nodular, notch ductility. 
See Nodular iron. 
lron-carbon alloys 
Charpy impact .......... 1305 


electron micrographs 
kaw  odkteieaiece 857-864, S72-S873 
effect of tempering tem- 
perature 
0.15% carbon alloy 
ia te: tdedAt wei 861, 
0.4% 
0.8% carbon alloy 
859-S61, 
1.4% carbon alloy 
.857-859, S63-S64, S72-S873 


S63-S864 
carbon alloy... .861-864 


S63-S64 


graphitization ......... 1321-1326 
effect of aluminum . .1323-1326 
influence of nitrogen. 1321-1326 

hardness vs. tempering tem- 

PTR TOR ib ae Se ol S56-S57 


effect of carbon content .856-857 
low temperature proper- 
EAD ee eae 97 7-985, 
strain hardening 
effect of carbon con- 
tent 
effect of ferrite grain 
ee braves ssc tN 990-991 
effect of 


tipiata: dada gutta waka thelial 9S9-991 
SOUGTD GO Riin tas dee wns 979, 983 
eS re 977-985 
effect of carbon con- 
RE a ie aie warn «4 YT9-OS85 


effect of ferrite grain 

ES ee ee ay 977-985 
effect of heat treat- 

ment 
effect of 


Piva ih nore ed eA ve oe 977, 985 
WEE gs. ce weees 991-995 
effect of ferrite grain 
a er ae 991-994 
effect of heat treat- 
ee 991-992 
effect of temperature 
ie dt 0 tak eee ee 994-995 


effect of twinning ... 994 
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Iron-carbon alloys (cont.) 
microstructures ......... 

. .978-979, 980, 982, 1323-1327 
carbide stringers 
grain size 

strain hardening exponent .987-991 
effect of carbon content HOO 
effect of ferrite grain 


Se. cor et Sek antes 990-991 
effect of temperature ..989-991 
stress-strain curves ..... 985-987 


ature YS5-ORT 


eee eee eee eee eat 


subboundary carbide ....865-S67 


i ER ey 865-867 
equation for determining 866 
subboundary carbide pre- 
Cesena... eee S67-ST5 
first stage of tempering .867-86.) 
third stage of tempering . 869-875 
.869-S71 


871-874 


nature of carbide... 
nature of reaction.... 
relationship to embrittle- 
eee Vas oss CBS Y; S74-ST5 
subgrains in tempered mar- 
anes 86.464 Bee 864-865 
Cte. be Ges 864-865 


equation for determining 865 


temper embrittlement 1305 
temperimg .......5+00--. 801-88) 
microstructural changes 
RN ets ak aoe ik as 2 te asl 8S51-SS1 
transition temperatures... 1305 
lron-carbon-chromium alloys 
Chatey spect ......<..- 1306 
temper embrittlement ... 1306 
transition temperatures .. 1506 


lron-carbon-chromium-manganese 


alloys 
Cree MCE i oc ecacses 1306 
temper embrittlement 1306 
transition temperatures 1306 


lron-carbon-chromium-nickel alloys 


Charey. mpeet ......56.. 1306 
temper embrittlement 1306 
transition temperatures 1306 
Iron-carbon-chromium-nickel- 
manganese alloys 
Charpy impact .......... 1308 
temper embrittlement 1308 
transition temperatures 1308 
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Iron-carbon-manganese alloys 
Charpy impact .......... 1305 
temper embrittlement 1305 
transition temperatures 1305 
Iron-carbon-nickel alloys 
Charpy impact .......... 1305 
temper embrittlement 1305 
transition temperatures 1305 


lron-carbon-nickel-manganese alloys 


Charpy impact .......... 1308 
temper embrittlement 1308 
transition temperatures 1308 


Iron-chromium-molybdenum alloys 
. .499-811 
eyes ee 800-801 

pip dra S01-S02 


equilibrium structures 
heat treatment 
lattice constant 


ee NE Fas wc avi a te 801-802 


I . Mes ose! gare ee S02 
MetAiOSvaORy .....ccecs S02, S804 
phase diagrams ......... 803, SOD 
photomicrograph ....... 802, 804 
X-ray diffraction ..801-802 


NN op er Me 801-802 


OO I i ed els S02 
Iron-Fe.B system 
influence of small amounts of 
boron 
Ke-Fee.B diagram ......516-517 


iron-boron phase diagrams 
901-503 


microstructures .......! 105-507 
previous work on iron-boron 
SFStTOCM onic eves ns Oe 
procedure .............008-508 
reaction isotherms .... 5O8 


solubility of boron in alpha 


ene 
microstructures ..... 515 
solubility of boron in 
gamma iron .......508-510 
microstructures ..... 511-512 
thermal analysis ......508-510 
types of solid solutions 
TOTMIED occ. eel uch OO 


Iron-nickel-chromium alloys 
corrosion resistance of castings 
in neutral salt baths. See Cor- 
rosion resistance. 


Iron-vanadium system 
gamma loop study ....... 278-283 
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lron-vanadium-titanium system 
gamma loop study ...... 283-288 


Isothermal austenite transformation 
in 17-25% chromium stainless 
steel ...1180-1189, 1191-1193 
I a a it la ia 1180-1182 
reaction rate curves. .1191-1193 
transformation products 

an ohs apekeé chen 1183-1188 

effect of transformation 
temperature ....1183-1189 
See CUE fick does. 1180-1181 


Isothermal embrittlement diagrams 
SOP DOCG BUNGE wc cect ccc 486-488 


Isothermal formation 
martensite ....... 1105, 1107-1108 
kinetics of ..... 1105, 1107-1108 


Isothermal transformation 
of titanium-chromium alloys. 
See under Titanium-chromium 
alloys. 


Isothermal transformation diagrams 
Ti-2.91% Mn alloy... .1059-1060 
Ti-7.72% Mn alloy ..... 

ee et ee 1061-1062, 1072 
Ti-12.3% Mn alloy ...1061, 1065 


Isotopes 
oxygen-18 
use in determining oxygen 
in titanium and zirconium 
o coe OeeEE GS LSE NEWS 528 


Izod impact 
Types 309 and 310 stainless 
CONE: « cuith'ut <ans0n% 1288, 1292 
effect of aging treat- 
ONS 6-ks ine acean 1288, 1292 
relation to microstructure 1292 


Jominy end-quench test 
cooling curves. ..935-939, 941-944 
variation in... .936-939, 941-944 
effect of delay during 
specimen transfer .938-939 
effect of specimen 
positioning ....... 935 
effect of surface scale .944-945 
effect of water spray 
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cooling curves 
variation in 
effect of water tem- 


| A 941-942 
for several end-quench 
SR ae 936-937 
CONTI SR cake cke vas 


890, 894-896, 902-904, 907-910 
correlation between ideal di- 
ameter and distance on 
end-quench bar ..... 907-910 
correlation curves of equal 
cooling times in end-quench 
bars and rounds ..... 907-908 
correlation with hardness 915 
1350 °F to terminal tem- . 


perature times ....... 
... 830, 894-896, 902-904 
ee WD” Ss aes 909-921 


difference be: * end-quench 
and round vars....909-921 
at equal haif-iemperature 
times ..... 909-910, 912-914 
effect of differences in strain 
during cooling ..... 919-921 
for various 1350-T times 
ges SSE ee ss Cod vs 912-915 
hardness gradient ....... 940-944 
effect of. variation in speci- 
men transfer time ...940-942 
effect of water spray height 


(ceb beau webbed wdwaea 943-944 
effect of water temperature 942 
quenching constant ...... 886-907 
calculation of H value.. 886 


variation of H value...887-907 
at half-temperature time 
ee aay a wee ah ae. €4 905-907 
importance of severity of 
RE ceuctinee 02 
891, 896, 898-899, 901-907 
with specimen size ..887-904 
with temperature ...887-904 


quenching fixture ....... 934-935 
couple assembly and speci- 
men in position ..... 935 


reduction in surface temperature 
during transfer of specimen 
from furnace to quenching 
SE rs ee ea ns wn ae 937-938 

NO ee 884-885 


1954 


Jominy end-quench test (cont.) 
temperature measurements dur- 
ee WNC 6 oa os ak 929-933 
magnitude of error . 930-933 
. 928-947 
test specimen ......... 930-932 


thermal reproducibility 


thermocouple assembly 
nee kee ee ees 930-932, 935 
time-temperature relation 
ie 'eanele ie eet 938-939, 941-944 
effect of delay during speci- 
fen CPARSEET. 4c cccecs 938-939 
effect of surface scale. .944-945 


effect of water spray 


RS ag ally tis dehinsis d 942-943 
effect of water tempera- 
OE - pe ehio nsw ts ao ae 941-942 


Jominy-type test 
using molten salt bath. 
See Hardenability test. 


Lattice constants 
iron-chromium-molybdenum 


I ee ie ag aia a gi 801-802 
RE. od nein o aaa es 801-802 
i 2 seas 6 owas 802 

GE... 654 Satie k bert caeeee 702-703 
effect of alloying elements 

Sia ahe ke OAK Oe eens 702-703 


Lattice parameters 
austenitic chromium-nickel 
oe a wlas oe e as wee 958-959 


re ee ee 959 


steel 
austenite 
carbide 


Low carbon steel 
aluminum nitride effect on 
structure. See Aluminum 


nitride in steel. 


Low temperature properties 


iron-carbon alloys ....... 979-991 
strain hardening ...... 985-991 
effect of carbon content 990 
effect of ferrite grain 
PRES LES aeS re 990-991 
effect of temperature 989-991 
eee MN ns cea s on 979, 983 
ee errs 977-985 
effect of carbon content 
eb Rae ey Oo ie es oe 979-985 
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Low temperature properties (cont.) 
iron-carbon alloys 
total strain 
effect of ferrite grain 


ae es cae Schnwen 977-985 
effect of heat treatment 
cig Se Oe Se: @ ome aca QSO-9S5 
effect of temperature 977, 985 
Wau Oaeeg  . ss Gaal 991-995 
effect of ferrite grain 
eae Papier 5 991-994 
effect of heat treatment 
VeTeererrerye 991-992 
effect of temperature 994-995 
effect of twinning ... 994 
Low temperature testing 
tensile properties ........ 975-977 
eer er 75-977 
recording diameter 
Pe - 4.45 acc web ok 976-977 
schematic diagram .. 976 
Magnesium 
effect on properties of Cu- 
Ni-Si alloys ...........337-338 
Magnetization 
medium carbon steels ...813-817 


vs. temperature .......813-817 
effect of silicon .....! 813-816 

with different retained 
austenite contents ... 815 


Manganese 
effect on properties of Cu- 
Ni-Si alloys 


Manganese-chromium-molybdenum 
steels 


hardenability ......... 1505-1509 


Marquenching 
in molten salt. 
ability test. 


See Harden- 


Martensite 
hardness for 95, 80 and 50% 
martensite positions 


Sx eal ele b Oly Wisin eee des 897-898 
for end-quenched bars . 898 
for various size rounds 
and steel grades .... 897 
kinetics of isothermal 
formation ..... 1105, 1107-1108 
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Martensite (cont.) 
relationship between end- 
quench bars and center, 
4 radius and % radius 


Co ae a 917-921 
Martensite formation 
RE ME Tats 665 kee ok 1246 
nucleation and growth 
SE 5. duit pada 1246-1248 


nucleation and shear 

COO. ceceds whee 1246-1248 
a aie aten W is ka leials 1243-1247 
as a function of transfor- 


rate ot 


mation temperature 1243-1245 
effect of austenitizing 
Ta aed 1243-1247 
. 1243-1246 


temperature 
effect of grain size 


Martensite reaction 
17-25% 


steel 


chromium stainless 


Martensite, tempered 
electron micrographs 853-855 
comparison of rotary and 
static shadowing . . 853-854 
subgrains in iron-carbon 
GG: 06dk tarts ce 853, 855 
subgrains in iron-carbon 
864-865 
864-865 


equation for determining 865 


alloys 


size of 


Martensite transformation 
as a function of transformation 
vapee a 1243, 1245 
effect of austenitizing 
temperature on M, 
1239-1240, 
effect of cooling rate on 
Dis stevasackeue 1240, 1242-12438 
effect of grain size on M, 
jth. dcdve acevesumanas eee ate anal 1240-1243 
influence of heat treating 
variables .....s00:. 1225-1253 
literature survey . 1226-1227 
quench-temper method for 
determining ....1228-1236 
austenitizing temperature 
1239-1240 


temperature 


1245 


cooling rate 


grain size 
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Martensite transformation (cont.) 
influence of heat treat variables 
thermal analysis method 
for determining 


a dake 1236-1237, 1242-1244 
austenitizing temperature 

I ica be Ae al tes er aw 1248 
cooling curves ...... 1244 
yr 1243 
I go sie aint 1243 


Martensite-transformation 
temperature curves 
effect of austenitizing 

temperature on slopes 


O53 bk keke 1243-1244, 1247 
effect of grain size on 
slopes of ...... 1243-1244, 1246 


Mechanical properties 
chromium-nickel-molybdenum 
alloy, 16-25-6 
effect of tempering treat- 
REO. 6 dé ctceua es 1042, 1044 
chromium-nickel-molybdenum- 
manganese alloy ..1041-1046 
effect of cold work ..1045-1046 
effect of quenching 


temperature ...... 1041-1045 
effect of tempering 
SPEQCHBOIES 6.6 cn es 1042-1045 


of molybdenum, control of. 
See under Molybdenum. 
Super HY-Tuf and SAE 4340 


he on ocala ie an ale 1590-1591 
titanium-aluminum-chromium 
es oie ee aa 622-634 


titanium-aluminum- 
molybdenum alloys “92-607 
of titanium-molybdenum alloys 
correlation with heat treat- 
ment and microstructure 


bth nid odd )4036 a0 bowed 292-311 


Mechanical properties, transverse 
of slack-quenched and tempered 


wrought steel ....... 1331-1358 
Mechanical testing 
at low temperatures ..... 975-977 
I INUIN - iy v's oi eee ok 975-977 
recording diameter 
RR 976-977 
schematic diagram .. 976 


1954 


Medium carbon steel 
See Steel. 


Melting point 


ST. a a 1138-1139 
Metallography 
iron-chromium-molybdenum 
SEE Sc deceus keene 802, S04 


Microcrack structure 
effect of torsonial strain. .666-680 


eee Ee |. cane et eeres 0 xt 670-680 
Microstrain 
during dynamic loading 52-53 
Microstructures 
alpha-molybdenum die steel 
yee erry 1603-1605, 1607-1609 
of aluminum stress-rupture 
tested at 900 °F ....... 75-81 
of annealed tungsten 
fractured at various 
temperatures ....... 400-403 


austenitic chromium-nickel 
steel 
effect of aging time ...963-966 
effect of phosphorus 
content 


effect of quenching strains 


etchants 
CE MNO. . x cc nyen e's 
photomicrographs ..... 
residual carbide content after 
. .961-964 
of case-hardened boron steel 
ee ea. kee 453-454, 466-468 
of 16 Cr—25 Ni-6 Mo alloy 
during elevated temperature 
aaa 9 ice ae 1548-1550 
chromium-nickel-molybdenum- 
manganese alloy ..1046-1051 
hot-rolled 1046 
effect of cold work 1048-1050 
effect of water quenching 
from 1800 to 2150 °F 
shslene nee 1046-1048, 
17-25% chromium stainless 


solution treatment 


working 


1050 


steel ..1179, 11838-1190, 1194- 

1195, 1197, 1199, 1205-1207 
depletion of austenite by 

precipitation ........ 1190 
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Microstructures (cont.) 
17-25% chromium stainless steel 
growth of austenite into 


delta ferrite ...... 1194-1195 
lamellar carbides in 

martensite ....... 1197, 1199 
residual carbides and 

nitrides in martensite 

ne kak bane 1179, 1205-1207 


resulting from isothermal 
transformation of 
ca tiie Dae dd 1183-1189 
of heat treated titanium 
alloys 


austenite 


ie: eke aoc S eae 574-575, 580 
high speed steel ......... 
bc pcphiiee intace acne 136-738, 762, 764 
166, T79-785, 790-792, 795-798 


austenite subgrains in 


MIMPCCNSNE i i. da cle 795 
quenched from various 
temperatures ....... 736-738 
subgrain structure 
sa Pall ald or eae 782-784, 796-798 
of indium arsenic-antimony 
NS. ik os 6 ob aoc 


of iron-boron alloys 
cecccc cee MO, 511-512. 515 
iron-carbon alloys ....... 
. 978-979, 980, 982, 1323-1327 
carbide stringers in ...979, 982 


epi MIRE 5 oo ss dace 978, 980 
of marquenched steels .1507-1510 
of molybdenum 


during ingot processing 


- chatatale: Wla guetetd BA rine 1456-1461 
of nitrided titanium ..... 547-555 
of nodular irom .......<. 421 


relationship to fracture 


GG £i-captrere dba08 441-448 
of plain carbon steels 
+ wane aes 1529-1530, 1533 
SA BOD atte! och cis cccs 
ova 1228, 1231-1233, 1237-1238 
SAE 4340 steel ........ 1258-1261 
fatigue cracks ...... 1258-1261 


stainiess eteGh wicks é cu oces 
.. 1287, 1290-1291, 1293, 1295 
Type 309 .1287, 1290-1291, 1295 


Type 310 ...... 1287, 1293-1295 
SOU: «nce: acccin Sieemsniece eee 
UENO oo os bx cin 834-837 
IR Bn 835, 837 


AISI 5140 


coe ccc ce ces CPOs 
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Microstructures (cont.) 
titanium-aluminum-chromium 


nes 6a oD ¢-wate we 615-619 


titanium-aluminum- 


alloys 
molybdenum alloys . 597-599 
021-325 
of titanium-chromium alloys 


awe 235-238, 239, 241, 252, 254 


-_ 


of titanium-boron alloys 


of titanium-molybdenum alloys 
correlation with heat treat- 
ment and mechanical 
GEIL. is wales once 292-311 


of titanium-nitrogen alloys 


zirconium 
ae 646-649 
of zirconium-aluminum alloys 


pbcwge Cbesd bbe hea OSE 359-368 


Molybdenum 
in alloy steel 
effect on transverse 
properties 
analysis by vacuum-fusion 
method 
SOO ins 8 oes 4 heh 376-379 


Se 


operation of 
importance of .........375-376 
nitrogen determinations 383-385 
oxygen determinations 380-382 
effects of sample 
GUE isk cain 382 
sensitivity of gas-volume 
measurements ...... 379 
mechanical properties control 
effect of grain size on 


Geteee. a. ah wenn 1463-1464 
effect of rolling 
temperature ........ 1461 
effect of testing 
temperature ...... 1461-1463 
factors affecting transition 
temperature ...... 1463-1464 
grain growth ....... 1454-1455 
materials studied ..... 1450 
processing ingots ..... 1455 
macrostructures during 
inthe kb ab emes ss 1455-1456 
microstructures during 
6 deed ddd ose 1456-1461 
tensile properties during 
Sidbdenter «éteer 1459-1461 
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Molybdenum (cont.) 
mechanical properties control 
recrystallization ...... 1451 
effect of annealing 
temperatures ...1452-1453 
effect of annealing time 1454 
effect of cold work 1452-1453 
stress-rupture data at high 


COMPETALULES. <<. 00:6 6 o's 122-123 
Nickel 
in alloy steel 
effect on transverse 
a ee 144-148 


effect on properties of Cu- 
eee ee ae Te 33 


grain growth 
time-temperature relation- 


GW ae aes ss 1384, 1395 
lattice constants ........ 702-703 
effect of alloying elements 
See MONT © Ue cheb s pet e 702-703 
solubility in vanadium 1153 


stress-rupture data at high 
temperatures »+-elek-122 


Nickel alloys 
oo | 703-714 
effect of solid solution 

alloy content on 

parameter “A” ..708-709, 713 
reproducibility ........ 703-705 
variation of e. with solid 

solution alloy content 

ae ey rE Pe oe 708-709, 714 
variation of slope with 

solid solution alloy 

CE is tt ee de 708-709, 712 

creep parameters 

effect of solid solution 

alloying elements ...701-714 


Nickel-cobalt alloys 


GEOG .COFVES 20. wens 705-707, 710 

creep parameters ........ 706-707 

ee ND: co Gia wd dec cact 706-708 
Nickel-iron alloys 

creep curves ........ 705-707, 710 

creep parameters ........ 706-707 

COOGAN 6 ow iivae tsi a8 706-708 


Nickel silver 
hardness 
tempering time — temperature 
relationship 1380 


1954 


Nickel-titanium alloys 


creep curves ....... 705, 708, 711 

creep parameters ........ 706-707 

ee 706-708 
Nickel-tungsten alloys 

CORD CUEVEE 6c scan ccnan 705, TO09 

creep parameters ........ 706-707 

COGD PERES 204 sc tdceves 706-708 
Niobium 

stress-rupture data at high 

temperatures ......... 121, 123 

Nitriding 


for surface hardening titanium. 
See under Titanium. 
in low carbon steel 
for control of structure with 
aluminum. See Aluminum 


nitride in steel. 


Nitrogen 
in molybdenum 
measurement of ....... 383-385 


. 1318-1330 
1114 
use in nitriding titanium .562-563 


role in graphitization 
strain energy per atom 


Nodular iron 
notch ductility 
Charpy V transition 


op Pe pe 422-426 
comparison with steels 
eiiten i.e eek a hehe tate 422-426 
effect of silicon and 
phosphorus ....... 423-425 
significance of ...... 427-428 
compositions of irons 
CONE to bdo wee 419-420 


drop weight tests 
effect of alloying elements 
on fracture temperature 
a ih ec eicehs Saale oer mee 431-433 
effect of microstructure 
on fracture temperature 


» tin ha ae a dks See 431-433 
effect of section size 433-43 
explosion tests ........ 435-441 
fracture path vs. mjero- 
SRRMCTTO <6 oo bi vicin wees 441-443 
microstructures ....... 421 
tensile properties ..... 425, 427 
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Normalizing 
effect on quench cracking 
of hollow steel cylinders 
pie wingicherwee Sennen 102-103 


Notch ductility 
of nodular iron. See Nodular iron. 


Notch tensile properties 
effect of notch sharpness on 
fracture appearance .1018-1019 
SUGCMIOR oaccccenecnne 1000-1001 
variation of average true stress 
with sharpness at various 


strain values ...... 1016-1017 
WM 2. oaceuas ce yan 1016-1017 
oe nr ad ee 1016-1017 


variation of necking strain with 
notch sharpness ...1017-1018 
aluminum, 24S-O ....1017-1018 
a eee karen oe eteas 1017-1018 
annealed ....1017-1018 
copper, hard drawn .1017-1018 
variation with notch sharp- 


brass 


copper, 


WE aS 0s Ke.0.6 kv Wouen 1006-1010 
aluminum 24S-O ...... 1009 
SE Gt he bh eile ota ade 1007 
copper, annealed ...... 1011 
copper, hard drawn .1006-1008 
EE aia s «chew eases 1010 
SS Ai og oc aaide 1008 


variation of notch strength 
ratio with notch sharpness 
dees 1009-1010, 1012-1014 
fractures determining 1010-1013 
schematic representation 
1014 


“vee e ee eee eeneeweenenee 


variation with unnotch 
i606 dae 1013-1015 
Notch tensile strength 
effect of notch sharpness 
lias nti N ieee aes o 1003-1005 
annealed brass ...... 1003-1005 
. .1003-1005 


necking strain 


brass 

hard drawn copper 

Nucleation and growth 

analysis of proeutectoid ferrite 

and bainite formation 

non so bared Ge shee an 1097-1100 

effect of boron ..1098-1100 
Nucleation rate 

as a function of time 

effect of boron 

equations 


. 1097-1100 
1098 
var o ae aca 1097-1099 


eeervre eee 
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Oxygen 
In gray cast iron ........ 409-417 
in molybdenum 
measurement of .......380-382 
solubility in vanadium 1144 
in titanium and zirconium 
by isotopic method 
ROOTES oa 3 6 WES 6 oe 927-528 
experimental results ..530-532 


importance of determining 527 


Pearlite spacing 
effect on transition temperatures 


carbon steels investigated 1528 
for 0.017% C steel ..... 

» ata Ueaie ae) ws Sess 1531 1584-15385 
for 0.22% C steel ..... 

9s oh RR Obs el 15382, 1534-1535 
for 0.43% C steel ...... 

ee geeks dae we 1532, 1534-1535 
for 0.73% C steel 533-1535 
for 0.78% C steel ~1533-1535 


microstructure of 0.2% C 


SOG. cod cenpanten 1529, 1535 
microstructure of 0.73% C 

SEGOE os cdi aceseen 1530, 1533 
pearlite content of steels 

» <n alerbiela ga bean 1528, 1531-1532 
related tensile properties 

eva oh SOREN Neha 1535-1536 


time-temperature curves 


for 0.73% C steel.... 


in nae ew ieee toll 1530, 1533-1534 
Phase diagrams 

indium arsenic-antimony 391 

Women .’. -ccseet sheen 5OL-503 


iron-chromium-molybdenum 
SO3, SOD 


eeeceoeeeeeeeneeeeen ee eee 


forme t@elS. so os ancs sive. +cat 
titanium-boron ..........320-324 
titanium-chronuum ...... 237-238 
titanium-nitrogen ....... 314-316 
vanadium-aluminum 1148 
vanadium-carbon ....... 1145 
vanadium-silicon ........ 1150 


..1156, 1165 


o-=- or 
ede dedmededes 


vanadium-zirconium 
zirconium-aluminum 


Phase transformations 
titanium-manganese alloys 
1058-1061 


eeeseseeosneboanseeesveseeen © 
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Phosphorus 
in nodular iron 
effect on notch ductility 
stn elidienadantny deed “a's atte lie oie 423-425 
in SAE 4140-type steels. .828-829 
effect on dilation during 
tempering S28-S829 


Photogram 


Ti-—7.72% Mn alloy ...1066, 1068 


Photomicrographs 
iron-chromium-molybdenum 
RE Ee 
titanium-manganese alloys 
ee es ee 1058-1061, 1063 
Pin insert specimen 
COMMOTUIEGI Weide ccs sence 914, 920 


to determine effect of 
differences in strain during 


cooling on hardness ...920-921 


Plastic deformation 
mechanism of mee 5 


Plastic strain 


delay during dynamic 


loading 47-52 


mechanism of 


Precipitation hardening 
austenitic chromium-nickel 


steel 


ih ween Dea ae wou 952-954, 957 
effect of carbon content 952 
effect of cooling rate from 

solution temperature 958 
effect of phosphorus 

content 
effect of solution temperature 


epee Pad kaa a 953, 955-956 
President’s Annual Address 7 


Preyield microstrain 
during dynamic loading .. 52-53 


Quench cracking 
of hollow alloy steel cylinders 
effect of austenitizing 


SOMIPOTAIUTE sec aesss 101-102 


1954 


Quench cracking (cont.) 
of hollow alloy steel cylinders 
effect of boron content 110-111 
effect of carbon content 
. ot eke bade sae 107, 109-111 
effect of disk thickness 105-106 
effect of ingot position 106-109 
.. 102-1038 
effect of quench temperature 
PPR ee yee ey Peo 108-105 


effect of normalizing 


effect of wall thickness 103 
test employed ........ 100-101 
Quenching 
of nitrided titanium 
effect on case hardening nay 
Quenching constant 
calculation of H values .. SRG 


variation of H value ..... SS7-907 
in end-quench bars 
cb eee he's Ome SSH, SUG, SUS-900 


at half-temperature time 


for two cooling rates 
and two positions in 
MES. ; ovciveseor 905-907 
importance of severity of 
OMEN - idk stacncweks 
.. 891, 896, SOS-899, 901-907 
within a 2%-inch round 887, 893 
. .SST-904 


SS7-904 


with specimen size 

with SCMPETAtUTe .2s6% 
Quench temperature 

effect on quench cracking 

of hollow steel cylinders 

s ccieh Wsks eaiig We, Spon Oe 103-105 


Rare earths 
in alloy steels 
effect on transverse 
properties 
effect on Charpy impact 
CERVETECS: iv views ceva 


oe hee 1340-1348, 1351, 
as a function of distance 


1353 


from the quenched end 

of end-quenched slabs ot 

steel .1340-1348, 1351, 1355 
effect of position on 


transition temperature 1353 


SUBJECT 


INDEX 1647 
Rare earths (cont.) 
effect on tensile property 
SEM VEUOES 96s bese Sas eee 
.. 1340, 1344-1345, 1347, 1349 
as a function of distance 
from the quenched end 
of end-quenched slabs 
OR PRGA sasliicte nk de 
1340, 1344-1345, 1347, 1349 


Recrystallization 
of molybdenum 
in controlling mechanical 
See under 
Molybdenum. 


properties. 


time-temperature relation- 
ship for 
comparison with grain 
growth .1381, 1388, 1395-13096 
effect of alloying elements 
Peale Ge eae ee wh aie wate 13891-1392 


I a ice se 1382 
importance of grain size 
EE Ne koh hia ae oe ale 137% 


curves 
effect of cold work 1381, 1385 
theoretical considerations 


et a 1392-1396 


with aluminum 


vanadium, cold-rolled ... 1139 


Reduction of area 
transverse of alloy steels 
effect of composition on. See 
Transverse mechanical 
properties. 


Retained austenite 


effect on torsion properties 7-98 


Rheotropic recovery 


of steel 


effect of strain aging ..184-196 
Rolling temperature 
for molybdenum 
effect on properties 1461 
Rotary shadowing ......... 853-854 


Rupture 


equation for 
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Salt bath marquenching Single crystals (cont.) 





of commercial steels. 
See Hardenability test. 


Salt baths 
corrosive effect on cast Fe-Ni-Cr 
alloys. See Corrosion resistance. 


Secretary’s Annual Report. . 16 


Sensitivity factor 
in torsion test 


ee eee wee 


Shear planes 
in ferrite single crystals. 
See under Single crystals. 


Sigma phase 
in Types 309 and 310 stainless 
SOG cin cSa Cee eee 1285-1297 


formation of ........ 1285-1297 


Silicon 
in alloy steel 
effect on transverse prop- 


WSS. occncresal 148, 152-153 
effect on properties of Cu-Ni-Si 
CG, jecadncrce lh eaces 331 


in nodular iron 
effect on notch ductility .423-425 


solubility in vanadium ... 1149 
Single crystals 
flow and fracture of ferrite 
experimental technique 
»6 bduae oeeke eens 1410-1411 
iA: odes awal wee 1421-1433 
low temperature tests 
effect of temperature 1421 


tension and compression 
1419-1420 
mechanical twinning .1434-1435 
proposed theory of slip 
vical 1407-1408, 1421-1424 
atom movements ..1436-1442 
compared with experimental 


I: chy exn-wea wk 1421-1423 
strength of various planes 
snbnscee éseawe 1408-1409 


room temperature tests 
effect of alloy composition 
Pe et ee ee Pe 1418 
plane of slip 
tension vs. compression 


sheen 1415-1416, 1418-1419 


flow and fracture of ferrite 
shear glide planes....1411-1415 
strength of polycrystalline 


EE cnt ens otiketme 2 1410 
WE BREE isc 00 v5 08 1433-1434 
Slack quenching 
heavy forged steel sections 
ist beneews uekewn se 1331-1358 
effect on mechanical prop- 
SES eat ates uae 1331-1358 
Slip 
in ferrite single crystals. 
See Single crystals. 
Solidification 
ie hie ans 1218-1222 
probable sequence of events 
SA odie a eath etebak 6,4 1218-1222 
pasty condition ......... 1222 


Solution treatment 
of titanium alloys 


effect on properties... .571-576 


Specimens 
ED Sinvidins kd'n a hemaeeies 659 
CIN bs ties a awa 659 
Specimen size 
effect on grain growth 
pagal vans eee 1383, 1385, 1389 


Spring alloy 
copper-base substitute for 
copper-beryllium. See Copper- 
nickel-silicon-aluminum alloys. 


Stainless steel 

intergranular corrosion of ferritic 

types 
austenite not responsible 

214-218 
compositions of steels tested 

200-201 
. 197-200 


ove ee eee ewe wee ere eee oe 


conditions producing 


effect of carbon ....... 207 
effect of chromium .... 206 
effect of miscellaneous 
eeemeente 607). dass 209 
effect of sensitizing heat 
CHORE 65555 6 ose 211-214 
effect of subsequent heat 
SrOURNOME, 4 wiivecemes 209-211 
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Stainless steel (cont.) 
intergran. cor. of ferritic types 
effect of titanium additions 
207-209 


mechanism of ......... 219-222 
test for determining ...201-202 
Wet ROOEO Se ois dee 202-206 


microstructures ......... 

1204, 1287, 1290-1291, 1293-1295 
intergranular precipitate 1204 
Type 309 .1287, 1290-1291, 1295 
Type SiO: <iccics 1287, 1293-1295 


Stainless steel, 17-25% chromium 
1179 
austenite decomposition 1182-1183 


A, temperatures ........ 
intermetallic compounds 
associated with ...1182-1183 
carbide precipitation 1182 
depletion of austenite by 
precipitation ........ 1190-1191 
high temperature trans- 
formations ....... 1193-1201 
delta ferrite to aggregate of 
and 


carbides 
1197-1201 


austenite 


mechanism involved 

1200-1201 

invoking delta ferrite.1193-1197 
growth of austenite into 


“eevee eeeeeeeeees 


delta ferrite ..... 1193-1196 
substructures ..... 1195-1196 
WOE oxtecevce 1195-1196 


isothermal austenite transfor- 
mation. .1180-1189, 1191-1193 
GOSS .. vs sk eaneued bers us 1180-1182 
reaction rate curves. .1191-1193 
transformation products 
1183-1189 
effect of transformation 
temperature ....1183-1189 
Ac tecn es 1180-1181 
1183 


“eee eee ee een eeneee 


TTT curves 
martensite reaction 
microstructures ......... 

1179, 1183-1189, 1194- 

1195, 1197, 1199, 1205-1207 
depletion of austenite by 
precipitation ....4.%... 
growth of austenite into 
delta ferrite ....... 1194-1195 

lamellar carbides in mar- 
GEE a olcadae esd 1197, 1199 


1190 
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Stainless steel, 17-25% Cr (cont.) 
microstructures 
residual carbides and nitrides 
in martensite.1179, 1205-1207 
resulting from isothermal 
transformation of austenite 
1183-1189 
transformation of austenite by 
growth of existing delta 
ES ae es gall Cale 1191-1193 


eee eeeeeeeereneneevense 


Stainless steel, ferritic 
high temperature trans- 
ee ar 1176-1213 


Stainless steel, Types 309 and 310 
formation of sigma phase 

1285-1297 

1286 


aging treatments 

diffraction studies ..... 

ferromagnetic permeability 
ee 1288-1289 


iththeCee pre we 1288, 1292 


es oes 


hardness 
effect of aging treatments 

ren rere 1288, 1292 

eT ee 1292 

effect of aging treatments 


1288, 1292 


relation to microstructure 1292 
X-ray analysis of needle 
COUSUITMIOME nk ccc ce cece 1297 


Stainless steel, Types 430 and 442 
SI occas csv a been 1204-1205 
effect of welding and post- 
weld annealing ....1204-1205 
acta hia 1204-1205 
effect of welding and post- 
weld annealing ....1204-1205 


tensile properties 


Statistical analyses 
of the stress-rupture test. 
See Stress-rupture test. 


Steel 
case-carburized 
effect of boron on hardenability. 
See under Hardenability. 
critical temperatures ..1270-1284 
elevation by high heating 


SOS ok 6 WSs Veen 1270-1284 
apparatus for deter- 
SS * &, orericn oats 1271-1274 


method of determining 
1272-1274 
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Steel (cont.) 
effect of boron ........ 1OS9-1135 
.. -1091-1093 
temperature dependence 
feed ue 1092-1093, 1123-1124 
thermodynamic conditions 
5 hme 1091-1092 


on diffusivity of carbon 


adsorption effects 


leading to 


1095 
grain boundary effect .1090-1093 


in austenite ......... 
effect of type and amount of 
nonmartensitic decomposition 
products on lowest temper- 
ature for ductile fracture . 
so Ath eS Mitte bs eee 842, 844 
impact energy as a function 
of decomposition tem- 


REGRRUNG 2 wiiasicaddot S41, 843 
effect of decomposition 
orpogeets «. +... 1c, oe 
impact energy vs. temper- 
SUR ce cvarevsawcdan 837-843 
effect of decomposition 
products ...........-83%-843 


influence of nonmartensitic 
decomposition products on 
true stress—true strain re- 
lationships 


isothermal transformation 


characteristics ........ 
transformation 

epedeeee ni 1096-11060 
became 1096-1097 


833-837 


isothermal 
kinetics 
effect of boron 
microstructures ......... 
pearlite spacing effect on transi- 
tion temperatures. | 
See Pearlite spacing. 
quenched and tempered ..830-846 
effect of nonmartensite de- 
composition products on 
o> ob 6 elena 's ae 


temperatures for 10 and 30% 


properties 


transformation during cool- 
ing to various isotherms.833-837 
sa ate 1298-1317 
effect of chemical composi- 


temper brittleness 


tion on susceptibility 
Tiree ee 1298-1317 
SAE 3312. .1299-1300, 1302-1304 
tempered 
carbide phases in ......869-871 
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Steel (cont.) 
tensile properties ........ 843-845 
effect of nonmartensitic 
decomposition products 


eee Pe eee tee | eee 843-845 
transverse mechanical prop- 
SO tas he ecimad as 1331-1358 


of slack-quenched and tem- 
pered wrought steel.. 
1331-1358 


"ee eee ee eee ee eee 


Steel, hypoeutectoid 
embryo concentrations for 


solution behavior ..1093-1094 


schematic diagram 1094 
Steel, medium carbon 
changes in magnetization vs. 
temperature ........S813-S17 


effect of silicon .......8138-816 
with different retained aus- 

tenite contents ...... S15 

electron micrographs 


length changes on tempering 


pin Miata etgsate sew Sab S RSet o 817-822 
for 100% austenite ....820-822 
activation energies ..820-821 
effect of silicon...... 821 
for 100% martensite ...817-820 


activation energies .. 820 
effect of silicon content 


ginie,e a +e Ohne bob wh 817-820 
rate equation ....... 820 
ROR fa da ie vn vc BEB-OT 
effect of silicon........ 812-827 
Steel, trade designation 
4170 type 
hardenability ......... 1127 


effect of austenitizing 

temperature ...... 

effect of boron 
81B40 


hardenability curves 


effect of quenching tem- 


DETREI . . caccn es 1126-1127 
NE 9440 
hardenability ....... 1505-1509 
NE 98V65 
hardenability ....... 1505-1509 
S-816 
notch tensile properties 
Sire wd ‘ 1010, 1016-1017 
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Steel, trade designation (cont.) 
S-816 
notch tensile properties 
variation of average true 
stress with sharpness 
at various strain values 
1016-1017 
with notch 
sharpness 
SAE 1050 


martensite 


variation 
1010 


transformation 


5/5 ssa eka ab een trast lad 1225-1253 
influence of heat treating 
eee 1225-1253 


microstructure 
wre --.* 
SAE 1095 
hardenability 
SAE 1335 
hardenability 
SAE 1340 
rheotropic recovery and strain 
Te oey 184-196 


1231-1233, 1237-1238 
bai arden 1505-1509 


je wae 1505-1509 


aging behavior 
SAE 2340 
hardenability 
SAE 3140 
hardenabiltty ....%<»s. 
ate een eaiee 1505-1509, 1513-1515 
temper brittleness 
SAE 3312 


impact 


CNeCTMY 2.22.00. 
1299-1300, 1302-1304 
at various testing tempera- 
.1299-1300, 1302-1304 
of cooling rate 
1299-1300, 1302-1304 


tures 
effect 
SAE 4140 
hardenability 
SAE 4340 
fatigue strength 


(amie 1505-1509 


prensa el 1254-1269 

effect of inclusions.1254-1269 
hardenability ....... 1505-1509 
. . 1265-1269 


effect of torsional pre- 


tensile properties 


strain upon ..... 1265-1269 
SAE 6150 
hardenability ....... 1505-1510 
TS 8117 
dilatometric cooling curves 
Ka avbesiatiena adie ska 1121-1123 
effect of boron content 
be dine alent ot 1121-1123 
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Strain aging 
of 16 Cr —- 25 Ni-6 Mo alloy 
inal align Male Oued ak 4)s Se eiantases 1547 
effect on rheotropically em- 
osttingd steel. «vnc cscs 184-196 


Strain energy 
in interstitial solid solutions 
1112-1116 


as a function of the distance 


from the solute atom 


pte tak a's Sea ee ea 1114-1116 
diameter of interstitial 
DE. icvevesben 1112-1113 
SRS i's 3 dino a SE 1113 
IE Said vic se ak 1113 
OI SG 1112 
EN sip vue Ses 1113 
NS? © ass soo Se WOK 1114 
DN Seb cess de wade 1115-1116 
gl SR ete ae ree 1114 
Strain hardening 
i. USD 
EIS bas ca wets eae SD 
measurement of ......... 985-988 


Strain hardening exponent 
definition 


dd ie ae eames Sat DST 
iron-carbon alloys ....... YS9-991 
effect of carbon content NNO 
effect of ferrite grain size 
BP re en eee ee 990-991 
effect of temperature. ..989-991 
Strain rate 
effect on proportional limit 
and ultimate strength 46-47 
WL Se ken Cae, S 15 
Stress-rupture data 
correlation for metals at high 
temperatures 
aluminum data ........ 117-119 


of atomic numbers with acti- 
vation energies for creep, 
rupture and self-diffusion 
125-127 
hab iu aelin. cin 119-121 
commercial al!oy data. .122-125 
equation for total creep.113-115 


beryllium data 


molybdenum data ..... 122-123 
ee 121-122 
niobium data ......... 121, 123 
rupture equation ...... 115-116 


titanium data 
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Stress-rupture tests 
a statistical analysis for 2S 
aluminum at 900°F.. 
experimental results 


63-86 
66-68 


microstructures ....... 75-81 
statistical treatment 

Whaeidh bes sb dw Oe 69-74, 79-85 
Sg. a 65-66 


uniformity of material 68-69 
Stress-rupture tests, 
high temperature 
 .s-c ahates cae 65 
.. -1023, 1026, 1031-1032, 1035 
effect of grain size 
1023, 1026, 10381-10382, 10385 
on minimum creep rate at 


brass, 


various temperatures and 
..-1031-1032, 1035 
on rupture life at various 


stresses 


and 
ottee ial te 1023, 


temperatures 
stresses L026 
Stress-strain curves 
SONGS... ccnecavusaiers 
... 084-686, 689-691, 695-696 
comparison of effects of 
recovery and stress 
TOCOUUTT ox cd wed aseed 695-696 
effect of creep straining .684-686 
prestrained at various 


temperatures ....... 689-691 
aluminum-copper alloys 
need mali ownage kh 1078-1081 
effect of CuAle content 
Oe Se eda eaes 1078-1081 
for Al-Zn-Cu alloys ..... 350 


for 16 Cr — 25 Ni-6 Mo alloy 
at elevated temperatures 


ne de 0.0 7 e-ee no 1546-1548 
copper, cold-worked ..... 667-668 
relation to flow direction 
errr eo TT VeTET Yi 667-668 
iron-carbon alloy ........ 985-987 
effect of testing tem- 
SE Sh wee ers ceews 985-987 


notch and unnotch bars.1003-1005 


various materials and con- 


GN. dk 5K Bada s cence 1002-1004 
Stress-strain relations 
under dynamic loading ... 38-42 
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Structure 
of low carbon steel 
effect of aluminum nitride on. 
See Aluminum nitride in steel. 
of steels marquenched in salt 


er WO. Coc eee cess 1506 
Subboundary 
0 a ee. 854 


Subboundary carbide precipitation 
in iron-carbon alloys .... 867 
first stage of tempering .867-869 
third stage of tempering. 869-875 
nature of carbide ....869-871 


nature of reaction ...871-874 
relationship to embrittle- 
Pr ab Ce-~0 saved iced S74-S75 
Subgrain 
SR Seis Sees ees k 854 
Supercooling 
EME 0 0 aah 6 so ntidhns 1214-1222 
constitutional supercooling 
esau sheet a en pre ales 1217-1218 
Surface hardening 
of titanium by nitriding. 
See under Titanium. 
Surface heat abstraction 
coeficiemt ............-.800, 903 


Technical Program and Reports 
of Officers, American Society 
for Metals—35th Annual Con- 
vention, Cleveland, October 


ee ee eo sac bende 1 
Temper brittleness. See also 

Temper embrittlement. 

of boron steel. See under 
Boron steel. 

tO Es inci eee oa os 1305, 1307 
precipitating phase. .1305, 1307 

COR bin ike eea ete ot 1298-1317 
effect of carbon ....... 1307 


effect of chemical composition 
on susceptibility ..1298-1317 
effect of chromium 1309 
effect of manganese. .1308-1309 
effect of nickel ...... 1307-1308 
effect of phosphorus 1309 
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Temper embrittlement. See also 
Temper brittleness. 


iron-carbon alloys ....... 1305 
iron-carbon-chromium 

RRR ae op eee ey 1306 
iron-carbon-chromium- 

manganese alloys ..... 1306 

iron-carbon-chromium-nickel 

ete iio oe welts kati 1306 
iron-carbon-chromium- 

nickel-manganese alloys 1308 
iron-carbon-manganese 

Ss cu ncite netbeans es 1305 
iron-carbon-nickel alloys. 1305 
iron-carbon-nickel-manganese 

ME, cvoaicucuete Teen 1308 
SA Bee Stee! ww kw cee ck 1304 
SAE 3312 steel 

effect of carbon ....... 1304 

effect of chromium 1304 

effect of constituents 1304 

effect of nitrogen ..... 1304 
(nee 6. es uneat bas ewe 1299-1301 
Tempering 

iron-carbon alloys ....... 851-881 


microstructural changes 
Ses aisha: @-icee ss «ee ee ae a 851-881 
medium carbon steels .812-827 
effect of silicon on 


isietite’ OF = sic ciccse HK 812-827 
length changes ........ 817-822 
effect of silicon ..... 817-822 
SAE 4140-type steels ....828-829 
dilation during ........ 828-829 


effect of aluminum ..828-829 
effect of phosphorus .828-829 
time and temperature vs. 


DINED + tines bv ed 1378-1381 
Tensile fracture 
SUOORTORCE cc eee it aee 663-665 
effect of torsional 

Cr fo eas tak bee 663-665 
fractre Qnee ....5.4.... 663-665 

variation with torsional 
| nee sc eV iis ise 663-665 


helical fracture pattern ..664-665 
microcrack structure ....666-680 
effect of torsional strain .666-672 


Tensile fracture stress 


EE ste a deatea bebe 661-666 
effect of torsional pre- 
RS RET Trae 661-666 
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Tensile properties 
ESE Ee 681-699 
effect of prestrain 
aE eT 681-699 


effect of stress recovery .691-699 
effect of nonmartensitic de- 
composition products ..843-845 
of high strength titanium alloys 
effect of heat treatment 
OR: . «ia dacee undead pee 
stainless steel, Type 430 and 
Type 442 ......... 1204-1205 
effect of welding and post- 
.. -- 1204-1205 
titanium-aluminum-chromium 
SN  ecwmiemeewerone 622-634 
effect of composition 622 
effect of heat treatment .622-63- 
titanium-aluminum- 
molybdenum alloys ..602-607 
effect of composition. . .602-607 
effect of cooling rate from beta 
solution temperature .602-607 


weld annealing 


Tensile property traverses 
as a function of distance from 
the quenched end of end- 
quenched slabs of steel 
1338-13544 
corrected to a constant 
tensile strength 


a0 6.O6eh O02 eo 6.2 6S 6 Oe HO 


Pete ym 1338-1339, 1343-135 
yield strength-tensile strength 
SE ..s chides 338-1340 


Tensile strength 
transverse of alloy steels 
effect of composition on. 
See Transverse mechanical 
properties. 


Tensile stress 
effect on critical tempera- 
EE” ph aie-so Glen baa eS 1279-1281 


Tension-impact properties 
static vs. dynamic ....... 42-43 
critical impact velocity. 43-44 


Thermal analysis 
of indium arsenic-antimony 
| ee 390-391 


Thermal diffusivity value . .904-905 
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Thermocouple wires 


insulation required in quench 
DOE 45 Suee ce see ces 1233-1235 
cooling curves ........ 1234 


Time-temperature transformation 
titanium-aluminum-chromium 

DAs «lb beele oars 615-620 
effect of composition on.613-620 
effect of heat treatment .613-619 

titanium-aluminum-molybdenum 


alloys 


ROn_nY 
owe eee 6% 6 0 eves eee 


alloy S 
effect of composition on .595-508 
effect of heat treatment .595-598 
Tin 

etfect on properties of Cu-Ni-Si 


ROY D: \ Kdiie dies kieS sas a seereee 


Titanium 
additions to ferritic stainless steels 
effect on intergranular 
CEE ici én entbae 207-209 


effect on properties of Cu-Ni-Si 


sove? iil. tei eee 

notch tensile properties 1008 
variation with notch 

CT ic actoces’ 1008 


Oxygen content 
ineasurement by isotopic 
method. See under Oxygen. 


stress-rupture data at high 


temperatures ......... 11$)-121 
surface hardening 
alloys tested .......«s; 257 
gas carburizing ........ 267-270 
induction heat treatment 
se ann aie qe hie oak 5.4 270-273 
liquid carburizing ..... 264-267 
DE EE ween ee oducts 257 
pack carburizing with 
GEL, sn ean wcces 264 
pack carburizing with steel 
CUPOONONET cb ki idatee 259-264 
wear (006-...0 «0 «* auseu 258-261 


surface hardening by ammonia 
nitriding 
effect of ammonia flow rate 
OTL cecosevesseeseeees 543-546 
effect of time-temperature 
EL, ca che anc ule’ 546-557 
equipment and procedure 
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Titanium (cont.) 
surface hardening by ammonia 
nitriding 
importance of ......... 540 


mechanism of nitriding .561-563 
comparison with nitrogen 
nitriding 


3 


pn ey ee 562-56: 


- =——- 


microstructures ....... 547-555 
nature of case and core .557-561 
effect of quenching on 559 
electrical resistivity 
measurements . 009-560 
X-ray diffraction study 
557-550 


Titanium alloys 


heat treatment of high strength 
alloys 
age hardening effects on 


properties ......... 576-584 
microstructures ..... 576-580 
alloys tested ..........570-571 
review of alloy develop- 
BOE. | diate dx bee 569-570 
solution treatment effects 
on properties ..... 571-576 
microstructures ..... 574-575 


stability of overaged alloys 
at high temperatures .584-585 


Titanium-aluminum-chromium 


alloys 
age hardening 
effect of 
Charpy 


620-622, 637-638 
620-622 
siete whee 623-63 


623-6 62 


a-)>~ 


chromium 
impact 
effect of composition. . 
effect of forging practice 

wie’ aad CaN ek eg 627-628 


effect of heat treatment .623-63 


GES kk ceeeeince 611-613 
effect of composition ..611-613 
RNG Sci. wandees s 611- 
615, 619-620, 623-625, 630-639 
heat treatment .......... 622-63- 
effect on mechanical 
MRRTCEES © n.6' sk catordion 622-634 
mechanical properties . 622-63 
microstructures ......... 615-619 
tensile properties ........ 622-63 


. 622-634 
effect of heat treatment .622-634 
TTT determinations ..... 613-620 
.613-620 
effect of heat treatment.613-619 


effect of composition 


effect of composition 
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Titanium-aluminum-molybdenum 
alloys 
ame NArGemityy ..... secs GO0-60 4 
effect of composition ..600-602 
cicmes wed 602-607 
effect of composition ..602-607 


Charpy impact 


effect of cooling rate from beta 
solution temperature .602-607 
effect of forging practice 606 
hardenability§ ...........592-595 
effect of composition on.594-595 
procedure .............802-593 


hardness........ GOO, 602. 605-606 


ee Se oe aa ee 593 
mechanical properties ....602-607 
microstructures .........597-599 
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